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Bulk metallic glasses and multi-principal element alloys represent relatively new classes
of multi-component engineering materials designed for satisfying multiple functionalities
simultaneously. Correlating the microstructure with mechanical behavior (at the microstructural
length-scales) in these materials is key to understanding their performance. In this study, the
structure evolution and nano-mechanical behavior of these two classes of materials was
investigated with the objective of fundamental scientific understanding of their properties. The
structure evolution, high temperature nano-mechanical behavior, and creep of two Zr-based
alloys was studied: Zr41.2Ti13.8Cul12.5Ni10.0Be22 (Vitreloyl) and
Zr52.5Ti5Cul7.9Ni14.6All0 (Vitreloy105). Devitrification was found to proceed via the
formation of a metastable icosahedral phase with five-fold symmetry. The deformation
mechanism changes from inhomogeneous or serrated flow to homogenous flow near 0.9Tg,
where Tg is the glass transition temperature. The creep activation energy for Vitreloyl and
Vitreloy105 were 144 kJ/mol and 125 kJ/mol, respectively in the range of room temperature to
0.75Tg. The apparent activation energy increased drastically to 192 kJ/mol for Vitreloyl and 215
kJ/mol for Vitreloy105 in the range of 0.9Tg to Tg, indicating a change in creep mechanism.
Structure evolution in catalytic amorphous alloys, Pt57.5Cul14.7Ni5.3P22.5 and
Pd43Cu27Ni10P20, was studied using 3D atom probe tomography and elemental segregation

between different phases and the interface characteristics were identified.
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CHAPTER 1
INTRODUCTION

Traditional alloy development has been focused to fulfil the requirement of principal
property, termed “first-tier” property. There is a paradigm shift in design of structural materials to
fulfil the increasing demands. This paradigm shift inspired to develop new alloy systems that
simultaneously satisfy multiple “next-tier” properties [1]. MPEAs and BMGs are the examples of
the alloys, which are developed based on such strategy. Both MPEAs and BMGs are disordered
alloys and possess excellent mechanical and physical properties combining superior corrosion
properties. Both the alloys are catalogued under same group of alloys as both formed into a solid
solution, in spite of different crystallographic structure [2]. MPEASs have simple BCC, FCC or
mixed BCC and FCC structure, whereas BMGs have glassy structure. The alloy design of MPEASs
and BMGs follow common factors [3]: (i) number of elements (N)- for MPEAS, equiatomic or
near equiatomic multicomponent alloys with five or more elements (N>5) and for BMGs N>3
except few couple of binary alloys, such as Cu-Zr [4,5] and Ni-Nb [6]. , (ii) difference in atomic
size- MPEAs not limited by definition but cover the Inoue’s second rule for BMGs, and (iii) mixing
enthalpy. Beside these factors, entropy plays important role in MPEAs and BMGs. MPEAs are
characterized by configurational entropy (Sconf). For BMGs, a mismatch entropy (Ss) is used to
describe the difference in atomic size, which is similar to delta parameter () in MPEAs [2].
1.1.  Bulk Metallic Glass
1.1.1. Bulk Metallic Glasses and Their Unique Properties

Bulk metallic glasses (BMGs) are multicomponent metallic alloys with exceptional
stability against crystallization. Some of the newer BMG compositions can be produced in length-

scales on the order of few centimeters with fully amorphous structure (Figure 1.1) [7,8]. BMGs



exhibit an unusual combination of physical, mechanical, magnetic and chemical properties.
Compared to their crystalline counterparts, BMGs demonstrate very high strength (~2GPa) and
hardness (~6GPa). Compared to commonly used structural materials, metallic glasses demonstrate

significantly higher strength and close to theoretical elasticity (Figure 1.2).[7]

Figure 1.1: Bulk metallic glass forming palladium alloy with diameter ranging over 3 mm to 6mm.
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Figure 1.2: Strength vs elastic limit for BMGs compared to other structural materials [7].



One of the unique characteristic of metallic glasses is their ability to be processed into
complicated shapes through thermo-plastic forming with applications ranging from fuel cells to
micro-electro-mechanical systems (MEMS). When heated above their glass transition temperature
(Tg) in the supercooled liquid region, these glassy alloys can be easily processed to form near-net
shape structures over multiple length-scales. Figure 1.3 shows the decrease in strength and
viscosity with increase in temperature for BMGs. Above the glass transition temperature, the
metallic glass softens into a viscous liquid and can be processed like a plastic. Casting defects will

be low due to low processing temperature.
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Figure 1.3: Strength versus temperature plot for steel, metallic glass and plastic. Above glass
transition temperature (Tq), BMG softens to a viscous liquid and can be processed like plastic [9].

Due to this unique processing ability, BMGs are promising for a wide range of applications (Figure
1.4). High strength and toughness led to the first use of Zr-based metallic glasses in heads of golf

clubs and few other sporting goods.



Figure 1.4: Macro- to nano-scale BMG fabricated by thermos-plastic forming [10].

Pd-based metallic glasses are used as a die material and electrode material. Some example of parts

made of BMGs are shown in Figure 1.5.

Figure 1.5: Application for BMGs: (a) Glof club head and (b) Omega watch components.

High hardness, superior wear, and scratch resistance of metallic glasses make them attractive for
common gadgets such as cell phone cases or laptop cases. Metallic glasses could potentially
replace brittle silicon dies for nano-imprint lithography as metallic glass nano-molds are easy to
fabricate and are very durable. Better electronic, thermal and mechanical properties of BMGs
compared to polymers make them good candidates to develop nano-composites for electronic

application, such as electron field emission devices. High corrosion and wear resistance of BMGs



also make them promising for biomedical applications including hip/knee implants and surgical
tools.
1.1.2. History of Bulk Metallic Glasses

In 1960, Duwez et al [11] first reported on vitrification of AuzsSizs binary alloy at a cooling
rate of 10° K/s. In 1970, Chen et al [12] reported on a millimeter diameter amorphous rod of Pd-
Cu-Si alloy using suction casting at a cooling rate of 10° K/s. In the 1980s, Turnbull reported the
development of Pd-based metallic glass, PdsoNizoP20, with a diameter of 5Smm [13,14]. Following
these developments, BMGs with different compositions (LassAl2sNizo; Mg-Ni-Y; Mg-Cu-Y) with
critical casting thickness more than 5 mm have been made. Inoue’s group contrived a family of
Zr-Al-Ni-Cu alloys having high thermal stability and good glass forming ability. Production of

these alloys initiated research interest in BMGs for engineering applications.
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Figure 1.6: Critical casting thickness of different metallic glass alloy systems and the
corresponding year they were reported [17]

Building upon Inoue’s work, Johnson and his group developed Zr-Ti-Cu-Ni-Be alloy system with

an unprecedented glass forming ability [15, 16]. One of the alloys from this Zirconium-based alloy



system with the nominal composition of Zrs12Ti13.8Cu125Ni0Bez2s (Vitreloyl) was found to have
a critical cooling rate as low as 1 K/s. Since this alloy has very low critical cooling rate, it can be
synthesized into fully amorphous rod of 5-10 cm using conventional casting methods. Critical
casting thickness versus the year of discovery of BMG is given in Figure 1.6.
1.1.3. Glass Formation

The fundamental difference between metallic glasses and crystalline metallic alloys is the
atomic arrangement. Crystalline metals and alloys possess a periodic arrangement of atoms,
whereas in metallic glasses the atomic arrangement is disordered, almost like liquids and does not
show any long-range ordering. Figure 1.7 shows a periodic arrangement in crystalline material and
disordered structure in an amorphous metal. Crystalline structure is thermodynamically stable

configuration for metals, while amorphous structure is metastable.
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Figure 1.7: Schematic showing the periodic structure for a crystalline metal and disordered
structure for glass.

Below its melting point, metallic alloy transforms to crystalline structure. However, the
transformation does not happen instantly at melting temperature. It occurs by nucleation and

growth processes. An appropriate driving force is required to overcome the activation barrier for



nucleation to occur as there is competition between volume and interfacial free energies. This
driving force is provided by undercooling the melt (cooling the melt below its melting temperature
(Tm)). Nucleation process involves formation of nuclei/embryos in the liquid melt. These embryos
come together and form a cluster. Gradually these clusters grow and develop into a crystalline
structure. The nucleation and growth processes require diffusion of atoms which depends on time
and temperature. Thus, the crystallization process depends on time and temperature. The time-
temperature relationship for crystal formation can be represented by a typical C-curve or TTT
diagram (time-temperature-transformation diagram, Figure 1.8). The smallest time required for the

crystal formation is represented by point “c” or nose of the TTT diagram (Figure 1.8).
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Figure 1.8: Schematic TTT Diagram. Liquid metal forms glassy structure when cooled with
cooling rates higher than curve (1). Below Tq the liquid atoms fall out of equilibrium and are
frozen in a random disordered phase known as ““glass.”

Bypassing the nucleation and growth processes results in an amorphous structure. It is possible to
avoid the nucleation and growth processes by using very high cooling rates. The cooling rate
represented by curve 1 in Figure 1.8 gives the minimum critical cooling rate required for

nucleation. Cooling the alloy at any higher cooling rate can suppress the nucleation process (e.g.



curve 2 in Figure 1.8). However, the requirement of such high cooling rates restricts the sample
geometry [8]. The Turnbull group found similarities between metallic glass and nonmetallic glass
and predicted the presence of Tg4 for metallic glass as well [12-14]. They proposed that the ratio of
Tgand Tm (Trg = Tg/Tm) could be used as a criterion for determining the glass forming ability of an
alloy [15]. A liquid with Trg = 2/3 becomes stable and is relatively easy to transform to a glass.
This limiting condition for suppression of crystallization is used as rule of thumb in prediction of
glass forming ability (GFA) of liquids [12,18-21]. The alloying elements also play an important
role in GFA.
1.1.4. Deuvitrification Behavior

Since metallic glasses are metastable materials, they typically transform into corresponding
equilibrium crystalline phases when exposed to high temperature for sufficient time. The
temperature at which the glassy phase starts to transform to crystalline phase is referred as the
crystallization temperature (Tx). Unlike melting point, Ty is not a thermodynamic parameter for a
material as it depends on the heating rate. The crystallization temperature for a material increases
for higher heating rates. Normally, Tg and Ty are measured using differential scanning calorimetry
(DSC) technique. Crystallization of BMGs occurs by the nucleation and growth process. The
driving force for the crystallization is the difference in free energy of the glassy phase and the
corresponding crystalline phase. Devitrification can result in significant changes in microstructure
and properties of metallic glasses [8].
1.1.5. Mechanical Behavior

Mechanical properties of amorphous metallic alloys have attracted fundamental scientific
interest due to their unique features relative to other engineering materials. For instance, bulk

metallic glasses show very high room temperature strength and exhibit similar elastic modulus



relative to other metallic alloys. We here put focus on overview of mechanical properties and more
specific on fundamentals of deformation mechanisms.

In the amorphous metallic alloys, the bonding nature is metallic and hence accommodate
strain at the atomic level. But, these alloys do not exhibit long range translation like crystalline
materials. Deformation behavior in metallic glasses is not fully clear, however it is generally
believed that deformation occur through local rearrangement of atoms which accommodate shear
strain. Figure 1.9 shows one of such type of local rearrangement proposed by Argon and Kuo
[22,23], which is based on atomic-analog bubble-raft model. Another model based on local atomic

jump proposed by Spaepen [24].
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Figure 1.9: Two-dimensional schematic of atomistic deformation mechanism proposed on shear
transformation zone, Argon model [23].

The event in the Figure 1.9 is commonly referred as shear transformation zone (STZ). STZ
is local clusters of atoms and not structural defects like dislocations in a crystal defect. It is mainly
defined as an event in a local volume and not a feature of the glass structure. Argon [23] developed
first quantitative model of STZ and calculated the free energy as function of elastic constants
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There is another commonly accepted deformation mechanism, which is based on the
classical free-volume model proposed by Turnbull and co-workers [25,26]. Spaepen [24] proposed
local atomic jump based on the free-volume concept (shown in Figure 1.10). It depicts the discrete
atomic jumps near the zones of high free-volume. Further, deformation of bulk metallic glasses is
regarded as competition among the different mechanisms, and it depends on the strain, temperature

and microstructure.

Figure 1.10: Two-dimensional schematic of atomistic deformation mechanism proposed on a local
atomic jump, Spaepen [24].

1.1.5.1.  Elastic Deformation

Amorphous alloys are speculated as elastically isotropic in nature and mainly having two
independent elastic constants: Young’s modulus (E) and Poisson’s ratio (v). However, bulk
modulus (B) and shear modulus (p) are more useful from fundamental point of view. Typically,
bulk modulus of amorphous alloys is approximately 6 % smaller than crystalline alloys. However,
comparison between crystalline and metallic glass is complicated due to complex microstructure
of the crystallized metallic glass. Bulk modulus for crystalline materials increases with increase in
curvature of interatomic potential and decreases with increase in equilibrium distance between
atoms [27]. p and E for amorphous alloys are approximately 30% lesser than corresponding

crystals [28-32]. Weaire and co-workers [33] proposed that change in modulus depends on
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rearrangements of atoms up on application of shear stresses. Simulations also confirm that internal
rearrangements decrease the shear modulus by about 30% [33].
1.1.5.2.  Plastic Deformation

The plastic deformation is accumulation of load strain generated by STZs and free volume
redistribution. It can be homogenous or inhomogenous depending upon the temperature and strain
rate.
1.15.2.1. Homogenous Plastic Flow

The homogenous plastic flow in metallic glasses occur at elevated temperature, near to the
supercooled liquid regime. It can be assumed like viscous flow of supercooled fluid. It is classified
in two types of flow, steady-state flow and non-steady-state flow.
1.15.2.2. Steady-State Flow

Homogenous flow under steady-state condition results from a balance between structural
disordering and ordering or creation and annihilation of free volume. The activation of diffusive

jump or STZ operation follows the rate law expression:

Q—TV)

T (2)

S = vpexp (—
where, s is the rate for occurrence of event under applied shear stress t, Q is the characteristics

activation energy, v, is the attempt frequency, k is the Boltzmann constant and T'is the absolute

temperature. The steady state uniaxial strain rate can be expressed as [25,34,35]

€ = ayuyoexp (— kQ_T) sinh (\/%ZT) 3)

where, a; is a modified constant.
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Lu et al. [36] studied the steady-state homogenous flow for Zrs12Ti138Cu125NioBe2zs
metallic glass at elevated temperature. Figure 1.11 shows the data for Zrs12Ti13.8Cu125NioBezz s

alloy at eight different temperatures, two of stresses and more than five decades of strain rate.
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Figure 1.11: Steady-state homogenous flow data for Zra12Ti138Cui25NiioBez2s metallic glass at
high temperatures [36].

In metallic glass, study of stress and strain rate-sensitivity in steady state flow is a topic of
long-term interest. The strain rate can be expressed in power law
y = At" (4)
where A is a temperature-dependent constant and n is the stress sensitivity.

Kawamura et al. [37] tested the PdsoNisoP20 metallic glass at different temperatures and
strain rates. Figure 1.12 shows the 1260 % homogenous elongation at 620 K and ¢ = 10~ s~
Further Nieh and Co-workers [38,39] reported the transition from Newtonian to non-Newtonian
flow of Zrs»sAl10TisCui7.9Niae metallic glass at high strain rates. Through the TEM examination,
they related the non-Newtonian flow to precipitation of nano-crystals. Nano-crystals during

homogenous steady-state flow has also linked to strain hardening [40,41].
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Figure 1.12: PdoNisoP20 metallic glass wires before and after deformation at T= 620 K and & =
101571 [36].

1.15.2.3. Non-Steady-State Flow

Homogenous flow under transient structural condition defined as non-steady-state flow. In
non-steady-state flow, there is always net loss or gain of free volume during deformation. It
observed upon strain initiation from relaxed condition as shown in Figure 1.13 (a). Spaepen [24]
predicted that overshoot occur due to non-steady evolution of free volume. The stress undershoot

can be observed (Figure 1.13 (b)) during rapid strain-rate change testing.
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Figure 1.13: (a) Stress overshoot and (b) stress undershoot during strain rate change testing [24].

1.15.2.4. Inhomogeneous Flow
At very high stresses and lower temperatures, metallic glasses deform inhomogenously via
localization processes. It can be confirmed by the existence of cracking and shear banding during

the deformation in metallic glass at high stress and low temperature.
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1.1.5.3.  Localization Processes

Shear localization is usually occurred as an outcome of strain softening phenomena. The
main reasons for strain softening and localization are local production of free volume, local
structural evolution, redistribution of internal stresses and local heat generation. Among these,
local change in free volume and structural evolution are the dominant factors. Argon [23] proposed
a one-dimensional model for the localization deformation flow, which occurred due to strain
softening from accumulation of free volume (Figure 1.14 (a)). The shear band formation during
inhomogenous deformation is mainly because of local perturbation in strain rate. Steif et al. [42]

also developed one-dimensional model considering free volume concept (Figure 1.14 (b)).
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Figure 1.14: The process of strain localization and calculation from the work of (a) Argon [23]
(b) Steif et al. [42].

Both the models follow same approach for inhomogenous flow: initially, elastic strain
accommodate on application of stress until the stress level reaches a point where the local
perturbation region generated and then strain accommaodate in the local perturbed region which
resulted in strain softening in the alloy. But, both models do not include the accommodation of
decrease in deformation driving force and applied strain. Anand et al. [43] developed a finite-
element model that capture multiaxial loading conditions and accommaodate the applied strain. For
the constrained loading, deformation flow is occurred through a series of shear banding events

[44,45]. Therefore, shear localization is a critical and important area of research in metallic glass.
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Another important discussion in field of the shear localization is thermal effect on it. Leamy and
co-workers [46] proposed shear banding event as an adiabatic phenomenon. But this proposed
theory was criticized by others [47,48].
1.1.5.4. Deformation Map

Spaepen was constructed a deformation map for metallic glass based on free-volume
deformation concept [39]. Later it has been revisited by many authors [36,49,50]. Schuh et al. [47]
reconstructed the deformation map incorporating recent observations in the field. Figure 1.15 (a)
shows the stress-temperature deformation map. Figure 1.15 (b) depicts the strain rate-temperature
deformation map [50]. The most important part of the map is transition line between homogenous
steady-state flow to inhomogenous deformation, represented by thick solid line in the maps. This
line is a boundary between two regimes, high temperature and low stress or strain rate regimes to
low temperature and higher stress or strain rates. The homogenous regimes consist sub-regimes
named elastic, Newtonian and non-Newtonian. In inhomogenous regimes at lower temperature,
the glass strength is rate independent. The deformation map of metallic glasses provide the
information of deformation behavior as a function of temperature, stress and strain rate and

assumed unconstrained modes of loading.

b 0.026p 0.024p 0.022 0.020p 0018
a o' L (910MPa) |8m}w’m (770 Thn WU? MPu) (630 MPa)
o Adiabatic
~\ - - «- ~ ) h]ll..'ill"-h ~x
Applied pressure: v L { localization )
0.01p (0.4 GPa) ) w0k L | E H H 0.003u {100 MPa)y
\ . 2 } Litleor no flow serration 1 )
2 g B E ’ ; . 4310 aompy
4 O (0 GPa) g ~ o 1 ' P R
2 [ w 10 T Moderute flow sermation 1 351070 (1 MPa)
W 3 " = . 5 .
- 107 2 z : : ! 310" Paj
z & - 3x107p (0.1 MPa)
2 5 i - nho cous deformation
= 8 a2
3 =] 2 w0 ! ion)
£ A r .
& e 1 1 : 1
z (] - " - -
ol 5 ' Strong flow semration
0l £ , |Applied pressure: |} ' -
07F op 0 GPay— i : oy
|0.005 (02 GPay—— | ' 27 B o
0011 (04 GPa)—— : J ) Newionian
10 I 1 1 1ot e Lt L i il
04 05 06 O 04 05 06 07 08 09 1 11 12

TIT,

Figure 1.15: Deformation map of metallic glass: (a) stress-temperature and (b) strain rate-
temperature [45,47,50].
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1.2.  Multi-Principal Element Alloys (MPEAS)

Conventional alloy design is based on a principal element and alloying addition to achieve
a certain property. For example, steel is based on the principal element Fe while Ni-based super
alloys are based on Ni. A new alloy design approach has recently emerged involving multiple
principal elements instead of one dominant element [51]. Figure 1.16 shows the schematic of
alloying approach in conventional and multi-principal element alloys (MPEAS) [52]. Several of
these MPEAs form single phase solid solution which is attributed to high configurational entropy
that suppresses the formation of intermetallic compounds. Numerous research has been done on
these alloys in the recent decade. MPEAS possess exceptional properties compared to conventional
alloys including superior strength and hardness, better wear and corrosion resistance, exceptional

high temperature strength and stability.
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Figure 1.16: Schematic illustration of conventional alloying approach and MPEA alloying
approach [52].

The single-phase MPEAs are often referred to as high entropy alloys (HEAS) as the higher
configurational entropy is the major driving force for solid-solution formation [53]. These alloys
typically consist of five or more elements with concentration between 5-35 at % [53,54]. In later

years, it was found that solid-solution formation does not need to strictly follow these rules. Alloys
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with AS.,,.r < R are typically referred to as low entropy alloys, R < AS;,,s < 1.5R as medium
entropy alloys and AS,,,s > 1.5R as high entropy alloys. This entropy based definition also lead
to some questions. The AS,,, calculated from Boltzman equation requires complete random
arrangement of atoms in their lattice position which rarely occurs in metallic alloys. Recent

research works also found AS,,,,» may not be solely responsible for solid solution, in fact enthalpy

of formation AH also plays an important role in the formation of solid-solution.
1.2.1. Core Effects

MPEAs have most of the elements in equimolar or near equimolar proportions which leads
to important effects in comparison to conventional alloys. These effects are termed as *“core
effects” as briefly described below.
1.2.1.1.  High Entropy Effect

The presence of multi-principal elements in a disordered way increases the configurational
entropy of MPEAs and therefore lowers the free energy of solid solution phases and suppress the
intermetallic phases, especially at higher temperatures. The overall degree of order in MPEAS
decreases with increasing temperature. Therefore, some ordered phases in MPEAs, which form
during casting, can transform to random solid solution at elevated temperature. There is the
possibility of the presence of intermetallic compounds only if enthalpy formation is large enough
to suppress the entropy effect at high temperature. Various studies report the existence of high
entropy effect [55-61]. Figure 1.17 depicts XRD patterns of binary to seven component alloys,

which demonstrates the entropy effect [62].
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Figure 1.17: XRD patterns of binary to septenary alloys [62].

However, the presence of intermetallic compounds in MPEAs have been reported by
various researchers [53,63] and these intermediate phases also lead to good properties in MPEAs.
1.2.1.2.  Sluggish Diffusion Effect

It has been hypothesized by several group that the kinetics for diffusion and phase
transformation in MPEAs are slower in comparison to corresponding conventional alloys [64].
Two aspects are important to understand this effect. The first one, in multi-principal elements
alloys, neighboring atoms of each lattice site are different unlike conventional alloys. Therefore,
neighboring atoms before and after the jump into vacancy are different and it generates different
atomic configurations, which results in different local-energy sites. This process hinders the
diffusion process. Figure 1.18 shows diffusion of Ni atom in pure metal, Fe-Cr-Ni and

CoCrFeMng:sNi alloy. In CoCrFeMnosNi alloy, the diffusion of Ni atom is slowest [65].
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Figure 1.18: Schematic of potential energy change for migration in Ni atom in pure metal, Fe-Cr-
Ni and CoCrFeMnosNi alloy [65].

Secondly, unlike conventional alloys, diffusion rate of each element in MPEA is different.
The jumping rate of atoms to vacancies are different and thus rate determining step for phase
transformation is diffusion of slowest-moving elements. The sluggish diffusion in multi-principal
elements alloys allow supersaturated state and nano-precipitates, which lead to better performance
of MPEA:s.

But these hypothesis is mostly based on secondary observation. Formation of nano-
crystalline structure and their retention of nano-crystalline structure on few system, were
interpreted to indicate slow diffusion rate [1,66,67]. To support the slow diffusion rate the data
available for only one alloy system. Few researcher indicated, the closer observation of the results
on this respects might not have significantly different diffusion rate if they are normalized with
melting temperature and questioned this hypothesis [1]. Again these hypothesis is based on very
few limited study and addition work is required to test this assumption

1.2.1.3. Lattice Distortion Effect

MPEA:s lattice consists of various elements with different size. The larger size atoms push
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neighboring sites and smaller size atoms will have more space near the vicinity. These size
differences give rise to lattice distortion. Figure 1.19 illustrates the schematic of single element
FCC structure and distorted lattice structure of MPEAs [68][52]. The associated strain energy of
MPEAs increase due to lattice distortion and this hinders the dislocation movement and contribute
to solid solution strengthening. Lattice distortion also increases the scattering of propagating

electrons and phonons, which lowers the electrical and thermal conductivity [69].

Sinale element - MPEA -

Figure 1.19: Schematic illustration of FCC structure of single element (left) and distorted FCC
structure of MPEA (right) [68].

1.2.1.4. Cocktail Effect

The properties of MPEAs are related to their constituent elements but it is not merely the
average value. The interaction among component elements needs to be accounted for in
determining the properties of MPEASs. For instance, addition of soft and low-melting point Al
increases the hardness of the MPEAs. Figure 1.20 depicts the hardness of AlxCoCrCuFeNi alloy
as a function of Al content [62]. It reveals that increasing the Al content in the alloy increases the
hardness. This occur due to two reasons: (i) formation of hard BCC phase and (ii) cohesive bonding

between Al and other elements.
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Figure 1.20: Hardness of AlxCoCrCuFeNi alloy as a function of Al content [62].
1.2.2. Enthalpy of Formation

It has been shown by many researchers that not only AS,,,, » but AH also plays an important
role in formation of solid solution. Following conditions need to be fulfilled simultaneously for
formation of single phase solid solution:
—22 < AHp; <7 kJmol,§ < 8.5 and 11 < AS,,;, < 19.5 J(Kmol) (5)
where AH,,;, is enthalpy of mixing, AS,,,;, is entropy of mixing and & is atomic size differences.
AH,,;, needs to be optimum as +AH,,;, will lead to phase separation and —AH,,,;,, will help in
formation of intermetallic compounds. 6 need to be small enough so that strain energy is small to
stabilize the solid solution phase. AS,,,;,, needs to be large to stabilize the single phase.
1.3.  Thesis Overview

Bulk metallic glasses and multi-principal element alloys (consisting of multiple principal
elements) represent relatively new classes of multi-component engineering materials designed for
satisfying multiple functionalities simultaneously. Correlating the microstructure with mechanical
behavior (at the microstructural length-scales) in these materials is key to understanding their

performance. In this study, the structure evolution and nano-mechanical behavior of these two
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classes of materials was investigated with the objective of fundamental scientific understanding of
their properties.

This dissertation is divided into eight chapters. Chapter 1 presents the introduction of bulk
metallic glasses and multi-principal element alloys. The criteria for formation of these materials
was discussed along with the thermodynamics and kinetic factors affecting their stability.

Chapter 2 provides experimental details of different characterization techniques including
XRD, DSC, SEM, EBSD, TEM, 3DAP, nano-indentation and pico-indentation.

The structure evolution and high temperature nano-mechanical behavior during
devitrification of Zra12Ti138Cu125Ni10.0Be22 (Vitreloyl) are discussed in chapter 3. Devitrification
was found to proceed via primary nucleation of a metastable icosahedral phase followed by
eutectic mode of crystallization in the remaining supercooled liquid. The i-phase showed a slight
increase in hardness as compared to the glass. After devitrification, the hardness increased
significantly due to nano-sized grains and intermetallic compound formation.

In chapter 4, the structure evolution in two catalytic amorphous alloys, Pts75Cu14.7Nis 3P225
and Pd43Cuz7NiwoP20, are discussed. The distribution of atoms was obtained for the as-cast
amorphous (metastable) state and the corresponding (thermodynamically stable) devitrified state.
Owing to its atomic-scale resolution, 3DAP technique was used to identify nanometer-scale
composition fluctuations and the interface between the different phases upon devitrification of the
metallic glasses.

Chapter 5 is related to the high temperature nano-mechanical creep activation energy of
two Zr based bulk metallic glasses Zrsi2Ti1zgCui2sNi0oBe2 (Vitreloyl) and

Zrs25TisCui7.9Ni1a6AI0 (Vitreloyl105). In the low temperature range, activation energy for creep
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was found to be dictated by cooperative migration of atomic clusters while self-diffusion of atoms
dominated the creep deformation at high temperatures.

Chapter 6 focuses on strain gradient plasticity of two equiatomic multi-principal element
alloys namely CoCrNi and CoCrFeMnNi.

Chapter 7 discusses dislocation nucleation in multi-principal alloys namely CoCrNi,
CoCrFeMnNi, and Alp.1CoCrFeNi and Ni.

Chapter 8 deals with the strain rate sensitivity of nanocrystalline Alo.1CoCrFeNi alloy,
which was determined by in situ compression of nano-pillars in a Pico-indenter.
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CHAPTER 2
EXPERIMENTAL TECHNIQUES

For the structure evolution of BMGs and MPEAs, X-ray diffraction (XRD) was used in
combination with advanced microscopy including Scanning Electron Microscopy (SEM),
Transmission Electron Microscopy (TEM), and 3D Atom Probe Microscopy (3DAP). Nano-
mechanical behavior was evaluated using Hysitron Nano-indenter with XSol600 heating stage for
high temperature testing and creep. The working principles of the used experimental techniques
are briefly described in the following sections.

2.1. X-Ray Diffraction (XRD)

X-Ray diffraction were performed in Rigaku Ultima Il diffractometer with Cu-K, of
1.5418 A wavelength. XRD studies were performed for phase identification and determination of
lattice parameter for alloys. An operating voltage of 40 kV and operating current of 44 mA was
maintained during XRD experiment. The data acquisition during the experiment was done in a 20
range of 20°-90° with a step size of 0.01°. Crystal structure and crystal lattice were determined
using Bragg’s law: 2dsinf = nA, d is the inter planar spacing, n is the order of reflection in
integer, A is the wavelength, and 8 is the incident angle. The principle of XRD and Bragg’s law is

shown in Figure 2.1.

Incident
beam

Refl ected

dsinfl

Figure 2.1: Bragg’s law and principle of x-ray diffraction.
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2.2.  Differential Scanning Calorimetry (DSC)

Differential scanning calorimetry is technique to measure heat capacities. Measurement of
enthalpy changes for phase transition can easily be calculated. All the transition temperatures (by
glass transition temperature (Tq) and crystallization temperature (Tx) were determined using DSC,

Netzch. Figure 2.2 shows the inside view of DSC system.
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Figure 2.2: Inside view of differential scanning calorimeter.

2.3.  Scanning Electron Microscopy (SEM)
Quanta 200 environmental scanning electron microscope (ESEM) was used for SEM
micrographs. It has a tungsten filament based electron column and equipped with Everhardt

Thornely secondary electron detectors (ETD), charged couple detectors (CCD), detachable solid
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state scatter electron detectors (BSED) and SiLi energy dispersive spectrometer detectors (EDS)
for the surface analysis. The size scale was measured using BSED. The EDS is used for the
compositional analysis of the alloys.
2.4.  Electron Backscatter Diffraction (EBSD)

The grain orientation studies were carried out using EBSD detector in FEI Nova Nano
SEM 230 ™. The sample is placed on 700 tilted holder and then inserted inside the chamber with
care. Figure 2.3 shows the schematic of the EBSD set up. The data acquisition was carried out
using OIM data collection software. Further, analysis of data was carried out using TSL OIM Data

Analysis 5.3 software.

Figure 2.3: Schematic of EBSD set up.

2.5.  Focused lon Beam (FIB)

FEI Nova 200 NanoLab focused ion beam microscope was used for transmission electron
microscopy (TEM) and atom probe tomography (APT) sample preparation. The FIB system is
equipped with an Omniprobe Autoprobe TM nano manipulator and gas injection system to deposit
platinum. It consists a field emission electron gun (FEG) column and a gallium (Ga) ion beam

source. Figure 2.4 shows the schematic of FIB system and principle of FIB. The electron beam
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column is perpendicular to the sample and Ga ion beam is kept at 52° angle to the normal of the

sample surface.
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Figure 2.4: Schematic of FIB system and principles of FIB including: (a) Imaging, (b) Milling,
and (c) Deposition

2.6.  Transmission Electron Microscopy (TEM)

Transmission electron microscopy was carried out on two different TEMS, 200 KV FEI
Tecnai G2 F20 S-Twin (S) TEM and FEI Titan ™ 80-300. Tecnai has 200 KV and energy spread
of 0.7 eV and resolution of 0.24 nm. It has a Super-Twin objective lens with 1.2 mm chromatic
(Cc) and aberration (Cs) coefficient, which allows for 80° tilt and point to point resolution of 0.16

nm. For scanning transmission electron microscopy (STEM) imaging, high angle annular dark
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field (HAADF) detector is attached. TEM samples were prepared via either conventional route or
FIB technique. The conventional TEM samples have 3 mm thin disc. The 3 mm disc is punched
out of mechanically polished sample. The thickness of punched disc was further thinned down
using Gatan Dimple Grider ™. The thinned disc is subsequently subjected to ion milling in Gatan
precision ion polisher (PIPS) using 4.5 KV ion guns tilted at angle of 2.5° followed by final milling.
2.7. 3D Atom Probe (3DAP)

An Imago scientific local electrode atom probe (LEAP 3000 X HR) 3D atom probe (3DAP)
was used for the present work. It has added facility of laser-pulsed evaporation technique. Figure
2.5 shows the schematic diagram of a three dimensional atom probe. The sample for the APT
experiments was prepared in the FIB system. A needle shaped specimen with tip radius 20-100
nm was prepared and then laser or pulse voltage was applied to initiate filed evaporation from the

tip surface. The time of flight and position data were used to re-create the distribution of atoms on

the needle.
Needle-shaped specimen Position—sensitive
Tip radius 20-100nm local-electrode detector
Cooled to 20-100K g
E-field
~10-50V/nm g

Field
evaporated
ion

HV dc s
(2-20kV) \/’
HV pulse\/ |aser or voltage pulsing to Time-of-flight
initiate field evaporation and position
from the tip surface data

Figure 2.5: Schematic diagram of a three-dimensional atom probe.

2.8. Nano-Indentation

The depth sensing nano-indentation technique has been extensively used in recent years to
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determine the hardness of material in bulk and thin film form. It has been also used to determine
the hardness of individual phase in a multiphase material as the indentation size is very small and
can be fit within the phase boundary. Ability to measure on deeply scaled dimensions permits
identification of individual phase-wise properties. This technique has been used to measure the
hardness and modulus of a metallic glass composite. Figure 2.6 (a) shows a series of indentations
performed on the sample. Figure 2.6 (b) shows an isolated indentation on amorphous matrix,
Figure 2.6 (c) on the crystalline dendrite and Figure 2.6 (d) on the interphase boundary of the two
phases. The corresponding modulus and hardness obtained from the series of indentations shown
in Figure 2.6 (a) is shown in Figure 2.6 (e) and Figure 2.6 (f) respectively. This capability permits

the usage of this technique for multiple phases [1].

-
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Figure 2.6: (a) shows a series of indentations performed on the sample, (b) shows an isolated
indentation on amorphous matrix, (c) on the crystalline dendrite and, (d) on the interphase
boundary of the two phases. The corresponding modulus and hardness obtained from the series of
indentations shown in (a) is shown in (e) and (f) respectively [1].
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Nano-indentation is like conventional indentation techniques likes Brinell, Knoop, Vickers
and Rockwell, where indentation was made on concerned material with indenter made of very
strong material and known geometry. The hardness is defined as mean contact pressure and
determined by dividing the maximum applied load by the projected area of the indentation. The
penetration depth of the indenter much higher in the conventional hardness measurement technique
in the range of micrometer whereas the penetration depth is much smaller in nano-indentation
technique in the rage of nanometer. So, the residual impression made by the nano-indenter is in
the nanometer and almost impossible to determine the projected area by visual inspection using an
optical microscope which is usual technique in the conventional hardness measurement technique.
In this technique, the depth of penetration of the indenter is measured and then using the relation
between contact depth and contact area the projected area is evaluated and following the hardness
is determined. In general, this technique called depth sensing indentation or instrumented
indentation.

2.8.1. Load-Displacement Curve

The nano-indentation technique involves applying load with a steady increasing load from
zero to given maximum load. The instrument records the depth of penetration with applied load
up to the maximum applied load (loading curve). Further, the load is steadily removed while
recording the penetration depth (unloading curve). Figure 2.7 shows a typical load-displacement
curve obtained from nano-indentation technique performed on fused quartz sample. When the load
is removed from the sample the material tends to regain its original shape but get prevented due to
the plastic deformation in the material. The material show some amount of recovery due to the
presence of elastic strain. In Figure 2.7 the he indicates the elastic recovery and hy is the permanent

deformation occurred during the indentation and ht is the total displacement. Elastic modulus of
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the material can be determined via analyzing the unloading part. The modulus determined from
this technique also contains a component of the tip material. Therefore, it is termed as reduce

modulus.

unloading curve

Load, P

loading curve

Displacement, h

Figure 2.7: Schematic of load displacement curve.

2.8.2. Hardness and Modulus Measurement

Hardness (H) of the material can be determined using the following relation:

Pmax
1
; (D)

H =
where B,,,, = maximum applied load and A = contact area.

As discussed earlier it is not possible to determine the contact area using the convention
technique and it is measure of the depth of penetration during the indentation. The nano-
indentation use known geometry of indenter tip. Using the geometrical relation of the measured

depth and known geometry the contact area is calculated. Below the geometry of berkovich tip

(Figure 2.8) and its relation with the indentation depth has been discussed.
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Figure 2.8: Projected area of Berkovich tip.
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For original berkovich indenter,

Contact angle = 65.033°

Aproj = 24.29h2 (12)

Agurs = 26.40h? (13)
The reduce modulus (Er) is expressed as a function of contact area and slope of the

unloading curve using the following relation:

dp 2
§=—= ﬁEr\/Z (14)

where A is the contact area and dp/dh is slope of the unloading curve. And E; has the following

relation with the tip elastic constant and the sample elastic constant:

= +—— (15)

2.8.3. Nano-Indentation Setup

Hysitron nano-indenter with built-in XSol600 heating stage was used for room temperature
and elevated temperature tests. The instrument has high resolution in load and displacement which
enables the capability do the indent even with few micro newton loads. The indentation can be
performed in both load and displacement control mode. Figure 2.9 shows image of the inside set
up of the instrument. It has X, y and z axis motor. The stage is placed at the x-y axis motor which
moves the sample in the x and y plane. And the tip can be moved in z axis. Tip is usually mounted
on a transducer and then the transducer mounted on the pizo-scanner. The pizo-scanner and the

optics is attached together on the z axis motor. The tip and the optic both move together in the z
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axis. The optic is used to identify the sample and do the indentation on required area in the sample.
Special care needs to be taken during the test to avoid damaging the tip. The pizo-scanner can also

move in X-y plane without moving the stage up to small distance within 100 pm.

Figure 2.9: Set up of Hysitron nano-indenter and high temperature stage.

The platform or stage and the tip is different for high and room temperature indentation.
The basic operation technique and the analysis is same for room and elevated temperature test as
the tip geometry is same in both case. In this study diamond bekovich tip is used for all the tests.
2.8.4. Room Temperature Test Set Up

The room temperature diamond tip is attached on a small polymer holder. The length of
the holder is 3-4 mm and diameter less than 1 mm. The geometry of bercovich tip is discussed in
the earlier section. The stage used for room temperature test is a stainless steel incorporated with
equally spaced magnet inside it. The magnets are not visible from outside. The platform is mounted
on the x-y motor during the indentation. Six samples can be mounted together in the stage. A fine
polished sample is first attached to magnetic steel stub using super glue. The steel stub is then
placed near the magnetic place of the stage. The bond between the platform and the sample need

to be very strong to perform the indent and measurement of hardness and modulus. Special care

38



needs to be taken during time of attaching the sample on the steel stub as trapped air between the
sample and stub can lead to inaccurate result or hindered the indentation.
2.8.5. High Temperature Set Up

The tip used for high temperature test is a diamond berkovich tip attached to a long glass
holder instead of a small polymer holder to withstand the elevated temperature. The length of the
tip is around 20 mm and diameter less than 1 mm. The purpose of using long shaft to avoid the
transducer coming very close to high temperature and the tip can go through the small hole of the
stage.

The elevated temperature test was performed using a special platform which can heat the
sample while doing the indentation. Maximum temperature of 600C can be achieved. Figure 2.10
shows schematic of the high temperature indentation setup. The platform consists of two-part top
and bottom stage. Both parts are incorporated with heating element, thermocouple, and gas purging
channel. The bottom heating element work as heater as well as the platform for indentation. The
sample was placed on the bottom heating element. Further, the top plate was placed and
mechanically clamped with the bottom plate to secure the proper placement of sample. Continuous
flow of Ar gas was maintained during elevated temperature test to protect the sample from
oxidation. The top stage is incorporated with 2.5 mm diameter hole at the center to bring tip in
contact with the sample.

During indentation at elevated temperature Ar gas cause arcing in the transducer sometime,
which hindered normal indentation on the sample. To avoid the arcing a positive pressure was
created around the transducer by purging air. The transducer is covered with air tight shield.
Constant flow of air is maintained in the air shield which creates positive pressure around the

transducer.
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Figure 2.10: (a) Nanoindenter with high temperature stage, (b) expended view of the dashed white
box.

2.8.6. Calibration
2.8.6.1.  System Calibration

System calibration is performed to calibrate the transducer constant and check the noise
level of the instrument. The noise level must be below a certain level to perform the instrument
properly. Calibration was done by performing indent on air using a maximum load of 700 uN. The
system calibration needs to be performed before starting the indention.
2.8.6.2.  Tip to Optic Calibration

Tip to optic calibration is performed to calibrate the distance between the tip and the optic.

Each time the tip removed from the transducer and reinstalled, there is a probability of variation
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in the distance between tip and optic. Therefore, tip to optic calibration needs to perform each time
the tip is installed in the transducer. It is performed by following the standard procedure.
2.8.6.3.  Tip Area Function Calibration

In previous section, the relation between the depth and contact area mentioned is for an
ideal berkovich tip. Although, practically it is almost impossible to make a tip with perfect
geometry. Tip always have some amount of rounding at the end. The radius of curvature in a new
tip lies in range of 100 - 150 nm. The rounded part of the tip effects the hardness and modulus
measurement. By performing tip area function calibration relation between the depth and the
contact area is developed incorporating the rounded part of the tip.

Tip area function is calibrated by performing indentation on a standard fused quartz (FQ)
sample with known reduced modulus. The reduced modulus of the FQ sample is 69.6 GPa, when
the indentation was performed using a diamond berkovice tip. A series of indents were performed
on the FQ sample on a range of load e.g. 250-10000 uN. Using the depth of these indents area
function is created. This area function was used for determining the hardness and modulus of the
sample. To create the area function the hc is determined for each indent using the following

relation:

Pmax

S

he = hipax — (16)

where hmax is the total depth of the indent, B,,,, is the maximum applied load, ¢ is a geometrical
constant to account the edge effects and taken as 0.75 and S is the stiffness of the unloading curve
is defined by S = dp/dh.

The reduced modulus is defined as

_SVm

E. = A (17)
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where A is the contact area and can be express by the following relation using above equation:

=36

For a material with known reduced modulus the A is determined using the above equation.
Hardness is determined using this contact area. The A and hc is calculated using equation
1 and 3 for each indent performed in the FQ sample. A plot of A vs hc is created fit the curve up
to sixth order polynomial form
A = Coh? + Cyh, + C,hY? + CohY* + C,hY® + CshM/*® (19)
The Co is kept as 24.5 as it is the ideal berkovich constant.

And the hardness is determined as

(20)

To determine the hardness and modulus of a sample indentation data analyzed using this
tip area function. For an indent, the hc is determined followed by evaluation of contact area of the
indent. Then the hardness and modulus is determine using the determined contact area.

2.9.  Pico-Indentation

Instrumented nano-indentation provided a useful platform to evaluate and understand the
mechanical behavior of material, which conventional technique for bulk materials cannot achieve.
Still this technique is not able to cover the wide range of material size. In recent years compression
and tension test inside TEM and SEM has been presented by researchers. Using these in-situ
studies, it became possible to evaluate the mechanical property of small scale sample which nano-
indentation cannot perform. In addition, these techniques provide the capability to visually observe
the deformation process in real time. In situ TEM based technique provide a lot of inside

information but the specimen size is very small and the preparation technique is complex and
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tedious. In addition, due to small scale it might not comparable to the bulk sample. On the other
hand, in-situ SEM technique is less complicated than in-situ TEM and capable of providing useful
information. In addition, it provides a large field of view, sample preparation is much easier and
capable to perform test on different dimension from millimeter to micro/nanometer.

In the present work, PI SEM pico-indenter (Hysitron) has been used. Figure 2.11 shows
the schematic of picoindentor set up. The stage is equipped with heating stage and can achieved
upto 800°C. For high temperature test closed loop, PID controlled sample and tip heating is used
for isothermal contact during testing. Sample is heated by consumable resistive heater and tip is
heated by special probe design which minimizes conduction through the probe shaft for maximum

stability.

Transducer

Electrical \l'

Probe
XYZ Sample
stages

Figure 2.11: Schematic of picoindenter set up.

Figure 2.12 shows zoomed in view of the stage and tip for high temperature test. A liquid
cooled heat sink is used to remove the excess heat from the microscope to maintain imaging
quality. Vacuum environment of the inside minimizes the oxidation of the sample. The pillar shape

sample is compressed using flat punch diamond tip with 2 um length. The flat punch was fabricated
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by milling out the sharp part of a Berkovich shape diamond tip using FIB. The experimental section
has following steps: (i) place the concerned pillar under the microscope, (ii) calibration of indenter
to microscope distance, (iii) positioning of the calibrated flat indenter tip just above the sample,
and (iv) performing the compression test on the pillar at constant strain rate. Parameters such as
force applied on the pillar, contact stiffness and compressive displacement are recorded. With the
help of recorded data, the stiffness and modulus can be calculated. Further, the load-displacement

data can be used for the stress-strain plot of the alloys.

Rotation & Tilt stage  Cooling Block  5ample heater

Tip Thermally

Resistive Shaft

Figure 2.12: Zoomed in view of the stage and tip for high temperature test.

2.10. Data Analysis
For stress and strain calculation, a cylindrical pillar of height L, and cross-sectional area
Ay is assumed. After uniaxial compression, the dimension of cylinder changed to length L,, and

cross-section area A, and follow the relation A, L,, = AgL,. The total strain can be expressed as

; 1 PL L
compressive __ _ 14 4
gtot = &gt + gpl = Em —In (a) (21)

where &, is the elastic compressive strain, &, is the plastic compressive strain, P is the
instantaneous load on the pillar, and E is the gold elastic modulus in <001> direction. The L, is
equal to difference between L, and compressive plastic displacement up. The compressive plastic

displacement u,, = u — u,;, where u is the total displacement at any point on the loading curve,
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u,; is the elastic displacement which can be derived based on Hooke’s law and assuming

conservation of volume during plastic flow

_Lr L2 22
The compressive plastic displacement can be written as
= L P L2 23
Up =1u EAOLO p ( )
After substituting u,, in the expression of L, = Ly — u,,
EA,Lg P
Lp = 1- |1- 4( ) Ly — 24
P >p J EAoLq (Lo —u) (24)

After calculating the compressive plastic strain, total compressive stress can be determined
using Eq. (21).

The stress is evaluated by dividing the load (measured) by the plastic area

P PAyL, 25)
o =—=
Ap Ly
Figure 2.13 shows the typical load-displacement curve and corresponding stress-strain
curve [7].
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Figure 2.13: (a) Pillar comopression of Au single crystal and (b) stress-strain generated plot [7].
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CHAPTER 3
EVOLUTION OF ATOMIC DISTRIBUTION DURING DEVITRIFICATION OF BULK
METALLIC GLASS INVESTIGATED BY ATOM PROBE MICROSCOPY AND NANO-
INDENTATION!?

3.1.  Abstract

Evolution of atomic distribution during devitrification of a zirconium-based bulk metallic
glass, Zra12Ti1zsCui2sNiooBezs, was investigated using three-dimensional atom probe
microscopy. Atom probe analysis showed uniform distribution of constituent elements for the as-
cast alloy, with no phase separation. The metallic glass was annealed at different temperatures to
study the crystallization pathways and the length scale, distribution, and morphology of the phases
formed. Devitrification was found to proceed via the formation of a metastable icosahedral phase.
The devitrification pathway is explained based on “strong-liquid” behavior of this alloy. The
glassy alloy with icosahedral phase shows increase in hardness and modulus, which can be
attributed to the embedded icosahedral phase. The devitrified alloys exhibited significant
improvement in hardness and might be resultant of nanocrystalline microstructure with multiple
intermetallic compounds.
Keywords: Atomic distribution; Metallic glass; Atom probe microscopy
3.2.  Introduction

The bulk metallic glass, Zrs1.2Ti13.8Cu125Ni100Be225, commonly referred to as Vitreloyl is
a canonical example of a good glass former [1,2]. Extensive research has been done on this alloy
system to understand its excellent glass forming ability in particular and devitrification behavior

of metallic glasses in general [2-8] Most of the previous studies have concluded that crystallization

LThis chapter has been largely adapted from the following journal publication with permission from publisher: “Evolution of atomic
distribution during devitrification of bulk metallic glass investigated by atom probe microscopy", Materials Letters 158 (2015): 99-103
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in Vitreloyl is preceded by liquid-liquid phase separation [2-8]. In contrast, Martin et al [9]
demonstrated in a later study that there is no phase separation in this system and crystallization
proceeds via the formation of a metastable icosahedral phase (i-phase). However, a detailed report
and discussion of the morphology, size, and distribution of the icosahedral phase as well as the
subsequent crystallized phases is lacking. Another aspect of devitrification that has been
completely overlooked is the interface between the different thermodynamically stable phases. A
sharp interface (few atomic layers wide) typically indicates eutectic crystallization, where interface
diffusion plays a more dominant role rather than volume diffusion [10]. Three-dimensional atom
probe (3DAP) microscopy represents a unique platform to probe the evolution of atomic
distribution and the interfaces with sub-nanometer resolution. In addition a detailed study on
nanomechanical behavior of semi glassy and devitrified microstructure has not been performed.

Here, we report on the devitrification behavior of Vitreloyl (Zrs12Ti138Cui25Ni10.0Be225)
investigated using 3DAP microscopy at different annealing temperatures. Detailed elemental
mapping and phase evolution was investigated in the starting amorphous condition, early stages of
devitrification as well as the fully crystallized sample. The length-scale and distribution of the
metastable phases together with the interface between the thermodynamically stable phases are
thoroughly analyzed to explain the devitrification mechanism. The nanomechanical behavior of
the samples is studied to correlate the hardness with microstructure.
3.3.  Experimental

The glass transition temperature (Tg) and crystallization temperature (Tx) were determined
using differential scanning calorimetry (DSC, Netzsch) with a heating rate of 20 K/min. X-ray
diffraction (XRD) analysis was done using Rigaku Ill Ultima X-ray diffractometer with Cu-K,

radiation of wavelength 1.54 nm. Four samples were analyzed using 3DAP: (i) as cast, (ii) annealed
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at 663 K for 5 min, (iii) annealed at 673 K for 10 min, and (iv) fully crystallized (heated up to 873
K at 20 K/min). For 3DAP studies, laser-pulsed local electrode atom probe operating at a
wavelength of 532 nm and 12 ps pulse duration was used. The laser pulse was used at 0.6 Joules
and 35 K with 0.5% evaporation rate. Specimens for 3DAP were prepared using focused ion beam
(FIB) lift-out technique. 3DAP analysis was carried out to obtain concentration profiles and
elemental distribution at different locations/interfaces of the annealed and crystallized specimens.
The high temperature nanoindentation was performed using the Hysitron T1 premier with the build
in high temperature test set up. The test was perform with 8000 uN load at different temperature.
A diamond berkovich tip attached to 20 mm shaft was used for indentation.
3.4.  Results and Discussion

DSC of as-cast metallic glass is shown in Figure 3.1(a). The glass transition temperature
was found to be 633 K and crystallization temperature found to be 723 K. The first crystallization
peak (Tp1) indicates the formation of a metastable icosahedral phase (i-phase) [9]. The second
crystallization peak (Tp2) indicates transformation of the amorphous phase to stable crystallization
phases. XRD data for all the samples is shown in Figure 3.1(b). The as-cast sample shows a broad
peak indicating its fully amorphous structure. The sample annealed at 673 K shows small peaks at
20 values of nearly 35° and 38° corresponding to the previously reported i-phase [11]. XRD
analysis of the fully crystallized sample shows six different crystalline phases and a few peaks that
could not be identified (Figure 3.1(b)).

Figure 3.1(c) and (d) show the 3DAP reconstruction of the as-cast sample and the
corresponding elemental distribution respectively. Uniform spatial distribution for all the elements
in the as-cast sample is observed. The elemental composition determined using 3DAP is close to

the nominal composition (Table 3.1). Composition analysis of the sample annealed at 663 K
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obtained by 3DAP is also give in Table 3.1. Similar to the as-cast sample, 3DAP analysis of the
sample annealed at 663 K shows uniform distribution of elements without any evidence of

devitrification or phase separation (not shown because it is very similar to Figure 3.1(c)).
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Figure 3.1: (a) DSC curve obtained by heating as-cast Vitreloyl at a rate of 20 K/min; (b) XRD
for as-cast metallic glass, metallic glass annealed at 673 K for 10 min, and fully crystallized
metallic glass; (c) Atom probe 3D reconstruction and (d) concentration profile for as-cast metallic
glass. The glass transition and crystallization temperatures are indicated by Tq and Ty respectively.
Tpl and Tp2 are the first and second crystallization peaks respectively. XRD shows fully
amorphous structure for the as-cast sample and sample annealed at 663 K for 5 minutes. The
sample annealed at 673 K for 10 min shows the formation of metastable i-phase, while the fully
crystallized sample shows six different binary phases [12].

3DAP results for the sample annealed at 673 K are shown in Figure 3.2. 3D reconstruction
Figure 3.2 (a) and (b) clearly show the formation of secondary phases in the amorphous matrix. In
Figure 3.2(b), the amorphous matrix has been suppressed to clearly show the morphology and size
distribution of i-phase. The composition profile across one isolated precipitate (Figure 3.2(c))
shows that it is rich in Ti and depleted in Be (Figure 3.2(d)). The matrix in turn gets enriched in
Be and depleted in Ti. This indicates that i-phase forms a transient equilibrium with Be rich glassy

matrix. Fig. 2(e) shows HRTEM image of sample annealed at 673 K for 10 min. Short range

50



icosahedra-like atomic clusters are seen, marked by white dashed line as guide to the eye. The

clusters range in size from 2 nm to 10 nm, very similar to the 3DAP results (Fig. 2(a) and (b)).

Table 3.1: Elemental composition in the as-cast Vitreloyl, Zra 2Ti138Cui25Nii00Be22 s (As-cast),
metallic glass annealed at 663K for 5 min, metallic glass annealed at 673K for 10 min and fully
crystallized metallic glass, as determined by 3D atom probe microscopy. Phases “A”, *“B”, “C”,
and “D” in the fully crystallized sample are shown in Figure 3.3. [12]

Samples Phases Composition (atomic %)
Zr Ti Ni Cu Be
As Cast | Amorphous | 41.0£1.70 | 13.5+1.16 | 10.0£0.96 | 10.9+1.08 | 24.6+£1.49
663K,5 | Amophous | 41.5+£1.69 | 13.4+1.17 | 9.4+1.02 | 11.0+1.08 | 24.8+1.50
min
annealed
673K, 10 Matrix 41.840.96 | 13.3+x0.87 | 8.6£0.53 | 11.3+0.53 | 24.8+0.45
min
annealed Isolated 39.9+0.82 | 26.7£0.73 | 11.2+0.49 | 10.8+0.54 | 11.3+0.47
particle
Fully A 35.4+0.42 | 29.7£0.33 | 12.7+0.27 | 14.8+0.28 | 7.3+0.32
Crytallized B 43.310.31 | 8.5+0.24 8.9+0.19 8.7+0.20 | 30.6+0.24
C 57.9+0.35 | 9.3+0.26 3.8+0.25 | 27.7+0.23 1.3
D 35.4+0.24 1.0 0.0 0.0 63.6+0.29

To analyze growth of the icosahedral phase (i-phase) nuclei, composition of particles in
different size range was determined on the sample annealed at 673 K for 10 min. Table 3.2 shows
the volume range of particles and the corresponding composition. Large fraction of the particles
(79 %) is in the size range of 0-100 nm®. The composition of the particles is almost identical with
minor variation across all the different sizes, which indicates that i-phase nucleates with a
significantly different composition within the starting liquid and continues to grow with the same

composition.
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Figure 3.2: Atom probe 3D reconstruction for sample annealed at 673 K for 10 min showing (a)
i-phase particle and amorphous matrix and (b) i-phase particle with the matrix suppressed; (c) An
isolated i-phase particle and (d) concentration profile along the line 1-1’shown in (c), HRTEM
image showing icosahedra-like short range clusters in an amorphous matrix. White dashed lines
around the clusters are added as a guide to the eye. [12].
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Table 3.2: Volume fraction and chemical composition of icosahedral phase as a function of size
for Vitreloyl (Zrs12Ti138Cu125Niz0.0Bez25), annealed at 673 K for 10 minutes. [12]

Volume No. of % of Composition (atomic %)

nm?3 particles | particles Zr Ti Ni cu Be
0-100 37 78.7 39.6+£1.7 | 26.3£1.6 | 10.9+1.1 | 11.1+1.1 | 11.6+£1.1
100-200 5 10.6 38.2+2.1 | 26.5+1.9 | 11.4+14 | 11.1+11 | 11.8+14
200-300 3 6.3 39.6+1.5 | 26.5+1.4 | 11.7+1.0 | 10.8+0.9 10.8+.9
300-400 1 2.1 39.5+1.9 | 25.3+1.8 | 11.3+1.3 | 11.2+1.3 | 12.0+1.3
400-500 1 2.1 38.4+2.2 | 25.8+2.1 | 12.1+15| 12.3x15 | 11.3+14

The 3DAP results for fully crystallized sample (obtained by heating to 873 K) are shown
in Figure 3.3. This reconstruction indicates the formation of four distinct phases marked “A”, “B”,
“C” and “D”. The elemental composition for all these phases is given in Table 3.1. The phase “A”
is Ti rich and Be depleted with a composition close to the metastable i-phase, indicating that the
icosahedral phase facilitates nucleation of subsequent crystalline phases without itself
transforming during crystallization. Phase “D” corresponds to ZrBe, and phase “C” corresponds
to a mixture of ZroCu and Ti2Ni. These phases are consistent with the XRD results for fully
crystallized sample given in Figure 3.1(b). Phase “B” shows a composition close to the nominal
composition of the starting alloy, with increase in Zr and Be and decrease in Ti, Cu, and Ni. It is
likely to be a mixture of several complex intermetallics. Figure 3.3(c) shows composition profile
across the interface of phases “A” and “B”. The interface width between any two phases was found
to be less than 5 nanometers. A scanning electron micrograph of the fully devitrified sample shows

nano-crystallites in the size range of 10 nm to 100 nm (Figure 3.3(d)).
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Figure 3.3: (a) and (b) Atom probe 3D reconstruction for fully crystallized metallic glass; (c)
concentration profile between phases A and B; (d) SEM image showing the microstructure of the
crystallized metallic glass. Atom probe results show the formation of four distinct regions marked
by “A”, “B”, “C” and “D”’. SEM shows nanocrystalline phases in the size range of 10 nm to 100
nm [12].

In the current study, there was no evidence of liquid-liquid phase-separation for Vitreloyl
prior to crystallization. The microstructure in phase separated metallic glasses shows a typical
“core-shell” or “Spinodal” type characteristic [13]. In contrast, the crystallized sample in the

current study (Figure 3.3(d)) showed uniform distribution of nano-crystallites. The presence of
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short-range-order (SRO) has been reported in many metallic glass compositions with high glass
forming ability [13]. Icosahedral clusters are one of the typical short-range-orders formed in
metallic glasses [14]. Zirconium based metallic glasses are typically “stronger” liquids and have
high value of fragility parameter, due to which the liquid properties do not show drastic changes
with temperature [15,16]. “Strong” liquids do not show rapid rearrangement of atomic species,
thereby favoring short range icosahedral ordering in the undercooled liquid [15]. The chemistry
and size distribution analysis shows that i-phase nucleates with a distinctly different composition
from the starting amorphous alloy. The icosahedral phase and the undercooled liquid maintain
equilibrium for short period. Subsequently, the remaining undercooled liquid transforms to
multiple crystalline phases by eutectic crystallization as indicated by the second crystallization
peak in DSC. The interface between the different crystallized phases as shown in Figure 3.3 was
found to be very sharp (< 5 nm). Sharp interfaces are typically characteristic of eutectic mode of
crystallization, where interface diffusion plays a more dominant role [10]. This is consistent with
good glass forming ability of this alloy because deep eutectics stabilize the liquid phase.

The mechanical property of glass embedded with quasi-crystalline Particle and the
devitrified glass has been studied using nano-indentation technique. Table 3.3 shows the vicker
hardness and hardness and modulus obtained from nano-indentation. It can be observed formation
of i-phase increase the strength of the material. The sample also shows higher modulus than the as
cast glass which indicates the atomic configuration is closely packed than the as cast glass. The
devitrified alloy shows significant increase in hardness but slight increase in modulus. Observed
result indicates the microstructure and phases formed significantly effect on increase in hardness

of the alloy. It has been discussed above the glass form nano grains and different intermetallic
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compound. Both plays important role in improving strength of a material. But it is not clear which

one is dominant strengthening factor in the alloy.

Table 3.3: Vicker hardness and Nano-indentation hardness and modulus for as-cast glass, glass
embedded with quasi-crystal and devitrified glass

Samples Vicker Nano Modulus (GPa)
Hardness (Hv) Hardness (GPa)
Glass 497120 6.95+0.17 115+2.1
Glass + i-phase 515+30 8.00£0.21 126£3.5
Crystallized 607+15 10.48+0.34 135+5.8

Figure 3.4 shows the hardness (Figure 3.4 (a)) and modulus (Figure 3.4 (b)) of three
samples with changing temperature. It can be observed the hardness decreases with increasing the
temperature for all the samples. In the as cast the glass the hardness drops linearly till 673 K which
in .85Ty for the alloy. Above that the temperature drops exponentially with increasing the
temperature. The similar behavior reported in earlier work also. At Tg endothermic transformation
occur in the glass. The glass transforms into highly viscous solid which possess very strength.
Using this property, the glass can be given any complicated shape. This results indicates the
strength decreases gradually before Tq (for this alloy .85Tg) with a high decreasing rate. At Ty this
glass showed a hardness of 1.5 GPa. Above that glass transforms to highly viscous solid and almost
makes it impossible to evaluate the hardness using nano-indentation technique. The change in the
rate of decrease in strength may be due to change in deformation mechanism. The annealed glass
also showed similar behavior with increase in temperature. It also shows sharp decrease in
hardness with increasing temperature. Which indicates the formation of i-phase does not change
the glassy property. Devitrified alloy show less dependence on temperature which is quite unusual

for nano-crystalline material. It has been reported that nano-crystalline alloys show higher rate
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sensitivity which indicates a deformation mechanism related with atomic diffusion and highly

effected by temperature. Modulus of the sample shows similar trend as it showed in the hardness.
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Figure 3.4: (a) Hardness and (b) modulus of glass, glass+i-phase and crystallizd at different
temperatures.

Figure 3.5 shows the loading curve of the samples at different temperature. The as cast
sample shows non-uniform plastic flow in the loading curve characterized by the displacement at
constant load (pop in event). Each single event of pop in is designated as formation of shear band
which is the unit of plastic deformation in the glass like dislocation in crystalline material. From
the plot in Figure 3.5, it can be observed the as cast glass shows maximum frequency of sear band
formation and increases with increasing the temperature till 473K then decreases. At 598K the
loading curve indicates a uniform deformation. This indicates change in deformation mechanism.
The serrated flow is designated as heterogeneous deformation characterized by linear elastic flow
followed by shear band formation whereas uniform plastic flow as homogeneous deformation
which occur by Newtonian of non-Newtonian flow of the material. Rate of change in hardness

also can be attributed to the change in deformation mechanism.
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Figure 3.5: Loading curve of glass, glass+i-phase, and crystallized sample at (a) 298K, (b) 373K,
(c) 473K, and (d) 598K.

Annealed glass also shows discreet displacement burst in the loading curve like the as cast
glass but the frequency is lesser at all the temperature. The glass with i-phase particle shows
maximum frequency at 373 K (Figure 3.5) whereas the as cast glass shows maximum frequency
at 473 K. which indicates the change in deformation occurred at lower temperature compared to
the glass could be due the free volume associated with the glass in as cast condition and get

eliminated when the glass in annealed.
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3.5.  Conclusions

The current study demonstrates that devitrification in one of the best known metallic glass
formers, Vitreloyl (Zrs1.2Ti138Cu125Nii0.0Be22s), proceeds via primary nucleation of a metastable
icosahedral phase followed by eutectic mode of crystallization in the remaining supercooled liquid.
The icosahedral phase is richer in Ti and depleted in Be compared to the starting amorphous alloy.
The remaining Be-enriched and Ti-depleted supercooled liquid transforms to thermodynamically
stable crystalline phases including ZrBez, Zr.Cu, and Ti2Ni. The sharp interfaces (< 5 nm) between
the different crystallized phases support the eutectic mode of crystallization. The devitrification
pathway via the formation of icosahedral phase is attributed to the “strong-liquid” behavior of this
alloy. The i-phase showed a slight increase in hardness as compared to the glass. After
devitrification, the hardness increased significantly due to nano-sized grains and intermetallic
compound formation.
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CHAPTER 4
ATOMIC DISTRIBUTION IN CATALYTIC AMORPHOUS METALS?

4.1.  Abstract

The atomic distribution in catalytically active metallic glass alloys, Pd43Cu27Ni1oP20 and
Pts75Cu14.7Nis 3P225, was investigated using three-dimensional atom probe microscopy. Atom
probe analysis showed uniform distribution of constituent elements for both the starting
amorphous alloys, with no phase separation. Both the crystallized alloys showed eutectic
microstructure with a very sharp interface (~ 0.5 nm as determined from atom probe). The atomic
distribution in the devitrified state is explained based on the “fragile liquid” behavior for these
noble-metal glassy alloys.
Keywords: Atomic distribution; Metallic glass; Atom probe microscopy; Catalysis
4.2.  Introduction

Noble-metal based glassy alloys have attracted lot of interest in recent years due to their
high electro-catalytic activity and durability compared to conventional pure metal catalysts [1,2].
Excellent thermo-plastic formability of these alloys allows synthesis of self-supporting nano-wire
architecture for energy storage/conversion applications [1,2]. This circumvents the need for
support materials (e.g. carbon nano-tubes) that dissolve/degrade under normal operating
conditions of electrochemical devices. Further, the chemistry of these alloy systems has been
shown to be very active for several electro-catalytic reactions [3,4]. Mapping and controlling the
atomic distribution in these novel catalysts will facilitate significant progress in terms of
performance, cost and durability of state-of-the-art electrochemical devices. Given their

metastable nature, the active species in these bulk metallic glasses (BMGs) can be strategically

2This chapter has been largely adapted from the following journal publication with permission from publisher: “Atomic distribution in
catalytic amorphous metals”, Journal of Nanomaterials 16.1 (2015): 438
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tailored to achieve further enhancement in their catalytic properties. The type, distribution and
length-scale of crystallites formed during controlled devitrification of metallic glasses may be
utilized as a toolbox to engineer transformative catalysts for energy storage and conversion.

Pure platinum and palladium in various (nano-) morphologies dispersed on low/high
aspect-ratio supports make up majority of electro-catalysts now. Two catalytically active
amorphous systems based on these late transition metals include Pts75Cuis7Nis3P225 and
Pd43Cu27Ni1oP20. The palladium alloy, Pds3sCu27NiioP20, is one of the best-known bulk metallic
glass (BMG) formers with a critical cooling rate of glass formation as low as 0.1 K/s [5]. Alloy
development efforts to replace Pd with Pt led to Pts7sCu14.7Nis3P225 metallic glass, with critical
cooling rate of 20 K/s [6] and high thermo-plastic formability [1]. There are no studies till date on
the atomic distribution in these catalytically active alloy systems in the (metastable) amorphous or
(thermodynamically stable) devitrified state. Thermodynamic studies suggest a transition from
nucleation-controlled to growth-controlled mechanism of crystallization for Pda3Cu27Ni1oP20 alloy
[7], while devitrification studies in platinum-based BMG has not been reported so far. Detailed
investigation of the atomic distribution, composition fluctuations (due to possible phase
separation), length-scale of the crystalline phases, and the interface between the crystallites is
lacking.

In the current study, we report on the atomic distribution of the two noble-metal based
BMGs, Pds3Cuz7NioP20 and Pts7.5Cuis7NissP225, investigated using three-dimensional atom-
probe (3DAP) microscopy. The distribution of atoms was obtained for the as-cast amorphous
(metastable) state and the corresponding (thermodynamically stable) devitrified state. Owing to its
atomic-scale resolution, 3DAP technique was used to identify nanometer-scale composition

fluctuations and the interface between the different phases upon devitrification of the metallic

62



glasses. Atom probe analysis was combined with scanning electron microscopy (SEM) and X-ray
diffraction (XRD) to study the morphology, chemistry, and distribution of the crystallized phases.
4.3.  Experimental

Bulk metallic glasses with nominal composition of PdssCu27NiwoP2 and
Pts75Cu14.7Nis 3P225 were prepared by melting high-purity constituents in vacuum-sealed glass
tubes followed by water quenching from a temperature of 1000 °C after appropriate B>O3 fluxing.
Glass transition (Tg) and crystallization temperature (Tx) for both the alloys were determined using
differential scanning calorimetry (DSC) at a heating rate of 20 K/min. The samples were devitrified
by heating at rate of 20 K/min above their respective crystallization temperatures in DSC in argon
atmosphere. Microstructure analysis was done using Scanning Electron Microscopy (FEI
QUANTA 200). X-ray diffraction (XRD) analysis was done using Rigaku Il Ultima X-ray
diffractometer with Cu-K, radiation of wavelength 1.54 nm. 3DAP analysis was done to obtain
concentration profiles and elemental distribution at different locations/interfaces of the starting
amorphous and the crystallized specimens. For 3DAP studies, laser-pulsed local electrode atom
probe (LEAP 3000X HR) operating at a wavelength of 532 nm and 12 ps pulse duration was used.
Specimens for 3DAP were prepared using focused ion beam (FIB) lift-out technique (FEI Nova
200 dual beam). Atom probe tips were prepared using 30 kV ion beam with annular milling
patterns followed by final tip shaping using 5 kV ion beam.
4.4. Results and Discussion

Differential scanning calorimetry (DSC) curves for both the as-cast metallic glasses are
shown in Figure 4.1(a) and (b). The glass transition temperature (Tg) and crystallization
temperature (Tx) for Pd-based metallic glass was found to be 305 °C and 390 °C respectively,

whereas for Pt-based metallic glass, the values were 225 °C and 290 °C respectively. A large
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supercooled liquid region (AT = Tx - Tg) of 85 °C and 65 °C was found for the Pd alloy and Pt
alloy respectively. The wide supercooled liquid region allows thermoplastic forming of these
alloys down to a few nanometers. SEM micrographs for the fully crystallized Pd and Pt alloys are
shown in Figure 4.1(c) and (d) respectively. The Pt alloy has an acicular eutectic structure whereas
Pd alloy has a lamellar eutectic structure with sub-micron length-scale. The difference in the
structures may be attributed to the difference in critical cooling rates for the two alloy systems.
The critical cooling rate for Pds3sCu27NiioP20 is two orders of magnitude lower compared to
Pts75Cu147Nis3P225 metallic glass. Due to the higher cooling rate required for vitrifying
Pts75Cu14.7Nis 3P225, it is likely to be further away from its corresponding equilibrium structure
compared to the Pd alloy. The acicular structure for the Pt alloy is likely due to its tendency to
reduce excess free energy by dissociating into smaller features. Fragmentation of lamellar structure
to smaller acicular structure has been reported previously [8]. XRD results for the as-cast and fully
crystallized samples of both alloys are shown in Figure 4.2(a) and (b). The as-cast samples show
a broad peak indicating fully amorphous structure. It is seen from XRD results that the crystalline
products formed in both the alloys are very similar, consisting mostly of metal-metalloid binary

phases.
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Figure 4.1: DSC curves for (a) Pda3sCu27NiioP20 metallic glass and (b) Pts7.5Cu14.7Nis 3P22.5 metallic
glass; (c) SEM micrograph for the crystallized Pd43Cu27NiwoP20 alloy; (d) SEM micrograph for the
crystallized Pts75Cu14.7Nis3P225 alloy. The glass transition and crystallization temperatures are
indicated by Ty and Ty respectively. Pd alloy has a lamellar eutectic structure compared to an
acicular eutectic structure for the Pt alloy [9].
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(@) PdssCuz7NiwP20 metallic glass and (b)

Pts7.5Cu147Nis3P225 metallic glass in as-cast amorphous and crystallized form. The different
crystalline phases are marked alongside the XRD peaks [9].

To investigate any nano-scale composition fluctuations in the as-cast metallic glass, atom

probe studies were carried out comprising 3D reconstruction and elemental distribution (Figure

4.3). The as-cast structure for both the alloys shows uniform distribution of different elements,

without any indication of phase separation. Cyclic voltammetry on these amorphous metal
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compositions showed increase in electrochemical surface area (ECSA), which was attributed to
de-alloying of less noble constituents [1]. The random mixture of noble/less-noble atoms in the
starting amorphous alloy without preferential surface segregation favors dealloying induced
surface area enhancement. No evidence of short range ordering is seen, indicating compositional

homogeneity down to the atomic scale.
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Figure 4.3: (a) 3DAP reconstruction and (b) elemental distribution for as cast Pd43Cu27Ni1oP20
metallic glass; (c) 3DAP reconstruction and (d) elemental distribution for as cast

Pts7.5Cu14.7Nis 3P225s metallic glass. Atom probe results show homogeneous distribution of all the
elements in the as-cast structure of both the alloys [9].
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The atom probe results for the crystallized Pd-based metallic glass are shown in Figure 4.4
and summarized in Table 4.1. The LEAP analysis of the fully crystallized alloy showed seven
distinct phases - PdsP2, CuzPd, PdsNisP3 and small volume fraction of four complex quaternary
phosphides. Earlier reports on crystallization in Pd-Cu-Ni-P alloys also showed the formation of
binary, ternary and higher order phosphides [10-13]. The corresponding phases could not be
identified in XRD because of lack of database on complex higher order phosphides. The 3DAP
reconstruction as well as elemental distribution for crystallized Pt-based metallic glass was very
similar to Pd alloy (Figure 4.5). The 3DAP results for crystallized Pt alloy are summarized in Table
4.2. The crystallized microstructure for Pt-based metallic glass comprises of three distinct regions

(1) Pt-rich (PtsPCu), (ii) P-rich (PtP2) and (iii) a quaternary phase of Pt-Cu-Ni-P.

Table 4.1: Elemental composition (at. %) obtained using atom probe microscopy of different
phases identified in crystallized Pd43sCuz27Ni1oP20 metallic glass [9]

Elements Phase 1 | Phase2 | Phase 3 Quaternary phosphide phase
(atomic %)

Pd 69.9 20.84 39.59 Pdas.9Cu16.2Nig.4P26.7

Cu 2.0 77.45 0.74 + Pd37.3Cu26.9Ni12.2P236

Ni 0.9 0.00 27.45 + Pd32.4Cu16.3Ni23.1P2s.2

P 27.1 1.7 32.22 + Pd44.4Cu24.0Nig.6P21.9

Likely phase | Pd7Ps PdCus PdsNizP3 Mixture of quaternary Pd-rich phosphides

Table 4.2: Elemental composition (at. %) obtained using atom probe microscopy of different
phases identified in crystallized Pts7.5Cu14.7Nis 3P22.5s metallic glass [9]

Elements (atomic %) | Phase 1 Phase 2 | Phase 3

Pt 60.20 33.41 44.52

Cu 17.28 0.06 13.87

Ni 2.05 0.00 19.03

P 20.47 66.54 22.58
Likely phases PtsCuP PtP> Pt-Cu-Ni-P
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Figure 4.4: (a) SEM image of crystallized Pds3Cu27NiioP20 metallic glass used for atom-probe
microscopy; (b) 3DAP reconstruction for Pd43sCu27Ni1oP20 metallic glass crystallized at 450 °C;
(c) elemental map and (d) composition profile across the interface between phases ““1”” and *“3”;
(e) elemental map and (f) composition profile across the interface between phases “1” and *“2”;
Phases marked 1, 2 and 3 corresponds to Pd7P2, PdCus and PdsNisPs respectively. The thickness
of all the interfaces was found to be less than 0.5 nm [9].
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Figure 4.5: (a) 3DAP reconstruction for Pts75Cui14.7Nis 3P22.5s metallic glass crystallized at 450 °C;
(b) elemental distribution and composition profile across the interface between phases ““1”” and
“2””; Phases marked 1 and 2 corresponds to PtsPCu and PtP2 respectively [9].

The presence of multiple crystalline phases in each of the two metallic glasses (Table 4.1
and 4.2) demonstrate the complexity of phase formation in these alloys. DSC shows a single sharp
devitrification peak (Figure 4.1), characteristic of eutectic crystallization, which is seen in
microstructure as well. Phase-separation induced crystallization has been reported for a number of
different metallic glasses [14]. However, there is no evidence of phase separation in the starting
amorphous structure of the metallic glasses investigated in this study. Many of the zirconium-
based metallic glasses show two-stage devitrification - primary nucleation of metastable quasi-
crystalline phases, followed by transformation of the remaining supercooled liquid to
thermodynamically stable phases via secondary crystallization [14,15]. These are typically
“stronger” liquids (higher value of fragility parameter), which show significant degree of

icosahedral ordering in the undercooled liquid [16,17]. On the contrary, “fragile” glasses [16] such
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as Pda3Cu27Ni1oP20 and Pts75Cu14.7Nis 3P22.5, Show drastic change in liquid properties with change
in temperature, particularly close to the glass transition. This favors rapid rearrangement of the
smaller metalloid atoms resulting in the formation of multi-component phosphide phases up on
devitrification. Multiple phosphide phases formed for both alloys support the “fragile” liquid
behavior.

From the atom probe studies, it is seen that the interface between different crystallized
regions is very sharp, with a width of less than 0.5 nanometers. It has been reported previously that
a sharp interface (atomically thin) between the different crystallized phases indicate eutectic mode
of crystallization, where interface diffusion plays a more dominant role compared to volume
diffusion [18]. From the elemental distribution in Pd43Cu27NiwoP20 (Figure 4.4(c) through (f)), it is
seen that Cu preferentially segregates at the interface between PdsNizP3 (region marked “3”) and
Pd+Ps (region marked “1”). Therefore, Cu not only forms CusPd but also segregates to the interface
between the non-Cu containing phases. Solid solubility of Pd and Ni in Cu is high, whereas that
of P is low [19]. Therefore, copper segregation (between PdsNizP3 and Pd;Ps) is likely due to its
low solubility with phosphorus and high diffusivity. Copper segregation at the interface has been
reported during crystallization of some other metallic glass compositions as well [20]

45.  Conclusions

Atomic distribution in  catalytically active BMGs, Pds3Cu27NiwoP2  and
Pts75Cu14.7Nis 3P225, was studied using three-dimensional atom-probe microscopy in as-cast
amorphous and fully crystallized state. The following conclusions may be drawn based on the
obtained results:

1) Both the alloys show uniform distribution of constituent elements in the starting

amorphous structure, indicating no phase separation.
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2) The Pt alloy showed an acicular eutectic microstructure while the Pd alloy showed
a lamellar eutectic structure, which may be attributed to the difference in their
critical cooling rates.

3) A very sharp interface (~ 0.5 nm as determined from atom probe) was found
between the different crystallized phases, which support the eutectic mode of
crystallization, where interface diffusion plays a more dominant role compared to
volume diffusion.

4) The formation of mostly metal-metalloid phosphide phases may be attributed to the
“fragile” liquid behavior of both the alloys.
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CHAPTER 5
HIGH TEMPERATURE NANO-MECHANICAL BEHAVIOR OF BULK METALLIC
GLASSES

5.1.  Abstract

High temperature nano-mechanical behavior of two Zr-based bulk metallic glasses
(BMGs) was investigated in the range of room temperature (RT) to glass transition. The hardness
decreased slightly until 0.9Tg4 (reduction by ~ 15% compared to RT) followed by a drastic drop
(by a factor of three) beyond that until T4. There was slight reduction in elastic modulus over the
same range. The deformation mechanism changed from inhomogeneous or serrated flow to
homogenous flow near 0.9Tg. The creep activation energy for Vitreloyl and Vitreloy105 were 144
kJ/mol and 125 kJ/mol, respectively in the range of room temperature to 0.75Tg. The apparent
activation energy increased drastically to 192 kJ/mol for Vitreloyl and 215 kJ/mol for Vitreloy105
in the range of 0.9T¢ to Ty, indicating a change in creep mechanism. In the low temperature range,
activation energy for creep is likely dictated by cooperative migration of atomic clusters while
self-diffusion of atoms dominates the creep deformation at high temperatures.
Keywords: Nanoindentation; Bulk metallic glass; Creep; Characterization
5.2.  Introduction

Bulk metallic glasses (BMGs) are emerging structural materials due to their high strength,
large elastic deflection, good corrosion resistance, and excellent thermo-plastic processing ability
[1-4]. The deformation mechanism of metallic glass can be homogenous or inhomogeneous
depending on temperature and strain rate [5,6]. BMGs show serrated flow, which reflects the
dominance of shear band nucleation kinetics at low-temperatures [6-8]. Recently, several

researchers have been studying the deformation mechanism of BMGs using nano-indentation. The
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instrument records the displacement with respect to the applied load while performing the
experiment.

However, most studies on mechanical behavior of BMGs are narrowed to a low-
temperature range well below the glass transition temperature. Additionally, creep studies on
BMGs using nano-indentation are rare [9-11]. It is important to examine creep behavior at a sub-
micrometer level for application of MEMS, NEMS, and associated practical engineering
challenges. Furthermore, the apparent activation energy of amorphous structure is dependent upon
temperature. Thus, high temperature nano-indentation studies of BMGs is important to gain further
insight into deformation behavior.

In this study, we investigated nano-mechanical behavior of BMGs over a variety of
temperatures, Vitreloy 1 with the composition and vitreloy 105 with the composition
Zrs25TisCu17.9Ni1a6Al10 were chosen. We discussed the hardness and elastic modulus variation
with increasing temperature for both the alloys. We also investigated the creep behaviors of the
two alloys. Furthermore, the apparent activation energy of creep was evaluated at different levels
of temperature zones. The deformation mechanisms of BMGs are discussed.

5.3.  Experimental

Amorphous alloy with composition Zrs12Ti1z8Cui25NioBez2s was produced using arc
melting technique followed by Cu mold suction casting. Glass transition and crystallization
temperatures were determined using DSC with a heating rate of 20K/min. The hardness, modulus,
and minimum creep rate of the amorphous alloys were determined using nano-indentation
technique (Hysitron). The room temperature and elevated temperature indentations were
performed on Hysitron xsol-stage, which is incorporated with top and bottom heating plates. The

indentations were performed using a berkovich tip. The tip has a pyramidal shape and is embedded
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in a 20 mm long glass holder to keep the transducer away from the elevated temperature. The
indentations were performed at 8000 uN and temperatures up to 623 K. Two different load
functions were used, 5s loading-2s holding-5s unloading and 5s loading -10s holding — 0.5s
unloading. Samples for nano-indentation were prepared from the as-cast sample. The samples were
cut from the cast amorphous alloy with the desired shape and were subsequently rough polished
with SiC, followed by final polishing in 1um diamond suspension. Then the samples were polished
in the Vibromet for 24h in a 0.04 um colloidal silica suspension.

5.4.  Results and Discussion

The DSC analysis was performed for the amorphous alloys with the composition
Zr412Ti138Cur25Ni1oBez s, commercially known as Vitreloy 1, and Zrszs5TisCui7.9Niia6Al1o,
known as Vitreloy 105. The DSC analysis indicates an endothermic glass transition followed by
exothermic peak, indicating crystallization of the glass phase. The calorimetric glass transition
were found to be 623 K for Vitreloy 1 and 673 K for Vitreloy 105.

Figure 5.1 shows the hardness and modulus of the two glass as function of Tg in Kelvin (K)
scale. It can be observed that both the alloys show very slight changes in hardness and modulus
up to 0.9Tg, below that the hardness decreases sharply whereas the modulus shows very small
decrease. The load-displacement curve of the alloys are closely inspected to gain insight on the

deformation mechanism.
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Figure 5.1: The hardness and modulus of the (a) Vitreloy 1 and (b) Vitreloy 105 as function of Ty.
Both the glass show decrease in hardness and modulus with increasing temperature.

Figure 5.2 shows the loading part of the load-displacement curve. The origin of the curves
have been shifted for clarity of presentation. The same loading rate has been used for indentation
at all temperatures. The nature of load-displacement curves varies with temperature. It can be
observed that the room temperature curves show serrated plastic flow, which can contribute to the

formation of shear bands. The shear band is responsible for plastic deformation in metallic glass.
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Figure 5.2: Loading curve of (a) Vitreloy 1 and (b) Vitreloy 105 at different at different
temperature as function of Ty Both the glass show serrated plastic deformation at lower
temperature (up to 0.91Tg) due to formation of shear band. At higher temperature (0.95T,) the
glass shows uniform plastic deformation as the glass behave as Newtonian fluid at higher
temperature.
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At 0.91Tg the curve shows smooth deformation indicating a change in deformation
mechanism from shear band formation to homogenous Newtonian flow. The 0.91Tg4 can be marked
as the transition temperature with respect to deformation behavior. But below that temperature, it
IS observed that increase in serration frequency are accompanied with increase in temperature. In
earlier studies, it has been reported that increase in serration step is contributed to the kinetics of
the shear band formation [12]. At 0.44T4 the nucleation rate of shear band is very high which leads
to formation of multiple shear bands at a time; whereas, with an increase in temperature up to
transition temperature, the nucleation rate of shear band decreases leading to formation of single
shear band at a time. The serration steps in the loading curve are associated to formation of each
single shear band at intermediate temperatures. Whereas it has been concluded at 0.44Tg4 each
single step represents formation of multiple shear bands together. It has by earlier study the strain
required to nucleate a shear band increase with increase in temperature [12].

The creep displacement and creep rate plot versus time for Vitreloy 1 and Vitreloy 105 are
shown in Figure 5.3. The plots show the variation in displacement and strain rate in temperature
range of 0.4Tg to Tg. The displacement in both the alloys increases with time. There is a positive
correlation between displacement increase rate and temperature. The rate of increase in
displacement is not much up to 0.75Tg. As the temperature increases at 0.9 and 0.95Tg, the
displacement significantly increases, and a sharp increase at Tq. The observed creep displacement
in Vitreloy 105 is more than Vitreloy 1. The creep strain rate also confirms the high displacement
rate at higher Tq for both the alloys. The minimum creep rate of Vitreloy 1 and Vitreloy 105 has a
range of 102 to 10° s for 0.4 to 0.75 Tg4. The minimum creep rate of Vitreloy 1 is 0.006 which
is lower than minimum creep rate of 0.009 for Vitreloy 105 at Tq (shown in Figure 5.4). Further,

minimum creep rate can be expressed as
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¢ = Aexp(— Qupp/kT)o™ (1)

where A is the pre-exponent constant, Q,,,, is the apparent activation energy of creep, k is
the Boltzmann constant, and T is the absolute temperature. The apparent activation energy of creep
is calculated by experimental data of creep tests at different temperatures by keeping the same
stress level, as shown in Figure 5.5. The apparent activation energy of creep estimated from the
slope of minimum creep rate versus temperature is classified in two sections based on the fitting
straight line for both Vitreloy 1 and Vitreloy 105. In the 0.4Tg4 to 0.75Tg4 range, the obtained
apparent activation energy for Vitreloy land Vitreloy 105 are 144 kJ/mol and 125 kJ/mol,
respectively. In addition, the apparent activation energy increased to 192 kJ/mol for Vitreloy 1 and
215 kJ/mol for Vitreloy 105 in the 0.91Tg to T4 range. The change in activation energy at a higher
temperature range can be attributed to a change in deformation mechanism. The lower values of
activation energy at low temperature range maybe explained from the movement of small atomic
clusters and deformation occurs via cooperative migration of these clusters. In contrast, at high
temperature self-diffusion of atoms dominates the creep deformation and results in higher
activation energy. Therefore, the creep mechanism near glass transition is different compared to

the dominating processes at low temperatures.

79



o= —TM,044  Vitreloy 1 (@) 4o | = =TT, =044 Vitreloy 105 (b)
- T/Tg:0.59 1= - 'T/Tg =0.57
— = - T/T =0.74
TIT =0.75 350 4 M,=0
— 100 | = - - T/Tg:0.91 ] - 'T/TJ =091
===T/T =0.95
J|===-T/T =0.95 - :
g s 300 T, =1.0
N—r 80 ~~ b
= & 2504
S c
G-) N—r A
E 60 e 200
(] = )
e = 8 150 4
S w4 S e
Q_ """""" D 4
@ 100
A 204 1 / mmmmemmemmee
________________ - 50 - mmmmmmmmT
0 T T 0 S I— - T 4 T T
0 5 10 15 20 0 5 10 15 20
Time (s) Time (s)
0.08(C) Vitreloy 1 — —Tm,=047 Vitreloy 105 [— -Tm=044
1 - -T/Tg:O.59 - 'T/Tg=0457
0.07 — - TIT=0.75 — = TIT=0.74
— -T/T(‘:O.Ql — T/T[):O.Ql
— —-= TIT,=0.95 e - 1;152-35
: —TIT,=1.0 p —TT=L
g q
2 2
2 2
© L
= =
@ s
— +—
n n
1
Jr T 0.00_\_ Bl o LTI ey pp—— e
T T T T T T T T T T T T T T T T T T T T T T T T T T T T
0 20 40 60 80 100 120 140 0 20 40 60 80 100 120 140
Time (S) Time (S)

Figure 5.3: Displacement vs time plot at constant load of 8000 uN at different temperature as a

function of Tg for (a) Vitreloy 1 (b) Vitreloy 105 shows an increase in displacement rate at higher
temperature (above 0.91Ty).
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5.5.  Conclusions

Nano-mechanical studies of Vitreloy 1 and vitrloy 105 bulk metallic glasses were carried
out over a wide range of temperatures. The creep behavior of Vitreloy 1 and Vitreloy 105 was
investigated well below and near the glass transition temperature. Hardness was found to
significantly decrease at Tgwhile elastic modulus decreased slightly with increasing temperature.
The deformation mechanism changes from inhomogeneous or serrated flow to homogenous flow
near 0.9T4. In the low temperature range, activation energy for creep is likely dictated by
cooperative migration of atomic clusters while self-diffusion of atoms dominates the creep
deformation at high temperatures.
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CHAPTER 6
STRAIN GRADIENT PLASTICITY IN MULTI-PRINCIPAL ELEMENT ALLOYS

6.1.  Abstract

Strain gradient plasticity effects that become important during deformation in small
volumes have not been reported for multi-principal element alloys. Strain gradient plasticity of
two alloys, CoCrFeMnNi and CoCrNi, was investigated in work hardened, and annealed
conditions by nano-indentation. The three-component alloy exhibited higher hardness and
modulus as compared to the five-component alloy, and the hardness of both the alloys
demonstrated significant dependence on indentation depth. This depth dependence was explained
by geometrically necessary dislocations (GND) that result from the high strain gradients due to the
shape of the indenter. The characteristic length scale of GNDs for multi-principal element alloys
was found to be smaller compared pure Ni for both the work hardened and annealed conditions.
Keywords: Multi-principal element alloy; geometrically necessary dislocation; Nano-indentation.
6.2.  Introduction

Multi-Principal Element alloys (MPEAS) represent a new generation of material system
with multiple principal elements in equimolar (or near equimolar) proportions and very promising
engineering properties [1-6]. They form simple solid solutions due to high mixing entropy, which
suppresses the formation of complex intermetallic compounds [5]. The mechanical properties of
MPEAs have been widely studied in recent years over a range of temperatures for potential
applications in nuclear and aerospace industries. These include tensile/compressive properties,
fatigue behavior and fracture toughness. [6-8]. However, strain gradient plasticity effects that
become important during deformation in small volumes have not been reported for MPEAS. In

crystalline metals and alloys, dislocations dominate the plastic deformation behavior. Total
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dislocation density during deformation is the sum of those created from the effective strain in the
material and the ones resulting from geometrical confinement. [9-15]. How dislocations are
created and interact in a geometrically confined environment provides valuable insights into the
strain hardening behavior of the material along with strain gradient plasticity mechanisms. Nano-
indentation hardness of a material is typically used as a measure of its resistance to plastic
deformation. For crystalline metals, nano-indentation hardness shows an inverse relation with
indentation depth, typically referred to as indentation size effect (ISE). [9-15] This is attributed to
geometrically necessary dislocations that result from large strain gradients during shallow
indentation (of the order of nanometers). Investigating indentation size effects is critical in
understanding dislocation interactions in the highly-disordered crystal lattices of MPEAs.

Here, we report on strain gradient plasticity and nano-indentation size effects for two
equimolar alloys, namely CoCrNi and CoCrFeMnNi, which form face centered cubic (FCC) solid
solutions. Nano-mechanical behavior of the two alloys was studied in dislocation-free annealed
condition as well as after work hardening. Comparisons of the two equimolar alloys were made
with a pure metal, Ni, to understand solid solution strengthening effects.

6.3.  Experimental

The equimolar CoCrNi and CoCrFeMnNi alloys were prepared by arc-melting followed
by drop casting. The equimolar alloys and pure Ni (99.99%) were subsequently subjected to 70%
thickness reduction by cold rolling. The cold rolled samples were annealed at 900 °C for 20 hours.
The work hardened and annealed samples were prepared for microstructure and nano-mechanical
studies by polishing with SiC paper followed by final polishing with 1 pm diamond suspension
and 0.04 pum colloidal silica suspension. Crystal structure and phase identification were done using

Rigaku 111 Ultima X-ray diffractometer (XRD Rigaku Corporation, Tokyo Japan) with CuK,
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radiation of wavelength of 1.54 A. Scanning electron microscopy (SEM) was done using FEI
Quanta ESEM (FEI Company, Hillsboro, OR). In addition, electron backscatter diffraction
(EBSD) technique was employed to analyze grain size and grain orientation for the alloys. Nano-
indentation was performed using Hysitron Triboindenter (Hysitron, Inc., Minneapolis, MN) at
room temperature using a diamond Berkovich tip. Indentation was done at various loads ranging
from 350 pN to 8000 uN with a constant loading time of 5 s, holding time of 2 s, and unloading
time of 5 s. The distance between two neighboring indents was maintained greater than 10 um to
avoid overlap of their plastic zones.

6.4. Results

X-ray diffraction patterns of both the equimolar alloys in work hardened and annealed
conditions are shown in Figure 6.1 of the supplemental section. All the peaks were indexed as face
centered cubic (FCC), indicating no secondary phase formation during mechanical or
thermomechanical processing. The lattice parameter for both the equimolar alloys was measured
using Bragg’s relation to be 3.57 A for CoCrNi and 3.59 A for CoCrFeMnNi. Both the alloys

showed slightly larger lattice parameter compared to pure Ni (3.52 A).
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Figure 6.1: X-ray diffraction for annealed and rolled condition for CoCrNi and CoCrFeMnNi.
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Backscattered scanning electron microscopy (SEM) images for the two alloys are shown

in Figure 6.2.

(€) CoCrFeMnNi-annealed

Figure 6.2: SEM backscattered micrographs of CoCrNi alloy (a) annealed and (b) work hardened
and CoCrFeMnNi alloy (c) annealed and (d) work hardened condition.

The work hardened alloys showed elongated grains with deformation lines typical of rolled
structures. The annealed microstructure consisted of recrystallized equiaxed grains with significant
amount of annealing twins. Annealing twin are typically observed in FCC metals and alloys with
low stacking fault energy [16]. Electron backscattered diffraction (EBSD) analysis of the two

alloys in annealed condition are showed in Figure 6.3, with grain size in the range of 10 um - 40
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um. Misorientation angle analysis showed that the fraction of low angle grain boundaries (< 15°)
was about 20% in both the alloys. A significant fraction of X3 boundaries was also seen (> 50%),
which indicates very low stacking fault energy for these alloys and supports the observed annealing

twins.
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Figure 6.3: EBSD map of (a) CoCrNi alloy and (d) CoCrFeMnNi alloy of annealed sample, (b)
and (e) grain size distribution and (c) and (f) misorientation angle for both the annealed sample.
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The three component CoCrNi alloy was found to be harder compared to the five component

CoCrFeMnNi alloy as shown in Figure 6.4 of the supplemental section. The corresponding load-

displacement curves obtained during nano-indentation are also shown in Figure 6.4.
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Figure 6.4: (a) and (b) Load—displacement plots at a load of 8000 uN; (c) and (d) Nano-Hardness
and Vicker-Hardness plot for the different processing conditions at a load of 8000 uN for Ni,
CoCrNi and CoCrFeMnNi.

Increasing number of constituents in solid solution typically results in a strengthening

effect. However, our results are to the contrary. An alloy’s hardness also depends on nature of the

constituent elements and their mutual interaction. For equimolar alloys, solid solution strength
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(Aosgy) based on the assumption of small interaction among solute atoms may be expressed as
[17]:

2/3

Aogsy = Z(Bis/zxi) €Y

where, X is the solute content and Biis a parameter that depends on the shear modulus (u)

of the alloy, the mismatch factor ¢, and constant Z as [18]:

Bi = BME;I-/?,Z, € = {:(T’{Z + a25i2)1/2 (2)
Ni du 1 ds 1
i 1+ OSIT]ll i Xm u t Xm S ( )

where, n; is elastic misfit, §; is atomic size misfit, and « is a parameter with values in the

range of 3< a<16 for screw dislocations and a>16 for edge dislocations, é=1 for FCC systems and
&=4 for BCC systems. In equation (3), s is interatomic spacing and % may be expressed as [18]:

os

, 1
5X, = Sii — XiziSkXkzi %7 (4)

k=+i

where, s;; is the solvent-solvent interatomic spacing. From the equations, it may be

concluded that the atomic size misfit (%%) is the principal factor responsible for solid solution

strengthening in equimolar alloys. It was observed from %i versus X; plots, that addition of Fe

had a softening effect in CoCrNi alloy [18]. The lower hardness of CoCrFeMnNi in comparison
to CoCrNi may be attributed of lattice misfit reduction from addition of Fe compared to Mn.

For depth dependence of hardness, nano indentation was done at loads ranging from 350
uN to 8000 uN. Hardness was found to decrease significantly with increasing load for both the

annealed and work hardened alloys as shown in Figure 6.5.
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Figure 6.5: Hardness as a function of depth for (a) annealed samples (b) work hardened samples
of Ni, CoCrNi and CoCrFeMnNi alloys

The lattice curvature generated during non-uniform plastic deformation by nano-
indentation is accommodated by geometrically necessary dislocations (GNDs) [12,19,20]. GNDs
restrict the motion of statistically stored dislocations and lead to strain hardening effect [13]. The

density of GNDs (p;) in a circular loop around the indenter may be expressed as [9]:

— 2
Pc 2bh, tan® 0 (5)

where, b is the Burgers vector, tan 8 = h./a, a is the contact radius, and hc is the contact

depth. The shear strength (7) of a material is related with total density of dislocations and may be

expressed as [9]:

T = aub,/pr = aub./ps + ps (6)
where pr is the total dislocation density, p, is the statistically stored dislocation density, u

is the shear modulus, and « is a constant. Shear stress (7) can be converted to hardness (H) using

von Mises rule and Tabor’s factor as [9]:
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c=V31;, H=30 (7)

Using equations (5) through (7), hardness (H) can be expressed as [9]:

H *

where H, = 3v3aub,/ps 9)
c 81y 22 (1)

and h* = > ba“ tan H(HO) (10)

h* is the length that characterizes the strain gradient plasticity of a material. h* is not
constant for material and indenter geometry rather depends on the Ho of the material [9].

Equation (8) suggest the slope of the (H/Ho)? vs 1/hc plot of a sample will yield the
characteristic length h* of the sample. Figure 6.6 shows the (H/Ho)? vs 1/h. plots of Ni, CoCrNi
and CoCrFeMnNi alloys in annealed and work hardened condition with respective h* value of the
samples. It can be observed the Ni and other alloys, the h* value in work hardened sample is much
lower than the annealed sample and can be contributed to high density of statistical stored
dislocation density. In annealed condition the alloys show significant reduction in h* values
compared to the pure Ni. The ternary alloy shows lowest h* value indicating the hardness of the
alloy has lower dependence on the depth whereas the hardness of Ni depends largely on depth. In
recent study, it has been shown that depth dependence of the material increases with increasing
the solute content [14]. They demonstrated the load dependence for pure Ni, Ni-5Fe and Ni-28Fe
alloy. They have found the experimental h* parameter increased for Ni-5Fe but decreased for Ni-
28Fe in comparison to Ni-5Fe. They have contributed this anomaly to the storage volume of
GNDs. The solute atom decreases the storage volume of GNDs leading to higher hardness at lower

depth [14]. To get the storage the volume of GNDs they used modified N/G model and factor f is
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used to relate the volume with N/G model. The modified N/G model consider the density of GNDs

as [14,15]
3 5 1
pPg = 2bh, tan“ 6 <f_3) (11

f=1 represent the original N/G model. According to recent model initially the GNDs form
near the surface then can move on any given slip plane. Thus, the storage volume of GNDs is
going to include the area where the strain level is high enough for plastic deformation [15]. The

determined f value for the material in current study has shown a value of 2.0 for Ni, 1.6 for CoCrNi

and 1.7 for CoCrFeMnNi.
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The storage volume in the ternary and quinary alloys are less than the Ni and can be
attributed to internal friction in the alloy. The ternary and quinary alloy show lesser depth
dependence which indicate low GNDs density even though storage volume is less. It contradicts
the previously proposed conclusion about solid solution alloys. It could be possible the total
dislocation generated to accommodate the shape of indenter is much less in the multi-principal
alloys compared to the other pure and solid solution material. Several researchers have been
proposed a highly distorted lattice in the multi-principal alloys and can be shown by the high lattice
misfit in the alloys. It has shown by previous study the CoCrNi has higher lattice misfit compared
to the CoCrFeMnNi which contribute to the higher strength of the ternary alloy. It could possible
the highly distorted lattice helps in accommodating the indenter shape and leads to formation of
less number of GNDs. Even the storage volume is less, as the total line length of the GNDs is less
in the multi-principal alloys the depth dependence of the hardness in these alloys is less compared
to pure metals and traditional solid solution alloys.

6.5.  Conclusions
1. The microstructure evolution and nano-mechanical behavior of single phase FCC five-
component and three-component alloys were studied in work hardened and annealed
condition. The three-component alloy has higher solid solution hardening effect as
compared to the five-component alloy due to higher lattice misfit.
2. Both the alloys showed change in hardness with indentation size due to formation of GNDs
to accommodate the plastic deformation occurred by the indenter geometry. Length scale

parameter h* of GNDs was evaluated using Nix and Gao model.
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3. Multicomponent alloys showed lower characteristic length scale of GNDs as compared to
Ni, which indicates that higher lattice misfit effects in the equi-atomic multicomponent

alloys lowers the density of GNDs and reduces the indentation size effect of the alloys.
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CHAPTER 7

DISLOCATION NUCLEATION IN MULTI-PRINCIPAL ELEMENT ALLOYS
7.1.  Abstract

The nature of incipient plasticity was investigated for multi-principal element alloys,
Alp.1CoCrFeNi, CoCrFeMnNi and CoCrNi, by nano-indentation. The tests were performed at a
loading rate of 70 uN/s in the temperature ranging of 25°C to 200°C. The activation energy and
activation volume were determined using a statistical approach of analyzing the “pop-in” load
marking incipient plasticity. The small calculated values of activation energy and activation
volume indicate heterogeneous dislocation nucleation mechanism. Based on the analysis, the pop-
in event was attributed to heterogeneous dislocation nucleation at surface defects like ledges,
vacancy clusters, and hot spots.
Keywords: Dislocation nucleation; Activation volume; Activation energy
7.2.  Introduction

Traditional alloy design employs combining secondary elements to the primary element to
attain improved mechanical and other properties. These alloys mostly possess complex
microstructure with multiple phases. In recent years, there have been multiple development in
alloy design, including structure with multiple primary elements in equimolar or near equimolar
concentration. Despite the large concentration of composite elements, the resulting alloys
demonstrate the formation of single phase solid solutions with simple crystal structures like FCC
and BCC. These new class of solid solution alloys have recently attracted substantial amounts of
research interest, particularly regarding the enhanced properties of these composites.[1-6]. Hence,
a substantial amount of research is currently being conducted to understand these composites’

enhanced mechanical properties. It has been hypothesized that this class of alloy has distorted
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lattice structure which makes dislocations movement difficult and non-traditional and hence show
good strength [7-10]. The dislocation nucleation mechanism in these alloys remains elusive:
although some researchers have attributed the nucleation of dislocation in the crystal to incipient
plasticity, there are still numerous discrepancies, such as the activation volume associated with
dislocation nucleation, in the published studies. [11,12].

Experimentally, incipient plasticity is prominent in the nano-indentation load displacement
curve as a displacement burst (pop-in). Nano-indentation technique has been extensively used to
observe the elastic to plastic transition in metals and alloys. During nano-indentation the
instrument record the displacement with the applied load. Researchers witnessed a distinct
displacement burst in the load displacement curve during the elastic-to-plastic transition when a
shallow indent in a dislocation-free material was created [13-20]. Since the stress associated with
the pop-in (Since the mechanical stress the alloy endured during the pop-in) is approximately equal
to the theoretical strength of the material, most investigators have defined the pop-in event as (a
mechanism behind?) homogenous dislocation nucleation[15,17,21-27].

Recently, Mason et al [28] proposed that pop-in event are vacancy assisted heterogeneous
dislocation nucleation. The researchers demonstrated that the pop-in event during nano-
indentation is time and temperature dependent, a kinetically limiting process that requires
activation energy. According to this theory the pop-in event occurs in thermally and mechanically
favorable position which makes it a probabilistic event. They evaluated the activation volume and
activation energy associated with the pop-in event, and since the activation energy of the process
was too small for homogenous nucleation, they concluded the event is a heterogeneous dislocation

nucleation
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In this study, we have adopted the statistical approach developed by Mason et al [28] to
evaluate the activation volume and activation energy associated with dislocation nucleation in
multi-principal alloy. For this study five component alloys with composition of CoCrFeMnNi,
Alp.1CoCrFeNi (0.1 is the mole fraction of the element) and an equiatomic three component alloys
with composition CoCrNi is selected. The evaluated activation volume and activation energy were
used to elucidate the mechanism responsible for the composites dislocation nucleation mechanism.
7.3.  Experimental

Alloys were prepared with composition CoCrFeMnNi, Alo1CoCrFeNi and CoCrNi with
99.99% pure element using vacuum arc melting technique in Ar atmosphere. As-Cast alloys were
then rolled up to 70% reduction in thickness. The rolled materials were annealed at 900°C for 20h
to get equiaxed dislocation free grain. The annealed samples were polished in SiC paper followed
by polishing in microfiber cloth with 1pm diamond suspension. The polished samples were then
put in vibromet with 0.04 um colloidal silica suspension a technique that produces a surface finish
equivalent in texture to a sample that has been electropolished.

Nano-indentation was performed using Triboindenter (Hysitron Inc, Minneapolish).
Elevated temperature indentation was performed in xsol stage with bottom and top heating stage.
The stage can go up to 600°C. To avoid oxidation of the sample continuous flow of Ar+5% H>
gases with a flow rate of 1 lit/min was maintained. The indentation was performed using berkovich
diamond tip mounted on low thermal conductivity shaft. The indentation was at maximum load of
200 uN at 25°C, 100°C, and 200°C. 100 indentations were performed at each temperature. 10 um
distance was maintained between two consecutive indentations. The indentation was performed in

load control mode with constant loading rate of 70 uN/s.
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7.4.

Results and Discussion

Figure 1 shows the XRD pattern with peak indexed as FCC for all the alloys. This confirms

that the alloys form simple solid solution with FCC crystal structure and free of any intermetallic

compound or second phase particle. It has already been reported in several earlier works that these

alloys form single phase solid solution and demonstrate excellent thermal stability at high

temperature.
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Figure 7.1: XRD pattern of multi-principal CoCrFeMnNi, Alo.1CoCrFeNi, and CoCrNi alloys after
rolling and annealing for 20h. The XRD peaks corresponds to single phase FCC structure

Figure 7.2 shows the backscattered SEM image of the alloys. All three of the alloys show

equiaxed structure with average grain size of 30-60 um. All three alloys showed significant amount

of annealing twin which indicates low stacking fault energy of these alloys.
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Figure 7.2: Backscattered SEM image of the annealed samples (a) Alo.1CoCrFeNi, (b)
CoCrFeMnNi, (c) CoCrNi. Shows equiaxed grain in the alloys after annealing with grain size 30-
60 pm.

It has been well documented that the elastic deformation of material during nano-
indentation follows the Hetzian contact theory, which states a relation between a circular contact

area and planer surface area. The relation between the indenter and sample follow the equation:
13

P = 4/3E,Rzh2 (1)

where, P is the load applied by the indenter, E, is the reduce modulus, R is radius of the tip, and h

is the indentation depth. Figure 7.3 (a) shows the load-displacement curve obtained from nano-

indentation along with the Hetzian equation. The E,. of the alloys are obtained from the slope of
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the unloading part of the load-displacement curve and presented in Table 7.1. The obtained
modulus is in line with earlier reported results [29,30]. The initial part of the loading load-
displacement curve matches with the Hertzian relation and then however, the relation subsequently
deviates, indicating a mode of deformation, including plastic deformation or elastic-to-plastic
transition, and has been hypothesized to be a homogenous nucleation of dislocation. The load and
displacement at the deviation point is determined form the plot for each indent. Figure 7.3 (a) is
representative of the curves for different alloys and indentations. Figure 7.3 (b) shows the
temperature dependence of the pop-in load for the CoCrFeMnNi alloy. The load at the first pop-
in was found to decrease with increasing temperature. Other alloys also showed a similar trend.

The temperature and time dependence of pop-in load has been reported for other materials.
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Figure 7.3: (a) representative load-displacement curve of CoCrFeMnNi alloy for single indent
performed at room temperature along with the Hertzian. Green circle shows the “pop-in” event
in the load-displacement curve. (b) load-displacement curve of CoCrFeMnNi alloy at different
temperature along with the Hetzian equation.
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Table 7.1: Reduced modulus, activation volume, and activation enthalpy of three alloys.

Alloys Er Activation vol (A% | Activation energy (eV)
Alg1CoCrFeNi 190+5 8.04 0.47+0.009
CoCrFeMnNi 180+4 9.01 0.50+0.007

CoCrNi 19516 4.69 0.27+0.01

Ni 1957 6.80 0.39+0.008

Temperature dependence of the pop-in event conclude it as thermally activated mechanism.
The pop-in load show a distribution of the values over a range indicating its stochastic and
probabilistic nature. Figure 4 shows statistical distribution of the pop-in load at room temperature
and 200°C for Ni, CoCrNi, CoCrFeMnNi, and Alo1CoCrFeNi. The experimentally obtained data
at 100°C follow the same trend. It has not been included in the figure for clarity. It is evident from
Figure 7.4 that the pop-in load decreases with increasing temperature. It can be concluded that the

temperature dependence of displacement burst in multi-principal alloys indicates a stress- biased

thermally activated mechanism behind similar to pure metals.
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Figure 7.4. Cumulative fraction of experiment loads at the pop-in events plotted for 25°C and
200°C for (a) Ni, (c) CoCrNi alloys, (c) CoCrFeMnNi, and (d) Alo.1CoCrFeNi.

The indentation applies a stress beneath the indenter and shear stress beneath the indenter

at pop-in can evaluated using Hertzian contact mechanism theorem.
6PEZ\"?
Pm = 3 R2 (2)

Tm = 0.31p,, (3)

where p,,, IS mean contact pressure and t,, is the maximum shear stress at the pop in and ranges

from 1“—0 - % (u is the shear modulus) at room temperature for the three alloys. The ideal shear
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strength of a metal also lies in the similar range. It can be concluded the pop-in event involves
nucleation of the dislocation. But only stress might not be enough to conclude about the dislocation
nucleation mechanism in these alloys.

The activation energy of the process is also of great importance. Using probabilistic
distribution of pop-in stress, an analytical solution has been proposed to evaluate the activation
volume and activation energy associated with displacement burst [28] . Nucleation of dislocation
has activation barrier which may be overcome by the mechanical work done by the indenter or by
the combined effect of thermal and mechanical work. The rate equation of the process may be

represented by [28]:

s—aV)

T (4)

n = nexp <—
where 1 is rate of the event, 7 is a pre-exponential factor, ¢ is the activation energy barrier for the
process, and oV represents the stress bias, in which stress o is activating over activation volume V.
In the present condition, the stress bias is the maximum shear stress beneath the indenter.

According to the analytical solution the activation volume of the process can obtained from

the relation [28]:

m /3R\*?
Ve=— (=) kT 5
0.47 (4ER) * ®)

where a is time independent parameter and can be obtained from the slope of In[-In(1-F)] vs P*3
plot (Figure 7.5), where F is the cumulative probability of the event. Figure 7.5 shows the In[-In(1-
F)] vs P2 for the Ni and the three alloys at room temperature and 200C. Using the o value obtained
from the slope of the curves and equation (5) the activation volume is calculated. The activation
volume for the three alloys and Ni has been presented on Table 7.1. It can be observed the obtained

activation volume is almost same in the three alloys and in Ni. Activation volume evaluated for Pt
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using same approach showed similar value [28]. It can be concluded the dislocation nucleation

mechanism operating these multi-principal element alloys is like the mechanism operating in the

pure metals.
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Figure 7.5: Plot of In[-In(1-F)] vs P} to determine the activation volume from experimental data
analysis at 25°C and 200°C for (a) Ni, (b) CoCrNi, , (c) CoCrFeMnNi, and (d) Alo.1CoCrFeNi

Equation (4) shows the ¢ also plays important role in the nucleation process. The activation
enthalpy or e can be evaluated from the pop-in load and activation volume using the following

relation [28]:

2/

T (3p e
PY/3 = ykT —(—) - 6
vieltoa7\ag,) v (6)

where y has weak dependence on T compared to the second part. The method to evaluate the

activation energy is, first identify the pop-in load at same cumulative function at different
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temperature and to subsequently the pop-in load at same cumulative fraction at different
temperature. Figure 7.6 shows the PY3 vs T plot for different alloys. PY®vs T shows a linear relation
with slope vk and intercept at OK in y axis is the second part of the equation (6). With the obtained
PY3 at OK and activation volume, the e is obtained which represents the energy required for
nucleation at OK that means all the work is done by mechanical work and no thermal work. The
obtained energy is resented in Table 7.1. The activation energy for the alloys and Ni is also in the
same range and like pure platinum [28], which indicates the activation of the dislocation source
during nano-indention of multicomponent alloy is by the same mechanism that cause in case of

the pure metals.
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7.5.  Discussion

The above mentioned results and analysis for pop-in event indicate the incipient plasticity
in these alloys are thermally activated, stress biased phenomenon. In addition the associated
activation volume and energy is comparable to pure metals. It might be possible the transition from
elastic to plastic deformation in these class of alloys occur by the likely mechanism as in pure
metals. Although it is not possible to visually inspect the atomic scale deformation mechanism
using the current set up. But the mathematically obtained values can be compared with the existing
deformation mechanism.
7.5.1. Homogeneous Dislocation Nucleation

It has been hypothesized by several authors that the first displacement bust is nucleation of
dislocation homogeneously [16, 22, 31]. In line with this argument the process would involve
cooperative motion of multiple atoms to form stable dislocation nucleation loop with critical
radius. In this scenario the critical size loop need to be contained in large atomic volume and the
activation energy also reflection of large no of bond breaking which should be much higher than
1eV. In the current study the activation volume and activation energy evaluated for MPEAS using
the first order shear bias statistical model is in the range of 4.6 to 8 A%and activation energy of 0.27
to 0.50 eV. These values are much lower than that would be required for homogenous dislocation
nucleation. This discrepancy in activation volume and enthalpy between experimentally measured
and homogenous dislocation loop nucleation mechanism has been reported by several researchers
some of them tried to explain it. Few work proposed that dislocation nucleation process is
influenced by potential existence of a finite population of subcritical loops assuming the ¢ as
function of stress and temperature instead of a constant [32, 33]. Sun et al. [34] proposed that

presence of subcritical loops in the stressed volume that affect the nucleation via their image stress
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filed, t;, Few researchers proposed another possibility for discrepancy in measured small
activation values and required homogenous dislocation loop nucleation [35,36]. They proposed
that measured small activation volume and enthalpy corresponds to near atomic size volume for
homogenous nucleation dislocation loop’s critical size and associated to initial thermal fluctuation
site. However, further studies ruled out the possibility of thermal fluctuation site at measured
stress. Thermal fluctuations in homogenous nucleation dislocation loop only exist at ideal shear
strength, which is not observed in the present work. Based on the above discussion, we can
conclude homogenous dislocation nucleation hypothesis can be ruled out for displacement burst
event.
7.5.2. Heterogeneous Dislocation Nucleation

The obtained result of the activation energy, € and activation volume, V for all the three
alloys indicate an atomic level activity associated with the dislocation nucleation during nano-
indentation. Several theories have been proposed regarding the probable nucleation sites. Few
authors have proposed the vacancy migration is the dominating deformation dynamics during
nano-indentation [11]. But the self-diffusion rate is very slow at room temperature and vacancy
migration energy lies in the rage of 1-2 eV. The obtained activation enthalpy for all the three alloys
are much lower than the vacancy migration energy of pure metals. In addition, it has been
concluded by several authors that the equiatomic multicomponent alloys has lower diffusivity than
pure metals indicate vacancy migration more difficult in multicomponent alloy than pure metals.
Vacancy migration may not be the rate limiting process.

The existing grain boundary and dislocation can also be dislocation site but probability of
finding such site is very less. In addition, for these higher order defects the dislocation will expand

rather than nucleate. Thus we can eliminate the grain boundary and the pre-existing dislocation as
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probable nucleation site. But it has been shown by several author the surface ledges reduce the
activation energy when the dislocation nucleates from them. And it is almost impossible to avoid
the surface defects. Therefore, the presence of surface ledges can act as potential site for
dislocation nucleation.

Another proposed possible heterogeneous dislocation nucleation site for dislocation loop
at room or higher temperature is the hot-spot defects. According to these studies at higher
temperature, thermal vibrations generate asymmetry which creates hot-spot defects below the
surface (in the bulk) and work as a potential site for dislocation nucleation, whereas at OK, the
dislocation nucleates from the surface defects [35,37]. Thus, there are two types of heterogeneous
sites at higher temperature. In current study it has been observed the displacement at which “pop-
in” occurs decreases with increasing temperature. As example the average indentation depth for
CoCrFeMnNi alloy corresponding to 298K, 373K and 473K are 8 nm, 5 nm and 3 nm, respectively.
The similar trend is observed for other two alloys Alp.1CoCrFeNi and CoCrNi. The decreasing
trend of indentation depth with increasing temperature supports the hot-spot theory as with
increasing the temperature the fraction of hot spot defect would increase and lead to lowing the
depth and load for “pop-in” confirms the presence of higher fraction of hot-spot defects at higher
temperature. The hot-spot could be possible dislocation site for dislocation nucleation above
absolute temperature.

Few researcher also suggested the vacancy cluster or presence of impurity elements could
be a potential nucleation site for dislocation nucleation [28]. As the alloys are air cooled after
annealing, there is a possibility to have vacancy concentration higher than the equilibrium
concentration. So, vacancy cluster could be a potential heterogeneous site for dislocation

nucleation for these alloys.
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7.6.  Conclusions

Shallow depth nano-indentation was performed on multi-principal five component
Alp1CoCrFeNi and CoCrFeMnNi alloys and on three component CoCrNi alloy to elucidate the
mechanism associated at the onset of plasticity for these alloys. Nano-indentation was done at
three different temperatures (25°C, 100 °C, 200°C). The experimentally obtained data fitted with
statistical model and the activation volume and activation enthalpy of the process was evaluated.
The following can be concluded from the obtained experimental and analyzed results:

1. The “pop-in” load marking incipient plasticity was found to decrease with increase of
temperature for each of the three alloys.

2. At all the temperatures, the “pop-in” load was not constant rather occurred on a range
of loads and at room temperature ranged from /10 - u/16 (p is the shear modulus) for
three alloys.

3. Using the statistical approach, the evaluated activation volume and enthalpy were close
to 10 A% and 0.5 eV respectively. Owing to small activation volume and energy the
dislocation nucleation mechanism is believed to be heterogeneous.

4. Both the values are much less than that required for vacancy migration. So, vacancy
migration was ruled out as the dominating nucleation mechanism.

5. Surface defects like ledges, vacancy clusters, and “hot spots” created by asymmetry
generated by thermal vibration could be potential sites for dislocation nucleation in
these alloys during nano-indentation.
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CHAPTER 8
STRAIN RATE SENSITIVITY OF NANOCRYSTALLINE Alo1CoCrFeNi MULTI-
PRINCIPAL ELEMENT ALLOY

8.1.  Abstract

The mechanical behavior was investigated for nanocrystalline Alo.1CoCrFeNi multi-
principal element alloy (average grain size ~ 40 nm) synthesized using magnetron sputtering
technique. Strain rate sensitivity was determined using in situ pico-indentation technique at
different strain rates. The nanocrystalline alloy demonstrated 0.2% offset yield strength of ~ 2.4
GPa, 10 times greater than the coarse grained counterpart. Hall-Petch parameters, oo and k for
Alo1CoCrFeNi MPEA were 126 MPa and 449 MPa (um)Y2, which are significantly higher
compared to pure metals. Higher strength of the nano-crystalline Alo1CoCrFeNi was attributed to
the small grain size as well as higher lattice friction due to the distorted lattice. The small activation
volume in the multi-principal element alloy (5b%) compared to pure metals was attributed to the
difficulty in dislocation movement through the nano-sized grains due to higher Pearl’s stress from
the lattice distortion.
Keywords: Multi-principal element alloy, Picoindentation; Activation volume; Strain rate
sensitivity
8.2.  Introduction

Multi-Principal Element Alloys (MPEAS) represent a new alloy design paradigm of
combining five or more elements in equiatomic or near-equiatomic proportions [1-4]. In certain
compositions, higher configurational entropy suppresses the intermetallic compound formation
and leads to formation of random solid solutions [1]. MPEAs have attracted widespread interest

due to their intriguing physical and mechanical properties albeit with simple microstructures [3-
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8]. Some of the appealing properties include high strength [9], high corrosion resistance [10],
outstanding thermal stability [11], cryogenic fracture toughness [12], and sluggish diffusion [13].
Bulk of the research on MPEAs have focused on alloy development [14-17], phase stability
[18,19], and mechanical behavior of coarse grain (CG) systems [4,9,20]. In contrast, there are
limited reports on nanocrystalline (NC) bulk and micro-/nano-pillar MPEAs. NC metals typically
show high strength [21-23], fatigue resistance [24], and wear resistance [22]. NbMoTawW
refractory nano-pillar MPEA consisting of NC grains exhibited exceptional strength, ductility and
nanostructural stability [25]. Developing nanocrystalline, micro-/nano-pillar MPEAs, and
studying their mechanical behavior could provide insights into deformation mechanisms at the
reduced length-scale and potentially open up entirely new application domains.

In this paper, we report on the mechanical behavior of nanocrystalline Alo.1CoCrFeNi
MPEA (average grain size ~ 40 nm) synthesized using magnetron sputtering technique. Strain rate
sensitivity was determined using in situ pico-indentation technique at different strain rates. Both
strain rate sensitivity (m) and activation volume (V*) were evaluated for detailed insight into the
deformation mechanism.

8.3.  Experimental

Target alloy of composition Alp1CoCrFeNi was prepared using high purity elements
(99.99%) and arc melted in an Ar atmosphere. A thin film of the alloy was deposited by magnetron
sputtering technique (AJA International, USA) on a silicon substrate at room temperature (RT),
with the base and process pressure maintained at ~3.1 x 10 Torr, and ~5 x 107 Torr, respectively.
The alloy was deposited at RT in an Ar atmosphere (Ar flow rate 10 sccm) with an applied power
of 75 W. Deposition was carried out at a rate of 1.02 A/s and was optimized by varying the process

parameter. Alloy thickness was measured using an optical profilometer (Vecco Inc., USA) and
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was around 700 nm. Crystal structure identification was performed using Rigaku I11 Ultima X-ray
diffractometer (XRD Rigaku Corporation, Tokyo Japan) with CuK, radiation of wavelength of
1.54 nm. Microstructure analysis was performed using Focused lon Beam (FIB) scanning electron
microscope (SEM) (FEI). Nano-pillars were synthesized by milling the thin film using dual beam
FIB (FEI). A concentric circular pattern was used to mill out the nano-pillar. Gallium ion beam
with current of 10 pA, and operating voltage of 30 kV was used for milling. The nano-pillars had
a slight taper with an angle ~ 2 °and average diameter of ~ 425 nm. ImageJ software was used to
determine the grain size. In situ compression tests were performed on the nano-pillars in SEM
equipped with Picolndenter P1 85 (Hysitron, Inc., Minneapolis, MN, USA) using a 2 um diameter
diamond flat punch. Uniaxial compression tests were conducted at strain rates of 1.2x102%, 1.9x10
2 and 7.5x103 s2,
8.4.  Results and Discussion

Figure 8.1 (a) shows the XRD patterns for Alp.:CoCrFeNi MPEA thin film and target,
demonstrating a single phase FCC structure. SEM image of the thin film shows (Figure 8.1 (b)) a
uniformly distributed nano-sized grain with the average grain size of ~ 405 nm. The SEM images
of nano-pillar NC MPEA before and after in situ compression test are shown in Figure 8.2 (a and
b), and Figure 8.2 (c), respectively. Figure 8.2 (a) shows the nano-pillar with the diamond flat
punch. The 450 nm diameter ion milled nano-pillar is shown in Figure 8.2 (b). Uniform plastic

deformation of the nano-pillar with no evidence of buckling was observed (Figure 8.2 (c)).
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Figure 8.1: (a) XRD patterns of thin film and target Alo1CoCrFeNi MPEA, showing peak

correspond to FCC phase, and (b) SEM image of the thin film showing nano-size grains with
average grain size of 40 nm.
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Figure 8.2: (a) SEM image during the test showing diamond punch and nano-pillar (b) SEM image
of the nano-pillar with diameter 450 nm (c) SEM image of the nano-pillar after compression test.

Figure 8.3 (a) shows the engineering stress - engineering strain plot at a strain rate of
7.5x107 s, The measured 0.2 % offset yield strength (YS) for the NC MPEA was ~ 2376 MPa
and was more than an order of magnitude higher than the CG MPEA of same composition [24].
Figure 8.3 (b) shows the YS vs d™? plot for MPEA and pure Ni. The Hall-Petch relation, Aoy =

0, + kypd =% where oo is friction stress in MPa, and kup is Hall-Petch coefficient in MPa (um)Y2,
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was fitted (dotted lines in Figure 8.3 (b)) to obtain oo and kxp. coand knp were calculated to be 126
MPa and 449 MPa (um)*2 for MPEA, and 70 MPa and 250 MPa (um)Y? for Ni. Hall-Petch
coefficient obtained in this study is similar to the earlier reported result [26]. Hall-Petch coefficient
for MPEA is remarkably higher than Ni. Therefore, the exceptional strength in NC MPEA is
attributed to high Hall-Petch coefficient. Hall-Petch grain boundary strengthening is based on the
stress required to activate dislocation sources in the neighboring grain due to dislocation pile-up
stress generated at the grain boundary. This phenomenon is difficult in NC material as the grain
size is extremely small to accommodate such dislocation activity. In addition to the grain size
effect, in the case of NC MPEA, high Hall-Petch coefficient might make the continuation of the
plastic deformation a difficult process. Hence, for the same grains size, NC MPEA exhibits higher
strength as compared to NC Ni. Therefore, a detailed investigation is required to understand the

deformation mechanisms of NC MPEASs.
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Figure 8.3: (a) Engineering stress — engineering strain curve at strain rate of 7.5x10° s showing
YS of 2376 MPa. Insets show the in situ image of pillar at different engineering strain during the
test (b) YS vs d"*? plot with Hall-Petch equation (H-P) fit. Hall-Petch parameters, oo and k for
MPEA were 126 MPa and 449 MPa (um)¥?and for Ni 70 MPa and 250 MPa (um)Y?, respectively.
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Strain rate sensitivity and activation volume are the two crucial parameters of the

dislocation dynamics, which could give insights in to the mechanism controlling plastic

deformation. Strain rate sensitivity is defined as [23]: m = le%, where o is the flow stress and &
. . .. . s VBKT .
is the strain rate. And activation volume can be expressed as [22]: V =— where Kk is

Boltzmann constant and T is the test temperature. Figure 8.4 (a) shows the stress-strain plots of
NC MPEA at strain rates of 1.2x10%, 1.9x1072 and 7.5x107 s%. Strength of the NC MPEA showed
significant dependence on strain rate (Figure 8.4 (a)). Figure 8.4 (b) depicts strain rate vs flow
stress at 1% offset strain in logarithmic scale. Following equation (1), slope of this plot yielded a
strain rate sensitivity of 0.043 for NC MPEA. Based on the m value, equation (2) yielded activation
volume of 5 b%. The CG counter part of the alloy displayed strain rate sensitivity of 0.02, and
activation volume of 284 b® [27]. Therefore, compared to the coarse-grained MPEA, large m and
small V* was observed for NC MPEA. For NC Cu with same average grain size as the current NC
MPEA, m value of 0.038 and V* of 20 b® was observed [20]. Furthermore, for conventional CG
material with low dislocation density, strain rate sensitivity and activation volume are in the range
of 0.004-0.008 and few hundred-few thousands of b®, respectively [28]. Activation volume in
MPEA is smaller than the conventional materials, indicating higher obstacle density and increased
difficulty for dislocation motion in MPEA. As noted, interestingly, this observation holds true for

the dislocation dynamics in NC MPEA as well.
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Figure 8.4: (a) Engineering stress - engineering strain plot at different strain rates showing the
increase in tensile strength with increase in strain rate; (b) flow stress at 1% offset strain vs strain
rate plot in In scale to calculate the strain rate sensitivity, m. The calculated m was 0.043 for the

NC Alp1CoCrFeNi MPEA.

Main operative deformation mechanism in CG materials can be summarized as (i)
intergranular dislocation slip, (ii) dislocation multiplication through Frank-Read source and their
interaction, (iii) pile up of dislocations at grain boundary. However, as the length scale falls in the
NC regime, intrinsic deformation mechanisms completely changes. Based upon the experimental
observations and modeling results in conventional materials, plastic deformation mechanism in

NC and CG materials are different. Typically, strain rate sensitivity for grain boundary sliding and
coble creep is around 0.5 [29] and 1 [30], respectively. Rate sensitivity is much lower than the
diffusion controlled mechanisms, therefore, it can be ruled out for the NC alloy. It might be
possible the plastic deformation occurs by dislocation but the mechanism is different from the CG
material. Different theories have been proposed to explain behavior of NC material. Some
researchers proposed nucleation of dislocation from grain boundary is independent of the pile up

stress but dependent on the grain size. The density of dislocation created act as obstacles for
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dislocation motion and contribute to the flow strength [31]. Other researchers indicated the
nucleation of dislocation is the dominant mechanism for plastic deformation in NC material [21].
Suresh et al proposed a mechanistic model for partial dislocation nucleation from grain boundary
and formation of twin, which act as obstacle for dislocation motion. The YS related to the stress
need to generate the partial dislocation [23]. Researchers have also argued not only the dislocation
nucleation but the movement of dislocation is also important. Furthermore, the dislocations
nucleate from grain boundary then move through the grain and absorbed in the grain boundary.
The dislocation can be get pin down due to interaction with each other or with the grain boundary
[32]. A model considering escape of the dislocation with help of thermal activation before forming
semicircular loop has also been developed. Nucleation of dislocation from GB in NC material
should be easier as there is stress concentration in the atomistic deformed structure of GB.
Simulation showed it needs larger stress to propagate than nucleate [33]. The absorption rate of
dislocation at the GB is also important. It has been shown in simulation when there is no strain
hardening in the NC material there is no pile up near the boundary, the emission and absorption
rate is same.

Comparing the NC Ni and MPEA, it can be concluded the strength of the MPEA is twice
than the Ni which indicates the stress required to propagation of dislocation through grain is more
difficult. The propagation can also involve the density of dislocation that get nucleated. It has been
argued the formation of dislocation is easier compare to propagation [34]. In this line the density
of dislocation is higher in the MPEA compared to Ni and movement of dislocation is also difficult
in MPEA due to high Peierls stress. In accordance with mechanism proposed regarding the
thermally activated depinning of the dislocation indicate larger activation energy require in case

of MPEA. It has been shown by different authors that the diffusion rate in MPEA is slower. The
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stress-strain curve for the MPEA shows large amount of strain hardening which has not been
observed in case of pure metals. This could be related to the absorption rate of dislocation. It has
been argued the dislocation annihilation involves the movement of atoms at the GB, most probably
by diffusion. Annihilation rate should be proportional to rate of diffusion. It could possible due to
slower diffusion rate the annihilation rate is slower and lead to pile up at GB and contribute to the
strength of the NC alloy.
8.5.  Conclusions

Alo1CoCrFeNi MPEA followed the Hall-Petch relationship down to the nanometer length-
scale and NC MPEA showed 10 times higher strength compared to CG alloy of the same
composition. Hall-Petch parameters, a0 and k for Alo1CoCrFeNi MPEA were 126 MPa and 449
MPa (um)*2, which are significantly higher compared to pure metals. Higher strength of the nano-
crystalline Alo.1CoCrFeNi is attributed to the small grain size as well as higher lattice friction due
to the distorted lattice. Nano-crystalline Alo1CoCrFeNi alloy showed strain rate sensitivity of
m=0.043 and corresponding activation volume of 5b3. The small activation volume in the MPEA
compared to pure metals maybe attributed to the difficulty in dislocation movement through the
nano-sized grains due to higher Pearl’s stress from the lattice distortion.
8.6.  Future Work

TEM analysis will be performed on the thin film sample to confirm the crystallographic
structure of the MPEA. TEM analysis will be performed on the deformed pillar for better insight
of the deformation mechanism
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It has been observed the load function has a great influence on high temperature hardness and
modulus measurement specially in case of material with low creep resistance. The reduce modulus

SV

is determined from using the relation: E = 2BE

where S = dP/dh is slope at the beginning of

the unloading curve, B is dimensionless parameter, and A is the contact area of the indentation. In
this study two different load functions were used. Figure 1 shows the schematic of two load
functions (a) 5 s loading — 2 s holding- 5 s unloading (LF 1 used at room temperature) and (b) 5s
loading — 20 s holding- 0.5 s unloading (LF 2, used at elevated temperature). Both the load
functions have same loading rate so the applied strain rate is same for both. For LF1 it has been
observed in case of a material with low creep resistance the initial part of unloading curve has a
curvature rather than a straight line as the material is still in the primary stage of creep, which leads
to wrong estimation of modulus as well as hardness. To avoid that the LF2 was used. In case of
LF2 the holding time is high which allows the material to achieve the secondary stage of creep and
does not affect the nature of unloading curve. In addition for LF2 a high unloading rate also has

been used to avoid the high creep rate effect on the shape of the unloading curve.
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Figure A.1: the schematic of two load functions (a) 5 s loading — 2 s holding- 5 s unloading (LF
1) and (b) 5 s loading — 20 s holding- 0.5 s unloading (LF 2)
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