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Summary 
 
This report documents the technical accomplishments of the NERI program entitled 
Development of High-Temperature Ferritic Alloys and Performance Prediction Methods for 
Advanced Fission Energy Systems carried out over the period from 3/15/2005 to 3/14/2009. The 
work is directed at developing and characterizing both 9-12Cr normalized and tempered 
martensitic steels (TMS) and 14Cr ferritic stainless steels that are dispersion strengthened by a 
high concentration of Y-Ti-O enriched nano-features (NF). The latter are referred to as nano-
structured ferritic alloys (NFA).   
 
The report is organized by the proposal Task Sections. Much of what is compiled here has been 
published in peer reviewed journal papers. However, a rather complete description of the work is 
included here for convenience. Research that has not been, but will be, published is also 
summarized. In the case of the STIP V irradiation, a more detailed description of the work is 
given representing the primary documentation of what was done in this best effort subtask. We 
also note that the large number of significant accomplishments achieved in this program were 
assisted by leveraging and cost sharing both from other funded programs as well as a large 
number of unfunded collaborations.  
 
Task A Database and Physically-Based Constitutive and Fracture Toughness Models 
 
Task A reports the results of a comprehensive development and analysis of a database on 
irradiation hardening and embrittlement of tempered martensitic steels (TMS). Alloy specific, 
quantitative semi-empirical models were derived for the dpa dose, irradiation temperature (Ti) 
and test (Tt) temperature of yield stress hardening (or softening) Δσy(dpa, Ti, Tt) of TMS. The 
models show that Δσy initially varies with the √dpa, but at higher doses hardening saturates at 
approximately constant plateau level, Δσys(Ti), that decreases with increasing Ti. The overall 
hardening can be described by the classical Makin and Minter relation Δσy(dpa, Ti) = Δσys(T) [1 
- exp(dpa/dpao(T))]1/2. The dpao(T) parameter controls the saturation dose and decreases with 
decreasing Ti and softening is observed at the highest temperatures above 500°C. The Δσy also 
decreases with increasing Tt, scaling with the corresponding temperature dependence of the shear 
modulus.  
 
The database for irradiation embrittlement measured as shifts in subsized Chary V-notch 
transition temperatures (ΔTc) was also analyzed. It is shown that at temperatures below ≈ 400°C, 
and in the absence of high levels of helium, ΔTc ≈ CcΔσy, where Cc ≈ 0.4±0.2 °C/MPa. However 
at Ti higher than 400°C, Cc increases and ≈ ΔTc is often positive even in cases when Δσy is 
unchanged or negative. This behavior is attributed to non-hardening embrittlement (NHE) 
mechanisms, such as those associated with precipitation and coarsening of brittle grain boundary 
phases. It is also shown that severe NHE occurs at helium levels above ≈ 500 appm. It appears 
that helium accumulates on, and weakens, the grain boundaries, leading to a transition from a 
transgranular cleavage to intergranular (IG) brittle fracture mode. Synergisms between hardening 
and NHE lead to large ΔTc. This helium-hardening synergism can be represented as increases in 
Cc to values significantly greater than 1. A simple empirical model based on this concept, that 
was based only on very limited data at the time, has recently been shown to be remarkably 
consistent with enormous ΔTc observed following spallation proton irradiations. Unfortunately, 
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these results suggest that there may be a limited dose-temperature window for the application of 
TMS in helium rich environments, such as those associated with accelerator based fission and 
future fusion energy applications.  
 
A mechanical property database for nanostructure ferritic alloys (NFA) was also developed as 
part of Task A. This database includes the results of UCSB characterization studies we carried 
out on as-extruded MA957 bar. Tensile and viscoplastic creep properties were characterized 
from room temperature to 1000°C. The creep tests employed both constant stress and strain rate 
jump tests, yielding similar estimates of the minimum creep rates. The data show that AE 
MA957 generally has a significant strength advantage over TMS alloys; and that creep can be 
described by a threshold stress model. The threshold stresses were found to be large fractions (≥ 
0.5) of the at-temperature yield stress. Comparison of the UCSB database with information in the 
literature showed that the overall NFA microstructure, as mediated by thermal mechanical 
treatment (TMT) processing history, has a strong influence on tensile and creep strength. There 
is also a strong orientation dependence of creep strength, associated with anisotropic and textures 
microstructures, with stronger and weaker orientations in the axial and transverse orientations, 
respectively.   
 
Task A also explored the anistropic toughness of MA957, which in contrast to creep strength, is 
lower in the axial extrusion direction and higher in the transverse directions.  We showed that the 
toughness of MA957 can be modeled by a local fracture critical stress-critical stressed volume 
mechanism, The critical stress levels depend on orientation and are much higher in NFA 
compared to TMS. The anisotropic toughness was shown to be due to a combination of 
texturing, alumina stringers and non-equiaxed grains with larger dimensions in the extrusion 
orientation. Indeed, the high toughness orientation largely owes to the fact that the cracks do not 
propagate in-plane in transverse directions, but rather prefer to turn to propagate in the brittle 
extrusion direction  
 
As part of a collaborative study with FZK (PhD thesis of C. Eiselt), we also characterized the 
low temperature tensile and fracture propertied of a Fe-13Cr, 1W, 0.3Y203, 0.3Ti NFA produced 
at FZK using powders milled in both H and Ar. The objective was to see if a H milling 
atmosphere produces cleaner alloys, that are absent Ar pickup and contain lower excess O, have 
better properties than Ar milled alloys. The powders were attritor milled, HIPed at 1150°C-2 
MPa and hot rolled at 800°C into plate with a 2-cycle total thickness reduction to 0.36, The FZK 
studies included tensile and creep tests, transmission electron microscopy (TEM) and other 
characterization studies. Hardness, tensile (-50°C to RT) and fracture toughness tests were 
carried out at UCSB. The KJc(T) (LT) data are inconsistent with formal Master Curve (MC) 
analysis, but the Ar-milled alloy has a modified MC shape at < 50°C  with a quasi To ≈ 15°C. 
The data for the H-milled alloy are more scattered, but may show slightly tougher behavior at 
low temperature with quasi To ≈ 0°C. Both alloys have very low ductile tearing toughness, that 
are not atypical of, but that are generally inferior to other NFA. This work was partially 
supported by our first NERI but is continuing as part of out in our ongoing NERI. 
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Task B Developing Processing and Alloy Stability Modeling Database for TMS and NFA 
 
Based on the insight derived from the MA957 fracture studies described in Task A, a new set of 
14CrYWT alloys were fabricated from attritor-milled powders (provided by ORNL) that were 
hot isostatic pressed (HIPed) at 850, 1000 and 1150°C as part of Task B. The 850°C HIP run 
failed, but those at higher HIPing temperatures produced full consolidation of the powders. 
Cleaner and less anisotropic/textured microstructures are expected to have higher toughness. The 
alloys were characterized by microhardness and notch fracture toughness tests, as well as by 
small angle neutron scattering (SANS), TEM and scanning electron microscopy (SEM). Small 
angle neutron scattering (SANS) showed that both the 1000 and 1l50°C alloys contained a high 
concentration of nanofeatures (NF) that contributed to high hardness levels between 371 and 440 
kg/mm2, respectively. Notch fracture toughness tests had steep brittle to ductile transitions 
slightly above 0°C, which is higher and lower than the low and high toughness orientations of 
MA957 respectively. SEM characterization of the fracture surfaces suggested that the modest 
increase in toughness was associated with a bimodal distribution of small and large grains, 
ranging from less than a µm to tens of µm. The larger grains acted as nucleation sites for 
cleavage cracks.  
 
Bimodal size distribution have been attributed to inhomogeneous distributions of NF in NFA, 
which in turn may be caused by corresponding variations in mechanically alloy Y concentrations 
arising from incomplete mixing during mechanical alloying (MA) by ball milling. Thus a 
significant effort was initiated to study the combinatorial effects of the huge number of ball 
milling parameters on the grain size distributions in MA and annealed powders (1150°C for 3h). 
The figure of merit for ball milling was the area fraction of small grains (fsg) found in scanning 
electron microscopy (SEM) studies on polished and etched annealed powders. A total of 29 ball 
milling variants around a baseline practice were examined. The objective was to identify a best 
milling practice that maximizes fsg. It was found that the fsg = 0.55 for a baseline milling 
procedure could be improved to fsg = 0.89 using a best practice approach. Note while this study 
was initiated in this NERI, it was continued and completed as part of a new NERI awarded in 
2007. Additional results have and will be reported as part of this ongoing project.   
 
Extensive thermal aging studies were also initiated as part of Task B. Five TMS alloys were aged 
at temperatures from 550 to 700°C for times to over 15000 h. The TMS alloys aged at 550°C 
slightly harden at times up to 9000 h. The TMS alloys scatter around no hardness change at 
600°C, and significantly soften at 650°C, and especially at 700°C, where the hardness decreases 
about 30% from unaged value. TEM shows that softening above 600°C up to 7000 h is 
associated with recovery of dislocation and lath structures, as well as coarsening of carbides and 
polygonalized subgrains. The changes in hardness and microstructures of the TMS alloys at 
longer aging time will be assessed in our ongoing NERI. Thermal aging on MA957 was carried 
out from 800 to 1000°C for times up to 19000 h. No significant softening was observed below 
950°C for aging times of about 10000 h. The corresponding hardness decreased less than 4% at 
950°C, and a little less than 10% at 1000°C. TEM and SANS showed little changes in the 
MA957 micro-nanostructures at 950°C and below, and only a slight NF and dislocation recovery 
at 1000°C. Continued aging and characterization studies are being carried out in our ongoing 
NERI.  
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The irradiation stability of NFA is also an issue. In work primarily supported by other programs, 
we have shown that the NF are not affected by irradiations in the high flux isotope reactor up to 
9 dpa at 500°C; this is also the case at lower irradiation temperatures and doses. This work also 
showed that the NF trap helium in fine nm-scale bubbles, thereby suppressing the formation of 
voids and grain boundary bubbles, that in contrast to NFA, are observed in TMS for the same 
irradiation conditions.  
 
Task C Development and Characterization of Advanced Joining Methods 
 
Task C was carried out as part of a collaboration between Edison Welding Institute (EWI), DDL-
OMNI and UCSB. EWI fabricated both electrospark discharge (EDS) and friction stir MA957 
welds (FSW), while UCSB characterized these welds using a variety of techniques. The EDS 
approach was unsuccessful, and will not pursued further. In contrast, the FSW method was 
successful in producing joints with only slightly lower strength (10-15%) than the base metal, 
accompanied by a modest reduction in the number of NF. An additional advantage of the FSW 
method is that the anisotropic microstructure is replaced by much more equiaxed grain structures 
in the weld bead. This may suggest that severe deformation may be an approach to improving the 
properties of NFA.  
 
Task D Multiscale Modeling of Alloy Performance 
 
The major modeling activity in this program has been to collaborate with Professor Brian Wirth's 
group at UC Berkeley who led on Lattice Monte Carlo (LMC) modeling study of the formation 
of Y-Ti-O enriched NF in NFA.  Atomic bond energies (interatomic potentials) were obtained 
from ab-initio calculations (within the localized density approximation) of the mixing enthalpies 
in a regular solution thermodynamic model, fit to either Rose’s equation of state or a Lennard-
Jones functional form. LMC simulations were performed in a Fe-0.47at%Ti-0.12at%Y-
0.19at%O alloy, as a function of “effective” lattice parameter and temperature. The simulations 
showed that Y-Ti-O NF form at all temperatures when the “effective” lattice parameter is larger 
than 1.2ao. The NF, with radii from 0.7 to 1.1 nm, are faceted polyhedrons that are roughly 
spherical in shape with compositions of 15-26%Y, 23-31%Ti and 45-65%O, and contain 
segregated regions that are Y or Ti rich, with nearly uniform O concentrations. The predicted NF 
for “effective” lattice parameters between 1.2ao and 1.3ao are reasonably consistent with the 
experimental observations when the matrix O concentration is less than 0.5 at%. The 
correspondence with experimental observations at a relatively large lattice parameter indicates a 
significant strain energy contribution to the free energy of the NF, or semicoherent interface to 
relax the strains. Future modeling efforts will investigate the partitioning of strain energy 
between the matrix and NF, and the interfacial structure by performing off-lattice relaxations 
using the full potential energy functions. 
 
Task E Other Activities 
 
Two irradiation capsules were designed and constructed for inclusion in the STIP-5 spallation 
proton irradiation experiment at the Paul Sherrer Institute (PSI) in Switzerland. The scientific 
objective of the STIP-5 experiment was to characterize the transport, fate, and consequences of 
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helium combined with varying levels of irradiation hardening in fusion reactor and spallation 
target alloys. The experiment contains a total of 400 specimens to measure strength and 
toughness changes and microstructural evolutions at two temperatures at doses up to 20 dpa and 
helium levels of 1500 appm. At nominal temperatures ≈ 300°C, hardening is very large, and 
there is growing evidence that combining high levels of helium accumulation at grain boundaries 
leads to severe embrittlement and interganular fast fracture in tempered martensitic steels (TMS).  
At higher temperatures, around 600°C, irradiation hardening is minimal, but helium 
accumulation at grain boundaries may lead to degradation of creep rupture properties.  In this 
case the specimens are similar, but will also be used to measure post irradiation creep rates-
rupture times, as well as creep crack growth rates in NFA MA-957 
 
We have also designed and implemented a comprehensive ATR irradiation experiment as part of 
a successful NSUF proposal entitled Characterization of the Microstructures and Mechanical 
Properties of Advanced Structural Alloys for Radiation Service: A Comprehensive Library of 
ATR Irradiated Alloys and Specimen. Innovative approaches to thermal designs were developed 
implemented to minimize variations in temperature that will be measured by SiC monitors. The 
experiment will produce an integrated hardening/softening database 300 to 750 ºC on 43 steels 
and model alloys to 6 dpa. The experiment will also characterize the irradiation embrittlement of 
6 alloys and support the development of small specimen fracture test methods, including for 
interface fracture. Other specimens will support extensive microstructural and mechanism 
studies, including helium injection and diffusion multiples. A total of 1386 irradiated specimens 
will form a “lending library” athat will sustain many future collaborations. The irradiation will 
be completed 4/9/2010. This effort was jointly funded by our just completed and ongoing NERI 
grants.  
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Introduction 
 

The primary objective of this research project is to develop an advanced high-temperature alloy 
class, called “nanostructured ferritic alloys” (NFAs), for use in advanced nuclear reactor 
systems.  These alloys manifest remarkable creep strength, have excellent ductility, show good 
fracture toughness potential, and may also mitigate radiation damage.  The researchers are 
addressing the combined effects of high temperatures (to ≥ 900 °C) and high radiation dose on 
commercial alloys, especially MA957.  They are also carrying out model alloy experiments to 
better understand NFA thermo-kinetics and structure-property relations, in order to optimize 
processing paths and the balance of properties.  They continue to collect data on and are 
conducting thermal aging experiments on 9Cr tempered martensitic steels (TMS) to assess 
embrittlement and high-temperature stability-aging limits.  

The five major tasks in the program include: 
• Develop a comprehensive mechanical property and microstructural database on MA957, 

other NFAs, and TMS, emphasizing the effects of irradiation on deformation and fracture; 
semi-empirical constitutive models, including high-temperature creep; and the master 
fracture toughness-temperature curve method for application to NFAs.  

• Conduct experiments on nano-microstructural evolutions and mechanical properties, for 
both commercial and model NFAs, and optimize processing paths, properties, and service 
lifetimes; thermal aging on NFAs and TMS; and post irradiation examination and data 
analysis of ongoing and future irradiation experiments.  

• Investigate advanced joining methods (e.g., solid-state welding and diffusion bonding) for 
MA957 and other NFAs that maintain beneficial NFA micro-nanostructures. 

• Develop models of the character, precipitation thermo-kinetics, and high-temperature 
thermal and irradiation stability of nm-scale precipitates in NFAs; the transport fate and 
consequences of helium; and compare the predictions to the results of thermal aging and 
irradiation experiments. 

• Conduct other activities, including collaboration in new irradiation studies. 
 
Task A Database and Physically-Based Constitutive and Fracture Toughness Models 
 
A1. Database and Analyses of Tempered Martensitic Steels 
Collaborators: Pifeng Miao, Michael Salston, Yong Dai (Paul Scherrer Institut), Jan-Willem. 
Rensman (NRG) 
 
The purpose of the task is to continue to develop a high quality database on the effects of 
irradiation on the constitutive and fracture properties of 8-10Cr normalized and tempered 
martensitic steels (TMS). The first focus was on changes in the tensile yield stress (Δσy) and 
irradiation embrittlement characterized by transition temperature shifts (ΔTc) measured in sub-
sized Charpy V-notch impact tests. A high quality database is needed to develop predictive 
models of the changes in Δσy and ΔTc (and other properties) as a function of the combination of 
all significant metallurgical and irradiation variables. The metallurgical variables include the 
start-of-life alloy composition (wt%), microchemistry and microstructure, including the effects 



7 

of thermo-mechanical processing treatment (TMT). The primary irradiation variables include 
irradiation temperature (Ti) and the neutron flux (φ), energy spectrum [φ(E)] and fluence (φt).  
The neutron irradiation variables are best represented in terms of the total and rates of production 
of damaging species, including displacements-per-atom (dpa), helium, hydrogen and solid 
transmutation products (appm). Post-irradiation testing and data analysis variables are also 
significant. For example, Δσy depends on the test temperature (Tt). Ultimately a comprehensive 
and high quality database will be analyzed with physically based, multiscale models [1-3]. Such 
models will sequentially relate: a) the primary variables to microstructural evolutions; b) the 
effects of these evolutions on fundamental structure-sensitive constitutive and local fracture 
properties; c) and the consequences of changes in these fundamental properties to more complex 
engineering properties, like ΔTc (and corresponding shifts in the fracture toughness reference 
temperature, ΔTo[1-3]. In the interim, simpler phenomenological-empirical models and 
physically motivated correlations will be used to analyze the growing, but imperfect database. 
 
There have been many irradiation studies aimed at contributing to such a database. Among the 
most notable are the International Energy Agency (IEA) round robin project on the Japanese 
F82H steel [4,5], as well the large program in Europe currently focusing on various heats of the 
Eurofer steel [6-8].  There are also other data based on irradiations of TMS with spallation 
protons (SP), which generate very high levels of helium and hydrogen [9-13]. Other pertinent 
data includes accelerator based ion irradiations, including with high energy He-ions (HI) [14,15]. 
In this section, we summarize the preliminary results of an ongoing effort to tabulate and analyze 
existing Δσy and ΔTc data on TMS alloys. One objective was to gain a practical, working 
knowledge of what is required in a mechanical property database to make it functionally useful 
and of ‘high quality’; and to assess the state of the existing data in this context. A second 
objective was to carry out a simple preliminary analysis to gain insight on the variables that 
control Δσy and ΔTc, including high levels of transmutation product helium. 
 
The effects of high levels of helium under conditions of simultaneous displacement damage 
production and irradiation embrittlement are two of the most important issues facing the 
development of TMS for spallation proton applications. Because of the high sink density that act 
as traps, martensitic steels are generally believed to be relatively immune to helium effects [16-
18]. However, at high helium levels, a significant population of bubbles forms, with number 
densities, sizes and spatial distributions that depend on the irradiation temperature and the alloy 
microstructure. The amount and distribution of helium on grain boundaries is likely to be 
particularly significant [19]. One school of thought has asserted that helium plays a dominant 
role in embrittlement [20-28], in some cases[20-22] even apparently showing a linear correlation 
between helium concentration and ΔTc. A contrary view attributes a dominant role to irradiation 
hardening induced embrittlement, where the hardening is primarily associated with displacement 
damage. Thus, at least up to some concentration, helium only plays a secondary role [1,15], 
mainly through a direct or indirect effect on hardening. The sensitivity of hardening to helium 
generally appears to be modest below very high levels. However, to date it has not been possible 
to obtain reliable experimental assessment of helium effects on fast fracture in candidate 
materials at damage rates, doses and temperatures relevant to the first wall and blanket 
environment. Thus there has been no clear experimental resolution of this issue. Within the 
framework that described below, we assess the issue of helium effects on fast fracture based on 
existing data.  
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Our analysis addresses several specific issues.  
 

• The dpa , Ti, Tt (for Δσy) and metallurgical variable dependence of Δσy and ΔTc.  
 

• The relation between Δσy and ΔTc to characterize hardening and non-hardening induced 
embrittlement.  

 
• The reliability of Charpy-based ΔTc as a surrogate for fracture toughness reference 

temperature (To) shifts (ΔTo).  
 

• The possible role of irradiation induced or enhanced non-hardening embrittlement (NHE) 
mechanisms on ΔTc.  

 
• The possible effect of helium on embrittlement including an estimated effective 

concentration range, acquired change in fracture mode and preliminary estimation of ΔTc 
considering the effects. 

 
A1.1 Compilation of the Existing Irradiation Hardening and Embrittlement Data 
 
We have developed a computer accessible database. Most of the data is for neutron irradiations, 
but we also include a significant body of results of spallation proton (SP) irradiations, which 
generate from ≈ 60 to 150 appm He/dpa, as well as limited data from high energy He-ion (HI) 
irradiation studies implanting up to 5000 appm He. The database consisted of 834 entries for Δσy 
and 595 entries for ΔTc when the first comprehensive analyses described below were made. We 
have continued to develop the database and subsequently confirmed that the model is consistent 
with more recently acquired data as is shown in section A1.5.  
 
We first established a set of variables and parameters for each Δσy and ΔTc entry that are needed 
in a database for it to be useful. Basically, it is necessary to have comparable baseline and 
irradiated data and to know the details of1: a) the metallurgical variables including alloy 
composition and TMT processing history; b) the irradiation variables and their history; c) the 
descriptions of the test procedures and methods used to reduce, analyze and parameterize the 
data. Of course, it is also important to characterize uncertainties, assumptions and any possible 
biases in these variables, methods and parameters. There are also often complexities in an 
experiment that are important to know, such as planned and unplanned variations in Ti. Based on 
these criteria, it is necessary to conclude that the existing data generally do not yet comprise a 
high quality and optimally useful database. A partial list of limitations we found is as follows: 
 

• In some cases there was incomplete and uncertain characterization of the alloy and poorly 
defined pairs of baseline and irradiated data sets. 

 

                                                
1 Chemical composition, normalizing-tempering temperatures and times, hot/cold work strains; specimen size, geometry, orientation, test 
temperature, strain rate; irradiation source, dpa dose and dose rate, irradiation temperature, He and H; baseline versus post irradiation tensile (σy, 
σu, σf, εu, εt, RA), Charpy (DBTT, USE, σyd) – all with uncertainties. 
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• Most often there was no indication of uncertainties in key variables, that are known to 
often be poorly defined, or even biased, particularly Ti.  

 
• Often there is no reported assessment of possible uncertainties or bias in the test 

measurements and data reduction-parameterization procedures. This is a particular issue 
for the ΔTc that often were deduced from a small and, indeed, often insufficient number 
of specimens.  

 
Due to such limitations, the analysis presented below provides only a systematic, first-iteration 
assessment of the relations of Δσy and ΔTc to dpa, Ti, Tt and metallurgical variables.  However, 
we also note that some recent datasets [8,29] on Δσy are of much higher quality, which will be 
apparent in the analysis that follows. Since many different alloys have been irradiated under very 
different irradiation conditions, it is necessary to reduce the number of independent variables to 
make the analysis tractable. This is discussed in the next section. 
 
A1.2 Data Analysis  
 
We first carry out an analysis involving a minimum number of independent variables. Thus it is 
necessary first to define broad alloy categories and Ti bins to make the analysis tractable. The 
lumped data are naturally very scattered, but statistical fits can still be used to establish broad, 
common trends in Δσy and ΔTc as a function of dpa, Ti and Tt (for Δσy). Predicted minus 
measured residual plots, including those for other potential variables not included in the primary 
fits, can then be used to identify inaccuracies and biases in the first-iteration model. The first-
iteration model can also be used to adjust the data to a common set of dpa and/or Ti conditions. 
We divided the alloys into four broad categories: a) F82H; b) Eurofer; c) other 9CrW steels 
containing 9±1.5% Cr and 1-2%W; and d) 9CrMo steels containing 9±1.5% Cr and 1±0.5%Mo. 
Except at the lowest and highest irradiation temperatures, the Ti binning, described below, 
generally ranged from about ±15 to ±25°C around the nominal value. These Ti bins are on the 
order of the corresponding irradiation temperature uncertainties.  In general, the SP irradiation 
data have larger uncertainties in Ti. The test temperature Tt is also a very important variable. 
Most often the Δσy data is reported for Tt ≈ Ti or Tt ≈ room temperature (≈ 23°C), and sometimes 
both. The Δσy generally decreases with increasing Tt. Thus, we analyzed available datasets to 
quantify this effect. However, since there is much more available data, the Δσy results presented 
in this section are for nominally Tt ≈ Ti, except for Ti < 220°C, where most of the data is for Tt ≈ 
23°C. In a few cases where only Tt ≠ Ti data are available, the data for Tt ≈ Ti ± 50 ºC were also 
included.  
 
A1.2a Analysis of the Δσy Data [7-12,14,23,29-66] 
 
A useful general fitting expression for Δσy is 

Δσy = Δσys[1-exp(-dpa/dpao)]
p
   +  Δσo     (A1.1) 

Here Δσys is a saturation hardening, dpao specifies the dose transient prior to saturation, and p is 
an effective dispersed-barrier hardening exponent. The constant hardening increment, Δσo, 
allows for either a) a very rapid, but saturating, low dose hardening mechanism; or b) a threshold 
dose for the initiation of hardening. The saturating form of Equation 1 can be physically related 
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to the depletion of solutes, in the case of a precipitation hardening mechanism, or an excluded 
volume type effect in the case of the accumulation of displacement damage-type defects. The 
initial rate of hardening is characterized by Δσys/dpao

p. 
 
More complex forms and detailed physical treatments could be used, but they must be based on 
comprehensive microstructural observations and more detailed mechanistic understanding and 
models than are within the scope of this initial analysis. In the case of simple dispersed barrier 
hardening with one type, size and strength of hardening feature, and with a number density that 
initially increases linearly with dose, p ≈ 1/2. This is the so-called Makin and Minter model 
[30,31]. However, p may deviate from a value of 1/2 for a wide variety of reasons. These include 
combinations of increases in the size of a fixed number of features, size-dependent feature 
dislocation obstacle strength, distributions in the number, sizes and strengths of features and 
superposition of the various contributions to the overall strengthening. However, in view of the 
limitations of the present database, and the desire to make cross-comparisons between alloy 
classes and different Ti, we sought simplicity and consistency in the first-iteration fitting form, 
rather than additional complexity. Thus, we fixed a value of p = 1/2 and Δσo = 0. Note that this 
fitting expression has the advantage that low dose data can be used to obtain estimates the 
combined k = Δσys/√dpao fit parameter, even in the absence of high dose data. Thus broad trends 
in the Δσys and dpao can then be used in such cases to derive a self-consistent model within the 
range of the data.  
 
Figure A1.1a to g shows plots of Δσy versus √dpa for Ti bins of: a) 25-220°C (nominal 120°C); 
b) 250-280°C (nominal 265°C); c); nominal 300°C, d) 300-360°C (nominal 330°C); e) 365-
390°C (nominal 380°C); f) 400-440°C (nominal 420°C); g) and > 440°C (nominal 500ºC) [4,7-
12,14,23,29,32-66]. The black solid lines are Δσy = kσ√dpa fits for the low dose data (note, kσ ≈ 
k) and the black solid-double-dashed lines are the fits for the saturating form given in Equation 1 
with p = 1/2 and Δσo = 0. In the case of neutron irradiations different filled symbols are used to 
code the alloy class with circles, diamonds and squares for F82H, 9Cr-W and 9Cr-Mo alloys, 
respectively. The first-iteration fits are for irradiations with neutrons and SP (open symbols) and 
for all the alloy classes in each of the nominal Ti bins. 
 
Figure A1.1a shows the results for Ti < 220°C. The majority of the data is for SP irradiations of 
9Cr-1Mo steels, primarily from LANSCE irradiations (open symbols) with ≈ 150 appm He/dpa, 
while the partially filled diamonds show the data from SINQ irradiations with ≈ 60 to 83 appm 
He/dpa. The overall scatter bands for the SP and neutron irradiations overlap. Farrell reported 
that the heavy dashed line shown in Figure A1.1a, which falls near the top of the SP irradiation 
scatter band, provides a good fit for both the SP and neutron data for irradiations in the High 
Flux Isotope Reactor for doses between ≈ 0.05 and 1 dpa [48]. However, most of the LANSCE 
Δσy data, at the highest He/dpa, tend to fall at the top of the SP irradiation scatter band in Figure 
A1.1a, and hardening continues to a higher dpa in this case. Thus this may signal the onset of an 
effect of helium on Δσy at very high He/dpa. But, there are also a few LANSCE data points lying 
at the lower bound of the scatter band, and the overall mean trend of both the neutron and SP 
irradiation hardening data appears to be saturating at Δσys ≈ 390 MPa at a low dpao ≈ 0.8 dpa, 
albeit with very large uncertainty limits.  Thus the effect of helium on hardening at low Ti 
remains somewhat ambiguous. The single HI irradiation Δσy data point, with a high He/dpa ratio 
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≈ 6300 appm/dpa, falls substantially above the scatter bands for both the SP and neutron 
irradiations.  
 
In the case of Ti ≈ 265°C, shown in Figure A1.1b, most of the data is for neutron irradiations, 
except of a few SP data (50-83 appm He/dpa) including the highest dose irradiations to ≈ 9 dpa. 
The latter was used to fit the saturating form for Δσy. Saturation nominally occurs at a much 
higher dose, with dpao ≈ 6.4, than for the Ti = 120°C irradiations.  There does not appear to be a 
large and systematic difference in the Δσy for the various alloys classes. The nominal saturation 
Δσys ≈ 460 MPa, is actually slightly higher at 265°C, compared to the lowest Ti ≈ 120°C. The 
hardening rate for HI irradiations is again substantially higher than for neutrons. 
 
The data shown in Figure A1.1c is based on a recent set of neutron irradiation Δσy data reported 
by Rensman and Lucon [8,29] for a narrow range of Ti ≈ 300°C. The data for various Tt have 
been adjusted to a common value of 300°C. The 9Cr-W data in this case are for various heats of 
Eurofer. Although limited to doses less than 10 dpa, the 300°C results constitute a very high 
quality dataset and can be considered a lynchpin for other parts of the database and analysis. 
While the dose does not reach saturation levels, the data are sufficient to provide reasonable 
estimates for both Δσys ≈ 490 MPa and dpao ≈ 6.8 dpa. As shown below, the 300°C Δσys is 
higher than at any other Ti, but both the Δσys and dpao are reasonably consistent with 
extrapolations of the trends at higher and lower Ti. The heavy dashed line shows an extrapolation 
of the typical hardening predicted for low Cu (< 0.07%) low alloy (C-Mn-Si-Mo-Ni) quenched 
and tempered bainitic RPV steels irradiated at ≈ 290°C to a much lower maximum dpa of < 0.06 
dpa, is in remarkably good agreement with initial Δσy trend for the TMS alloys in the dose range 
up to several dpa [67,68]. With the exception of two spallation proton irradiation data points 
(≈80 appm He/dpa), the Δσy at Ti = 330°C shown in Figure 1d are for neutron irradiations. Note, 
this dataset also includes some F82H and Eurofer data at Ti = 300ºC previously reported by 
Rensman. There is an apparent trend towards saturation at a higher dpao ≈ 7.7 dpa than at both Ti 
= 265°C and 300°C. In general the Δσy data for the 9Cr-1Mo alloys fall above the hardening in 
the F82H and 9Cr-W alloys, with the SP irradiation data lying near the lower bound of the scatter 
band for this steel class. In this case, the nominal saturation Δσys ≈ 420 MPa is lower than that 
for both the 265 and 300°C irradiations.  
 
As shown in Figures A1.1e and f, the data is much sparser at Ti ≥ 380°C, but, in this case, extend 
to a significantly higher dpa for the irradiations which were carried out in fast reactors. The Δσys 
= 119 MPa at Ti = 380°C and = 57 MPa at 420°C are much less than for the lower Ti.  There is 
no low dose data in the transition in these cases to evaluate dpao. Thus we used extrapolations of 
the trend in Δσys/√dpao from lower Ti to estimate dpao in this case. The Δσy for the 9Cr-1Mo 
alloys are again higher than for the other steels (note, there is no F82H data at Ti = 380°C). There 
is a tendency towards modest softening (Δσy < 0) at Ti > 440°C. Much higher hardening is 
observed for the HI irradiations at both Ti = 420 and > 440°C. 
 
Clearly, the reduced variable datasets are highly scattered. However, this is not surprising since, 
in addition to lumping various alloys within a broad class, there are a variety of sources of 
uncertainty and potential biases in the data and a range of Ti and Tt, within the various data 
groupings. However, in spite of the scatter, the fits can be used to establish broad trends in the 
database. Cross-plots of the fit parameters as function of Ti are shown in Figure A1.2. Figure 
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A1.2a plots the initial hardening rate coefficient k = Δσys/√dpao, the Δσy at 2 dpa and the 
saturation hardening, Δσys.  The Ti-dependence of the Δσy parameters decreases with increasing 
dose below Ti ≈ 300°C, but remains strong at higher Ti even for Δσys. The dot-dashed lines show 
a temperature dependence predicted by a relation 

Δσy(T) = fT(T)Δσy(Tr)        (A1.2) 

Here fT(T) is a function independently derived by Jones and Williams for very low dose 
irradiation hardening of both C-Mn ferritic and RPV bainitic steels [69]. The reference 
temperature, Tr, at fT(Tr) = 1 is taken as 300°C. The agreement between the predictions based on 
data fit for very low dose ferritic and bainitic steel irradiations and the trend for much higher 
dose Δσy(Ti) data for TMS alloys is striking, and lends considerable confidence to the results of 
the analysis shown in Figure A1.2a. Figure A1.2b shows the saturation dose parameter, dpao, 
increases systematically with increasing Ti up to ≈ 330°C, and then apparently decreases at 
higher Ti. Due to the paucity and scatter in the data, however, the estimates of Δσys (at lower Ti) 
and dpao (at higher Ti), are very uncertain, indicating the need for additional data. Nevertheless 
the average trends are systematic and reasonably self-consistent compared to interpolations at Ti 
both above and below 350°C.  
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Figure A1.1. The √dpa dependences of Δσy for the temperature bins: (a) 25-
220 ºC (nominal 120ºC); (b) 250-280 ºC (nominal 265ºC); (c) 300 ºC; (d) 
300-360 ºC (nominal 330ºC); (e) 365-390 ºC (nominal 380ºC); (f) 400-440 
ºC (nominal 420ºC); and. (g) > 440 ºC (nominal 500ºC) 
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Figure A1.2 (a) The Ti dependence of the initial hardening rate, k = Δσys/√dpao (MPa/√dpa), hardening at 2 dpa, and 
the saturation hardening, Δσys, evaluated from the fits to the data shown in Figure A1.1 a-g. The corresponding fT 
functions from Jones and Williams [69] normalized at 300 ºC are also shown as the dotted-dash lines; (b) The Ti 
dependence of the dpao. The values for the three higher temperatures (open symbols) were estimated by combining a 
linear fit of the k data points shown in Figure A1.2a and Δσys. (c) The g(Tt) (solid line) from Rensman and fit to the 
UCSB σy(Tt)/Δσy(25 ºC) database (dashed line). 
 
 
As noted above, Rensman has suggested that the effect of test temperature can also be treated by 
a dose-independent adjustment factor, g(Tt) = Δσy(Tt)/Δσy(25°C) that he derived from his Ti ≈ 
300°C database [8]. This g(Tt), is shown in Figure A1.2c along with the corresponding g(Tt) for 
sets of Δσy(Tt) in our database for 250 ≤ Ti ≤ 300ºC. The data are restricted to Tt ≤ Ti + 50°C to 
avoid excessive damage annealing. The results scatter around the Rensman’s g(Tt) but yield a 
similar mean trend shown by the dashed least squares fit line. Note that Rensman also found that 
g(Tt) shows a larger decrease in Δσy with increasing Tt for lower Ti ≈ 60°C, which is probably 
due to annealing effects.  
 
Figure A1.2 constitutes a first-iteration model for Δσy(dpa,Ti) for Ti ≈ Tt. Figure A1.3 shows 
model predictions of Δσy(dpa) created for Ti = Tt from 200 to 500 ºC using linear regression of 
k(Ti) and interpolation of Δσys.  The Δσy(dpa,Ti) model expression between the actual and 
nominal Ti can be used to adjust the individual data to a common set of conditions. The results of 
adjusting the Δσy for the irradiations between Ti ≈ 250 and 360°C to a common Ti = Tt = 300°C 
are shown in Figure A1.4. While there is considerable scatter, primarily due to uncertainties in 
Ti, clear separation of the data by the alloy group is observed. Equation A1.1 can be fit to the 
individual alloy subsets of data. The dpao/σys (dpa/MPa) are 7.7±2.7/431±53, 5.4±1.7/395±68, 
10.2±4.6/590±62 and 7.2±0.9/510±22, for F82H, 9CrW, 9CrMo and Eurofer97, respectively. 
The standard deviation between the measured and predicted values is ≈ 59, 55, 57 and 22 MPa 
for F82H, 9CrW, 9CrMo and Eurofer97, respectively. The limited SP irradiation Δσy for F82H 
follows the neutron irradiation trends while those for 9CrMo appear to fall below the fitted trend, 
but this may be due to the fact that those specimens were irradiated ≈ 50ºC higher temperature 
for the last 15% of the dose [10]. Further refinement of the model, in part based on analysis of 
the residuals, will be carried out in the future. 
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In closing we add one important caveat to this analysis. Specifically, the dpa range is limited to 
relatively low doses, especially for data at Ti ≤ 380°C. Thus these results should be revised as 
additional data becomes available, and extreme caution should be applied in extrapolating the 
results to higher dpa, where high dose softening has been reported at Ti≈ 400ºC [65], as well as 
general softening for higher Ti ≥ 430ºC [32, 39,41,43,58,70,71]. 
 
 
A1.2b Framework to Assess Various Embrittlement Mechanisms 
 
In this section we describe the framework to better assess several different mechanisms of 
irradiation embrittlement, including irradiation hardening and various non-hardening 
embrittlement (NHE) processes. It is noted that this framework has been used to design a series 
of experiments that are being conducted as part of the US-Japan collaborative irradiation 
program in the High Flux Isotope Reactor (HFIR).  
 

1) “Brittle’ fracture occurs in bcc alloys when the elevated normal stress (σn = Mσy) in front 
of a notch or crack tip exceeds a critical local fracture stress for transgranular cleavage 
(σc*) or intergranular (σig*) fracture over a critical microstructural volume of material 
(V*), or σn(V*)  ≥ σc*. Here, σy is the yield stress and M is a constraint factor that varies 
between about 2 to 4 depending on the notch/crack geometry and the alloy strain-
hardening rate [1,72,73].   

 
2) At low irradiation temperatures (< ≈ 375-400°C), and in the absence of high levels of 

helium embrittlement, (ΔTc) is due to irradiation hardening and can be correlated with 
changes in yield stress (Δσy), as ΔTc = CΔσy [1,15,72,73]. For Charpy impact tests. the 
value of the hardening-embrittlement coefficient Cc depends on both Δσy and the elastic 
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cleavage transition temperature and upper shelf energy of a particular unirradiated alloy 
[72].  

 
3) As has been shown above at high irradiation temperatures (> ≈ 440°C) there is typically 

either little or no hardening, or even some degree of softening, with Δσy ≤ 0. However, 
positive ΔTc may occur in this temperature regime as the result of reductions in σ* due to 
irradiation enhanced thermal aging processes [1]. Such NHE processes include 
precipitation or coarsening of brittle phases, grain boundary segregation of solutes, such 
as phosphorous, and instabilities in the tempered martensitic substructure [1,24,74,75]. In 
8-10Cr martensitic steels containing significant quantities of tungsten, a primary non-
hardening embrittlement mechanism is precipitation of brittle Laves phases on prior 
austenitic grain boundaries (PAGs). Purely thermal NHE occurs at ≈ 500°C and above; 
but it appears that radiation enhanced diffusion decreases the lower leg of the time-
temperature NHE C-curve to about 400°C or less [1]. This is a concern, since 
combinations of Δσy and NHE may give rise to very large ΔTc. Significant NHE is 
signaled by large, or alternatively, negative (when ΔT > 0 and Δσy < 0) values of Cc and, 
often, a transition from transgranular cleavage (TGC) to intergranular fracture (IGF).    

 
4) The accumulation of helium and hydrogen on PAGs may also lead to NHE. We will 

focus on the potential effect of large amounts of helium on NHE, but in some cases this 
may be difficult to distinguished from a corresponding high concentration of hydrogen.  
The distribution of helium on the grain boundaries is critical. For example, a coarse 
distribution of large bubbles would be expected to have a modest effect on ΔTc, while a 
monolayer-type film of boundary would likely be most damaging [1].  

 
5) As noted above, NHE mechanisms are generally associated with a transition from a TGC 

to IG local fracture mode. While oversimplified, a conceptual model of the competing 
effects TGC versus IGF is very useful. The model posits that the TGC continues to be the 
fracture path of least resistance as long as it has a lower critical stress than that for IGF. 
Thus, gradual weakening of the PAGs by helium (and/or other mechanisms) would not be 
reflected in IGF until σig* falls below σc*, where ΔTc depends synergistically on both 
σig* - σc* (< 0) and Δσy. Of course in reality the transition would not be abrupt and the 
conceptual model is oversimplified. 

 
6) High levels of helium may also contribute an increment of hardening beyond that due to 

displacement damage alone. However, as noted previously, the incremental hardening 
appears to be modest up to fairly high concentration [9,10,16,76], at least at lower 
irradiation temperatures.  

 
7) A number of experimental studies have used nickel doping to produce high 

concentrations of helium by two-stage 58Ni(nth,γ) -> 59Ni(nth,α) reactions. It is well 
established that nickel additions result in additional hardening at lower irradiation 
temperatures [33,77-79]. This may be due to enhancement of hardening from defect 
clusters as well as fine scale nickel enriched precipitates [80,81]. More generally, nickel 
additions change the transformation temperatures and kinetics in quenched and tempered 



16 

steels, hence, modifying the overall 
microstructure. Thus increases in ΔTc 
associated with nickel doping may, or may 
not, be due to helium.  

 
8) Doping with boron isotopes (natural boron is 
≈ 0.2 10B and 0.8 11B) can also be used to 
produce large quantities of helium from the 
10B(n,α)6Li thermal neutron reaction. 
However, the solubility of boron in steels is 
extremely low, and boron doping is also 
confounded by: a) the non-uniform 
distributions, which tends to segregate boron 
at PAGs and other interfaces and/or to form 
boride precipitate phases; b) boron’s general 
effects on the microstructure and properties 
of quenched and tempered alloys; c) boron’s 
role in strengthening grain boundaries; d) 
the production of equal amounts of 
transmutant lithium and helium while 
eliminating boron; d) very rapid 
transmutation and burn-out of boron at relatively low dpa; and, e) at low doses, excess 
dpa due to recoils from the boron n,α reactions.  

 
9) The effects of such confounding factors can be partially mitigated by careful 

experimental designs. For example, comparisons of ΔT in paired alloys doped with either 
58Ni or 60Ni (alternatively 10B or 11B) can help isolate the independent effect of helium. 

 
Within this framework the next section evaluates the relation between ΔTc and dpa and between 
ΔTc and Δσy. The ΔΤc/Δσy relation is then used to assess the contributions of NHE, including 
potential effects of high levels of He.  
 
 
A1.2c Analysis of the ΔTc Data  
 
We carried out a similar analysis of ΔTc as a function of dpa and Ti. However, in this case, the 
alloy classes were analyzed separately, since there were more significant differences between the 
various steels and a common Ti binning was not as useful. The data [4,7,20,22,26,27,50-58,82-
96], which in most cases were very scattered, could be reasonably fit using a simpler non-
saturating function 
 

ΔTc = kc√dpa         (A1.3) 
 
Figure A1.5 shows a cross plot of kc from the fits as a function of Ti. The 9Cr-Mo and F82H 
alloys show the lowest and highest kc, respectively, with the 9Cr-W steels generally falling 
between, but closer to F82H. The Ti dependence of the kc is in reasonable agreement with the 
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corresponding Ti-dependence of the initial irradiation hardening as shown by the various solid 
and dashed lines in Figure A1.5 that are Δσy(2dpa)/√2 multiplied by ΔTc/Δσy conversion factors 
of = 0.18, 0.30 and 0.38°C/MPa for the 9Cr-Mo, 9Cr-W and F82H, respectively. Notably, these 
values of ΔTc/Δσy are much less than the ΔTo/Δσy ≈ 0.58±0.1°C/MPa found in for fracture 
toughness reference temperature shifts [1]. In the case of F82H, a significant ΔTc persists in the 
Ti > 400°C, when irradiation hardening is minimal, or when softening is observed. Note that 
high, and even negative values, of ΔTc/Δσy are also observed in the Schneider’s database for Ti = 
450°C. 
 
Figure A1.6 plots the available paired ΔTc and Δσy datasets, including results from the 
preliminary assessment of Schneider’s database. In the latter case, the Δσy is based on 
measurements of changes dynamic yield stress. Figure A1.6a shows the results for Ti < 400 and 
Figure A1.6b is for 400 ≤ Ti ≤ 450°C.  Where possible, the Δσy are for Tt = 25°C. However, the 
Tt = 25°C data is limited for static tensile test measurements of Δσy, and the open symbols are 
for cases when only Tt ≈ Ti are available. The lines show the nominal and ± one standard 
deviations fits for static tensile data only. Note the data with Δσy < 0 are not used in these fits. 
Once again, the data are highly scattered. The fitted ΔTc/Δσy are ≈ 0.38 ± 0.18°C/MPa for Ti < 

400 and 0.76 ± 0.42°C/MPa for 400 ≤ Ti ≤ 450°C bin. Schneider’s database also showed similar 
trends with ΔTc/Δσy ≈ 0.41 ± 0.17°C/MPa for Ti < 400 and 0.75 ± 1.07°C/MPa for Ti ≥ 400°C 
bin. Figure A1.7 shows the ΔTc/Δσy as function of Ti, where the static and dynamic (d) 
ΔTc/Δσy/yd were averaged over the various Charpy Ti-bins. Error bars show the standard 
deviation in each Ti bin. Both static and dynamic ΔTc/Δσy are ≈ 0.4 up to Ti ≈ 360ºC, increasing 
to > 1°C/MPa with very large scatter at Ti=450. These trends are consistent with those observed 
for F82H and the 9Cr-W steels in Figure A1.6, showing that ΔTc/√dpa persists above 400°C 
when  Δσy is ≈ 0, or is even < 0. 
 
These results lead to two very important conclusions: 
 

 

0

100

200

300

400

500

600

700

-100 0 100 200 300 400 500 600

F82H

9CrW

9CrMo

Schneider's[89]

!
T

c (
ºC

)

!"
y
(MPa)

T
i
 < 400ºC

T
t
 = RT

0

100

200

300

400

500

600

700

-100 0 100 200 300 400 500 600

F82H T
t
=T

i

F82H T
t
=RT

9CrW T
t
=T

i

9CrW T
t
=RT

9CrMo T
t
=T

i

9CrMo T
t
=RT

Schneider's[89]

!
T

c (
ºC

)

!"
y
(MPa)

T
i
 ! 400 ºC

b.a.

 
Figure A1.6. ΔTc versus Δσy (or equivalent) plots from paired datasets from (a) Ti < 400 and (b) Ti ≥ 400 ºC. 

 
 



18 

• The ΔTc/Δσy irradiations at Ti < 400°C are 
generally less than the corresponding 
fracture toughness indexed ΔTo/Δσy shifts. 
Thus the ΔTc from sub-sized Charpy tests 
are probably non-conservative, and may 
seriously underestimate the embrittlement 
potential of TMS. Assuming a nominal 
ΔTo/Δσy ≈ 0.6±0.1°C/MPa and a maximum 
Δσy = 600 MPa leads to an estimated ΔTc ≈ 
360±60°C. Later we will show that the 
ΔTc/Δσy, hence presumably ΔTo/Δσy as 
well, may be even larger for steels 
containing high levels of helium, which 
would likely result in unacceptable To 
values. 

 
• The ΔTc/Δσy are larger for irradiations at Ti 
≥ 400°C; and in some cases ΔTc > 0 for Δσy < 0, indicating a contribution of NHE. 

 
 
A1.2d Non-Hardening Embrittlement and He Effects Analyzed Using the ΔT-Δσy Relation 
 
The persistence of ΔTc to higher temperatures and large or negative values of ΔTc/Δσy signal a 
non-hardening embrittlement (NHE) contribution. There are several potential sources of NHE 
that occur primarily at higher temperatures under thermal aging conditions, including some that 
may also be assisted by irradiation, such as precipitation (Laves) and coarsening (carbides) of 
brittle grain boundary phases, grain boundary segregation of trace impurities, instabilities in the 
dislocation and lath-packet substructures leading to larger effective subgrain sizes, and high 
concentration H. High levels of He area major source for NHE.  
 
Since the effects of fusion relevant helium levels on hardening appear to be modest, the major 
issue is the potential role of helium in NHE. The framework outlined above has been 
incorporated in recent experiments. For example, a single variable experiment is being carried 
out to compare the ΔTo, Δσy and Ck for TMS doped with 58Ni and 60Ni isotopes as well as natural 
Ni; and another experiment is planned that will use alloys doped with 10B and 11B isotopes. 
However, these principles are generally not reflected in past studies. Indeed, most previous 
experiments did not even include tensile specimens to provide Δσy data as a complement to the 
ΔTc measurements from sub-sized Charpy tests; and even the simple expedient of microhardness 
measurements to estimate irradiation hardening was rarely exploited. Further, there have been 
relatively few fractographic studies to characterize the local fracture mode, and any transitions 
from TGC to IGF in irradiated alloys as a function of helium content.  
Nevertheless, it is still possible to analyze existing data to try to detect, and even quantitatively 
estimate, the potential helium NHE by examining the relation between ΔTc and Δσy and/or Cc = 
ΔTc/Δσy. Large increases in Cc with increasing helium signal a NHE helium contribution and 
vice versa. Of course, even if Cc appears to increase with helium, a corresponding NHE is not 
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assured due to the confounding factors.  Further, uncertainties in Cc must also be considered. 
Even relatively optimistic estimates of uncertainties of only ±10°C in ΔTc and ± 20 MPa in Δσy 
result mean uncertainties in Cc of ≈ ±10/ΔTc (°C/MPa) for an actual Cc = 0.4°C/MPa. Thus a 
relatively large scatter in Cc values should be entirely anticipated, particularly at small ΔTc, and it 
is always useful to examine ΔT versus Δσy scatter plots as well as the trends in Cc. Of course 
there are other indicators of helium to NHE. The most significant is the transition from TGC to 
IGF above some critical level of helium [10,12,16]. 
 
There are pertinent data from spallation proton irradiations based on the so-called small punch 
tests (sp) that can be used to estimate both irradiation hardening and transition temperature shifts 
[12,13]. However the small punch technique is not a true fracture test per se.  An effective yield 
stress (σyp) and corresponding irradiation hardening (Δσyp) are evaluated based on the 
nonlinearities in punch load-displacement curves. An effective transition temperature (Tsp) and 
corresponding irradiation induced shifts (ΔTsp) are determined by plotting the integrated load-
displacement energy at fracture, measured at the point of a large load drop, as a function of the 
test temperature. Since small punch tests inherently involve static, low constraint conditions, 
with small values of M (or ratios of the maximum principal stress relative to the σy) the brittle 
(TGC or IGF) to ductile transition, if any, occurs at temperatures that are much lower than for 
standard, and even sub-sized, Charpy impact tests; and the corresponding shifts in ΔTsp, due to 
irradiation embrittlement, are also much lower than ΔTc.  An empirical adjustment of ΔTc

(sp) ≈ 
2.5ΔTsp is used here to evaluate ΔTc

(sp)  and Cc [12,13,15,97,98]. Finally, while highly unusual in 
steels, brittle fracture may also occur in tensile tests with lower bound values of M ≈ 1. As noted 
above this implies a very low value of the critical brittle fracture stress. However, even in a 
tensile test M is somewhat greater than 1 in the necked region beyond the uniform strain limit.  
The maximum M increases with necking, and can be related to the reduction in area at fracture 
and the corresponding tri-axial stress state in the necked region.  
 
Figure A1.8a and b summarizes the very limited available Charpy-tensile test ΔTc versus Δσy 

data with helium variations in nominally similar alloys with and without nickel or boron doping 
for irradiations at ≈ 300 and 400°C respectively [26,52,55,56,82,87,91,99]. Helium content 
shown in parenthesis is common for both of Charpy and tensile specimens except for some cases 
where data for a common condition are not available; in these cases, both values of 
(Charpy/tensile) specimens are shown. The dashed lines indicate the scatter in the general 
database for ΔTc versus Δσy. Two data sets are for a 9CrMo alloy both undoped and doped with 
2%Ni irradiated at 300 and 400°C. The nickel doping results in increases in He from ≈ 14 to 234 
and 33 to 369 appm in these two cases, respectively. Both the doped and undoped alloys fall on 
virtually the same ΔTc versus Δσy line with Cc ≈ 0.40°C/MPa at 300°C and Cc ≈ 0.82°C/MPa at 
400°C. Thus while the nickel addition increases the Δσy in both these cases, there is no 
independent NHE effect of either nickel, or helium, indicated by this data set. The corresponding 
ΔTc for a 9Cr2W alloy doped with 2% nickel irradiated at ≈ 300°C with ≈ 115 appm He falls 
slightly above the ΔTc versus Δσy line for the corresponding undoped steel with ≈ 5 appm 
helium, with Cc of 0.44 and 0.32 °C/MPa respectively. However, both are well within the overall 
ΔTc versus Δσy and Cc scatter band.  A generally similar result is found for natural B doped 
F82H and JLF1 steels irradiated at 300°C, with ≈ 23-40 appm He, compared to undoped alloys 
with ≈ 3 appm He. These results may suggest a slightly stronger effect of boron compared to 
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nickel doping, with values of ≈ 0.53 and 0.75 (high helium) versus 0.43 and 0.58 (low helium), 
respectively.  
 
The ΔTc versus Δσy for the 12Cr1Mo Ni-doped and undoped alloys in Figure A1.8a and b also 
show no effect of helium and the data all fall within the normal scatter bands [26,91,99]. 
However, a recent review paper included 300°C data on F82H doped with various isotopes of B 
showed a systematic increase of Cc with increasing helium up to 340 appm [100]. Thus these 
results may also suggest a stronger effect of boron compared to nickel doping, perhaps due to B 
segregation to PAGs. Overall, however, the very the limited nickel and boron doping data show 
little effect of helium on Cc up to concentrations ≈ 350 appm.  
 
Dai and co-workers have reported a nearly linear correlation between the helium level and ΔTsp 
for spallation proton irradiations of 9Cr1Mo T91 and F82H steels at nominal temperatures 
between ≈ 90 to 275 °C from ≈ 2.5 to 9.4 dpa producing ≈ 140 to 770 appm He [12,13]. Note the 
temperatures, He levels and dpa generally increase in tandem. Figure A1.8c plots the small 
punch ΔTc

(sp) versus Δσyp data. The helium levels and nominal irradiation temperatures are 
shown in the parenthesis near each data point. At the intermediate helium levels, the data fall in 
the lower region of the overall ΔTc versus Δσy scatter band for this irradiation temperature range 
shown by the dashed lines.  Jia and Dai also noted the fact that these data fall in the general 
scatter band of ΔT versus dpa for neutron irradiations [13].  However, there is a distinct break in 
the ΔTc

(sp) versus Δσyp trend for the data points at 680 appm He in F82H and 770 appm He in 
T91. Although the corresponding Csp values are neither particularly high, nor anomalous, the 
onset of significant amounts of IGF are observed in these cases, suggesting the emergence of a 
NHE contribution at very high helium levels.  Note, IGF is readily observed both on the fracture 
surfaces and as a network of grain boundary cracks on the bottom surface of the small punch disc 
as shown in the micrographs taken from reference 12.  (Figures A1.8d and 8e.)  
 
Of course, the SP-irradiation results based on small punch tests do not represent a single variable 
experiment, and interpretations of this data should be viewed with considerable caution. For 
example, high levels of hydrogen and other transmutation products may also play a role in the 
larger Cc observed at the highest spallation proton dose, confounding unambiguous conclusions 
about the effects of helium acting alone. Figure A1.8c also shows ΔTc

(sp)  versus Δσym data for 36 
MeV α-ion irradiations to 100 and 600 appm He at 115 ± 35 °C based on assessments of ΔTsp 
and hardening evaluated using Vickers microhardness tests (Δσym) [15]. In this case, the ΔTc

(sp)  
versus Δσym data fell near the top of the general scatter-band, but there is essentially no effect of 
higher helium on the ΔTc

(sp)  versus Δσym relation. 
 
Another useful source of paired ΔTc-Δσyd data has been developed by Schneider and co-workers 
on a variety of steels that ‘happen to have’ different natural boron contents [21,22,91,92]. The 
Schneider database includes mixed spectrum neutron irradiations from 0.2 to 2.4 dpa at 
temperatures between 250 and 450°C that produce up to ≈ 120 appm helium. Based on empirical 
plots of ΔTc versus helium for subsets of this database, various authors [20,23] have also 
suggested a dominant role of helium on embrittlement. Indeed, fits to the overall database for Ti 
< 400°C do result in a weak correlation that would indicate a strong effect of helium, that would, 
if true, result in an enormous ΔTc ≈ 1080°C at 1000 appm He. Note, the 450°C data indicates that 
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ΔTc decreases with increasing helium, but is excluded from this analysis, since the Cc are very 
scattered and, as expected, are on average systematically larger than those observed at lower 
irradiation temperatures, indicating a NHE mechanism that is not related to helium.  This is 
consistent with other observations of increased Cc at higher irradiation temperatures, but is not 
pertinent to the assessment of NHE due to helium. Even restricting the analysis to 400°C or less, 
the ΔTc versus helium data is very scattered and the statistical significance of the apparent 
correlation is low, with r2 ≈ 0.21. 
 
However, a much more significant shortcoming of this sort of analysis is that it neglects the large 
range of Δσyd in the irradiated steels. This masks the combined effects of both differences in 
dose (dpa) as well as the wide range of metallurgical variables representing the various alloys in 
the Schneider database. Both Δσy and Cc = ΔTc/Δσy (here, the dynamic yield stress increase) 
hence the corresponding ΔTc, depend on these variables, in a way that is largely independent of 

 

 
Figure A1.8 (a and b) The ΔTc versus Δσy for data with helium variations due to B or Ni-doping in otherwise in 
nominally similar steels irradiated at: (a) 300 ºC; and (b) 400 ºC. (c) SP irradiation small punch test ΔTsp versus Δσyp 
data with corresponding helium variations. (d) The fracture surface and (e) the bottom surface of punch-tested 
specimen with 770 appm He at 9.4 dpa showing a dominance of IGF 
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either the alloy boron or helium content. Note, Cc itself also increases with Δσy and depends on 
the alloy microstructure and unirradiated Charpy properties [5]. At lower irradiation 
temperatures, Δσy is the most significant factor in controlling ΔTc, thus it must be accounted for 
before attempting to evaluate any potential effects of any other variables. 
 
Notably, three of the alloys with the highest boron contents in the Schneider database also 
contained significant quantities of nickel (0.66 to 0.92%Ni). At 300°C, the Δσyd in these nickel-
bearing alloys is higher by an overall average factor of ≈ 1.6±0.25 relative to a set of nominally 
similar nickel free alloys. Indeed, there is a systematic overall correlation between Δσy and the 
alloy nickel content. The nickel sensitivity of Δσy decreases with increasing Ti, dropping 
significantly between 350 and 400°C.  The ΔTc versus Δσy generally fall in the same scatter band 
as the larger overall database for ≈ 8Cr TMS, as shown by the dashed lines. Figure A1.9a plots 
the corresponding Cc = ΔTc/Δσy as a function of helium content. Least squares fits show an 
apparent effect of higher helium increasing ΔTc only for the data for irradiations at 250°C; and in 
that case, the effect of helium is primarily manifested in the range below 50 appm He, so is not 
very credible.  The fits for the largest set of data for irradiations at 300°C show only a very weak 
apparent effect of helium, while at higher temperatures there is a negative association between 
helium and Cc. A best fit to all the Cc data in the Schneider database for irradiations at Ti ≤ 
400°C shown by the solid line, indicates a very weak, statistically insignificant, negative effect 
of helium. These results are not surprising, since all but one data point is below 100 appm 
helium. The scatter in Cc = 0.41±0.2 °C/MPa, shown by the horizontal dashed lines, is very 
consistent with the corresponding values for the larger overall TMS alloy database 
 
The band bounded by the short dashed lines on Figure A1.9b represent the general scatter plot 
for the Cc found in the previous analysis, indicating no, or a weak, effect of helium up to ≈ 350 
appm. Figure A1.9b also shows the relation between Csp and helium for the SP irradiation test 
data from Dai and Kasada as heavy dashed lines [12,15] normalized to a typical value of 
0.4°C/MPa at lower helium levels. The normalized Cc for the small punch test data exceed 
1°C/MPa at the highest helium level, consistent with a significant NHE of helium and the 
observation of IGF. 
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Figure A1.9 a) Cc = ΔTc/Δσyd for Schneider’s database as a function of helium content with a least squares fit 
line; b) Cc values from Schneider database along with paired lower-higher helium Cc values from SPI 
experiments shown as heavy solid lines 
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Another data set published by Henry and co-workers [10], at least indirectly pertinent to the issue 
of NHE, are the results of tensile tests at 25 and 250°C following SP irradiations of a 9Cr1Mo 
(EM10) steel in various thermo-mechanical treatment conditions at ≈ 260°C to ≈ 9.8 dpa and 750 
appm He. The alloy conditions included as-tempered (AT), as-quenched (AQ) and tempered and 
cold-worked (CW). A strong effect of the alloy thermo-mechanical treatment and test 
temperature was observed in this dataset. In three cases the specimens failed after considerable 
deformation at reductions in area (RA) from about 44-48% that were somewhat less than the 
corresponding RA of 58 to 68% in the unirradiated condition. The RA ductility varied with test 
temperature and thermo-mechanical treatment condition and increased with decreasing σy (given 
in the parenthesis) in the order: AT at 250°C (960 MPa); AT at 25°C (1150 MPa) and CW at 
25°C (1220 MPa). The fracture surfaces were a mixture of ductile microvoid coalescence and 
cleavage, with some IGF and transverse cracking. Assuming there is no strain hardening, the 
average fracture stress in the necked region is on the order of ≈ 2000 MPa consistent with typical 
values of σc* for cleavage. Indeed, the principal tri-axial stress would be even higher in the 
necked region, and this may compensate for some level of strain softening. The AQ alloy tested 
at 25°C had the largest σy of 1320 MPa and lowest ductility with a RA of only 2% and ≈ 100% 
IGF. Given the small amount of necking prior to fracture it is not unreasonable to assume that 
σig* = σy ≈ 1300 MPa, which is much lower than typical values of σc*. This low value may at 
least in part be due to the high level of helium. This conclusion is supported by the observation 
that the fracture mode was ≈ 100% ductile microvoid coalescence after neutron irradiations of 
the AQ alloy to a slightly higher strength σy ≈ 1330 MPa.  
 
Jung and co-workers [14] have reported the results of tensile tests at 25 and 250°C on EM10 and 
T91 after high-energy α-implantation at 250°C to 0.8 dpa and 5000 appm He. These irradiations 
result in high σy  = 1079 to 1217 MPa accompanied by very low ductility with the reduction in 
area (RA) ≈ 0% along with ≈ 100% IGF. The ductility was much higher and the σy much lower 
after α-implantations at 550°C.  The RA was much also lower for T91 tensile tests at 550°C 
compared to 25°C.   
 
While no firm conclusions can be drawn from the tensile data, it is extremely significant that ≈ 
100% IGF is observed at normal stress levels in the range of ≈ 1100 MPa  (5000 appm He) to 
1300 MPa (750 appm He). Further the results suggest that in addition to helium itself, NHE and 
IGF also depend on both the irradiation and test temperatures. Of course the presence of cracks 
or notches and/or high loading rates would make materials that are brittle even in a static tensile 
test, even more so in normal static fracture tests as well as under dynamic loading conditions.  
 
Based on the observation of an apparent helium enhanced Cc=ΔTc/Δσy > 0.4°C/MPa it is 
reasonable to assume that the corresponding toughness reference temperature shift would also 
increase with high helium to Co=ΔTo/Δσy > 0.6 °C/MPa. In combination with the model for 
Δσy(dpa,Ti) as shown in Figure 4, this hypothesis can be used to construct a simple model for 
ΔTc and ΔTo as  
 

ΔTc/o ≈ Cc/o(He)Δσy(dpa, Ti)       (A1.5) 
 
Based on the normalized Csp(He) trends in Figure A1.9b, we crudely estimate the Cc/o(He) as 
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Cc/o(He) = (0.4 or 0.6) + 0.0007(He - 500) °C/MPa  500 ≤ He ≤ 1500  (A1.6a) 

  
Cc/o(He) = 1.1 or 1.3 °C/MPa He > 1500     (A1.6b) 

 
Here we have taken the absolute rate of increase of Csp with helium above the threshold; using 
the normalized value would increase the helium coefficient by about a factor of ≈ 2. Figures 
A1.10 shows the resulting ΔTo and ΔTc predictions for Ti = 300ºC for typical fusion reactor 
(Figure A1.10a, He/dpa = 10 appm/dpa) and SP irradiation (Figure A1.10b, He/dpa = 100 
appm/dpa) environments. Figure A1.10 also shows the additional effect of dynamic (ε’d) versus 
static (ε’s) loading rate on the total shift. The To shift due to dynamic loading, ΔTd, is given by a 
strain rate compensated temperature Td which is higher than the equivalent static fracture 
temperature using the expression [101,102] 
 

ΔTd = Ts{[1+ 0.035ln(ε’d/ε’s)] – 1}      (A1.7) 
 
The predicted shifts are large from hardening alone and become enormous at high He levels. 
Assuming a starting Tc/o of -100°C, the irradiated Tc/o/d quickly reach values in excess of the 
irradiation temperature (≈ 300°C). Notably, To/d values of 400°C would result in unacceptable 
median toughness values of < 40 MPa√m, as well as lower shelf bounding toughness.   However, 
it is important to emphasize that these plots cannot be viewed as ‘predictions’, but rather they are 
meant to emphasize the potential importance of the synergistic high helium-high hardening 
effects. 
 
A1.3 Discussion, Summary and Conclusions 
 
The work reported here on developing and analyzing a comprehensive database on irradiation 
effects on the mechanical properties of ≈ 8Cr TMS alloys should be viewed as a first step, work 
in progress in a long-term effort. However, the preliminary evaluation of the Ti and dpa-
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Figure A1.10 Composite Cc/o/d(He) and Δσy(dpa) model predictions of ΔTo, ΔTc and  ΔTd (dynamic) for  Ti = 
300ºC for typical: (a) fusion reactor (He/dpa = 10 appm/dpa); and, (b) SP irradiation (He/dpa = 100 appm/dpa) 
environments. 
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dependence of irradiation hardening, Δσy, and embrittlement, ΔTc, has provided considerable 
insight that will help to guide future research. First, it is clear that the existing database is not 
sufficient. Future, experiments must strive to avoid uncontrolled variables and confounding 
variable combinations, as well as to provide sufficient detail to be compatible with inclusion in a 
high quality database. Such details should include explicit estimates of uncertainties in key 
parameters, such as the irradiation temperature, Ti. 
 
In spite of the limitations in the database, however, our analysis provided a first-iteration semi-
empirical model of the dpa, Ti and Tt dependence of Δσy and ΔTc. This model will be refined in 
the future, but demonstrates that very large Δσy approaching 500-600 MPa can be anticipated at 
high doses at Ti around 300°C, especially at lower Tt. There appear to be little systematic 
difference between hardening produced by spallation proton (SP) and neutron irradiations with 
very high and low He/dpa ratios, respectively. Our analysis also shows that neutron irradiation 
embrittlement is dominated by hardening below Ti ≈ 400°C for helium levels up to ≈ 400 appm. 
However, the hardening-shift coefficient, Cc = ΔTc/Δσy, for sub-sized Charpy tests, is lower than 
for fracture toughness reference temperature shifts, ΔTo. Thus ΔTc is a non-conservative measure 
of embrittlement. Clearly, future irradiation experiments must focus on establishing a 
comprehensive ΔTo  database  as well as for other fracture toughness properties, like ductile 
tearing resistance. 
 
Our analysis also suggests that a non-hardening embrittlement (NHE) contribution to ΔTc occurs 
at Ti > 400°C. The NHE can be rationalized on the basis of decreases in thermal aging 
temperatures due to radiation enhanced diffusion (RED), typically occurring at temperatures > 
500°C. While probably not a major issue per se, such NHE may act synergistically with 
hardening and other NHE mechanisms, such as those due to high concentration of and helium 
and possibly hydrogen.  
 
We have collected and analyzed a variety of data pertinent to the issue of the effect of helium on 
fast fracture by evaluating the relation between ΔTc and Δσy. The hardening-shift relation was 
assessed both in terms of ΔTc versus Δσy scatter plots and trends in Cc = ΔTc/Δσy. Large values 
of Cc, as well as transition from TGC to IGF, at high helium concentrations were used as 
signatures of possible NHE due to helium. While the data is scattered, and to some degree 
confounded by uncontrolled variables, the results suggest that up to concentrations several 
hundred appm, helium has little effect on Cc or ΔTc. However, at higher concentrations generated 
in SP and HI irradiations, the data is consistent with the hypothesis that accumulation of helium 
sufficiently weakens grain boundaries to the point where a NHE effect emerges as signaled by 
both higher Cc and IGF.  This hypothesis is also supported by the results of tensile tests on TMS 
in a both high strength irradiated state and implanted with very high concentrations of helium. 
Notably, previous fractography studies to characterize IGF have been very limited and should be 
a major focus of future work. 
 
A1.4 Recent Update 
 
We have continued to update the database with newly published data to finally accumulate total 
of 1123 tensile and 685 fracture data points. The model we developed in the early stage of the 
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project has been consistent with the updated database. Here are some comparisons with some 
new data that were obtained after irradiation to higher neutron dose and/or higher He levels.  
 
Figure A1.11a shows the model-data comparison at Ti ≈ 300°C for Δσy from about 12 to 42 dpa. 
Agreement is excellent for Eurofer97 and reasonable for F82H. However, both the 9Cr-2W and 
9Cr-1Mo Δσy data are significantly under-predicted by the model from by about 50 to 150 MPa.  
The hardening in the 9Cr-2W TMS, that is predicted to be lowest by the model, is observed to be 
slightly higher than for Eurofer97, which has a similar composition. Both the model and data 
indicate that the 9Cr-1Mo alloy has the largest Δσy.  
 
Figure A1.11b compares the model predictions for Ti = 300°C and a high He/dpa = 100 
appm/dpa, characteristic of spallation protons, to a recent compilation of shift data from 
irradiations at the SINQ accelerator target (STIP), for Ti ≤ 380°C. The predictions are based on 
an average 9Cr TMS Δσy using Equations 2 and 3.  Data are shown for a number of TMS alloys, 
for both ΔTc and disc bend (DB) test transition temperature shifts (ΔTD) using a calibrated 
conversion factor of ΔTc = 2.4ΔTD. Shift data for neutron irradiations, producing low levels of 
He, are also shown.  
 
The agreement between the model predictions and shift data is remarkable. The proton data 
confirm the prediction that high levels of He can lead to very high ΔTc, in excess of the 
previously estimated limit of 500°C.  
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Figure A1.11 a) Comparison of the Δσy model predictions for four alloy groups with recent data at higher dpa[107]; b) 
Comparison of the previously published ΔTc model predictions with recent data showing the drastic effect of high 
concentrations of He[108-109]. 
 
A2 Constitutive Laws For NFA   
Collaborators: Michael Salston, Kirk Fields 
 
We have also developed the similar mechanical properties and microstructure database for 
nanostructured ferritic alloys (NFAs) by collecting data from over 220 papers. The database now 
consists of 668 tensile, 92 fracture toughness, 290 Charpy V-notch, 298 microstructure, 611 
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creep, and 122 hardness data points. Analysis of the 
NFA database clearly demonstrates the superior 
strength of NFAs’ over a wide range of 
temperatures. As seen in Figure A2.1, the data also 
show the critical contribution of Y and Ti to high 
temperature strength.  
In addition to the literature data, we have also 
carried out a series of tensile and creep tests on 
MA957 from ambient temperature to 1000°C over a 
wide range of strain rates. Our objective is to 
characterize this alloy's constitutive properties. The 
yield (σy) and ultimate stresses, as well as the 
uniform and total elongation strains, were 
determined from the tests carried out on tensile 
specimens, with (gauge 0.5 x 1.2 x 5 mm), at a 
strain rate of 1.3x10-3/s. The results for the 
temperature (T) dependence of σy are shown in 
Figure A2.2 as the filled green cirlces. Our results are in good agreement with limited data 
reported by Hamilton et al. [106] on the same material, shown as the purple plus symbols. Yield 
stress data reported by Alamo et al. [107] on AE thick walled tubing, shown as blue diamonds, is 
slightly higher at high temperatures, and significantly higher at low temperatures compared to 
the AE MA957 bar. In contrast the σy for tubing, also reported by Hamilton at al, shown by the 
blue circles, is lower than the AE MA957 bar, especially at lowest temperature. In contrast, the 
blue squares are for MA957 that received post extrusion thermo-mechanical treatments (TMT) 
with a final annealing at 850 and 1150°C. Data for the Japanese J12YWT NFA [108] as well as 
TMS Eurofer 97 [109] is also shown for comparison. The latter TMT alloys are significantly 
stronger than AE MA957 bar. 
 
Figure A2.3 summarizes viscoplastic-creep data on various conditions of MA957 where the 
differences in strength are even more apparent. The data are represented in terms of a Larson 
Miller Parameter (LMP) versus stress. All the data, except that generated at UCSB is for creep 
rupture times (tr) as a function of stress and temperature. The temperature (°K) and rupture time 
(h) are used to compute a LMP = T[25+ log(tr)]. The UCSB data, shown by green filled circles, 
are based on the engineering stresses associated with an imposed strain rate (ε') at a specified 
temperature. After an initial yielding and creep transient the stress (load) approaches a constant 
plateau value in a small increment of strain. The strain rate can then be increased  (or decreased) 
to establish a new plateau stress. Thus these strain rate jump tests are very efficient in 
establishing the relation between stress and creep rate in the viscoplastic, high strain rate regime.  
The strain rate jump tests were carried out between 700 and 1000°C at nominal strain rates from 
10-1 to 10-7/s. In order to compare the results with the other MA 957 conditions the rupture time 
was estimated from a Monkmann-Grant relation: trε' = εr, where εr is the total rupture strain, 
taken as 0.15 in this case. While this is a very crude approximation, the tr is believed to be 
accurate within a factor of about 2, which moves the data by less than ± the width of the symbol. 
The tubing is much weaker than either the AE MA957 bar, and especially, than the even stronger 
TMT MA957 variants. The weakness of the tubing in the hoop stress direction is partly due to 
the crystallographic-microstructural-mechanical property anisotropy of extruded MA957. These 
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results have profound implications for optimizing the properties of NFAs. In particular, it is 
believed that the nanofeatures (NFs) are similar in the various alloys. Thus the TMT 
microstructures also have a major effect on the alloy strength. Indeed the effects of the NFs may 
be partly indirect, in stabilizing the TMT dislocation, subgrain and grain structures.  
 
As part of the effort to develop a high temperature constitutive model for MA957, we have also 
carried out a detailed analysis of a set of creep and creep rupture data on a number of NFAs, 
including a "strong" variant of MA957 reported by Wilshire and Lieu [110]. The creep rupture 
data from this paper is shown in Figure A2.3 as the open blue squares. Analysis of the creep rate 
data showed that Norton law fits to this MA957 had very high nominal stress exponent of n ≈ 
34.5 and corresponding activation energy of Q ≈ 795 kJ/mole.  
 

0

200

400

600

800

1000

1200

1400

1600

0 200 400 600 800 1000

As-extruded (Alamo)
Recrystallized (Alamo)
TMT (Alamo, Hamilton)
Biaxial Tubing (Hamilton)
As-extruded (UCSB)
12YWT (reported in Klueh)
Eurofer97 (Rieth)

T (ºC)  

10

100

1000

2 104 2.5 104 3 104 3.5 104 4 104

Biaxial Tubes (Hamilton)
PETMT (Wilshire)
PETMT (ORNL)
PETMT (Hamilton)
Eurofer97 (Rieth)
12YWT (reported in Klueh)
MA957 (UCSB)

LMP = T(K)*(30+Log [t
r
 (h)])

 
Figure A2.2 The σy of various MA957 alloys as a 
function of temperature. Data for 12YWT and Eurofer 97 
are included for comparison. The UCSB data is for a 
strain rate of 1.3x10-3/s. The σy for various TMT 
conditions of MA957 varies by about a factor of 2.  

Figure A2.3 LMP plots for various TMT conditions of 
MA957 showing strength levels that vary by up to a 
factor of ≈ 3. Data for 12YWT and Eurofer 97 are 
included for comparison. 

 
These results suggest that in this case creep is controlled by a threshold stress mediated by the 
alloy’s microstructure, below which the creep rates are negligible. Assuming nominal values n = 
5 and Q = 300 kJ/mole resulted and fitting the data for a threshold stress that is a high fraction of 
the reported high strain rate yield stress of the material. Fig. A2.4a summarizes the strain rate 
jump data and fitted Norton law stress exponents. The constant stress data are similar. These 
data, along with results from the literature,

 
were fit to a threshold stress (σt) creep model as: 

 
ε’ = A(σ – σt)

n
exp[-Qc/RT]    (A2.1)  

 
Fig. A2.4b shows the corresponding  σt as a function of temperature for literature and strain-and 
rate jump data, as well as the  σt/σy the ratio for the latter case. 
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Figure A2.4 (a) The strain rate jump creep data; and, (b) the threshold stress as a function of temperature for data 
from this study and Wilshire and the σt/σy for the UCSB data. 
 
 
A3 Facture Models For NFA 
Collaborators: Won-Jon Yang, Mathew J. Alinger, David Gregg; Charles C. Eiselt and Anton 
Moeslang (FZK) 
 
The fracture toughness and tensile data for MA957 were reported in an earlier publication [111]. 
Fracture tests were performed at various temperatures on pre-cracked a/W≈0.5, W = B 1/3 
Charpy sized (3.33x3.33x18.33 mm) bend bars in three orientations with respect to the extrusion 
direction shown in Figure A3.1: L-R - longitudinal/length-radial crack plane; C-R - 
circumferential-transverse/length-radial crack plane; and C-L - circumferential-transverse/length 
longitudinal crack plane. The elastic and elastic-plastic KJc(T) were evaluated in accordance with 
ASTM standard E1921 [112].  

 

Figure A3.1 The fracture specimen orientations referenced to the extrusion direction. 

A3.1 Micromechanical Fracture Model 
 
Cleavage fracture initiates by the rapid propagation of a cleavage microcrack from a broken 
brittle cleavage trigger particle in the highly stressed volume ahead of the crack tip. Microcrack 
propagation requires a local critical Griffith type stress that depends on: a) the cracked particle 
size; b) its orientation with respect to the adjacent ferrite grain; and c) the corresponding 
orientation-dependent ferrite micro-crack arrest toughness. The cleavage trigger particles are 

L-R C-L C-R 

a. 
b. 
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Table A3.1 The local σ* (MPa) and A* (µm2) for 
cleavage fracture properties for each orientation 

statistically distributed in size and orientation; thus specimen-to-specimen sampling variations 
lead to intrinsic scatter in KJc. The greater the stressed volume, V = BA(σ22), where A is the area 
enclosing a normal σ22 (to the crack plane) stress contour and B is the crack front length 
(specimen thickness), the higher the likelihood of activating a weakest link trigger particle 
leading to cleavage fracture. For this work, a modified critical stress-statistical stressed area (σ*-
A*) concept was used to model KJc(T) [113,114]. Plane strain 2D-FE calculations were used to 
simulate the stress distribution in front of a blunting semi-circular crack tip using the commercial 
ABAQUS code and the measured true stress-strain constitutive data fit to simple analytic 
functions. The quarter symmetry mesh was composed of 826 8-node isoparametric elements with 
a total of 2607 nodes. The mesh was highly refined at the crack tip with an initial radius to 
specimen with of 3.3x10-4 (1 µm).  Post processing codes were used to evaluate A(σ,T) for 
normal to yield stress ratios σ22/σy from ≈ 2.4 to 3.6. Plots of A(σ22,T) versus σ22 were used to 
define σ* for each orientation 
 
A3.2 Results  
 
Figure A3.2 shows the A(σ22,T) versus σ22. Recognizing that the limited KJc data are statistically 
distributed, we defined σ* at the point of the maximum number of intersections of the A(σ,T) 
curves. Further we assumed that the spread in A* at σ* reflects the inherent statistical variations 
in the KJc data. The A*-σ* varied with 
orientation, as shown by the vertical lines in 
Figure A3.2. In the L-R orientation (Figure 
A3.2a) σ* ≈ 3600 MPa, while σ* ≈ 2850 MPa 
in the C-L orientation (Figure 2b) and σ* ≈ 
3000 MPa (Figure 2c) in the C-R orientation. 
The A* for the median toughness were similar, 
averaging 142±10 µm2 (see Table A3.1). The 
fracture toughness was found from A(J = Jc) = 
A* trajectories for each orientation.  
 
The variation of the A* and corresponding toughness can be crudely analyzed to specify the 
probability distribution of KJc. The cleavage fracture probability, F, for a three-parameter 
Weibull distribution is: 
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probability (F) conditions for the: (a) L-R; (b) C-R and (c) C-L orientations. 
Here Kmin is the minimum fracture toughness, m = 4 is the Weibull toughness modulus, and Ko is 
the KJ at F = 0.632. The points labeled a are for a high F, while those labeled c are for a low F. 
The intermediate points, labeled b, were taken as the nominal median value of KJc at F = 0.5. The 
values of σ* and A* for a, b and c and the various orientations are summarized in Table 1. The 
corresponding KJc(T) curves cleavage for a, b and c are shown in Figure A3.3 along with a 
master curve for comparison.  As shown in Figure A3.3a, the data for the L-R orientation is 

 σ*, 
MPa 

A* for 
a 

A* for 
b 

A* for 
c 

L-R 3600 270 144 49 
C-R 3000 397 151 29 
C-L 2850 281 132 30 
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consistent with Kmin = 20MPa√m with the high (a) and low (c) fracture probability curves falling 
at F = 0.89 and 0.09, respectively. A Kmin = 20MPa√m also provides a reasonable fit to the C-R 
data shown in Figure A3.3b, with the a and c points falling at F = 0.98 and 0.01, respectively. In 
both cases the predicted KJc(T) are consistent with the master curve shape. However, fitting the 
C-L data (Figure A3.3c) requires a lower Kmin = 10MPa√m with the a and c points falling at F = 
0.97 and 0.07, respectively. These results suggest modified σ*-A* type models and the master 
curve (MC) concept can be applied to NFAs.  
 
 
 
 
 
 
 
 
 

 
Figure A3.2 The A(σ22,T) versus σ22 for each orientation and the points of maximum intersection defining σ* (lines) 

for: (a) L-R; (b) C-R and (c) C-L. 
 
 
 
 
 
 
 
 
 
 

Figure A3.3 Predicted KJc(T) curves for the σ*-A* model for the median and specified fracture probability (F) 
conditions for the: (a) L-R; (b) C-R and (c) C-L orientations. 

 
 
A3.3 Discussion - The Physical Basis for Anisotropic and Low Toughness Orientations  
 
The model-based analysis of the MA957 fracture data provides new insight regarding the 
challenges facing developing NFAs with adequate fracture toughness. We had previously argued 
that the low toughness in the C-L and, to a slightly lesser extent, in the C-R orientations was due 
to the stringers of impurity Al2O3 particles aligned in the extrusion direction. Thus if this were 
the sole reason for low toughness, the challenge would simply be to develop cleaner, inclusion 
free alloys. However this explanation does not rationalize the high toughness in the L-R direction 
which, as illustrated in Figure A3.4a, is at least partially due to the tendency of the cracks to 
diverge out of the nominal ligament crack plane. This is in contrast to the planar cleavage 
fracture surfaces in the C-R and C-L orientations shown in Figures A3.4b and c. The torturous 
fracture path in the L-R orientation results in higher KJc, but the underlying reason for the out-of 
plane cracking is likely due to the existence of an easy cleavage system oriented for crack 
propagation in the extrusion direction due to texturing. Figure A3.5 schematically illustrates the 

(c) (b) (a) 

(c) (b) (a) 
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concept of crack propagation on the easy cleavage system, which is the (100) plane in [010] and 
[011] directions in ferrite, and trigger particle-effective grain size effects. The particle-stringer 
and elongated grain orientations are shown by the elliptical (C-R and C-L) and circular (L-R) 
shaped symbols. The easy cleavage plane is lightly shaded and the ligament fracture plane is 
shaded in deeper grey. Qualitatively, the larger particle and grain dimensions in the C-L 
orientation in the direction of crack propagation are expected to lead to the lowest σ*. While the 
effective scale of the microstructure is smaller, the C-R orientation still has access to the easy 
cleavage system with an extrusion direction lying in the ligament plane, thus has an intermediate 
σ*. However, in the L-R orientation the cracks must kink out of the ligament plane to access the 
easy cleavage system. In combination with the smallest effective microstructure size, this leads 
to the highest σ*. As added support for the presence of easy cleavage systems, the strong 
tendency for indentation induced propagation of microcracks in the extrusion direction at 196°C 
is shown in Figure A3.6, independent of Knoop microhardness indenter orientation.  
 
 
 
 
 
 
 
 
 

Figure A3.4 Fracture surfaces for the: (a) L-R; (b) C-R; and (c) C-L orientations 
 

  
Figure A3.5 Schematic illustration of the possible 
mechanisms leading to the strong orientation 
dependence and low values of the C-R and especially 
the C-L KJc 

Figure A3.6 Microcracks produced by various Knopp 
hardness indentations at -196°C all propagating in the 
extrusion direction. 

 
A3.4 Fracture Toughness Testing of New Alloys – Collaboration with FZK 
 
We initiated a collaboration project with A. Moeslang and C. Eiselt from Forschungszentrum 
Kalsruhe (FZK), Germany on mechanical property evaluation of their two newly developed 
NFAs. The two materials have the same chemical composition of 13%Cr, 1%W, 0.3%Ti and 
0.3%Y2O3 (Fe as balance), while one was mechanically alloyed (MA) in Ar gas atmosphere (Ar-
milled) and the other was in H gas (H-milled). 104 tensile and 67 three-point bend (3PB) bar 
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fracture specimens in total were machined from rolled plates of the materials in two (L-T and T-
L) orientations. 18 Ar-milled and 13 H-milled fracture specimens, all in L-T orientation, have 
been pre-cracked and tested between -150 and 27 ºC. Total of 12 Ar-milled and H-milled tensile 
specimens have also been tested at the temperatures between -50 and 27 ºC. The tensile data was 
then used in finite element model (FEM) analyses of the crack tip stress-strain field to evaluate 
the local fracture properties and carry out constraint effects size adjustments. For this purpose 
true stress-strain curves reduced from the measurements were fitted to a dislocation dynamics 
based constitutive model to obtain true stress-strain curves extended over the reasonable strain 
range for FEM analysis input. 
 
Figure A3.7 summarizes the measured 
fracture toughness, KJm, for the two NFAs as 
a function of test temperature. H-milled 
alloy showed a rise in toughness to the 
average of ≈ 60 MPa√m at -50 ºC, while Ar-
milled alloy showed more gradual increase 
to reach the level at 0 ºC. This suggested the 
transition temperature of H-milled alloy is 
slightly lower than that of Ar-milled alloy. 
Scanning Electron Microscope (SEM) 
observations have also been conducted on 
fracture surfaces of the specimens. 
Representative 9 H-milled and 6 Ar-milled 
specimens were selected for observation. A 
clear transition of the fracture mode from a 
≈100% quasi-cleavage (QC) brittle fracture 
at -150 ºC to a ≈100% micro-void 
coalescence (MC) ductile fracture at 27 ºC 
was observed in the H-milled specimens. The specimens tested at -100 and -50 ºC are still 
dominantly in QC mode, while in some specimens a noticeable fraction of MC ductile fracture 
was observed. A similar transition was observed between -50 ºC and 27 ºC for Ar-milled 
specimens. The QC dominancy stayed to higher temperature in this case than in H-milled 
specimen, and even at 27 ºC a significant number of cleavage facets were observed. The 
observation of higher brittleness of the Ar-milled material than H-milled material corresponds to 
the higher transition temperature in the toughness (KJc)-temperature curve of the Ar-milled 
specimens. Another characteristic behavior only observed in H-milled specimens was out-of 
plain cracks that propagate normal to the main fracture surface as can be seen in a fracture 
surface of a specimen tested at -100 ºC shown in Figure A3.8a. In contrast, no similar fracture 
events were observed in Ar-milled specimens as Figure A3.8b shows an example tested at the 
same temperature. Although generally the H-milled alloy showed higher toughness with lower 
transition temperature than the Ar-milled, it should be noted that the H-milled exhibited a larger 
scatter and there seems to be a population of data that follows the low toughness edge of Ar-
milled. Further study will be required to clarify if the characteristic is just due to statistics or 
intrinsic nature related to the microstructure. 
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Figure A3.7 Fracture toughness vs test temperature of 
FZK developed NFAs in two milling atmosphere 
variations. 
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We adopted Voce-Mecking type constitutive model to fitting the tensile results. Fitting worked 
well for the materials at least within the strain range that a tensile test can probe. Then we 
modeled true stress-strain curves in an extended strain range to provide a required input for finite 
element model (FEM) analyses of the fracture tests. The stress field analyses give local fracture 
parameters that build a basis to carry out constraint-loss size effect adjustments. We have found 
that specimen size effect adjustment procedure works reasonably when we assume the local 
critical stress for cleavage fracture, σ*, one of the micromechanical properties, to be ≈ 3600 MPa 
similar to the value that we had found for MA957 as is decried in section A3.2.  
 
Fracture testing of two UCSB developed alloys is described in the next section. 
 

  
Figure A3.8 Fracture surface SEM images of FZK developed NFAs utilizing milling process in hydrogen gas 
atmosphere ( left ) and argon atmosphere ( right ) both tested at -100 ºC. 
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Task B Developing Processing and Alloy Stability Modeling Database for TMS and NFA 
 
B1 Effects of Consolidation Temperature, Strength and Microstructure on Fracture 
Toughness of Nanostructured Ferritic Alloys 
Collaborators: Pifeng Miao, Nicholas Cunningham, David Gregg, Douglas Klingensmith; David 
T. Hoelzer (Oak Ridge National Laboratory) 
 
B1.1 Production and Testing of 14YWT Alloys 
 
We have procured ≈ 800g of mechanically alloyed powders through a cost sharing collaboration 
with ORNL and established a contract with Michigan Technological University to HIP 
consolidate the powders. The mechanically alloying of Fe-14Cr-3W-0.4Ti powder with 0.3wt% 
Y2O3 powder for 40h in an attritor mill under an argon atmosphere. The milled powders were 
then vacuum canned and consolidated by HIPing at 200MPa for 4h at 1000˚C (14YWT1000) or 
1150˚C (14YWT1150). The alloy densities were measured using a MicroMeritics AccuPyc 1330 
pycnometer. Their porosity was examined by optical microscopy, and the microstructure was 
characterized using a JEOL2010HR TEM. The TEM specimens were prepared by grinding 3mm 
diameter discs to a thickness of ~0.15mm, followed by thinning to electron transparency in a 
TENUPOL twin-jet electro-polisher with H2SO4 + 80%CH3OH at room temperature. 
 
The flow strength of the NFAs was evaluated by diamond pyramid Vicker’s microhardness 
(DPH) measurements using a 1kg load at room (~23˚C) and liquid-nitrogen (-196˚C) 
temperatures. Notch fracture toughness was measured in three-point-bending on an MTS 
servohydraulic load frame at a displacement rate of 0.08mm/min over the temperature range 
from -100°C to 205°C. The fracture specimens (B=1.65, W=3.3 and L = 18 mm) were notched 
by EDM with a 0º flank angle to an a/W ≈ 0.5 with a nominal root radius ρ = 0.15 mm that was 
then razor-press sharpened prior to testing. However, since they were not fatigue pre-cracked, the 
sharp notch fracture toughness is designated as Kρ. Fractographic characterization was carried 
out using a FEI XL-40 SEM. 
 
The densities of 14YWT1000 and 14YWT1150 were 7.91±0.02 and 7.92±0.06 g/cm3, 
respectively, indicating nearly full consolidation. For comparison, the density of a wrought alloy 
with a similar composition (~81wt%Fe, 13%Cr, 3%W) is 7.86 g/cm3 [1]. This conclusion was 
further supported by the minimal porosity observed by optical microscopy.  
 
TEM showed similar mixture of roughly 50-50% fine and coarse ferrite grains (see Figures. 
B1.1a and c) in both 14YWT1000 and 14YWT1150. The fine ferrite grains are ~200 nm in 
diameter. The coarser grains have a wide size distribution, ranging from about one to several tens 
of µm. The larger ferrite grains are presumably the result of recovery and growth in regions with 
a lower density of fine scale precipitates phases, including both nm scale Y-Ti-O clusters and 
slightly larger Ti2Y2O7 pyroclore oxides [2]. Similar bimodal distributions have also been 
observed in ODS EUROFER [3]. Dislocation densities in the fine ferrite grains are higher than in 
the coarse grains (Figures B1.1b and d).  
 
As shown in Figure B1.2, hardness at room temperature and -196˚C decreases with increasing in 
HIPing temperature. These results are reasonably consistent with previous data on similar alloys 



40 

reported by Alinger et al [4, 5], who found that the nano-scale particle sizes increase and their 
number densities decrease with higher HIPing temperature. The similarity in the grain structures 
in 14YWT1000 and 14YWT1150 suggests that the recovery and grain growth is resisted in 
regions with high nano-scale particle densities for both HIPing temperatures.  
 
The variation of the notch toughness Kρ of 14YWT1000 and 14YWT1150 with test temperature 
is shown in Figure B1.3. Although the alloy strengths of these are different for the two 
processing conditions, their transition temperature of ≈ 10˚C and Kρ(T) curves are nearly 
identical. 
 

 
 

Figure B1.1 Microstructure of (a) and (b) 14YWT1000 and (c) and (d) 14YWT1150 at low (a and c) and medium (b 
and d) magnification. 

 



41 

 
 

Figure B1.2 The effect of the HIPing temperature 
on microhardness. 

Figure B1.3 The variation of Kρ with temperature for 
14YWT1000 and 14YWT1150. 

 

These results suggest that the bimodal grain structure may be more important than strength in 
controlling fracture in these NFAs. Fractographic observations support this hypothesis. Figures 
B1.4 and B1.5 show fracture on the lower shelf at -100˚C by pure cleavage (Figure B1.4), and by 
a ductile microvoid nucleation, growth and coalescence on the upper-shelf at 200˚C (Figure 
B1.5). However, even at the higher temperatures, isolated cleavage facets are observed. Higher 
magnification examination of suspected initiation sites (framed and arrowed in Figures 4) at -
100°C suggest that the cleavage is triggered by the fracture of large particles or, perhaps extra 
hard grains, surrounded by facet sizes that are larger than ≈5 to 10 µm, consistent with the 
corresponding sizes of the coarser ferrite grains. The conclusion is even clearer in the 
fractographs shown in Figure 5 showing disproportionate importance of the larger grains in 
cleavage fracture at 200°C.  
 

 
Figure B1.4. Low (a and c) and intermediate (b and d) magnification fractographic images of 14YWT1000 (a and b) 

and 14YWT1150 (c and d) specimens fractured at -100ºC. 
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B1.2 Discussion 
 
The breakdown in the usual higher strength/lower toughness relation in the NFA alloys is not 
fully understood. One possibility is that dislocation pile-ups in the larger and softer coarse grains 
trigger cleavage, perhaps by fracturing smaller harder grains or brittle particles. In this case, 
differences in the average strength of the alloy may be less significant than similarities in the 
grain structures. Indeed, if the larger grains are softer, the effect on the size of the pile up may 
offset the corresponding effect of higher strength.  
 
These results suggest that producing alloys with a more uniform and finer distribution of grain 
sizes would lead to higher toughness and lower TT. Of course, developing processing routes that 
lead to more homogeneous nano-microstructures is a more generally desirable objective.  
  

 
 
Figure B1.5. Low (a and c) and intermediate (b and d) magnification fractographic images of 14YWT1000  (a and b) 

and 14YWT1150 (c and d) specimens fractured at 200ºC. 
 
B2 An Alloy Design, Processing, Fabrication and Processing Optimization Database  
Collaborators: Nicholas Cunningham and Gareth Seward 
 
A systematic study was developed to improve the mechanical alloying processes and produce 
more uniform nm-scale features (NFs) in NFAs.  It is difficult to achieve a uniform distribution 
of Y and O during mechanical alloying (MA), leading to inhomogeneous distributions of NFs.  
Regions of low nano-feature concentration are soft and experience dislocation recovery and grain 
growth during consolidation, leading to a bimodal grain size distribution and a reduction in the 
NFA’s fracture toughness and strength.  Therefore, to improve NF uniformity it is imperative to 
understand how the MA variables affect the distribution of Y and O in the ferrite matrix.  
Sophisticated and expensive high-resolution, micro-analytical techniques (e.g., transmission 
electron microscopy, small angle neutron scattering, and atom probe tomography) are needed to 
directly characterize the NFs.  A simpler and faster screening method was developed that 
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involves polishing and etching mounted NFA powders to reveal the bimodal grain structure.  
Scanning electron microscopy (SEM) and image analysis was used to quantify the grain size 
distribution in terms of the area fractions of small (< 1 µm) versus large (>> 1 µm) grains, where 
large grains represent low concentrations of NF.  While simple in concept, this approach involves 
solving many detailed problems. Thus developing the basic set of procedures has been the focus 
of activity on this task.  
 
The milling variables tested include the milling time, ball size, ball mass to powder mass ratio 
(BPR), initial powder size, and modifications to the milling procedure and sequence.  All material 
produced during this investigation is based on a set of three master alloyed powders.  These 
master alloyed powders were rapidly solidified by Ar gas atomization and were procured from 
Oak Ridge National Laboratory (ORNL).  The Fe14Cr3W0.4Ti master alloyed powder milled 
with Y2O3 powder was used for all the studies that varied the ball size, BPR, milling time, and 
milling sequence.  Fe14Cr and Fe14Cr3W master alloyed powders were used to evaluate how the 
initial powder sizes of elemental Ti and W metal powders affect the grain structure.  To reduce 
oxidation, all handling, measuring, and storage of the powders occurred in an argon environment 
glovebox.  It is not possible to test every milling variable combination due to the size of the 
matrix.  Instead, a baseline milling condition was established, and for each new specimen, one 
milling variable was changed while the others were fixed.  The baseline milling conditions were as 
follows:  

 
• 10:1 BPR 
• 100 g milling balls  
• 10 h milling time 
• 9.5 mm ball diameter 
• 10g Fe14Cr3W0.4Ti master alloyed powder 
• 0.03 g <10 µm size Y2O3 powder 
   

The basic test procedure involves combining and loading the alloying powders into a hardened 
tool steel vial with wear resistant tool steel milling balls.  A high energy SPEX 8000 shaker mill 
was used for all mechanical alloying.  After MA, the vial is returned to the glove box and the 
powder is loaded into a closed-end quartz capsule with a 0.05 mm thick strip of niobium foil to 
act as an oxygen-getter during annealing.  The capsule is evacuated, backfilled with ½ atm of dry 
helium, and sealed.  Once sealed, each specimen is annealed at 1150°C for 3 h using a ramp up 
and cool down rate of 15°C/min.  After annealing the powder is mounted in a phenolic conductive 
polymer and pressed into a disk shape at elevated temperature.  The mounted powders are 
sanded and polished on a vibratory polisher at low speed using an ethylene glycol and a final 0.05 
µm alumina polishing compound.  After polishing the powder specimen is etched in a 3:1:1 ratio 
of hydrochloric, nitric, and acetic acid for 15 seconds.  Both an FEI XL30 and an FEI Sirion 
XL40 field emission scanning electron microscope were used to acquire approximately 10 SEM 
images of etched powder particles at 2000X magnification to achieve a good representation of the 
grain structure for the entire specimen.  The best surface morphology contrast occurred when the 
specimens were imaged using a backscattered electron detector. 
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The etching solution revealed three separate types of grain structures in the NFA powders.  
Large grains are generally easy to locate and consist of smooth, un-etched areas larger than 1 µm.  
Sometimes small grains, often much less than 1 µm, are also easily discernable, showing clear 
facets and easily distinguishable grain boundaries.  The third type of etched surface makes grain 
designation and size determination more difficult.  Very rough etched areas characterize this 
portion of a particle‘s surface.  The grain boundaries in these areas are not distinguishable, but it 
is believed that these regions consist of small grains less than 1 µm in size.  An example of each 
type of etched area is shown in Figure B2.1.  Areas of small grains and large grains were manually 
outlined on each image, and the small grain area fraction (fsg) was determined following ASTM 
standards E112-96, E1181-02, and E1382-97.  The small grain area fraction was calculated by 
combining both the high quality and low quality small grains. 

 

 
a. 

 
b. 

 
c. 

Figure B2.1 a) Large grain area; b) Easily distinguishable small grains; c) Heavily etched 
area assumed to be small grains. 
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One limitation of this study is that the mill type was fixed.  Since the mill type has a significant 
impact on the resulting powder, values used in this research for the ball size, BPR, milling times, 
etc. may need altering for an attritor or planetary ball mill, but the general trends associated with 
each milling variable should remain relevant.  The milling variables are found to have a significant 
impact on the grain size distribution, and correspondingly, the nano-feature homogeneity in nano-
structured ferritic alloys.  This work is being continued under the sponsorship of another NERI 
program that started March 2007, and the milling variable effects on the small grain area fraction 
for each specimen will be reported in the future.  
 
B3 Thermal Aging 
Collaborators: Douglas Klingensmith, Pifeng Miao, Nicholas Cunnigham  
 

B3.1 Microstructural and Mechanical Property Changes after ≈ 3,000 h Aging 
The high temperature and short time thermal stability of NFAs were previously investigated in a 
series of aging experiments of MA957 at 1150 to 1400˚C for various times ranging from 1/3 to 
480 h. These experiments showed significant coarsening of the NFs, rapid growth of porosity 
and large decrease of microhardness with increasing aging temperature and time [5, 6]. However, 
the aging temperatures in these experiments were much higher than those are expected for 
application of NFAs in the range from ≈ 650 to 850°C. Indeed, fits of kinetic coarsening models 
yielded parameters to the high temperature aging data predicted very high NF stability at lower 
temperatures. Based on the aging data covering the initial period of coarsening, at NF sizes less 
than 5-6 nm, yielded activation energies in excess of 850kJ/mole and a t1/5 time-dependence [5, 6]. 
Atom probe tomography studies have also suggested that the NFs are remarkably stable at high 
temperature and during creep [7, 8].  Thus, to confirm these observations, we initiated a series of 
aging experiments of MA957 at temperatures from 800 to 1000˚C for planned times up to 
20,000 h or more. Interim results on the effects of aging at 900˚C, 950˚C and 1000˚C up to 3000 
h are reported here.  
 
B3.1a  Experimental 
 
Coupon specimens of as-received MA957 alloy extruded at 1150°C with a nominal composition 
of Fe-14wt% Cr, 0.9% Ti, 0.3% Mo, and 0.25% Y2O3 were thermally aged for 3000 h at 900˚C, 
950˚C and 1000˚C in quartz capsules which were vacuum evaporated and backfilled with dry 
helium at 50kPa.  
 
The coarser scale and NF microstructures of the as-extruded and the aged MA957 were 
characterized using optical microscopy, TEM (JEOL2010HR) and SANS (NG7 at the National 
Institute of Standards and Technology). Standard 3 mm TEM discs, taken from a region of ≈ 
1mm away from specimen surface, were ground to a thickness of ≈ 0.15 mm and then thinned to 
electron transparency in a TENUPOL twin-jet electro-polisher with H2SO4 + 80%CH3OH at 
room temperature. The thinned specimens were carefully washed in methanol, transformed to a 
vacuum desiccator and then loaded to TEM for observation within one hour to minimize 
contamination. TEM images for the measurement of the NFs were taken in a near [011] 
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orientation. The thickness of the TEM specimens was measured by the convergent beam 
diffraction technique. Details of the experiment, data reduction and analysis for SANS are given 
elsewhere [6]. 
 
Mechanical properties of the MA957 specimens were evaluated by Vickers microhardness at a 
500g load.   
 
 
B3.1b Results  
 
As shown in the TEM micrographs in Figures B3.1 and B3.2 in a region ≈ 1mm away below the 
specimen surface, the as-extruded MA957 has fine ferrite grains and a high dislocation density 
(Figures B3.1a and B3.2a) that remain stable after 3000 h aging at 900°C, 950°C and 1000°C 
(Figures B3.1b and B3.2b, B3.1c and B3.2c, B3.1d and B3.2d). The ferrite grain sizes and 
dislocation density are unchanged after aging. Note that ferrite grains in a very thin layer (≤ 
30µm for 950°C and ≤ 200µm for 1000°C) close to the specimen surfaces coarsened at 950°C 
and 1000°C. Composition analysis of these regions indicates that the local coarsening is due to 
the sublimation of Cr. Protection coatings, like alumina scale, will be needed to use NFAs at 
temperatures higher than 900°C in environments such as helium coolants. The as-extruded and 
the aged MA957 have a large number of NFs, as seen in Figure B3.3. Their diameter (d), number 
density (N) and volume fraction (f) were measured based on computer assisted image analysis of 
TEM micrographs and convergent beam estimates of the foil thickness. These data are shown in 
Figures B3.4 and B3.5. Large particles, with diameters greater than ≈ 10 nm, were not included 
in the measurements. The average diameters are 2.1±0.4, 2.1±0.4, 2.6±0.5 and 3.1±0.9 nm for 
the as-extruded and the 900˚C, 950˚C and 1000˚C aged MA957, respectively. The corresponding 
total number density of NF after 900˚C aging is similar to that for the as-extruded MA957, within 
the uncertainties associated with single area measurements, resolution limits and other possible 
sources of error. However, the number densities of NF decrease significantly after 950˚C and 
1000˚C aging. Nevertheless, the total volume fraction did not change significantly. Note these 
evaluations are in good qualitative agreement with measurements by SANS, but the size was 
about 20% smaller and the N and f are 40% and 50% higher, respectively, for the TEM 
measurements. The absence of coarsening at 900˚C, which does occur at 950˚C and 1000˚C, is 
more clearly shown in the number density distribution histograms presented in Figure 5. The NF 
distributions at 900˚C are nearly the same as those in the as-extruded, but they shift to larger 
diameters at 950˚C and even more so at 1000˚C. 
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Figure B3.1. TEM micrographs of (a) the as-extruded MA957 and (b) 900°C, (c) 950°C and (d) 1000°C aged 
MA957 
 

 
Figure B3.2. Higher magnification of Figure 1, showing dislocations in (a) the as-extruded MA957 and (b) 900°C, 

(c) 950°C and (d) 1000°C aged MA957 
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Figure B3.3. NFs in (a) the as-extruded MA957 and (b) 900°C, (c) 950°C and (d) 1000°C aged MA957 

 

 
 
The NF coarsening at 1000°C was also qualitatively confirmed by the SANS experiment, as 
shown in Figure B3.6. The open and filled symbols are the NF scattering cross sections 
measured at 45° to the magnetic field (this includes the nuclear plus 50% of the magnetic 

  
Figure B3.4 Average diameter, total number density and 
volume fraction of NFs in the as-extruded and aged 
MA957 

Figure B3.5 Number density distribution of NFs in the as-
extruded and aged MA957 
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scattering) as a function of the square of the scattering vector, q, for the as-extruded and 1000°C-
3000 h aged conditions, respectively.  The decrease in the magnitude of dΣ/dΩ versus q2 for 
1000°C-aged MA957 at higher q and increase at very low q in the aged condition indicates a 
slight coarsening of the NFs.  

 
Figure B3.6. SANS cross section curves at a 45° angle to the direction of the magnetic field. 

 
Porosities of the as-extruded and the aged MA957 were measured from optical micrographs of 
as-polished cross-sections normal to the extrusion as shown in Table B3.1 and illustrated in 
Figure B3.7. The pore diameters and area fractions increased ≈ 25% and 200%, respectively, 
after aging at 900°C and 950°C, respectively. Much of this increase is due to the growth of pores 
that are visible in the as-received condition; however, as indicated in Table B3.1, the pore 
density may also increase slightly due to the growth of previously invisible submicron-sized 
pores [9] formed during mechanical alloying. The average diameter and area fraction of the 
pores grow much more significantly after aging at 1000°C, with increases of ≈ 350% and 
1150%, respectively. The apparent decrease in the number density of pores may be due to 
coalescence.  
 
Vicker’s diamond pyramid hardness (DPH, kg/mm2) measurements on polished cross-sections 
parallel to the extrusion direction are shown in Table B3.2. The measurements were made at ≈ 
1mm depth, which is sufficient to avoid the artifacts associated with the near surface 
environmentally induced instabilities noted above. Slight softening is observed after aging but is 
insignificant (< 1%) except perhaps at 950°C, where the DPH decreases by ≈ 3%. However, 
given the one standard deviation uncertainties in the hardness of ≈ ± 6 to 8 DPH, it is concluded 
that softening after aging is minimal to non-existent.  
 

Table B3.1. Average diameter, area fraction and number density of pores 

Heat treatment Average diameter 
of pores (µm) 

Area fraction 
of pores (%) 

Number density of 
pores (×109, 1/m2) 

As-extruded 2.2±1.2 0.5 1.0 
900°C/3000h 2.8±2.4 1.5 1.4 
950°C/3000h 2.7±2.5 1.2 1.1 

1000°C/3000h 10.1±8.7 6.2 0.5 
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Figure B3.7 Optical micrographs in cross-sections normal to the extrusion direction of (a) the as-extruded MA957 
and (b) 900°C, (c) 950°C and (d) 1000°C aged MA957. Note that the black features in (a) – (d) are pores. 
 
 

  
Figure B3.8 Size variation of NFs with temperature for 
the as-extruded and the aged MA957. The filled circles: 
NF sizes measured by TEM, the open diamonds: NF sizes 
measured by SANS, and the open circles: NF sizes 
predicted using equation 1 for 1150°C/3000h, 
1200°C/3000h and 1250°C/3000h aging. 

Figure B3.9 Variation of hardening parameter (HP) 
with the NF size (d). 
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Table B3.2. DPH of as-extruded and aged MA957 
 

Heat treatment As-extruded 900°C/3000h 950°C/3000h 1000°C/3000h 
DPH 333±8 332±7 323±7 330±6 

 
 
B3.1c Discussion  
 
The SANS investigation [6] of MA957 after high temperature (1150°C - 1250°C) and short-time 
(1/3 – 480 h) aging showed significant NF coarsening. The data in the initial coarsening regime 
for aging at 1150°C to 1250°C for 1/3 to 480 h were least square fitted using expression with the 
form  
 
                                    p

ecco RTQtkdtTd ]1)/exp([),( '

0 +!=    (1)  
 
Here d0 and d(T, t) are the NF sizes before and after aging, respectively,  t is the aging time, T is 
the aging temperature (°K), and R is the gas constant. The fits yielded a rate coefficient, '

co
k  = 

2.94×1027/s, an effective activation energy for coarsening, Qec ≈ 884kJ/mole, and a time scaling 
exponent, p = 0.2. The fitted p is consistent with a dislocation pipe diffusion mechanism, but the 
rather remarkably high value of Qec is not well understood. Assuming a d0 = 2.6 nm for the as-
extruded MA957 based on SANS measurement [6], predictions of Equation 1 for high 
temperature aging for 3000 h are shown by the open circles in Figure 8, along with the longest 
time data from the previous high temperature aging study. Extrapolations of Equation 1 to lower 
temperatures predict insignificant coarsening below ≈ 1050 °C. Thus the high temperature aging 
model is somewhat inconsistent with the current lower temperature results at 950°C and 1000°C. 
While the coarsening is modest even at 1000°C, and does not lead to significant softening, data 
at longer times will be needed to refine the aging model for predicting thermal stability in the 
application regime for NFAs below ≈ 850°C.  
 
The small hardness change is consistent with previous estimates of the relation between the 
strengthening contribution of the NFs and their corresponding d and f [6]. This work showed that 
the individual NF contribution to the yield stress is proportional to HP = log(d/4b)b/d, where HP 
is a hardening parameter and b is the Burgeers vector (0.25 nm) for Fe. Figure 9 shows that the 
HP plotted versus d has a broad maximum, peaking around d ≈ 2.5 nm; the predicted HP actually 
increases slightly between d = 2 and 2.5 nm and is almost constant between d = 2.5 and 3 nm.  
 
B3.1d Microstructural and Mechanical Property Changes after up to ≈ 104 h Aging 
We have continued the aging and another campaign of extensive characterization was performed 
at the aging times ≈ 10000hrs. 
 
Figure B3.10 shows Vickers micro-hardness change of MA957 as a function of aging time at the 
temperatures from 800 to 1000 ºC. MA957 aged at 1000 ºC showed continuous decrease in 
hardness up to ≈ 11000 hr of aging time. It also showed slight decrease in hardness at 900 and 
950 ºC. At lower 800 and 850 ºC there is no change observed in the hardness of MA957 up to ≈ 
5000 hr, showing quite high stability of the materials at the expected operation temperature.  
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TEM specimens were fabricated and examined 
from the set of specimens aged to 900 to 1000 ºC. 
The fine ferrite grains showed some recovery at 
900°C and 8000h, but start to lose their elongated 
morphology and transform to equiaxed grains 
after 8000h and 10000h at 950˚C and 1000˚C as is 
shown in the Figure B3.11 for the case of 10000h 
aged specimens. We also found that the NF has 
coarsened after 10000h at 950˚C and especially 
1000˚C. The microstructural changes and NF 
coarsening at 1000˚C correlate with a small but 
significant decrease of hardness after 10000h as 
shown above. 
 
Small Angle Neutron Scattering (SANS) 
experiments were performed on aged MA957 
specimens at the NIST Center for Neutron 
Research. Data was taken on a specimen aged to ≈ 9600 hrs at 950°C, and a specimen aged to ≈ 
11000 hrs at 1000°C. Table B3.3 summarizes the results on average diameter and number 
density of NF. There is no obvious change in NF diameter at 950 ºC, but a small reduction in the 
number density has been observed. In the 1000 ºC aged specimen a significant coarsening has 

 
Figure B3.11 TEM observed grain structure of MA957 a) as extruded, aged to 10,500 hrs at b) 900, c) 950 and 
d) 1000 ºC. 
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Figure B3.10 Changes in microhardness of 
MA957 during the thermal aging at the 
temperatures from 800 to 1000 ºC 
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been observed. The diameter of NF increased by 25% and the number density decreased by a 
factor of 10. These observation are consistent with the hardness changes shown in Figure B3.10. 
 

Table B3.3 Summary of SANS Analyses after ≈ 10kh Thermal Aging 
Aging Temperature (ºC) Aging time (h) Average diameter (nm) Number Density (m-3) 

Baseline 0 2.4 3.8 x 1018 
950 ºC 9600 2.3 8.6 x 1017 

1000 ºC 11000 3.1 3.3 x 1017 
 
 
B3.1e Mechanical Property Change 
after up to  ≈ 2 x 104 h Aging 
The aging experiment is being continued 
and additional characterization will be 
performed under other programs, the 
final hardness measurement in this NERI 
were at ≈ 2 x 104 h. Figure B3.12 shows 
hardness change in MA957 aged at the 
temperatures from 800 to 1000 ºC for up 
to ≈ 2 x 104 hrs. The softening trend at 
1000 ºC is almost linear with the rate of 
≈ - 0.65,  - 1.1, and - 2.6 x 103 (kg/mm2-
h) at 900, 950 and 1000 ºC, respectively. 
The softening at 1000 ºC reached about 
20% of the as-processed hardness at ≈ 
20,000 h. 

 
B3.2 Microstructural and Mechanical 
Property Changes in TMS after up to 
≈ 9000 h Aging 
Figures B3.13 show Vickers micro-hardness change of the TMS as a function of aging time at 
the temperatures from 550 to 700 ºC. All the steels showed essentially no change in hardness at 
600°C, while all showed significant softening at 700 ºC and a sign of possible hardening at 550 
ºC. At 650 ºC two F82H variants and T91 showed a slight softening, while Eurofer 97 and HT-9 
showed no change in hardness.  

The microstructures of Eurofer97 and T91 at the selected aging conditions were investigated by 
transmission electron microscopy (TEM). No significant changes were observed in Eurofer97 
aged below 700 ºC or in T91 aged below 650 ºC. Aging T91 at 650°C for 2000 h led to the 
recovery of the high dislocation density in the lath martensite structures to form fine dislocation 
cell subgrains. The precipitates were stable for this aging condition. After aging at 700°C for 
6000 h, the lath martensite structures of Eurofer97 and T91 were unstable and evolved to form 
dislocation cell subgrains, with a lower dislocation density than observed after aging at 700°C 
for 2000 h. Aging at 700°C for 6000 h resulted in a relatively random distribution of larger 
subgrains in Eurofer97, while in T91 the subgrains maintained more of the original lath 
orientation. Figure B3.14 shows examples of the baseline and 700°C aged microstructures in T91 
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Figure B3.12. Hardness as a function of aging time for 
MA957 at temperatures from 800 to 1000°C. Softening trend 
at 1000 ºC is almost linear with the rate of  ≈ - 2.3 x 10-3 
(kg/mm2-h). 
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at 2000 and 6000 h. Figure 1 also shows the changes in microhardness as a function of 
temperature and time. Slight hardening was observed at 550°C and softening at 650 and, 
especially, at 700°C. Comparing these results with irradiated alloys, the combination of neutron 
damage under long term service at 500°C and above appears to interact synergistically to 
enhance such microstructural instabilities and a corresponding reduction in the alloy strength. 
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Figure B3.13 Changes in microhardness of the TMS alloys during the thermal aging at the temperatures, a) 550 ºC, 
b) 600 ºC, c) 650 ºC and d) 700ºC. 
Scanning electron microscopy (SEM) showed that the precipitates are stable during aging for 
2000 h at 600°C but begin to coarsen at 650°C. Coarsening is much more rapid at 700°C with 
average size increases of ≈ 60% compared to the unaged baseline. Particle size distributions 
under the different aging conditions were also investigated using high resolution FEG-SEM and 
will be measured. Energy dispersive x-ray (EDX) analyses show that most of the precipitates in 
Eurofer97 and T91 aged at 700°C for 6000 h are coarsened M23C6 and M6C carbides. Other 

c. 
d. 
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possible phases that form under these aging conditions include σ phase in Eurofer97 and Laves 
phase in T91.  
 

 
 
 
 
 
 
 
 
 
 

Figure B3.14 Microstructures of T91 baseline and aged at 700°C for 2000 h and 6000 h. 
 
B3.3 Final Status of The Aging Experiments 
 
Long-term thermal aging continued on Eurofer97, T91, HT9, F82H and F82H-mod3 TMSs at 
550 to 700°C reached aging times approximately 15,000h. Long-term thermal aging of MA957 
at 1000 ºC reached 19,500 h, at 950 ºC 18,100h, at 900 °C 19,000 h, and at 800° and 850°C 
15,400 h. The larger piece of MA957 added last year at the highest (1000°C) temperature has 
reached 8,500 h. This aged alloy will provide material for a more robust mechanical property 
specimen matrix in the future. We continued the long-term thermal aging experiments on NFA 
and TMS, that has been carried over to other programs at the end of this project. The final status 
of the aging matrix for both TMS and MA957 is summarized in Table B3.4.  

 
Table B3.4 Final record of the aging matrix for both TMS and MA957 Alloys 

 
550°C 600°C 650°C 700°C 800°C 850°C 900°C 950°C 1000°C 

Alloy 
Final aging time (h)  

MA957 N.A. N.A. N.A. N.A. 15400 15600 19000 18100 19500 

Eurofer97 15000 15000 15000 15100 NA NA NA NA NA 
T91 15000 15000 15000 15100 NA NA NA NA NA 
HT9 15300 15300 15300 14500 NA NA NA NA NA 

F82H IEA 15300 15300 15300 15400 NA NA NA NA NA 
Mod 3 15300 15300 15300 15400 NA NA NA NA NA 

 
B4 Effects of Neutron Irradiation and He Generation on Microstructural Evolution 
Collaborators: Pifeng Miao; Danny J. Edwards and Richard J. Kurtz (Pacific Northwest 
National Laboratry); Hiroyasu Tanigawa (Japan Atomic Energy Agency) 
 
A novel in-situ neutron irradiation He-implanter technique was used to characterize the effect of 

T91 – Baseline T91 – 700°C/6kh T91 – 700°C/2kh 
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the He/dpa ratio on microstructural evolution in MA957, Eurofer97 [10,11] and F82H for 
irradiations in the High Flux Isotope Reactor. Helium is uniformly implanted to a depth of 5 to 8 
Pm from thin NiAl coatings deposited on TEM discs. The He is produced by a two-stage thermal 
neutron (nth) reaction sequence: 

58
Ni(nth, γ)

59
Ni(nth, α). The fast neutrons generate dpa at fusion 

relevant rates, and the corresponding He/dpa ratio can be easily adjusted from values of less than 
1 to more than 50 appm He/dpa. The irradiated microstructure of MA957 [10] and Eurofer97 
[11] and F82H irradiated at 500 ºC to about 9 dpa and 380 appm He were characterized by 
transmission electron microscopy (TEM). Eurofer97 was also characterized at 4.3 dpa and 90 
appm He at 300 and 400 ºC. 

 
Our first series of results showed a high density (Nb ≈ 3x10

23
/m

3
) of very small (rb ≈ 1 nm) 

bubbles in MA957, primarily located on the NF interfaces [10]. A lower density (Nb ≈ 
1.5x10

22
/m

3
) of larger (rb ≈ 4.3 nm) bubbles were found in companion TMS Eurofer97, along 

with even larger (>10 nm) faceted cavities, that are likely voids [11]. The NFs are stable after a 9 
dpa irradiation at 500 ºC and large bubbles do not form in the He implanted region of MA957. 
The estimated He contained in equilibrium bubbles was ≈ 130 appm in MA957, suggesting that 
Nb is underestimated, and ≈ 380 appm in Eurofer97, in agreement with the nominal amount. The 
bubble sizes decrease and number densities increase in Eurofer97 for irradiations at 400 and 300 
ºC. Bubbles preferentially formed on dislocations in the TMS at all irradiation temperatures. 
Preliminary evidence suggests that loop formation in Eurofer97 is suppressed in the He 
implanted layer, compared to regions with low He [11].   
 
The presence of a high number density of small bubbles in MA957 was recently confirmed, as 
shown in Figure B4.1a, although these data are currently being quantified. As shown in Figure 
B4.1b, as in the case of Eurofer97, TMS F82H also shows fewer (Nb ≈ 1 x10

23
/m

3
) and 

somewhat larger (rb ≈ 2.0 nm) bubbles compared to MA957 [12], along with what are likely 
polyhedral voids. Cold worked F82H had a slightly higher density of slightly smaller bubbles. 
The He bubbles are generally smaller and more numerous in F82H than in Eurofer97. The 
bubbles in F82H also contain about 380 appm He and are predominantly associated with 
dislocations and interfaces. Notably, Figure 1d shows that a boundary in F82H is highly 
decorated with small He bubbles, while a boundary in MA957, shown in Figure 1c, is relatively 
bubble free.  
 
These preliminary observations strongly support the hypothesis that very high He concentrations 
can be managed in NFA. These studies are continuing, including comprehensive quantification 
of the irradiated alloy microstructures, as well as examination of additional alloys and irradiation 
conditions.  
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Figure B4.1 Cavity structures in NFA MA957 and TMS F82H: a and b) The (mostly) matrix cavities with smaller 
and more numerous bubbles in MA957 (a) compared to F82H (b); c and d) The boundary in F82H (d) has a high 
concentration of bubbles while the boundary in MA957 (c) is much cleaner.  
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Task C Development and Characterization of Advanced Joining Methods 
Collaborators: Pifeng Miao, Mathew J. Alinger, Douglas Klingensmith; J. Gould and J. Bernath 
(Edison Welding Institute); R. Miller and C. Zanis (DDL-OMNI) 
 
C1.1 Objective 
 
One of the major challenge to the use of NFAs is joining that should maintain the nm-scale 
features (NF). Conventional fusion welding methods are generally not useful, since the NF 
would be expected to dissolve during typical melting-solidification processes. Joining processes 
that either avoid melting completely, or that involve very rapid melting and re-solidification, 
may preserve the NF. In this work we explore two such possible joining methods. FSW is a 
solid-state joining process that involves mechanical mixing of base metals under severe 
deformation conditions [9, 10]. The material in and near a FSW joint experiences a high 
temperature cycle, with peak temperatures up to ≈1300 to 1400ºC, but there is no melting. Thus, 
FSW may or may not severely damage the NF, and dynamic recrystallization during FSW 
refines the grains in the stir zone. Furthermore severe deformation induces a high dislocation 
density [11, 12] so that fine scale FSW microstructures may provide an optimal balance of 
mechanical properties. ESD welding uses a rapid discharge power source to supply short-
duration current pulses to a moving electrode in contact with a substrate [13]. The pulses produce 
extremely rapid heating, leading to melt droplet formation and deposition in the weld zone as 
relatively thin splats that cool at very high rates. Thus, the rapid ESD temperature cycle might 
allow some of the NF to survive in the joint region.  
 
C1.2 Experimental 
 
A commercial MA957 alloy bar of 25mm (diameter) × 100mm (length) with a nominal 
composition of Fe-14wt% Cr, 0.9% Ti, 0.3% Mo, and 0.25% Y2O3 was sectioned into 100 × 17 
× 2 mm3 and 10 × 17 × 2 mm3 slabs for FSW and ESD welding, respectively. FSW butt-welding 
in the long dimension direction was produced at a tool spindle speed of 130 to 160 rpm and 
travel speed of 150 – 200 mm/min [10]. Other details of the FSW method and tooling are 
proprietary. The ESD butt-welding was performed with an electrode ground from the MA957 
using an Advanced Surfaces and Processes (ASAP) system at a pulse rate of 400 Hz and voltage 
of 150 V. The butted base metal sections were ground to a ≈ half thickness radius and then filled 
by the ESD deposit, one side at a time.  
 
The nano-microstructures of the MA957 weld and base metals were characterized by TEM 
(JEOL2010HR), SANS (NG1 at the National Institute of Standards and Technology) and optical 
microscopy. Standard 3 mm TEM discs, either centered in the weld region or taken from the base 
metal, were ground to a thickness of ~0.15 mm and then thinned to electron transparency in a 
TENUPOL twin-jet electro-polisher with H2SO4 + 80%CH3OH at room temperature. TEM 
images for the measurement of the NF and larger oxide particles were taken in the same foil 
orientation (near [011]) for the MA957 weld and base metals. Details of the experiment, data 
reduction and analysis for SANS are given elsewhere [14]. 
 
The room temperature strength of the FSW and ESD-welded MA957 were evaluated both by 
microhardness traverses across the weld and tensile tests using subsized flat dogbone specimens 



59 

with a reduced gauge section in the weld and heat-affected zone transverse to the weld axis. The 
corresponding tensile tests carried out on the base metal were for the same orientation.   
 
C1.3 Results and Discussion      
 
As seen in Figure C1.1a, the MA957 base metal is composed of fine scale ferrite grains 
elongated in the extrusion direction. In contrast, as seen in Figure C1.1b, the severe plastic 
deformation during FSW produces a uniform distribution of fine scale equiaxed grains, 
containing a high dislocation density. The optical macro and micrographs in Figure C1.2 show 
that the ESD welding process produces a layered structure, composed of large number of 
droplet-scale deposits (Figure C1.2a) along with considerable porosity (the dark features in 
Figure C1.2b). Such structures are typical of ESD depositions carried out in air, and clearly do 
not represent an acceptable joint product. However, the process could be modified to minimize 
the porosity.  Thus the major issue of concern here for the ESD welds is the fate of the NF with 
respect to coarsening and/or dissolution.  
 
As seen in the TEM micrographs in Figures C1.1c and d, there is a high density of NF in both the 
base (Figure C1.1c) and FSW weld (Figure C1.1d) metals. Based on convergent beam estimates 
of the foil thickness, the particle size and volume fraction distributions are shown in Figures 3a 
and b and the corresponding NF (≤ 8nm) parameter averages are shown in Table C1.1.  
 

  
Figure C1.1. TEM image of the grain and dislocation 
microstructure in the MA957 (a) base metal and (b) FSW, 
and the NF and larger oxide particles in (c) base metal and 
(d) FSW 

Figure C1.2. (a) Macrograph and (b) micrograph 
(unetched) of the MA957 ESD weld. 
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The TEM on the FSW shows a slight coarsening of the NF, with a nominal increase in the 
particle diameter from ≈ 3.0 to 3.6 nm and a reduction in number density from ≈ 0.66 to 
0.43×1023/m3. The larger sizes and smaller number densities of the NF, compared to those from 
SANS measurement (see Table C1.1) in this study and TEM results (2.1 nm and 3.9×1023/m3 for 
MA957 baseline) [15] in MA957 aging investigation, are due to the resolution limit in this TEM 
experiment in which only NFs of > ≈2.5 nm were observed. The volume fraction is 
approximately constant at ≈ 0.14% (FSW) versus 0.13% (base metal). However, there are two 
important caveats. First, the smallest NFs (< ≈2.5 nm) were not imaged in TEM. Second the 
features observed in TEM may include some surface deposit artifacts, e.g. electrolyte residues. 
Both of these limitations indicate the need for the use of other techniques.  
 
SANS characterization of both the FSW and ESD joints was carried out on the NG1 instrument 
at NIST. Because of the small size and somewhat irregular shape of the weld specimens, it was 
not possible to experimentally establish the magnetic to nuclear scattering ratio (M/N) in this 
case. However, the relative shapes and positions of the SANS curves at 45˚ to the direction of the 
magnetic field, shown in Figure C1.4, can be qualitatively interpreted to show that FSW 
decreases the number density and volume fraction and spreads the size distribution of NF. The 
ESD process has a larger effect, leading to a greater increase in the size and a large reduction in 
the number density and volume fraction of the NF.  The absolute magnitudes of the scattering 
curves can be estimated assuming a typical M/N = 1 for MA957. Corresponding fits to these 
cross sections, assuming the particles are non-magnetic, can be used to derive the NF parameters 
that are summarized in Table C1.1.   
 
Clearly the SANS shows the presence of smaller and more numerous NF compared to TEM. 
This is expected since: a) the SANS is optimized to detect small NF features while it is blind to 
the larger features; and b) TEM does not see the smallest and most numerous NF.  
 
Because of their limitations, neither the SANS nor TEM quantitative results should be taken too 
literally. However, they are broadly consistent with each other, and show that while FSW 
reduces the number and volume fraction of NF owing to coarsening and dissolution, the overall 
effects are relatively modest. In contrast the ESD welding process has a much larger effect on the 
NF, consistent with a larger reduction in their hardening contribution. 
 
Vicker’s diamond pyramid hardness (DPH) traverses at 500g load across the FSW and ESD 
welds are shown in Figure C1.5. Figure C1.5a for the FSW also includes measurements on a 
SANS specimen on the weld axis.  The strength decreases from the edge of the weld and is a 
minimum near the center. The average DPH value in the central weld region of the FSW-welded 
MA957 for various indent sequences 
was 309±10 kg/mm2 or about 7% 
lower than for the base metal value 
of 332±10 kg/mm2. In contrast, the 
average DPH (279±31 kg/mm2) in 
the central weld region of the ESD-
weld shown in Figure C1.5b is ≈ 
16% lower compared with the base 
metal. 

Table C1.1 The average NF (≤ 8nm) parameters found in the TEM 
studies and NF parameters measured by the SANS in the MA957 
FSW, ESD and base metal 

NF Parameters Base metal FSW ESD 

TEM 3.0 3.6  Average diameter 

(nm) SANS 2.4 2.5 4.7 

TEM 0.66 0.43  Number density 

( 10
23

/m
3
) SANS 8.5 3.5 0.25 

TEM 0.13 0.14  Volume fraction 

(%) SANS 0.6 0.25 0.12 
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Figure C1.3. (a) The number density and (b) the volume fraction of the NF and larger oxide particles in the 
MA957 FSW and base metal found in the TEM studies. 
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Figure C1.4. SANS cross section curves at a 45° angle to the direction of the magnetic field. 

 
  

 
Figure C1.5. Microhardness profile across the welds of (a) FSW- and (b) ESD-welded MA957. 
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As shown in Table C1.2, the ultimate tensile strength (UTS) was decreased by ≈ 9% in the FSW 
and by ≈ 37% in the ESD weld. Tensile results 
for the FSW are consistent with the decrease 
in hardness in the weakest part of stir zone. 
The larger decrease in the tensile strength of 
the ESD weld, compared to the hardness drop, 
is probably due to the presence of porosity in 
this case.  
 
C1.4 Discussion 
 
With regard to the key question about the fate of the NF, the SANS results of this study suggest 
that FSW produces a larger degradation of the smallest NF, but even in this case it is on the order 
of a 50% reduction in the number density and volume fraction. Somewhat larger NFs are only 
slightly coarsened. This behavior may be due to a combination of the transient high temperatures 
during FSW and very severe deformation which results in mechanical dissolution of the small 
particles by dislocation cutting processes. This conclusion is consistent with the previous 
observation that small NF is not strong dislocation Orawan-type barriers [14]. Such mechanical 
cutting may also play a role in the initial mechanical alloying process. The FSW also produces 
beneficial changes in the microstructure, by refining the grains and making them equiaxed, as 
well as increasing the dislocation density which contributes the strength of the alloy. The net 
result is a minimal decrease in the strength of the FSW joint (<10%). In contrast to the FSW 
case, the ESD joining process appears to be far less promising. In spite of the rapid sequence of 
melting and solidification the NFs are severely degraded.  
 
It is noted that “lazy S” was found in the root of the FSW.  This defect is caused by the 
fragmentation of surface oxide layer during the FSW processing, and may degrade mechanical 
properties (e.g. bending strength). The “lazy S” may be eliminated or minimized by an increase 
in heat input during FSW. 
 
C1.5 Summary and Conclusions 
 
The FSW produced an attractive high strength joint of MA957 with a uniform fine-scale and 
equiaxed ferrite structure as well as a high dislocation density in the severely plastically 
deformed joint stir region. The NF was only slightly degraded during welding in this case. FSW 
decreased the alloy hardness and ultimate tensile strength by less than 10% compared to the base 
metal. The ESD MA957 welds contained porosity and the NF were severely degraded during the 
melting-resolidification process. These microstructural changes resulted in a significant 
degradation of mechanical properties from ≈ 16% (hardness) to ≈ 37% (UTS) compared with the 
MA957 base metal.  Hence, ESD welding does not appear to be a promising method for joining 
NFA.  
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Task D Multiscale Modeling of Alloy Performance 
Collaborators: Mathew J. Alinger, Brian Wirth and H.-J. Lee (UCB) 
 
D1.1 Introduction 
 
In close collaboration with Professor Brian Wirth and his group at UC Berkeley, a Lattice Monte 
Carlo (LMC) simulation code has been developed and the thermodynamic parameters describing 
various combinations of elements in the Fe-Y-O-Ti system have been derived and verified by 
comparisons to published phase diagrams. Bond energies were obtained from the enthalpies of 
mixing within a regular-solution thermodynamics model supplemented by ab-initio density 
functional calculations. Simulations are performed on a body-centered cubic lattice, with oxygen 
diffusion on an octahedral interstitial sub-lattice, starting from a random super-saturated solution. 
The preliminary results support the initial formation of metastable coherent transition phase 
precipitates with a low oxygen-to-metal ratio, as observed by APT and SANS. The precipitates 
are remarkably stable, but eventually will grow and transform to pyroclore Y2Ti2O7 oxide phases.  
We are also continuing our collaborative modeling of helium transport, fate and consequences in 
NFAs including the effects of He/dpa ratios on micro-nanostructural evolutions. 
 
D1.2 Monte Carlo Model and Simulation Technique 
 
The key details of the atomistic model and the interaction (bond) energies used in the simulations 
are briefly summarized in this section. A more complete description of the interatomic potentials 
will be presented in a future publication.  
 
D1.2a Atomistic Model 
 
Several simplifying assumptions are made regarding the alloy composition and the lattice 
structures simulated in the initial modeling. First, the chromium and tungsten, which do not play 
an obvious role in NC formation [1], are omitted from the simulations. Therefore the alloy 
chemistry simulated is Fe-0.47at%Ti-0.12at%Y-0.19at%O, as opposed to Fe-15at%Cr-0.91W-
0.47Ti-0.12Y-0.19O. Second, since oxygen typically resides in octahedral interstitial lattice sites 
in iron, the simulation employs two sub-lattices (body-centered cubic, BCC and octahedral 
interstitial) to model the alloy system. Third, direct atom exchanges, instead of vacancy 
exchanges, are performed. Thus no attempt is made to simulate the kinetic evolution of the NF, 
but rather the focus is on developing insight into the NC atomic configuration and composition at 
the lowest system free energy. 
 
The simulation cell, with periodic boundary conditions, contains a specified number of solute 
atoms on rigid lattice sites, with the initial condition of a random solid solution. The simulation 
evaluates the exchanges of the solute atoms with their i (i=1-8 for BCC and i=1-12 for 
Octahedral) first nearest neighbors (1NN) based on the Boltzmann weighted probabilities, Pi, 
defined as: 

0for  1or  0for  exp <!"!#
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   [1] 

Where E is the total system energy at a state and ΔE is the change in total system energy 
associated with each particular exchange. The probabilities are summed, normalized and a 
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random number, R, between 0 and 1, is generated to determine which 1NN exchange is accepted, 
with the criteria that Pi-1< R ≤ Pi. The solute atoms are randomly chosen (both sub-lattices) to 
make exchanges until all of the solutes have been exchanged during each MC sweep. Exchanges 
between like solutes are permitted to ensure every atom has moved at least once and to avoid 
forced dissolution of clustering atoms. Exchanges between sub-lattices are prohibited. However, 
both sub-lattices are considered when calculating ΔE. Thus the system evolves in a sequence of 
steps towards the lowest Gibbs free energy [9]. The LMC simulations are not intended to provide 
a precise description of NC evolution. Instead, they provide insight about the chemical structure 
of the NF that cannot be determined from standard thermodynamic models.  
 
D1.2b Parameterization of the Model 
 
A challenging and important aspect of the modeling effort is the requirement of accurate 
descriptions of the atomic interactions. Since embedded atom method (EAM) potentials for the 
constituents of this alloy are generally unavailable, pair bond potentials have been used (εii, εjj, 
εij). The potentials are evaluated only at fixed lattice positions, and consider only first nearest 
neighbor bonds for metal – metal (Fe-Fe, Y-Y, Ti-Ti and Fe-Y, Y-Ti and Fe-Ti) interactions, 
first and second nearest neighbor bonds for metal – oxygen (Fe-O, Y-O and Ti-O) interactions, 
and up to fifth nearest neighbor bonds for oxygen – oxygen interactions. The potentials were 
derived from ab-initio calculations performed within the localized density approximation (LDA) 
using the SEQUEST code [10], in addition to thermodynamic data approximated by regular 
solution theory. The LDA calculations of the potential energy per atom as a function of atomic 
volume and alloy concentration served as a basis for developing full potentials within Rose’s 
equation of state [11] or the Lennard-Jones framework [12].  
 
The bond energies between like atoms, εii, were determined from the cohesive energies, Ecoh, for 
the bcc phase of the pure elements. For the iron matrix, the cohesive energy was directly 
obtained from the literature [13]. For BCC yttrium and titanium, LDA calculations of the 
cohesive energy were performed as a function of atomic volume (lattice parameter), as shown in 
Figure D1.1a. The LDA results (shown as filled circles) have been fit to the Rose et al. equation 
of state [11] to obtain Y and Ti pair potentials as a function of lattice parameter. For oxygen, the 
LDA calculations were performed for an oxygen (O2) molecule as a function of bond length and 
the calculated cohesive energies were fit to a Lennard-Jones [12] functional to obtain an oxygen 
pair potential. In this LMC model, the oxygen – oxygen interactions are included up to fifth 
nearest neighbor (on the octahedral interstitial sub-lattice), whereas the metallic elements are 
only included at first nearest neighbor positions. 
 
The bond energies between different metallic atoms, εij, were also obtained from LDA 
calculations of the potential energy of ordered BCC, 50% FeTi, YTi and FeY solid solutions as a 
function of lattice parameter (atomic volume), as shown in Figure D1.1b. Again, the LDA results 
are plotted as filled symbols and the lines are fits based on the Rose et al. equation of state [11]. 
Oxygen interactions with metallic Fe, Y or Ti (between octahedral interstitial and bcc sub-
lattices) were modeled with bonds at both first and second nearest neighbor positions, as opposed 
to just first nearest interactions for the dissimilar metal atoms. The Fe-O bonds were estimated 
from CALPHAD data [14] for the free energy of the Fe-O system. While the Ti-O and Y-O 
interaction potentials were fit to LDA calculations of a 3-atom unit cell as a function of lattice 
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parameter. In these metal-oxygen LDA calculations, the two metal atoms (Y or Ti) were placed 
on BCC lattice sites, while the single oxygen atom was placed on an octahedral interstitial site. 
Figure D1.1c plots the LDA calculations of energy per atom for the Y-O, BCC Y and molecular 
oxygen as a function of lattice parameter (bond length for O2), along with the corresponding full 
potential fits based on Rose’s equation of state (Y and Y-O) or Lennard-Jones functional forms. 
 
The resulting potential energy functions (bond energies) are presented in Table D1.1 as a 
function of lattice parameter. These values should be considered a first order approximation and 
clearly, more advanced models must consider at least second nearest neighbor interactions 
amongst all metallic species to accurately describe interface energies and to treat diffusion 
kinetics in BCC metallic alloys. Further, strain energies are not directly accounted for since this 
model relies on a rigid lattice. Yet, this simplified description can accurately reproduce the alloy 
thermodynamics, although not shown here [15], and provide atomic level insight into the 
structure and composition of the precipitates. As a first attempt to incorporate size effects, the 
initial LMC simulations have been performed as a function of “effective” lattice parameter to 
develop understanding of the possible effect of strain energy on NC composition, as presented in 
the next section.  

Figure D1.1. LDA calculation results for: a) BCC Y and Ti, b) BCC Y-Fe and Y-Ti and c) BCC Y,Ti with 
octahedral interstitial O. 

 
Table D1.1 Bond energies of all interactions as a function of a – () indicates inferred. 

1.00aFe 1.15aFe 1.20aFe 1.25aFe 1.30aFe 1.35aFe

! ! ! ! ! !

FeFe -1.070 -1.070 -1.070 -1.070 -1.070 -1.070

YY 0.842 -0.635 -0.850 -0.981 -1.048 -1.068

TiTi -1.049 -1.169 -1.110 -1.028 -0.933 -0.832

FeY 0.016 0.016 0.016 0.016 0.016 0.016

FeTi -1.124 -1.124 -1.124 -1.124 -1.124 -1.124

YTi -0.297 -0.984 -1.033 -1.037 -1.013 -0.970

OO(1NN) -2.157 -1.390 -1.164 -0.964 -0.791 -0.643

OO(2NN) -0.487 -0.179 -0.125 -0.086 -0.059 -0.039

OO(3NN) -0.104 -0.024 -0.014 -0.008 -0.004 -0.002

OO(4NN) -0.023 -0.003 -0.001 0.000 0.000 0.000

OO(5NN) -0.004 0.000 0.000 0.000 0.000 0.000

FeO(1NN) -0.422 -0.422 -0.422 -0.422 -0.422 -0.422

FeO(2NN) -0.185 -0.185 -0.185 -0.185 -0.185 -0.185

YO(1NN) 9.676 0.105 -1.645 -2.919 -3.823 -4.442

YO(2NN) 4.233 0.046 -0.719 -1.277 -1.673 -1.943

TiO(1NN) -1.717 -4.488 -4.964 -5.285 -5.482 -5.581

TiO(2NN) -0.751 -1.964 -2.172 -2.312 -2.398 -2.442

OO -0.113 -0.003 0.007 0.011 0.012 0.011

FeO -0.862 -0.862 -0.862 -0.862 -0.862 -0.862

YO -1.507 -1.424 -1.331 -1.234 -1.140 -1.051

TiO -1.507 -1.072 -0.930 -0.800 -0.683 -0.579

OOI(1NN) -2.157 -1.390 -1.164 -0.964 -0.791 -0.643

OOI(2NN) -0.487 -0.179 -0.125 -0.086 -0.059 -0.039

Interaction

 

a) b) c) 
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D1.3 Results and Discussion 
  
Figure D1.2 shows characteristic NC structure, composition and size predicted by the LMC 
simulations of an Fe-0.47at%Ti-0.12at%Y-0.19at%O alloy, as a function of “effective” lattice 
parameter at 273K. In these simulations, all of the bond energies were taken to be the value of 
the effective lattice parameter (e.g., 1.1ao), except for the Fe-Fe bond which always assumes the 
value of ao = 0.287 nm, while the simulation is performed on a rigid lattice. In this way, the 
effect of lattice strain on the potential energy (bonding) between atoms can be included in 
minimizing the total system free energy, although again the structural relaxation (strain 
partitioning) at the interface is not considered. MC simulations performed using the full potential 
energy functions and without the requirement of the rigid lattice are currently being performed to 
assess the significance of interfacial relaxation and will be reported in the future.  
 
The composition Fe-0.47at%Ti-0.12at%Y-0.19at%O, neglecting the Cr and W, is consistent with 
the NFAs, namely MA957 and 12YWT, which have been extensively characterized by atom 
probe tomography (APT) [6] and small angle neutron scattering (SANS) [5]. The APT and 
SANS data for MA957 and 12YWT are summarized in Table D1.2 for comparison to the 
atomistic modeling results. The LMC simulations were started from random solid solution in a 
42x42x42 unit cell containing 148,176 BCC (metal atom) sites (592,794 total lattice sites), with 
696 Ti atoms, 178 Y atoms and 281 O atoms (on the octahedral interstitial lattice). Several small 
clusters of Y, Ti and O rapidly form in the majority of the LMC simulations and the clusters 
generally coarsen to a single nanocluster 
within about 5 million MC sweeps, as the 
potential energy of the system fluctuates 
towards a minimum value depending on 
simulation temperature. The single resulting 
nanocluster in the LMC simulation 
corresponds to a precipitate number density of 
5.7x1023 m-3.  
 

Figure D1.2. Predicted NC structure, size, composition and M/N scattering ratio as a function of lattice parameter at 
273K. 

 

a) b) c) d) e) 

Table D1.2 Summary of APT and SANS data for 
MA957 and 12YWT. 

SANS Data

Y Ti O M:O M/N

MA957 17.6 37.4 45.3 1.2 1.2

J12YWT 8.7 44.6 47 1.1 0.9

NC Composition (at%)

Atom Probe Data

Alloy
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Notably, as shown in Figure D1.2, Y-Ti-O NF do not form in the LMC simulations when the 
“effective” lattice parameter is 1.0ao (fully coherent lattice match to the iron lattice) or 1.1ao. At 
a lattice parameter of 1.0ao, a Y-Ti precipitate with a radius of 0.8 nm containing 78%Y and 
22%Ti does form, but no oxygen is contained within the cluster. This precipitate, in which the Ti 
is segregated to the interfacial region at the periphery, has a magnetic to nuclear (M/N) scattering 
ratio (2.17) higher than experimentally observed in addition to the lack of oxygen in the 
precipitate. At 1.1ao, individual TiO and Y clusters form in the simulations, but Y-Ti-O NF do 
not form. Finally at an effective lattice parameter of 1.2ao and above, Y-Ti-O NF form with 
significant oxygen and with a size of about 1 to 1.1 nm. The NF tend to be roughly spherical in 
shape, with segregated regions of Y and Ti and a more or less uniform oxygen concentration.  
 
The NF formed at 1.2ao (Figure D1.2c) has a M/N ratio of 1.06 and a metal to oxygen ratio of 
0.87, which is reasonably consistent with the experimental values of M/N ratios between 0.9 and 
1.2, and metal to oxygen ratios of 1.1 to 1.2. Increasing the effective lattice parameter above 
1.2ao tends to increase the Y and decrease the Ti content of the NF at very similar metal to 
oxygen ratios. The decreased Ti lowers the M/N ratios below the experimentally observed 
values. Thus for a composition of Fe-0.47at%Ti-0.12at%Y-0.19at%O, an effective lattice 
parameter of 1.2ao produces Y-Ti-O NF which are in reasonable agreement with the APT and 
SANS observations. LMC simulations at higher temperatures of 673 and 1273K and an effective 
lattice parameter of 1.2ao produce similar NF compositions and corresponding M/N and metal to 
oxygen ratios.  
 
Figure D1.3 shows the effect of increasing the bulk oxygen content of the simulated alloy from 
0.25 to 1.5 at%, at an “effective” lattice parameter of 1.3ao and a temperature of 673K. In these 
simulations, the resulting NF are slightly smaller (radii from 0.7 to 0.94 nm) than LMC 
simulations presented in Figure D1.2. Yet, a very clear effect of increasing O content is 
observed, which leads to decreasing Y content and increasing O content in the NF, at nearly 
constant Ti concentration. Correspondingly, the M/N ratio increases with increasing O and the 
metal to oxygen ratio decreases. Again, the NF tend to consist of segregated Y and Ti rich 
regions, with a nearly uniform oxygen concentration throughout the NF. The decreasing Y 
content in the NF with increasing bulk (or free) O concentration may influence the thermal 
stability of the NF and is reasonably consistent with work by Ukai and co-workers where they 
found that excess O had a significant effect on the recrystallization temperature of NFA [16]. 
 
Figure D1.4 summarizes the LMC simulation results for the NF as a function of “effective” 
lattice parameter at 273, 673 and 1273K and as a function of matrix O concentration at 673K and 
an “effective” lattice parameter of 1.3ao, in terms of the Y, Ti and O content, the M/N scattering 
ratio and the metal to oxygen ratio. Again, the APT and SANS characterization of MA957 and 
12YWT indicated that the NF had average radii from 0.8 to 1.3 nm, metal to oxygen ratios of 1.1 
to 1.2 with compositions of 9-18%Y, 37-45%Ti and 45-47%O and M/N scattering ratios of 0.9 
to 1.2. The NF obtained for “effective” lattice parameters between 1.2ao and 1.3ao are reasonably 
consistent with the experimental observations when the matrix O concentration is less than 
0.5at%. The NF are roughly spherical (faceted polyhedral), with segregated regions of Y and Ti, 
and a Ti to Y ratio of about 2:1, again reasonably consistent with the atom probe observations. 
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Figure D1.3. Predicted NC structure, size, composition and M/N scattering ratio as a function of matrix oxygen 
content at 673 K and an “effective” lattice parameter of 1.3ao. 

 

 
 
Figure D1.4. Summary of the simulation results as a function of a) “effective” lattice parameter and temperature and 

b) oxygen content  
 
The best correspondence between the LMC simulations and the experimental observations 
occurred for an “effective” lattice parameter of 1.2ao to 1.3ao, indicating a significant presence of 
strain energy. Notably, large strain contrast has not been observed in TEM investigations of 
MA957 and 12YWT [17], which is not entirely understood. Future modeling efforts will 
investigate the partitioning of strain energy between the matrix and NF and the interfacial 
structure of the NF by performing off-lattice relaxations using the full potential energy functions 

a) b) c) d) 
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developed in this work. Detailed knowledge of the NF structure, composition and interface 
structure should provide additional insight into the thermal and irradiation stability of the NF. 
 
D1.4 Conclusions and Future Work 
 
A lattice Monte Carlo model for simulating the structure of Y-Ti-O NF in nanocomposited 
ferritic alloys has been presented. The bond energies (interatomic potentials) have been obtained 
from ab-initio calculations (within the localized density approximation) of the mixing enthalpies 
in a regular solution thermodynamic model, fit to either Rose’s equation of state or a Lennard-
Jones functional form. LMC simulations performed in a Fe-0.47at%Ti-0.12at%Y-0.19at%O 
alloy, as a function of “effective” lattice parameter and temperature, reveal that Y-Ti-O NF form 
at all temperatures when the “effective” lattice parameter is larger than 1.2ao. The NF, with radii 
from 0.7 to 1.1 nm, are faceted polyhedrons that are roughly spherical in shape with 
compositions of 15-26%Y, 23-31%Ti and 45-65%O, and contain segregated regions that are Y 
or Ti rich, with nearly uniform O concentrations. The predicted NF for “effective” lattice 
parameters between 1.2ao and 1.3ao are reasonably consistent with the experimental observations 
when the matrix O concentration is less than 0.5at%. The correspondence with experimental 
observations at a relatively large lattice parameter indicates a significant strain energy 
contribution to the free energy of the NF. Future modeling efforts will investigate the 
partitioning of strain energy between the matrix and NF, and the interfacial structure by 
performing off-lattice relaxations using the full potential energy functions. 
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Task E Other Activities 
 
E1 Spallation Proton Irradiation of TMS and NFA in PSI STIP-V Program 
Collaborators: Nicholas Cunningham, Douglas Klingensmith, David Gregg; Yong Dai (Paul 
Scherrer Institut)  
 
STIP stands for the SINQ Target Irradiation Program.  The fifth in a series, STIP-V irradiation 
was carried out in 2007 and 2008.  The stated goal of the STIP program is to study radiation 
effects on structural materials using high energy protons and spallation neutrons [1]. Figure 
E1.1a shows the basic configuration of the STIP target.  The target consists of an array of 
capsules filled with specimens to be irradiated.  The proton beam enters through the bottom of 
the array and cooling water flows between the specimen capsules.  The dose received by each 
specimen varies by the capsule position and its location in each capsule.  We were granted the 
opportunity to place two specimen capsules in the STIP-V target.   
 
E1.1 Scientific Objectives 
 
The scientific objective of the UCSB STIP-5 irradiation was to characterize the transport, fate 
and consequences of helium combined with varying levels of irradiation hardening in fusion 
reactor and spallation target alloys.  At nominal temperatures of ≈300°C, hardening is very large 
and there is growing evidence that combined with high levels of helium accumulation at grain 
boundaries this leads to severe embrittlement and interganular fast fracture in tempered 
martensitic steels (TMS).  At higher temperatures, around 600°C, irradiation hardening is 
minimal, but helium accumulation at grain boundaries may lead to degradation in creep rupture 
properties.  In this case the specimens are similar, but will primarily be used to measure creep 
rates-rupture times as well as creep crack growth rates in NFA, especially MA957.   
 
E1.2 Specimen Design Objective 
 
Specimens in STIP-V irradiations are contained in 11 mm diameter by 123 mm long stainless 
steel capsules. Two positions in row 8 were chosen for the UCSB capsules. The nominal core 
centerline peak heat generation is 80 W/, decreasing to 12 W/g near the ends of the capsule.  
However, the peak heating rates may increase up to 50% due to both unplanned transients and 
operation at higher beam currents.  The design concept was to:  
 

1) Provide specimen heat transfer paths with circular symmetry.  
2) Minimize the number of interfaces (in this case only one interface between the specimen 

and capsule). 
3) Rely on press fit contacts between the specimens and capsule wall to minimize thermal 

contact resistance uncertainties.  
4) Use a variable “gear” like pattern to control the overall contact resistance.  
5) Use a detailed 3D FEA ABAQUS thermal model to optimize the design and to quantify 

the specimen temperature distributions, including accounting for thermal expansion.  
6) Use somewhat lower design temperatures to avoid annealing during periods with higher 

heating rates.   
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The specific design goal was to minimize the axial temperature variation along the center-line of 
the specimens.  Radial variations are used to probe the temperature dependence of microhardness 
and microstructural chnages.  The predicted specimen center-line temperature varies between 
248 °C and 288 °C and between 511 °C and 527 °C for the low and high temperature capsules 
respectively. 

 
E1.3 Thermal Design and Model Constraints 
 
E1.3a Heat Deposition By The Proton Beam 
 
Temperature distributions in the specimens in Hhemlium filled capsules were calculated using 
ABAQUS FEA code. Figure E1.1b shows a fourth order polynomial fit of the nominal heat 
deposition (W/cm3/mA) profile in steel for capsules in rows 6 and 7 used in the thermal model. 
The heat generation profile in the ABAQUS model for a peak value 80 W/g peak heat 
characteristic of a 9Cr-1Mo steel. After the design was initiated, we were informed that the 
proton current is not constant.  Due to this unsteady heat deposition during the experiment, the 
minimum heat generation is not constant and may vary up to 50% with a peak of 120 W/g in the 
extreme case.  Thus the designed was modified to lower the specimen temperatures so that 
excessive annealing does not occur uner transient off-normal conditions.  
 
E1.3b Specimen Contact Resistance 
 
Uncertainties in thermal contact resistance complicate the temperature analysis. AN optimal 
design  use specimens where the heat flows through as few interfaces as possible in the radial 
direction.  This dictates specimens with a circular geometry, such as disks. In order to minimize 
the corresponding temperature uncertainties our design was based on a single gear pattern 
contact surface at the outer edge of disk shaped specimens. A tight press fit and thermal 
expansion was used to produce a significant pressure between the specimens and the capsule 
wall. We assumed the corresponding contact resistance to be equivalent to a 10 micron helium 
gas gap, with a gas thermal conductivity of k = 0.152 W/m-°K.  The thermal conductance of the 
gap is 
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Figure E1.1 (a) Possible capsule locations in STIP target and (b) energy deposition profile averaged over the 

three capsules in rows 6 and 7. 
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! 

C =
2" # k # L

ln(r2 r1)
     

   (E1.1) 
 

Here L, k, r1 and r2 are length of the cylinder, thermal 
conductivity, outer diameter of the specimen and inner 
diameter of the capsule respectively. The thermal 
conductance per unit length used in the ABAQUS model was 
15,214 W/m2k. This value was simply scaled to the ratio of 
the full to partial contact area for the specimen gear pattern. 
The thermal conductance across the larger helium gap was 
neglected.   
 
E1.3c Specimen Fabrication  
 
The specimens include disk compact tension (DCT) 
specimens, disk tensile specimens (DTS), disk multi-purpose 
coupons (DMC) and deformation and fracture mini-beams 
(DFMB).  The fabrication of all specimens was very similar. First, a plug, as shown in Figure 
E1.2, was cut from the bulk material by wire electrical discharge machining (EDM). The outer 
diameter of the plug was ground to within ±0.0005” of 0.388”. Grinding not only produces an 
accurate outer diameter but also results in a very smooth low contact resistance surface.  The 
plug was then sliced into the required number of specimens with approximately 0.0015” oversize 
thicknesses. The specimens were then polished to within a few ten-thousandths of an inch of the 
desired thickness. Groups of specimens were ground and polished by taping them onto a steel 
disk using double sided tape, as shown in Figure E1.3, with successively finer sand paper with 
the final polish using a 1200 grit paper. The specimens were engraved with a material and 
capsule-position ID. 
 

  
Figure E1.3 Left: Specimens taped to holder for polishing.  Right:  Polished specimen. 

 
Figure E1.4 shows small disc compact tension (DCT) specimens.  These specimens are 3.6 mm 
thick.  For the low temperature capsule no gear pattern was required.  For the high temperature 

 
Figure E1.2 Example of a machined 

specimen blank. 
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capsule two different gear patterns were used.  The gear pattern was not used near the clevis pin 
holes to avoid weakening the specimen.  
 
The DCT specimens were fatigue pre-cracked using procedures in the ASTM E1921 standard [2] 
 
Since the DCT specimen the gear patterns are not completely symmetric, the temperatures are 
also slightly asymmetric. The peak specimen temperature remains very close to that predicted by 
the simple symmetric geometry, but is shifted off-center in the direction of the crack.  Since this 
is where fracture initiates  
 

  
Figure E1.4 Left: DCT used in the low-temperature capsule.  Right:  A gear pattern for a DCT in the high-

temperature capsule. 
  
 
The 0.5 mm thick DTS specimens shown in Figure E1.6 are included in both the high and low 
temperature capsules. They do not require a gear pattern in the low temperature capsule.  
 
 
 
 

 
Figure E1.5 The DCT temperature distribution map. 
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The 0.5 mm thick DTS speciemns shown in Figure E1.6 are included in both the high and low 
temperature capsules. They do not require a gear pattern in the low temperature capsule.  
 
Both 0.2 mm and 0.5 mm thick DMC were also included both the high- and the low-temperature 
capsules. Seven different gear DMC pattern geometries were used.  Examples of gear pattern 
extremes are shown in Figure E1.7 
 

 
Deformation and fracture mini-beams (DFMB) 
were fabricated as a single ring for the low 
temperature capsule.  The 12 DFMB ring is 
shown in Figure E1.8. The web between each 
DFMB specimen is thin.  After irradiation the ring 
will be fractured at LN2 temperature into 
individual DFMB specimens.  The DFMBs were 
notched to a/W ≈ 0.5 with a 0.004” EDM wire. 
The center of the DFMB plug is also filled with 
specimens to match the nuclear heating in the 
other specimens.  While the DFMB temperatures 
are uniform, they are lower than for the other 
specimen centers.  
 

  

Figure E1.6 Left: DTS used in the low-temperature capsule.  Right:  Gear pattern for a DTS in the 
high-temperature capsule. 

  
Figure E1.7 Examples of gear pattern on 0.5mm thick DMC. 

 
 

Figure E1.8 A DFMB ring. 
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E1.3d Thermal Properties 
 
The filled capsules were comprised of three materials in the FEA model: 316 stainless steel 
capsule capsules; 1100 series aluminum spacers used to improve conductivity of heat from the 
DCTs in the low temperature capsule; and F82H specimens. The pertinent thermal properties are 
tabulated in Table E1.1.     
 

Table E1.1 Material properties used in the FEA thermal analysis 

Material Thermal Conductivity k 
(W/m/K) 

Density ρ 
(Kg/m3) 

Specific Heat Cp 
(10-6/Kg-°C) 

F82H IEA [3] 32 7800 500 
1100 Aluminum [4] 240 2702 903 

SS 316 [5] 16.3 8000 500 
 
E1.4 Thermal Modeling 
 
The thermal analysis evolved through many iterations of specimen design and from a simple 1-D 
and 2-D models, a geometrically accurate 3-D model including the effects of thermal expansion.  
 
E1.4a 1D to 2D model 
 
A simple 1D model was used initially for scoping studies and 
as a verification benchmark reference for the more complicated 
ABAQUS models. Figure E1.9 shows a simple schematic of 
the 1-D model with heat transfer only in the radial direction.  
The temperatures of interest include the center specimen 
temperature (To), the specimen outer contact surface 
temperature (Tc1), the capsule inner surface contact 
temperature (Tc2), and the capsule outer surface temperature 
(Ts).   
 
In cylindrical coordinates the temperature distribution in 
specimens is given by.  
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Here k, q, r and Cp are thermal conductivity, volumetric heat generation rate, density and specific 
heat, respectively. Solving this under the steady-state condition,

! 

"T "t = 0  with boundary 
conditions of Ts = 60 ºC and 

! 

"T "r = 0  at r=0, gives T(r) solution as shown in Figure E1.10.  
Figure E1.10 shows the four cases with different contact resistance between the specimen and 
the capsule.  Three cases are for a 10 µm helium gap at helium temperatures of 100K, 300K and 
400K, while the other case uses indium foil between the specimen and capsule. The temperature 
drops are roughly 50°C across the stainless steel wall, 60°C across the highest temperature gas 

 
Figure E1.9 Schematic of the1-D 

analytical model. 
 



77 

gap and 85°C in the specimen itself. As shown in Figure E1.11, the ABAQUS FEA temperature 
distributions are in excellent agreement with the simple analytical model for the same conditions.  
 
E1.4b 3-D Models with Varying Contact Conductivity 
 
The 3-D FEA model treats the axial variation on the heat deposition as shown in Figure E1.1b. 
Figure E1.12 shows a reasonably flat quarter section temperature map along the center length of 
the capsule for an optimized contact conductivity profile. Initially, the contact conductivity was 
represented as a smooth function along the capsule length.  It was very difficult to modify this 
curve to create a constant center temperature.  Using several straight line segments as shown in 
Figure E1.12 to represent the contact conductivity made controlling the center specimen 
temperature much easier. Although this method of specifying the contact conductivity is 
effective at controlling the center specimen temperatures, it is not practical from a manufacturing 
standpoint, since  it would require each specimen to have a slightly different gear pattern. Figure 
E1.13 shows the actual step function used.  This method is much simpler for machining, because 
each specimen in a given region is machined to the same dimensions and gear pattern.   

 

He at 
400K 

Analytic Model  FEA Model 

T0 246.8°C 246°C 
Tc1 159°C 160.5°C 
Tc2 97.6°C 98°C 
Ts 60°C 60°C  

Figure E1.11 Left: A 1-D temperature map from the ABAQUS FEA model; Right:  Comparison of temperatures 
in analytic and FEA models for 10 µm 400°K He gap. 

 
Figure E1.10 1-D analytical model temperature profiles for different helium temperatures and a indium thermal 

bonding layer. 
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Figure E1.12 The quarter-section temperature map from the 3-D model for varying contact 

conductivity along the capsule length. 
 

One possible additional concern is that this model uses isotropic heat conductivity.  Since the 
actual specimens consist of thin disks, the heat conduction along the axial length of the capsule 
will be lower due to the thermal contact resistance between each specimen. An extreme case was 
created in which the capsule had a perfectly insulating axial interfaces added to the model. This 
extreme case resulted in only a 4°C change at the insulated surface., confirming the assumption 
that the heat transfer is mainly radial.  Since so little heat transfer is occurring in the longitudinal 
direction, an isotropic model was deemed acceptable.  
 
The results for the step-function model for the 600°C capsule are shown in Figure E1.14. The 
temperature drop in the gap between the specimens and capsule inner wall is naturally much 
larger in this case.  
 
E1.4c Effects of Thermal Expansion 
 
The stainless steel has a higher coefficient of thermal expansion (CTE ≈ 17.3 x10-6/°C) than the 
specimen alloys (≈ 10.8x10-6/°C). This is a concern because the contact resistance is highly 
dependent on the type of contact bet pressure between specimen and capsule and it is important 
to maintain a good press fit that was established during assembly by heating the capsule, while 
inserting room temperature specimens. 
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Figure E1.13 Results from the 3-D model for a step function contact conductivity. 
 

 
 

FigureE1.14 Quarter-section temperature map for the 2-D model of the 600°C capsule. 
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An estimate of the effects of thermal expansion can be simply obtained by neglecting 
temperature gradients in the specimens and capsule wall. A worst-case estimate of changes in 
contact pressure can be based on assuming uniform 
temperatures that are a maximum value of 112°C at the 
300°C capsule ID, a minimum 206°C at the specimen OD, 
a reference temperature of 25°C for a perfect fit between 
the specimens and the capsule at a diameter of D = 9.8 mm.  
The change in D is ∆D = Doα∆T where ∆D, Do, α and ∆T 
are change in circumference, initial circumference, CTE 
and temperature change from reference temperature, 
respectively. This simple calculation showed that the 
specimen diameter would increase by ≈ 18 microns while 
the stainless steel capsule diameter would only increase by 
≈ 14 microns.  Thus the contact pressure increases during 
irradiation.   
 
The results of a detailed FEA model of the pressure between the specimens and the capsule are 
shown in Figure E1.16 for peak specimen center temperature of 300 and 460°C and the other 
where the peak temperature was 300°C, assuming a constant contact resistance that results in 
large axial temperature gradients that are nor realistic. The pressure goes to zero for the 300°C 
case but remains finite for a peak temperature of 460°C. 
 

 
Figure E1.16 The quarter section temperature map for a 3-D model with cosine heat generation and a constant 

contact resistance. 

 
Figure E1.15 Blowup of the 

temperature map in the middle of a 
capsule 
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E1.4d Advanced Models 
 
Both 2-D and 3-D models of the DTS were used to determine the validity of assuming that they 
can be treated a circular disks. Assuming the DTS are alternated between the other specimens 
similar temperatures are achieved in both cases. 
 
The high heating rates in the axial capsule center of make it 
difficult to achieve temperatures around 300°C. Further, due 
to the possibility of a 50% heat generation increase, the 
temperature of the specimens near the middle of the 300°C 
capsule could rise to well over 400°C, potentially resulting in 
annealing of the radiation damage. Using highly conductive 
disc spacers between the specimens can mitigate problems 
associated with maintaining design temperatures and 
avoiding extreme transient temperature increases. Using 
spacers requires modeling the axial variation in the thermal 
conductivity, as shown in Figure E1.17. The temperatures of 
the DCT specimens depend on the material used for the high 
conductivity spacers. Copper, aluminum and brass were 
assessed as shown in Figure E1.18. A nominal 12 µm helium 
contact resistance between the discs should be conservative, 
since the conductive spacers are made from a soft metal and 
both the spacers and DCT specimens were polished. 
 
 
 
Figure E1.18 shows DCT and spacer 
temperature profiles over the 
specimens and conductive spacers at 
the center of the capsule for the high 
heating condition.  The temperatures 
increase with using copper, 
aluminum and brass, respectively. 
Copper is less appropriate since it is 
a neutron absorber, thus aluminum 
was chosen as the high conductivity 
material. The resulting maximum 
DCT temperatures are ≈ 405°C at a 
150% heat rate. 
 
 
 
The DFMB specimens were modeled as a geared solid ring with and without a center plug. The 
model showed that a center plug is needed to raise the specimen temperatures at the bottom of 
the notch.  
 

 
Figure E1.17 The DCT-high 

conductivity spacer design for the 
600°C capsule. 

 
Figure E1.18 The DCT temperature profile using highly 

conductive spacers composed of different materials 
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E1.5 Final Capsule Thermal Design Temperatures 
 
E1.5a Temperature Distributions 
 
The final design quarter section temperature map of the 300°C capsule is shown in Figure E1.19.  
The DFMB rings were moved closer to the center so that the specimens in between remain at an 
approximately constant temperature without using a gear pattern.  The specimens that are located 
in higher and lower positions outside the DFMB ring had two sets of gear patterns to create a 
temperature intended to be close to the other specimens. The final model also required estimating 
several contact conductivities in the axial direction, such as the contact between the DCTs and 
the aluminum spacers, contact between the plug and specimens and the contact between the plug 
and DFMB ring.  The best estimates are listed in Table E1.2; uncertainties in these values had 
only a moderate effect on the specimen temperatures. 
 

 
Figure E1.19 The quarter-section low temperature capsule map.  

 
 
 
 
 

Table E1.2 Contact conductivities used for the low-temperature capsule 
Contact Description Contact Conductivity (W/cm2/K) 

Between Specimen OD and Capsule ID Varies along length 
Between plug OD and DFMB ID 4200 
Between plug end and specimens 182 
Between Al spacers and DCT specimens 16000 
Contact between DCT and other specimens 1666 

 
Figure E1.20 shows the center temperature profile along the length of the capsule. The three 
peaks near the middle of the capsule represent the alternating DCT specimen and aluminum 
spacers.  Again, the goal is to maintain a uniform temperature down the length of the capsule.  
The red temperature profile in the figure represents the condition at 150% of the nominal heating 
rate. Near the end of the capsule the center temperature can be maintained near 350°C for this 
case, however, at the middle of the capsule, where the heat generation is the highest, even with 
aluminum spacers, the DCT reaches ≈ 400°C.  Unfortunately this temperature cannot be reduced 
further. For the 100% nominal heating rate, the specimen center temperatures vary from a high 
of 290°C at the middle of the capsule and a low of 248°C at the ends.  For the 150% heating rate, 
the corresponding temperatures vary from 398°C to 335°C.  
 
The peak temperature around 0.03 is in the center of the plug inside the DFMB ring. This is more 
uncertain since there are two contact resistances in this case.  However, this has almost no effect 
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on the DFMB ring temperatures.  The temperature profile along the center of the DFMB ring is 
shown in Figure E1.21. Note we are only concerned with the temperature near the notch root 
where fracture occurs. However, since the DFMB specimens notches are near the capsule wall 
their temperatures run lower at about 200°C for the nominal heating rate and 275°C for the high 
heating rate. 
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Figure E1.20 Specimen centerline temperatures (left) and DFMB notch root temperatures (right) along length of 

capsule. 
 
Figure E1.21 shows the quarter-section temperature map in the high temperature capsule.  The 
simpler specimen geometries in this capsule facilitate the modeling. the model much simpler. 
The axial temperature variation is much less compared to the low temperature capsule.  The 
original design goal was to maintain the specimens near 600°C.  However, because of the 
possibility of 150% nominal heating rates the nominal temperature was lowered to keep the 
highest temperatures less than 750°C, the nominal temperature was decreased to ≈ 520°C. The 
calculated temperatures varied from ≈ 511°C to 527°C and 736°C to 760°C for the low and high 
heating rate conditions, respectively.  
 

 
Figure E1.21 The high temperature capsule quarter section map.  
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Figure E1.22 Specimen centerline axial temperature profiles. 
 
E1.5b Materials and Specimens 
 
Table E1.3 shows the numbers of specimen of each type and alloy in the capsules. The low 
temperature capsule included 5 TMS, while high temperature capsule included four NFAs and 
two TMS.  A total of 400 specimens including 336 DMC, 24 DTS, 16 DCT and 24 DFMB were 
irradiated.  
 
 

 
Table E1.3 Final Specimen Matrix for UCSB STIP-V Capsules 

DCT DTS DMC DFMB Totals DCT DTS DMC Totals

Eurofer 8 6 40 24 78 - - 18 18 96

T91 - - 26 - 24 - - 16 16 40

F82H IEA - - 26 - 26 26

F82H Mod3 - - 22 - 22 22

HT9 - - 24 - 24 24

MA957 8 18 98 124 124

MA956 - - 42 42 42

NFA-B - - 12 12 12

NFA-C - - 12 12 12

8 6 138 24 176 8 18 198 224 400

Low Temp.
Total

Totals

T
M

S
N

F
A

High Temp.Capsule

Material  \ Spec. type

 
 
Each capsule is broken into zones.  The low temperature capsule has four zones.  Each zone is 
distinguished by a different gear pattern or type of specimen.  Zone 0 occupies the middle 
section of the low temperature specimen capsule and consists of alternating 3.6 mm thick 
Eurofer 97 disc compact tension (DCT) specimens and 1.6 mm thick 1100 series aluminum 
spacers.  There is no gear pattern on the outer edge of these specimens to minimize the center 
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specimen temperature of the DCTs.  Zone 1 next to the middle of the capsule consists of 0.2 mm 
and 0.5 mm thick disc multi-purpose coupons (DMC) for all the alloys and 0.5 thick Eurofer 
97disc tensile specimens (DTS).  Zone 2 consists of twelve deformation and fracture mini-beams 
(DFMB) in a single hollow cylinder.  The inside of the cylinder is filled with a  stack of 2.35 mm 
thick PM2000 specimens capped by two stainless steel spacers.  Zones 3 and 4 consist of a 
mixture of DMC and DTS specimens of Eurofer 97, T91, HT9, IEA F82H and F82H mod 3.  
The difference between zones 3 and 4 is that the specimens use a different gear pattern. Figure 
E1.23 shows a schematic of the low temperature capsule zones and specimen loading.  
 

 
Figure E1.23 The specimen layout in low temperature capsule 

 
In the high temperature capsule Zone 1 consists of six 3.6mm thick MA957 DCTs with a gear 
pattern 1.  Zone 2 consists of two DCT and a mixture of DMC and DTS specimens of MA957 
with gear pattern 2.  Zone 3 consists of DMCs of MA957, MA956, NFA-B, and NFA-C 
materials with gear pattern 3.  Zone 4 consists of DMCs of MA957, MA956, Eurofer 97, and 
T91 with gear pattern 4.  Zone 5 consists of DMCs of MA957 and MA956 with gear pattern 5. 
Figure E1.24 shows a schematic of the high temperature capsule zones and specimen loading.  
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Figure E1.24 The specimen layout in high temperature capsule 

 
 
E2 Characterization of NFs by X-ray Absorption Spectroscopy 
Collaborators: S. Liu, Carlo U. Segre (Illinois Institute of Technology) 
 
Synchrotron X-ray measurements were carried out to help identify the nm-scale Y-Ti-O enriched 
features (NF) that produce high strength and radiation damage resistance in 12-14Cr 
nanostructured ferritic alloys (NFAs). Scattering of photoelectrons created by photons with 
energies above an absorption edge produce characteristic attenuation-energy oscillations that can 
be used to determine the distance, atomic number and coordination of the surrounding atoms 
based on Extended X-ray Absorption Fine Structure (EXAFS) and X-ray Absorption Near Edge 
Structure (XANES) techniques. Five NFAs provided by UCSB were examined at Argonne 
National Laboratory’s (ANL) Advanced Photon Source (APS) by Carlo Segre's group at the 
Illinois Institute of Technology (IIT) using the K-edge of Y. The materials studied included 
commercial vendor INCO MA957 and Kobe Steel J12YWT as well as UCSB (U) and ORNL 
(O) mechanically alloyed powders HIPed at 850 and 1150°C (as indicated by the last set of 
numbers in the alloy identification code).  
 
Preliminary analysis has been carried out to evaluate Y oxygen coordination and bond lengths. 
The Y atoms were found to be coordinated with approximately 5 to 6 O nearest neighbors with 
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bond lengths of about 0.23 nm. XANES and EXAFS spectra for three oxide standards, Y2O3, 
Y2Ti2O7 and Y2TiO5, were used to fit the data using the Athena code. The code finds a weighted 
combination of standard spectra that has the smallest least square error difference from the 
measured spectra. These fits were consistent with the presence of a mixed set of oxide NFs 
primarily composed of Y2Ti2O7 and Y2TiO5 plus varying amounts of Y2O3, depending on the 
alloy. The EXAFS and XANES results were generally consistent for the various alloys, although 
the latter indicated more Y2O3 in some cases. Figure E2.1 shows the average of the EXAFS and 
XANES evaluations of the fractions of the oxides. The error bars represent the standard 
deviation between the XANES and EXAFS evaluations.  
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Figure E2.1 The relative fractions of various oxide phases in a set of NFAs derived from EXAFS 
and XANES measurements.  
 
E3 Characterization of the Microstructures and Mechanical Properties of Advanced 
Structural Alloys for Radiation Service: A Comprehensive Library of ATR Irradiated Alloys 
and Specimen 
Collaborators: Ben Sams, Douglas Klingensmith, Nicholas Cunningham; James I. Cole, Gregg 
Wachs and Paul E Murray (Idaho National Laboratory)  
 

We have also designed a comprehensive ATR irradiation experiment as part of a successful 
NSUF proposal entitled Characterization of the Microstructures and Mechanical Properties of 
Advanced Structural Alloys for Radiation Service: A Comprehensive Library of ATR Irradiated 
Alloys and Specimen. This experiment will contain approximately 1750 specimens of different 
types, composed of a wide variety of materials, which will provide a large body of 
microstructural and mechanical property data to address many key irradiation service questions. 
The irradiations will be carried out in the A10 position at ATR up to a maximum dose of ≈ 7 
dpa. Baseline irradiation temperatures are 300, 550 and 750°C; smaller capsules will also be 
irradiated at 350, 400, 450 and 500°C. Table E3.1 summarizes the specimen types, numbers and 
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irradiation conditions. As seen in Figure E3.1, innovative approaches to thermal designs are 
being implemented to minimize variations in temperature that will be measured by SiC monitors. 
As illustrated in Figures E3.1 a and b disc multipurpose coupons (DMCs) are tight-fit loaded in a 
“pill-box” with a specially designed outer profile that creates a gas gap variation to flatten 
temperature profile of the DMCs.  In the beginning of the planning we will take advantage of 
conditions where temperature variations are unavoidable using hardness and PIA recovery of 
selected alloys to cover smaller continuous temperature gradients. The products of the ATR 
experiment will include the following items: 

a. An unprecedented database on irradiation hardening (and softening) between 300 and 
750°C from about 1 to 7 dpa for 6 TMS, 12 NFA and 3 austenitic alloys. The irradiation 
hardening will be primarily characterized by microhardness measurements, supplemented by 
tensile tests on a subset of materials. This will provide a database for refined fits of semi-
empirical hardening models that we have developed in Task A. Since many alloys will be 
irradiated side-by-side, the database will also provide a unique opportunity to develop models for 
the effects of metallurgical variables on irradiation hardening. Combinations of special 
microhardness techniques that we have developed will be combined with the other deformation 
dominated fracture tests for a subset of alloys, such as tensile and shear punch measurements, 
and used to develop micromechanical models of constitutive, flow instability and failure ductility 
properties of the irradiated alloys over a wide range of temperatures. Finally, irradiations of TMS 
alloys at higher temperatures will provide a database for examining microstructural instabilities 
that can lead to softening (as well as non-hardening embrittlement - see below). The instabilities 
are manifested as coarsening of precipitates and subgrains, recovery of dislocation and lath 
structures and precipitation of brittle phases, generally on the grain boundaries [5]. There is 
growing evidence that irradiation and thermal instabilities interact synergistically. Thus the ATR 
mechanical property and microstructural data will be combined with thermal aging studies 
described in Task B to provide the first systematic investigation of irradiation-thermal instability 
synergisms at higher temperatures. 

b. Fracture mechanics studies using CT specimens in the framework of the Master Curve 
Method will be carried out on a subset of alloys including four TMS to measure changes in the 
100 MPa√m reference temperature ΔTo and decreases in upper shelf ductile tearing toughness. 
These tests will be supplemented by mini bend bar tests on an additional two TMS and five 
NFA.  Further opportunities for evaluating the fracture resistance of materials will be provided 
by ball punch tests on the multipurpose coupons and a newly developed notched disk geometry 
that will be tested by a wedge loading procedure. Finally the irradiation will be used to further 
develop a new wedge loading chevron notch specimen, primarily intended to characterize the 
strength of interfaces. These small specimen methods can be used to evaluate test specific 
transition temperature shifts ΔT that can be adjusted to ΔTo using calibrated micromechanical 
models.  

c. Microstructural characterization on the irradiation-conditioned materials studies using a 
large suite of state of the art tools (SANS, TEM, APT, PAS and various X-ray based techniques). 
We will seek to establish a large international network of university and laboratory collaborators 
to assist in these studies. This could be enabled, for example, by providing small FIBed 
specimens that minimize limitations normally imposed by handling highly radioactive materials. 
In this sense, the ATR experiment will provide a "lending library" of specimens that can be 
examined by a large number of scientists using a variety of techniques. In addition to carrying 
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out some of these studies ourselves, UCSB's role would be to encourage and help coordinate the 
collaborative research, to pool the information into a useful database and to combine it with 
mechanical property data to develop advanced microstructurally-based physical models of the 
deformation and fracture of irradiated alloys.  

d. Model alloys and systems of various sorts are also included in the experiment. For 
example, a series of simple model alloys will be included to assess the effects of 0 to 18% Cr in 
simple Fe-Cr binary alloys over a wide range of irradiation temperatures. The experiment will 
probe the effect of Cr on both defect accumulation and α' precipitation including the effects of 
radiation enhanced diffusion (RED) and possible irradiation-induced non-equilibrium 
modifications of α-α' phase boundaries. Other model materials include a set of pressure vessel 
steels and simple two to five constituent ferritic alloys. We also anticipate the opportunity for 
including a number of other exploratory model materials including TiAl, some maraging steels 
and possibly model nanolayered metallic composites with engineered boundaries. 

e. A very exciting and absolutely novel aspect of the ATR experiment will be the inclusion of 
so-called diffusion multiples that provide a "lab on a chip-combinatorial" type opportunity to 
characterize thermo-kinetic parameters of multiconstituent-multiphase alloys including mapping 
the phase diagrams and interdiffusion rates [6]. Diffusion multiples are bonded assemblies of up 
to five elements, akin to more familiar and simpler binary diffusion couples. In the case of a 
diffusion couple made of primary elements, thermal aging provides information of equilibrium 
phase boundaries and interdiffusion rates along a binary tie line at a specified temperature. In the 
case of the diffusion multiple, this information is extended to ternary, quaternary and even higher 
order systems by creating corresponding multi-element interdiffusion zones. These zones can be 
probed by a number of microstructural-microanalytical techniques as well as methods to probe 
physical and mechanical properties (e.g., using nanohardness). The large database produced by 
diffusion multiples will be analyzed to derive the thermodynamic and kinetic parameters used in 
computational materials codes like Thermocalc and Dictra and advanced models (e.g., phase 
field) of microstructural-microchemical evolutions. While the diffusion multiple method is not 
new, it has never been applied to evaluation of alloy thermo-kinetics under irradiation, so the 
ATR irradiation present a unique new opportunity. Annealing diffusion multiple specimens will 
also help separate non-equilibrium effects of irradiation from radiation enhanced diffusion 
accelerated near equilibrium processes. Radiation enhanced diffusion will permit explorations of 
lower temperature thermodynamic regimes that are otherwise kinetically inaccessible due to 
slow thermal diffusion rates. Note that such databases are absolutely essential for computational 
materials by design approaches to developing advanced high performance, radiation tolerant 
alloys.  

f. In situ He generation experiments will also be carried out in the ATR irradiation. The 
thermal to fast neutron flux ratio is lower in ATR compared to HFIR and the peak dpa in the 
experiment is also lower. Thus the maximum He content in this case will be limited to about 150 
appm. However this amount is sufficient to address issues of He transport and fate and will 
permit us to include newer and more advanced NFA than in the previous and ongoing HFIR 
irradiations over a wider range of temperatures. The ATR experiments will use thick Ni 
implantation foils to inject α-particles into wedge shaped specimens from both sides to 
producing uniform He concentrations up to a thicknesses of ≈ 8 µm. The use of wedge 
specimens will also facilitate PIE since their end will be partially pre-thinned to near electron 
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transparency. We anticipate implanting ≈ 20 TMS, NFA and model alloys over a range of 
temperatures.  

The ATR irradiation will begin in August 2009 and will be completed in April 2010. The PIE 
will primarily be carried out in collaborator hot cell facilities of our national laboratory team 
members. UCSB is to participate in the planning and execution of the PIE and subsequent 
analysis and evaluation of the resulting database. Initial planning activities were supported by 
this NERI while specimen preparation and post irradiation examination will be supported by 
other programs, including our ongoing NERI that started in 2007. We will also carry out similar 
collaborations with national laboratory team members 2 and 3 on previously irradiated materials 
such the HT9 ACO-3 duct as well as a large specimen inventory (fracture, tensile, creep, 
transmission electron microscopy) for many alloys, including HT9, T91 and MA957 irradiated in 
FFTF-MOTA at temperatures from 380°C to 750°C up to 225 dpa. UCSB would continue to 
develop and transfer to our laboratory collaborators advanced mechanical property and small 
scale testing methods including extending these innovative techniques to assessing high 
temperature deformation and fracture properties. 
 

    

Temperature scale is 270°C - 303C

Specimen
Temperature
Range:
±6.5°C

 

a    b    c   

Figure E3.1 Illustration of (a) innovative “pill-box”-type packet to hold DMC (disc multipurpose 
coupon) specimens, (b) a special profiled pill-box shape to control gas gap heat conduction, and 
(c) the uniform thermal profile estimated for a 300 ºC capsule at high flux. 
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Table E3.1 ATR irradiation specimen types and numbers for the specified irradiation conditions 
Temperature (ºC) Irr. Code dpa DMC-thin DMC-thick He-Imp DM B&C SSJ DTS SRX DCT DFMB DND CHW CC Total

H 5.5 36 49 40 3 4 36 9 12 24 48 6 6 40 313

M 4.1 20 40 - 3 - 18 - - - - - - - 81

M@high-f 4.5 - - - - - - - - 7 - - - - 7

L 1.6 2 45 - 3 - - - - - - - - - 50

L@high-f 1.7 2 45 - 3 - - - - - - - - - 50

H 6.1 23 28 40 3 - - - - - - - - - 94

M 4.4 16 18 - 3 - - - - - - - - - 37

L 2.9 2 45 - 3 - - - - - - - - - 50

H 6.2 21 28 40 3 - - - - - - - - - 92

M 3.6 16 18 - 3 - - - - - - - - - 37

L 2.4 2 45 - 3 - - - - - - - - - 50

H 6.2 23 28 40 6 - - - - - - - - - 97

M 3.4 10 10 - 3 - - - - - - - - - 23

L 2.0 2 37 - 3 - - - - - - - - - 42

H 6.2 23 28 40 3 - - - - - - - - - 94

M 3.2 10 10 - 3 - - - - - - - - - 23

L 1.5 2 37 - 3 - - - - - - - - - 42

H 4.9 33 46 40 3 2 18 - 12 - 16 - - - 170

M 4.0 4 31 - 3 - 18 - - - - - - - 56

L 2.9 2 37 - 3 - - - - - - - - - 42

H 5.7 16 25 40 3 2 18 - 12 - - - - - 116

M 3.2 8 18 - 3 - - - - - - - - - 29

L 2.2 2 20 - 3 - - - - - - - - - 25

H 6.0 16 23 40 3 2 - - 12 - - - - - 96

M 3.5 2 18 - 3 - - - - - - - - - 23

L 2.5 2 20 - 3 - - - - - - - - - 25

295 749 320 78 10 108 9 48 31 64 6 6 40 1764

300

350

400

450

500

550

650

750

Total  
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