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Project Objectives 

The objective of the proposed research was to investigate degradation of materials in the 
supercritical water environment (SCW).  First, representative alloys from the important classes 
of candidate materials were studied for their corrosion and stress-corrosion cracking (SCC) 
resistance in supercritical water.  These included ferritic/martensitic (F/M) steels, austenitic 
stainless steels, and Ni-base alloys.  Corrosion and SCC tests were conducted at various 
temperatures and exposure times, as well as in various water chemistries.  Second, emerging 
plasma surface modification and grain boundary engineering technologies were applied to 
modify the near surface chemistry, microstructure, and stress-state of the alloys prior to 
corrosion testing.  Third, the effect of irradiation on corrosion and SCC of alloys in the as-
received and modified/engineered conditions were examined by irradiating samples using high-
energy protons and then exposing them to SCW. 
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A.1 Corrosion experimental setup and details 

A.1.1 Loop and supercritical water corrosion setup at UW 
Two types of SCW loops were employed at the University of Wisconsin (UW) for the corrosion 
tests.  SCW TEST#1, #2 and #3 were performed in a Type 1 SCW loop.  This loop was 
originally built to handle both thermal hydraulic and materials testing.  The rest of the tests were 
performed in the Type 2 SCW loop, which was built specifically for materials testing.  The 
schematics of the Type 1 and Type 2 SCW loops are shown in Figure A.1 and Figure A.2, 
respectively. 

 
Figure A.1  Schematic diagram of the Type 1 loop used for TEST#1, #2 and #3 

 
Figure A.2  Schematic diagram of the Type 2 loop used for TEST# 4 to #10 
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A.1.2 Loop parameters for all tests, problems met during the experiments. 
The volume of the corrosion test cell is 895 mL, and the flow rate during corrosion tests was 

maintained at 25 mL/min.  By bubbling argon gas through the water reservoir, the dissolved 
oxygen was limited below the set value, and monitored in both the inlet and outlet lines using a 
Thornton 367-210 dissolved oxygen sensor with an accuracy of 1 ppb.  The conductivity of 
outlet water was monitored and typically at or below 1.0 µS/cm.  The measurement of oxygen 
content and conductivity were performed at room temperature and atmospheric pressure.  Four 
parameters were monitored during the tests, including test section temperature, test section 
pressure, dissolved oxygen and conductivity.  All results are listed in Appendix A.  The majority 
of the tests were performed adequately, with consistent corrosion results between different 
batches.  Two exceptions were TEST#4, a 600oC run in which several interruptions occurred  
when the operating temperature approached the limit of the UW SCW system capabilities, and 
TEST#8. a 500oC run in which the oxygen level was temporarily out of control during several 
operating periods due to pump failure. 

 

A.1.3 Corrosion Experiments 
The process for corrosion testing and characterization is shown in Figure A.3. 

 
Figure A.3  Flow chart of the candidate alloys corrosion test procedure 
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Samples with a large surface-to-volume ratio were chosen for general corrosion studies.  As 
shown in Figure A.4, corrosion coupons were machined as rectangles of 0.019 to 0.039 inch in 
thickness, 1.25 inch in length, and 0.5 inch in width.  Two holes were drilled on each samples for 
mounting purpose. 

 

 
Figure A.4  Sample design and loading diagram 

 

Unless otherwise specified, the test samples were polished with a 1 µm diamond paste.  All 
samples were ultrasonically cleaned in acetone, followed by ethanol. The test specimens, 
electrically isolated by ceramic washers, were fastened with two 316 SS, 4-40 screws to the 
sample support structure. 
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A.1.4 Material Selection 
Candidate alloys examined in this program primarily fall into three classes, austenitic 

stainless steels, F/M steels, and nickel-base alloys.  All candidate alloys examined, along with 
the different modifications applied, are listed in Table A. 1.  Table A.2 and Table A.3 list the 
materials included in eachof the ten tests. 

Table A. 1  Candidate material classes and specific materials 

Material Class Material 
Austenitic Stainless Steel 316*, 316-(GBE, Pt), D9, D9-(800, Pt), 347, 310, Zr-modified 316, 

800H*, 800H-(GBE, Y2O3, YSZ), NF709 
Ferritic/martensitic Stainless 
Steel 

T22, HT9, HT-9-(O, SP), T91, T91-(O, SP), Nano-structured T91, 
HCM12A, HCM12A-(800, Y+Xe, GBE), HCM12A-(800, O, SP), 
NF616, NF616-(800, O, Y, Y+Xe, SP, AN, Y2O3, YSZ), T22, 9Cr ODS, 
9Cr ODS-(Y, Y+Xe, Pt), 9Cr weld sample, 12Cr weld sample, nano-
strengthened ferritic alloy (NFA), alumina forming alloys (AFA) 

Solid Solution Ni-base Alloy 690, C22 
Precipitation Hardened Ni-
base Alloy 

617, 617-GBE, 622, 625, 718, 825 

Others Zirlo, SiC 
 
 *  Candidate material selected for stress-corrosion cracking test 
 800 surface polished to 800grit finish 
 O  surface implanted with plasma oxygen ions 
 GBE grain boundary engineering 
 Y  surface coated with a 200 nm metallic Y layer 
 Y+Xe surface coated with a 200 nm Y layer and subsequently bombarded with plasma Xe+ 
 Pt  surface coated with a 30-50 nm metallic Pt layer 
 SP  surface modified by shot-peening 
 Y2O3 surface thermal sprayed a Y2O3 layer 
 YSZ surface thermal sprayed a Y2O3 stabilized ZrO2 layer 
 SCC being conducted for stress corrosion cracking  testing 
 AN sample were annealed 
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Table A.2  Samples for TEST#1 to TEST#9 

TEST#1 TEST#2 TEST#3 TEST#4 TEST#5 TEST#6 TEST#7 TEST#8 TEST#9 
347 347 800H 800H 800H 800H 617 316-Pt 304 
625 625 625 625 625 617 12Cr Weld 800H-YO 347 
690 690 800 SS316 SS316 12Cr Weld 9Cr ODS 800H-YSZ 625 
718 718 SS316 800H-GBE 800H-GBE 617-GBE1 316-800 D9-Pt D9 
825 825 800H D9 D9 617-GBE2 316-WH-CS HCM12A-GBE FNC 31-2 

SS316 SS316 800H-800 HCM12A HCM12A 800H-SP 617-GBE HT-9 HT9 AN 
800H 800H 9Cr ODS HCM12A-O HCM12A-O 9CrODS 617-GBE HT-9-SP HT9 AR 
C22 SiC D9 HCM12A-Y NF616-SP 9CrODS-Y+Xe 800H SCC NF616-SP HT9 SP 
D9 D9 D9-800 NF616 NF616 9Cr Weld 9Cr Weld NF616-YO AFA 12-2 

HT9 HT9 NF616 NF616-HT NF616-HT C22 AISI316-SP NF616-YSZ AFA 4-3 
NF616 NF616 NF616-800 NF616-O NF616-Oxygen INCO625 NF616-800 9CrODS-Pt AFA 8-2 
NF616 NF616 HCM12A NF616-Y NF616-Yttrium INCO825 NF616-HT SCC NF616 AN 

SiC SiC HCM12A-800 NF709 NF709 NF616 NF616 SiC NF616 AR 
HCM12A HCM12A  9CrODS ODS NF616-SP NF616-240* T91 NF616 SP 

T22 T22  9CrODS-O ODS NF616-Y NF616-WH-CS T91-nano NF709 
T91 T91   800H-SP NF616-Y+Xe NFA T91-SP 9CrODS 

 C22   800H-SP NF709 Zirlo-800  SS316 
     NFA Zirlo-WH-CS  T91 AR 
     SS316-SCC   T91 SP 
     SS316    
     SS316-GBE    
     Zirlo    
     Zirlo-Y+Xe    

 
 * surface polished to 240grit finish 
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Table A.3  Matrix for TEST#10, 500oC low oxygen SCW corrosion exposure for up to 3000 h 

Position Alloy 1700 h 1300 h 3000 h 

1 AFA-4-3 X X / 
2 AFA-8-2 X X / 
3 AFA-12-2 X X / 
4 AFA 31-2 X X / 
5 AFA-4-3 / / X 
6 AFA-8-2 / / X 
7 AFA-12-2 / / X 
8 AFA 31-2 / / X 
9 NF616 X X / 

10 NF616 / / X 
11 T91-AR / / X 
12 T91-SP X X / 
13 T91-SP / / X 
14 T91-nano X X / 
15 T91-nano / / X 
16 SS316 / / X 
17 800H X X / 
18 800H / / X 
19 800H-G X X / 
20 800H-SP X X / 
21 HCM12A X X / 
22 HCM12A / / X 
23 HCM12A-G X X / 
24 ODS X X X 
25 ODS / / X 
26 NF709 / / X 
27 D9 / / X 
28 625 / / X 

 

A.1.5 Modification 
A number of modifications to the sample microstructure or surface were tested in this 

program.  Each is briefly described below. 

(1) Plasma source surface modification. 
Two different surface modification treatments were performed: 
(i) The sample surface was chemically modified by plasma source oxygen ion 

implantation. 
(ii) The surface of NF616 and HCM12A was treated by coating a layer of a strongly 

oxidizing species, specifically yttrium, in a sputtering system.  The coated alloys 
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were then physically modified at the surface by xenon ion bombardment to try and 
drive the coating further into the bulk of the sample. 

(2) Grain boundary engineering 
Aimed at controlling the properties of materials by controlling the grain boundary 
character distribution, grain boundary engineering (GBE) on 800H alloy was 
performed. 

(3) Sputtering coating 
Surface of sample was coated with a thin film using sputtering technique. 

(4) Thermal spray coating 
Sample surface was thermally sprayed with an oxide layer. 

(5) Heat treatment 
To improve the corrosion resistance SCW environment, heat treatment was employed to 
alter the physical and mechanical properties of the alloy, especially grain size, 
dislocation density and phase distribution. 

(6) Shot peening (SP) 
Near surface microstructure was modified using SP technique. 

 

A.1.6 SCC calculations and experimental procedure 
A.1.6.1 Design 
Much of the current research being done in SCC involves constant extension rate tensile 

(CERT) testing.  This is a very aggressive means of testing since the material is constantly being 
strained until failure; in a reactor this would not be the case.  A tube was used for the purpose of 
simulating cladding within a supercritical water reactor (SCWR).  The tube was made into a 
capsule (Figure A.5) that could be pressurized.  The pressure from the SCW system was 25 MPa 
on the exterior of the tube. By using  pure water to drive the pressures on the inside of the 
capsule, differential pressure was created to place the tube in either a tensile or compressive 
stress.  Based on the volume of the capsule and the water weight at room temperature, the 
appropriate amount of water was added using a micropipette to be at the 0.2% offset yield stress 
for 316 at 500oC. 

 
Figure A.5  Capsule design 

 

Figure A.6 show the minimum and maximum pressures that can reached with a 1 cc capsule. 
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Figure A.6  Pressure limits for SCC capsule 

 

A.1.6.2 Calculation 
The calculated pressure change as ma function of temperature in an as-designed capsule is 

given in Table A.4. 
Table A.4  Calculated pressure change as a function of temperature 

Temperature (oC) Max (100% water) (MPa) Min (0% water) (MPa) 
100 92 0.13 
400 691 0.23 
500 872 0.26 
600 1039 0.54 

 

Extremely high internal pressures can be reached, making this method quite flexible to 
explore a large range of pressures.  Unfortunately actual reactor conditions would probably result 
in more of a compressive condition being reached, since the pressure within SCW is high. 

 

A.1.6.3 Fabrication 
Samples were machined to the appropriate dimensions and then ultrasonically cleaned in 

acetone and ethanol.  The tubes were then welded together using a tungsten inert gas (TIG) 
welder under an argon cover gas.  Since samples are small, it was feared the welding would 
create residual stresses, which would promote crack growth.  Therefore, half of the samples were 
heat treated at 1090oC for 15 min, according to the ASTM handbook recommendation for stress 
relief.  The final step after the heat treatment was adding the appropriate amount of water and 
welding the capsule shut.  The four samples runs for 433 h are labeled according to the following 
list: FC - as fabricated, under compression, FT - as fabricated, under tension, HC - heat treated, 
under compression, HT - heat treated, under tension 

The SCC test conditions for TEST#6 are listed in Table A.5. 

Zone of interest 
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Table A.5  Codes for SCC samples in TEST#6 

SCC sample ID Code Meaning 
SCC-1-1 FC as fabricated, under compression 
SCC-1-2 FT as fabricated, under tension 
SCC-3-1 FT as fabricated, under tension 
SCC-3-2 FC as fabricated, under compression 
SCC-4-1 HC heat treated, under compression 
SCC-4-2 HT heat treated, under tension 

 

A.1.7 Characterization 
For characterizing the oxide scales, as well as the underlying substrate of the samples after 

exposure to SCW, a variety of techniques were employed including optical microscopy, surface 
and cross-sectional scanning electron microscopy (SEM) with energy dispersive spectroscopy 
(EDS), electron backscatter diffraction (EBSD), x-ray diffraction (XRD), Auger Electron 
spectroscopy (AES), X-ray photoelectron spectroscopy (XPS), and transmission electron 
microscopy (TEM).  Surface morphologies and oxide structures were observed using optical 
microscopy and SEM.  The near-surface composition of the oxides and the composition profiles 
through the thickness of the oxides were measured using SEM/EDS.  XRD was used to identify 
phases.  The composition profiles as a function of depth were characterized using XPS and AES 
for the samples with very thin oxide scales.  TEM analysis was performed to identify 
crystallography, chemistry, defects and phase morphology on some samples. 
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A.2 Corrosion of F/M steel 9CrODS exposed in supercritical water 

A.2.1 Introduction 
Heat-resistant alloys depend on the formation of a protective oxide layer on the alloy surface 

to minimize high-temperature corrosion.  Rare earth elements, such as yttrium, added either 
elementally or as oxide dispersoids in alloys, have been shown to influence both oxide growth 
rate and adherence in Fe- and Ni-based alloys [1].  Our recent studies also indicate that a 9%Cr 
oxide dispersion strengthened (ODS) ferritic steel, where yttrium was present as Y-Ti-O 
dispersions, exhibited a lower oxide weight gain compared to other conventional non-ODS 9%Cr 
F/M steels when exposed to SCW at 500oC and 25 MPa with a 25 parts per billion (ppb) 
dissolved oxygen concentration.  It is generally believed the improved oxidation performance is 
caused by the modification of ionic transport due to the segregation of the rare earth elements to 
the oxide grain boundaries and to the oxide-metal interface [1,2,3,4], although some 
investigations reported no such segregation [5].  Similarly, many mechanisms have been 
proposed to explain the improved oxide scale adherence resulting from the addition of rareearth 
elements.  Notable among these are two models based on vacancy condensation [1,6] and relief 
of growth stress [5].  However, these mechanisms may be operational only in certain alloy 
systems and corrosion environments. 

In the present study we examined the structural analysis of the oxide scale and the internal 
oxidation layer that formed on a 9% Cr ODS ferritic steel during exposure to a SCW 
environment at 500oC with 25 ppb dissolved oxygen, and 600oC with 50 ppb dissolved oxygen. 

 

A.2.2 Experimental 
Bar stock of 9%Cr ODS ferritic steel (24 mm diameter and 60 mm length) was supplied for 

this study by the Japan Atomic Energy Agency.  The alloy had been annealed at 1050oC for 60 
min, air-cooled, and subsequently tempered at 800oC for 60 min.  The chemical composition of 
the steel is shown in Table A.6.  The details of the manufacturing process are described 
elsewhere [7].  F/M steel NF616, which is a non-ODS steel but has major element compositions 
similar to the ODS steel, was supplied by Nippon Steel Corporation; its chemical composition is 
also shown in Table A.6. 

 
Table A.6  Chemical compositions of 9Cr ODS steel, NF616 and HCM12A F/M steels (wt%, Bal. Fe) 

Alloy C O Al Si P S V Cr Mn Ni Nb Mo W 

HCM12A .11 - .001 .27 .016 .002 .19 10.83 .64 .39 .054 .3 1.89 
NF616 .109 .0042 .005 .102 .012 .003 .194 8.82 .45 .174 .064 .468 1.87 

9Cr ODS .14 .14 - .048 <.05 .003 - 8.6 .05 .06 - - 2 
HCM12A contains: N, .063; Cu, 1.02; B, 31ppm.  9CrODS contains: Ti: .21; Y: .28 

The as-received alloys were cut into test samples with dimensions of 31.8 mm by 12.7 mm 
by 0.5 mm, ground progressively with finer grit silicon-carbide paper, and then final polished 
with a 1 µm diamond paste.  The corrosion experiments were performed in a natural circulation 
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SCW corrosion loop at 500oC and 25 MPa with a dissolved oxygen concentration of 25 ppb.  
The exposure times were 333, 690, and 1026 h for 500oC tests, and 333, 667 and 1000 h for 
300oC and 600oC tests. 

After exposure, the extent of oxidation was evaluated by weight change measurement using a 
Scientech SA-80 milligram balance with an accuracy of 0.1 mg.   A LEO 1530 field emission 
scanning electron microscope equipped with EDS was used to examine oxide structure in both 
plan and cross-sectional views, as well as to analyze composition across the oxide layer 
thickness.  TEM cross-section samples of the oxidized regions were prepared by mechanical 
thinning, followed by argon ion milling to achieve electron transparency.  A liquid-nitrogen 
cooled stage, a low ion-milling current/voltage, and a low sputtering angle were used to keep the 
sample cool during thinning, to minimize specimen damage.  Electron diffraction, diffraction-
contrast imaging, and high resolution TEM investigations were conducted in a CM200 
transmission electron microscope operated at 200 kV. 

 

A.2.3 Results and Discussion of 9CrODS in 500oC SCW 
A.2.3.1 Results 
Figure A.7 (a) and (b) show the SEM cross-sectional morphology of the oxidize layers 

formed on 9%Cr ODS ferritic steel after exposure for 1026 h, and corresponding composition 
versus depth profiles determined by EDS line scans. 

  
(a) (b) 

Figure A.7  (a) Cross-sectional SEM image of the 9%Cr ODS ferritic steel after exposure to SCW 
at 500oC for 1026 h and (b) corresponding composition profile across the oxide thickness 

 

Figure A.7 (a) and (b) reveal the oxidized thickness on 9%Cr ODS consists of three different 
layers: an ~9 µm outer iron oxide layer (between points labeled 1 and 2), which was identified to 
be magnetite, Fe3O4; an inner Fe/Cr-mixed oxide layer, (FeCr)3O4, between points labeled 2 and 
3 and ~5 µm in thickness; and an innermost internal oxidation zone with a layer thickness of ~5 
µm between points labeled 3 and 4.  In the internal oxidation layer, the oxygen concentration 
varied between 40 at% and 20 at%. 
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(a) (b) 

Figure A.8  (a) Cross-sectional SEM image of the 9%Cr NF616 steel after exposure to SCW at 500oC 
for 1026 h and (b) the corresponding composition profile across the oxide thickness 

 

For comparison, the cross-sectional oxide morphology of the exposed 9% Cr F/M steel 
NF616 and the corresponding EDS compositions versus depth profiles are shown in Figure A.8 
(a) and (b).  The scale formed on the NF616 steel appears denser with less porosity than the one 
formed on the 9%Cr ODS steel.  There is no significant internal oxidation layer, as may be noted 
in the SEM image shown in Figure A.8 (a) and supported by the EDS line scans shown in Figure 
A.8 (b), where a sharp decrease in O content is observed at the oxide layer/alloy interface.  
However, as in the case of the 9% Cr ODS steel, an outer Fe3O4 layer and an inner Fe/Cr-mixed 
oxide layer (FeCr)3O4 were observed.  The thickness of the outer magnetite layer was ~11 µm 
(between points labeled 1 and 2 as marked in Figure A.8 (a)) and that of the inner mixed layer 
was ~8.5 µm (between points labeled 2 and 3). 

 

 
Figure A.9  Weight change as a function of oxide layer thickness 

 

In Figure A.9, labels 1, 2 and 3 in circle and dquare represent the exposure times of 336 h, 690 h 
and 1026 h, respectively, and ρ indicates the apparent density of the oxide scale calculated by the 
equation ρ=ΔW/δ. 
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The weight gain as a function of oxide layer thickness for the 9%Cr ODS and NF616 steels 
are presented in Figure A.9.  Generally, the overall weight gain for the ODS steel was lower than 
the NF616 steel.  Figure A.9 also indicates the NF616 steel steadily gained oxygen, and the 
linear proportionality between weight gain and thickness indicates the density of the scale was 
relatively constant.  On the other hand, the 9%Cr ODS steel showed a weight gain that was not 
proportional to the film thickness.  The scale density decreased gradually and, as shown in 
Figure A.9, tended to form a more porous structure at higher exposure times. 

 

 
Figure A.10  TEM image showing the morphology of the magnetite and spinel layers, and 
the interface between the two layers in the oxidized 9%Cr ODS steel formed after exposure 
to SCWat 500oC for 1026 h 

 

Figure A.10 shows the high resolution morphology of the Fe3O4 and (FeCr)3O4 layers formed 
on the 9%Cr ODS steel after exposure to SCW at 500oC for 1026 h.  The corresponding selected 
area electron diffraction pattern for the outer layer, shown in Figure A.11 (a), was obtained by 
tilting the iron oxide grain to the [110] direction.  The TEM micrograph (Figure A.10) clearly 
shows that the grains in the magnetite layer are a few microns in size and generally defect free.  
The grain boundaries are clear and free of secondary phases.  Some pores were observed in the 
magnetite along the magnetite/spinel interface.  This diffraction pattern for the magnetite layer is 
indicative of well-crystallized grains.  The diffraction pattern for the inner (FeCr)3O4 region is 
composed of diffraction spots as well as rings as shown in Figure A.11 (b). 
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(a)  taken from magnetite layer (b)  taken from spinel layer close to magnetite/spinel layer interface 

Figure A.11  Selected area electron diffraction patterns taken from (a) the outer Fe3O4 layer 
aligned to its [110] direction and (b) the (FeCr)3O4 spinel layer underneath the Fe3O4 layer 

 

  
(a) (b) 

Figure A.12  High Resolution Electron Microscopy (HREM) image (a) showing the nano-domain 
taken in the region between two (FeCr)3O4 spinel grains marked by the square in (b) 

Randomly oriented grains exist in the spinel within 1 µm of the spinel/magnetite interface.  
High resolution electron microscopy (HREM) was employed to examine the grain boundary 
domain of this 1 µm region of the (FeCr)3O4 layer.  Figure A.12 (a) shows a HREM image of the 
domain marked by a square in Figure A.12 (b), which shows a general TEM image of this 
region.  As shown in Figure A.12 (a), an amorphous region was noted between the (FeCr)3O4 
grains. 
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Figure A.13  TEM image showing morphology of grain structure in the interior of the (FeCr)3O4 layer of 

the exposed 9%Cr ODS steel 

 

The representative microstructural morphology of the interior of the (FeCr)3O4 layer is 
shown in the TEM image in Figure A.13, along with the corresponding electron diffraction 
pattern.  Most grains in this layer are approximately a few hundred nanometers in size.  The 
grains contain subgrains, but the grain boundaries are difficult to discern.  Diffraction rings 
presented in the inset image in Figure A.13 indicate the grains are randomly oriented.  As may be 
noted in Figure A.13, structural morphology of the grains in the interior of the (FeCr)3O4 layer is 
different from that observed near the Fe3O4/(FeCr)3O4 interface, the former being much more 
porous with pores preferentially distributed in the vicinity of the grain boundaries. 

The morphology of a grain in the internal oxidation layer is shown in the TEM image in 
Figure A.14 (a).  The corresponding selected area electron diffraction patterns taken along the 
[011] zone axis of the ferritic phase is also presented in Figure A.14 (b).  Figure A.14 (a) reveals 
that the grain is composed of three different components.  The primary diffraction spots, as 
marked by red color in Figure A.14 (b), are clearly identified to be from the ferritic phase, 
originating from the base steel.  Two different types of precipitates, on the size scale of a few 
nanometers, are embedded within the ferritic matrix in Figure A.14.  However, only one type of 
precipitate, which caused a large amount of Moiré fringes by overlapping with the ferritic matrix, 
was identified to have cubic symmetry as shown in Figure A.14 (b).  The complex diffraction 
pattern in Figure A.14 (b) allows us to calculate the lattice spacing d of the nano-precipitates, 
using the diffractions from the ferritic matrix as an internal reference.  The lattice parameter 
obtained from the diffraction patterns shown in Figure A.14 (b) is consistent with that of the 
spinel phase, indicating that the crystalline nano-precipitates are in fact the spinel phase.  The 
other type of the precipitates, which are of cubic morphology with sizes ranging from several 
tens of nanometers to about 100 nm were identified to be amorphous. 
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(a) (b) 

Figure A.14  (a) TEM image showing a grain in the internal oxidation layer of the oxidized 9%Cr ODS 
steel.  Arrows indicate precipitates that do not show any fringe pattern, the green circles indicate Moiré 
fringe domains caused by precipitates not aligned with the zone axis.  (b) Corresponding selected area 

electron diffraction patterns taken from the [011] zone axis 

 

 
Figure A.15  TEM image showing morphology of the grains and grain boundaries in the internal 

oxidation layer formed in the oxidized 9%Cr ODS steel 
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(a) O1: intragranular region (b) O2: ribbon along grain boundary 

 
(c) O3: newly grown oxide grain at the triple-point of the ferritic grains 

Figure A.16  EDS analyses of x-ray spectra from the different regions in the internal oxidation layer of 
oxidized 9%Cr ODS steel 

 

The morphology of grains and grain boundaries in the internal oxidation layer of the ODS 
steel is shown in Figure A.15.  This TEM image indicates three different regions with clearly 
different features, including the intragranular region marked O1, the intergranular ribbon region 
marked O2, and the phase marked O3 in the region of the triple point between the grains of the 
base steel.  These three regions were investigated by EDS and the associated x-ray spectra and 
results are presented in Figure A.16 (a), (b) and (c), respectively.  O1 represents grains with a 
large amount of secondary phase precipitates, which dominate the internal oxidation layer.  EDS 
analysis of this region, shown in Figure A.16 (a), indicates a 10:1 of Fe to Cr weight ratio, which 
approximately represents the base composition of the steel, and the structure is identified as 
ferrite by the select area diffraction pattern shown in Figure A.14.  A relatively small yttrium 
signal may also be seen in this region by amplifying the signal.  EDS of the region marked O2 in 
Figure A.16 (b) shows significant enrichment of Cr.  The characteristic peak of yttrium is seen in 
the x-ray spectrum, indicating yttrium has segregated to the oxide/metal grain boundaries and 
these Cr-rich oxide ribbons.  The region marked by O3 is an oxide grain that nucleated and grew 
at the triple point of the substrate ferritic grains.  As shown in Figure A.16 (c), this region is also 
enriched in Cr, but not to the extent of region O2.  Furthermore, no characteristic peak related to 
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yttrium could be detected in region O3, indicating yttrium did not enter this newly grown oxide 
grain during the oxidation process. 

 

A.2.3.2 Discussion 
In general, parabolic growth rate behavior for high temperature oxidation implies that oxide 

growth occurs by diffusion transport, with anion and/or cation transport through the scale as the 
predominant rate-controlling step.  The process of scale growth is therefore in a steady state, 
with the rate of scale thickening and the density of the scale remaining nearly constant and 
proportional to the flux of reacting ions.  In the 500oC SCW environment, most ferritic steels 
such as 9%Cr NF616 steel (Figure A.9), T91 [8] and 12%???Cr steel HCM12A [9] follow this 
type of parabolic oxidation behavior.  For the p-type metal-deficit oxide that usually forms on 
Fe-Cr based alloys, metallic cations are provided at the oxide/alloy interface and migrate through 
the scale by exchange with the dominant oxide defect, thus migration of cations through the 
oxide layer becomes the rate controlling step [10,11].  For example, magnetite (Fe3O4) is a p-
type metal deficit oxide semiconductor with cation vacancies (Fe3-yO4) and the self-diffusion 
coefficient of iron in magnetite is far greater than that of oxygen. 

In the present case, the scale of the 9%Cr ODS shown in Figure A.7 (a) indicates a porous 
magnetite layer with microcracks.  Additionally, numerous pores and voids also appeared in the 
(FeCr)3O4 layer.  The size of the pores in the spinel dramatically increased inward, away from 
magnetite/spinel interface, approaching micron size in the region close to the (FeCr)3O4 
layer/internal oxidation layer interface.  Such morphology was confirmed by the TEM 
observation (Figure A.13), in which the interconnected pores were identified in the (FeCr)3O4 
layer.  On the other hand, few voids and pores could be found in the Fe3O4 layer of the NF616 
scale.  The results are supported by Figure A.9, in which the scale of NF616 showed a higher 
average density compared with that formed on 9%Cr ODS.  This indicates a more protective 
oxide film was formed on the NF616 than on the 9%Cr ODS.  In other words, this suggests that 
for the 9%Cr ODS steel the scale microstructure is not the predominant factor that can be 
attributed to the noticeable reduction of its oxidation rate. 

In the internal oxidation layer of the oxidized 9%Cr ODS steel, numerous spinel precipitates 
and amorphous oxides were seen to nucleate and grow as subgrain particles in the interior of the 
ferritic grains.  Correspondingly, the oxide grains in the (FeCr)3O4 layer were mainly composed 
of a large amount of nanometer-sized subgrains (Figure A.13).  Since both microstructures are 
quite similar, we suggest that the formation of the (FeCr)3O4 grains might be traced back to the 
microstructural developments in the previous ferritic grains in the internal oxidation layer. 

As shown in Figure A.15 and Figure A.16 (b), oxide ribbons developed along the grain 
boundaries of the steel in the internal oxidation layer and were identified as Cr-rich oxides, 
suggesting that Cr preferentially migrated to the ferritic grain boundaries and was primarily 
oxidized during the exposure.  Some yttrium also segregated to the Cr-dominant oxide ribbons.  
Attempts were made to identify the yttrium-containing phase in the oxide ribbons, but a positive 
identification could not be made because the area of yttrium-rich oxide was exceedingly small 
and no crystals of a suitable orientation were identified.  Based on the results of Caudron et al. 
[12], who observed YFeO3 in yttrium-ion-implanted iron, and Przybylski et al. [13], who 
observed that YCrO3 was formed in yttrium-implanted Co-45Cr, it is speculated that the phase 
formed in the yttrium-containing oxide may be YMO3 (M: Fe or/and Cr).  Thermodynamic data 
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for the formation of YFeO3 in a Fe-Y-O system at elevated temperatures were studied by 
Piekarczyk et al. [14].  The results indicated that the formation of YFeO3 from metallic iron, 
yttrium oxide and oxygen is thermodynamically possible, especially in environments at relatively 
low temperatures and low oxygen content.  This suggestion is also supported by the investigation 
carried out by Zeng et al. [15], who studied the oxidation behavior of Fe-Y alloys containing 2-5 
at% Y at 600 to 800oC in air and reported the existence of YFeO3 phase in the inner mixed oxide 
layer, which significantly enhanced inward oxygen diffusion and decreased outward iron 
diffusion.  Also, as presented in Figure A.16 (c), no yttrium was detected in the grain located at 
the triple point of ferritic grains, indicating yttrium was trapped in the initially formed Cr-rich 
oxide ribbons. 

Most authors conclude that alloys containing yttrium are oxidized by inward diffusion of 
anions at elevated temperatures [4,5,12,13].  Based on our initial experiments, it appears that 
inward oxygen diffusion plays a significant role in the oxidation of 9%Cr ODS steel in a 500oC 
SCW environment.  On the basis of this hypothesis, the oxidation behavior of the 9%Cr ODS 
steel in SCW could be substantially understood.  The 9%Cr ODS steel with fine grains provides 
a large amount of short-circuit transport paths for both anion and cation diffusion.  In the initial 
stages, the Y-Cr-rich oxides preferentially nucleate and grow as an interconnected network at the 
grain boundaries of the base steel, owing to the high oxygen affinities of chromium and yttrium 
compared with that of iron.  These grain boundaries may act as the major path for cation 
diffusion for subsequent oxidation processes.  The formation of these ribbons reduce the cation 
flux at these regions, while not decreasing the inward oxygen diffusion, consistent with the work 
of Zeng [16].  Therefore, the species that diffuse at the highest rate in the system change from 
cations to anions, and the location of the reaction to form new oxide change from the 
scale/oxygen interface to the steel/scale interface. 

As a result, the overall corrosion rate of the 9%Cr ODS decreased and the scales formed on 
this steel are thinner than those observed on NF616 steel (as shown in Figure A.9).  Relatively 
high oxygen flux along the grain boundaries created an internal oxidation zone deep into the 
steel.  The high oxygen concentration gradient between the oxide and substrate also enhanced the 
diffusion of oxygen in the steel and resulted in the formation of more oxide precipitation in the 
ferritic matrix.  Because of the reduced Fe diffusion from the base metal, the Fe necessary to 
form additional magnetite in the outer layer comes from the spinel layer.  The consumption of 
iron cations is not balanced by the outward flux of reacting iron ions at the oxide/metal interface.  
To maintain electroneutrality, more vacancies have to be induced and such defects will migrate 
and coalesce to become pores in the spinel layer.  The additional porosity provides a possible 
explanation for the decreasing density of the oxide layer at longer exposure times, as observed in 
this study for the 9%Cr ODS steel. 

A.2.4 Results and discussion of 9CrODS in 360oC and 600oC SCW 
A.2.4.1 Oxidation kinetics 
Figure A.17 shows the weight gain data of the 9%Cr ODS steel for different times of 

exposure to SCW at 500oC and 600oC and subcritical water at 360oC.  For comparison, the 
weight gain data for HCM12A and NF616 steels after similar exposures are presented in Figure 
A.17.  For all three steels the weight gain accelerates with increasing temperature. 
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Figure A.17  Weight change as a function of exposure time for F/M steels 9%Cr ODS, 
HCM12A and NF616 in 500oC and 600oC SCW and 360oC subcritical water environments. 

 

For steels exposed to 500oC and 600oC SCW, the limited weight gain data indicates the 
oxidation is temperature dependent and reasonably predictable for all steels tested.  The time 
exponents, n, obtained by fitting the weight gain data using the following generalized equation, 

 ΔW = kp tn, (1) 

which is usually employed to evaluate high temperature oxidation kinetics, are also summarized 
in Figure A.17.  In Equation (1), ΔW is weight change of the steel (mg/cm2), kp is rate constant, 
and t is exposure time (h).  The weight gain data indicate the oxidation rates of all steels follow 
the power laws and are in between cubic and parabolic growth behaviors.  All samples exhibited 
a continuous protective oxide film on the steel surface.  Among the tested steels, the lowest 
weight gain was consistently observed in 9%Cr ODS steel, even though the 9%Cr ODS steel has 
less bulk Cr than the HCM12A. 

At 600°C, the oxidation behavior of the 9%Cr ODS is close to that of the higher Cr F/M steel 
HCM12A, while its oxidation behavior shows a remarkable improvement at 500oC, even 
compared with that of 12at% Cr HCM12A.  In 360oC subcritical water, for these short-term 
exposures, all three steels exhibit low, but fluctuating weight changes. 
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Figure A.18  Weight change as a function of scale thickness for the tested steels 
exposed to SCW at (a) 500oC and (b) 600oC 

 

The weight gain as a function of scale thickness for the three steels is presented in Figure 
A.18.  The non-ODS steels, HCM12A and NF616, steadily gain oxygen.  The linear 
proportionalities between weight gain and thickness for the HCM12A and NF616 steels indicate 
the density of the scale is relatively constant.  However, the 9%Cr ODS steel shows a weight 
gain that is not proportional to the film thickness, especially for samples exposed to 500oC SCW, 
indicating the scale density decreases gradually.  With increasing exposure time the scale 
structure tends to become more porous. 

Such oxidation behavior could be explained by grain boundary diffusion associated with 
oxidation temperature.  According to the classification of diffusion kinetics by Harrison [16,17], 
in the limiting case of high temperatures and /or very long anneals (exposure) and/or small grain 
sizes, the effective diffusion coefficient, Deff, can be represented by an average of the volume 
diffusion coefficient, D, and grain boundary diffusion coefficient, Db, weighted by the ratio of 
the number of diffusing atoms in the grain boundaries to that in the grain [16]: 

 Deff = fDb + (1-f)D (2) 

where f is the volume fraction of grain boundaries in the polycrystal, i.e. f=qδ/d, q being a 
numerical factor depending on the grain shape, (q=1 for parallel grain boundaries), δ being grain 
boundary thickness, and d being spacing between grain boundaries (grain size) in a 
polycrystalline material.  If there is grain boundary segregation of the diffusing atoms, then 
f=qsδ/d, where s is segregation factor. 

Grain boundary effects in polycrystalline silver became measurable only below 750oC and 
relatively more important as the temperature was decreased [18,16].  This is a general effect and 
indicates that the activation energy for grain boundary diffusion is appreciably less than that for 
lattice diffusion, and the effect could be especially enhanced in the 9%Cr ODS steel due to grain 
boundary yttrium segregation. 
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In our previous work, we discussed the decrease in density and suggested that a small 
quantity of yttrium preferentially segregated to oxide ribbons that formed along the grain 
boundary regions in the internal oxidation layer.  The formation of these ribbons reduced the 
cation outward flux at these regions, while not significantly affecting inward oxygen diffusion.  
The depletion of iron cations in the (FeCr)3O4 layer resulted in the formation of vacancies that 
eventually coalesce into pores and thereby caused the gradual decrease of scale density with 
increasing exposure time.  On the other hand, for higher temperature exposure, a mitigation of 
such density decrease is observed in Figure A.18 (b).  Increasing the temperature not only 
resulted in increased diffusivities for all species; but also decreased the contribution of diffusion 
along grain boundaries and dislocations (for a given dislocation density) [18].  At 600oC, the 
diffusion of iron cations may no longer proceed dominantly along the boundary regions as it did 
in the 500oC exposure.  The diffusion through crystals was likely accelerated and the bulk grains 
became a more important path for element migration.  The benefit from a small quantity of 
yttrium (0.28 wt%) in the steel became limited. 

 

A.2.4.2 Oxide microstructure and compositions 
Figure A.19 shows surface morphologies of the oxide scales formed on the F/M steel 9%Cr 

ODS after exposure to SCW at 500oC and 600oC, and subcritical water at 360oC.  The influence 
of test temperature on the outer layer grain size is significant.  At 500oC, the outer grain sizes 
were approximately 2 to 5 µm for 336 h exposure.  Exposure at 600oC SCW led to faster growth 
of the outer grains, which were in the range of 2 to 8 µm for 333 h exposure and typically 
became larger than 10 µm after 1000 h exposure. 
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(a) at 360oC for 333 h (b) at 360oC for 1000 h 

  
(c) at 500oC for 336 h (d) at 500oC for 1026 h 

  
(e) at 600oC for 333 h (f) at 600oC for 1000 h 

Figure A.19  SEM images showing the surface morphologies of scales formed on F/M steel 9%Cr 
ODS after exposure to subcritical water at 360oC and SCW at 500oC and 600oC for 333 h and 1000 h, 
respectively 

 

At 360oC, on the other hand, most oxide grains were approximately 1 µm in size for the 333 
h exposure, and the size increased slightly when the exposure time was increased to 1000 h.  The 
XRD patterns in Figure A.20 show the oxide gains were mainly a spinel compound. 
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Figure A.20  X-ray patterns obtained from the surface of the 9%Cr ODS steels 
after exposure to 360oC subcritical water for 333 h, 667 h and 1000 h 

 

The intensity of the diffraction peaks corresponding to the ferrite phase are strong, suggesting 
the scale developed at 360°C was very thin, even for exposure times of up to 1000 h.  The 
corrosion rate of the tested steels in the 360oC subcritical water environment was relatively slow, 
with little oxide formed in the duration of the tests.  When temperature is below the critical point 
of water (Tc=374oC, Pc=22.1 MPa), the density, dielectric constant, and ionic product of water 
significantly increase [19].  Such changes could result in the increased mechanical removal of 
surface oxides by water or increased solubility of reaction products in water.  The possible 
influence of water density on the adhesion of the surface oxide grains is also supported by the 
weight gain results seen in Figure A.17, where 360oC exposed steel exhibited a slight loss in 
weight. 

The morphology and atomic composition versus depth profiles taken using EDS on the 
oxidized 9%Cr ODS cross-sections are shown in Figure A.21.  Figure A.21 indicates that several 
layers, including an outer Fe3O4 magnetite layer, an inner (FeCr)3O4 layer and an innermost 
internal oxidation layer, were formed on 600oC exposed 9%Cr ODS steel.  This structure is 
similar to those scales developed in 500oC exposure test samples.  Unique to the samples 
exposed at 600°C is an ~ 1 µm thick, dense and continuous Cr-rich oxide layer along the 
interface between the internal oxidation layer and base metal. 

The internal oxidation layer in the 9%Cr ODS steel after exposure for 1000 h at 600°C is 
thinner than that in the 667 h exposed sample, while the outer Fe3O4 magnetite layer and inner 
(FeCr)3O4 spinel layer increased in thickness with increasing exposure time.  Due to the 
significant difference of outward diffusion rates between Fe and Cr cations [20], the interface of 
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the magnetite layer and spinel layer is commonly accepted to coincide with the original steel 
surface [21].  EDS results show that the depth of the spinel plus the internal oxidation layer after 
667 h exposure is approximately 48 µm.  This depth corresponds to the distance from the 
original steel surface into the metal to the maximum distance to which oxygen has penetrated.  
Correspondingly, this depth is only ~40 µm after exposure for 1000 h.  The evidence implies the 
depth of the spinel plus the internal oxidation layer in 9%Cr ODS steel at 600oC can rapidly 
reach a thickness of about 40~50 µm.  Then, a 1 µm Cr-enriched oxide layer formed along the 
internal oxidation layer/base steel interface acts as a diffusion barrier to further inward diffusion 
of oxygen. 

SEM images in Figure A.21 do not show any sign of spallation or formation of cavities at the 
layer interfaces.  The adhesion of the scale was good with no spallation, even at an exposure 
temperature of 600oC.  A large number of small pores were dispersed in the spinel layer, but this 
level of porosity did not lead to spallation.  Several cracks were observed in the surface of the 
scale in Figure A.21 (a) and (b), but those cracks did not propagate deep into the scale and thus 
may not significantly decrease the stability of the entire scale. 

 

  
(a) scale formed on 9%Cr ODS steel after 667 h exposure at 600°C 

  
(b) scale formed on 9%Cr ODS steel after 1000 h exposure at 600°C 

Figure A.21  SEM images showing the cross-sectional morphologies of scale formed on 9%Cr ODS 
samples after exposure to 600oC SCW.  The associated composition profiles across the scale 
thickness for major elements are shown.  The original environment/metal (E/M) interfaces prior to 
exposure are indicated by the arrows in the figures. 
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The phase distribution and grain structure throughout the scales formed on 9%Cr ODS steel after 
exposure to SCW at 500oC and 600oC for about 1000 h were studied using EBSD and the results 
are shown in Figure A.22 and Figure A.23, respectively. 

 

 
Figure A.22  Phase distribution and grain structure across oxide scale for 9%Cr ODS steel 
exposed to 500oC SCW for 1026 h 

 

 
Figure A.23  Phase distribution and grain structure across oxide scale for 9%Cr ODS steel exposed 
to 600oC SCW for 1000 h 

 

Both show multi-layered oxide scales.  At 500oC, a double-layered scale was formed and 
composed of an outer layer of magnetite with a columnar grain structure and an inner layer of 
Fe-Cr oxide spinel with an equiaxed grain structure.  The internal oxidation layer was identified 
to be ferrite phase and no clear interface could be observed to differentiate this layer from the 
base alloy.  On the other hand, higher temperature (600oC) exposure led to coarser grains in the 
outer magnetite layer, indicating a faster grain growth process; while the inner magnetite layer 
contained a relatively high grain density and slightly larger grains than those formed in the 
500oC environment.  The most noticeably different feature between the 500oC and 600oC 
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exposures was a distinct (FeCr)3O4 spinel layer along the region between the internal oxidation 
layer and the base steel, which is supported by the SEM image in Figure A.21 (b).  The EDS 
line-scan result in Figure A.21 (b) exhibits that this spinel layer contains much higher Cr than the 
spinel layer adjacent to the magnetite layer. 

 

A.2.4.3 Internal oxidation layer 
In a previous study, it was noted that in the 9%Cr ODS steel exposed to SCW at 500oC, 

oxide ribbons formed along the grain boundaries in the internal oxidation layer and yttrium 
preferentially segregated to these ribbon regions.  The formation of these ribbons reduced the 
cation flux at these regions.  Evidence for a similar mechanism was also investigated for the 
600oC exposed sample.  To find the contributing factors, a series of further examinations 
including SEM with EDS, XRD and TEM with selected area diffraction (SAD) analyses were 
performed on the internal oxidation layer of the 9%Cr ODS steel after exposure to 600oC SCW 
for 1000 h.  Major results are shown in Figure A.24 to Figure A.26 and Table A.7. 

 

 
Figure A.24  Plan view of the internal oxidation region on the 9%Cr ODS steel after exposure to 600oC 

SCW for 1000 h 

 

Table A.7  Atomic compositions of three regions as marked by arrows in Figure A.24 

 O-K Ti-K Cr-K Fe-K W-M 
Point 1 60.89 0.23 7.37 31.03 0.48 
Point 2 64.03 0.31 13.86 21.55 0.24 
Point 3 24.58 0.42 5.91 68.88 0.21 
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Figure A.25  XRD pattern for the internal oxidation layer of 9%Cr ODS steel after exposure to 600oC 

SCW 

 

 
Figure A.26  TEM image with selected area diffraction patterns showing the morphology and phases 
of grains and grain boundaries in the internal oxidation layer of 9%Cr ODS steel after exposure to 
600oC SCW for 1000 h 

 

For comparison, a TEM micrograph showing the microstructure of the internal oxidation 
layer formed at 500oC is shown in Figure A.27. 
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Figure A.27  TEM image showing morphology of grains and grain boundaries in the internal oxidation 

layer of the 9%Cr ODS steel after exposure to 500oC SCW for 1026 h 

 

The SEM image (Figure A.24) obtained from the internal oxidation layer of ODS steel 
exposed to SCW at 600°C indicates this internal oxidation layer is typically composed of three 
different regions, including a dark isolated oxide region (noted by arrow 1), intergranular ribbon 
regions (noted by arrow 2), and the bright ODS ferritic grain region (noted by arrow 3).  The 
chemical compositions of the three regions were examined by EDS analysis and the results are 
summarized in Table A.7.  XRD analysis was carried out and is shown in Figure A.25.  Three 
phases were identified in this layer including two dominant phases, 9%Cr ODS bulk ferrite and 
spinel (FeCr2O4), and one minor phase, eskolaite (Cr2O3). 

The ferritic grains in this internal oxidation layer were partly oxidized.  The Cr content of the 
intragranular area was lower than the grain boundary region because of fast segregation of Cr 
towards grain boundaries.  Correspondingly, a Cr-enriched oxide ribbon had developed along the 
boundaries of ferritic grains.  This observation suggests the possibility that the ribbon acts as a 
diffusion barrier to the inward migration of oxygen and outward migration of metallic elements 
along grain boundaries.  However, the ribbons are not continuous and such structure opens a 
possible lattice diffusion path for reaction of cations and anions. 

The TEM image in Figure A.26 clearly shows the gran morphologies, grain boundaries, and 
oxide ribbons.  The SAD pattern in the lower right corner of Figure A.26, which was taken from 
the intragranular region, reveals the grain is composed of two components, including ferrite and 
spinel.  The oxide ribbons developed only along the grain boundaries.  Few defects exist in this 
ribbon region.  The SAD pattern taken from the ribbon region in right upper corner of Figure 
A.26 illustrates these oxide ribbons are essentially spinel and free of secondary phases.  By 
comparing Figure A.26 for the 600oC exposed sample with Figure A.27 for the 500oC sample, 
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we conclude that both formed a similar microstructure in the internal oxidation layer.  The only 
obvious difference is that in the 600oC sample, a much wider oxide ribbon region (~100-200 nm) 
was formed.  Such structure is consistent with the SEM observation in Figure A.24. 

Based on the above results and discussion, it seems there is no significant difference between 
the basic components of the internal oxidation layer formed at 500oC and 600oC.  However, as 
shown in Section 3.1, the oxidation behavior of the 9%Cr ODS at 600oC, especially the change 
of scale density with exposure time, is different compared with the samples in 500oC exposure.  
Our understanding is the oxide ribbon in the internal oxidation layer may no longer dominantly 
influence the oxidation behavior as it did at 500oC.  It is likely other contributing factors play a 
role in establishing the oxidation behavior at 600oC. 

Increasing Cr content is known to promote the formation of a more continuous protective 
scale, and thereby increase the oxidation resistance of an high-chromium F/M steel [22,23,24].  
Reducing grain size in a Fe-Cr steel has been recognized to be another effective approach to 
improve its oxidation resistance, because fine grain size allows rapid segregation of Cr to the 
grain boundary and surface where it can react with oxygen to form Cr-rich oxide scale 
[18,22,25].  In our case, we discussed in Section 2.3.1 that the benefit from a small quantity of 
yttrium was limited at higher temperature.  However, owing to the fine grain size of the 9%Cr 
ODS steel (~ 500 nm), the Cr-enriched spinel ribbons along the ferritic grain boundaries in the 
internal oxidation layer, and especially the Cr-enriched spinel layer along the interface between 
the internal oxidation layer and the base steel, formed quickly, and the developing microstructure 
slowed further diffusion of both cations and anions.  As a result, the 9%Cr ODS steel again 
showed a much better oxidation resistance in a higher temperature SCW (600oC), even compared 
with the higher Cr content F/M steel HCM12A. 

A.2.5 Effect of Yttrium Thin Film on 9%Cr ODS in SCW 
A.2.5.1 Introduction 
Most high temperature alloys derive their high temperature corrosion resistance from 

formation of a protective oxide layer at the alloy surface.  In some cases, natural oxide layers 
formed on alloys may by themselves not provide adequate protection, either due to their rapid 
growth kinetics or their lack of adhesion to the substrate.  In these cases, addition of stable oxide 
forming elements, such as rare earth elements Y and Ce, to the bulk alloy, or the deposition of 
such materials as thin films, may substantially reduce the growth kinetics of the oxide and 
improve its spallation resistance. [26,27,28,29,30,31].  For example, in studies on Y-alloyed 
steels, it has been proposed that segregation of Y to grain boundaries reduces the cation flux 
along the grain boundaries [30].  Our recent investigation of Y2O3-containing ODS steel 
oxidation has indicated that segregation of Y to the oxide/metal interface, and formation of 
yttrium oxide, influenced subsequent elemental diffusion and changed the oxidation mechanism 
and kinetics [32,33]. 

To understand this effect further, oxidation studies were undertaken for ODS steel with a thin 
layer of yttrium deposited on the surface, in SCW at 500oC.  The objective of this study was to 
characterize in detail the specific oxide compounds formed during oxidation of Y-coated 9%Cr 
ODS steel during exposure to SCW, and compare these oxides to those formed on similarly 
exposed uncoated 9%Cr ODS steel. 
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A.2.5.2 Experimental procedure 
A sputtering system equipped with a Sycon STC-200 thickness/rate controller and a Denton 

DV-502A turbo pump was employed for Y thin film deposition.  The targeted deposition rate 
was 1 nm/s and deposition time was 300 s.  The thickness of the Y film deposited was estimated 
to be ~200 nm. 

A.2.5.3 Results and Discussion 
The results of weight change measurements for the as-received ODS sample and the Y-

coated ODS sample after exposure to SCW at 500oC are shown in Figure A.28. 

 
Figure A.28  Weight change measurements of 9%Cr ODS steel, with and without Y coating, after 

exposure to SCW at 500°C, with 25 ppb dissolved oxygen 

After being isothermally oxidized, both material samples showed weight gain, however, the 
lesser weight gain of the Y-coated ODS sample impliesimprovement in resistance against high 
temperature oxidation under the conditions tested. 

The cross-sectional morphologies and corresponding composition versus depth profiles of the 
oxide layers formed on the as-received and Y-coated ODS steels after exposure are shown in 
Figure A.29 and Figure A.30, respectively.  To study the distribution of O, Cr, Fe, Y after SCW 
exposure, a rectangular region indicated by white dashed lines in  (a) was selected for 
examination by EDS mapping; the results are shown in Figure A.30 (c).   
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(a) (b) 

Figure A.29  (a) Cross-sectional SEM image of the 9%Cr ODS ferritic steel after exposure to SCW at 
500oC with 25 ppb inlet dissolved oxygen concentration for 690 h, and (b) corresponding EDS 

composition profile across the oxide thickness 

  
(a) (b) 

 
(c) 

Figure A.30  (a) Cross-sectional SEM image of the Y-coated 9%Cr ODS ferritic steel after exposure to 
SCW at 500oC with 25 ppb inlet dissolved oxygen concentration for 667 h, (b) corresponding EDS 

composition profile across the oxide thickness, and (c) EDS mapping showing the elemental distribution 
of O, Cr, Fe and Y 

 

These examinations show the oxide layer formed on the as-received and coated samples was 
actually composed of three layers, an outer ~7 µm Fe3O4 layer, an inner 3-4 µm (FeCr)3O4 layer, 
and an innermost internal oxidation layer with a layer thickness slightly greater than 7 µm where 

4 µm 

4 µm 

Cr Y O Fe 
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the O content decreased gradually.  The noticeable difference between the two samples is the 
presence of a Y-rich layer in the oxide layer for the Y-coated sample.  This Y-rich layer 
distinctly separates the outer Fe3O4 layer into two layers, with the outer layer being composed of 
coarse columnar grains and the one close to the substrate of very fine submicron grains.  As 
presented in the inset SEM image in Figure A.30 (a), these fine Fe3O4 grains are mostly 
columnar.  The Y, shown in the elemental mapping (Figure A.30 (c)), is mostly concentrated in 
one central layer, indicating this layer formed in the initial stages of exposure, due to its high 
thermodynamic stability, and was subsequently driven outward due to the growth of the fine 
Fe3O4 grains underneath. 

The Y-coated ODS samples developed a layer comparable in thickness to the as-received 
sample, while their weight gain per unit area was lower by over 40%.  This leads to a conclusion 
that the coated sample developed a more porous oxide layer structure.  This is supported by the 
SEM image in Figure A.30 (a), which shows more porosity in the outermost magnetite layer for 
the Y-coated steel.  This is different from other F/M steels such as HCM12A where both the 
scale density and the scale thickness exhibit an obvious decrease after a Y-coating treatment 
[34].  In our previous paper [35] we reported that the oxidation of ODS ferritic steels in SCW 
environment is controlled by oxygen diffusion.  The thickness of the scale and internal oxidation 
zone is mainly governed by the extent of oxygen diffusion, while the existence of Y as 
nanometer oxide particles does not significantly affect inward oxygen diffusion.  In addition, 
coating a thin Y film did not result in an obvious change in thickness of the Fe3O4 layer, 
implying that the film has negligible influence on the growth rate of the coarse Fe3O4 grains in 
the outer oxide layer.  Nevertheless, no TEM work has been performed on the Y-coated 
HCM12A.  Therefore, the reason for the decrease of both scale thickness and density in 
HCM12A is not clear, and the comparison of oxidation mechanisms between two different base 
metals with the same coating cannot currently be discussed in detail. 

XRD examinations were conducted to observe the formation of phases in the oxide layer 
after SCW exposure.  Figure A.31 and Figure A.32 show the XRD results of the surface phases 
for the as-received and Y-coated ODS samples.  Figure A.33 shows the diffraction patterns taken 
after mechanically removing ~3 µm of the surface magnetite layer for the purpose of specifically 
exposing the buried Y-containing layer. 

It is important to note that the growth of magnetite on the as-received samples shows a 110 
texture.  By contrast, the Fe3O4 (311) highest characteristic peak clearly indicates that Fe3O4 
nucleation seems to be independent of matrix and/or the preferential orientations of the inner 
layers.  The diffraction patterns in Figure A.32 and Figure A.33 reveal the Fe3O4 grains in both 
the coarse- and fine-grain layers are distributed randomly, without any preferential orientation.  
Nucleation processes undoubtedly play an important role in the formation of both suboxide and 
outer oxide on the metal surface.  The oxide nucleation process has an associated activation 
energy.  The oxide nucleation depends on both the crystalline structure of the material and the 
physical and chemical characteristics of corrosion environment. 
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Figure A.31  XRD patterns showing oxide phases 
on the surface of 9%Cr ODS steel after exposure to 

SCW at 500oC 

Figure A.32  XRD patterns showing oxide phases 
on the surfaces of Y-coated 9%Cr ODS steel after 

exposure to SCW at 500oC 

 
Figure A.33  XRD patterns taken from a subsurface depth of about 3 mm, showing the phases in the oxide 

layer of the Y-coated samples after exposure to SCW at 500oC 

 

The number of nuclei dramatically varies with crystal orientation at elevated temperature, as 
shown by the work of Bardolle and Benard [36].  Oxygen partial pressure increase results in the 
decrease of nucleation activation energy.  The movement of atoms, distinct from the nucleation 
process, also has an associated activation energy.  The possibility that nucleation of an oxide will 
take place on a metal surface increases especially at defect sites.  In the present case, the 
nucleation of magnetite was apparently governed by the base body-centered-cubic (BCC) metal 
with a preferred 110 orientation for the uncoated sample; while for the coated sample, the Y-rich 
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layer provided a large amount of defect sites and thus changed the nucleation mechanism of the 
magnetite to be independent of the base metal. 

As shown in Figure A.33, YFeO3 (PDF [39-1489]) is the only Y-containing phase that 
formed along with the magnetite phase (PDF [19-629]).  Previous in-situ XRD studies [37] of 
oxidation of pure iron and Y-implanted iron at 600oC provides insights on the initial stages of 
oxide formation in Y-containing steels that may apply to the Y-coated steel used in the present 
study.  Initially, Y2O3 forms due the large negative free energy of this oxide.  Subsequently, the 
formation of Y-Fe mixed oxide is initiated mainly at the external environment/scale interface as 
reported by Caudron and Buscail [37].  Once the formation of YFeO3 is achieved, a new Fe3O4 
layer starts to build on the YFeO3 layer and, after certain exposure time, the YFeO3 grains are 
completely buried under the surface of the outer Fe3O4 magnetite layer. 

 

  
(a) (b) 

  
(c) (d) 

Figure A.34  TEM images showing the morphologies of the YFeO3 grains in the original Y film, and the 
interface between the Y-rich layer and Fe3O4 layers.  (a) and (b) show the isolated YFeO3 particles and 

(c) and (d) show clusters of YFeO3 grains 
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TEM examination was performed on the cross section of the oxide layer on the Y-coated 
sample.  Figure A.34 (a) and (c) reveal the morphologies of the Fe3O4 oxide grains on either side 
of the Y-rich layer and at the interface between the Y-rich layer and Fe3O4.  Numerous EDS 
spectral analyses were performed in different regions to qualitatively identify the Y-containing 
grains.  A representative EDS spectrum is shown in Figure A.35.  The Y-containing grains were 
identified as YFeO3 oxide, in agreement with the previously discussed XRD evaluations.  The 
dashed lines in Figure A.34 (b) and (d) highlight the YFeO3 grains based on EDS analyses. 

 

 
Figure A.35  Representative EDS spectrum obtained in the Y-rich particles highlighted in Figure A.34 

 

Although the SEM image in Figure A.30 (a) shows a continuous Y-rich layer, the TEM 
observations (Figure A.34 (a) and (c)) reveal this layer is in fact composed of discrete YFeO3 
particles.  Furthermore, Figure A.34 (b) and (d) show that these discrete YFeO3 particles exist as 
either large, but isolated grains, or as clusters of small grains (Figure A.34 (d)).  Regardless, all 
YFeO3 grains are smaller than 500 nm in size.  The regions occupied by YFeO3 particles act as 
effective diffusion barriers for Fe, whereas the gaps between these particles provide relatively 
easy pathways for diffusion.  The growth of the magnetite phase therefore occurs preferentially 
through these inter-particle gaps, which eventually coalesce, but nevertheless result in a 
relatively porous outer magnetite layer as shown in Figure A.30 (a).  The porosity might be 
caused by the local presence of discrete YFeO3 particles that act as barriers for outward cation 
diffusion, leading to a local lack of cations inside the outer magnetite layer.  Such a lack of 
cations may have minor influence on the growth rate of magnetite, since the magnetite (spinel) 
structure is very flexible and vacancies can be induced to replace Fe2+ ions as a regular part of 
crystal and then form p-type metal deficit magnetite.  Nevertheless, the vacancies can migrate 
and coalesce during the oxidation process and would finally collapse into pores when the local 
vacancy concentration is high enough.  As discussed in relation to the SEM and XRD results, the 
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Fe3O4 grains formed underneath the Y-rich layer were in the submicron size range.   The 
nucleation of Fe3O4 grains in this region on the fine YFeO3 particles, as well as the constraining 
effect of the YFeO3 particle layer, may be possible mechanisms for the evolution of fine-grained 
Fe3O4 in the magnetite layer underneath the Y-rich layer.  

The regions of the fine-grained Fe3O4 layer in the vicinity of the YFeO3 layer (Figure A.34 
(c)) were carefully examined by EDS, but no x-ray spectral peaks corresponding to Y could be 
detected, indicating no segregation of Y occurred at the Fe3O4 grain boundary.  A classical 
“reactive element effect” hypotheses, based on segregation of Y at grain boundaries in the oxide 
reducing the cation flux along the grain boundaries [30], was not observed in this case in spite of 
the observation of decreased weight gain for the Y-coated samples after exposure.  The Y-rich 
layer behaved more as a discontinuous physical barrier to outward diffusion of cations, rather 
than as a functional element that would affect the cation migration along the boundaries.  The 
growth of the outer magnetite layer proceeded via diffusion through the inter-particle regions.  
The isolated YFeO3 grains or clusters locally blocked the outer diffusion of Fe cations, resulting 
in a porous outer Fe3O4 layer. 

 

A.2.6 Summary 
In terms of weight gain, the 9%Cr ODS ferritic steel showed an improved oxidation 

resistance compared to a conventional 9%Cr ferritic steel NF616 with a similar major element 
composition, when exposed to SCW at 500oC with 25ppb dissolved oxygen.  In contrast to the 
NF616 steel, the ODS steel exhibited a more porous oxide structure and a substantially deeper 
internal oxidation zone. 

TEM investigation with EDS analysis revealed that yttrium preferentially segregated to oxide 
ribbons that formed along the oxide/metal grain boundary regions in the internal oxidation layer.  
The formation of these ribbons likely reduced the cation flux at these regions, while not 
significantly affecting inward oxygen diffusion. 

Primary oxide growth occurred in the internal oxidation layer and was controlled by slow 
oxygen diffusion.  This differs from F/M steels with similar Cr contents, where growth is 
primarily due to faster iron cation diffusion that expands the magnetite and spinel layers. 

The depletion of iron cations in the (FeCr)3O4 layer resulted in the formation of vacancies 
that, with increased exposure time, eventually coalesced into pores and thereby caused the 
gradual decrease of scale densities. 

The oxidation rate of 9%Cr ODS steel at exposure temperatures of 600oC follows a power 
law with kinetics between cubic and parabolic rates.  9%Cr ODS steel consistently shows lower 
weight gain compared to NF616 and HCM12A, even though 9%Cr ODS steel has less bulk Cr 
than HCM12A. 

At 600oC, grain boundary diffusion of cations may no longer proceed dominantly as it did at 
500oC.  Volume diffusion was likely accelerated and the bulk grains became a more important 
path for element migration.  The benefit from a small quantity of yttrium (0.28 wt%) in the steel 
became limited at higher temperature. 
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Owing to the fine grain size of the 9%Cr ODS steel, the Cr-enriched spinel ribbons along the 
ferritic grain boundaries in the internal oxidation layer and the Cr-enriched continuous spinel 
layer along the internal oxidation layer/base steel interface formed quickly.  The microstructure 
that developed slowed the further diffusion of both cations and anions at 600oC, as compared to 
traditional F/M steel. 

Sputter coating an ~200 nm Y thin film on 9%Cr ODS steel significantly altered the 
morphology and microstructure of the oxide layer formed on this steel after exposure to SCW at 
500oC.  The yttrium layer converted to a discrete YFeO3 particulate layer, which bisected the 
magnetite layer into two regions with distinct morphologies.  The outer magnetite layer was 
porous while the inner magnetite layer was fine grained.  The YFeO3 particles acted as effective 
local diffusion barriers for cation diffusion, however the inter-particule regions provided 
adequate diffusion paths for cations to promote the formation of a fully developed oxide layer.  
In addition, the existence of these YFeO3 particles provided a large amount of defect sites on the 
metal surface and thus changed the mechanism of oxide nucleation.  No segregation of Y to the 
grain boundaries was found in the vicinity of the Y-coating layer, implying the Y thin film 
coating has little influence on grain boundary diffusion in this corrosion regime.
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A.3 Corrosion of F/M Steel T91 in SCW 

A.3.1 Introduction 
A number of high strength 9-12% Cr F/M steels have been developed for application as 

construction materials in fossil power plants [38].  T91 steel (UNS Designation K90901) is a 
mature construction material that is widely used in more advanced power plants.  The 
mechanical behavior of T91 at high temperatures has been reviewed in the literature [39].  On 
the other hand, the oxidation and corrosion behavior of this steel in an oxygenated, pure SCW 
environment still needs further investigation. 

During the last decade, plasma source ion implantation (PSII) has been extensively used for 
ion implantation, thin film deposition, and for other types of modification of surface structure 
and properties of materials [40,41].  In the PSII process, a high negative voltage pulse bias is 
applied to the target material stage immersed in a plasma, causing the positively charged ions in 
the plasma to be accelerated to the surface of the target material at very high velocities.  At high 
energies, the ions penetrate the lattice structure of the target material, resulting in chemical and 
microstructural changes at the surface with associated changes in the surface properties of the 
target material [42]. 

The objective of the present work was to test and evaluate the corrosion performance of T91 
steel in a SCW at a temperature of 500oC and a pressure of 25 MPa, and to investigate the effects 
of dissolved oxygen concentration on SCW corrosion.  Additionally, the effect of surface 
modification, specifically oxygen ion implantation using PSII, on the corrosion behavior of T91 
was studied in the lower oxygen content SCW. 

 

A.3.2 Experimental 
Bar stock of T91 steel was procured from American Alloy Steel Inc.  The alloy had been 

normalized at 1066oC for 46 min and tempered at 790oC for 42 min.  The nominal chemical 
composition of the material is shown in Table A.8. 

 
Table A.8  Nominal chemical composition of T91 steel investigated in this study (wt%, bal. Fe) 

C Mn P S Si Ni Cr Mo Cu N Cb Al V 
.1 .45 .009 .003 .28 .21 8.37 .90 .17 .048 .076 .022 .216 

 

As-received T91 bar stock was first cut into test samples with dimensions of 31.8 mm by 
12.7 mm by 0.5 mm, polished with a wet grinder by progressively using 400, 600, 800 and 1200 
grit SiC paper, and then subjected to a final polishing step using 1 µm diamond paste.  Following 
this, the samples were cleaned ultrasonically using acetone and ethanol. 

A portion of the above samples was subjected to surface modification using the PSII process.  
Details of the PSII process have been described in previous papers [43,44].  Oxygen was 
implanted at 35 kV and a dose of 3 x 1017 ions/cm2.  The base pressure of the chamber was 
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2.5x10-6 Torr and ion implantation was carried out after backfilling with oxygen to a pressure of 
0.5x10-3 Torr.  Sample temperature was maintained at near-room temperature by oil flow to the 
sample stage.  The SCW exposure experiments were performed in the UW natural circulation 
SCW loop at a temperature of 500oC.  The effect of dissolved oxygen content on corrosion 
behavior of the alloy was investigated at two oxygen concentration levels, 25 ppb and 2 parts per 
million (ppm).  Exposure times were 172, 333, and 505 h for 25 ppb dissolved oxygen content 
SCW and 168, 335, and 503 h for 2 ppm dissolved oxygen content SCW.  For 505-h and 503-h 
exposure experiments the test materials underwent cooling and reheating after exposures at 172 
hours and 168 h, respectively, due to sample replacement.  The 25 ppb oxygen content is 
expected to be more typical of the operating conditions in a SCW reactor.  The 2 ppm oxygen 
content test was performed to bracket the possible maximum oxygen concentrations that may be 
achieved in the presence of radiolysis. 

After exposure, the oxide formed on the samples was characterized by weight change 
measurement, as well as surface and cross-sectional SEM analysis.  A Scientech SA-80 
milligram balance with an accuracy of 0.1 mg was used for weight change measurements.  A 
Hitachi JEOL-6100 scanning electron microscope equipped with EDS was employed to examine 
oxide structure and analyze composition across the oxide thickness.  Except where specifically 
mentioned, most minor elements in oxide scales have concentrations that are too low to be 
detected by EDS or distinguished from the background signal.  A LEO 1530 field emission 
scanning electron microscope equipped with EBSD capabilities was used to identify phase 
distribution and capture high magnification images of surface morphologies.  Surface oxide 
phases were identified by a STOE high-resolution x-ray diffractometer with a Cu Kα radiation 
source.  The elemental bonding state and composition profiles of the oxygen-ion-implanted T91 
steel as a function of depth were characterized using XPS on a Philips Phi 5400 XPS system.  
XPS multiplex scans were performed at intervals following 5 min Ar+ sputtering, which 
translates to depth increments of 15 nm, assuming a sputtering rate of about 3 nm/min. 

A.3.3 Results and Discussion 
A.3.3.1 Microstructure of as-received T91 

 
Figure A.36  EBSD images showing grain boundary maps and grain orientation of as-received F/M T91 
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Figure A.37  TEM image of several grains showing the microstructure of F/M steel T91 

 

A.3.3.2 Corrosion behavior of T91 steel 
Surface morphologies of T91 steel samples exposed to approximately 500 h in various 

conditions are shown in Figure A.38. 
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(a) T91 in 25 ppb SCW for 505 h (b) O ion implanted T91 in 25 ppb SCW for 505 h 

 

 

(c) T91 in 2 ppm SCW for 503 h  
Figure A.38  SEM image of surface morphology of oxide corrosion product after exposure to SCW at 

500oC 

 

Uniform oxide scales with granular polyhedral morphology were noted to form on all test 
samples.  For these micrographs, which show the outer oxide scale, there is little morphological 
difference between the untreated and oxygen-ion-implanted samples tested at 25ppb oxygen 
content, as indicated by Figure A.38 and (b).  However, a comparison of Figure A.38(a) and (b) 
with Figure A.38(c) shows there is a distinct difference in structure and morphology of the oxide 
scale formed on samples exposed to the 25 ppb and 2 ppm dissolved oxygen SCW environments.  
The oxide grains formed in a 2 ppm oxygen environment were finer and had more 
interconnected porosity compared to those formed in a 25 ppb oxygen environment, making it 
more amenable to oxygen and ion diffusion. 

The cross-sectional structure and composition versus depth profiles, as measured using EDS 
for the T91 samples exposed to SCW at 500oC for approximately 500 h in various conditions, are 
shown in Figure A.39. 
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(a) T91 in 25 ppb SCW for 505 h 

   
(b) oxygen ion T91 in 25 ppb SCW for 505 h 

   
(c) T91 in 2000 ppb SCW for 503 h 

Figure A.39  SEM images of the cross-section of the oxide corrosion product after exposure to SCW at 
500oC, and associated composition profiles across the oxide thickness for major elements and trace 

elements 

 

After exposure to low oxygen content SCW, the samples developed a typical duplex oxide 
structure, in which the scale consists of a dense outer iron oxide layer and an inner 
iron/chromium-mixed oxide layer.  Mn is seen to diffuse into the outer oxide layer.  Mo is 
enriched in the inner iron/chromium oxide layer, however, it is not present in the outer oxide 
layer.  For the oxygen-ion-implanted samples, the outer and inner oxide layers are approximately 
7.1 µm and 5.2 µm, respectively, and both are thinner than those observed on the untreated 
sample, which had corresponding outer and inner oxide layer thicknesses of 8.4 µm and 6.1 µm, 
respectively.  This observation indicates that oxygen ion implantation reduces the propensity for 
oxidation, at least under the conditions tested.  As expected, the samples exposed to high oxygen 
content SCW exhibited the thickest oxide layers, with outer and inner oxide layers measuring 9.5 
µm and 6.3 µm, respectively.  In addition, the oxide scale for samples exposed to a high oxygen 
environment showed a more porous structure in comparison to samples exposed to low oxygen 
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SCW, especially the subsurface magnetite regions.  The distribution trend of minor elements Mn 
and Mo is similar to that of samples exposed to low oxygen SCW. 

 

 
 

 

 

(a) T91 in 25 ppb SCW 
for 505 h 

(b) O-ion-implanted T91 in 
25 ppb SCW for 505 h 

(c) T91 in 2 ppm SCW 
for 503 h 

 

Figure A.40  EBSD images showing the phase distribution of T91 exposed in SCW at 500oC for ~ 500 h 

 

Figure A.40 shows the phase distribution across the oxide scale for various samples, as 
determined using EBSD.  As shown in Figure A.40 (a) and (b), the outer region of the oxide for 
low oxygen environment exposure was clearly identified to be magnetite phase.  The darker 
region between the outer oxide layer and the alloy substrate in Figure A.40 could not be clearly 
identified because it is largely composed of very fine grains or even nanograins.  However, some 
coarser grains (marked in yellow) in this darker region  were identified as FeCr2O4 spinel, which 
is supported by SEM-EDS results shown in Figure A.39, leading to the conclusion that the inner 
darker layer is a very fine-grained Fe-Cr oxide spinel compound.  The phase distribution 
throughout the oxide layer structure for samples exposed to a higher oxygen environment is 
presented in Figure A.40.  The oxide scale is composed of three different layers: a porous and 
continuous hematite outer layer,  is a relatively dense magnetite layer, and a predominantly 
spinel iron/chromium oxide layer closest to the base steel. 

Figure A.41 shows another cross-sectional SEM image of the sample exposed to high oxygen 
content SCW.  Spallation of the oxide from the base alloy can be observed in some regions. 
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Figure A.41  SEM cross-sectional image of the oxide structure after exposure to high oxygen 
content SCW at 500oC for about 500 h, showing evidence of spallation of the oxide from the 
underlying steel substrate 

 

The oxidation rate is temperature dependent and oxide growth occurs by diffusion of ions 
through the scale, which is the predominant rate-limiting step.  Therefore, weight gain can be 
described by the following generalized equations: 

  or  (3) 

 and  (4) 

where ΔW is the weight change of the alloy per unit area, Q is activation energy, k is rate 
constant, T is temperature, t is exposure time, and n is an exponent that describes time 
dependence of oxide growth.  Future experiments at varying temperature will help determine the 
activation energy and thus allow for identification of the primary diffusing species.  Figure A.42 
shows the weight change as a function of time for T91 tested at 500oC in various conditions.  For 
the samples exposed to the higher oxygen concentration SCW, weight gain associated with oxide 
growth is the highest.  The oxidation rate was analyzed by fitting experimental data in terms of 
Equation (3), with the understanding that the fit parameters are early rough estimates given the 
limited experimental data available.  For samples exposed to 500oC SCW containing 25 ppb 
oxygen, n=0.40, indicating oxidation follows a growth behavior between parabolic or cubic 
growth kinetics models.  Oxidation more closely follows parabolic behavior (n=0.57) for 
samples exposed to the high oxygen environment of 2 ppm oxygen.  For oxygen-ion-implanted 
samples, a lower oxidation rate approaching a cubic growth model (n=0.30) is observed 
compared to the untreated samples (n=0.40), indicating its beneficial effect on corrosion 
resistance under the conditions tested. 
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Figure A.42  Weight change as a function of exposure time at 500oC SCW 

 

The above-mentioned oxidation behavior of T91 steel suggests the material forms a stable 
and self-protecting oxide layer when exposed to 25 ppb dissolved oxygen content  SCW for short 
(~500 h) periods.  However, in the higher oxygen environment, oxidation rate increases and the 
mechanical stability of the oxide decreases, as evidenced by a more porous structure and regions 
of delamination from the steel substrate.  A possible explanation for spallation of the oxide layer 
from the underlying steel substrate observed in Figure A.41 could be formation of a volatile 
phase CrO3 at the oxide substrate interface [45], according to the equation (5) or a combination 
of equations (6) and (7): 

 

  (5) 

  (6) 

  (7) 

 

The feasibility of the above reactions is supported by the high oxygen partial pressure and 
more porous oxide structure for the high oxygen environment, which allow oxygen permeation 
more readily through the oxide layers.  The high vapor pressure gaseous CrO3 thus formed may 
result in accumulation of stresses at the alloy-oxide interface, leading to weakening adhesion of 
the oxide layer, as shown in Figure A.41. 

A.3.3.3 Effect of surface modification 
To investigate the above-mentioned effect of oxygen ion implantation on corrosion behavior, 

the surface of the T91 steel in the untreated and oxygen-ion-implanted conditions (before SCW 
exposure) was characterized with SEM and XPS.  In addition, XRD was performed on these 
samples after exposure to low oxygen content (25 ppb) SCW, with the goal of identifying the 
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crystallography of the oxide scale.  These analyses were performed to provide a reasonably 
complete picture of the influence of oxygen implantation on corrosion behavior in SCW.  Figure 
A.43 shows high magnification SEM micrographs, taken at 100,000X, of the surface of the as-
polished samples before and after oxygen ion implantation, but before exposure to SCW. 

 

  
(a) Untreated T91 (b) Oxygen ion implanted T91 

Figure A.43  High magnification (100,000x) images of surface morphology of the T91 alloy sample (a) 
before ion implantation and (b) after oxygen ion implantation 

 

For the untreated sample, surface morphology of the alloy shows many polishing-induced 
grooves.  Oxygen ion implantation resulted in the formation of new particle phases in the size 
range of 10 to 100 nm at the surface of the material.  Furthermore, these particle phases are 
densely packed to provide a nearly uniform film-like coverage of the surface.  The surface 
roughness was decreased as a result of ion implantation.  Figure A.43 (b) also indicates the 
evolution of some nanometer-size scale voids, due to ion bombardment.  The influence of these 
voids on corrosion behavior is not clear and will be discussed in a future study. 

To further investigate the composition of the nanometer-sized particles and the depth to which 
they form, the elemental chemical states of the oxygen-ion-implanted T91 as a function of depth 
below the surface of the samples were analyzed using XPS multiplex scans combined with Ar+ 
sputtering.  The results of these analyses for Fe 2p and Cr 2p core levels are shown in Figure 
A.44 (a) and (b), respectively. 

 



 
57 

  
(a) Fe 2p (b) Cr 2p 

Figure A.44  Fe 2p and Cr 2p core level XPS spectra of oxygen-ion-implanted T91 as a function of depth 
below the surface.  Sputter time is proportional to the depth below the surface at which the analysis was 

performed. 

 

The results reveal that fine nanometer-sized particles formed after oxygen ion implantation 
were, in fact, oxides and depth sputtering revealed the depth of this oxide formation to be 
approximately 150 nm.  The sputter time in these figures is proportional to the depth below the 
surface at which the analysis was performed.  Only oxidized Fe is observed at the surface and its 
characteristic peaks are located at ~710 eV for 2p3/2 and ~723.6 eV for 2p1/2, indicating Fe is 
present as FeO and Fe2O3.  Up to depths of 30 nm, only Fe oxides are observed and no Cr is 
observed in this region.  Cr is observed between depths of about 30 and 60 nm, as evidenced by 
the presence of the characteristic peak located at ~577 eV, which corresponds to Cr as Cr-oxide 
with Cr in the 3+ oxidation state.  At depths below 60 nm, both Fe oxides and Cr oxides coexist.  
Finally, after 55 min of sputtering (about 165 nm depth), Fe and Cr are present in their elemental 
form and are representative of the base alloy. 

The results of XRD analysis of the oxide layer formed on the untreated and oxygen-ion-
implanted samples after exposure to low oxygen content SCW for various durations are shown in 
Figure A.45. 
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(a) T91 samples without the surface treatment (b) oxygen ion implanted T91 samples 

Figure A.45  XRD patterns of oxidized surfaces of T91 after exposure to SCW at 500oC for three 
exposure periods, (a) untreated T91 and (b) oxygen-ion-implanted T91 

 

The surface oxides for both untreated and oxygen-ion-implanted samples were identified to 
be predominantly magnetite.  This supports the earlier results obtained by EBSD analysis.  
However, the texture of the oxides, especially those formed on samples exposed for shorter 
durations, were clearly different for the untreated and oxygen-ion-implanted samples, as 
evidenced by differences in the relative intensities of the XRD peaks.  The relative peak 
intensities for the oxide layer formed on oxygen-ion-implanted samples are consistent with the 
standard powder diffraction pattern, indicating that the oxide layer formed in this case has a 
random grain structure devoid of texture.  On the other hand, for the untreated T91 samples the 
relative peak intensities represent a departure from the standard powder diffraction pattern, 
especially in reference to the (110) plane, indicating a preferred oxide growth orientation.  One 
explanation is that nanometer-sized Fe oxides formed by preimplantation treatment aid in 
nucleation of the oxide layer that forms during subsequent exposure to SCW, and result in an 
oxide layer devoid of texture.  It is likely that this effect of oxide nucleation on crystallographic 
orientation may result in the denser and hence thinner oxide layer observed for the oxygen-ion-
implanted samples, but more studies will have to be performed to confirm this observation.  
Other studies on the effect of ion implantation on oxidation have shown promising results.  For 
example, studies on oxidation of yttrium-implanted 80Ni-20Cr alloy have reported substantial 
oxide grain refinement as a result of the ion implantation treatment [6], but this was not observed 
in the present study as noted in Figure A.40 (a) and (b). 
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A.3.4 Corrosion of T91 after modification using shot peening and nano-
crystallization 

To study the relationship between microstructure and the corrosion behavior of F/M steels in 
SCW, shot peening (SP) and equal channel angular pressing (ECAP) were performed in T91 
samples.  Different from the SP, ECAP can nano-crystallize grains in the whole bulk materials 
instead of only the surface layer.  Nano-crystallized T91 samples were provided by Texas A&M 
University.  Three different conditions, as-received, shot-peened and nano-crystallized samples 
were expose to SCW at 500°C for up to 1000 h, and their weight gain data is shown in Figure 
A.46.  Compared to the as-received T91, both shot-peened and nano-crystallized samples show a 
minor lower weight gain, especially for long exposure periods. 

 
Figure A.46  Weight change data as a function of exposure time for as-received, shot-peened and nano-
crystallized T91 samples after exposure to SCW with inlet 25 ppb dissolved oxygen at 500°C for up to 

1000 h 

 

SEM plan-view images show no considerable difference among these three conditions.  
In addition, the phases constituting the oxide layer are the same, i.e. magnetite and spinel phases.  
The chemical composition distributions for these samples after the exposure to SCW for various 
periods are shown in Figure A.47.  For the as-received samples, a typical distribution pattern in 
F/M steels is observed, witih only oxygen and iron existing in the outer oxide layer and 
chromium starting to appear in the inner oxide layer.  In the shot-peened samples, enhanced 
diffusion of iron was observed, as indicated by a larger Fe/O ratio in the outer and inner oxide 
layer.  The chromium enrichment in the inner oxide layer compared to the chromium level in the 
base metal also shows improved diffusion of chromium in the shot-peened samples.  For the 
nano-crystallized T91 samples, an even larger Fe/O ratio was observed for the 333 h exposed 
sample.  The Fe/O ratio became smaller for the sample exposed to SCW for 667 h, similar to that 
in the shot-peened samples.  For the longest exposure time of 1000 h, the nano-crystallized 
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sample exhibited a similar chemical composition distribution to the as-received sample.  The 
improvement of diffusion of chemical elements by nano-crystallization is stronger than SP at the 
very beginning, however, this effect weakens with exposure time and is totally eliminated after 
1000-h exposure in SCW.  The reason for this phenomenon is under investigation. 

 
(a)   

 
(b) 

   
(c) 

   
Figure A.47  SEM images of cross-sectional (a) as-received, (b) shot-peened and (c) nano-crystallized 
T91 samples after exposure to SCW with 25ppb dissolved oxygen at 500°C for 333, 667 and 1000 h 

A.3.5 Summary 
The corrosion response of F/M T91 steel was tested in SCW at 500oC with dissolved oxygen 

contents of 25ppb and 2ppm and exposure times of up to 505 h.  For low oxygen content SCW 
exposure, the oxide scale exhibited typical duplex oxide structure, in which the scale is 
composed of a dense outer Fe oxide layer and an inner spinel-dominated iron/chromium oxide 
layer.  For the high oxygen content SCW exposure, the oxide scale exhibited higher thickness, 
finer oxide grains in the outer region, higher inter-connected porosity, and weak adhesion to the 
steel substrate. The oxide in this case was composed of three different layers: an outer porous 
hematite layer containing some chromium, followed by a magnetite layer, and an inner-most 
iron/chromium spinel oxide layer.  In tests performed in low oxygen concentration SCW, surface 
modification by oxygen ion implantation affected oxidation of the T91 alloy by changing the 
oxide grain orientation and reducing the oxide thickness.  These effects seem to be related to the 
formation of a high population of nanometer-sized oxide precipitate phases due to oxygen ion 
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implantation, which influence the nucleation and growth of the oxide formed during high 
temperature SCW exposure. 

SP-modified samples were found to form a larger Fe/O ratio in the outer and inner oxide 
layer.  One explanation is enhancement of Fe diffusion after peening treatment.  For nano-
crystallized T91 samples, even larger Fe/O ratios were found for short time (333 h) exposure. 
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A.4 Corrosion of F/M Steel NF616 in SCW 

A.4.1 Introduction 
F/M steels with chromium contents between 9 and 12 weight percent have attracted 

increasing attention for the SCWR application because of their high thermal conductivities, low 
thermal expansion coefficients, and outstanding resistance to void swelling under the influence 
of radiation.  As one of the third generation advanced F/M steels, NF616 was developed from 
T/P91 for better high temperature creep resistance, which was achieved by the addition of 
tungsten instead of molybdenum to adjust the balance of ferritic-austenitic elements, and micro-
alloying with boron[46,47].  The NF616 can be used as material for superheaters, pipes and 
headers in power plants operated at higher pressures and/or temperatures (about 600°C) for 
higher efficiencies. 

 

A.4.2 Samples 
As-received bulk NF616 was cut into flat coupons with the size of 15 mm by 12 mm by 0.9 

mm for microstructural characterization following SP, and to a size of 31.75 mm by 12.7 mm by 
0.9 mm for SCW test samples.  The nominal chemical composition of NF616 is shown in Table 
A.9. 

 
Table A.9  Nominal chemical compositions in weight percentage of alloy NF616 

Alloy Fe Cr Ni W Mo Mn Si V C Nb 

NF616 Bal. 8.82 .174 1.87 .468 .45 .102 .194 .109 .064 

 

A.4.3 Experimental setup, weight gain and oxidation mechanisms of NF616 in SCW 
All SCW tests were carried out in the UW SCW loop at a pressure of 25 MPa with an inlet 

dissolved oxygen content of 25 ppb[48] for up to 1000 h.  The samples were tested at three 
different temperatures, one subcritical temperature at 360°C, and two supercritical temperatures 
at 500°C and 600°C. 

The weight change data from different tests are compared at 500°C, as shown in Figure A.48.  
In the figure, different colors are used to show data from different tests.  The weight gain data 

was fit using the power equation  and the results are shown in Figure A.49 
as well.  b=0.38 indicates a close to cubic corrosion rate of the material in SCW and very good 
corrosion resistance. 
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Figure A.48  Weight change data as a function of exposure time for as-received NF616 samples after 
exposure to SCW with 25ppb dissolved oxygen at 500°C 

 

The weight change data from the samples exposed to SCW at various temperatures are 
shown in Figure A.49.  For supercritical temperatures, the samples exposed at 600°C have the 
larger weight gain during the exposure period than 500°C samples.  By fitting the weight gain 
data using the power equation, the time exponent ‘b’ was calculated at 0.38 for 500°C exposures 
and 0.42 for 600°C exposures, demonstrating a growth kinetics intervenient between the 
parabolic and cubic kinetics.  For the subcritical temperature at 360°C, the weight change is 
much smaller and no obvious trends were observed.  By comparing the weight gain data from 
different temperatures, it can also be clearly seen that the SCW is much corrosive environment. 

 
Figure A.49  Weight change data as a function of exposure time for as-received NF616 samples after 
exposure to SCW with inlet 25ppb dissolved oxygen at 360°C, 500°C and 600°C 
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A.4.4 Corrosion of NF616 in SCW 
Surface morphologies of SCW-exposed NF616 samples are shown in Figure A.50. 

   
Figure A.50  SEM plan-view images of the oxide layer for as-received NF616 samples exposed to SCW 
at (a) 360°C, (b) 500°C and (c) 600°C for 1000-h exposure time 

 

At 360°C, the oxide particles on the sample surface are small, in the range of 1 µm, and 
the sample surface is not fully covered by a uniform layer of oxide particles.  In some local 
surface area, the chemical compositions of the base metal were detected by EDS implying a very 
thin oxide layer.  In the SCW range, a uniform oxide layer was observed in all samples, with 
larger grain sizes of up to 10 µm at 600°C.  At 600°C, small flakes and whiskers were observed 
on the oxide surface, and flakes were concentrated along grain boundaries.  There is no chemical 
composition information for these flakes and whiskers because of their small size.  However, 
confirmed by our previous studies and literature, these flakes probably are chromium rich and 
were formed by enhanced diffusion of chromium through grain boundaries at high temperature.  
It is known that grain boundaries are regarded as easy diffusion paths for chemical elements and 
the diffusion coefficients increase with temperature, which probably can explain the observation 
of flakes along grain boundaries only at 600°C. 

  
Figure A.51  XRD patterns for as-received NF616 samples after exposure to SCW with 25ppb dissolved 

oxygen at two different temperatures, (a) 600°C and (b) 360°C 

(a) (b) 

(a) (b) (c) 
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The phases in the oxide layer on the NF616 samples were identified by XRD.  The XRD 
diffraction patterns for samples exposed to SCW at 600°C, and subcritical water at 360°C, for up 
to 1000 h are shown in Figure A.51.  Since the patterns from the SCW-exposed samples are 
similar at 500°C and 600°C, only the patterns from the 600°C samples are shown here to 
compare with the samples exposed to subcritical water.  Two phases were identified in the SCW-
exposed samples, magnetite and spinel phases; only the standard pattern of the magnetite phase 
is shown in the vertical dotted red lines because of the very similar structure of magnetite and 
spinel.  In addition to the peaks from magnetite and spinel phases, subcritical-water-exposed 
samples also show peaks from the base metal, indicating a very thin oxide layer. 

 

  

  

  
Figure A.52  Cross-sectional SEM images of as-received NF616 samples after exposure to SCW with 

25ppb dissolved oxygen at (a) 500°C and (b) 360°C for 667 h 

(a) (b) 
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The chemical composition distributions along the depth of the oxide layer are shown in 
Figure A.52 for the samples exposed to SCW at 500°C and subcritical water at 360°C for 667 h.  
In the 500°C SCW region,  the oxide layer can be divided into two different layers from the 
surface morphology and chemical composition distributions.  One is the outer oxide layer at the 
outermost oxide surface, which is smooth and only contains oxygen and iron; the other is the 
inner oxide layer, which is rough and contains chromium at the expense of iron. 

 

   
Figure A.53  Chemical element distribution map of (a) oxygen, (b) iron and (c) chromium from the 
cross-section of as-received NF616 samples after exposure to SCW with 25ppb dissolved oxygenat 
500°C for 667 h 

 

EDS mapping provides a better idea of the element distribution in specific regions of the 
oxidized layer, even though its resolution is not as good as the line-scan technique.  The EDS 
elemental maps of oxygen, iron and chromium in the as-received NF616 samples are shown in 
Figure A.53.  In these figures, different colors show the distribution of different elements and 
their brightness increases with corresponding intensity.  It can be seen that oxygen is constant in 
the whole oxide layer, iron is rich in the outer oxide layer, and chromium only exists in the inner 
oxide layer, which confirms the duplex oxide structure observed in Figure A.52.  It is interesting 
that, in the EDS chromium map, some highlighted curves were observed in both the inner oxide 
layer and base metal, showing the enrichment of chromium.  This was also observed in another 
larger area in the base metal, close to the oxide/metal interface, as shown in Figure A.54 (a).  
From the distribution, these chromium-rich curves were speculated to be the grain boundaries of 
base metal.  This speculation can be confirmed by EBSD scanning, as shown in Figure A.54 (b).  
In the figure, the network of grain boundaries were attracted from the EBSD pattern and shown 
by various colors for different ranges of misorientation angles at the grain boundaries.  
Consistence was observed in comparison between EDS maps and the grain boundary network, 
validating the speculation that chromium-rich curves are the grain boundaries with certain 
misorientation angles.  It is easy to understand this consistence if the diffusion characteristics of 
grain boundaries are considered.  The reason that only grain boundaries with certain 
misorientation ranges show chromium enrichment is probably related to diffusion properties of 
different misorientation angles, but needs further investigation. 

(a) (b) (c) 
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Figure A.54  (a) Chromium distribution map from the cross-section of as-received NF616 samples after 

exposure to SCW with 25ppb dissolved oxygen at 500°C for 667 h.  The grain boundary distribution from 
the same area is shown in (b). 

 

Even though the oxide layer is much thinner in the sample exposed to subcritical water at 
360°C, as shown in Figure A.52 (b), the duplex oxide structure still can be identified.  As 
confirmed in a number of studies, the oxide layer on F/M steels in water existing environments is 
developed by outward diffusion of iron and inward diffusion of oxygen. The typical duplex 
structure of the oxide consists of an outer, iron-rich oxide layer and an inner oxide layer, with an 
interface that is supposed to be the original sample surface.  Based on the above analytical 
results, it can be concluded that the oxide mechanism of NF616 in both SCW and subcritical 
water is the same, but results in a significant difference in oxide thickness. 

The phase distribution in the oxide layer of the SCW-exposed NF616 sample was 
characterized by EBSD.  In Figure A.55, different colors are used to represent different phases in 
the EBSD patterns; red for ferritic phase and green for magnetite and spinel phase.  The 
magnetite and spinel phase cannot be distinguished because of their similar crystallographic 
structures.  The dark areas in the EBSD patterns are unindexed, due to either interference from 
mounting materials or low image quality.  For example, the inner oxide layer is very fine-grained 
and the image quality of the EBSD pattern is not as good as for the outer oxide and base metal, 
therefore most of inner oxide layer appears black in the EBSD patterns.  Although the magnetite 
and spinel are not readily distinguished in EBSD, considering the iron- and chromium-rich 
duplex oxide layer structure in the depth profiles from SEM/EDS, it can be concluded that the 
outer oxide layer is mainly comprised of columnar magnetite grains, and the inner layer is a 
mixture of spinel and ferritic phase. 

(a) (b) 
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Figure A.55  Cross-sectional EBSD pattern of as-received NF616 samples after exposure to SCW with 
25ppb dissolved oxygen at 500°C for 667 h 

 

A.4.5 Corrosion of modified NF616 in SCW 
A.4.5.1 Shot peening 
As high-energy regions in materials, grain boundaries  are regarded as “short-circuit” paths 

for the diffusion of elements, and hence play an important role in the oxidation/corrosion 
performance of materials.  For example, nano-crystallized 304SS, which produced via direct 
current magnetron sputtering (DCMS), was performed an oxidiation in air with 0 to 40% water 
vapor in the temperature range of 700°C to 900°C and showed no oxide spallation. In contrast, 
coarse-grained 304SS was observed to breakaway of its oxide in the similar corrosion 
environment [49].  Since the conversion of the protective Cr-rich oxide layer to the non-
protective Fe-rich oxide is the main reason for breakaway oxidation, this improvement was 
attributed to the sufficient chromium diffusion through abundance of grain boundaries in nano-
crystallized 304SS.  On the other hand, the effect of grain size in a larger grain-size range on the 
oxidation behavior of 9Cr-1Mo steels in air at 700°C showed more frequent spallation for 
samples with a grain size of 90 µm than samples with a grain size of 360 µm [50].  The stress 
caused by different growth rates and different oxide thickness close to the grain boundaries was 
speculated to be the main reason for greater spallation in the fine-grained samples.  For a 2.25Cr-
1Mo steel with different grain sizes oxidized in air at 500°C for 72 h, oxidation rate decreased 
with increasing grain size because of reduction in grain boundary areas that acted as fast 
diffusion paths for oxygen [51].  It is clear from these studies that grain size provides a powerful 
tool for affecting oxidation characteristics of materials, but the specific effects seem to vary with 
test environment, type of steel, and range of grain sizes being investigated. 

SP, which induces very large strains and strain rates by the bombardment of metallic surfaces 
with steel shots, has been successfully used to produce ultrafine grains in near-surface regions of 
various materials [52].  SP does not change the chemical composition and bulk microstructure, 
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resulting in the retention of the properties and performance of base material.  Additionally, a 
gradient in grain size is achieved by SP from the surface to the bulk, and therefore the debonding 
of the surface layer from the substrate steel as in the case of surface coatings, is not an issue [53]. 

Before SP, the samples were polished to a mirror-like finish using silicon-carbide emery 
papers and 1 µm diamond paste.  To avoid the influence of residual impurities from polishing, all 
samples were cleaned with acetone and alcohol in an ultrasonic cleaner for 10 min, prior to SP 
and high temperature SCW tests.  Samples were weighed prior to and after SP to evaluate the 
weight change due to the SP treatment.  Samples were shot-peened for 20 sec at a pressure of 60 
psi.  Samples in the as-received  condition were also tested in the same environments for 
comparison purposes, after the same polishing and cleaning procedures. 

 

 
Figure A.56  EBSD cross-sectional image of NF616 steel t shot-peened at 60 psi for 20 sec 

 

After SP, the sample surface became rough, with the occasional formation of small cracks 
penetrating into the bulk steel.  The weight loss due to SP was in the range of 0.5 to 5 mg/cm2 
due to erosion, depending on SP parameters.  In Figure A.56, the EBSD image shows the cross-
sectional microstructure of the NF616 sample shot-peened at 60 psi for 20 sec.  The EBSD 
technique identifies grain boundaries between two neighboring grains whose misorientations are 
greater than five degrees.  It is obvious that grain size near the sample surface is much smaller 
than in the underlying bulk steel, which exhibits the typical as-received grain structure.  
Quantitative analysis revealed the grain size to be about 1 µm in the near-surface zone affected 
by SP, with a gradually increase to more than 10 µm in the bulk material.  Considering 
limitations in resolution of the diffracted electron beam, actual grain size in the near-surface 
regions may be less than 1 µm.  The depth of the affected zone  mainly depends on the treatment 
time, and is about 18 µm in the shot-peened NF616 samples. 

Figure A.57 shows weight gain due to oxidation of as-received and shot-peened samples 
exposed to SCW at 500°C for up to 1000 h.  The shot-peened samples show a larger weight gain 
than as-received samples.  The time exponent by fitting the weight gain data is about 0.4 for both 
conditions, which is between parabolic and cubic growth kinetics. 

 

2020 µµ mm 
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Figure A.57  Weight change data as a function of exposure time for as-received and shot-peened 
NF616 samples after exposure to SCW with 25ppb dissolved oxygen at 500°C for up to 1000 h 

 

  
(a) (b) 

Figure A.58  XRD patterns of as-received and shot-peened NF616 samples exposed to SCW with 
25 ppb dissolved oxygen at 500°C for 667 h 

As identified in the XRD patterns (Figure A.58), the oxide layer is made up of magnetite and 
spinel phases for all SCW-exposed samples.  The only difference is that the oxide layer on the 
as-received sample exhibits preferred orientation in (220), while the peaks from the oxide formed 
on the shot-peened samples correspond to the standard values of magnetite in terms of relative 
peak intensities and locations.  The surface morphology of SCW-exposed samples is shown in 
Figure A.59.  The obvious difference between the two samples is the size of oxide grains, 
decreasing from around 3 µm in the as-received sample to about 1 µm in the shot-peened 
samples.  This is understandable given the initially smaller grain size at the surface of the shot-
peened samples.  The undulating surface was still observed in the shot-peened sample even after 
the exposure to SCW for 667 h. 
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Figure A.59  Surface morphology of (a) as-received and (b) shot-peened NF616 samples 
respectively, exposed to 25ppb SCW at 500°C for 667 h,. 

 

  

  
(a) (b) 

Figure A.60  Cross-sectional SEM images of (a) as-received and (b) shot-peened NF616 samples after 
exposure to SCW with 25ppb dissolved oxygen at 500°C for 667 h 

 

The change of chemical composition along the oxide depth direction is shown in Figure 
A.60.  A duplex oxide layer structure was clearly observed in both as-received and shot-peened 
samples, consisting of Fe-rich outer and Cr-containing inner oxide layers.  This duplex structure 
has been observed in several F/M steels upon exposure to SCW [48,54,55].  Of note is that the 
iron/oxygen ratio is larger for the shot-peened samples than the as-received samples in the outer 
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oxide layer and the enrichment of chromium in the inner oxide layer for the shot-peened 
samples, which may be indicative of enhanced diffusion of iron and chromium during the growth 
of the oxide layer.  The enhanced diffusion probably can explain the higher weight gain observed 
in the shot-peened samples.  However, considering the phases identified by XRD and the atomic 
O/Fe ratio of 1.33 in the magnetite phase, the observation of higher iron in the shot-peened 
samples warrants further investigation. 

 

  
Figure A.61  EDS chromium maps in the (a) as-received  and (b) shot-peened NF616 samples 
exposed to SCW at 500°C for 667 h 

 

Similar EDS mapping analysis was performed for the shot-peened NF616 samples, and the 
chromium distribution for both as-received and shot-peened samples is shown in Figure A.61.  
Different from the chromium enrichment along grain boundaries, in the shot-peened sample 
chromium enrichment was only observed in the underlying bulk regions, which was out of the 
affected zone of SP, whereas, the distribution of chromium was quite uniform with no 
enrichment in the whole inner oxide layer and bulk area close to the oxide.  Considering the 
abundance of grain boundaries in the surface layer resulted from SP, this uniform distribution 
can probably be attributed to the much quicker supply of chromium from the bulk to the oxide 
layer. 

 

A.4.5.2 Yttrium coating 
Yttrium was sputter deposited on the surface of NF616 samples, followed by plasma source 

ion implantation.  The yttrium NF616 samples were exposed to the same SCW environments as 
as-received NF616 samples.  The weight gain of both yttrium and as-received NF616 samples is 
shown as a function of exposure time in Figure A.62.  At two SCW temperatures, 500°C and 
600°C, the yttrium samples gained much less weight than the as-received samples.  By fitting 
those weight gain data, both yttrium and as-received samples show a time exponent close to 0.4.  
Since yttrium samples indicate a very similar oxidation behavior at 500°C and 600°C, the 
samples exposed at 500°C are used for comparison with the as-received samples in the following 
discussion. 

(a) (b) 
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Figure A.62  Weight change data as a function of exposure time for as-received and Y-coated 
NF616 after exposure to SCW with inlet 25ppb dissolved oxygen at 500°C and 600°C for up to 
1000 h 

 

As shown in SEM plan-view images (Figure A.63), there is no significant difference between 
as-received and yttrium samples except the slight change in grain size.  The grain size of the 
oxide layer in the yttrium samples is smaller than the as-received samples.  Phase identification 
was performed by XRD, and similar peaks and relative peak intensities were observed in the 
yttrium and as-received samples and(the results are not shown here).  Therefore, the oxide phases 
for both conditions are the same, i.e. magnetite and spinel phases. 

 

  
(a) (b) 

Figure A.63  Surface morphology of (a) as-received and (b) yttrium NF616 samples, respectively, 
exposed to 25-ppb dissolved oxygen SCW at 500°C for 667 h 

 

The oxide structure of yttrium samples is shown by EDS cross-section images and 
corresponding chemical composition distribution in Figure A.64.  A different oxide structure was 
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observed in the yttrium sample when compared to the as-received sample.  Instead of the 
integrated outer oxide layer observed in the as-received sample, the yttrium sample exhibited an 
internal interface.  The layer close to the sample surface had similar large columnar grains as in 
the outer oxide layer of the as-received samples, and another layer between the coarse-grained 
layer and the inner oxide layer showed very smooth surface morphology.  A yttrium peak was 
located between the coarse-grained and fine-grained outer oxide layer by EDS line scanning.  
The chemical composition distributions are demonstrated by the EDS maps shown in Figure 
A.64.  Even though the oxygen, iron and chromium show similar trends to the as-received 
samples, the interface between the coarse-grained and fine-grained outer oxide layer can be 
distinguished in the oxygen and iron maps.  Moreover, at this interface, an obvious yttrium-rich 
layer was observed.  As we know, the interface between the outer and inner oxide layer is 
thought to be the original sample surface, which also represents the plane of the deposited 
yttrium film. Therefore, the growth of the fine-grained outer oxide layer was developed through 
outward diffusion of yttrium.  The reason for the different grain size between the two different 
outer oxide layers is under further investigation. 

 

  

  
Figure A.64  Cross-sectional chemical element distribution map of O, Fe, Cr and Y from the 
yttrium NF616 samples after exposure to SCW, with inlet 25ppb dissolved oxygen at 500°C for 667 
h 

 

The phase distribution of yttrium NF616 after exposure to SCW for 667 h at 500°C is shown 
in Figure A.65.  Similar distribution to the as-received samples was observed from the EBSD 
pattern.  The magnetite/spinel phase is in the outer Fe oxide layer, and the ferrite phase is in the 
inner Fe, Cr oxide layer and base metal.  The interface between the two outer oxide layers with 
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different surface morphology can be distinguished in the pattern.  The phase in these two layers 
were identified to be the same, however the grain sizes are different. In the outermost layer, 
coarse column grains were developed along the direction of the outward diffusion of iron.  The 
fine-grained outer oxide layer is composed of much smaller grains, which are still larger than the 
grains in the inner oxide layer. 

 

 

Figure A.65  Cross-sectional EBSD pattern of yttrium NF616 samples after exposure to SCW with 
25ppb dissolved oxygen at 500°C for 667 h 

 

A.4.6 Summary 
Upon exposure to SCW at 500°C and 600°C for up to 1000 h, the as-received and shot-

peened samples developed a duplex oxide structure, specifically Fe-rich outer and Cr-rich inner 
oxide layers.  The weight gain of the shot-peened samples was larger than the as-received 
samples, which was probably caused by the enhanced outward diffusion of iron.  In EDS maps, 
the enrichment of chromium along grain boundaries, regarded as quick diffusion paths for 
elements, was observed in the as-received samples, but shot-peened samples did not show this 
level of enrichment in the inner oxide layer and its surrounding bulk area.  The absence of 
chromium enrichment in the shot-peened samples can be explained by enhanced chromium 
diffusion through the abundance of grain boundaries produced by SP in the near-surface regions.  
By depositing a yttrium thin film, yttrium NF616 samples show significantly less weight gain 
than as-received samples.  One yttrium-rich layer was observed inside the outer oxide layer and 
acted as a barrier to prevent diffusion of chemical composition.  This may be responsible for the 
lower weight gain observed in the yttrium samples.
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A.5 Corrosion of F/M Steel HT9 in SCW 

A.5.1 Introduction 
HT9 is one of the second generation of F/M steels. In this steel, tungsten and 

molybdenum are added in small quantities for solid solution strengthening, while 
vanadium is added for precipitation hardening by the formation of fine nitride phase 
particles [56].  Owing to its proven resistance to high radiation dose, HT9 has been used 
for fuel cladding and other structural components in the U.S. fast reactor program [57].  
HT9 is also used for superheater tubes, steam pipes, and thick-section boiler headers in 
fossil plants. 

The actual chemical composition in weight percent of HT9 is listed in Table A.10.  
The HT9 samples used in this study were procured from excess reactor components 
(specifically hexagonal ducts) from the Experimental Breeder Reactor (EBR-II) program.  
The as-received bulk HT9 was cut into coupons of dimension 31.75 mm by 12.7 mm by 
0.34~0.49 mm, and then mechanically polished to a one-micron diamond paste finish 
before SCW exposure. 

 
Table A.10  Actual chemical composition (wt%) of alloy HT9 used in this study 

Alloy C N P S Fe Cr Ni W Mo Mn Si V 

HT9 .21 .005 .013 .005 84.36 11.94 .62 .48 1.03 .69 .3 .3 
 
  Other Cu: .02, Co: .03, Al: <0.01, Ti: < 0.01 

 

A.5.2 Microstructure and other substrate examinations prior to SCW 
exposure 

F/M steels with chromium contents between 9 and 12 weight percent and low nickel 
content have attracted increasing attention because of their high creep-rupture strength, 
combined with good oxidation and corrosion resistance at elevated temperatures [58].  
Research on the oxidation behavior of 9-12% Cr F/M steels in a steam environment at 
temperatures of up to 700°C has been reviewed by Wright and Pint [59] and Fry et al. 
[60].  However, relatively few oxidation studies have been conducted in the temperature 
and pressure domain corresponding to supercritical conditions [61,62,63]. 

A.5.3 Corrosion conditions, weight gain and oxidation mechanisms in SCW 
All SCW exposure tests were performed at a temperature of 500°C under a pressure 

of 25MPa and with a flow rate of around 1m/sec.  To study the influence of dissolved 
oxygen concentration in SCW on the corrosion behavior of alloys, two tests were 
conducted at different dissolved oxygen content, 25 ppb and 2 ppm, respectively.  While 
the lower oxygen content (25 ppb) is more representative of the operating conditions in 



 
78 

SCW-based nuclear reactors, the higher oxygen content of 2ppm was investigated to 
simulate conditions that might be encountered due to radiolysis of SCW.  The exposure 
times were 172, 333, 505, and 1000 h for the 25 ppb tests, and 168, 335 and 503 h for the 
2 ppm tests.  In each test, samples exposed for short exposure times (about 170 and 334 
h) were taken out after designed exposure times.  The samples with the longest exposure 
times were cooled to room temperature once during the test (as part of a sample 
exchange) and reheated to 500°C to achieve the designed exposure time.  In addition, 
some HT9 samples ion implanted with oxygen PSII were tested in the 25 ppb SCW to 
explore the effects of this surface treatment on corrosion performance of HT9 in SCW 
environments.  Oxygen ions were implanted into the surface at an energy of about 40kV 
to a dose of 3x1021 ions/m2.  The depth of the modified region was approximately 0.15 
µm and the peak oxygen concentration was about 20 to 25 at%. 

 

 
Figure A.66  Weight change data as a function of exposure time for as-received and surface-

modified HT9 samples after exposure to SCW with two different oxygen concentrations 25ppb 
and 2 ppm) at 500°C for up to 1000 h 

 

The weight gain data for HT9 exposed to SCW with the two levels of dissolved 
oxygen for various exposure periods at 500°C are shown in Figure A.66.  Since the 
testing time (several weeks) is much shorter than the service lifetime (tens of years) of 
nuclear reactors or fossil power plants, an extrapolation based on fitting available 
experimental data was performed to provide an idea of trends in oxide growth at 
prolonged exposures.  The experimental weight data can be fitted using the following 
equation: 

  (8) 
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where, WG is weight gain, A and A’ are constants, Q is the activation energy for 
oxidation, T is the temperature in Kelvin, t is the exposure time, k is the Boltzmann 
constant, and b is the time exponent.  The fitting curves and corresponding time 
exponents for each set of weight gain data are shown in Figure A.66, recognizing that the 
trends are based on a very limited data set.  Among three sets of weight change data, the 
2 ppm dissolved oxygen test showed the largest weight gain throughout the exposure, and 
exhibited parabolic growth kinetics (n=0.44).  The primary reason for the larger weight 
gain in this case is the higher oxygen chemical potential near the materials’ surface.  For 
the 25 ppb dissolved oxygen test, the growth kinetics were also closer to parabolic for as-
received samples (n=0.65) and surface-modified samples (n=0.46).  Compared to as-
received samples, surface-modified samples showed a slightly lower weight gainfor long 
exposure time (505 h), although surface-modified samples exhibited a slightly higher 
weight gain for shorter exposure times. 

 

A.5.4 Characterizations for as-received and surface-modified HT9 
The surface morphology of the oxide layer on the samples after SCW exposure is 

shown by SEM plan-view images (Figure A.67). 

 

 ~170 h ~334 h ~504 h 

25 ppb 

   

25 ppb 
(Surface 

Modified) 

   

2 ppm 

   
Figure A.67 SEM plan-view images of the oxide layer for as-received and surface-modified 
HT9 samples exposed to SCW at two different dissolved oxygen contents and 500°C for 
various exposure times. Cr-rich blades were identified by SEM-EDS analysis on the surface of 
the samples exposed to SCW with 2 ppm dissolved oxygen content. 

 

A porous oxide structure was observed on the surface of the as-received and surface-
modified samples exposed to 25 ppb dissolved oxygen SCW, and the pore density was 

20µm 



 
80 

noted to increase with exposure time. These pores are likely to act as pathways for the 
transportation of oxygen [64]. In contrast, samples exposed to 2 ppm oxygen SCW 
exhibited a much finer grain size and oxide blades perpendicular to the surface.  The 
oxide blades were identified to be Cr-rich by SEM-EDS analysis.  When the exposure 
time increased from 168 to 503 h, the density of the Cr-rich blades also increased.  The 
formation of such Cr-rich blades is most likely due to chromium that diffused from the 
bulk material through the oxide layers, driven by the high chemical potential of oxygen at 
the SCW/oxide interface [65]. There was no obvious oxide exfoliation observed for any 
of the tested samples. 

 

Figure A.68 shows the cross-sectional SEM images of the oxide layers formed on the 
as-received samples exposed to 25 ppb (Figure A.68 (a)) and 2 ppm (Figure A.68 (b)) 
dissolved oxygen SCW for about 500 h at 500°C.  The corresponding chemical 
composition profiles across the thickness of the oxide layers are shown below the images. 
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 (a) 25 ppb (b) 2 ppm 

  

  

  

Figure A.68  Cross-sectional SEM images of the oxide and corresponding elemental depth 
profiles of as-received HT9 sample exposed to (a) 25 ppb and (b) 2 ppm dissolved oxygen 
content SCW at 500°C for about 500 h.  Three dashed vertical lines in each image are used to 
demarcate interfaces, successively from left to right, between the outer magnetite layer, the 
inner spinel layer, the diffusion or internal oxidation layer, and bulk alloy. 

 

Based on the morphology and elemental concentration distribution, the oxide scale for 
the sample exposed to 25 ppb SCW can be divided into two distinct layers, an Fe-rich 
outer oxide layer and a Cr-rich inner oxide layer. The Fe-rich outer layer had a larger 



 
82 

grain size (about several µm) than the Cr-rich inner layer (less than 1 µm).  A thin layer 
in the bulk alloy close to the oxide/metal interface was also observed.  This layer 
represents a diffusion or internal oxidation layer, because chemical composition across 
this layer varied gradually from oxide to bulk alloy concentration. SEM-EDS analysis 
qualitatively showed that minor elements, molybdenum and tungsten, were enriched in 
the inner oxide layer, whereas nickel was concentrated at the interface between oxide and 
metal.  The distribution of these elements could be partially attributed to their different 
affinities for oxygen [66].  For example, since the oxygen affinity for Cr is larger than 
that of Fe, it will oxidize more readily by reacting with diffused oxygen to form a Cr-rich 
inner oxide layer.  Simultaneously, the formation of this layer will lower the oxygen 
potential at the oxide/metal interface making iron oxides less stable [67].  With the 
growth of this layer, the diffusion rate within the layer will decrease, subsequently 
hampering further development of scale and acting as a barrier against the diffusion of 
metal and oxygen ions [68].  These are the key reasons for high corrosion resistance 
resulting from chromium addition to Fe-based alloys [69].  Because of its lowest oxygen 
affinity of all elements in HT9, Ni is least likely to be oxidized and will be concentrated 
at the interface between oxide and metal.  Mo and W, which have similar oxide formation 
energies to Fe [70], were only enriched in the inner oxide layer, emphasizing the relative 
immobility of these two elements in magnetite.  Even though samples exposed for 
different durations have different oxide thicknesses, similar trends regarding the double-
layered oxide structure and elemental distribution were observed in all samples exposed 
to 25 ppb dissolved oxygen SCW, with and without surface modification.  The samples 
exposed to 2 ppm SCW had an oxide structure and chemical composition distribution 
similar to the 25 ppb SCW-exposed samples.  The only difference in the oxide 
compositions between the two cases was minor enrichment of chromium close to the 
surface of samples exposed to 2 ppm SCW, which was mainly caused by the Cr-rich 
blades on sample surfaces, clearly shown by the SEM plan-view images in Figure A.67. 

 

By capturing and analyzing the electron backscattered Kikuchi patterns from a 
crystalline sample, an EBSD system can be used to provide a complete and quantitative 
representation of the microstructure, including crystal structure, orientations and 
perfection, grain morphology, and boundaries [71].  Figure A.69 (a) and (b) show the 
EBSD patterns for as-received and surface-modified samples exposed to a 25 ppb 
dissolved oxygen SCW environment at 500°C for 505 h.   



 
83 

 
(a) (b) (c) 

   
 
 
 

Figure A.69  EBSD patterns for samples exposed to SCW with different dissolved oxygen 
contents at 500°C after about 500 h.  (a) and (b) are for as-received and surface-modified 
samples, respectively, exposed to 25 ppb SCW and (c) is for the 2 ppm SCW-exposed sample.  
Dominant phases, hematite, magnetite, spinel and ferrite, are indicated by different gray 
levels, and grain boundaries are shown by black curves.  Black areas are unindexed. 

Three dominant phases were identified (indicated by different gray levels), and 
constituted two distinct layers in the oxide scale, which correspond to the outer and inner 
oxide layers observed in the cross-sectional SEM images in Figure A.68.  The outer oxide 
layer was mainly composed of magnetite, while the inner oxide layer was noted to be a 
mixture of spinel and ferrite.  From the distribution of grain boundaries, it is observed 
that the outer layer consists of columnar grains perpendicular to the sample surface, and 
some smaller non-columnar grains close to the outer/inner oxide interface.  As reported 
by Cory et al. [72] and accepted by most researchers, the interface between the two oxide 
layers in F/M steels corresponds to the original metal surface.  From the viewpoint of 
growth kinetics of the oxide scale, the smaller grains close to the interface could be 
thought to form at the initial stage from the nucleation sites on the original polished 
sample surface.  Subsequently, some of these initial grains grow larger by the reaction 
between dissolved oxygen and iron ions that diffuse from the bulk alloy, even at the 
expense of the surrounding small grains.  Finally, columnar grains form along the 
direction by which the iron diffused from the bulk to the scale/SCW interface.  As shown 
in Figure A.69 (c), the EBSD pattern for the sample exposed to 2 ppm SCW at 500°C for 
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503 h has a similar layered structure, except for a discontinuous hematite layer that 
formed on the outermost surface of the oxide. 

The phase structures of samples exposed to SCW at different dissolved oxygen 
content could be confirmed by their theta-2theta XRD spectrums, as shown in Figure 
A.70.  In the spectra for samples exposed to 25 ppb oxygen SCW, magnetite and spinel 
were the two phases that appeared in both as-received (Figure A.70 (a)) and surface-
modified (Figure A.70 (b)) samples.  Because the crystallographic structure of spinel 
phase (cubic, a=0.8379nm) is nearly identical to magnetite phase (cubic, a=0.8396nm), 
their peaks are not readily discernable, and therefore only the standard pattern for 
magnetite is indicated in the figures by vertical dashed lines.  More detailed analysis 
showed the existence of the spinel phase.  In addition to the magnetite and spinel phases 
identified in the 25 ppb SCW-exposed samples, the samples exposed to 2 ppm SCW 
(Figure A.70 (c)) exhibited two new phases, hematite and chromium oxide (Cr2O3).  The 
formation of the various oxide phases is consistent with thermodynamic calculations 
based on differences in oxygen content [73]. 

 

  
Figure A.70  XRD patterns for 25 ppb dissolved oxygen SCW-exposed HT9 samples (a) without 
and (b) with surface modification, and (c) for HT9 exposed to 2 ppm SCW.  The standard peaks 
for magnetite, hematite and chromium oxide are indicated by different style lines in each pattern, 
where applicable.  Due to the similarity of the patterns, only the samples with the longest 
exposure time are shown in (a) and (c). 

 

(a) (b) 

(c) 
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Figure A.71  Magnetite [010] inverse pole figures for surface-modified samples exposed to 
25 ppb dissolved oxygen SCW at 500°C for various time periods 

 

One interesting phenomenon observed for 25 ppb oxygen SCW-exposed samples is 
that the XRD relative peak intensities of as-received samples with various exposure 
periods were very similar to those of standard magnetite.  However, for surface-modified 
samples, only the samples exposed for 505 h showed these relative peak intensities, 
whereas some preferred crystal orientations (texture) appeared in samples exposed for 
shorter exposure time (172 and 333 h), as shown in Figure A.70.  The preferred 
orientations are (111) and (110) for 172- and 333-h exposed samples, respectively.  This 
phenomenon was investigated further by using inverse pole figures (IPFs), to determine 
the distribution of crystal orientations.  From the magnetite [010] IPFs of surface-
modified samples exposed to 25 ppb SCW (Figure A.71), preferred orientations are 
undoubtedly observed for short time exposed samples, but there is no obvious texture for 
the samples exposed for the longest exposure times.  Furthermore, the preferred crystal 
orientation was (111) for the 172-h exposed sample, and (110) for the 333-h exposed 
sample.  This result is consistent with the results of the XRD analysis discussed earlier.  
The preferred orientations formed in surface-modified samples with short exposure time 
may reduce the oxide growth rate, and lead to a lower weight gain for longer exposure 
times.  The texture of the oxide observed for the oxygen-ion-implanted samples could 
occur due to two possible mechanisms.  The first possibility is that, among randomly 
orientated initial grains, some with certain crystal orientations grow faster than others to 
release the stress introduced by the ion implantation or the oxide growth.  The second 
possibility is that implantation of oxygen ions may increase nucleation sites with certain 
preferred orientations at the initial stage of oxide formation, resulting in a denser textured 
oxide layer.  Further investigations for the mechanism of textures in surface-modified 
samples are in progress. 

 

A.5.5 Corrosion results from the shot-peened samples 
SP is one of the practical techniques to engineer sample surfaces.  By bombarding 

sample surfaces with flying stainless steel shots at high speed, SP can dramatically reduce 
the grain size in a surface layer with a thickness of about tens of µm.  SP for the HT9 
samples was performed at a pressure of 60 psi for 20 sec.  The distance between the shot 
nozzle and the sample surface was fixed at 6 inches. 

333 Hrs 505 Hrs 172 Hrs  
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Figure A.72  Weight change data as a function of exposure time for as-received and shot-
peened HT9 after exposure to SCW with inlet 25 ppb dissolved oxygen content at 500°C for 
up to 1000 h. 

 

The weight gain data is shown as a function of exposure time in Figure A.72.  The 
shot-peened samples show less weight gain than as-received samples, especially for long 
exposure time, e.g. 1000 h.  The time exponent ’b‘ value calculated for the shot-peened 
samples is 0.37, which is less than the ‘b’ value of the as-received sample at 0.65.  In the 
cross-sectional SEM images of the shot-peened HT9 samples, some localized areas 
shows thinner oxide layers than other areas; one example is shown in Figure A.73.  The 
distribution of chemical composition across the thinner oxide layer in this shot-peened 
HT9 sample is shown in Figure A.73 as well.  Compared to the results from the as-
received samples in Figure A.68, a chromium-rich peak was observed at the interface 
between the oxide layer and the base metal, and the chromium content is about 24 at% at 
that peak. 

The enrichment of chromium at the oxide/metal interface was further characterized 
by EBSD.  In Figure A.74, the grain boundaries with a range of misorientation angle 
from 5° to 90° are shown by curves with different colors.  From the pattern, it seems that 
more grain boundaries are concentrated close to the thinner oxide layer than other areas.  
Two areas were selected to obtain quantitative results as shown in the figure.  Area I was 
close to the localized thinner oxide layer, and the other area (Area II) was from the oxide 
layer with a normal thickness.  The density of grain boundaries in these two areas is 
shown as a function of misorientation angle in Figure A.74.  A larger grain boundary 
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density was found in Area I than Area II, and the difference [difference in what??] 
between these two areas is increasing with the misorientation angle.  It is known that 
grain boundaries are normally easy diffusion paths for chemical elements.  Therefore, the 
higher grain boundary density is probably the reason for the chromium enrichment in the 
localized thin oxide layer. 

 

  
Figure A.73  SEM images of the oxide cross-section, and corresponding elemental depth 
profiles of shot-peened HT9 sample exposed to 25 ppb dissolved oxygen SCW at 500°C for 
1000 h 

 

As we know, a Cr-rich layer is usually regarded as a diffusion barrier that prevent the 
inward diffusion of oxygen in F/M steels.  Therefore, the localized thinner oxide layer 
probably can be explained by the barrier effect from this Cr-rich layer.  Consequently, a 
smaller weight gain resulted in the shot-peened samples because of these relativel  
thinner oxide layers.  

 

 

 
 

 

II 

I 



 
88 

Figure A.74  EBSD pattern of the oxide cross-section, and corresponding grain boundary density 
in two selected areas of shot-peened HT9 sample exposed to 25 ppb dissolved oxygen content 

SCW at 500°C for 1000 hi 

 

A.5.6 Summary 
A porous oxide surface was observed to develop on HT9 steel exposed to 25 ppb 

dissolved oxygen content SCW at 500°C for various exposure times up to 505 .  
Exposure to higher oxygen content (2 ppm) SCW resulted in an oxide layer with much 
finer grain size and the formation of Cr-rich blades on the outer surface of the oxide 
scale.  SEM cross-sectional images and composition depth profiles of the oxide layers on 
samples exposed to 25 ppb SCW indicated the presence of an Fe-rich magnetite outer 
oxide and a Cr-rich inner oxide that was a mixture of ferrite and spinel phases.  Samples 
exposed to the higher 2 ppm dissolved oxygen content developed an outermost hematite 
layer in addition to the magnetite and spinel layers observed for the lower oxygen content 
SCW.  Oxygen implantation resulted in a slight improvement in oxidation resistance of 
samples in SCW with 25 ppb oxygen content at 500°C for long-term exposure (505 h), 
which may be due to the development of preferred orientations in the outer oxide layer.  
The corrosion resistance of HT9 can be improved by grain refinement through SP to 
promote the formation of a Cr-rich layer at the oxide/metal interface during oxidation. 

 

 

A.5.7 References 
 
56  R.L. Klueh and D.R. Harries, High-Chromium Ferritic and Martensitic Steels for 

Nuclear Application, American Society for Testing and Materials, West 
Conshohocken, PA, 2001. 

57  B.Ray, S.L. Mannan, P.R. Vasudeva Rao and M.D. Mathew, Development of Fuels 
and Structure Materials for Fast Breeder Reactors, Sadhana-Acad. P. Eng. Sci. 
27(2002) 527-558. 

58  R.L. Klueh and D.R. Harries, High-Chromium Ferritic and Martensitic Steels for 
Nuclear Application, American Society for Testing and Materials, West 
Conshohocken, PA, 2001. 

59  I.G. Wright and B.A. Pint, An Assessment of the High-temperature oxidation 
Behavior of Fe-Cr Steels in Water Vapor and Steam, Proceeding of NACE 
CORROSION 2002, Denver, CO, No. 02377, 2002. 

60  A. Fry, S. Osgerby, M. Wright, Oxidation of Alloys in Steam Environments – A 
Review, NPL Report MATC(A)90, Sep. 2002. 

61  Y. Chen, K. Sridharan and T. Allen, Corrosion Behavior of NF616 and D9 as 
Candidate Alloys for Supercritical Water Reactors, Proceeding of NACE 
CORROSION 2005, Houston, TX, No. 05391, 2005. 

 



 
89 

 

62  L. Tan, T. Allen, Oxidation Behaviors of Iron-Based Alloy HCM12A Exposed in 
Supercritical Water, submitted to Corrosion Science. 

63  J. Jang, C. H. Han, B.H. Lee, Y.S. Yi and S.S Hwang, Corrosion Behavior of 9Cr 
F/M Steels in Supercritical Water, Proceeding of ICAPP 05, Seoul, KOREA, No. 
5136, 2005. 

64  A. Atkinson, Transport processes during the growth of oxide films at elevated 
temperature, Rev. Mod. Phys. 57(1985) 437-470. 

65  M. Hansel, W.J. Quadakkers, and D.J. Young, Role of water vapor in chromia-scale 
growth at low oxygen partial pressure, Oxid. Met. 59(2003) 285-301. 

66  G.E. Totten and M.A.H. Howes, Steel Heat Treatment Handbook, Marcel Dekker, 
Inc., New York, 1997. 

67  M. Ueda, M. Nanko, K. Kawamura, T. Maruyama, Formation and disappearance of 
an internal oxidation zone in the initial stage of the steam oxidation of Fe-9Cr-0.26Si 
ferritic-steel, Mater. High Temp. 20(2003) 109-114. 

68  R. Hales, The High Temperature Oxidation Behavior of Austenitic Stainless Steels, 
Mater. Corros. 29(1978) 393-399. 

69  A. Fry, S. Osgerby, M. Wright, Oxidation of Alloys in Steam Environments – A 
Review, NPL Report MATC(A)90, Sep. 2002. 

70  G.V. Samsonov, The oxide Handbook, IFI/Plenum Data Corporation, New York, 
1973. 

71  D.J. Dingley, V. Randle, Microtexture Determination by Electron Back-Scatter 
Diffraction, J. Mater. Sci. 27 (1992) 4545-4566. 

72  N.J. Cory and T.M. Herrington, Kinetics of Oxidation of Ferrous-alloys by 
SupserHeated Steam, Oxid. Met. 28 (1987) 237-258. 

73  M. Schutze, Protective Oxide Scales and Their Breakdown, John Wiley & Sons, 
West Sussex, England, 1997. 



 

 
90 

A.6 Corrosion of F/M steel HCM12A and effect of modification 

A.6.1 Introduction 
F/M steels have been widely studied and developed for applications in the energy industry. 

Their performances in various energy systems was reviewed by Klueh and Harries [74]. In this 
alloy family, alloy HCM12A (12Cr-2W-0.4Mo-1Cu-V,Nb) is one of the third generation 12Cr 
ferritic steels with tempered martensite [75], which was developed for heavy section 
components, such as headers and steam pipes, operating at temperatures up to 620°C and 
pressures up to 34 MPa [76], with good resistance to thermal shocks [77]. In addition to the 
better thermal shock resistance, F/M steels have better void swelling resistance compared to 
austenitic steels, which stimulates their application in nuclear energy technologies [78,79]. The 
design of alloy HCM12A took the following several aspects into consideration. To improve 
weldability, the carbon content of alloy HCM12A is reduced to about half the carbon content in 
the conventional 12Cr ferritic steels, such as HT91, which has been extensively used as high-
temperature components in power plants. W, Mo, V and Nb are added to improve the creep 
strength of alloy HCM12A through two strengthening mechanisms: solution strengthening by W 
and Mo, and precipitation strengthening by V and Nb. W strengthening is more effective for 
creep resistance than Mo strengthening. V and Nb produce marked effects on precipitation 
strengthening because they form extremely fine coherent MX carbonitride on the ferrite matrix. 
Cu is added in alloy HCM12A instead of Ni as an austenite-forming element to minimize δ-
ferrite, which is harmful to toughness. Ni content is limited in alloy HCM12A because Ni 
decreases the long-term strength and greatly reduces the austenite completion temperature and 
impairs allowable high-temperature tempering. 

Oxidation is one of the major damage mechanisms for materials exposed in the SCW 
environment.  Heavy iron oxide deposits are generated inside boiler tubes of fossil fuel power 
plants operating at supercritical temperatures, and magnetite crystal growth is the dominant 
fouling mechanism [80]. Oxide flakes peeled from the oxide layer mix with fluids that flow into 
the turbines, subjecting turbine blades to unbalanced forces due to uneven distribution of oxides 
deposited on turbine plates. Thus, the performance of the turbine is degraded, eventually 
reducing the efficiency of the power plant. The selection and design of materials operating in the 
SCW environment is therefore a major factor for successful implementation of higher efficiency 
power generation systems.  

To eliminate oxidation-induced problems, oxygen scavengers such as hydrazine (N2H4) 
have been used to deoxygenate feedwater to eliminate oxidation of ferritic steels. However, it 
was identified that highly deoxygenated feedwater (less than 1 ppb oxygen) produces a 
drastically increased erosion/corrosion rate compared to feedwater with an appropriate amount of 
dissolved oxygen [81]. Feedwater with an appropriate amount of dissolved oxygen leads to a 
relatively compact oxide structure with minimum exfoliation that is desirable for application in 
the power plant environment. There are previous oxidation studies in high-temperature steam 
environments [82,83,84] for 9-12%Cr F/M steels, including alloy HCM12A used in advanced 
power plants. A dual-layer oxide was observed on the surface of the samples with the outer layer 
being primarily composed of Fe oxide and the inner layer containing the oxides of Fe and other 
alloying elements. A preliminary study of oxidation resistance of alloy HCM12A exposed in 
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water at 574°C and 19.2 MPa was reported by Sawaragi et al. [85], who also observed a dual-
layer oxide formed on the surface, although no detailed information was provided. 

 

A.6.2 Corrosion of HCM12A Exposed to SCW [86,87] 
The material used in this study was commercial F/M steel HCM12A procured from 

Sumitomo Metal Industries, Ltd. The as-received alloy had been normalized at 1050°C and 
tempered at 770°C.  

 

A.6.2.1 Weight Change 
The weight change of the HCM12A samples due to SCW exposure at 360, 500, and 600°C 

with two levels of oxygen concentrations (25 ppb and 2 ppm) is shown in Figure A.75. 

 

 
Figure A.75  Weight change of HCM12A samples as a function of exposure time at 360, 500, and 600°C 

with two 25 ppb and 2 ppm dissolved oxygen concentrations. The parameters of the fitted curves are 
listed in Table A.11.  In addition to regular samples with a smooth surface (1 µm finish), data for samples 

with a rough surface (rs: 600 grit) are included. 

 

It is clear that sample weight gain was significantly dependent on exposure temperature. The 
effects of sample surface roughness and SCW dissolved oxygen concentration on weight change 
were not as significant. At 360°C, the weight change fluctuated around 0 within a range of -0.4 - 
0.2 mg/cm2.  As the temperature increased to 500 and 600°C, weight gain significantly 
increased, which is fitted with a function wa = b×t, where w is the weight change (weight gain 
here), t the exposure time, and a and b the fitting parameters indicating the law of oxide growth 
kinetics and corresponding rate constant, respectively. The fitting parameters are listed in Table 
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A.11.  The fitting results indicate that oxide growth on the smooth samples exposed at 500°C 
with a low oxygen content (25 ppb) approximately followed a parabolic rate law. The rough 
samples exposed at 500°C with 25 ppb oxygen content approximately exhibited a cubic rate law, 
which is similar to the smooth samples exposed at the same temperature but a high oxygen 
content (2 ppm). The smooth samples exposed at 600°C with 25 ppb oxygen content followed a 
rate law between parabolic and cubic. 

 
Table A.11  Fitting parameters of the equation 

wa = b×t a B R2 
500°C 2.16 0.00675 0.97 

500°C(rs) 3.08 0.0131 0.83 
500°C-HO 2.90 0.0191 0.94 

600°C 2.67 0.357 0.82 
 
   Note The correlation coefficient (R2) approaching 1 indicates better fitting quality. 

 

A.6.2.2 Surface morphology  
Surface morphologies of the HCM12A samples exposed to SCW at 360, 500, and 600°C are 

shown in Figure A.76. 

 
Figure A.76  Pair of SEIs at two levels of magnification show surface morphologies of HCM12A samples 

exposed to SCW at 360, 500, and 600°C, at dissolved oxygen concentrations of 25ppb and 2 ppm.  The 
surface morphologies of the sample with a rough surface (600 grit) is also included for comparison to 

other samples with a smooth surface (1 µm finish).  The 2 ppm sample was exposed for ~3 weeks and the 
others for ~6 weeks, except for the 500°C-1h 

No oxide exfoliation was observed on the samples. For the 25 ppb oxygen-exposed 
samples at 360°C, large oxide crystals up to a couple µm were loosely formed on the samples 
and the size increased with exposure time (samples with shorter exposure times such as ~1 and 2 
weeks are not shown here). At 500°C, the formation of oxide crystals became dense and the 
crystal size increased from submicron (500°C-1h) to ~20 µm (500°C-6L). The samples with a 
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rough surface (600 grit) had a surface morphology similar to those with a smooth surface (1 µm 
finish). At 600°C, the surface morphology looked similar to that at 500°C. However, cracks were 
observed between oxide crystals and the oxide facets degraded, which may indicate the 
occurrence of erosion. For the samples exposed to 2.5 ppm dissolved oxygen at 500°C, the 
surface morphology became distinct from the other samples. Abundant flakes, which were 
identified as Cr2O3, grew approximately perpendicular to the sample surface,. The distribution 
density of the Cr2O3 flakes increased with exposure time. 

 

A.6.2.3 Oxide layer structure 
Cross-sectional SEIs of the oxide scales formed on HCM12A samples exposed to SCW at 

360, 500, and 600°C are shown in Figure A.77. The image contrast indicates that the oxide 
scales are primarily composed of two layers. The 360°C sample shows a serrated outer layer on a 
thin inner layer (less than 1 µm), which is consistent with the loosely distributed, large oxide 
crystals shown in Figure A.76. As the exposure temperature increased to 500°C, the short-time 
exposure sample (500°C-1h) showed a microstructure similar to the 360°C sample, however, 
both the outer and the inner layer were smoother and thinner than the 360°C sample. The long-
time exposure samples exhibited thicker oxide scales, with an internal oxidation layer (diffusion 
layer) at the interface between the oxide scale and the metallic substrate. There was no 
significant difference between the samples with rough and smooth surfaces. Samples (500°C-
3H) exposed to a high oxygen content exhibited accumulated pores in the outer layer. The 
number of pores increased as the exposure temperature increased to 600°C. The high contrast 
features in the outer layer are from the mounting material being trapped in the pores, which 
indicates the random distribution of the pores. In addition to the pores, there is a dark layer at the 
interface between the oxide scale and the metallic substrate, which indicates the high density of 
pores in this layer. 

Figure A.77  Cross-sectional SEIs indicate the layer structure of oxide scales corresponding to samples 
shown in Figure A.76 
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The composition profiles over the cross section were performed for all samples using the 
EDS line-scan technique. The samples exposed at the same oxygen level, but different exposure 
time, display similar profiles except for differences in the oxide layer thickness. The exposure 
temperature did not show significant effect on the EDS line-scan profiles. The dark zone at the 
interface between the substrate and the oxide scale on samples exposed at 600°C exhibited Cr-
enrichment. Samples exposed at different oxygen levels, but the same exposure time, displayed 
differences in oxide thickness, but also showed differences in Cr concentration at the surface 
layer. In Figure A.78, EDS line-scan profiles of samples exposed to SCW with low and high 
oxygen contents for ~3 weeks (labeled as 3L and 3H respecitively) show typical concentration 
distributions for samples exposed at different oxygen levels at 500oC.  In addition to oxygen and 
the major components Cr and Fe shown in Figure A.78 (a) and (b), minor components such as 
Ni, Cu and W were also measured in the EDS line-scan profiles, and are shown in Figure A.78 
(c) and (d) due to their importance in alloy design. 

 
Figure A.78  Cross-sectional EDS line-scan profiles of 3L and 3H samples, where oxygen and major 

components Fe and Cr are shown in (a) 3L and (b) 3H; and minor components of Cu, W and Ni in (c) 3L 
and (d) 3H.  

 

Component concentrations in the oxide scale display similar distributions for the 3L and 3H 
samples. Of the two major components, Cr and Fe, Cr was found to be slightly enriched in the 
inner oxide layer and depleted in the outer oxide layer. In contrast, Fe was depleted in the inner 
oxide layer and enriched in the outer oxide layer. Minor components Ni, Cu and W were 
depleted in outer oxide layer, while Ni and Cu were enriched at the interface between the oxide 
layer and the substrate. Interfacial properties, such as cohesion between the oxide layer and the 
substrate and interaction with other elements, are expected to be influenced by Ni enrichment at 
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the interface [88].  Due to substitution of Cu for Ni in alloy design, and the similar 
crystallography of Cu and Ni, it is expected that Cu enrichment at the interface will have a 
similar effect on the oxidation of alloy HCM12A to Ni enrichment. The major difference in the 
EDS line-scan profiles of 3L and 3H samples is that the Cr concentration of sample 3H starts to 
increase at about the center of the outer oxide layer, with higher Cr concentration at the outmost 
surface than sample 3L. This is consistent with the plan-view observation of Cr2O3 on high-
oxygen exposed samples, as shown in Figure A.76. 

A.6.2.4 Phase components of oxide scales  
XRD was employed to identify phases developed in the oxide scale of alloy HCM12A 

following SCW exposure. XRD patterns of SCW-exposed samples are shown in Figure A.79. In 
addition to magnetite, strong peaks from the ferritic substrate are shown for samples exposed at 
360°C and 500°C for 1h, which indicate that only thin oxide scales formed on the samples. This 
is consistent with the cross-sectional images shown in Figure A.77. Surface roughness and 
exposure temperature did not show significant effect on formation of the oxide phases. Figure 
A.78 indicates oxygen content was the major factor affecting formation of oxide phases. The 
samples exposed to high-oxygen SCW (referred to as HO in contrast to low oxygen SCW 
condition referred to as LO), as for example, at 500oC (referred to as 500HO) contained hematite 
[Fe2O3] and corundum [Cr2O3] phases, in addition to magnetite [Fe3O4].  Spinel [(Fe,Cr)3O4] has 
the same crystal structure as magnetite, but a smaller lattice parameter due to Cr substituting for 
some Fe lattice sites in magnetite, which causes XRD peaks for spinel to shift to a higher 2-theta 
angle.  The high-resolution XRD pattern for local peaks, as shown in Figure A.80, indicates the 
existence of both magnetite and spinel in the oxide layer. This is consistent with the EDS line-
scan profiles shown in Figure A.78. 
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Figure A.79 XRD patterns of HCM12A samples exposed to SCW at 360, 500, and 600°C, with two 
levels of oxygen content (low oxygen content, LO of 25ppb and high oxygen content, HO, of 2ppm. 
In addition to samples with a smooth surface (1 µm finish), the pattern for a sample with a rough 
surface (600 grit) is included for comparison. Except for the shot-time (1 h) exposed 500LO-1 hour 
and the ~3-week exposed 500HO samples, the other samples were exposed for ~6 weeks.  

 
Figure A.80  Magnified, overlapping local XRD peaks for 500HO (~3-week) sample, with standard XRD 

patterns for magnetite (M) and spinel (S) 
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A.6.2.5 Property of oxide scales 
The weight gain versus oxide scale thickness for samples exposed to SCW at 500 and 600°C 

is plotted in Figure A.81. Oxide scale thickness was measured from cross-sectional SEM images. 
Due to the uneven oxide thickness, the data for samples exposed at 360°C are not included in the 
figure. Excluding data from samples with a rough surface (600 grit), the data follow a linear 
function with different slopes. Weight gain increases linearly with the oxide thickness, which 
indicates the steady growth of oxide scales. Since the sample weight gain is mainly induced by 
oxygen incorporated in the oxide scales, the slopes of the fitted lines indicate the average density 
of oxygen in the oxide scalesare 1.34, 1.53, and 1.18 g/cm3, respectively, for the 500oC LO, 
500oC-HO, and 600oC-LO.   More oxygen is trapped in the oxide scale of high-oxygen exposed 
samples than in low-oxygen exposed samples. Compared to the oxygen density in the standard 
oxides FeCr2O4 (1.37 g/cm3), Fe3O4 (1.43 g/cm3), Fe2O3 (1.58 g/cm3), and Cr2O3 (1.64 g/cm3), 
the oxygen density of the 600oC-LO samples is far lower, which indicates the presence of a large 
number of pores (Figure A.77). The oxygen density of the 500oC-HO samples is relatively high 
since the fraction of Fe2O3/Cr2O3 in the oxide scales is not predominant. This may be due to 
reduced oxide thickness during cross-sectional sample preparation, which did not maintain the 
surface region with intact Cr2O3 flakes as shown in Figure A.76. 

 
Figure A.81  Weight gain (w) as a function of oxide scale thickness (h). The slopes (coefficients) of 
the fitting lines indicate the density (mg/cm3) of trapped oxygen in the oxide scales. 

 

A.6.2.6 Microstructure of the oxide scales  
EBSD is an advanced microstructure analysis technique that can provide information about 

grains, crystal phase structure and orientations for an individual oxide layer in a multilayer of 
oxides, while XRD can only provide crystal structure and orientation information for the entire 
oxide mixture , and SEM/EDS can only get the morphology, phase distribution and composition 
information of each layer, but not grain and orientation information. The following paragraph 
demonstrates that EBSD is a powerful tool to study the complex oxide multilayer. 
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Major phases of body-centered-cubic metal (BCC), spinel, magnetite and hematite, were 
analyzed using EBSD analysis. Because Cr2O3 is mainly present in a discontinuous morphology 
at the interface between the oxide and the mounting materials, it was not included in the analysis.  
The cross-sectional EBSD scanning maps of the 3L and 3H samples are shown in Figure A.82. It 
can be seen from Figure A.82 that three oxide layers formed on the 3H sample substrate and two 
oxide layers formed on the 3L sample. Spinel ((Fe,Cr)3O4) and magnetite (Fe3O4) developed on 
both the 3L and 3H substrates. In addition, a thin layer of hematite (Fe2O3) was present on the 
surface of 3H sample. These observations are consistent with XRD results, which showed 
hematite only on high-oxygen exposed samples. The hematite layer was not clearly observed in 
back-scattered electron images (BEIs) because the atomic weight difference between magnetite 
and hematite is too small to be differentiated. The complex inner oxide layer is mainly composed 
of spinel, with a small amount of BCC  metal phase. The EBSD scanning map showing the 
presence and distribution of the phases is a semi-quantitative technique that depends upon 
sample quality and sampling/analyzing settings. Accurate phase fraction of the BCC metal in the 
inner spinel oxide layer is not obtainable from the EBSD results due to poor sample quality in 
the inner oxide layer compared to the outer oxide layer. 

 
Figure A.82  Cross-sectional EBSD scanning maps of the HCM12A samples exposed to SCW at 
500°C for ~3 weeks (a) 3L (low oxygen content of 25 ppb) and (b) 3H (high oxygen content: 2 ppm), 
where substrate ferrite, spinel, magnetite, and hematite are highlighted in red, blue, yellow, and 
magenta, respectively. Black area is unindexed. 

 

Grain morphology in each oxide layer is also revealed by the EBSD scanning map. The 
spinel layer is composed of small equiaxed grains with a large aspect ratio (~0.7 on average), and 
the magnetite layer of large columnar grains with a small aspect ratio (~0.4 on average). Small 
grains in the spinel layer may enhance the diffusivity of Fe because diffusion rates in the grain 
boundaries are higher compared to diffusion rates in the interior of a crystal. The grains in 
magnetite layer are elongated along the direction approximately parallel to the growth direction 
of oxide scale. Although diffusivity in the large grains in the magnetite layer may not be as fast 
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as that in small grains, the grain boundary along the growth direction of oxide scale provides a 
shortcut for diffusion. 

A.6.3 Effect of oxygen concentration 
The results obtained in this study indicate the formation of phases and porosities in oxide 

scale is dependent on oxygen potential. To better understand the oxide structure, phase stability 
and porosity are discussed in terms of thermodynamics and diffusion mechanisms. 

 

A.6.3.1 Thermodynamics and diffusion mechanism 
Since the major components of HCM12A are Fe and Cr, thermodynamic calculations of the 

Fe-Cr-O ternary system are expected to give a good first order representation of HCM12A 
thermodynamics.  Figure A.83 shows the calculated isothermal phase diagram of the Fe-Cr-O 
ternary system at an operating temperature 500°C and a pressure of 0.1 MPa.  The 
thermodynamic database was adopted from the work of Luoma [89] and the calculation 
performed using Thermo-Calc [90].  Although the current oxidation tests were performed at a 
pressure of 25 MPa, the calculated phase diagram is at 0.1MPa due to the absence of 
thermodynamic data at higher pressures.  The high pressure is expected to affect the fugacity of 
oxygen ( ), but not the fugacity of solid phases.  Gamson and Watson [91]plotted the fugacity 
coefficient ( ) of many gases at different temperatures and pressures. Their plot indicates the 
fugacity coefficient of oxygen ( ) is less than 1.2 at 500°C and 25 MPa. 
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Figure A.83  Calculated isothermal phase diagram of Fe-Cr-O at 500°C and 0.1 MPa, where C, C(H), 
C(C), S, S(M), (Fe) and (Cr) denote corundum ((Fe,Cr)2O3), corundum (hematite, Fe2O3), corundum 

(chromite, Cr2O3), spinel (Fe(1-x)Cr(2-x)O4, 0≤x≤0.5), spinel (magnetite, Fe3O4), iron- and chromium-rich 
solid solution, respectively. Four three-phase equilibria are shown with shaded triangles. 

 

Figure A.84 is stability diagram with the y-axis as the oxygen partial pressure and the x-axis 

the alloy composition .  This type of phase diagram illustrates the stable phase region of 
different alloy compositions at different oxygen partial pressures.  The diagram can provide a 
first-order approximation for predicting the formation sequence of the oxide layer for different 
alloy compositions, based on thermodynamic, mass-balance and kinetic requirements [92]. 
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Figure A.84  Calculated PO2 – composition diagram for the Fe-Cr-O system at 500ºC and 0.1 MPa, where 

C, C(H), C(C), S, S(M), (Fe) and (Cr) denote corundum ((Fe,Cr)2O3), corundum (hematite, Fe2O3), 
corundum (chromite, Cr2O3), spinel (Fe(1-x)Cr(2-x)O4, 0≤x≤0.5), spinel (magnetite, Fe3O4), iron- and 

chromium-rich solid solution, respectively.  The dash lines schematically demonstrate the diffusion path. 

 

The currently calculated diagrams were corrected by the fugacity of oxygen ( ) at 
500°C and 25 MPa. The difference between the diagrams before and after correction was found 
to be negligible, therefore, the thermodynamic analysis that follows is based on the phase 
diagram calculated at 0.1 MPa and is a reasonable estimation of the expected higher pressure 
behavior.  

As shown in Figure A.83, three structures exist in this system at 500°C and 25 MPa.  They 
are BCC metal, spinel and corundum.  Each structure includes several minerals or phases.  The 
phases with BCC structure are (Fe) and (Cr), denoting solid solutions with some dissolved Cr or 
Fe, respectively.  Minerals with the spinel structure are spinel Fe(1+x)Cr(2-x)O4 with 0≤x≤0.5, 
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denoted as S, and magnetite Fe3O4, denoted as S(M), which has a small amount of dissolved Cr.  
The minerals with the corundum structure are hematite Fe2O3, denoted as C(H); chromite Cr2O3, 
denoted as C(C); and corundum (Fe,Cr)2O3, denoted as C.  The calculated phase diagram 
indicates that C(H), C(C) and C belong to the same continuous solid solution, while S(M) and S 
are two distinct phases due to phase separation. 

 

By correlating the fitted parabolic rate constant (kp) for low-oxygen exposed samples, 1.85×10-17 

m2 s [86], with the diffusion equation of Wagner’s relation  [93], where 

PO2 is the oxygen partial pressure, DFe is the Fe diffusion coefficient as a function of PO2, and the 
integration ranges from the PO2 at the interface between the metallic substrate and the oxide scale 
(x = 0) to the PO2 at the interface between the oxide scale and the SCW (x = X), the 
corresponding oxygen partial pressure at x = X can be calculated to be ~2.5×10-16 atm. From the 
low oxygen calculation, an oxygen partial pressure of ~2×10-14 atm for the highoxygen level can 
be extrapolated. 

For a Fe-12%Cr alloy like HCM12A exposed at high oxygen level (~2×10-14 atm), as the 
oxygen partial pressure increases, one qualified sequence of oxide formation is (Fe), (Fe)+C(C), 
(Fe)+S, S(M), S(M)+C, and C (please see notations in caption of Figure A. 84).  The dark gray 
submicron features dispersed in light gray metal substrate at the interface between the oxide 
scale and substrate shown in Figure A.77 confirm the thermodynamic prediction of the existence 
of (Fe)+C(C). Similarly, the few light gray features dispersed in the inner oxide layer correlate 
with the calculated phase region of (Fe)+S, which was confirmed by EBSD analysis as shown in 
Figure A.82. The oxide layer immediately neighboring the inner oxide layer for 3L and 3H 
samples is S(M) based on the EBSD results, which is consistent with the calculated results. The 
outmost continuous oxide layer for high-oxygen exposed samples is calculated to be C 
containing a small amount of Cr. Again this was confirmed by EBSD and EDS results. Since the 
amount of Cr in (Fe,Cr)2O3 is so limited, this phase was identified as hematite by XRD and 
EBSD analyses. The high-oxygen partial pressure favors the presence of hematite at the 
outermost scale from a thermodynamic perspective. There may be other factors, e.g. voidage, 
contributing to the formation of hematite, which need to be clarified with further experimental 
work. For low-oxygen (~2.5×10-16 atm) exposed samples, the oxide layer structure is similar to 
that of high-oxygen exposed samples, except that the outermost continuous oxide layer is S(M) 
as revealed by the EBSD results. It is a reasonable result since the calculation in [93] shows the 
lowoxygen level is not high enough to form hematite. In addition to the continuous hematite 
layer, flakes of chromite (C(C)) in discrete distribution were also observed on high-oxygen 
exposed samples, as shown in Figure A.76, which is not supported by the phase diagrams in 
Figure A.83 and Figure A.84.  Two possible reasons may account for this. One is the 
thermodynamic parameters of the corundum phase are obtained in terms of high temperature 
(>1000°C) phase equilibria and may not be suitable for extrapolation to low temperature (500°C) 
phase equilibria. In reality, corundum may also undergo phase separation like the spinel phase. 
In this case, hematite (C(H)) would be in equilibrium with chromite (C(C))and chromite cannot 
form a continuous layer due to its small concentration in the alloy. The other possibility is, 
assuming the calculated phase diagrams are correct, the formation of chromite is controlled by 
kinetics and crystallography that need to be further investigated. 
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A.6.3.2 Porosity of Magnetite 
Porosity is often observed in the magnetite layer for Fe-based alloys used in a superheater 

[94]. Due to porosity induced oxide scaling, magnetite/spinel crystal growth is assumed to be the 
dominant fouling mechanism impairing the efficiency and stability of power plants [80]. 
Therefore, prediction and consequent prevention of porosity formation are desired. 

 

A.6.3.3 Methodology 
Formation of pores correlates with the defect type present in the magnetite structure. The 

crystal structure of magnetite, according to O’Neill et al. [95], is schematically illustrated in 
Figure A.85.  At low temperature, magnetite has an inverse spinel structure with tetrahedral sites 
filled with Fe3+ ions and octahedral sites filled with both Fe2+ and Fe3+ ions. With increasing 
temperature, magnetite transforms gradually into a normal spinel with Fe2+ ions taking 
tetrahedral sites, and before melting, the occupancy of tetrahedral and octahedral sites by Fe2+ 
and Fe3+ ions is almost random. Barry et al. [96] have studied the structure of magnetite and 
developed a four-sublattice model to describe the magnetite phase. The model is 
(Fe3+,Fe2+)(Fe2+,Fe3+,Va)2(Fe2+,Va)(O2-)4, in which the first two sets of brackets represent 
tetrahedral and octahedral sublattices for iron cations, the third set of brackets represents an 
interstitial sublattice between cation and anion sublattices to account for deviations from 
stoichiometry, and the fourth set of brackets denotes oxygen anions. Octahedral sites are larger 
than tetrahedral sites, with twice as many octahedral sites occupied as tetrahedral sites. For 
magnetite at the strict stoichiometric composition, the chemical formula can be reduced to 
(Fe3+,Fe2+)(Fe2+,Fe3+)2(O2-)4. The Fe-rich, non-stoichiometric composition range of magnetite 
can be described as (Fe3+,Fe2+)(Fe2+,Fe3+)2(Fe2+,Va)(O2-)4 with the site fraction of Fe2+ in the 
interstitial sublattice greater than 0, in which the major defect type is interstitial Fe2+. The O-rich, 
non-stoichiometric composition range of magnetite can be described as 
(Fe3+,Fe2+)(Fe2+,Fe3+,Va)2(Va)(O2-)4, where the major defect type is vacancies in the octahedral 
and interstitial sublattice. When the vacancy concentration in magnetite is high enough, 
vacancies may collapse into pores. 
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Figure A.85  Schematic illustration of the crystal structure of magnetite Fe3O4, where large light balls 

denote oxygen and small black and gray balls denote iron. The small black and gray balls occupy 
octahedral and tetrahedral sites, respectively. [95] 

 

Experimental determination of vacancy concentration is very difficult,however, it can be 
correlated with the diffusion mechanism of iron in magnetite. The diffusion coefficient of iron in 
magnetite indicates diffusion either through interstitial or vacancy mechanisms. Maruyama et al. 
[97] studied diffusion behavior at lower temperatures, such as 550°C, and reported a diffusion 
coefficient of iron in magnetite given as:  

  (9) 

where is oxygen partial pressure, a and b are parameters depending on temperature, and Kv is 
a dimensionless constant correlating with the contribution of diffusion through a vacancy mode. 
The first term in Equation (9) represents diffusion by interstitial iron ions and is dominant at low 
oxygen partial pressure, whereas the second term is for diffusion by a vacancy mechanism and 
dominates at relatively high oxygen partial pressure. With Equation (9), a “V”-shape relationship 
between the diffusion coefficient of iron and oxygen partial pressure is established. With an 
increase of the oxygen partial pressure, the diffusion mode of iron changes from interstitial (at 
the left branch of the “V”-shape corresponding to the first term in Equation (9)) to vacancy (at 
the right branch of the “V”-shape corresponding to the second term in Equation (9)). The 
vacancy diffusion mode starts to act in a primary role at the minimum diffusion coefficient of 
iron in the “V”-shape plot. Thus, the beginning of pore formation is expected to occur at the 
minimum diffusion coefficient of iron.  

To predict pore location in oxide scale, we need to know how the diffusion coefficient of iron 
(DFe) changes with oxide scale thickness (x). This relationship (DFe – x) can be expressed as a 
function of iron flux: 

  (10) 
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where CFe is the Fe ion concentration, μFe the chemical potential of iron, R the gas constant, and 
T the temperature. The schematic of oxide scale formation via diffusion shown in Figure A.86, 
aids with understanding Equation (10). With the relationship between the chemical potential and 
partial pressure of oxygen, , and the thermodynamic constraint of 

, Equation (10) can be expressed as a relationship between the iron flux iron 
and oxygen partial pressure [98] 

  (11) 

Here, the integration boundary conditions of oxygen partial pressures at x = 0 and x are the 
oxygen partial pressure at the interface where the substrate (e.g. Fe) and oxide (e.g. Fe3O4) are in 
equilibrium and where the oxide scale has a thickness of x, respectively. If the integral range in 
Equation (11) is over the entire thickness of oxide scale, i.e. 0≤x≤X, Equation (11) becomes 

  (12) 

The ratio of Equations (11) and (12) gives 

  (13) 

With Equations (9) and (13), therefore, a relationship between the diffusion coefficient of iron 
and the location in the oxide scale (x/X) can be established, with oxygen partial pressure as an 
independent variable. 

 
Figure A.86  Schematic illustration of magnetite (Fe3O4) formation via Fe and O diffusion 

 

A.6.3.4 Results and Discussion 
The low oxygen partial pressure at x = X, (PO2)x=X, was calculated to be ~2.5×10-16 atm. 

From the low oxygen calculation, an oxygen partial pressure of ~2×10-14 atm for the highoxygen 
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level can be extrapolated. The integral boundary conditions for Equations (11) through (13), such 
as oxygen partial pressure when the substrate is in equilibrium with spinel and that when 
magnetite is in equilibrium with hematite, can be obtained from Figure A.84. 

The parameters in Equation (9) are set to a = 1.6×10-33 m2/s, b = 8×10-10 m2/s, and Kv = 
4.4×107 at 500°C, according to the work of Maruyama et al. [97] and Atkinson et al. [99]. The 
difference in parameters from Maruyama is mainly due to the alloying of Cr into Fe, resulting in 
the change of equilibrium oxygen partial pressure. Cr alloying increases the lattice parameters of 
the Fe-Cr alloy compared to pure Fe, which increases diffusivity via the interstitial mode (higher 
a value in Equation (9)) and accordingly decreases diffusion via vacancy mode (lower b value in 
Equation (9)). Because the diffusion behavior of iron in spinel is similar to that in magnetite 
[100,101] due to similar crystal structure, Equation (9) is used to calculate the iron diffusion 
coefficient in spinel and magnetite in this study. A relationship between the diffusion coefficient 
of iron (DFe) and location in the oxide scale (x/X) can be established by solving Equations (9) and 
(13) for the two levels of oxygen partial pressure, which are plotted in Figure A.87. The DFe as a 
function of x/X is plotted in Figure A.87, as well as DFe as a function of oxygen partial pressure 
(PO2). As shown in Figure A.87, the minimum DFe for both low- and high-oxygen exposed 
samples occurred at the same PO2. However, the minimum DFe of the low-oxygen exposed 
sample occurred at a location closer to the surface (the interface where magnetite is in 
equilibrium with the SCW coolant) compared to high-oxygen exposed sample. Thus, pores are 
expected to be present at a location closer to the surface of low-oxygen exposed samples 
compared to that of high-oxygen exposed samples. 
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Figure A.87  Diffusion coefficient of Fe (DFe) as a function of the normalized oxide scale thickness (x/X) 

for low- and high-oxygen (LO and HO) exposed samples, where 0 and x/X = 1 correspond to the locations 
at the interface where the Fe-Cr alloy substrate is in equilibrium with spinel and that where magnetite is in 

equilibrium with the environment (SCW coolant) or hematite, respectively. The DFe as a function of the 
oxygen partial pressure (PO2) is plotted is a dotted curve in the same figure. (The scale of the PO2 does not 

correlate with the x/X.) 

 

To verify the predicted pore location for low- and high-oxygen exposed samples, the cross-
section backscattered electron images (BEIs) were captured and shown in Figure A.88. It is clear 
that predicted pore locations are consistent with experimental observations. Low-oxygen 
exposed samples have pores closer to the surface compared to high-oxygen exposed samples. 
The calculated quantitative locations of pores (x/X), as shown in Figure A.87, are in good 
agreement with the experimental results, with minor differences induced by simplification during 
calculation, e.g. the same DFe in spinel and magnetite in the Fe-Cr alloy instead of real alloy 
HCM12A. The results of long-time exposure are also shown in Figure A.88, and indicate the 
exposure time is does not significantly influence pore location. 
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Figure A.88  Backscatter electron images of low- and high-oxygen exposed samples, denoted as “L” 
and “H”, respectively, where the digit before the “L” and “H” denotes approximate exposure time in 
weeks. The “x” and “X” labeled on image “1H” schematically denote parameters in Equation (13). 

 

A.6.4 Effect of surface modification on corrosion of HCM12A [102] 
Plasma immersion ion implantation (PIII) with oxygen (O) was performed to modify the 

surface of polished as-received samples. In addition, a thin (~0.3 µm) yttrium (Y) layer  was 
deposited via sputtering on the polished, as-received sample, followed by Xe+ bombardment to 
increase the interface mixing between the coating layer and the substrate. The surface-modified 
samples were subjected to the SCW exposure at 360, 500, and 600°C with a low-level oxygen 
concentration (25 ppb).  

 

A.6.4.1 Weight change 
Weight change of the as-received (AR) and surface-modified HCM12A samples exposed to 

SCW is shown in Figure A.89.  Compared to AR samples, O-implanted samples showed a 
smaller fluctuation in weight change at 360°C. According to the fitting parameters as listed in 
Table A.12, the growth of oxide scale on AR samples followed a parabolic rate law at 500°C.  O-
implanted samples at 500°C had a rate constant similar to arAR samples at the same temperature, 
but a rate law increased to close to the AR samples at 600°C.  O-implanted samples at 600°C had 
an increased rate law closing to a cubic law.  The increased rate law and rate constant induced by 
Oimplantation indicate that Oimplantation is not a good method for improving oxidation 
resistance of the HCM12A alloy exposed to the SCW at high temperatures.  In contrast to O-
implanted samples, Y-modified samples showed an improved oxidation resistance at 600°C, as 
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demonstrated with a decreased rate law and significantly decreased rate constant.  Y additives 
slowing down oxidation rate is consistent with the observation of Y in Fe-25Cr alloy [103].  
Although oxidation kinetics provide some insight on  oxide scale behavior in a short period of 
time (1000 h), tests with longer exposure time are necessary to get good lifetime prediction. 

 

 
Figure A.89  Weight change (w) as a function of exposure time (t) of HCM12A samples exposed at 360, 
500, and 600°C with low dissolved oxygen concentrations (LO: 25 ppb). Open and solid symbols denote 

the as-received (AR) and surface-modified (O or Y) samples, respectively. 

 

The 500 and 600°C data were fit using the equation of wa = b×t for weight change (w) as a 
function of exposure time (t) as shown in Figure A.89, where a and b are the fitting parameters 
indicating the law of oxide growth kinetics and corresponding rate constant, respectively.  The 
results are shown in Table A.12.  The correlation coefficient (R2) approaching 1 indicates better 
fitting quality. 

 
Table A.12  Fitting results indicating oxide growth kinetics and corresponding rate constant 

wa = b×t a b R2 
500°C-AR  2.04 0.00601 1.00 
500°C-O  2.61 0.00686 0.92 

600°C-AR  2.67 0.357 0.82 
600°C-O  2.85 0.719 0.79 
600°C-Y 2.41 0.0823 0.99 
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A.6.4.2 Phases components of the oxide scales 
XRD was performed to analyze phases created due to SCW exposure.  Both as-received and 

Y-modified samples exposed to SCW for three different durations (333, 667, and 1000 h) 
possess similar XRD patterns, with magnetite as the major component.  Oxide scale on the Y-
modified samples was partially removed to ensure analysis of regions close to the Y-modified 
layer (denoted as Y-int1) and the interface between spinel and the matrix (Y-int2). The identified 
phases are listed in Table A.13.  The International Centre for Diffraction Data (ICDD) database 
was used to identify these phases, such as magnetite (M, PDF [19-629]), spinel (S, PDF [34-
140]) YFeO3 (PDF [39-1489]), Cr1.3Fe0.7O3 (PDF [35-1112]), and ferrite (PDF [34-396]). It is 
clear that the Y-coating introduced the presence of YFeO3 at Y-int1. The presence of Cr1.3Fe0.7O3 
was observed in the as-received samples as well as the present at Y-int2 layer. 

 
Table A.13  Phases in oxide scale of SCW-exposed AR and Y-coated samples 

Condition AR Y Y-int1 Y-int2 
Phase magnetite Magnetite magnetite (spinel), YFeO3 spinel, ferrite, Cr1.3Fe0.7O3 

 

A.6.4.3 Surface morphologies 
Surface morphologies of AR and O-implanted samples after SCW exposure are shown in 

Figure A.90.  There is no significant difference between the O-implanted and AR samples except 
for the samples exposed at 360°C. Pores formed on the samples exposed at 500°C, and erosion 
and cracks occurred at 600°C for both AR and O-implanted samples.  O-implanted samples 
showed compact oxide scales compared to AR samples exposed at 360°C, which resulted in a 
smaller weight change fluctuation as shown in Figure A.89. 

 
Figure A.90  Surface morphologies of AR and O-implanted HCM12A samples exposed to SCW at 360, 

500, and 600°C 
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SEM plan-view images in Figure A.91 exhibit oxide morphologies of as-received and Y-
modified samples after exposure to SCW at 600°C for about 667 h.  SEM images with a low 
magnification show some dents and humps on as-received (Figure A.91 (a)) and Y-coated 
(Figure A.91 (c)) samples, respectively. The enlarged SEM images (Figure A.91 (b and d)) show 
faceted oxide grains, some erosion on the facets, and cracks along the boundaries of the oxide 
grains on both samples.  Cracks were not observed on HCM12A samples exposed to SCW at 
lower temperatures. 

 
Figure A.91  SEIs at different magnification of (a, b) as-received (AR) and (c, d) Y-coated (Y) samples 

exposed to SCW at 600°C for 667 h.  Typical erosion morphology on the Y-modified samples is shown as 
an inset in (c). 

 

A.6.4.4 Oxide layer structure 
Cross-sectional images of O-implanted samples are similar to those of AR samples, as shown 

in Figure A.77, except for samples exposed at 360°C, which had a relatively flat surface 
compared to the serrated surface of as-received samples created by large facet oxide crystals. 
The cross-sectional images of Y-modified samples differ from the AR samples. As an example, 
the corrosion results for Y-modified samples exposed to SCW at 600°C for ~667 H are shown in 
Figure A.92. 

A two-layer oxide scale, consisting of outer magnetite and inner spinel layers, was formed on 
the Y-modified SCW-exposed sample. A light gray band in the magnetite layer, close to the 
interface of the magnetite and spinel, is the Y-coating layer. This was confirmed by the EDS line 
scan and map of Y shown in Figure A.92. The Y-spectra in the EDS line scan of the minor 
elements are truncated to ensure an easier view of the other elements. Based on the XRD result 
(Y-int1) as summarized in Table A.13, YFeO3 formed at the Y-coating layer. This is reasonable 
since growth of the magnetite layer is controlled by the outward diffusion of Fe. The Y-coating 
layer was transformed into Y2O3 due to its high affinity for oxygen, and moved outward by Fe 
diffusion from its original location at the interface of the magnetite and spinel. The sharp 
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interface between the magnetite and spinel is believed to be the initial surface of the sample prior 
to exposure. Some of the outward diffusing Fe ions were trapped by Y2O3, forming YFeO3 due to 
favorable thermodynamics. The effect of the Y-coating layer on the local microstructure and 
species diffusion is to be studied by analytical high-resolution microscopes. 

The Y-coating layer separated the magnetite layer into two sub-layers: a thick, outer porous 
layer (~22 µm) and a thin, inner dense layer (~4 µm). The spinel layer is more complex 
compared to the magnetite layer. The EDS line scans indicated that chromium and most of the 
minor alloying elements stopped in the spinel layer without diffusion into the magnetite. 
According to EDS line scans and maps, Cu, Ni, and Cr are enriched in the spinel layer, with Cu 
close to the spinel-magnetite interface, and Ni and Cr close to the spinel-matrix interface. Cr-
enrichment in the form of Cr-rich oxide, e.g. Cr1.3Fe0.7O3, occurred at the region close to the 
spinel-matrix interface and is consistent with the XRD result (Y-int2), as summarized in Table 
A.13,. In addition to the magnetite and spinel layers, an internal oxidation layer was present at a 
few regions beneath the spinel layer. The distribution of the internal oxidation layer in the Y-
modified sample was not as common as that in the AR sample. Cracks were observed in the 
oxide scale, which were not stopped by the Y-coating layer. These cracks may be the same as the 
ones observed at the oxide surface shown earlier in the plan-view SEM images (Figure A.91). 

 

 
Figure A.92  SEM/EDS results of the Y-modified sample exposed to SCW at 600°C for ~667 h. Labels 

on the SEM images correspond to magnetite (M), spinel (S), and matrix (Mx). 
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A.6.4.5 Property of the oxide scale 
Weight gain and oxide scale thickness measured from cross-sectional images of the exposed 

samples are plotted in Figure A.93. It is clear that Y-modified samples have smaller weight gains 
and thinner oxide scales than as-received samples.  Data from as-received and Y-modified 
samples approximately follow linear functions as shown in Figure A.93.  The data presented 
sequence and offsetting from the fitted line indicate the possibility of scale exfoliation, phase 
formation/transformation, and porosity development [104]. The data following a linear function 
indicate stable growth of oxide scale on the AR and Y-modified samples. As discussed in 
Section 2.5, the slopes of the fitted lines indicate average densities of oxygen in the oxide scale. 
The AR and Y-modified samples had similar oxygen densities, e.g. 1.18 and 1.16 g/cm3, 
respectively. The oxygen densities are less than the calculated average oxygen density in the 
oxide scale of 1.37 g/cm3, based on chromite (FeCr2O4, 4.79 g/cm3) and magnetite (Fe3O4, 5.15 
g/cm3), which implies the presence of porosity in the oxide scales. Compared to the AR and Y-
modified samples, data from O-implanted samples did not follow a linear function. The data 
below the fitted lines of the AR and Y-modified samples indicate a larger amount of pores and/or 
oxide exfoliation occurred on O-implanted samples after long-time exposure, e.g. 1000 h. 

 

 
Figure A.93  Weight gain as a function of oxide scale thickness for AR and yttrium-coated (Y) 
HCM12A samples exposed in SCW at 600°C for 333, 667 and 1000 h 

 

A.6.4.6 Microstructure of oxide scale 
Figure A.94 shows results of EBSD analysis of the Y-modified sample exposed to SCW at 

600°C for ~667 h.  Magnetite and spinel were not differentiated during EBSD analysis due to 
their similar crystal structure. As shown in Figure A.94, the magnetite layer is divided into two 
sub-layers by the Y-coating layer identified as YFeO3.  The outer magnetite sub-layer is mainly 
composed of large columnar grains along the growth direction of the oxide scale. The inner 
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magnetite sub-layer is mainly composed of small equiaxial grains.  A mixture of ferrite and 
spinel exists at the region close to the interface of the spinel and matrix. 

 

 
Figure A.94  EBSD analysis of the Y-coated sample exposed to SCW at 600°C for ~667 h. The labels of 
M, sM, S, and Mx denote layers of magnetite, magnetite sub-layer, spinel, and matrix. The inverse pole 
figures (IPFs) of each layer are included, with the marked maximum intensity and typical patterns of the 

ferrite (matrix), magnetite, and YFeO3 phases. 

 

In addition to the major phases (ferrite, magnetite/spinel, and YFeO3), some trace amounts, 
e.g. Cu at the magnetite-spinel interface, Ni and Cr1.3Fe0.7O3 at the spinel-matrix interface, and 
FeO in the internal oxidation layer, were identified in SCW-exposed samples by EBSD spot 
mode, with their locations guided by the EDS maps shown in Figure A.92. Observation of 
Cr1.3Fe0.7O3 at the spinel-matrix interface is consistent with the XRD results (Y-int2 in Table 
A.13). Cu and Ni were not oxidized due to low oxygen partial pressure in the spinel layer, which 
favored Cr preferential oxidation, but not Cu and Ni. According to the Fe-O phase diagram, FeO 
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should form at temperatures above ~570°C. It has been reported that FeO forms at regions 
closest to the oxide-matrix interface on 12%Cr steels exposed in Ar-50%H2O, e.g. 12Cr-Mo-V 
steel at 550°C and Fe-12Cr-4Co model alloy at 600°C [105]. The presence of FeO in the internal 
oxidation layer in SCW-exposed samples was confirmed by EBSD spot mode. 

Inverse pole figures (IPFs) and texture intensity of the different layers/phases are also 
included in Figure A.94. The matrix (ferrite) of the samples exposed to SCW does not show the 
distinct 110 texture generally observed in body-centered-cubic materials. For the sample exposed 
to SCW, 111 texture emerges with the formation of face-centered-cubic phases, spinel and 
magnetite. Weak 111 texture was also observed in XRD study. Texture became diversified from 
the spinel layer to the outer sub-layer of magnetite with the growth of oxide scale. The maximum 
intensity of textures in different layers/sub-layers indicates that texture intensity decreases as one 
proceeds from the matrix (ferrite) to outer regions of the oxide scale. 

 

A.6.5 Effect of thermomechanical processing on the corrosion of HCM12A 
Some of the AR samples were subjected to a sequential cold work, with a fixed small 

fraction of thickness reduction followed by annealing at 1050°C and tempering at 770°C. 

A.6.5.1 Weight change 
The weight change of AR and thermomechanically processed (TMP) HCM12A samples 

exposed to SCW at 500°C is shown in Figure A.95. As discussed in Section 6.2.1, the weight 
change of AR samples approximately followed a parabolic rate law (a = 2.16) with high 
confidence (R2 = 0.97). The fitting result indicates the TMP samples followed a parabolic rate 
law (a = 1.98), with a slightly smaller rate constant compared to the AR samples. However, the 
fitting confidence of the TMP samples (R2 = 0.66) was not as good as that of the AR samples. 
This is mainly due to the 6-week (1026 h) data, which was located closer to the inlet of the SCW. 
Although the inlet oxygen concentration was controlled at 25 ppb, the oxygen concentration was 
decreased from the inlet to the outlet as oxygen was consumed by the testing samples. The 6-
week sample was taken out of the SCW loop along with the 2-week sample to get additional 2-
week data, which is marked in Figure A.95 by a dashed circle. The large difference (~0.5 
mg/cm2) between the two, 2-week data points is believed to be mainly due to sample location 
and thusdifferent oxygen concentration. If the difference generated during the 2-week exposure 
is subtracted from the 6-week data, the revised data set can be fitted with a function of w1.98 = 
0.00309×t, which has a highly improved fitting confidence (R2 = 0.90). The revised data have the 
same rate law (a = 1.98) as the original data, but a slightly smaller rate constant. Longer 
exposure up to ~18 weeks is being performed to study the long-term effect of thermomechanical 
processing on oxidation performance. 
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Figure A.95  Weight change (w) as a function of exposure time (t) of AR and TMP HCM12A samples 

exposed to SCW at 500°C, with a low dissolved oxygen concentration of 25 ppb 

 

A.6.5.2 Microstructure of oxide scales 
The surface morphologies of AR and TMP samples are not shown here due to their 

similarity. The cross-sectional samples exposed to SCW at 500°C for ~6 weeks are shown in 
Figure A.96. The figure shows the TMP sample has a slightly thinner oxide scale than the AR 
sample, which is consistent with the weight gain shown in Figure A.95. Intergranular cracks and 
some pores are visible in the magnetite layer on the AR and TMP samples, respectively. A 
thicker and notable internal oxidation (diffusion) layer is exhibited on the TMP sample. Many 
nano-pores exist in the spinel layer on both the AR and TMP samples, as illustrated in the high-
magnification SEM and TEM images shown in Figure A.97. 

 

 
Figure A.96  Cross-sectional SEM images of AR and TMP samples exposed to SCW at 500°C for ~6 

weeks 
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Figure A.97  SEM and TEM images of morphologies of the inner (spinel) layer formed on the SCW-

exposed HCM12A sample 

 

Microstructure of the oxide scales was analyzed by EBSD; resultsare shown in Figure A.98. 
The image quality (IQ) of the two samples indicates the detailed grain structure, which is usually 
not able to be revealed by conventional SEM analysis as shown in Figure A.96. The image 
quality is very poor (dark) at grain boundaries and pores due to the presence of defects at these 
features. The poor image quality of the inner (spinel) layer resulted from the high density of 
nano-pores in this layer, as shown in Figure A.97. The gradient darkness of the spinel layer 
indicates the density of the defects (nano-pores) increased from the metallic substrate to the 
spinel-magnetite interface. The internal oxidation (diffusion) layer is observable by a lighter 
darkness compared to the spinel layer in the image quality figures. It is clear that the magnetite 
layer on the TMP sample has much smaller grains compared to that on the AR sample, especially 
for grains close to the spinel-magnetite interface. In addition, the small grains on the TMP 
sample are more equiaxial in shape  compared to the more columnar-like grains on the AR 
sample. Phase-orientation images showin in Figure A.98  indicate the presence of 
magnetite/spinel (green) and ferritic substrate (red). The variation in color contrast indicates the 
(101) orientation as a function of oxide growth direction, with a lighter contrast close to the 
oxide growth direction.  
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Figure A.98  EBSD maps of AR and TMP samples exposed to SCW at 500°C for ~6 weeks. IQ refers 
to image quality of the EBSD data. Red and green correspond to ferrite and magnetite/spinel, 
respectively. The variational contrast of the red and green corresponds to the (101) orientation as a 
function of growth direction of the oxide scale. The lighter the color, the closer the (101) texture is to 
the growth direction.  

 

The textures of the magnetite, spinel, and metallic substrate for AR and TMP samples are 
shown with IPFs in Figure A.99. A strong (101) texture exists in the metallic substrate. The 
(101) texture was retained in the spinel layer, but not transferred into the magnetite layer in the 
direction of oxide growth. A (115) texture in the spinel layer and (525), (112), and (001) textures 
in the magnetite layer were formed along the oxide growth direction. Compared to the AR 
sample, the strong (101) texture was modified into a near (101) texture in the metallic substrate 
by the thermomechanical processing. The near (101) texture was changed to (101) texture, with a 
mild (111) texture in the spinel layer. A stronger (001) texture with a mild (535) texture were 
formed along the oxide growth direction in the magnetite layer. 

 



 

 
119 

 
Figure A.99  Inverse pole figures indicating the textures of oxide growth on AR and TMP samples 

exposed to SCW at 500°C for ~6 weeks 

 

A.6.6 Summary 
The oxidation behavior of a HCM12A F/M steel exposed to SCW at 360, 500, and 600°C, 

with a pressure of 25 MPa and two levels of dissolved oxygen concentration, was investigated by 
means of gravimetry, SEM/EDS, XRD, TEM, and EBSD. A dual-layer structure oxide scale, 
without exfoliation, formed on alloy HCM12A. In addition to the phases of spinel and magnetite 
formed on the low-oxygen exposed samples, hematite, containing a small amount of Cr, formed 
on the high-oxygen exposed samples and was identified by XRD and EBSD. The phase 
distribution and grain shape evolution of the oxide scale were revealed by EBSD. The formation 
of pores is interpreted based on the oxygen chemical potential and diffusion in this system. This 
study indicates that oxygen partial pressure and exposure temperature played important roles in 
the oxidation behavior of alloy HCM12A. Thermodynamic rationalization was established to 
describe oxide formation in this system. Pores were observed on the surface and inside oxide 
scale for samples exposed at low- and high-oxygen levels, respectively. A methodology was 
developed to predict the location of pore formation in magnetite based on the diffusion 
mechanism of iron in magnetite.  

Surface roughness of the samples (600 grit) did not significantly affect corrosion behavior 
compared to smooth samples (1 µm polished). Surface modification with O-implantation and Y-
deposition indicated that O-implanted samples impaired the oxidation resistance of the alloy to 
some extent. In contrast, the Y-modified samples showed improved corrosion resistance, as 
measured by decreased weight gain and thinner oxide scale compared to AR samples. The Y-
coating layer divided the magnetite layer into two sub-layers: the outer, porous, thick sub-layer 
and the inner, compact, thin sub-layer. The outer magnetite sub-layer is composed of large 
columnar grains along the oxide scale growth direction. The inner magnetite sub-layer is similar 
to the spinel layer, being composed of small equiaxial grains. In addition to the major phases, 
ferrite, magnetite, and spinel, other phases, such as YFeO3 at the Y-coating layer, Cu at the 
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magnetite-spinel interface, and Cr1.3Fe0.7O3 and Ni at the interface of spinel-matrix/internal 
oxidation layer, were identified by means of XRD and/or EBSD. These observations are 
consistent with elemental enrichment, e.g. Cu, Cr, and Ni, at the corresponding locations. FeO 
was observed in the internal oxidation layer on SCW-exposed samples at 600°C. 
Thermomechanical processing of the AR alloy changed the (101) texture to a near (101) texture, 
which may have contributed to the improved oxidation resistance. A magnetite layer composed 
of a large fraction of small equiaxial grains was formed on the TMP sample, compared to the 
large fraction of large columnar grains in the magnetite layer on AR samples.
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A.7 Microstructural Effect on the Corrosion of Incoloy Alloy 800H 

A.7.1 Introduction 
Incoloy alloy 800H is an important engineering material for a variety of applications. It has 

been selected as one of the candidate materials for Generation IV nuclear power plants. 
However, the extensive oxide exfoliation of this material may suppress its lifespan and potential 
applications. To mitigate oxide exfoliation, grain boundary engineering (GBE) and SP have been 
developed in this study. SCW testing has been performed to study the performance of GBE-
treated and shot-peened samples compared to AR samples at 360, 500, and 600°C, with two 
levels of dissolved oxygen concentration (25 ppb and 2 ppm). GBE improved the protective 
oxidation behavior by enhancing exfoliation resistance and reducing oxidation rate. Exfoliation 
resistance correlates with the reduction in thermal expansion mismatch and the texture of the 
oxide layers. SP produced an ultrafine-grained surface, resulting in an enhanced Cr diffusivity to 
form Cr and Cr-rich oxides, which not only improved oxidation resistance, but also mitigated 
oxide exfoliation on the alloy 800H.  

INCOLOY alloy 800H (UNS N08810, 45Fe-31Ni-20Cr) is an austenitic alloy with a mean 
grain size greater than ~70 µm in diameter. It is a solid-solution-strengthened alloy with 
additional strengthening by precipitation of titanium nitrides and carbides, such as MN/MC (rich 
in Ti) and chromium carbides such as M23C6 (rich in Cr). Titanium nitrides are stable at all 
temperatures below the melting point of the alloy and are therefore unaffected by heat treatment 
[106]. Detailed specifications of the physical and mechanical properties of alloy 800H can be 
found in Ref. [106]. Alloy 800H, usually used in an annealed condition, has been broadly 
utilized in furnace components and equipment, petrochemical furnace cracker tubes, pigtails and 
headers, and sheathing for electrical heating elements since its introduction to the market in the 
1950s. Based on advantages such as high strength and corrosion-resistance at high temperatures, 
alloy 800H has been selected as one of the potential candidate alloys for Generation IV nuclear 
plant designs [107,108]. 

Because of its high chromium and nickel contents, alloy 800H has excellent resistance to 
oxidation. The chromium in this alloy promotes the formation of a protective surface oxide, and 
nickel enhances protection, especially during cyclic exposure to high temperatures. Otsuka et al. 
studied the oxidation behavior of alloy 800H exposed in high-temperature steam at 700°C, and 
found that a uniform, duplex, thin oxide scale formed on alloy 800H [109]. The outer oxide layer 
was composed of Fe3O4 with some Fe2O3, and the inner oxide layer (Fe,Cr)3O4 was primarily 
spinel. Internal oxides, probably Cr2O3 or Al2O3, were observed dispersing within the metal 
substrate ahead of the inward-growing inner spinel [109,110].  

Limited literature reported the oxidation behavior of alloy 800H exposed to SCW. 
Preliminary results of SCW-exposed alloy 800H at 500°C and 25 MPa indicate severe oxide 
exfoliation occurred after ~333 h of exposure [111]. Oxide exfoliation is a detrimental 
phenomenon, which may cause blockage inside superheater/reheater tubes or severe erosion 
damage at turbine blades [112]. In a nuclear system, it can also lead to redistribution of 
radioactive material.  

To withstand the high-temperature and pressure environment in modern and future power 
plant systems, the properties of alloy 800H are expected to be improved to extend its service 
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lifetime and thus maintain system stability. This study was performed to evaluate the 
corrosion/oxidation behavior of alloy 800H and develop practical approaches to improve 
corrosion resistance and mitigate oxide exfoliation. GBE and SP have been developed for alloy 
800H in this study to the modify grain boundary network and surface grain size, respectively. 
The effect of the microstructural changes (grain boundary network and grain size) on corrosion 
behavior of alloy 800H is presented in this chapter. 

 

A.7.2 Corrosion of Alloy 800H Exposed to SCW 
The material used in this study was commercial INCOLOY alloy 800H. The AR alloy had 

been annealed at 1177°C for 24 min per centimeter of thickness, followed by water quench. 

A.7.2.1 Weight change 
Weight change of alloy 800H samples exposed to SCW at 360, 500, and 600°C, with two 

levels of dissolved oxygen concentration (~25 ppb and ~2 ppm), is shown in Figure A.100. In 
addition to smooth surface samples (~1 µm finish), the data for samples with a rough surface 
(600 grit SiC grinding paper) are included in the same figure. A large fluctuation in weight 
change was observed for AR samples. Weight change for samples exposed to 500°C low oxygen 
concentration SCW exhibited a larger fluctuation compared to those exposed to 600°C low 
oxygen concentration SCW and 500°C high oxygen concentration SCW. The weight change of 
samples exposed at 500°C high oxygen concentration SCW roughly followed a linear rate law 
within the 576 h of exposure time. Both the smooth samples exposed at 360°C and rough 
samples exposed at 500°C showed a small weight change within the range of ±0.05 mg/cm2. 

 
Figure A.100  Weight change of AR alloy 800H samples exposed to SCW at 360, 500, and 600°C, 
with two levels of dissolved oxygen concentration (LO: 25 ppb and HO 2ppm). “rs” denotes samples 
with a rough surface (600 grit). 

 

Weight change data indicate that the exposure temperature, dissolved oxygen concentration, 
and surface roughness had significant effects on corrosion/oxidation of the alloy 800H. Weight 
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gain of samples increased with increasing exposure temperature and dissolved oxygen 
concentration. Rougher samples showed much smaller weight gain compared to smooth samples. 

 

A.7.2.2 Surface morphology 
Surface morphologies of alloy 800H samples exposed to SCW at 360, 500, and 600°C with 

low oxygen concentration are shown in Figure A.101. 

 
Figure A.101  Surface morphologies of alloy 800H samples exposed to SCW at 360, 500, and 600°C 
with low oxygen concentration (~25 ppb). 

 

SEIs with a pair of low- and high-magnifications clearly show the evolution of surface 
morphologies as a function of exposure time and temperature. Large oxide crystals dispersively 
formed on the surface of samples exposed at 360°C. Oxide crystal growth and aggregation 
occurred with increasing exposure time. The few dispersive oxide crystals are consistent with the 
small weight change resulting from exposure at 360°C, as shown in Figure A.100. For samples 
exposed at 500°C, few oxide crystals or aggregations were sparsely distributed on the surface. 
However, the surface morphologies are significantly different between the short and the long 
time (6L) exposure, which is consistent with the large fluctuation in weight change as shown in 
Figure A.100. For samples exposed at 600°C, a much thicker oxide scale with distinct localized 
oxide exfoliation was observed on the surface. Although the oxide scale on sample 600°C-4L 
looks more continuous compared to samples with shorter and longer exposure times, the image 
with high-magnification indicates a degraded morphology of the oxide crystals. The thicker 
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oxide scale with oxide exfoliation is consistent with the highest weight gain, with some extent of 
fluctuation, as shown in Figure A.100. 

Surface morphologies of samples with rough surfaces exposed to SCW with low oxygen 
concentration (RS500C-L), and those with smooth surfaces exposed to SCW with high oxygen 
concentration (500C-H), are shown in Figure A.102. Grinding grooves on the rough samples 
were not modified by SCW exposure. In addition to some pits, small grainy oxides formed on the 
rough surface. The oxide formation is consistent with the small weight change due to SCW 
exposure, as shown in Figure A.100.  In contrast to the samples exposed to SCW with tlow 
oxygen concentration, samples exposed to SCW with high oxygen concentration exhibited a 
continuous oxide scale. The morphology of the oxide crystals is different from that formed on 
samples exposed to SCW with low oxygen concentration. 

 

 
Figure A.102 Surface morphologies of SCW-exposed alloy 800H samples: rough surface samples 

exposed at 500°C with low oxygen concentration; smooth surface samples exposed at 500°C with high 
oxygen concentration. 

 

A.7.2.3 Oxide layer structure 
The cross-sectional SEIs shown in Figure A.103 exhibit the layer structure of oxide scales 

formed on alloy 800H samples exposed to SCW at 500 and 600°C. The images were captured at 
regions of the oxide scales that had stil been retained after SCW exposure. At 500°C, the oxide 
scales on samples exposed to both low and high oxygen concentrations are composed of three 
layers. The inner layer adjacent to the metallic substrate has a similar morphology for samples 
exposed to SCW with both low and high oxygen concentration. However, there is a smoother 
interface between the outer two layers on samples exposed to SCW with high oxygen 
concentration compared to those with low oxygen concentration. At 600°C, the layer structure of 
the oxide scales became irregular, especially for the inner layer. A discontinuous thin layer with 
a high contrast (white) emerged at the interface of the inner and the outer layer. The dark phase 
between the metal and the inner layer, as shown in 600°C-2L and 600°C-4L, is identified to be 
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Cr2O3. Scale bars of the images indicate that the oxide scale fluctuated in thickness as a function 
of exposure time for the low-oxygen exposed samples. In contrast, the oxide scales had a 
relatively stable growth on the high-oxygen exposed samples. This is consistent with the 
observations in Figure A.100. The oxide layer structure was not able to be captured on cross-
sectional samples exposed to other conditions, such as the 360°C and rough samples at 500°C. 

 

 
Figure A.103  Layer structure of oxide scales formed on alloy 800H samples exposed to SCW at 500 and 

600°C with low and high oxygen concentrations 

 

EDS line-scan profiles of selected samples, i.e. 500°C-3L, 500°C-3H, and 600°C-6L in 
Figure A.103 are shown in Figure A.104. The profile of sample 500°C-3L shows a two-layer 
structure with an outer Fe-oxide and an inner complex spinel layer. In contrast, the outer layer 
was transformed into two sub-layers of Cr-rich oxide and Fe-Cr oxide for the sample exposed to 
SCW at 500°C with high oxygen content (2 ppm), as shown for 500°C-3H. In addition, there is 
usually an Fe-rich oxide layer at the interface of the inner and the outer layers. The elemental 
distribution in the inner layer of sample 500°C-3H is similar to that of 500°C-3L. The profile for 
sample 600°C-6L indicates that the oxide scale is composed of an Fe-oxide outer layer, a 
complex spinel inner layer, and a thin Ni-layer between the inner-outer layer. The thin Ni-layer 
corresponds to the high contrast (white) thin layer shown in Figure A.103. There is ~13% O in 
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the region beneath the oxide scales for all three samples shown in Figure A.104, which may be 
due to EDS system error and/or contamination during specimen preparation. 

 

  

 

 

Figure A.104 Selected EDS line-scan profiles of cross-sectional samples 500°C-3L, 500°C-3H, and 
600°C-6L; layer structure of samples is shown in Figure A.103. 

 

A.7.2.4 Oxide phases 
XRD was employed to identify phase components of the oxide scales. The XRD patterns for 

a variety of conditions are shown in Figure A.105. The oxide scale on samples exposed at 360°C 
(360LO) and 500°C with a rough surface were too thin to exhibit XRD peaks with noticeable 
intensities. The weak peaks, however, indicate that the limited amount of oxide on these two 
samples is magnetite. Other samples show similar XRD patterns, indicating that the oxide scales 
were composed of magnetite and hematite. Figure A.104 indicates the scales contain Fe-Cr 
oxides in addition to pure Fe oxides such as magnetite (Fe3O4) and hematite (Fe2O3). The Fe-Cr 
oxides, such as (Fe,Cr)3O4 and (Fe,Cr)2O3, are not differentiable from the XRD patterns as 
shown in Figure A.105. It is clear that high-oxygen exposure (500HO) increased the (Fe,Cr)2O3 
content in the oxide scale compared to the low-oxygen exposed samples. 
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Figure A.105 XRD patterns of oxide scales formed on alloy 800H samples exposed to SCW at 360, 500, 
and 600°C, with low (LO) and high (HO) oxygen concentrations. Patterns 500LO and 500HO are for 
samples exposed for ~3 weeks, and the others for ~4 weeks. A pattern of the sample with a rough 
surface (RS) is also included. Solid star and diamond symbols indicate peaks of austenitic substrate and 
magnetite, respectively. Extra peaks correspond to hematite. 

 

A.7.3 Effect of grain boundary engineering and shot peening [113,114,115] 
A.7.3.1 Grain boundary engineering 
GBs are common defects in crystalline materials, and play a major factor in determining the 

physical, mechanical, electrical, and chemical properties of crystalline materials [116]. Based on 
the misorientation between adjacent grains, GBs can be categorized as low-angle boundaries 
(LABs), with a misorientation angle generally less than 15°, and high-angle boundaries (HABs). 
Using the concept of the coincidence site lattice (CSL), GBs also can be categorized as Σ1 
(maximum misorientation angle 15°) boundaries corresponding to the LABs [117], and low-Σ 
CSL boundaries (CSLBs, 3≤Σ≤29) and general boundaries (including random boundaries and 
high-Σ CSLBs (Σ>29)) corresponding to HABs. In the nomenclature of the CSL model, the 
newly formed superlattice is denoted by a value of Σ, where the Σ value is defined as the 
reciprocal of the fraction of lattice points in the boundaries that coincide between the two 
adjoining grains. Thus, there is a low distortion of atomic bonds and relatively small free volume 
for CSLBs, and consequently low boundary energy. 

Compared to general boundaries, low-Σ CSLBs (also called “special boundaries”) have many 
special properties such as low boundary energy, less susceptibility to impurity or solute 
segregation, and greater resistance to grain boundary sliding and intergranular degradation [117]. 
Due to the special properties of the low-Σ CSLBs, GBE was proposed by T. Watanabe [118] in 
the early 1980s to control the properties of polycrystalline metals by tuning grain boundary 
character distribution (GBCD) to obtain a high fraction of low-Σ CSLBs and interrupt the 
connectivity of random boundaries. GBE has been used to improve properties of polycrystalline 
metals, such as strength [119], creep [120], weldability [121], and SCC [122]. Among the low-Σ 
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CSLBs, the contribution of Σ3 boundaries to property improvements has been the most 
significant [123,124]. This is because the energy of Σ3 boundaries is extremely low, typically 
about 1/50 of a random boundary [117]. Detailed information about the CSL model and CSL 
effect on GBE can be found in Ref. [117].  

Successful GBE by means of thermomechanical processing has been applied to face-
centered-cubic (FCC) materials with low stacking-fault-energies. Thermomechanical processing 
is a combination of deformation and annealing to produce annealing twins. The applied 
thermomechanical processing can generally be categorized as recrystallization, featuring a high 
level of cold work followed by a short, high temperature anneal, and strain annealing, featuring a 
low level of cold work followed by a long, medium/high temperature anneal [125]. With the 
concept of GBE for property improvement, the grain boundary character distribution of alloy 
800H was tuned by means of thermomechanical processing in this study. 

 

A.7.3.2 GBE of alloy 800H 
One cycle of thermomechanical processing, strain followed by annealing, was employed in 

this study to ensure the minimum grain-size requirement of alloy 800H (~60 µm) [106]. The 
samples were subjected to a thickness reduction of 6.6±0.2 % before annealing at 1050°C. The 
annealing temperature, which is 127°C lower than the annealing temperature of the AR material, 
was selected to keep properties such as hardness, yield strength, and elongation similar to those 
of the AR alloy [106]. Different annealing times (20, 45, 90, 120, and 150 min) were used to 
investigate the effect of annealing time on GBE. Thus, there are seven types of samples, denoted 
as theAR, 6.6 %, 1050C20, 1050C45, 1050C90, 1050C120, and 1050C150 samples. 

 

A.7.3.3 Effect of thermomechanical processing on GBCD 
An XRD pattern of the AR sample is shown in Figure A.106. The crystal structure of the AR 

sample was determined to be cubic (a = 3.593 Å), with a space group of Fm3m. Identical XRD 
patterns obtained for the TMP samples indicate the samples were in the same single-phase region 
at the annealing temperatures of 1177°C and 1050°C. The EBSD patterns were analyzed with 
this crystallographic data as input. 
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Figure A.106  An XRD pattern of the AR sample 

 

To determine whether a measured boundary can be classified as a CSLB, the Brandon 
criterion [126] was used as the allowable deviation from the exact orientation relationship. This 
states that the maximum allowable misorientation (∆θ) from the exact CSL relationship is ∆θ = 
θmΣ-1/2, where θm is the maximum misorientation angle for a LAB (typically, 15°). The EBSD 
area scans of the 6.6 %, 1050C90, and AR samples are shown in Figure A.107 (a) through (c), 
respectively. The GBCD with Σ3 highlighted shows that Σ3 boundaries were strongly promoted 
by the thermomechanical processing. In addition, the grain size of the 6.6 % sample was 
increased by annealing. Quantitative results of the low-Σ CSLB frequency of three typical 
samples (6.6 %, 1050C90, and AR) are shown in Figure A.108. For statistical analysis, a total 
GB length of 29 ± 3 mm was obtained by selecting an appropriate area on the EBSD scan map of 
each sample. Figure A.108 shows that the Σ3 frequency of 59 % for the 1050C90 sample is 
significantly increased as compared to 12 and 36 % for the 6.6 % and AR samples, respectively. 
Meanwhile, the Σ3n (Σ9 and Σ27) frequencies were also increased due to thermomechanical 
processing. For the other four types of samples, quantitative results of the Σ3 frequency show an 
increase with short-term annealing (e.g., 20, 45, and 90 min) and a decrease after long-term 
annealing (e.g., 120 and 150 min). In contrast, the frequency of LABs (Σ1) is very high for the 
deformed sample (6.6 %), decreases with short-term annealing, and increases after long-term 
annealing. Similar frequencies for Σ1 and Σ3 misorientations were observed for the AR sample. 
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Figure A.107  EBSD area scans of the (a) 6.6 %, (b) 1050C90, and (c) AR samples, where GBs are 
shown as gray lines and Σ3 boundaries are highlighted in blue. The black spots in (a) are unindexed, 
indicating the accumulation of deformation-induced defects such as dislocations or pores. 

 

 
Figure A.108  CSL frequency as a function of low-Σ CSLBs (3≤Σ≤29b) 
of the 6.6 %, 1050C90, and AR samples 
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After deformation, deformed and long-term-annealed samples possess a high Σ1 frequency 
and a low Σ3 frequency, as shown in Figure A.108. The high Σ1 frequency may be introduced to 
the system by deformation-induced texture, which increases the probability that grains having 
almost the same orientation will reside as neighbors. In addition, the presence of many sub-
boundaries in the material [117] and the recombination of two like boundaries impinging on each 
other [127] will also increase the Σ1 frequency. Generally, the total frequency of low-Σ CSLBs 
does not include the contribution from Σ1 due to ambiguities in distinguishing these interfaces 
from sub-boundaries present. In contrast to long-term-annealed samples, short-term-annealed 
samples after deformation possess a high Σ3 frequency and a low Σ1 frequency, as shown in 
Figure A.108. The frequency of Σ3 and Σ3n is governed by the amount of annealing twinning. 
Since repeated twinning tends to randomize the texture, the frequency of Σ1 decreases with 
increasing Σ3 frequency.  

The GBE approach appears to produce materials with decreasing deviations from exact Σ 
misorientations [127]. Since property improvement is mainly correlated with the Σ3 fraction 
[117],deviation from the exact Σ3 misorientations, which is plotted in Figure A.109, is worthy of 
study to evaluate the GBE effect. As shown in Figure A.109, sample 1050C90, with the highest 
Σ3 frequency, displays the smallest deviation from the exact Σ3, while samples 1050C150 and 
6.6 %, with a low Σ3 frequency, show high deviations, indicating two extreme situations of GBE 
of alloy 800H. A similar phenomenon, that the Σ3 frequency evolves toward a more exact Σ3 
misorientation during annealing, was also observed by Thomson et al. [128]. 

 

 
Figure A.109  Frequency of CSLBs deviating from the exact Σ3 misorientation 
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Figure A.110  GBCD of EBSD area scans of the 6.6 %, 1050C90, and AR samples. The inset indicates 

the fractions of LABs and HABs for seven types of samples 

 

The GBCD evolution during annealing of deformed material can be also indicated by the 
frequency of GBs vs. misorientation angle, as shown in Figure A.110. The GBCD can be 
simplified by setting a misorientation angle of 15° as a division between LABs and HABs, which 
keeps the same angle as that defined in the Brandon criterion. The simplified GBCD of different 
samples is shown as an inset in Figure A.110. The 6.6 % and 1050C90 samples possess the 
smallest and the largest fraction of HABs, respectively, while the other five types of samples 
possess a medium fraction of HABs. 

 

A.7.3.4 Effect of thermomechanical processing on grain size 
Figure A.107 indicates that grain size was enlarged by annealing. To obtain a reliable grain-

size value, coherent twins were removed from EBSD scan data because they are immobile and 
not a constituent of the intergranular transport network. The low-Σ boundary frequency as a 
function of grain size is plotted in Figure A.111. It is clear that the grain size of the deformed 
sample (6.6 %) is less than 60 µm, and the grain size increases with annealing time. As shown in 
Figure A.111, the frequency of low-Σ CSLBs increases significantly with small-grain growth. 
Alloy 800H, annealed at 1050 °C, is mainly composed of austenite, which should have some 
carbide and nitride precipitates as suggested by Ref. [106]. When a long annealing time is used 
to induce grain-size increases, the associated precipitate accumulation at GBs can cause a 
reduction of GB mobility and an increase of GB energy [129]. For these long annealing times, 
the frequency of low-Σ CSLBs decreases with excessive grain growth. Therefore, minimizing 
excessive grain growth during thermomechanical processing is important for retention of the 
high frequency of low-Σ CSLBs. For alloy 800H, large grain size contributes to strength and 
resistance to creep and rupture at high temperatures. However, excessive grain growth can lower 
toughness after exposure to elevated temperatures. 
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Figure A.111 CSL frequency as a function of average grain size of the Incoloy alloy 800H 

 

A.7.3.5 Effect of thermomechanical processing on hardness 
The effect of annealing time on the Vicker’s hardness was evaluated using a micro-hardness 

tester equipped with a Vicker’s indenter at a load of 1000gf. The Vicker’s hardness of the 
deformed sample (6.6%), five GBE-treated samples (1050C20, 1050C45, 1050C90, 1050C120 
and 1050C150), and the AR sample are plotted in Figure A.112. It is clear that deformed sample 
has a high hardness, with a large deviation due to the stored deformation energy 
inhomogeneously distributed in the material. The Vicker’s hardness decreases with annealing 
time. The GBE-treated sample 1050C/90 has a hardness comparable to the AR sample.  
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Figure A.112  Effect of annealing time on the Vicker’s hardness of deformed (6.6%) and GBE-treated 
(1050C20, 1050C45, 1050C90, 1050C120 and 1050C150) samples. The Vicker’s hardness of the AR 

sample is plotted as a dashed line with thestandard deviation in dotted lines. 

 

A.7.3.6 Effect of thermomechanical processing on the frequency of annealing twins 
Due to the dominant effect of Σ3 on low-Σ CSLBs and GBE, the twin-limited microstructure 

was studied by Aust and co-workers [129,130,131]. With the upper and lower limits for 
annealing-twin contributions for the frequency of low-Σ CSLBs [130] and the theoretical twin 
limit (2/3) [131], a triangle can be sketched as shown in Figure A.113. The annealed alloy 800H 
samples (1050C20, 1050C45, and 1050C90) fall into this triangle, while the 6.6 % and AR 
samples and the samples with excessive grain growth after long-term annealing (1050C120 and 
1050C150) fall out of this triangle and below the lower limit. For comparison, the data of alloy 
800 [129] are also included in Figure A.113. The appearance of most of the alloy 800 data close 
to the upper limit indicates that alloy 800 was strongly GB engineered. Alloy 800 has strong 
GBE potential because there is no grain-size limitation for alloy 800, which generally can be 
much smaller than the grain size of alloy 800H. Materials with a smaller initial grain size 
produce a higher frequency of low-Σ CSLBs [129,132]. 
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Figure A.113  CSL frequency as a function of annealing-twin (Σ3) frequency. (G. Palumbo, 1998 [129]) 

 

A.7.3.7 Thermal stability of the GBE-treated sample (1050C90) 
Since atomic migration is increased at elevated temperatures, the GBE-promoted low-Σ 

CSLBs may become unstable and be transformed into random boundaries. Thus, it is necessary 
to evaluate the thermal stability of the GBE-optimized GBCD of the materials. GBE-treated 
alloy 800H samples were annealed at 500, 600, and 760°C for 4 and 6 weeks. AR samples were 
annealed simultaneously along with GBE-treated samples as a reference. The GBCD of annealed 
samples, which is plotted in Figure A.114, indicates the GBCD was changed by annealing for 
both AR and GBE-treated samples. Annealing at 760°C (~58% melting temperature of alloy 
800H) only slightly changed the GBCD of GBE-treated samples. Therefore, samples of alloy 
800H with optimized GBE-treatments are stable at their application temperatures up to 760°C. 
Although the test time was limited to 6 weeks, the degradation rate of the GBCD for optimally 
formed GBE-treated samples was very slow compared to samples with moderate GBE-treatment. 
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Figure A.114  Annealing effect on the GBCD (fraction of Σ1, low-Σ CSL, and general boundaries) 
of AR and GBE-treated samples of alloy 800H annealed at 500, 600, and 760°C for 4 or 6 weeks. 

 

Among the low-Σ CSLBs, the contribution of Σ3 to property improvement is the most 
evident [117,123,124]. This is because the energy of the Σ3 boundary is extremely low, typically 
about 1/50 of a general boundary. The energy for coherent twins is at least an order of magnitude 
lower than that for other low-energy, low-Σ CSLBs [117]. Twinning (Σ3) and its ramifications 
(Σ3n) is the most effective route applied for GBE. The significantly increased Σ3 fraction of TMP 
alloy 800H samples implies potential for property improvement. The effect of GBE of alloy 
800H on corrosion/oxidation performance was evaluated by SCW and cyclic oxidation tests by 
comparing the GBE-treated sample (1050C90) to the as-received sample. 

 

A.7.3.8 Gravimetry 
Weight change of AR and GBE-treated samples after SCW exposure is plotted in Figure 

A.115. The dashed curve indicates the trend of weight gain change over exposure time for GBE-
treated samples exposed at 500°C. It is clear that weight gain data of arAR samples have large 
fluctuation. After 2 weeks exposure, oxide exfoliation may have occurred, which causes sudden 
loss in weight gain of AR samples. In contrast, the weight gain change of GBE-treated samples is 
gradual, with oxide growth for up to ~4 weeks during SCW exposure, and then possible 
occurrence of minor oxide exfoliation. Although the weight gain data of GBE-treated samples 
are limited compared to AR samples, the difference between them after ~4 weeks of SCW 
exposure is significant. The samples with ~6-week (1000 h) exposure at 600°C were taken out of 
the SCW loop after ~2-week exposure and put back into the loop after weighing. The ~2-week 
exposure data, labeled with “2” in Figure A.115, are complementary to the data of samples with 
only ~2-week exposure. GBE-treated samples had a larger weight gain and relatively smaller 
fluctuation compared to AR samples exposed at 600°C. 
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Figure A.115  Weight change of AR and GBE-treated alloy 800H samples exposed to SCW at 
500 and 600°C. The dashed curve indicates the trend of weight gain change over exposure time 
for GBE-treated samples exposed at 500°C. 

 

A.7.3.9 Oxide Morphology 
Surface morphologies of AR and GBE-treated samples exposed to SCW at 500 and 600°C, 

as a function of exposure time, are shown in Figure A.116. Note that there are a pair of images 
with two levels of magnification for each sample. At 500°C, the low magnification images 
indicate that continuous oxide with distinct grain contrast formed on the short time SCW-
exposed samples such as 1L and GBE-2L. Oxide exfoliation occurred after ~2 weeks of SCW 
exposure as shown in the 2L sample, and the exfoliation area increased with exposure time as 
shown in the 3L sample. Extensive oxide exfoliation resulted in weight gain loss for AR samples 
after ~2 weeks of SCW exposure, as shown in Figure A.115. No evident exfoliation was 
observed on GBE-treated samples at 500°C. In addition to the exfoliation phenomenon, the oxide 
contrast of the low-magnification images (optical images) dimmed with exposure time for both 
AR and GBE-treated samples. The oxide contrast change may be explained with the 
corresponding high magnification SEIs shown in Figure A.116. The oxide of the short-time, 
SCW-exposed samples such as 1L and GBE-2L shows distinct facets which may effectively 
influence light reflection strength. With the increase of the SCW exposure time, oxide changes to 
serration (2L) and discrete oxide island (3L) on AR samples, and mild undulance (GBE-4L and 
GBE-6L) on GBE-treated samples. The serration, discreteness, and undulance of oxide may 
diminish the difference in light reflection, which impairs contrast. At 600°C, distinct oxide 
exfoliation occurred on AR samples, but not on GBE-treated samples. Although it apprears that 
few exfoliations occurred on the 600°C-4L sample, the corresponding high-magnification image 
indicates degradation of the oxide scale. 
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Figure A.116  Surface morphologies of AR and GBE-treated samples exposed to SCW at 500 and 
600°C. A pair of images with two levels of magnification are presented for each sample. 

 

A.7.3.10 Oxide Layer Structure 
Oxide layer structure is presented in SEIs of AR and GBE-treated samples. As shown in 

Figure A.117, oxide on both AR and GBE-treated samples has a layer structure. The oxide is 
generally compact without evident pores, except for long-time, SCW-exposed AR samples such 
as 3L. Nano-cracks or pores existing at the interface of the outer and the inner oxide layers on 
AR samples may have reduced the adhesion of the oxide layers, and thus resulted in exfoliation. 
In contrast, the interface between the outer and inner oxide layers on GBE-treated samples is not 
as sharp as that of AR samples. The contrast of SEIs in Figure A.117 indicates that more outer 
layer oxide diffuses into the inner oxide layer on GBE-treated samples than that on AR samples. 
More mixture between the outer and inner oxide layers on GBE-treated samples may have 
contributed to stronger adhesion between the outer and the inner oxide layers, and thus alleviated 
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oxide exfoliation. The cross-sectional images of AR and GBE-treated samples exposed to SCW 
at 600°C are not shown here. The difference between the two types of samples exposed at that 
temperature is not as distinct as those exposed at 500°C. 

 
Figure A.117  SEIs representing well maintained oxide scale regions AR (1L, 2L, 3L) and GBE-treated 

(G2L, G4L, G6L) samples exposed to SCW at 500°C. Numbers denote approximate exposure times. 

 

Due to the extensive oxide exfoliation and difficulty maintaining the fairly thin oxide during 
cross-sectional SEM specimen preparation, the oxide thickness measured from SEIs is not 
reliable. Since the inner oxide layer is reported to affect the oxidation rate [133,134], oxide scale 
was evaluated by the thickness of the inner oxide layer. As shown in Figure A.117, the thickness 
of the inner oxide layer of GBE-treated samples is similar to or thinner than that of AR samples, 
even though the SCW exposure time of GBE-treated samples was about double that of AR 
samples. The thinner inner oxide layer indicates GBE-treated samples had a slower oxidation 
rate than AR samples. Due to irregularity of the inner oxide layer formed on samples exposed at 
600°C, as shown in Figure A.103, the thickness of the inner layer was not able to be obtained. 

EDS line-scan data along the cross-section of samples 3L and G4L, representing oxidation of 
AR and GBE-treated samples, respectively, are plotted in Figure A.118. Samples 3L and G4L 
were selected because they have enough oxide to be analyzed and similar SCW exposure time. 
Major components (O, Fe, Ni and Cr) and minor components (Al, Si and Ti) showed similar 
distribution in the oxide scale on AR and GBE-treated samples. As shown in Figure A.118, Fe 
was depleted in the inner oxide layer and enriched in the outer oxide layer. Ni and Cr were 
maintained in the inner oxide layer and depleted in the outer oxide layer, with minor Ni-
enrichment at the interface between the metal substrate and the oxide layer. Thus, the outer and 
inner oxide layers consisted of Fe-dominated oxide and complex oxide, respectively.  

For minor components, some Al and Si diffused into the outer oxide layer, while Ti was not 
observed in the outer oxide layer. Even though the 3L and G4L samples displayed similar 
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constituent distribution, the inner oxide layer of the G4L sample was thinner than that of the 3L 
sample, which is consistent with the cross-sectional SEIs as shown in Figure A.117. Generally, 
the transport of diffusing species along grain boundaries is much faster than through the grains. 
Low energy boundaries reduce the magnitude of grain boundary phenomena such as diffusion 
and precipitation, because their atomic structure is highly regular and/or coherent as compared 
with random grain boundaries. Therefore, it would be expected that transport of diffusing species 
such as Fe and O would be depressed in GBE-treated samples with increased population of low 
energy boundaries, which would result in a slower oxidation rate (or thinner inner oxide layer). 

 

 
Figure A.118  EDS line-scan along the cross-section of the ~3-week SCW-exposed, AR (3L) and ~4-

week SCW-exposed, GBE-treated (G4L) samples 

 

A.7.3.11 Oxide exfoliation 
Gravimetry and topographical microscopy (optical and SEM) results showed that extensive 

oxide exfoliation occurred on AR samples, but not on GBE-treated samples. Oxide exfoliation is 
generally caused by stress generation in an oxide scale. There are generally two types of stresses 
in oxide scales: growth stress (also called intrinsic stress) developed during the oxidation 
process, and thermal stress developed on cooling due to the different thermal expansion between 
the oxide scale and metal substrate. Although the origin of growth stress is complex, it is 
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strongly affected by crystal structures, the volume of oxide and metal, and the growth behavior 
of the oxide. 

To analyze the cause of the distinct difference, cross-sectional samples were prepared for 
microstructural analysis by means of EBSD.  Figure A.119 shows EBSD maps illustrating the 
distribution of phases and strain in AR and GBE-treated samples exposed to SCW at 500°C for 
~3 weeks (Figure A.119 (a) and (b)) and ~4 weeks (Figure A.119 (c) and (d)). Austenite (FCC 
structure), magnetite/spinel, and hematite were identified by the EBSD analysis, as shown in 
Figure A.119 (a). Magnetite and spinel are not differentiable by EBSD due to their identical 
crystal structure, but the EDS analysis shown in Figure A.118 indicated the inner layer is spinel 
and the outer layer is magnetite. Compared to the AR sample shown in Figure A.119 (a), the 
GBE-treated sample shown in Figure A.119 (c), has an outer layer with a higher fraction of 
hematite mixed with a small amount of magnetite, and an inner layer with spinel mixed with 
phases identified as austenite. 

 

 
Figure A.119  EBSD maps of cross-sectional alloy 800H samples demonstrating the phase and strain (  
0° – 5° average misorientation) distribution: (a, b) AR samples exposed to SCW at 500°C for ~3 weeks 
and (c, d) GBE-treated samples exposed to SCW at 500°C for ~4 weeks. The labels FCC, S, M, and H 
denote phases with face-centered-cubic structure such as the substrate austenite, spinel [(Fe,Cr)3O4], 
magnetite [Fe3O4], and hematite [Fe2O3], respectively. The specimen layout during EBSD analysis is 
schematically shown beside the EBSD maps, with the directions of parallel to oxide growth (transverse 
direction, TD) [010] and the oxide surface (rolling direction RD [100]), respectively. 

The strain distribution shown in Figure A.119 (b) was generated from the local average 
misorientation between each EBSD data point measurement and its neighbors, excluding any 
higher angle boundaries (>5°). This figure indicates there is a strain accumulation close to the 
spinel-magnetite interface (the interface between the inner and outer layers). The strain 
distribution shown in Figure A.119 (d) is relatively uniform in the oxide scale on the GBE-
treated sample, compared to that on the AR sample. By integrating the strain intensity along the 
direction parallel to the spinel-magnetite interface, relative strain intensity as a function of the 
location across the oxide scale was obtained and is plotted in Figure A.120. It is clear there is a 
sharper strain change at the spinel-magnetite interface in the AR sample compared to that in the 
GBE-treated sample. The strain change at the spinel-magnetite interface in the GBE-treated 
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sample is about ½ that in the AR sample. The sharper strain change in the oxide scale of the as-
received sample may have contributed to the extensive oxide exfoliation that occurred. 

 

 
Figure A.120  Normalized strain intensity across the oxide scale on AR and GBE-treated alloy 800H 

samples. The two lines are aligned at the inner-outer oxide interface. 

 

As discussed in previous section , the GBE-treatment (1050C90) performed on alloy 800H 
did not change the grain size and hardness of the materials as statistically measured by EBSD 
mapping and Vicker’s microhardness. At the GBE treatment temperature, such as 1050°C for 
alloy 800H, only carbides may be changed by GBE treatments since carbides such as Cr23C6 start 
to form at temperatures below ~1100°C according to thermodynamic calculations. However, 
distinct thermal segregation and precipitation probability were not introduced by the GBE 
treatments evaluated by scanning auger microscopy analyses on in-situ fractured samples (not 
reported here). The only significant change induced by the GBE-treatments is the greatly 
increased fraction of low-Σ CSLBs and decreased fraction of random boundaries. Although there 
is also a decrease in the fraction of Σ1 boundaries, the effect of these boundaries on properties is 
smaller than the others [117]. Generally, grain boundaries are fast diffusion paths. The low 
energies associated with the high population of low-Σ CSLBs do not favor fast diffusion, and 
thus decrease the overall diffusivity along grain boundaries, shifting the grain boundary 
diffusivity much closer to the bulk diffusivity. The lower global diffusivity through the sample 
decreased the outward transport of Fe in the GBE-treated alloy 800H sample, resulting in less Fe 
supplied to the GBE-treated sample surface compared to that on the AR sample. The reduced Fe 
resulted in a relatively higher oxygen activity promoting the formation of hematite instead of 
magnetite on the GBE-treated alloy 800H sample exposed to SCW (Figure A.119) [135]. 
Similarly, the inward diffusivity of O was also decreased in the GBE-treated sample, resulting in 
less oxidation in the inner layer of the oxide scale (Figure A.119 (c)). 
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Figure A.121 shows the volume thermal expansion coefficient (αv) of alloy 800H [106] and 
the specific oxides hematite, magnetite, and spinel [136]. The pressure effect on av is negligible 
due to relatively low testing pressure (~25 MPa) and the similar bulk modulus of these oxides 
[137,138,139].  The values of αv for hematite and spinel decrease with a similar trend in 
transitioning from the testing temperature to room temperature. However, the trend of the αv of 
magnetite becomes significantly different from that of spinel and hematite for temperatures 
below ~400 °C. The significant difference in the αv of magnetite and spinel may have led to the 
sharper strain change at the spinel-magnetite interface for the AR sample (Figure A.119 (b) and 
Figure A.120). The smaller αv difference between hematite and spinel, as well as the decreased 
fraction of spinel, may have alleviated the strain at the spinel-hematite interface on the GBE-
treated sample (Figure A.119 (d) and Figure A.120). Furthermore, hematite has a higher thermal 
conductivity (12.6 W/m-K) than magnetite (5.0 W/m-K) [140], and more rapidly dissipates heat, 
resulting in a higher strain intensity in the outer layer (hematite). This increased strain intensity 
in hematite further decreased strain change at the inner-outer interface (the spinel-hematite 
interface) on the GBE-treated sample (Figure A.120). The strain distribution (Figure A.120) and 
αv of the oxides (Figure A.121) support experimental observations that oxide exfoliation 
occurred mostly at the spinel-magnetite interface, and somewhat less frequently at the magnetite-
hematite interface in AR samples. 

 
Figure A.121  Volume thermal expansion coefficient (αv) of alloy 800H [1] and oxides 
such as Fe2O3 (hematite), Fe3O4 (magnetite), and FeCr2O4 (spinel) [31] 

 

To understand the growth behavior of the oxides, oxide texture was analyzed based on EBSD 
data. Inverse pole figures (IPF) of magnetite and hematite for samples 3L and G4L, as shown in 
Figure A.122, were used as examples to show oxide texture for AR and GBE-treated samples, 
respectively. According to the specimen layout during EBSD analysis, which is schematically 
shown in Figure A.119, the directions parallel to the oxide growth and oxide surface are defined 
as TD [010] (transverse direction) and RD [100] (rolling direction), respectively. As shown in 
Figure A.122, both magnetite and hematite have texture on samples 3L and G4Lalong the TD 
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[010] and RD [100] directions. However, the oxide texture intensity (defined as the ratio of 
measured intensity to the intensity of a random orientation) for sample 3L is stronger than that of 
sample G4L, as can be noted on the corresponding texture intensity scale bar. 

 
Figure A.122  Inverse pole figures of magnetite and hematite in 3-week SCW-exposed, AR (3L) 
and 4-week SCW-exposed, GBE-treated (G4L) samples along the direction parallel to oxide growth 
transverse direction (TD), [010] and oxide surface rolling direction (RD) [100] 

The maximum texture intensities of magnetite and hematite for samples 3L and G4L along 
the TD [010] and RD [100] directions are plotted in Figure A.123 for comparison. The AR 
sample (3L) had a stronger texture than the GBE-treated sample (G4L), and the intensity of 
hematite texture was greater than that of the magnetite texture. For sample 3L , the texture along 
the RD [100] direction was stronger than that along the TD [010] direction, especially for 
hematite, which had texture intensity along the RD [100] of about 3 times that along the TD 
[010]. In contrast, the texture intensity was similar along the RD [100] and TD [010] directions 
for sample G4L. These results indicate the oxide formed on sample 3L was more anisotropic 
than that on the GBE-treated G4L sample. 

 
Figure A.123 Maximum texture intensity (times of random orientation) of magnetite and hematite 
on 3-week SCW-exposed, AR (3L) and 4-week SCW-exposed, GBE-treated (G4L) samples along 
the direction parallel to oxide growth TD [010]) and oxide surface RD [100]). 
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It has been reported that anisotropic energy of GBs results in anisotropic texture development 
[141,142]. In addition, grain boundary energy is related to growth stress (intrinsic stress) [143]. It 
is suggested that the strong anisotropic oxide texture developed on the AR samples, especially 
that of hematite as shown in Figure A.123, may anisotrpically increase the growth stress and thus 
promote oxide scale cracking and exfoliation. GBE tunes the GBCD, and thus the grain 
boundary energy distribution. GBs with relatively isotropic energy may be promoted after 
thermomechanical processing, which results in an oxide growth favoring improved exfoliation 
resistance. Therefore, the lower level of oxide exfoliation that occurred on GBE-treated samples 
may be attributed to the relatively isotropic oxide texture. Moreover, the smaller hematite grain 
size on GBE-treated samples, as shown in Figure A.119, could alleviate growth stress buildup 
[144] and thus benefit exfoliation resistance. 

 

A.7.3.12 Effect of Shot Peening on Corrosion/Oxidation of Alloy 800H [145] 
Another possible method to mitigate oxide exfoliation is to introduce compressive stresses at 

the surface. Shot-peening (SP) is a cold-working process to achieve this objective. As a bead 
peens on the sample surface, a dimple is generated, leading to a stretched surface and introducing 
compressive stresses. Additionally, SP may alter the microstructure of the oxide scale grown on 
the alloy because surface grains are generally refined into sub-micron to nano-sized grains [146]. 
The grain refinement mechanism involves dislocation activities, resulting in subgrain boundaries 
and thus evolving into nano- and sub-micron grains [147]. It has been reported that SP increases 
hardness and durability, fatigue life [148], SCC resistance [149], and closing of porosity [150]. 
This work was performed to study the effect of SP on oxidation behavior, particularly the 
resistance to oxide exfoliation, of the important engineering alloy 800H. 

 

A.7.3.13 Shot peening of alloy 800H 
Rectangular coupons (31.7 x 12.7 mm) with a thickness of ~1 mm were cut from the AR 

alloy and polished to a 1 µm finish with diamond paste; these coupons are referred to as AR 
samples. Half of the AR samples were subjected to SP treatment with ~500 µm diameter 
stainless-steel beads at ~0.3 MPa for 3 seconds.  These samples are denoted as SP samples. 

 

A.7.3.14 Supercritical-water tests 
Weight change of AR and SP samples exposed to SCW is shown in Figure A.124. A large 

weight gain variation was observed for AR samples. In contrast, the limited weight gain data of 
shot-peened samples approximately follow a linear rate law and the weight gain is only about 
1/10 of the AR samples. Longer SCW exposure testing (up to 3000 h) is being performed to 
understand the trends. 
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Figure A.124 Weight change of AR, solid squares) and SP (solid circles) samples subjected to SCW 

exposure at 500°C 

 

XRD in grazing-incidence mode (0.5°) and conventional mode (θ-2θ) were used to 
characterize grain size and microstrain in the surface of shot-peened samples by using the 
Williamson-Hall method [151].  The analyzed results of shot-peened and SCW-exposed, shot-
peened (SP-SCW) samples are summarized in Table A.14.  Based on X-ray attenuation in alloy 
800H, the analytical depths of grazing-incidence mode and conventional mode are ~31 nm and 
~4.6 µm, respectively.  The results indicate that SP performed on alloy 800H resulted in a nano-
crystalline surface.  Grain size decreases and microstrain increases approaching the surface.  
SCW exposure resulted in some grain growth and strain alleviation. 

 
Table A.14  Grazing-incidence (0.5°) and conventional (θ-2θ) XRD of shot-peened and the SCW-

exposed, shot-peened (SP-SCW) alloy 800H samples 
SP SP-SCW 

XRD Analyzed Depth (nm) Grain Size (nm) Strain (%) Grain Size (nm) Strain (%) 
GI (0.5°) ~31 15 0.39 55 0.23 
θ-2θ ~4600 21 0.31 1231 0.003 

 

Surface morphologies of shot-peened samples prior to and after SCW exposure, and the AR 
sample after SCW exposure, are shown in Figure A.125.  TheSEIs show abundant dimples on the 
shot-peened sample surface (Figure A.125 (a)) and some dimples are overlapped, introducing 
cracks (Figure A.125 (b)).  The SCW-exposed, shot-peened sample surface shows a fine, 
compact oxide scale with a small amount of large oxide particles sparsely distributed close to the 
cracks (Figure A.125 (c)).  In contrast, the AR sample after the same period of SCW exposure is 
uniformly covered with large oxide particles (Figure A.125 (d)). 
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Figure A.125  Surface morphologies of shot-peened samples prior to ((a) and (b)) exposure to SCW at 
500°C for 667 h; (SP-SCW, (c)) after SCW exposure ; and the AR sample (AR-SCW, (d)) after SCW 

exposure 

 

Following SP, a deformation zone depth of ~70 µm was observed on the surface of the shot-
peened sample.  Fine microstructures of the shot-peened samples prior to and after SCW 
exposure are shown in Figure A.126.  SEIs of the cross-sectional samples indicate the shot-
peened surface is composed of two microstructure regions: an ultra-fine grained region at the 
surface and a sequential transition region in the subsurface, where many slip bands were 
observed.  This is consistent with observations of a shot-peened, low-carbon steel analyzed by 
positron lifetime spectroscopy [152].  Surface cracks induced by overlapped dimples were also 
observed, and usually have a penetration depth of ~1 µm.  After SCW exposure, noticeable 
grains and twins in nano and sub-micron size were observed close to the surface (Figure A.126 
(b)).  In addition to the thin oxide scale formed on the surface (~0.5 µm), oxidation also occurred 
along the cracks and resulted in a thicker oxide scale compared to that at the surface (Figure 
A.126 (b)).  Cracks induced by the overlapped dimples did not deteriorate the overall oxidation 
performance of the shot-peenedsamples within the period of SCW exposure. 

 

 
Figure A.126  SEIs of cross-sectional shot-peened samples (a) prior to, and (b) after, SCW exposure at 

500°C for 667 h. (Metal substrate is on the left side) 
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Additional morphologies of the oxide scales formed on SP samples exposed to SCW at 
500°C for 667 h are shown in Figure A.127.  Figure A.127 (a) and (b) exhibit compact and 
continuous oxide scales on the surfaces, with a large open crack and a small close crack, 
respectively, induced by the overlapped dimples. Oxide freely formed inside the large open crack 
as it did on the surface. In contrast, oxidation was suppressed inside the small close crack. In 
addition to the compact oxide scale, porous/cracked oxide scales were observed on SCW-
exposed, SP samples, as shown in Figure A.127 (c) and (d). 

The oxide scales formed on SCW-exposed AR and shot-peened samples were analyzed by 
EDS mapping. EDS maps of the major components, such as O, Fe, Ni, and Cr, and 
corresponding SEIs of AR and SP samples are shown in Figure A.128. The thicknesses of the 
oxide scales on AR and SP samples are ~3 to 4 µm and ~1 to 2 µm, respectively. The EDS maps 
indicate the oxide scale on the AR sample is composed of two layers: an outer Fe oxide and an 
inner Ni-Cr and Fe-Cr spinel oxide (Figure A.128 (a)). Chromium is slightly enriched at GBs 
and some domains in the inner layer (low contrast in the SEI, Figure A.128 (a)). Compared to the 
AR sample, the oxide scale on theshot-peened sample is also composed of two layers. By 
associating the EDS maps with the grazing-incidence diffraction results, the oxide scale is 
identified as an outer Cr-rich spinel and an inner Cr oxide. Slight Ni-enrichment in the metal was 
observed beneath the oxide scale (high contrast in the SEI, Figure A.128 (b)). Combined with the 
XRD analysis, the components of the oxide scales are listed in Table A.15. 

 

 
Figure A.127  Morphologies of oxide scales formed on SP samples exposed to SCW at 500°C for 667 h 
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Figure A.128  EDS mapping of cross-sectional samples of (a) AR and (b) SP samples exposed to 
SCW at 500°C for 667 h.  (Metal substrate is on the left side). 

 

Table A.15  Oxide microstructure of AR and SP samples exposed to SCW at 500°C.  Species in bold 
denote enrichment. 

Sample Thickness (µm) Major Oxides (metal → surface) 

AR ~3-4 (Ni,Cr)3O4, FeCr2O4, Fe3O4, Fe2O3 
SP ~1-2 Cr2O3, FeCr2O4 

 

A.7.3.15 Effect of grain size 
The result of SCW testing indicates that SP of alloy 800H resulted in different oxide 

microstructure compared to AR samples. As summarized in Table A.15 for the SCW testing, the 
thickness of oxide scale on SP samples was reduced to about half of that on AR samples. The 
microstructure of the oxide scale on SP samples is simpler and dominated by Cr-rich oxides. The 
presence of Cr2O3 at the interface between the oxide scale and the metal for SP samples is 
consistent with observations of Matsuo et al., who studied steam oxidation tests of 18Cr-10Ni 
austenitic steels [153]. 

The difference in oxide microstructure mainly results from the grain size effect on Cr flux, 
since Cr has the highest diffusion coefficient in this system [154]. Based on the equations of Cr 
flux via lattice and GBs for a semi-infinite geometry, assuming negligible transfer to and from 
the grain [155,156], 

  (14) 

  (15)the flux ratio of Cr will be: 
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  (16) 

where d is grain size; w is grain boundary width, which is usually about 0.5 nm [157], DL and DB 
are the lattice and grain boundary diffusion coefficients CB and C1 are the bulk concentration and 
fixed surface concentration; and t is the period of oxidation. Since Incoloy alloy 800 has the 
same chemical composition as alloy 800H, the diffusion coefficients of Cr via lattice and GBs in 
Incoloy alloy 800 are [158]: 

  (17)

  (18) 

and should be applicable for alloy 800H. Thereby, the Cr flux ratio (jB/jL) as a function of grain 
size (d) can be calculated and is plotted in Figure A.129. The fraction of the Cr flux via GBs, 
[jB/(jB+jL)], as a function of grain size (d) for alloy 800H is also plotted in Figure A.129. As the 
grain size decreases from ~100 µm for AR samples to ~20 nm for shot-peened samples, the Cr 
flux ratio (jB/jL) increases from ~0.001 to ~5 and the fraction of Cr transported via GBs increases 
from ~0.1% to ~80%. The significantly increased Cr flux via GBs due to grain size refinement 
greatly promotes formation of the predominant Cr-rich oxide on shot-peened samples. 

 

 
Figure A.129 Flux ratio of Cr via GB/Lattice (jB/jL) and Cr flux via GB [jB/(jB+jL)] as a function of 

grain size 

 

The formation of Cr-rich oxides, such as Cr2O3 and FeCr2O4, improved not only oxidation 
resistance, but also oxide exfoliation resistance because of the small difference in volume 
thermal expansion coefficients between the oxides and the metal, as shown in Figure A.121. 
Thus, oxide exfoliation induced by thermal expansion mismatch was mitigated by SP due to the 
absence of Fe3O4 (Table A.15). The grain size of the oxide scale formed on the shot-peened 
samples is much smaller than that on AR samples, which is beneficial for mitigating oxide 
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exfoliation induced by thermal shock. This is because the thermal conductivity of the fine-
grained surface layer clearly decreases if compared with that of coarse-grained samples, due to 
the larger volume fraction of interfaces in the ultrafine-grained layer [159]. 

 

A.7.4 Summary 
Incoloy alloy 800H is one of the candidate materials for use in Generation IV nuclear 

reactors due to its high strength and corrosion resistance at high temperatures. To verify its 
corrosion performance, SCW testing was performed at 360, 500, and 600°C, with two levels of 
dissolved oxygen concentration (25 ppb and 2 ppm). Measurement of weight change due to 
SCW exposure indicates a large fluctuation for samples in the AR condition. The low-
temperature (360°C) and rough samples (600 grit) had a small weight change, within ±0.05 
mg/cm2, during exposure testing. Microstructural analysis of the oxide scales revealed extensive 
oxide exfoliation on the alloy exposed to SCW at 500 and 600°C, which is consistent with the 
large fluctuation in weight change data. To mitigate oxide exfoliation on alloy 800H in the AR 
condition, GBE and SP were developed in this work. 

GBE was applied to alloy 800H by means of thermomechanical processing to improve 
protective oxidation behavior. The GBCD of GBE-treated samples was optimized to possess a 
greatly increased fraction of low-Σ CSLBs and decreased fraction of general boundaries. The 
optimized GBCD is sustainable at temperatures up to 760°C. The SCW testing results indicate 
extensive oxide exfoliation occurred on AR samples, but not on GBE-treated samples. Oxide 
scales in a layer structure formed on both AR and GBE-treated samples, with the outer layer 
composed of hematite and magnetite and the inner layer composed of a mixture of austenite 
(substrate) and spinel at 500°C. The oxide scale on the AR samples?? had a sharper strain change 
and anisotropic strong texture compared to that on GBE-treated samples, and led to the oxide 
exfoliation that occurred on AR samples. The protective oxidation behavior of GBE-treated 
samples represented by improved exfoliation resistance and slower oxidation rate (thinner inner 
layer) is believed to be attributed to the highly increased population of low-Σ CSLBs. 

The effect of SP on oxidation behavior was studied using SCW testing. It was found that an 
~70 µm deformation zone depth was produced by SP processing of alloy 800H. The deformation 
zone is composed of two microstructural regions: an ultrafine-grained region at the surface and a 
sequential transition region in the subsurface. The thickness of oxide scale formed on shot-
peened samples in SCW testing is about half that on AR samples. The oxide scale on shot-
peened samples is simpler and dominated by Cr-rich oxides, such as Cr2O3 and FeCr2O4. The 
ultrafine grains induced by SP increased the population of GBs, resulting in an increased Cr 
diffusivity to assist in the formation of Cr and Cr-rich oxides. Oxide exfoliation induced by 
thermal expansion mismatch was greatly mitigated by preventing the formation of magnetite 
(Fe3O4) on shot-peened samples. 
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A.8 Microstructure and corrosion of austenitic steel D9 in SCW 

A.8.1 Introduction 
D9 (Fe-15Cr-15Ni) steel can be classified to a particular group of austenitic stainless steels 

with a composition range close to commercial austenitic stainless steel 316 (UNS S31600), but 
modified by Ti and/or Nb addition.  TiC and/or NbC precipitates are employed [160] in these 
steels mainly to reduce void swelling [161,162], reduce helium embrittlement [163,164], and 
precipitate strengthening [165].  D9 steels are under investigation for use in structural materials 
of fast breeder reactor cladding and duct programs. 

The purpose of this study was to investigate the corrosion behavior of candidate austenitic 
stainless steel D9 for use in SCW environments.  Corrosion experiments were performed at 360, 
500 and 600oC.  Corrosion rates were evaluated in terms of weight gain measurement.  The 
microstructure and composition evolutions of D9 pre-and post-corrosion were examined and 
compared to explore corrosion mechanisms of this type of steel in SCW. 

 

A.8.2 Experimental 
Chemical composition of the AR austenitic steel D9 is listed in Table A.16.  For comparison, 

the chemical composition of the austenitic steel 316 is also listed. 
Table A.16  Chemical composition of the austenitic steel D9 and 316 

Alloy B C N Al Si P S Ti V Cr Mn Co Ni Cu Mo Ta 
D9 .0005 .039 .004 <.01 .8 .005 .003 .34 .01 13.7 2.03 <.01 15.8 <.01 1.65 <.01 
316 - .017 .053 <.01 .55 .025 .002 <.01 .06 17.29 .91 .11 10.9 .24 2 <.01 

 

TiC precipitation was controlled by thermomechanical treatment in this family of steels 
[160].  The plate D9 was heat treated at 1038oC for 10 min, and then quenched.  A subsequent 
cold-work was specified to be 20 +/- 2 % on the plate to obtain the specimen material. 

The AR material was cut into test samples with dimensions of 31.8 mm x 12.7 mm x 0.5-1.0 
mm, ground progressively with SiC paper, and final polished with a 1 µm diamond paste.  
Corrosion experiments were performed in a SCW corrosion loop at 360, 500 and 600oC at 25 
MPa pressure for exposure durations of up to 1026 h.  For ~500 h and ~1000 h exposure 
experiments, the test materials underwent a cooling and reheating after exposures at ~170 h and 
~333 h, respectively, due to sample replacement.  Dissolved oxygen concentrations at the inlet of 
the test section were 10-25 ppb for the test at 500oC and approximately 50 ppb for the test at 
600oC.  At the same time, a SCW corrosion test with a high inlet dissolved oxygen concentration 
of ~2000 ppb was also conducted.  The 25 ppb tests were expected to be more typical of 
operating conditions in a SCWR.  The 2000 ppb test was performed to bracket the possible 
maximum oxygen concentrations with radiolysis present. 

After exposure, the extent of oxidation was evaluated by weight change measurement using a 
Scientech SA-80 Milligram Balance with an accuracy of 0.1 mg.  Transmission electron 
microscopy (TEM) samples were prepared by mechanical thinning, followed by argon ion 
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milling to achieve electron transparency.  A liquid-nitrogen cooled stage, a low ion-milling 
current/voltage, and a low sputtering angle were used to keep the sample cool during thinning, to 
minimize specimen damage.  Electron diffraction and diffraction-contrast imaging investigations 
were conducted in a CM200 transmission electron microscope operated at 200 kV.  A LEO 1530 
Field Emission scanning electron microscope [SEM], equipped with a TexSEM Laboratories 
orientation imaging microscopy (OIM) system and an EDS system, was used to obtain 
crystallographic information, plan and cross-section morphologies, and chemical composition 
profiles from pre- and post-corroded samples.  Surface oxide phases were identified using a 
STOE, high-resolution x-ray diffractometer with a Cu Kα radiation source. 

 

A.8.3 Results and Discussion 
A.8.3.1 Microstructure of as-received D9 
The TEM image in Figure A.130 shows a typical example of the AR D9 microstructure.  

After 15% cold work, the dislocation density was very high and dislocation distribution was 
uniform. 

 
Figure A.130  High density dislocation network, deformation faults and twins with fine dispersive TiC 

precipitates. 

 

Deformation twins and faults were copiously created during the cold working.  Fine 
dispersive particles, which are believed to be TiC particles in this particular steel, can be 
recognized by their black dot contrast as  shown by the arrows in Figure A.130.  The diameters 
of these particles in spherical shape range from 1 to 15 nm.  Such finely dispersed TiC particles 
were homogeneously distributed throughout the specimen material.  Little depletion of TiC 
precipitates was found close to the grain boundaries. 

0.2 µm 
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An EBSD mapping was performed on AR austenitic steel D9 to measure crystal orientation 
and collect grain boundary information.  GB and grain orientation information for D9 are given 
in the Figure A.131. 

 

  
(a) (b) 

Figure A.131  (a) EBSD map and (b) inverse pole figure showing the boundaries and orientations of 
austenitic grains in D9.  (The boundaries in the EBSD map were segmented using black lines.  Minimum 
boundary misorientation was defined as 10o and neighboring points having a misorientation less than 10o 

were ignored.) 

 

Equiaxed austenitic grains ranging from 1 to 20 µm are dominant in D9.  However, a large 
amount of subgrains, which are parts of grains only slightly disoriented from other parts of 
grains, could be observed through the material as shown in Figure A.131 (a).  A strong texture 
with preferential orientation to (101) plane was as indicated in Figure A.131.  Austenitic steel D9 
is designed to establish dislocation networks via cold work coupled with TiC precipitates.  Such 
a constitution of material microstructure is believed to be the main reason for creep strengthening 
[166,167,168] at elevated temperatures.  Furthermore, GBs and subgrain boundaries act as 
pinning points, impeding further dislocation movement in a continuous slip plane and 
propagation, thus increasing yield strength.  On the other hand, diffusion proceeds more rapidly 
along the GBs because it is a zone of crystal imperfections and lower packing.  Enrichment of 
the boundary area and defects have significant influence on corrosion behavior of the material. 

 

A.8.3.2 Corrosion in SCW at 500oC 
Figure A.132 (a) and (b) show typical surface morphologies of oxide scales developed on D9 

alloy after exposure to SCW with ~25 ppb oxygen concentration at 500oC for 172 h and 1026 h.   

 

10 µm 
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(a) (b) 

Figure A.132  Surface morphologies of D9 after exposure to SCW at 500oC with ~ 25 ppb dissolved 
oxygen  (a) Surface morphology after exposure 172 h; and (b) after exposure for 1026 h 

 

In general, the oxide formed on the D9 alloy was uniform and densely covered the original 
bulk alloy.  Some localized discontinuities in the oxide layer occurred in the early stages of 
corrosion (Figure A.132 (a)).  This discontinuity might result from the slow growth of oxides in 
the corresponding area, and was not observed in the alloy after longer exposure durations.  No 
spallation was observed on the top surface of the specimen after exposure to SCW for up to 1026 
h. 

 

 
(a) 

 

 
 

(b) (c) 
Figure A.133  (a) Cross-sectional morphology of the D9 sample after exposure to SCW at 500oC with ~ 
25 ppb dissolved oxygen for 505 h, (b) EDS mapping showing element distribution of area between two 

nodules, and (c) major elemental profile across the oxide thickness of a nodule after exposure to SCW for 
505 h 

O Cr 
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The SEM morphology of a region of the oxide scale in cross section on the D9 sample after 
exposure to SCW is shown in Figure A.133 (a).  To study the element distribution of an area 
between two nodules, an EDS mapping was taken from the area as denoted by a rectangle in 
Figure A.133 (a) and exhibited in Figure A.133 (b).  A typical elemental composition versus 
depth profile taken along a solid arrow (in yellow color shown in (a)) within a nodule is shown in 
Figure A.133 (c). 

Figure A.133 shows the nodular structure of the oxide scale.  The size of these nodules is in 
the range of 5 to10 µm, which is comparable to that of the base austenitic grains (in Figure 
A.131).  Several cracks, indicated using the open arrows, were channels for fast diffusion.  
Cations migrated along these channels toward the surface, ended at areas between nodules, and 
left long cavities behind.  The EDS elemental map in Figure A.133 (b) reveals that Ni and O 
contents were relatively high, while Cr was depleted at these regions.  Such phenomena could be 
associated with the more rapid short-circuit diffusion of elements at these areas.  In short, all 
imply that such nodular joint regions have relatively high density of GBs.  The composition 
depth profile in Figure A.133 (c) indicates that oxide scale grows in a duplex structure, with an 
outer Fe oxide layer with a Fe:O ratio close to 3:4, and an inner Fe, Cr, Ni oxide layer.  A slight 
hump in the Ni concentration next to the metal indicates the slow outer diffusion of Ni in the 
inner oxide in comparison to Fe.  Correspondingly, the nodular joint regions formed thinner scale 
where Ni was enriched, implying that increased Ni content increases corrosion resistance.  
Within the inner layer of a nodule, both Fe and O concentrations appear to change gradually 
across the thickness, while Cr levels remained constant.  To better understand the microstructure 
and phases,  TEM, associated with selected area diffraction (SAD) examination, was performed 
across one of the nodules and the results are shown in Figure A.134. 

  
(a) (b) 

Figure A.134  TEM images with SAD patterns showing the microstructure and phase information at both 
sides of (a) the interface between the outer Fe3O4 layer and inner Fe, Cr, Ni oxide layer, and (b) the 

interface between the inner Fe, Cr, Ni oxide layer and D9 substrate. 

 

The straight interface of the outer and inner oxide layers in Figure A.134 (a) is believed to be 
the original sample surface.  The outer oxide layer consisted primarily of large, well crystallized 
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magnetite grains, as indicated by the TEM image and the insert SAD pattern in the lower left 
corner.  The inner layer, on the other hand, is a mixed Fe, Cr, Ni oxide layer with a very fine 
grain size in nanoscale, as indicated in upper corner SAD pattern. 

The TEM image in Figure A.134 (b) shows the microstructure of the oxide close to the 
austenitic substrate.  In this region the Fe, Cr, Ni oxide was identified to be spinel by the SAD 
pattern (lower left insert).  Unlike the area close to the outer/inner layer interface, this region also 
exhibited an austenitic substrate phase.  Moreover, the SAD orientation analysis indicates the 
inner oxide layer grew with the same aligned crystallographic orientation as the substrate.  
However, despite very strong electron diffractions from this region, indicating the existence of 
both austenite and spinel phases, the phases could not be differentiated clearly on the TEM 
image. 

The internal oxidation zone/metal interface was identified using electron diffraction patterns.  
As a result, an approximate boundary was plotted by a dashed line in Figure A.134 (b).  On the 
base metal side of the interface, austenite phase became dominant, but a relatively weak pattern 
from oxide precipitates was still detected.  This implies no exact barrier boundaries were 
established in this area and that oxygen penetrated deeply into the substrate.  In addition, many 
cracks and microcracks developed along the internal oxidation/metal interface and the region 
shows a delamination tendency during the cooling.  Since such areas are not short-circuit 
diffusion channels, the mismatch of thermal expansion coefficients between the oxides and the 
metal appears to be the major reason for crack development. 

When the dissolved oxygen concentration was increased to ~2000 ppb, the austenitic alloy 
D9 presented a much different corrosion behavior in 500oC SCW.  Plan view SEM images in 
Figure A.135 show surface morphologies for D9 samples after exposure to SCW at 500oC with 
high oxygen for 168 h and 503 h.  The 503 h-exposed corrosion coupon was submitted for cross-
sectional examination using SEM; morphologies for the oxide scale without spallation and with 
spallation are shown in Figure A.136 (a) and (b), respectively. 

 

 
(a)  

 
(b) 

Figure A.135  Surface morphologies of D9 after exposure to SCW at 500oC with ~ 2000 ppb dissolved 
oxygen.  (a) Surface morphology after exposure for 168 h (1’. region with oxide grains growing rapidly; 

2’. region with slow grain growth; 3. region with spallation involved) (b) Surface morphology after 
exposure 503 h 
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(a) 

 
(b) 

Figure A.136  Cross-sectional morphologies of (a) non-spalled and (b) most spalled-off oxide scales for 
D9 after exposure to SCW at 500oC with ~ 2000 ppb dissolved oxygen for 503 h 

 

In the early stage, the rates of oxide growth were different from the local surfaces in higher 
oxygen SCW environments.  Figure A.135 (a) shows two different regions: region 1’[figure 
shows a prime symbol following the numbers 1 and 2] is a fast growing area and consisted of 
thicker oxide, and region 2, which developed with very fine oxide and thin oxide film.  After a 
substantial exposure period, the growth in the thinner oxide film area eventually caught up and 
formed a uniform oxide scale on the non-spallation surface of D9 substrate.  Figure A.136 (a) 
shows local cross-sectional morphology for the non-spallation region, where the oxide scale is ~ 
3 µm in thickness and appears uniform.  Nodular structure, as typically occurs in low oxygen 
environments for this alloy, could not be found in this case. 

SEM images of region 3 in Figure A.135 (a) and (b) indicate severe spallation of the outer 
oxide film occurred regardless of shorter (168 h) or longer (503 h) exposure time.  Comparing 
the non-spalled oxide scale in Figure A.136(a) with that spalled-off region in Figure A.136 (b) it 
can be seen that crakes and cavities were mostly developed in the same region and the oxide 
scale detached mainly at this plan from its substrate.  To understand the reason for the severe 
oxide scale spallation, cross-sectional oxide structure and elemental compositions were 
investigated. 

Based on the major elemental profile across the whole oxide thickness in Figure A.137, we 
can identify a four-layer structure for D9 alloy after exposure in high-oxygen SCW.  The outer 
layer, labeled 1 in Figure A.137, is ~ 1 µm in thickness and consisted of 67 at.% [at.% should be 
consistent throughout document] oxygen and 34 at.% chromium and iron; layer 2 is ~ 0.8 µm 
with a composition close to (Fe,Cr,Ni)3O4; layer 3 is ~ 0.4 µm with nickel increased and oxygen 
depleted; and the innermost, layer 4, is about 0.5 µm in thickness and is likely the internal 
oxidation layer in which oxygen concentration regained. 
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Figure A.137  Major elemental profile across the entire oxide thickness for D9 after 
exposure to SCW at 500oC with ~ 2000 ppb dissolved oxygen for 503 h 

 

XRD analysis of the sample surface was conducted and the results are shown in Figure 
A.138.  EBSD pattern and corresponding OIM simulation in Figure A.139 taken from layer 1 
indicating the presence of hematite.  Further microstructure, phase and composition 
characterizations were performed using TEM/SAD/EDS and the results are shown in Figure 
A.140. 

 

 
Figure A.138  XRD results from the D9 sample surface, after exposure to SCW with 2000 ppb dissolved 

oxygen for 503 h 
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Figure A.139  EBSD pattern and corresponding OIM simulation taken from layer 1 indicating the 

presence of hematite 

 

 

(a) (b) 
Figure A.140  (a) TEM image associated with the SAD patterns showing microstructure and phase 
information for oxide scale formed on the D9 sample. (b) EDS spectrum showing the elements in 
layer 3 

 

XRD results showed that three phases, including hematite, spinel (or magnetite) and 
austenite, could be identified.  The EBSD pattern taken from the outer layer 1 and the 
corresponding OIM simulation results, shown in Figure A.140 (a) and (b), respectively, reveal 
hematite is the dominant phase in this layer.  The insert SAD images in Figure A.140 (a) indicate 
that layer 2 and layer 3 are spinel and amorphous phase, respectively. 

Figure A.140 (a) clearly shows that the spinel layer 2 is well crystallized and formed by large 
grains.  The amorphous layer 3 is ~ 0.4 µm in thickness and the oxygen content is fairly low, as 
shown in the EDS spectrum in Figure A.140 (b).  It is most likely that the amorphous layer 
formed in the early stage of SCW exposure, and thereafter the growth of the hematite and spinel 
layers depended on outward diffusion of cations through this uniform and probably dense 
amorphous layer.  In this case, the migration rates of cations and/or anions through this layer 
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might become the rate controlling step in the entire oxidation, and short-circuit boundary 
diffusion was minimized.  Evidence for this is that the nodular structure being observed in the 
low-oxygen exposed D9 samples is not present in the high-oxygen exposed samples. 

The TEM image in Figure A.140(a) confirmed that delamination only occurred at the 
interface between the spinel and amorphous layers.  This is consistent with the observation from 
the SEM image in Figure A.136, where cracks are present close to the oxygen depletion layer.  
Due to the very low oxygen content in the amorphous layer, huge differences in thermal 
expansion coefficients between spinel and the metallic amorphous phase can be expected.  The 
mismatch and subsequent accumulated stresses at this interface, particularly during the cooling 
process, may be one of most probable reasons for spallation of the outer oxide layers in D9.  
Figure A.136 (b) shows no new oxide on the exposed area after large pieces of scale had spalled, 
implying the spallation occurred during cooling as well. 

 

 
Figure A.141  Weight gain as a function of time for austenitic steel D9 after exposure to SCW 
at 500oC with ~ 25 ppb inlet oxygen concentration (labeled as red circles)and ~ 2000 ppb inlet 
oxygen concentration (labeled as grey triangles) 

 

Figure A.141 shows the weight gain of D9 after exposure to SCW at 500oC with ~ 25 ppb 
and ~ 2000 ppb inlet oxygen concentrations.  For exposure in the low-oxygen regime, the limited 
weight gain data shown in Figure A.141 indicate the oxidation is temperature dependent and 
reasonably predictable.  The time exponent, n, obtained by fitting the weight gain data using the 
following generalized equation, 

 ΔW = kp tn (19) 

which is usually employed to evaluate high temperature oxidation kinetics, is 0.35.  In Equation 
(19), ΔW is weight change (mg/cm2), kp is the rate constant, and t is exposure time (h).  The 
weight gain data suggest the oxidation rate of D9 follows the power laws and is between cubic 
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and parabolic growth behaviors.  The corrosion samples exhibited a continuous protective oxide 
film on the steel surface. 

Increasing the inlet oxygen concentration led to a much less predictable behavior in the 
weight gain due to oxidation.  The main reason for the fluctuation in weight gain for D9 alloy in 
SCW is spallation of its outer oxide layers during exposure or during cooling. 

A.8.3.3 Corrosion in SCW at 600oC 
At 600oC, the stability of oxide scale developed on D9 samples is comparable to those 

exposed at 500oC, and no spallation could be found.  The surface oxide grains, however, had 
increased significantly in size as shown in Figure A.142. 

 

 
Figure A.142  Surface morphologies of D9 after exposure to SCW at 600oC with ~ 25 ppb inlet dissolved 

oxygen for 1000 h 

 

 
Figure A.143  Weight gain as a function of time for austenitic steel D9 and 316 after exposure to SCW at 

600oC with ~ 25 ppb inlet oxygen concentration 
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Figure A.143 shows the limited weight gain data of D9 after exposure to SCW at 600oC with 
~ 50 ppb inlet oxygen concentration.  Although D9 is developed austenitic steel 316 and has a 
similar chemical composition, it was observed that D9 alloy gained much less weight compared 
to 316 and featured significantly improved corrosion resistance in SCW at 600oC.  Also shown in 
Figure A.143, both alloys follow the power laws, but D9 exhibits cubic and 316 parabolic growth 
behavior.  To study why D9 exhibited better performance in SCW, cross-sectional microstructure 
and composition examinations were performed on corroded D9. 

 

 
(a) 

 
(b) 

Figure A.144  (a) Cross-sectional morphology and (b) SEM image and EDS elemental mapping of the 
oxide layer formed on D9 alloy after exposure to SCW at 600oC with ~ 50 ppb inlet dissolved oxygen for 

1000 h 

 

Figure A.144 (a) and (b) show the morphology of oxide scale in cross section and EDS 
elemental mapping across the thickness for D9 after exposure to 600oC SCW for 1000 h.  An 
irregular oxide scale formed on the D9 alloy at 600oC.  The scale thickness ranged from ~10 µm 
to 50 µm.  Magnetite is dominant in the outer oxide layer [169].  A large number of cavities 
developed in the magnetite layer, mostly in the region of ~ 10 µm depth from the top oxide 
surface.  The formation of such cavities might correspond to thermal (or residual) stresses from a 
heating-cooling cycle during the corrosion test.  Examination indicated a magnetite layer of ~ 10 
µm thickness formed after exposure to 600oC SCW for 333 h.  The inner oxide layer shows 
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much less uniform thickness, ranging from 3 to 30 µm.  Spinel is likely dominant in this layer, 
since the oxide compounds can be expressed as M3O4 (M represents Fe, Cr, Ni, Mn and other 
minor elements) [169].  The internal oxidation zone was not able to be differentiated from the 
oxide scale in the oxidized specimen. 

Two regions with considerable difference in thickness, but similar to each other in  scale, 
were examined in cross section by SEM and EDS mapping; the results are shown in Figure 
A.144 (b).  The upper region is in a thinner oxide layer and the lower region in a formation of 
nodule structure with thicknesses up to 50 µm.  EDS mapping for the thinner scale, away from 
the thick nodular formation, clearly reveals a continuous Cr-rich and Fe- and Ni-depleted layer 
along the interface between the scale and base alloy.  Diffusion of Fe occurred through this Cr-
rich layer, leading to the formation of the outer magnetite layer.  In contrast, a Cr-rich layer at 
the alloy/oxide interface with sufficient supply of Cr was maintained, which mitigated the 
diffusion of oxygen. Therefore less oxygen was transported and was detected underneath the Cr 
oxide layer.  Consistent with this observation, a Cr-depleted region was observed on the alloy 
side of this Cr-rich interface, as Cr was incorporated into the scale due to its migration via rapid 
short-circuit diffusion.  An EDS spot was shot to examine the Cr-rich area.  According to the 
atomic ratio of metal to oxygen, the Cr-rich layer appears to be primarily made up of Cr2O3 
(chromia).  Adjacent to this region, Si is also slightly enriched.  A Si content of 0.8 wt% in an 
alloy is not sufficient for the formation of a continuous Si oxide layer.  Faster diffusion of Si 
along short-circuit diffusion paths allows quicker growth of silica in these local regions, leading 
to the formation of local silica intrusion into the alloy/scale interface.  The addition of Si might 
help to eliminate formation of Fe-rich oxide nodules on the alloy surface as well.  An 
explanation was given by Basu [170] that internal precipitates of silica, which form during the 
initial stages of oxidation, can aid the internal precipitates of chromia in undercutting the 
transient oxides.  In summary, the formation of a continuous chromia layer, probably 
incorporated with the formation of Si oxide, led to a much slower corrosion rate for D9 alloy in 
SCW at 600oC. 

A model by Basu et al. [170] suggested the grain size and internal precipitates, particularly 
chromia and silica, were responsible for the formation of a nodular oxide structure in austenitic 
steels.  According to this proposed mechanism, one possible explanation could be that for the 
cold-worked D9 alloy, the regionscomposed of a high volume fraction of small grains and with a 
very high density of dislocations exhibit accelerated enrichment of Cr and probably Si as well.  
Consequently, the formation of a continuous and thick chromia layer is enabled in such regions. 

On the other hand, EDS mapping for the thicker scale shows that no continuous Cr-rich layer 
formed.  Typically in the large grains, the flux of Cr depends more on the much slower bulk 
diffusion and consequently the Cr flux is usually too slow to form a continuous chromia layer 
below the faster growing oxides.  In those regions, the faster growing oxides will continue to 
grow, leading to the formation of a thicker layer.  In the present case, the thick, nodular structure 
most likely developed in such regions where the alloy grains were coarse and/or defects were 
much lower in density and not able to provide sufficient short-circuit paths. 
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A.8.4 Summary 
The corrosion behavior of austenitic alloys D9 have been characterized following exposure in 

SCW at 500 and 600oC with a dissolved oxygen concentration of 25 to 2000 ppb and a pressure 
of 25 MPa. 

At 500oC, corrosion resulted in a dual layer oxide structure in all austenitic alloys, with an 
outer Fe oxide layer and an inner Fe-Cr-Ni oxide layer.  The magnetite/spinel oxide layers were 
thin, and an even thinner hematite layer was observed on top of these layers during longer 
exposure periods.  Austenite GBs influenced the growth rate of the oxides, as evidenced by 
thinner oxide layers in regions where GBs intersected the metal/oxide surface. 

A high oxygen level resulted in the formation of a multilayer oxide scale in D9.  The layered 
structure includes hematite, spinel, a low-oxygen content amorphous layer and an internal 
oxidation layer.   Severe spallation of the oxide scale occurred in D9.  A huge mismatch between 
spinel and the amorphous layer might be one of the major causes of spallation. 

At 600oC, the D9 alloy showed excellent corrosion resistance, despite its lower Cr content.  
A dense, thick chromia layer formed along the interface of the outer oxide layer and substrate 
and protected the alloy well against further oxidation.  The smaller grains and high dislocation 
density may allow for sufficient supply of Cr due to short-circuit diffusion along GBs and 
dislocation pipes.  This appears to be the key factor resulting in the formation of a continuous 
protective chromia layer. 

 

A.8.5 References 
 

160  W. Kesternich, D. Meertens, Microstructural evolution of a titanium stabilized 15Cr-15Ni 
steel, Acta Metallurgica, 34 (1986) 1071. 

161  E. E. Bloom, J. O. Stiegler, A. F. Rowcliffe, J.M. Leitnaker, Austenitic stainless steels with 
improved resistance to radiation-induced swelling, Scripta Metallurgica, 10 (1976) 303. 

162  D.J. Mazey, D.R. Harries, J.A. Hudson, The effects of silicon and titanium on void swelling 
and phase stability in 12Cr-15Ni austenitic alloys irradiated with 46 MeV nickel ions, 
Journal of Nuclear Materials,  89 (1980) 155. 

163  E.E. Bloom, J.M. Leitnaker, ; J.O. Stiegler, Effect of neutron irradiation on the 
microstructure and properties of titanium-stabilized type 316 stainless steels, Nuclear 
Technology, 31 (1976) 232. 

164  W. Kesternich, M.K. Matta, J. Rothaut, Influence of TiC precipitation in austenitic stainless 
steel on strength, ductility and helium embrittlement, Journal of Nuclear Materials, 122 
(1984) 130. 

165  W. Kesternich, Precipitation mechanism of MC type carbide and its impact on strengthening 
of high temperature steels, Strength of Metals and Alloys - Proceedings of the 8th 
International Conference, 3 (1988) 1215. 

166  M. Hattestrand, M. Schwind, H.O. Andren, Mater. Sci. Eng. A250 (1998) 27. 
 



 

 
170 

 

167  K. Sawada, M. Takeda, K. Maruyama, R. Ishii, M. Yamada, Y. Nagae, R. Komine, Mater. 
Sci. Eng. A267 (1999) 19. 

168  G. Eggeler, Acta Metall. 37 (1989) 3225 
169  Y. Chen, K. Sridharan, A. Kruizenga, L. Tan, T. R. Allen, Corrosion behavior of austenitic 

alloys in supercritical water, Corrosion Science, submitted (2008). 
170  S.N. Basu and G.J. Yurek, Effect of alloy grain size and silicon content on the oxidation of 

austenitic Fe-Cr-Ni-Mn-Si alloys in pure O2, Oxidation of Metals, 36 (1991) 281. 



 

 
171 

A.9 Corrosion of SS316 and NF709 

A.9.1 Introduction 
Four austenitic alloys, 316, D9, NF709, and 800H, were investigated and compared in this 

study.  Grade 316, with the UNS designation S31600, is a typical commercial stainless steel used 
for high temperature and highly corrosive applications.  316 stainless steel offers superior 
corrosion resistance, good mechanical properties and acceptable fabricability.  D9 is part of a 
group of 15Cr-15Ni experimental austenitic alloys, having a composition range close to Grade 
316 alloys with the additional presence of TiC and/or NbC precipitates.  This alloy is subjected 
to initial cold working aimed to prevent corrosion, enhance strengthening, and  reduce void 
swelling and helium embrittlement [171,172,173].  D9 has attracted much interest in recent fast 
breeder reactor cladding and duct programs.  NF709, a 20Cr-25Ni novel austenitic alloy, is 
regarded as one of the best austenitic steels for elevated temperature applications because of its 
creep and corrosion resistance [174].  NF709 has a composition that distinguishes it from other 
20Cr-25Ni austenitic alloys, as it contains a unique combination of C and N together with Nb 
and Ti.  In this study, the tested NF709 plate was pre-rolled to 12.7 mm in thickness and then 
annealed at 1107oC for 20 min.  Alloy 800H, which has the UNS designation N08810, is a high 
Cr, high Ni, commercial austenitic alloy that has been broadly used in elevated temperature 
applications, such as furnace components.  Chemical compositions of the alloys are listed in 
Table A.1. 

 

A.9.2 Results and discussion 
A.9.2.1 Weight Change 
Weight gain results for the austenitic alloys after exposure to SCW at 500 and 600oC are 

shown in Figure A.145 (a) and (b), respectively. 

 

  
(a) alloys after exposure to SCW at 500oC (b) alloys after exposure to SCW at 600oC 

Figure A.145  Weight gain as a function of exposure time for austenitic steels D9, 316, NF709 and 800H 
after exposure to SCW at (a) 500oC with 25 ppb dissolved oxygen and (b) 600oC with ~50 ppb dissolved 

oxygen. 
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At 500oC, the largest weight gain due to oxidation was found in the D9 steel, which has the 
lowest bulk Cr.  Lowest levels of oxidation were observed in NF709 and 800H alloys, possibly 
because of their higher Cr and Ni contents.  However, the weight changes for Alloy 800H 
fluctuated and therefore are less predictable.  The weight gain data indicates much smaller 
weight gain increments for Alloy 800H, even after exposure to SCW for longer durations.  
Increasing the temperature to 600oC resulted in a significant increase in weight gain for all tested 
alloys.  Alloy 316 showed the highest weight gain at 600oC, and although the D9 alloy has lower 
bulk Cr and Ni contents than NF709, it showed significantly improved corrosion resistance at 
higher temperature.  However, as in the case of 500oC exposure, Alloy 800H exhibited 
fluctuations in weight gain after the 600oC exposure. 

 

A.9.2.2 Cross section of oxide formed at 500oC 
The cross-sectional microstructure of scale developed on 316 steel is shown in Figure A.146.  

To study the distribution of elemental composition in the oxide layer at the austenite/oxide phase 
boundaries and in the bulk region close to austenitic grain boundaries, EDS mapping was 
performed, as shown in Figure A.147. 

 
Figure A.146  Cross-sectional SEM image of 316 alloy after exposure to SCW at 500oC for 1026 h.  

(M1/S: edge of outer scale; O/I: interface of outer layer and inner layer; S/M2: phase boundary between 
scale and base alloy; GB: grain boundary.) 

 

 
Figure A.147  EDS mapping showing the elemental distribution for the oxide layer and subsurface 

regions for 316 alloy 
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The oxide layer exhibited a dual-layered structure, with an outer magnetite layer and an inner 
Fe-Cr spinel layer depleted of Ni.  Internal oxidation in the near-surface region was rarely 
observed for all tested austenitic alloys.  Some cracks were observed to form along the interface 
of the magnetite and spinel, and this feature was observed in most steel samples tested.  Such 
cracking was probably caused by high mechanical stress was induced upon cooling.  Localized 
variations in thickness of the local oxide layers were found and, in particular, the oxide layer was 
thinner in the vicinity of austenitic GBs (as annotated by the yellow arrows in Figure A.146 and 
Figure A.147).  In some cases, Ni enrichment was also observed in these thinner regions of 
oxide, as indicated in Figure A.147. 

 

A.9.2.3 Cross section of oxide formed at 600oC 
At 600oC, the role of GBs as major paths for oxygen diffusion becomes more obvious.  

Figure A.148 (a) and (b) present the cross-sectional view of the oxidized region of 316 steel after 
exposure to SCW at 600oC for 333 h and 1000 h, respectively.  A selected region (labeled region 
I in Figure A.148 (b)) of the 316 alloy after 1000 h exposure was examined by EDS mapping and 
the results are shown in Figure A.149. 

 

  
(a) 333 h (b) 1000 h 

Figure A.148  Cross section of the oxide layer formed on 316 alloy after exposure to SCW at 600oC for 
(a) 333 h and (b) 1000 h.  The arrows in yellow and green indicate the diffusion front of oxygen along 

grain boundaries and through intragranular regions, respectively. 
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Figure A.149  EDS elemental mapping for the oxide scale on 316 alloy at the selected region I, as 

indicated in Figure A.148 (b). 

 

As indicated by Figure A.148 (a), the diffusion of oxygen along GBs can occur up to ~10 µm 
deeper than through the grains themselves.  At the same time, Cr-enrichment was also noted to 
occur at GBs rather than at the interface of the scale/base steel, as shown in the EDS elemental 
mapping in Figure A.149.  Consequently, oxygen migration along the boundaries was mitigated 
by interaction with chromium.  This is supported by Figure A.148 (b), which shows the oxygen 
diffusion front, as noted by arrows.  The difference in oxygen penetration along the original 
austenitic GBs and into original intragranular regions was not as large for the1000-h exposed 
sample as compared to the 333-h exposed sample.  Due to outward diffusion of Fe, a region 
depleted of Fe formed in the inner scale. 

Figure A.150 shows the cross-sectional morphology and associated EDS elemental maps of 
NF709 steel after exposure to SCW for 667 h.  An EBSD examination was performed to study 
phase distribution and grain orientation and the results are shown in Figure A.151 (a) and (b), 
respectively.  After exposure, the surface of NF709 samples built up a typical oxide scale 
composed of an outer Fe3O4 oxide layer and inner MCr2O4 (M=Fe, Ni, Mn and Mo) oxide layer.  
In contrast with other austenitic alloys, here a thin, internal oxidation zone was observed near the 
scale/alloy interface.  The interface of the outer and inner oxide layers was believed to be located 
at the original mirror-finished, metal external surface.  As shown in Figure A.150 (a), the inner 
oxide layer developed unevenly and has an inward nodular structure, whereas the distribution of 
elements inside this layer is mostly homogeneous.  However, an uneven distribution of elements 
along the oxide/austenite phase boundaries was detected.  Cr was partially enriched at the edges 
of the oxide nodules, correspondingly, the region on the metallic side of such boundaries showed 
a low Cr level, as Cr is incorporated into the scale.  Further inward diffusion of O through those 
Cr-rich oxide areas became difficult.  In other areas close to the oxide/austenite interface, Cr 
enrichment did not occur, while an additional feature was the development of a Ni-enriched layer 
either in the nodular, inner oxide layer or the adjacent substrate, as noted by the solid arrows in 
the Ni elemental map in Figure A.150 (e).  Apparently underneath these regions, oxygen levels 
are low as shown in Figure A.150 (b).  Ni enrichment assisted in the establishment of an oxygen 
diffusion barrier and was also of benefit to corrosion resistance, especially in low Cr regions.  
Comparing Figure A.150 and Figure A.144, it could be concluded that a continuous Cr-rich layer 
did not form on NF709, as in the case of D9 steel during isothermal exposure at 600oC. 
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Figure A.150  (a) Cross-section of sample NF709 (1000 h at 600oC ) showing the SEM micrograph of 

oxide morphology and corresponding elemental maps for (b) O, (c) Cr, (d) Fe, (e) Ni, (f) Mo and (g) Mn 
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(a)Phase distribution and grain boundary 
information 

(b) Inverse pole figure 

Figure A.151  EBSD mapping showing the phase distribution, grain boundaries and grain orientations for 
NF709 after exposure to SCW at 600oC for 667 h.  (The misorientation of rotation angles in the range 

from 15o to 180o was specified as a grain boundary; and the fraction of such grain boundaries is 0.959 of 
the total length of misorientation.) 

 

The EBSD mapping in Figure A.151 (a) shows that most austenite GBs of the original 
substrate transformed to oxide GBs after exposure, implying most oxide grains in the inner 
MCr2O4 oxide layer were readily grown within the original austenite grains, and oxidation 
slowed down at austenite GBs.  This is consistent with the EDS result in which the corrosion 
resistant element, Cr, was obviously enriched at boundary areas.  Additional support is the 
existence of fully oxidized grains surrounded by the metallic phase, as pointed out by open 
arrows in Figure A.150 (a) and circumscribed by the dashed line in Figure A.151 (a) and (b).  
We speculate that such grains provided a rapid diffusion path from the external surface; while in 
adjacent grains the oxidation did not initiate due to lack of a pathway for oxide penetration. 

In addition to the correspondence of boundaries between the original austenite grains and 
oxide grains formed during high-temperature exposure, it is noted in Figure A.151 (b) that 
corrosion products in the inner oxide layers exhibited strong preferential orientation.  Spinel 
grains present preferential crystal orientations imposed by original austenite grain orientations.  
One piece of evidence is those regions noted by black arrows in Figure A.151 (a) and (b), which 
are believed to correspond to an austenite grain prior to exposure and are composed of dual 
phases with distinct phase boundaries, and Figure A.151 (b) indicates that little change in grain 
orientation occurred before and after exposure.  The oxide gradually grew simply by propagation 
of the phase boundary into the metallic substrate. 

It is interesting to note that the NF709 gained more oxygen than D9 after exposure to SCW at 
600oC for up to 1000 h, although it has much higher bulk Cr and Ni levels.  One conclusion is 
that a more protective overall oxide layer developed on the D9 alloy at 600oC, owing to 
formation of a continuous chromia layer between the oxide layer and the base steel.  In contrast, 
oxidation of the near-surface grains of 20Cr-25Ni NF709 readily occurs, resulting in high weight 
gain during the short-term exposure.  However, it can be expected that further oxidation would 
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become difficult since the high Cr, high Ni rich scale was established when the near-surface 
austenite grains have been oxidized.[unclear]  Comparing the limited weight gain data in Figure 
A.145, it can be seen that the incremental weight gain between exposure times of 333 h to 667 h 
for NF709 is smaller than that for D9. 

 

A.9.3 Summary 
At 500oC, corrosion resulted in a dual-layer oxide structure in all austenitic alloys, with an 

outer Fe oxide layer and an inner Fe-Cr-Ni oxide layer.  The magnetite/spinel oxide layers were 
thin, and an even thinner hematite layer was observed on top of these layers during longer 
exposure periods.  Austenite GBs influenced the growth rate of the oxides, as evidenced by 
thinner oxide layers in regions where GBs intersected the metal/oxide surface in the SS316 alloy. 

At 600oC, near-surface austenite grains of the 20Cr-25Ni alloy NF709 were readily oxidized 
intra-granularly to form the inner oxide scale, in which grown oxide grains present preferential 
orientations imposed by the original austenite crystal orientations.  Cr- and Ni-rich phase 
boundaries were established along the former austenite grains, promoting the corrosion 
resistance of the bulk alloy. 
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A.10 Ni-based alloys 625 and 718 

A.10.1 Introduction 
Nickel-chromium-molybdenum alloy 625 (UNS N06625) has excellent corrosion resistance 

in a variety of severely corrosive environments, and is used in chemical processing plants [175], 
containments for SCW waste incineration systems [176] and ultra-supercritical boiler 
applications [177].  The precipitation-hardenable alloy 718 (UNS N07718) combines corrosion 
resistance and high strength with outstanding weldability, and has found extensive utility in 
aerospace applications, nuclear reactors, and tooling [175].  These two Ni-base alloys have been 
extensively investigated for their good high temperature strength, which is derived from a 
combination of solid solution strengthening, as well as the precipitation of intermetallic 
compound phases such as γ''-[Ni3(Nb,Al,Ti)] [178].  The high Ni content of these alloys, 
combined with the presence of chromium and molybdenum alloying additions, imparts good 
pitting and crevice corrosion and sulfidation resistance [175,179,180].  However, from the 
standpoint of use in nuclear power systems, the high Ni content of alloys 625 and 718 makes 
them susceptible to embrittlement from helium gas formed by transmutation during radiation 
[181]. 

The nominal chemical compositions in weight percent for alloys 625 and 718 are shown in 
Table A.17. 

 
Table A.17  Nominal chemical compositions in weight percent of alloys 625 and 718 

Alloy Fe Si Cu Ni Cr Al Ti Mo Nb 
625 4.39 0.11 0.19 61.22 21.9 0.2 0.21 8.43 - 
718 18.04 0.1 0.03 53.85 18.11 0.57 1.05 2.96 5.03 

 

A.10.2 Microstructure and other substrate examinations prior to SCW exposure 
The corrosion behavior of alloy 625 when exposed to deaerated SCW in the temperature 

range of 400°C to 550°C was investigated by G.S. Was et al. [182].  This work showed 
fluctuations in weight change measurements, and pitting was noted to be the predominant mode 
of corrosion.  L. Kumar et al. [179] studied the corrosion performance of alloy 625 during early 
stages (<150 min) at different oxygen pressures of 0.12 kPa and 101.3 kPa and temperatures of 
600°C to 1250°C.  Parabolic oxidation behavior was observed from 1050°C to 1250°C, and the 
rate constant was nearly independent of oxygen pressure because of the much lower equilibrium 
oxygen pressure of potential oxides compared to test oxygen pressures.  Work by V.B. Trindade 
et al. showed both alloys 625 and 718 demonstrated parabolic behavior when heated to 1000°C 
for about 100 h in air, and formed a continuous external Cr2O3 layer on the sample surface [183].  
N. Otsuka et al. worked [177] on several austenitic stainless steels and Ni-based alloys, including 
alloy 625, were performed at 700°C in atmospheric steam and showed a protective Cr2O3 layer 
and a marked decrease in oxidation of alloys with more than 22wt% chromium.  This study also 
demonstrated the importance of grain size on oxidation.  Alloys with finer grains exhibited 
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superior corrosion resistance, which was supported by the formation of a uniform, protective 
Cr2O3 scale along the GBs of the base alloys.  The importance of chromium for corrosion 
resistance of Ni-based alloys was also confirmed by R. Fujisawa et al. [184] in slightly oxidizing, 
SCW-containing HCl at 400°C and by R. Hayes et al. [185] in salt solutions over a broad pH 
range. 

 

A.10.3 Corrosion conditions, weight gain and oxidation mechanisms 
Tests were performed at two SCW temperatures, 500°C and 600°C.  To explore the effect of 

dissolved oxygen, the 500°C tests were nominally performed at two levels of dissolved oxygen, 
25 ppb and 2 ppm, with these values representing the oxygen concentration at the inlet of the test 
section.  These oxygen levels were obtained by thoroughly purging the SCW with argon gas and 
then introducing oxygen in a controlled manner.  Since the dissolved oxygen content in the outlet 
was near 0 ppb for the 25 ppb oxygen tests, these will be referred to as 25 ppb tests in the rest of 
this section.  The typical oxygen in the SCWR will be very low (10-300 ppb), nevertheless 
higher oxygen contents may result from radiolysis of SCW [182].  The higher, 2 ppm oxygen 
experiments were performed to bracket potential increases in oxygen content due to radiolysis of 
SCW and any off-normal conditions.  The 600°C tests were performed only in 25 ppb SCW.  
The water pressure for both test temperatures was kept constant at 25 MPa to maintain 
supercriticality.  Corrosion test parameters are summarized in Table A.18. 

 
Table A.18  Conditions used for high temperature SCW corrosion tests 

Alloy Dissolved Oxygen  Temperature (°C) Exposure time (h) 
500 172 / 333 / 505 / 1026 25 ppb 
600 333 / 1026 

625 

2 ppm 500 167 / 335 / 503 
25 ppb 500 172 / 333 / 505 718 
2 ppm 500 167 / 335 / 503 

 

The weight change of alloys 625 and 718 exposed to SCW with the two different dissolved 
oxygen contents at 500 and 600°C is shown as a function of exposure time in Figure A.152.  
There is a large variation in weight for samples exposed to 25 ppb SCW at 500°C, stemming 
from the simultaneous effects of oxidation and material removal due to pitting.  The measured 
weight change became more stable for tests at the higher, 2 ppm oxygen content and/or higher 
exposure temperature, where surface oxidation mitigated pitting by providing more protective 
surface coverage.  For this limited data set, no clear predictive trends are evident. 
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Figure A.152  Weight change measurements as a function of exposure time for (a) alloy 625 and (b) alloy 

718 exposed to 25 ppb and 2 ppm dissolved oxygen SCW at 500°C, (c) alloy 625 exposed to SCW at 
500°C and 600°C, and (d) alloy 625 and 718 exposed to SCW at 500°C 

 

A.10.4 Corrosion product characterizations 
The surface morphology of alloy 625 and 718 samples exposed to SCW with two different 

oxygen concentrations at 500°C for about 500 h is shown in SEM plan-view images in Figure 
A.153.  For alloy 625 samples exposed to lower oxygen SCW, the oxide layer consisted of either 
isolated or clustered oxide particles with a typical size of about 1 µm on a uniform oxide layer 
composed of very fine oxide particles in the size range of tens of nanometers.  This particle size 
was verified by high magnification imaging that is not shown here.  Pits with varying diameters 
were also observed on the sample surface.  For exposure to SCW with 2 ppm oxygen, the 
thickness of the oxide layer, as well as the density of oxide particulates (number per unit area), 
for this alloy increased.  Additionally, oxide particles with two different morphologies were 
observed.  One type consisted of oxides of polyhedral morphology with a size of less than 1 µm, 
and the other consisted of a hexagonal platelet morphology of a similar size.  For longer 
exposure durations, the density of platelets decreased, whereas the density of polyhedral-shaped 
oxide particles increased.  Both types of oxide particles were enriched in oxygen and chromium, 
as evaluated by SEM-EDS analysis.  Small pits with varying diameters were also observed to 
form in these samples.  Similarly, alloy 718 exhibited oxidation and pitting.  The density of 
oxide particles was much higher on alloy 718 samples.  For alloy 718, the oxide particles on the 
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(d) (c) 

(b) 
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sample surface were enriched with iron for samples exposed to lower oxygen content SCW, and 
slightly enriched in both iron and chromium for samples exposed to higher oxygen content SCW. 

 
25 ppb oxygen, 505 h 2 ppm oxygen, 503 h  

Oxidation Pitting Oxidation Pitting 
625 

 
   

718 

    

Figure A.153  Morphological features of surface corrosion for alloys 625 and 718 samples after exposure 
to SCW with 25 ppb and 2 ppm dissolved oxygen at 500°C for about 500 h 

 

The alloy 625 sample exposed to SCW at 600°C for 1026 h showed a uniform oxide surface 
with fine particulates, however, the GBs were outlined by a topographically elevated oxide, as 
shown in Figure A.154 (a).  To investigate the compositional distribution on the oxide surface, 
SEM-EDS elemental mapping was performed for this sample.  Gray-scaled EDS mapping 
images for oxygen, chromium, and nickel are shown in Figure A.154 (b) to (d).  The shades of 
gray in each image correspond to the concentration of the element and a gray scale bar with 
minimum and maximum counts is shown above each image.  It can be seen that, on the oxide 
surface, GBs were enriched in oxygen and chromium, whereas nickel was depleted.  Although 
not shown in the figure, iron was also slightly depleted in these regions.  Using the controlled 
argon ion milling in the Auger Electron spectroscopy (AES) system, the layer just beneath the 
surface oxide was also investigated.  The oxide layer was entirely removed by sputtering for 
about 25 minutes as evidenced by the absence of oxygen peaks in the AES spectrum.  Surface 
morphology of the sputtered surface is shown in Figure A.154 (e) to (h), with EDS maps from 
the same region.  Chromium was depleted at GBs in this subsurface region, while a slight 
enrichment of nickel was observed.  Considering the larger detection depth of EDS (1~2 µm) 
compared to the oxide layer thickness (several tenths of a µm), one could postulate that the 
elemental segregation in the oxide layer shown by SEM-EDS mapping images is not limited to 
the oxide layer on the sample surface, but extends into the near-surface region of the underlying 
alloy.  However, this is not true since no similar segregation trend for any element was found in 
both the oxide surface and the subsurface layer.  The segregation is therefore limited to the oxide 
layer.  Profilometry measurements showed the height difference between grains and GBs 
remains relatively constant at 100 nanometers in both as-exposed and sputtered areas, indicating 
there is little difference due to sputter rates at grains and GBs. 
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Figure A.154  Intergranular corrosion observed in the alloy 625 sample after exposure to 25 ppb SCW at 
600°C for 1026 h (a, “as exposed”).  The “sputtered” image (e) shows the surface after sputtering through 
the oxide layer by argon ion milling.  EDS mapping images of Cr, Ni, and O were recorded for both as-

exposed (b) to (d) and sputtered areas (f) to (h) 

 

Pitting was a significant mode of corrosion observed in all tested samples and was 
investigated by performing SEM-EDS compositional analysis of the corrosion products inside 
and in the vicinity of pits.  It was observed that oxygen, titanium and/or niobium were 
concentrated, while nickel, chromium and molybdenum were depleted, inside these pits.  
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Additionally, titanium- and/or niobium-rich precipitates (likely γ' and/or γ'' phases) were found in 
the base alloy from the cross-sectional samples by SEM-EDS, implying that pitting was initiated 
by galvanic corrosion due to the vast compositional differences between the matrix and the γ' 
and/or γ'' intermetallic phases.  In addition, inclusions such as titanium nitride have been found to 
lead to weak points in the oxide layer and become initiating sites for pitting corrosion [186]. 

 
 25 ppb oxygen 2 ppm oxygen 

625 

  
718 

  
Figure A.155  XRD spectra for (a) alloy 625 exposed to ~50 ppb dissolved oxygen SCW at 600°C for 

1026 h, (b) alloy 625 exposed to 2 ppm dissolved oxygen SCW at 500°C for 503 h, (c) alloy 718 exposed 
to 25 ppb dissolved oxygen SCW at 500°C for 505 h, and (d) alloy 718 exposed to 2 ppm dissolved 

oxygen SCW at 500°C for 503 h 

 

Figure A.155 shows the XRD for the two alloys after exposure to SCW under different test 
conditions.  Since the oxide layer was quite thin, the intensity of signals from the oxide layer 
were attenuated compared to signals from the base alloy.  Therefore, only peaks from the oxide 
layer are shown in full scale in all figures to clearly illustrate the phases identified.  There were 
no identifiable oxide peaks from the alloy 625 sample exposed to 25 ppb dissolved oxygen SCW 
at 500°C for 505 h because the oxide layer in this case was extremely thin.  For this reason, the 
spectrum for the alloy 625 sample exposed to ~50 ppb dissolved oxygen SCW at 600°C for 1026 
h is shown in Figure A.155 (a).  Three types of oxide products were identified on the alloy 625 
samples exposed ~50 ppb dissolved oxygen SCW at 600°C for 1026 h.  The major phase was 
spinel, with a stoichiometry of Ni(Fe,Cr)2O4 (per PDF card 23-1271 and 10-325), and the other 
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two oxides were identified as Cr1.3Fe0.7O3 (per PDF card 35-1112) and NiO (per PDF card 44-
1159).  For alloy 625 exposed to 2 ppm dissolved oxygen SCW at 500°C (Figure A.155 (b)), 
similar oxide phases were observed with the exception that the Cr2O3 (per PDF card 38-1479) 
phase was found to form rather than the Cr1.3Fe0.7O3 phase.  The phases in the oxide layer on 
alloy 718 samples (Figure A.155 (c) and (d)) were nearly identical to alloy 625, with the 
exception of the stoichiometry of the M2O3 phase.  The M2O3 phases were identified to be 
Fe2O3 (per PDF card 33-664) and (Fe.6Cr.4)2O3 (per PDF card 34-412) for the alloy 718 samples 
exposed to the lower and higher oxygen content SCW at 500°C, respectively.  This may be 
attributed to the higher Fe/Cr ratio in alloy 718 compared to alloy 625. 

 
 25 ppb dissolved oxygen 2 ppm dissolved oxygen 
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Figure A.156  Chemical composition depth profiles, as determined by AES for alloys 625 (a), (b) and 718 

(c), (d) after exposure to SCW with two oxygen contents at 500°C for about 500 h. Image (e) was 
recorded for alloy 625 after exposure to ~50 ppb dissolved oxygen SCW at 600°C for 1026 h. 
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For thin films, such as the oxide layers examined in the present study, the AES technique 
with argon ion milling provides a surface sensitive technique for determining chemical 
compositions at various depths in the oxide layer.  For the alloy 625 sample exposed to 25 ppb 
dissolved oxygen SCW at 500°C, a duplex-layered structure was observed in the composition 
depth profiles (Figure A.156 (a), consisting specifically of a Ni-rich outer layer and a Cr-rich 
inner layer.  Additionally, iron was slightly concentrated near the oxide surface, and 
molybdenum was depleted across the entire oxide layer.  Moreover, a diffusion layer existed 
between the oxide layer and the base alloy, where the chemical compositions of all elements 
gradually changed from that of the oxide to the bulk alloy concentration.  Depth profiles of the 
oxide layer on the sample exposed to ~50 ppb dissolved oxygen SCW at 600°C (Figure A.156 
(e)) were quite similar to the 500°C sample, except for a larger thickness of the corresponding 
layers.  In the 625 sample exposed to higher oxygen content SCW (Figure A.156 (b)), nickel 
exhibited a similar trend as in the low-oxygen exposed sample, but enrichment of chromium in 
the inner layer and iron close to the surface did not develop. 

In depth profiles for the alloy 718 samples exposed to SCW (Figure A.156 (c)), the elemental 
enrichment exhibits similar trends to alloy 625, but enrichment was not as pronounced.  
However, there was no observable enrichment of elements in depth profiles for the alloy 718 
sample exposed to 2 ppm oxygen SCW (Figure A.156 (d)).  Relative to the thickness of the 
stoichiometric oxide layer, the diffusion layers in the alloy 718 samples (Figure A.156 (c), (d)) 
and the alloy 625 high oxygen SCW exposed sample (Figure A.156 (b)) were much thicker than 
the 625 samples exposed to SCW with lower oxygen and/or at higher temperature (Figure A.156 
(a), (e)).  Based on our previous studies on converting sputter time in the AES instrument to 
oxide thickness [187], the thicknesses of the oxide layer developed on alloy 625 exposed to 25 
ppb and 2 ppm oxygen SCW at 500°C for about 500 h were estimated to be 0.02 and 0.12 µm, 
respectively (Figure A.157). 

 
Figure A.157  Thickness of oxide layer for alloys 625 and 718 after exposure to 25 ppb and 2 ppm 
dissolved oxygen SCW at 500°C for about 500 h, and for the alloy 625 sample exposed to ~50 ppb 

dissolved oxygen SCW at 600°C for 1026 h 
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At a higher temperature of 600°C, the oxide thickness was about 0.09 µm for alloy 625 after 
exposure to SCW for 1026 h.  For similar conditions the oxide layer thicknesses on alloy 718 
were 0.03 and 0.12 µm for lower and higher oxygen SCW exposures, respectively. 

A.10.5 Discussion 
A.10.5.1 The structure and development of oxide layers 
Combining results from the x-ray spectra, SEM-EDS and AES depth profiles, the structure of 

the oxide layer on these two alloys after exposure to SCW with different configurations can be 
tentatively determined.  In all samples of alloys 625 and 718, four phases, (CrxFe1-x)2O3 (0<x<1), 
NiO, spinel (Ni(Fe,Cr)2O4) and the base alloy austentic phase (Fe,Ni), were identified by XRD.  
In the duplex structure shown in the AES depth profiles (Figure A.156 (a), (c), and (e)), the Ni- 
and Cr-rich peaks most likely correspond to the NiO and spinel layer, respectively.  A Cr2O3 
layer has been reported [177, 183] to develop at the interface between the oxide and base alloy.  
Therefore, from the SCW/oxide interface down to the base alloy, the possible multilayered 
structure of the oxide formed is NiO/Spinel/(CrxFe1-x)2O3/(Fe,Ni). 

The duplex oxide structure, Fe/Ni-rich outer oxide layer and a Cr-rich inner oxide layer, is 
quite normal for Ni-based alloys exposed to oxygen [178,179,188], and can be partially 
explained by the different oxygen affinities of various elements in alloys [189] and 
thermodynamic estimates [190].  The outer oxide layer enriched with iron/nickel grew by the 
outward diffusion of iron/nickel ions and their subsequent reaction with dissolved oxygen in 
SCW.  The diffusion of iron/nickel ions from the base alloy resulted in a relatively higher 
concentration of chromium and vacancies close to the original sample surface.  The enriched 
chromium will react with inward diffusing oxygen and form an inner oxide layer mixing nickel, 
chromium and iron in the spinel structure.  The formation of the (CrxFe1-x)2O3 layer is mainly 
caused by the larger standard free enthalpy of the formation of chromium oxide [191] and the 
relatively lower chromium content in the base alloy [178].  At high temperature (>600°C) and 
high oxygen content environments, chromium oxide (Cr2O3) will be oxidized to a soluble 
component (CrO42-) [192,193].  This may occur as a coexisting mechanism only for samples 
exposed to higher oxygen content (2 ppm) and/or high temperature (600°C). 

 

A.10.5.2 Factors influencing corrosion behavior of alloys 625 and 718 in SCW 
Chemical composition has a significant effect in determining the structures and properties of 

alloys.  Comparing the AES depth profiles for two alloys, 625 and 718, exposed for similar 
durations in 25 ppb dissolved oxygen SCW at 500°C (Figure A.156 (a) and (c)), alloy 718 
sample exhibited a weaker enrichment of chromium and a thicker diffusion layer than alloy 625.  
Given the significance of chromium concentration on the corrosion resistance of alloys [177, 
184], these differences can be attributed to the lower chromium concentration in alloy 718 
compared to alloy 625.  Accepted by most researchers, the importance of chromium is 
manifested in the formation of a dense and protective chromium oxide layer at the interface 
between the oxide and metal, which acts as a barrier to the diffusion of oxygen and cations.  The 
minimum chromium concentration to form this protective layer has been extensively discussed in 
different alloy systems and environments [177,183].  In the present study, when the nominal 
chromium concentration increased from 18.11 wt% in alloy 718 to 21.9 wt% in alloy 625, a 
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more pronounced chromium enrichment and a thinner diffusion layer formed.  So it is reasonable 
to empirically regard approximately 20 wt% chromium as the possible lower limit for Ni-based 
alloys to form a full protective oxide layer in our SCW environment, but additional investigation 
is needed. 

The corrosion behavior of materials are considerably influenced by test conditions.  In Figure 
A.156 (a) and (b), a much thicker diffusion layer was observed in the alloy 625 sample exposed 
to higher oxygen SCW, compared to sample exposed to lower oxygen SCW.  This is because a 
higher chemical potential of oxygen was established in SCW with the higher dissolved oxygen 
content, providing a greater driving force for diffusion of oxygen into the base alloy.  This may 
weaken the barrier effect of the Cr-rich oxide layer on the diffusion of oxygen ions, and give rise 
to a thicker diffusion layer in the higher oxygen SCW-exposed samples.  Moreover, the 
formation of the oxide layers (Cr2O3 and NiO) in 2 ppm oxygen SCW, confirmed by the XRD 
spectra in Figure A.155, will protect the sample surface from pitting corrosion.  Therefore, a 
more oxidizing environment made oxidation more dominant compared to pitting, as seen in 
Figure A.153.  Pitting corrosion is a stochastic phenomenon and occurs by the continuing loss of 
cations from inside the pits, whereas oxidation is more stable and predicable, and will cause a 
continuous increase of the sample weight.  As a result, samples in the lower oxygen tests had 
much larger weight change fluctuations than samples from the higher oxygen tests (Figure 
A.152). 

The most significant variation, when the temperature was raised from 500 to 600°C, was the 
intergranular corrosion on the alloy 625 sample, as evidenced by elevated oxide topography 
along GBs.  This transformation can be attributed to formation of a “local healing layer” around 
or along GBs in this alloy [177,188].  It is generally accepted that the heat of formation of spinel 
increases as chromium concentration increases until the ideal XCr2O4 (X represents Fe or Ni) 
composition is reached, and simultaneously the diffusion rate will decrease due to the very 
ordered structure of spinel.  With growth of the inner oxide layer, more and more chromium was 
absorbed by nucleated oxide grains at the metal/oxide interface, leading to a chromium depleted 
zone around them.  To supply chromium for growth of the inner oxide layer, GBs became the 
most viable pathway because of the much higher diffusion rate along GBs than inner grains, and 
formed a “local healing layer,” which mainly constituted of chromium oxide.  This is supported 
by chromium enrichment observed on the surface of the exposed sample before sputtering 
(Figure A.154 (c)).  In addition, the smaller density of Cr2O3 (5.2 g/cm3 [194]) than alloy 625 
(8.44 g/cm3 [195]) caused the topographical elevation on the sample surface.  Subsequently, 
chromium along GBs close to the interface between the oxide and base alloy diffused into and 
promoted growth of the inner spinel oxide layer, leaving a Cr-depleted region behind it.  This is 
borne out by the depletion of chromium along GBs on the sputtered surface (Figure A.154 (g)).  
This effect was confined to a very small depth, since no enrichment of elements at GBs was 
observed from SEM cross-sectional samples.  Because of temperature sensitivity of GB diffusion 
coefficients of chromium [196],formation of this healing layer became obvious only at 600°C. 

A.10.6 Summary 
Oxidation and pitting have been observed to be two important modes of corrosion for alloys 

625 and 718 after exposure to SCW at high temperature.  Intergranular corrosion was observed 
in alloy 625 after exposure to ~50 ppb dissolved oxygen SCW at 600°C, which may be explained 
by formation of a “local healing layer” at this temperature.  A duplex structure was developed in 
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samples exposed to a lower oxygen and/or higher temperature environment, and consisted of a 
Ni/Fe-rich outer layer and a Cr-rich inner spinel layer.  The general multilayered oxide structure 
for all exposed samples, starting from the SCW/oxide interface, has been determined to be 
NiO/Spinel/(CrxFe1-x)2O3/(Fe,Ni).  A higher oxygen SCW environment led to a denser oxide 
layer, preventing the sample surface from pitting corrosion and producing a more stable weight 
gain, since oxidation, which was the dominant corrosion mode in this case, is more predictable 
than pitting.  Alloy 625 had a slightly better corrosion resistance than alloy 718 due to its higher 
chromium content.
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A.11 Corrosion of Chemical Vapor Deposition (CVD) 3C-SiC 

A.11.1 Introduction 
The use of SiC in commercial nuclear reactors, particularly as cladding for advanced fuels, 

could provide substantial safety and economic benefits. Zirconium alloy cladding materials, 
which are presently used in light water reactors, present limitations in heat ratings and overall 
fuel burnup due to their loss of strength during reactor flow transients and other overheating 
accidents, surface oxidation at high burnup, and potential for exothermic metal water reactions at 
design based LOCA (Loss of Coolant Accident) conditions. On the other hand, SiC possesses 
excellent high-temperature mechanical properties, and has been shown to be stable under neutron 
irradiation [197,198]. However, the stability of SiC in water coolants under typical light water 
reactor (LWR) operating conditions must be demonstrated before this material can be deployed 
in commercial water reactors. 

Hydrothermal corrosion of SiC has been the subject of numerous investigations 
[199,200,201,202,203,204]. Of particular interest, Hirayama, et al. found that the dissolution rate 
of SiC in water at 290°C is accelerated by the pH value and amount of oxygen dissolved [199]. 
They also reported that the dissolution rate of SiC in an oxygenated alkaline solution follows 
linear kinetics, whereas in an acidic solution  it approximates parabolic kinetics. Microstructural 
analysis revealed that corrosion occurred at GBs and there was no evidence for formation of a 
protective SiO2 layer [200]. 

Kim, et al. [203,204] reported that chemical vapor deposition (CVD) SiC exhibited better 
corrosion resistance than reaction-bonded SiC (RBSC) and sintered SiC (SSC) in water at 
360°C, that residual free silicon in RBSC was preferentially corroded, and that the kinetics of 
corrosion followed a parabolic law, except for abrupt increases in weight loss after 7 and 10 days 
for SSC and CVD-SiC, respectively. Kim, et al. [203] also showed that corrosion of RBSC was 
accelerated by increasing pH through the addition of small amounts of LiOH. 

Kraft, et al. [202], observed linear corrosion behavior for CVD SiC fibers (Specialty 
Materials Inc, Lowell, MA) in water at 200 MPa and temperatures in the range of 400 to 700ºC, 
and concluded that no protective layer had formed on the surface of the fibers.  

In this study, the corrosion behavior of CVD SiC in SCW at 500ºC was investigated. 

 

A.11.2 Corrosion of SiC [205,206] 
CVD-SiC (Rohm & Hass Company, Advanced Materials, Woburn MA) test specimens 

(31.75 mm x 12.7 mm x 0.38 mm) were used in this investigation. The specimens were polished 
to a 1 µm root mean square (RMS) surface finish. The specimens were exposed to SCW at 500ºC 
with average oxygen concentrations of 25 parts per billion (ppb) and 2 parts per million (ppm). 
Water pressure in the test loop was 25 MPa and the flow rate over the specimens was 
approximately 1 m/s. Three SiC specimens were tested, one each exposed for 7 days, 14 days 
and 21 days. The test also involved a range of metal alloys being considered for SCW reactor 
applications, including austenitic stainless steels, Ni-based alloys, and F/M steels. Specimens 
were weighed before and after exposure to an accuracy of 0.1 mg. After exposure the specimens 
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were further characterized by Raman Spectroscopy, in addition to analyses with SEM, EBSD, 
AES, and X-ray photoelectron spectroscopy. Raman spectra were acquired from the surface of 
the samples using a Dilor XY800 Raman Microprobe (JY, Inc., Edison, NJ) with a Coherent 
308C Ar+ laser (Coherent Laser Group, Santa Clara, CA) operating at 5145 Å and 200 mW 
output power. Light was focused using a 10X objective to a ~10 µm spot size. The water pH was 
not measured during the test. Although the pH of the water from the loop was measured after the 
test, the recorded values were influenced by matrix effects. As a result, pH was not considered in 
the interpretation of results. 

 

A.11.2.1 Weight change 
Weight changes for CVD SiC coupons after exposure are shown in Figure A.158. Corrosion 

data from Kim, et al., for CVD SiC exposed to pure water at 360ºC [8] has also been included. In 
both cases, weight decreased with exposure time and was significantly less than that reported for 
SSC [204] or RBSC [203]. 

 

 
Figure A.158 Weight loss for CVD SiC after exposure to high-temperature water 

 

Kim et al. reported that preferential corrosion had occurred along GBs, revealing large 
columnar grains typical of CVD SiC [204]. They suggested that preferential GB corrosion was 
likely due to the higher energy of SiC at GBs relative to SiC within the grains, and that as 
corrosion reaction proceeded, sufficient amounts of SiC were removed from GBs, resulting in 
the fall of grains into the water [204].  The fall of grains into the water, as opposed to dissolution 
of hydrolyzed SiC, was identified as the source of the abrupt increase in weight loss after 10-day 
exposure. 
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In the present study, the amount of weight loss of high-oxygen (2 ppm) exposed samples was 
similar to that reported by Kim, et al. In contrast, the amount of weight loss of low-oxygen (25 
ppb) exposed samples was much lower. Moreover, the abrupt increase in weight loss reported by 
Kim, et al. after 10 days was not seen in the present study. This result was unexpected, given that 
the present study used flowing water and a higher exposure temperature, which should have 
accelerated corrosion/erosion rates compared to exposure in stagnant water.  However, the 
present study utilized low oxygen levels (25 ppb and 2 ppm) in the water, which may have 
suppressed corrosion. Unfortunately the limited number of data points precludes an accurate 
determination of the kinetics of corrosion. Nevertheless, the significant effects of temperature 
and oxygen content on the corrosion of CVD SiC are obvious. In an attempt to elucidate the 
corrosion behavior observed in the low-oxygen (25 ppb) exposed samples, the exposed samples 
were characterized using analytical techniques. 

 

A.11.2.2 Morphology 
Figure A.159 shows cross-sectional SEM micrographs  of AR CVD-SiC and the sample 

exposed to SCW for 21 days. Large columnar grains typical of CVD 3C-SiC are evident. After 
the 21-day exposure, a rough surface is seen at a depth of 3-5 µm. 

 

Figure A.159  SEM micrographs of polished cross sections of AR CVD-SiC (left), and after 21-day 
exposure to 500ºC, 25 ppb disoolved oxygen SCW (right) 

 

Figure A.160 shows the surface microstructure of AR CVD SiC, as well after exposure to 
SCW for 7, 14, and 21 days. Surface features on the AR sample are the result of polishing 
artifacts. After exposure to SCW, individual SiC grains can be distinguished on the surface and 
the amount of SiC removed clearly increases with exposure time. Corrosion occurred at both 
inside grain and GBs. 
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Figure A.160  SEM micrographs of surfaces for: (a) AR CVD SiC, (b) after 7 days exposure, (c) after 14 

days exposure, and (d) after 21 days exposure 

A.11.2.3 Surface analyses 

 
Figure A.161  Raman spectra of a stoichiometric SiC standard, the AR CVD SiC, and the specimen 

surface after 21-day exposure to SCW at 500ºC 

(c) (b) 
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Figure A.161 shows Raman spectra from the surfaces of a stoichiometric SiC standard, the 
AR CVD SiC, and the specimen exposed to SCW at 500ºC with 25 ppb oxygen content for 21 
days. The spectrum for the standard and AR SiC show the expected first order peaks at 800 and 
970 cm-1 and second order peaks at 1540 and 1720 cm-1, which indicate the 3C structure of the 
CVD SiC. No free silicon or free carbon were detected for the AR CVD SiC. After 21 days of 
exposure, no measurable change in the Raman spectrum was observed, suggesting preferential 
removal of silicon or carbon did not occur. Moreover, no oxygen in the form of SiO2 was 
detected on the surface of the specimen. 

Surface analysis by AES was performed for the AR CVD SiC and specimens exposed to 
SCW. As shown in Table A.19, the surface of the AR CVD-SiC specimen contained about 48.5 
at.% Si, 41.3 at.% C, and 10.2 at.% O. It should be mentioned that the numbers in Table A.19 are 
an average of three values from selected points representing typical surface features. For the 
unexposed sample, C and Si values ranged from 35-38 at.% and 44-52 at.%, respectively. 
Likewise, the C/Si values for the 7-, 14-, and 21-day samples ranged from C 48-49/Si 45-46 
at.%; C 52-68/Si 28-44 at.%; and C 42-49/Si 47-54 at.%, respectively. In all cases, lower C 
values meant higher Si values and vice versa. The at.% of oxygen was more consistent from 
point to point on each sample. 

 
Table A.19  Surface composition determined by Auger spectroscopy (at.%) 

Specimen Silicon Carbon Oxygen 
AR 48.5 41.3 10.2 

7 day 45.5 48.2 6.3 
14 day 37.0 57.9 5.1 
21 day 50.9 45.4 3.7 

 

In general, exposure to SCW led to a reduction in the amount of oxygen present on the 
surface. The trends for Si and C tend to show a slight reduction of Si and slight increase of C, 
except for the 21-day sample. This trend would be consistent with removal of Si from the surface 
via hydrolysis to form Si(OH)4, which dissolved into water, although more data would be 
required to positively identify this mechanism. Composition of the surface of the 21-day 
specimen shows a reduction in the oxygen content, but does not follow the trend with respect to 
silicon and carbon. This would indicate that a different mechanism becomes important after 14 
days. 

Chemical analysis using an electron microprobe confirmed oxygen was present only on the 
exposed surface, and that no measurable oxide scale was present. Results of AES and 
microprobe examinations suggest a protective oxide (or hydrated silica) layer was not present, as 
has been suggested by Kim, et al. [204] and Hirayama, et al. [199]. Rather, it is likely that SiC at 
the surface was hydrolyzed to form Si(OH)4 species, which were rapidly dissolved into the 
flowing SCW. In this case, a linear relationship between weight loss and exposure time would be 
expected. However, insufficient data exists in the present study to confirm such a relationship. 

The microstructure of AR CVD SiC in plan-view and cross-section is shown in Fig. A.162.     
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Figure A. 162 Plan-view (PV) and cross-sectional (CS) microstructure of AR CVD SiC: SEIs, (left 
column), EBSD maps coded with IPFs (center column) and strain distribution (  0° – 5° average 

misorientation, right column) 

 

The plan-view sample is composed of equiaxial grains, while the cross-sectional sample is 
composed of columnar grains. IPFs indicate large grains predominantly occupied by a near (111) 
texture aligned with the deposition direction of the CVD SiC. The strain distribution is 
represented by local average misorientation between each EBSD data point measurement and its 
neighbors, excluding any higher angle boundaries (>5°). Strains congregated at small grains 
surrounding large grains, which may have resulted from constraint growth of small grains by 
large grains prevalent with a near (111) texture along the deposition direction during CVD. The 
area fraction of strains for the plan-view sample is greater than that of the cross-sectional sample. 

Microstructure of the plan-view and cross-sectional samples exposed to SCW at 500°C with 
25 ppb dissolved oxygen for 14 days is shown in fig A.163. The SEI associated with the EBSD 
maps (IPF, GBs, and strain) of the plan-view sample indicate that corrosion preferentially 
occurred at regions with a high density of strain. Σ3 boundaries, which generally do not associate 
with strain, were not attacked by corrosion. Similar results were observed on the cross-sectional 
sample. However, the amount of corrosion on the cross-sectional sample is less than that on the 
plan-view sample due to the smaller fraction of strain area on the cross-sectional sample. 
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Figure A. 163. Plan-view (PV) and cross-section (CS) of 14-day SCW-exposed CVD SiC, where IQ, 
IPF, GBs, and Strain correspond to EBSD maps of image quality, inverse pole figure, grain boundaries, 
and strain distribution (  0° – 5° average misorientation), respectively. GBs are highlighted with blue 
and red/green denoting Σ3 boundaries and Σ5- Σ29 boundaries, respectively. The black regions on the 
EBSD maps denote unidentified regions due to high density of defects. 

 

 
Figure A.162  IPFs of plan-view and cross-sectional SiC samples prior to and after SCW testing 
for 14 days, indicating textures aligned with deposition direction of the CVD-SiC. 
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The microtexture of grains on plan-view and cross-sectional samples prior to and after SCW 
exposure testing was analyzed by IPFs based on EBSD analyses of the two samples on an area of 
100×160 µm2. Results are shown in Figure A.162. Both the plan-view and cross-sectional 
samples prior to SCW exposure exhibit a strong (113) texture aligned with the deposition 
direction (the plan-view surface normal). In addition to the (113) texture, a near (335) texture 
with an intensity similar to the (113) texture is presented on the cross-sectional sample. In 
contrast, slightly dispersive textures spread around (111) on the plan-view sample. After SCW 
testing, the (113) texture tends to be intensified for both the plan-view and cross-sectional 
samples. Additionally, the textures are changed to be close to (111). A mild (111) texture was 
formed on the cross-sectional sample with decrease of the near (335) texture. 

Surface roughness of the samples prior to and after SCW exposure for 14 days was analyzed 
by a Zygo NewView 3D optical profile. Results are listed in Table A.20. Both the plan-view and 
cross-sectional samples became rougher after SCW exposure. However, the roughness of the 
plan-view sample after SCW exposure is greater than that of the cross-sectional sample. The 
root-mean-square roughness of the cross-sectional sample after SCW exposure is ~60% of the 
plan-view sample. Although peak-to-valley height on the cross-sectional sample was slightly 
greater than the plan-view sample, it became less on the cross-sectional sample after SCW 
exposure. 

 
Table A.20  Root-mean-square (rms) and peak-to-valley roughness of CVD SiC prior to and after 

SCW testing at 500°C with 25 ppb dissolved oxygen for 14 days. (Roughness averaged from 5 data 
points) 

 
 

A.11.3 Discussion 
As shown in Figure A.158, the corrosion rate observed in low-oxygen (25 ppb) exposed 

CVD SiC in 500ºC SCW was much lower than that reported by Kim et al. [204] for a CVD SiC 
in 360ºC water. The difference in corrosion rates is not fully understood, particularly given the 
higher temperature and flowing water conditions used for the present study. The present study, 
however, was carried out with a low oxygen level, e.g. 25 ppb, in the water. Kim et al., did not 
specify oxygen levels for their experiment, and unless special precautions were made it is likely 
that somewhat higher oxygen levels were present (> 1 ppm). Higher oxygen concentrations in 
the water would lead to more rapid corrosion [199], as confirmed by the high-oxygen (2 ppm) 
exposed samples shown in Figure A.158, and therefore, explain the differences in corrosion 
rates. In addition, while both studies utilized high-purity CVD SiC, it appears that differences in 
microstructure, or at least orientation of columnar grains relative to the exposed surface, existed. 
Columnar grains were generally oriented normal to the surface of the specimens used for the 
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present study, while they appeared to be oriented along the surface in the SiC used by Kim et al. 
[204]. Moreover, grains in their specimens appeared to be smaller in size. This would lead to 
higher GB area in their specimens, and a greater tendency to lose grains via erosion once 
sufficient corrosion of the GBs had occurred. Microstructure analysis on the samples after 
exposure to SCW indicates that cross-sectional samples (similar to the sample orientation of Kim 
et al.) had less corrosion than plan-view samples because of the smaller fraction of stain 
associated with smaller grains on cross-sectional samples. The study indicates exposure 
temperature, oxygen concentration, and sample microstructural orientation are critical factors 
affecting corrosion of samples exposed to SCW. 

 

A.11.4 Summary 
High-purity CVD 3C-SiC showed relatively low corrosion rates in 25 ppb dissolved oxygen 

SCW at 500°C. The corrosion rate was much lower than observed for SSC and RBSC, and lower 
than previously reported for CVD SiC in water at 360°C. The present study indicated exposure 
temperature, oxygen concentration, and sample microstructural orientation are critical factors 
affecting corrosion behavior of samples exposed to SCW. Corrosion of CVD 3C-SiC 
preferentially occurred at regions congregated with high intensity of strains, which are usually 
associated with small grains surrounding large grains. In addition, GBs, especially for random 
boundaries, are prone to corrosion. The limited weight loss data approximately obeyed a linear 
rate law. Analytical microscopy did not reveal the presence of a measurable oxide scale. As a 
result, it is believed that corrosion occurred via hydrolysis to hydrated silica species at the 
surface, which  rapidly dissolved into the water.
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A.12 Comparison among F/M steels, austenitic steels, and Ni- alloys and 
summary 

 
Figure A.163  Comparison of weight gain for different classes of materials after exposure to SCW 
with inlet 25 ppb dissolved oxygen concentration for 333~336 h 

 

Corrosion resistance is one of the main issues in materials development for SCW reactors.  
The goal is to develop an alloy that can grow a thin, but impervious, oxide layer to protect the 
base alloy.  The oxide layer must be resistant to all types of aggressive conditions such as 
radiation, high temperature, wear, general corrosion and erosion. 

The data available to date indicate weight gain due to oxidation in SCW is typically smaller, 
but less predictable, in austenitic alloys than in F/M alloys.  Compared with 316, faster Cr 
diffusion in the D9 alloy due to its longer GBs and higher defect density encouraged the Cr-rich 
layer to form more quickly, and thus D9 presents better resistance against high temperature 
oxidation.  At 600oC, near-surface austenite grains of the 20Cr-25Ni alloy NF709 were readily 
oxidized intra-granularly to form the inner oxide scale, in which the grown oxide grains present 
preferential orientations imposed by the original austenite crystal orientations.  Cr- and Ni-rich 
phase boundaries were established along the former austenite grains, promoting corrosion 
resistance of the bulk alloy.  Although the compositions are similar, 800H shows better corrosion 
resistance than NF709.  On the other hand, increasing dissolved oxygen content level resulted in 
a much more uniform scale buildup on the surface.  Oxide layers in most austenitic steels are 
prone to spallation with increasing exposure times.  Such spallation may be related to mismatch 
and stress accumulation between different phase layers, and may account for the lower 
predictability.  Spllation of the oxide scale became severe, particularly in SCW with high oxygen 
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concentration.  One exception is alloy 800H which experienced?? less spallation in higher 
oxygen SCW, a beneficial effect stemming from the Cr-enriched oxide at its surface. 

All tested F/M steels, after exposure to 25 ppb dissolved oxygen concentration SCW at 
500oC, show a typical dual layer composed of an outer Fe-O magnetite layer and an inner Fe-Cr-
O spinel layer.  Compared to low oxygen exposure, all tested F/M steels formed a Fe-O hematite 
layer on top of the magnetite/spinel dual layer when exposed to 2000 ppb oxygen concentration 
SCW, and the corresponding oxide scales are not as dense as those formed in low oxygen 
exposure.  When exposed to 600oC SCW, oxidation for all F/M steels became heavier, but the 
limited weight gain data imply that all samples follow parabolic oxidation kinetics and samples 
are well protected by the formed oxide film.  All scale formed on F/M samples shows some 
typical characteristics, including surface cracks on all exposed samples, an internal oxidation 
layer between the oxide scale and base metal, and a Cr enrichment ribbon formed along the 
interface between the internal oxidation oxide layer and base metal.  Also, the trail of erosion 
could be found on the oxidized HCM12A and 9Cr ODS, especially after longer exposure times.  
At 360oC, on the other hand, weight gain data indicate weight lose happened on some F/M steels, 
such as HCM12A and 9Cr ODS.  Weight loss might be attributed to the flow of water, which 
usually has higher density below the supercritical point of water, and thus improve mechanical 
removal of surface materials during exposure. 

F/M steel 9Cr ODS shows significantly different oxidation behavior compared with other 
F/M steels.  Among the tested F/M alloys, 9Cr ODS shows the lowest weight gain, even though 
the 9Cr ODS alloy has less bulk Cr (9 wt% Cr) than HCM12A (12 wt% Cr).  A fairly large 
internal oxidation region was formed on all ODS samples after exposure to 500 and 600oC SCW.  
Copious oxidation at GBs in the internal oxidation zone of ODS steel fundamentally changes the 
mechanism of outward growth of the oxide scale.  Furthermore, yttrium segregated to the GB 
area in the internal oxidation layer, which may retard the diffusion of cations and improve the 
corrosion properties in SCW.  It was also noticed that scale density gradually decreased with an 
increase in exposure time.  For 9Cr steels, it was observed that both NF616, which had a 20-70 
µm near-surface deformation zone with ultrafine grains after SP, and T91, which was entirely 
composed of nano-sized ferritic grains after nano-structure modification, developed a much 
higher Fe:O ratio oxide scale due to enhancement of outward cation diffusion caused from their 
fine ??grain structure.  However, such increase of the Fe:O ratio was not found in 9Cr ODS, 
which was composed of submicron, fine, ferritic grains as well, implying the significant effect of 
yttrium segregation on diffusion of cations, particularly Fe ions. 

Ni-based alloys show fairly good corrosion resistance in SCW and have the lowest weight 
gain in all tested materials.  Some samples even lost certain weight during exposure to SCW 
because of pitting.  General corrosion and pitting are two main types of corrosion for Ni-based 
alloy exposed to SCW.  A duplex structure was developed in the samples exposed to lower 
oxygen and/or higher temperature environments, and consisted of a Ni/Fe-rich outer layer and a 
Cr-rich inner spinel layer.  The general multilayered oxide structure for all exposed samples, 
starting from the SCW/oxide interface, has been determined to be NiO/Spinel/(CrxFe1-
x)2O3/(Fe,Ni).  Higher oxygen SCW led to a denser oxide layer, preventing the sample surface 
from pitting and producing a more stable weight gain, since oxidation, which was the dominant 
corrosion mode in this case, is more predictable than pitting.  At a temperature of 600oC, Inconel 
625 showed intergranular corrosion by the raised oxide along GBs.  Overall, alloy 625 had a 
slightly better corrosion resistance than alloy 718, due to its higher chromium content. 
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Environment temperature is one of the key parameters affecting corrosion behavior of all 
tested materials.  Most F/M steels after exposure to subcritical water at 360oC gained little 
oxygen, although the density of subcritical water is much higher than that of SCW water.  
Weight gain for 360°C subcritical-water-exposed austenitic steels and Ni alloys are too small to 
be measured by the weighing balance used in the gravimetry. 

Plasma source surface modification has been applied on several F/M steels (oxygen 
implanted on T91, NF616, 9CrODS, HT9 and HCM12A) and experimental results show a 
significant improvement on both corrosion resistance and oxide scale adhesion.  The main reason 
for improvement might be due to formation of nanometer-sized oxide particles on the surface of 
implanted samples during the implantation process.  These nanometer-sized oxide particles 
remarkably influence the behavior of nucleation and growth of the oxide scale during SCW 
water exposure. 

Coating a yttrium film on the surface of the samples could significantly restrain the corrosion 
rate in SCW environments.  The effect of a Y-coating layer on corrosion properties of the 
substrates could be summarized in two main aspects: formation of discrete, fine (<500 nm in 
diameter), YFeO3 particulates altered subsequent nucleation and growth of oxides; and regions 
occupied by YFeO3 particulates acted as effective diffusion barriers to retard migration of 
reactants. 

To improve oxide scale adherence, F/M steel HCM12A, austenitic alloy 800H, and Ni-base 
INCO617 samples were thermo-mechanically processed to reduce the fraction of high-energy 
GBs and possess a greatly increased fraction of low-Σ CSLBs.  Modification may reduce 
anisotropy in the oxide layers and mitigate the effect of differential thermal expansion between 
oxide layers in different phases by increasing the fraction of one particular oxide layer and thus 
improve oxide adherence. 

The effect of SP on oxidation behavior in SCW has been investigated. It was found that an 
~20 to 70 µm deep deformation zone was produced by SP processing, which generates two 
microstructural regions including an ultrafine-grained region at the surface and a sequential 
transition region in the subsurface.  The ultrafine grains induced by SP increased the population 
of GBs, resulting in an increased Cr diffusivity to assist in formation of Cr and Cr-rich oxides.  
Another benefit might be spallation, which usually induced by thermal expansion mismatch, can 
be greatly mitigated because formation of magnetite (Fe3O4) on the samples was reduced after 
shot-peening modification. 

In summary, this study has provided information on growth kinetics and morphological 
characteristics of the oxide layer, as well as microcrostructural changes in a wide range of 
candidate alloys.  This has provided a basis for narrowing down the field of alloys for use in 
various components of SCWR and perusal of future focused studies of these alloys.  Surface 
modification approaches, such as ion implantation and sputter deposition, as well as thermo-
mechanical approaches such GBE, provide useful directions for further investigation on specific 
alloys. 
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Appendix A.I - Loop parameters for TEST#1 to TEST#9 
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A.I.1 Test section parameters for TEST#1 

 
(a) Test section temperature 

 
(b) Test section pressure 

 
(c) Inlet dissolved oxygen concentration 
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(d) Test section conductivity 

Fig. A.I.1  Typical parameters for second 2-weeks of corrosion TEST#1 
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A.I.2 Test section parameters for TEST#2 

 
(a) Test section temperature 

 
(b) Test section pressure 

 
(c) Inlet dissolved oxygen concentration 
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(d) Test section conductivity profile 

Fig. A.I.2  Typical parameters for second 2-weeks run of corrosion TEST#2 
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A.I.3 Test section parameters for TEST#3 

  
(a) Test section temperature profile (b) Test section pressure profile 

  
(c) Dissolved oxygen concentration profile (d) Conductivity profile 

Fig. A. I.3  Typical parameters for first 2-week run of corrosion TEST#3 
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A.I.4 Test section parameters for TEST#4 
The mean, standard deviation, and minimum and maximum values of monitored parameters 

for corrosion TEST#4 are listed in Table 1.1. 

 
Table A.I.1  Mean, standard deviation, minimum and maximum values of the parameters for 

TEST#4 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 596.07 0.68175 590.354 601.801 
Temperature/bottom Section (oC) 602.11 2.0687 588.493 610.646 

Conductivity (µs) - - - - 
Pressure (psi) 3616.48 220.45278 236.656 4409.2 

Dissolved oxygen in (ppb) 56.9 235 0.065 3554.793 
Dissolved oxygen out (ppb) 5.72 0.77 0.816 33.413 
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(a)  Test section temperature profile  (b)  Test section pressure profile 

 

 

(c)  Conductivity profile for corrosion  

Fig. A.I.4  Plots of parameters as a function of exposure time, showing test section performance of the 
corrosion in TEST#4 
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(a) Test section dissolved oxygen concentration (b) Test section pressure profile 

  
(c) Test section temperature profile (d) Conductivity profile 

Fig. A.I.5  Typical parameters for second 667 h run of corrosion TEST#4 

 

The profile in Fig. A.I.5 presents the trend of conductivity during exposure time.  However, 
the data actually read on the computer is different than data actually recorded, due to a problem 
with calibration.  Normalized data for average conductivity is 68.09 ms/cm. 

 

A.I.5 Test section parameters for TEST#5 
Plots of parameters as a function of exposure time for the first 333 h of TEST#5 subcritical 

water corrosion test are shown in Fig. A. I.6; and the mean, standard deviation, and minimum 
and maximum values of the monitored parameters are listed in Table A.I.2. 
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(a)  Test section temperature profile  (b)  Test section pressure profile  

  
(c)  Conductivity profile  (d)  Dissolved oxygen concentration profile  

Fig. A. I.6  Plots of parameters as a function of exposure time, showing test section performance of 
corrosion TEST#5. 

 

Table A.I.2  Mean, standard deviation, and minimum and maximum values of the monitored 
parameters for corrosion TEST#5 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 359.80 1.84 352.03 365.7 
Temperature/bottom Section (oC) 360.17 1.83 354.19 367.22 

Conductivity (µs) 0.221 0.098 0.14 0.66 
Pressure (psi) 3600.28 2.96 3435.57 3649.68 

Dissolved oxygen in (ppb) 5.72 11.89 4.83 300 
Dissolved oxygen out (ppb) 2.75 0.89 0 27.08 
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A.I.6 Test section parameters for TEST#6 

  
(a)  Test section temperature profile  (b)  Test section pressure profile  

  
(c)  Conductivity profile  Test section oxygen concentration profile  

Fig. A.I.7  Plots of parameters as a function of exposure time, showing test section performance of 
corrosion TEST#6 in first 385 h 
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Table A.I.3  Mean, standard deviation, and minimum and maximum values of monitored 

parameters for corrosion TEST#6 in first 385 h 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 499.91 2.42 484.67 506.76 
Temperature/bottom Section (oC) 500.32 0.94 487.65 503.30 

Conductivity (x10-6 s) .949 .055 .67 1.24 
Pressure (psi) 3600.5 17.1 3445.1 3688.5 

Dissolved oxygen in (ppb) 11.33 3.72 3.28 83.21 
Dissolved oxygen out (ppb) .32 .21 0 4.83 

 

Table A.I.4  Mean, standard deviation, and minimum and maximum values of monitored 
parameters for corrosion TEST#6 in 667 h 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 500.03 2.03 479.14 506.76 
Temperature/bottom Section (oC) 500.36 .90 482.65 505.33 

Conductivity (x10-6 s) .938 .076 .60 1.24 
Pressure (psi) 3600.34 14.41 3445.1 3688.5 

Dissolved oxygen in (ppb) 11.35 13.38 2.82 196.61 
Dissolved oxygen out (ppb) 0.40 0.51 0 7.12 

 

After 667 h run of TEST#6, the water was collected from the SCW loop and submitted for 
chemical composition analysis by inductively coupled plasma-mass spectroscopy (ICP-MS).  
The results are shown in Table A.I.5. 

 

 
Table A.I.5  Trace element analysis of water being used as SCW media for TSET#6 

 ICP-MS IC ANIONS 
Element Cr Ni Y Ag W Mn Mo Cu Si S Cl- 

Unit ppb ppb ppb ppb ppb ppb ppb ppb ppm ppm ppm 
Water  .3 6.59 <.01 .50 .11 36.62 1.04 5.99 .011 <.05 .26 

Unit  1,000 ppb = ppm = mg/kg = mg/liter. 1% = 10,000 ppm. 

 

A.I.7 Test section parameters for TEST#7 
The parameters for 333 h of TEST#7 are shown in Fig. A.I.8; and the mean, standard 

deviation, and minimum and maximum values of the monitored parameters for 333-h and 667-h 
exposure of the corrosion and SCC TEST#7 are listed in Table A.I.6 and Table A.I.7, 
respectively. 
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(a)  Test section temperature profile (b)  Test section pressure profile  

  
(c)  Conductivity profile Test section oxygen concentration profile  

Fig. A.I.8  Plots of parameters as a function of exposure time, showing test section performance of 
corrosion TEST#7 in the first 166 h 

 
Table A.I.6  Mean, standard deviation, and minimum and maximum values of monitored 

parameters for corrosion TEST#7 in first 167 h 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 499.7 1.1 468.0 503.8 
Temperature/bottom Section (oC) 500.2 0.9 471.7 502.4 

Conductivity (µs) .87 .09 .54 1.09 
Pressure (psi) 3600 2.7 3565 3624 

Dissolved oxygen in (ppb) 8.8 8.4 .8 197.9 
Dissolved oxygen out (ppb) .6 .8 .3 10.2 
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Table A.I.7  Mean, standard deviation, and minimum and maximum values of monitored 
parameters for corrosion TEST#7 from 167 to 333 h 

 Mean Std Dev Min Max 
Temperature /upper Section (oC) 500.5 1.4 480.9 504.3 
Temperature/bottom Section (oC) 499.9 1.1 486 504.3 

Conductivity (µs) 1.05 .08 .4 2 
Pressure (psi) 3600 11.5 3559 3699 

Dissolved oxygen in (ppb) 8.7 20.6 0.7 199.4 
Dissolved oxygen out (ppb) .4 .1 .3 1.9 
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A.I.8 Test section parameters for TEST#8 
Parameters for TEST#8 are shown in Fig. A.I.9and Fig. A.I.10 for first 333-h exposure and 

followed 667-h exposure, respectively; and the mean, standard deviation, and minimum and 
maximum values of monitored parameters for corrosion TEST#8 are listed in Table A.3 and 
Table A.4 for 333-h exposure and 666-h exposure, respectively. 

  
(a)  Test section temperature profile for first 333 h 

exposure in TEST#8  
(b)  Test section pressure profile for first 333 h 

exposure in TEST#5 

  
(c)  Conductivity profile for first 333 h exposure in 

TEST#5 
(d)  Oxygen profile for first 333 h exposure in 

TEST#5 
Fig. A.I.9  Plots of parameters as a function of exposure time, showing test section performance of 333-h 
exposure examination in TEST#8 
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Table A.I.8  Mean, standard deviation, and minimum and maximum values of monitored 
parameters for 333-h exposure in TEST#8 

 Mean Std Dev Min Max 
Temperature (upper Section) 499.7 2.0 434 520 

Temperature (bottom Section) 500.0 2.0 443 531 
Conductivity (µs) 1.65 0.16 1.49 2.23 

Pressure (psi) 3522 300.0 0 3667 
D.O. in (ppb) 10.2 7.5 0 196 

Dissolved oxygen out (ppb) 0.26 0.76 0 134 
pH 5.8 0.3 5.0 8.0 

 

  
(a)  Test section temperature profile for 667-h 

exposure in TEST#8 
(b)  Test section pressure profile for 667-h exposure 

in TEST#8 

  
(c)  Conductivity profile for 667-h exposure in 

TEST#8 
(d)  Dissolved oxygen concentration profile for 

667-h exposure in TEST#8 
Fig. A.I.10  Plots of parameters as a function of exposure time, showing test section performance of 
667-h exposure in TEST#8 
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Table A.I.4  Mean, standard deviation, and minimum and maximum values of monitored 
parameters for 667-h exposure in TEST#8 

 Mean Std Dev Min Max 
Temperature (upper Section) 499.3 3.6 399 520 

Temperature (bottom Section) 500.2 3.0 405 514 
Conductivity (µs) 2.02 0.28 4 6 

Pressure (psi) 3595 114 35 3950 
D.O. in (ppb) 20.0 32.5 10 196 

Dissolved oxygen out (ppb) 0.24 0.97 0 145 
PH 4.8 0.10 4 6 

 

 

A.I.9 Test section parameters for TEST#9 
The parameters for TEST#9 are not shown in this report, since TEST#9 was a short time test. 
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Appendix A.II - Weight measurements 

A.II.1 Weight measurement for TEST#1 
Table A.II. 1  Weight measurement data for  samples after exposure to 500oC SCW for 172, 333, and 

505 h (unit: gram) 

Material Wt 
Before(g) 

Wt 
After(g) 

Wt 
Before(g) 

Wt 
After(g) 

Wt 
Before(g) 

Wt 
After(g) 

 172 h exposure (1L) 333 h exposure (2L) 505 h exposure (3L) 
T91 0.8637 0.8729 0.8609 0.8744 0.8869 0.9013 

T91-O 0.9785 0.9875 0.9052 0.9191 1.1362 1.149 
NF616 0.9328 0.9422 0.8111 0.8244 1.0077 1.021 
HT9 0.981 0.9856 0.9605 0.9714 0.9769 0.9885 

HT9-O 1.0771 1.0829 1.1362 1.1458 0.9595 0.9694 
HCM12A 0.9107 0.919 0.9135 0.9256 0.4683 0.4814 
HCM12A-

O 
0.5039 0.5123 0.792 0.8037 0.9125 0.9253 

SS316 1.3012 1.3018 1.1037 1.1043 1.0266 1.0282 
D9 2.0117 2.013 0.5662 0.5682 1.9708 1.9732 
347 0.5452 0.5459 0.5563 0.5574 0.4707 0.4726 

800H 0.8758 0.8767 0.5116 0.5145 0.9829 0.9839 
625 1.1518 1.1518 0.8247 0.8253 1.1801 1.1799 
718 0.4623 0.4621 0.4804 0.4808 0.4857 0.4853 
SiC 0.6577 0.6567 0.7034 0.7022 0.7099 0.7073 

-O  surface was implanted with oxygen in a plasma source ion implantation system. 
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Table A.II.2  Weight gain per unit area for samples exposed in TEST#1 to low oxygen, 500oC SCW 
for up to 505 h 

Material Coupon thickness 
(mm) 

Weight gain 
(g) 

Corrosion area 
(mm2) 

Weight gain 
(mg/cm2) 

D9_1L 0.75 0.0013 824.3120 0.1577 
D9_2L 0.22 0.0020 761.3355 0.2627 
D9_3L 0.70 0.0024 818.3708 0.2933 

800H_1L 0.32 0.0009 773.2178 0.1164 
800H_2L 0.15 0.0029 753.0178 0.3851 
800H_3L 0.38 0.0010 780.3473 0.1281 
347_1L 0.22 0.0007 761.3355 0.0919 
347_2L 0.21 0.0011 760.1472 0.1447 
347_3L 0.17 0.0019 755.3943 0.2515 

SS316_1L 0.52 0.0006 796.9826 0.0753 
SS316_2L 0.36 0.0001 777.9708 0.0077 
SS316_3L 0.36 0.0016 777.9708 0.2057 

625_1L 0.40 0.0000 782.7237 0.0000 
625_2L 0.26 0.0006 766.0884 0.0783 
625_3L 0.39 -0.0002 781.5355 -0.0256 
HT9_1L 0.36 0.0046 777.9708 0.5913 
HT9_2L 0.35 0.0109 776.7825 1.4032 
HT9_3L 0.37 0.0116 779.1590 1.4888 

HT9-O_1L 0.37 0.0058 779.1590 0.7444 
HT9-O_2L 0.40 0.0096 782.7237 1.2265 
HT9-O_3L 0.35 0.0099 776.7825 1.2745 

HCM12A_1L 0.30 0.0083 770.8414 1.0767 
HCM12A_2L 0.31 0.0121 772.0296 1.5673 
HCM12A_3L 0.18 0.0131 756.5825 1.7315 

HCM12A-O_1L 0.18 0.0084 756.5825 1.1103 
HCM12A-O_2L 0.31 0.0117 772.0296 1.5155 
HCM12A-O_3L 0.30 0.0128 770.8414 1.6605 

T91_1L 0.31 0.0092 772.0296 1.1917 
T91_2L 0.32 0.0135 773.2178 1.7460 
T91_3L 0.31 0.0144 772.0296 1.8652 

T91-O_1L 0.33 0.0090 774.4061 1.1622 
T91-O_2L 0.34 0.0139 775.5943 1.7922 
T91-O_3L 0.44 0.0128 787.4767 1.6254 
NF616_1L 0.33 0.0094 774.4061 1.2138 
NF616_2L 0.32 0.0133 773.2178 1.7201 
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Material Coupon thickness 
(mm) 

Weight gain 
(g) 

Corrosion area 
(mm2) 

Weight gain 
(mg/cm2) 

NF616_3L 0.41 0.0133 783.9120 1.6966 
718_1L 0.19 -0.0002 757.7708 -0.0264 
718_2L 0.16 0.0004 754.2060 0.0530 
718_3L 0.21 -0.0004 760.1472 -0.0526 
SiC_1L 0.50 -0.0010 794.6061 -0.1258 
SiC_2L 0.50 -0.0012 794.6061 -0.1510 
SiC_3L 0.50 -0.0026 794.6061 -0.3272 

 
_1L, _2L, and _3L denote the exposure times of 172, 333 and 505 h, respectively. 
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A.II.2 Weight measurement for TEST#2 
Table A.II.3  Weight measurement data for samples after exposure to 500oC SCW for 168, 335, and 

503 h (unit: gram) 

Material Wt Before(g) Wt After(g) Wt Before(g) Wt After(g) Wt Before(g) Wt After(g) 
 168 h exposure (1H) 335 h exposure (2H) 503 h exposure (3H) 

T22 1.1712 1.1860 1.1836 1.2069 1.1399  1.1656  
T91 0.7056 0.7167 0.8229 0.8404 0.7081  0.7290  

NF616 1.0503 1.0613 0.9952 1.011 1.0504  1.0699  
HT9 0.9573 0.9681 0.7568 0.7579 1.1865  1.2047  

HCM12A 0.8961 0.9080 0.9094 0.9265 0.9425  0.9606  
SS316 1.2053 1.2064 1.1381 1.1406 1.0969  1.0990  

D9 1.0646 1.0656 1.02283 1.02335 0.7360  0.7385  
347 0.4991 0.5003 0.5294 0.529 0.4200  0.4202  

800H 0.8551 0.8568 0.4604 0.4621 1.1194  1.1231  
625 1.1418 1.1421 0.8145 0.8148 1.2044  1.2049  
690 0.7137 0.7138 1.0752 1.0753 1.1436  1.1443  
718 0.5446 0.5450 0.54 0.5406 0.5108  0.5111  
825 0.7369 0.7376 1.0274 1.028 0.8987  0.8994  
SiC 0.7343 0.7295 1.1241 1.1404 0.7157  0.7026  
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Table A.II.4  Weight gain per unit area for samples exposed to high oxygen, 500oC SCW for 168, 335, 
and 503 h in TEST#2 

Material Coupon thickness 
(mm) 

Weight gain 
(g) 

Corrosion area 
(mm2) 

Weight gain 
(mg/cm2) 

D9_1H 0.37 0.0010 779.1590 0.1283 
D9_2H 0.25 0.0011 764.9002 0.1438 
D9_3H 0.31 0.0025 772.0296 0.3238 

800H_1H 0.30 0.0017 770.8414 0.2205 
800H_2H 0.16 0.0017 754.2060 0.2254 
800H_3H 0.39 0.0037 781.5355 0.4734 
347_1H / 0.0012 735.1943 0.1632 
347_2H / -0.0004 735.1943 -0.0544 
347_3H / 0.0002 735.1943 0.0272 

SS316_1H 0.41 0.0010 783.9120 0.1276 
SS316_2H 0.43 0.0025 786.2884 0.3179 
SS316_3H 0.41 0.0021 783.9120 0.2679 

625_1H 0.37 0.0004 779.1590 0.0513 
625_2H 0.42 0.0003 785.1002 0.0382 
625_3H 0.28 0.0005 768.4649 0.0651 
HT9_1H 0.38 0.0109 780.3473 1.3968 
HT9_2H 0.42 0.0158 785.1002 2.0125 
HT9_3H 0.49 0.0182 793.4179 2.2939 
690_1H 0.29 0.0001 769.6531 0.0130 
690_2H 0.40 0.0001 782.7237 0.0128 
690_3H 0.42 0.0007 785.1002 0.0892 

HCM12A_1H 0.33 0.0119 774.4061 1.5367 
HCM12A_2H 0.36 0.0171 777.9708 2.1980 
HCM12A_3H 0.34 0.0181 775.5943 2.3337 

825_1H / 0.0007 735.1943 0.0952 
825_2H / 0.0006 735.1943 0.0816 
825_3H / 0.0007 735.1943 0.0952 
T91_1H 0.28 0.0111 768.4649 1.4444 
T91_2H 0.31 0.0175 772.0296 2.2668 
T91_3H 0.25 0.0209 764.9002 2.7324 
T22_1H 0.46 0.0149 789.8531 1.8864 
T22_2H 0.46 0.0233 789.8531 2.9499 
T22_3H 0.49 0.0257 793.4179 3.2392 

NF616_1H 0.40 0.0109 782.7237 1.3926 
NF616_2H 0.42 0.0163 785.1002 2.0762 
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Material Coupon thickness 
(mm) 

Weight gain 
(g) 

Corrosion area 
(mm2) 

Weight gain 
(mg/cm2) 

NF616_3H 0.46 0.0195 789.8531 2.4688 
718_1H 0.21 0.0004 760.1472 0.0526 
718_2H 0.19 0.0006 757.7708 0.0792 
718_3H 0.19 0.0003 757.7708 0.0396 
C22_2H 0.33 0.0005 774.4061 0.0646 
SiC_1H 0.50 -0.0048 794.6061 -0.6041 
SiC_3H 0.50 -0.0131 794.6061 -1.6486 

  1H, 2H, and 3H denote the exposure times of 168, 335 and 503 h, respectively. 
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A.II.3 Weight measurement for TEST#3 
Table A.II.5  Weight measurements of samples exposed for 336 h in 25 ppb oxygen 500oC SCW (unit: gram) 

Mounting 
position Material Before exposure Average After 336-h exposure Average 

1 SS316 1.1592 1.1593 1.1592 1.1592 1.15923 1.1603 1.1604 1.1603 1.1605 1.16038 
2 D9 1.8107 1.8106 1.8112 1.8111 1.81090 1.8123 1.8124 1.8124 1.8124 1.81238 
3 800H 2.3508 2.3507 2.3506 2.3509 2.35075 2.3514 2.3513 2.3513 2.3516 2.35140 
4 NF616 1.0616 1.0613 1.0614 1.0612 1.06138 1.0752 1.0755 1.0753 1.0752 1.07530 
5 HCM12A 0.9638 0.9636 0.9638 0.9636 0.96370 0.9762 0.9763 0.9763 0.9762 0.97625 

10 D9-600 2.7557 2.7557 2.7556 2.756 2.75575 2.7575 2.7578 2.7579 2.7577 2.75773 
11 800H-600 1.8657 1.8655 1.8657 1.866 1.86573 1.866 1.8661 1.8659 1.866 1.86600 
12 NF616-600 1.0501 1.0501 1.0498 1.0502 1.05005 1.0641 1.0641 1.0641 1.0642 1.06413 
13 HCM12A-600 0.9003 0.9001 0.9001 0.9003 0.90020 0.913 0.9128 0.9131 0.9129 0.91295 
22 800H-GBE 2.0514 2.0517 2.0516 2.0516 2.05158 2.0527 2.0529 2.0528 2.0528 2.05280 
27 9Cr ODS 0.8272 0.827 0.8272 0.8272 0.82715 0.8343 0.8346 0.8346 0.8343 0.83445 

   600 samples were polished on metallographic SiC paper to 600 grit finish. 
   GBE grain boundary engineering modification. 
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Table A.II.6  Weight measurements of samples exposed for 690 h in 25 ppb oxygen 500oC SCW (unit: gram) 

Position Material Before exposure Average After 667-h exposure Average 

1 SS316 1.1323 1.1326 1.1320 1.1326 1.13238 1.1339 1.1340 1.1339 1.1339 1.13393 
2 D9 2.5479 2.5483 2.5483 2.5483 2.54820 2.5504 2.5504 2.5507 2.5506 2.55053 
3 800H 2.2057 2.2052 2.2052 2.2048 2.20523 2.2053 2.2053 2.2054 2.2051 2.20528 
4 NF616 1.1074 1.1063 1.1065 1.1067 1.10673 1.1235 1.1230 1.1230 1.1233 1.12320 
5 HCM12A 1.0248 1.0258 1.0252 1.0248 1.02515 1.0400 1.0397 1.0399 1.0397 1.03983 

10 D9-600 2.7840 2.7843 2.7843 2.7841 2.78418 2.7846 2.7843 2.7844 2.7844 2.78443 
11 800H-600 1.7189 1.7194 1.7191 1.7196 1.71925 1.7194 1.7191 1.7192 1.7190 1.71918 
12 NF616-600f 0.8295 0.8295 0.8290 0.8293 0.82933 0.8454 0.8456 0.8453 0.8457 0.84550 
13 HCM12A-600 1.0950 1.0952 1.0953 1.0950 1.09513 1.1102 1.1097 1.1096 1.1095 1.10975 
22 800H-GBE 1.8688 1.8691 1.8693 1.8690 1.86905 1.8714 1.8711 1.8716 1.8713 1.87135 
27 9Cr ODS 0.8102 0.8098 0.8104 0.8107 0.81028 0.8182 0.8182 0.8182 0.8181 0.81818 
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Table A.II.7  Weight measurements of samples exposed for 1026 h in 25 ppb oxygen 500oC SCW (unit: gram) 

Position Material Before exposure Average After 1000-h exposure Average 

6 D9 2.5338 2.5335 2.5337 2.5336 2.53365 2.5369 2.5366 2.5368 2.5369 2.53680 
7 800H 2.3439 2.3438 2.3440 2.3448 2.34413 2.3444 2.3441 2.3441 2.3443 2.34423 
8 NF616 1.0892 1.0898 1.0899 1.0897 1.08965 1.1097 1.1094 1.1095 1.1096 1.10955 
9 HCM12A 0.9657 0.9657 0.9661 0.9658 0.96583 0.9849 0.9843 0.9847 0.9845 0.98460 

14 D9-600 2.4410 2.4409 2.4410 2.4405 2.44085 2.4444 2.4445 2.4445 2.4444 2.44445 
15 800H-600 1.8468 1.8470 1.8468 1.8468 1.84685 1.8469 1.8470 1.8467 1.8472 1.84695 
16 NF616-600 1.1012 1.1013 1.1014 1.1016 1.10138 1.1215 1.1215 1.1212 1.1212 1.12135 
17 HCM12A-600 1.1316 1.1322 1.1315 1.1320 1.13183 1.1505 1.1501 1.1502 1.1503 1.15028 
18 D9_2 2.7011 2.7010 2.7009 2.7008 2.70095 2.7032 2.7032 2.7033 2.7033 2.70325 
19 800H_2 2.3941 2.3940 2.3943 2.3940 2.39410 2.3946 2.3945 2.3946 2.3945 2.39455 
20 NF616_2 1.0762 1.0758 1.0760 1.0762 1.07605 1.0967 1.0962 1.0965 1.0964 1.09645 
21 HCM12A_2 1.0695 1.0693 1.0698 1.0697 1.06958 1.0890 1.0887 1.0889 1.0886 1.08880 
23 800H-GBE 2.2095 2.2095 2.2096 2.2095 2.20953 2.2114 2.2108 2.2110 2.2113 2.21113 
24 625L 1.0849 1.0847 1.0845 1.0843 1.08460 1.0845 1.0848 1.0848 1.0846 1.08468 
25 800 3.1494 3.1493 3.1490 3.1491 3.14920 3.1506 3.1497 3.1499 3.1500 3.15005 
26 SS316 1.0888 1.0890 1.0891 1.0887 1.08890 1.0904 1.0901 1.0902 1.0902 1.09023 
28 9Cr ODS 0.9981 0.9975 0.9966 0.9983 0.99763 1.0075 1.0072 1.0075 1.0078 1.00750 

   2 second test point of the alloy. 
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Table A.II.8  Weight gain per unit area of mg/dm2 for samples exposed for 2 weeks in 25 ppb oxygen SCW 

Mounting 
position Material 

Wt Before 
(g) 

Wt After 
(g) 

Wt Gain 
(g) 

Wt Gain 
(%) 

reaction area 
(mm2) 

Wt gain per unit area 
(g/in2) 

Wt gain per unit area 
(mg/dm2) 

1 SS316 1.15923 1.16038 0.00115 0.099 787.4767 0.000942 14.6036 
2 D9 1.81090 1.81238 0.00148 0.082 806.4885 0.001184 18.3512 
3 800H 2.35075 2.35140 0.00065 0.028 833.8179 0.000503 7.7955 
4 NF616 1.06138 1.07530 0.01392 1.312 786.2884 0.011422 177.0343 
5 HCM12A 0.96370 0.97625 0.01255 1.302 779.1590 0.010392 161.0711 

10 D9-600 2.75575 2.75773 0.00198 0.072 849.2650 0.001504 23.3143 
11 800H-600 1.86573 1.86600 0.00027 0.014 814.8061 0.000214 3.3137 
12 NF616-600 1.05005 1.06413 0.01408 1.341 781.5355 0.011623 180.1582 
13 HCM12A-600 0.90020 0.91295 0.01275 1.416 782.7237 0.010509 162.8927 
22 800H-GBE 2.05158 2.05280 0.00122 0.059 815.9944 0.000965 14.9511 
27 9Cr ODS 0.82715 0.83445 0.00730 0.883 611.3822 0.007703 119.4016 

 



 

 233 

Table A.II.9  Weight gain per unit area of mg/dm2 for samples exposed for 690 h in 25 ppb oxygen SCW 

Mounting 
position Material Wt Before 

(g) 
Wt After 

(g) 
Wt Gain 

(g) 
Wt Gain 

(%) 
reaction area 

(mm2) 
Wt gain per unit area 

(g/in2) 
Wt gain per unit area 

(mg/dm2) 
1 SS316 1.13238 1.13393 0.00155 0.137 779.1590 0.001283  19.8932 
2 D9 2.54820 2.55053 0.00233 0.091 838.5709 0.001789  27.7257 
3 800H 2.20523 2.20528 0.00005 0.002 825.5002 0.000039  0.6057 
4 NF616 1.10673 1.12320 0.01648 1.489 785.1002 0.013538  209.8458 
5 HCM12A 1.02515 1.03983 0.01468 1.431 780.3473 0.012133  188.0573 

10 D9-600 2.78418 2.78443 0.00025 0.009 850.4532 0.000190  2.9396 
11 800H-600 1.71925 1.71918 -0.00007 -0.004 808.8649 -0.000060  -0.9272 
12 NF616-600 0.82933 0.84550 0.01618 1.950 776.7825 0.013434  208.2307 
13 HCM12A-600 1.09513 1.10975 0.01463 1.335 787.4767 0.011982  185.7198 
22 800H-GBE 1.86905 1.87135 0.00230 0.123 808.8649 0.001835  28.4349 
27 9Cr ODS 0.81028 0.81818 0.00790 0.975 611.3822 0.008336  129.2154 
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Table A.II.10  Weight gain per unit area for samples exposed for 1026 in 25 ppb oxygen SCW 

Mounting 
position Material 

Wt Before 
(g) 

Wt After 
(g) 

Wt Gain 
(g) 

Wt Gain 
(%) 

reaction area 
(mm2) 

Wt gain per unit area 
(g/in2) 

Wt gain per unit area 
(mg/dm2) 

6 D9 2.53365 2.53680 0.00315 0.124 842.1356 0.002413  37.4049 
7 800H 2.34413 2.34423 0.00010 0.004 832.6297 0.000077  1.2010 
8 NF616 1.08965 1.10955 0.01990 1.826 785.1002 0.016353  253.4708 
9 HCM12A 0.96583 0.98460 0.01877 1.943 782.7237 0.015471  239.8036 

14 D9-600 2.44085 2.44445 0.00360 0.147 835.0061 0.002782  43.1135 
15 800H-600 1.84685 1.84695 0.00010 0.005 813.6179 0.000079  1.2291 
16 NF616-600 1.10138 1.12135 0.01997 1.813 788.6649 0.016336  253.2127 
17 HCM12A-600 1.13183 1.15028 0.01845 1.630 787.4767 0.015116  234.2927 
18 D9_2 2.70095 2.70325 0.00230 0.085 845.7003 0.001755  27.1964 
19 800H_2 2.39410 2.39455 0.00045 0.019 833.8179 0.000348  5.3969 
20 NF616_2 1.07605 1.09645 0.02040 1.896 783.9120 0.016789  260.2333 
21 HCM12A_2 1.06958 1.08880 0.01922 1.797 781.5355 0.015866  245.9261 
23 800H-GBE 2.20953 2.21113 0.00160 0.072 832.6297 0.001240  19.2162 
24 625L 1.08460 1.08468 0.00008 0.007 780.3473 0.000066  1.0252 
25 800 3.14920 3.15005 0.00085 0.027 873.0297 0.000628  9.7362 
26 SS316 1.08890 1.09023 0.00133 0.122 780.3473 0.001100  17.0437 
28 9Cr ODS 0.9976 1.0075 0.00987 0.989 622.7246 0.010226  158.4970 
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A.II.4 Weight measurement for TEST#4 
Table A.II.11  Weight measurements of samples exposed for 333 h (unit: gram) 

Position Material Before exposure Average After 333 h exposure Average 
1 SS316 0.9591 0.9593 0.9591 0.959 0.95913 0.9775 0.9774 0.9776 0.9777 0.97755 
2 D9 2.6098 2.6093 2.6092 2.6094 2.60943 2.6231 2.6232 2.6231 2.6235 2.62323 
3 800H 2.5169 2.5168 2.5168 2.517 2.51688 2.525 2.525 2.5251 2.5249 2.52500 
4 NF616 2.2594 2.2592 2.2592 2.2592 2.25925 2.3174 2.3174 2.3173 2.3173 2.31735 
5 HCM12A 3.0195 3.0199 3.0197 3.0195 3.01965 3.0703 3.0706 3.0705 3.0702 3.07040 

10 800H-GBE 2.4249 2.4246 2.4246 2.4249 2.42475 2.4394 2.4395 2.4391 2.4394 2.43935 
11 ODS-O 2.0219 2.022 2.0218 2.0218 2.02188 2.0576 2.058 2.0578 2.0576 2.05775 
12 ODS 1.5046 1.5042 1.5044 1.5046 1.50445 1.5391 1.5395 1.539 1.5392 1.53920 
13 NF616-O 2.2741 2.2745 2.2746 2.2745 2.27443 2.3402 2.3399 2.3398 2.3398 2.33993 
14 NF616-Y 2.4016 2.4018 2.4017 2.4022 2.40183 2.4413 2.4414 2.4415 2.4415 2.44143 
15 NF616-HT 1.5674 1.5675 1.5673 1.5675 1.56743 1.6333 1.633 1.6331 1.6331 1.63313 
16 HCM12A-O 2.6548 2.6545 2.6548 2.6548 2.65473 2.7123 2.7124 2.7125 2.7122 2.71235 
17 HCM12A-Y 2.7738 2.7735 2.7735 2.7734 2.77355 2.8076 2.8081 2.8076 2.808 2.80783 
26 NF709 2.4831 2.4835 2.4834 2.4833 2.48333 2.5046 2.5046 2.504 2.5045 2.50443 

   Y samples were sputtering coated a ~ 200 nm yttrium film. 
   HT samples were heat-treated prior to exposure. 
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Table A.II.12  Weight measurements of samples exposed for 333 h (unit: gram) 

Position Material Before exposure Average After 333 h exposure Average 
6 D9 2.5465 2.5467 2.5461 2.5464 2.54643 2.5605 2.5605 2.5601 2.5601 2.56030 
7 800H 2.8332 2.8330 2.8330 2.8330 2.83305 2.8453 2.8454 2.8455 2.8457 2.84548 
8 NF616 1.7796 1.7799 1.7797 1.7798 1.77975 1.8413 1.8417 1.8418 1.8416 1.84160 
9 HCM12A 2.6799 2.6799 2.6798 2.6799 2.67988 2.7358 2.7355 2.7353 2.7353 2.73548 

18 800H-GBE 2.3550 2.3547 2.3552 2.3550 2.35498 2.3721 2.3718 2.3717 2.3719 2.37188 
19 ODS-O 1.9840 1.9837 1.9838 1.9838 1.98383 2.0200 2.0195 2.0196 2.0196 2.01968 
20 ODS 1.8354 1.8352 1.8353 1.8356 1.83538 1.8698 1.8698 1.8702 1.8702 1.87000 
21 NF616-O 2.3453 2.3456 2.3455 2.3457 2.34553 2.4146 2.4148 2.4145 2.4148 2.41468 
22 NF616-Yttria 2.3187 2.3186 2.3187 2.3187 2.31868 2.3594 2.3593 2.3591 2.3592 2.35925 
23 NF616-HT 2.0309 2.0309 2.0308 2.0311 2.03093 2.1008 2.1012 2.1008 2.1009 2.10093 
24 HCM12A-O 2.5087 2.5083 2.5087 2.5086 2.50858 2.5709 2.5709 2.5708 2.5707 2.57083 
25 HCM12A-Y 2.5628 2.5628 2.5628 2.5629 2.56283 2.5957 2.5955 2.5956 2.5958 2.59565 
27 SS316 1.1235 1.1233 1.1235 1.1234 1.12343 1.1497 1.1495 1.1498 1.1498 1.14970 
28 625 1.2098 1.2101 1.2101 1.2100 1.21000 1.2105 1.2105 1.2106 1.2104 1.21050 
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Table A.II.13  Weight measurements of samples exposed for 667 h (unit: gram) 

Position Material Before exposure Average After 667 h exposure Average 
1 SS316 0.9834 0.9834 0.9834 0.9833 0.98338 1.0123 1.0124 1.0121 1.0124 1.01230 
2 D9 2.6431 2.6430 2.6430 2.6429 2.64300 2.6607 2.6606 2.6608 2.6604 2.66063 
3 800H 2.8693 2.8690 2.8690 2.8690 2.86908 2.8756 2.8755 2.8755 2.8755 2.87553 
4 NF616 2.1612 2.1614 2.1615 2.1614 2.16138 2.2349 2.2346 2.2346 2.2347 2.23470 
5 HCM12A 2.6172 2.6175 2.6173 2.6173 2.61733 2.6776 2.6774 2.6776 2.6779 2.67763 

10 800H-GBE 2.2290 2.2284 2.2286 2.2288 2.22870 2.2437 2.2436 2.2440 2.2437 2.24375 
11 ODS-O 1.9678 1.9681 1.9678 1.9678 1.96788 2.0148 2.0146 2.0145 2.0147 2.01465 
12 ODS 1.8701 1.8703 1.8702 1.8702 1.87020 1.9143 1.9143 1.9143 1.9140 1.91423 
13 NF616-O 2.0618 2.0617 2.0618 2.0616 2.06173 2.1450 2.1449 2.1447 2.1447 2.14483 
14 NF616-Y 2.2142 2.2142 2.2136 2.2141 2.21403 2.2664 2.2664 2.2663 2.2658 2.26623 
15 NF616-HT 1.5979 1.5980 1.5980 1.5979 1.59795 1.6861 1.6864 1.6862 1.6866 1.68633 
16 HCM12A-O 2.6992 2.6992 2.6989 2.6996 2.69923 2.7660 2.7664 2.7662 2.7658 2.76610 
17 HCM12A-Y 2.7326 2.7328 2.7322 2.7329 2.73263 2.7787 2.7787 2.7787 2.7788 2.77873 
26 NF709 2.3174 2.3175 2.3173 2.3176 2.31745 2.3412 2.3412 2.3417 2.3419 2.34150 
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Table A.II.14  Weight measurements of samples exposed for 1000 h (unit: gram) 

Position Material Before exposure Average After 1000 h exposure Average 
6 D9 2.5465 2.5467 2.5461 2.5464 2.54643 2.5666 2.5665 2.5663 2.5663 2.56643 
7 800H 2.8332 2.8330 2.8330 2.8330 2.83305 2.8511 2.8509 2.8508 2.8509 2.85093 
8 NF616 1.7796 1.7799 1.7797 1.7798 1.77975 1.8744 1.8748 1.8746 1.8745 1.87458 
9 HCM12A 2.6799 2.6799 2.6798 2.6799 2.67988 2.7604 2.7601 2.7601 2.7604 2.76025 

18 800H-GBE 2.3550 2.3547 2.3552 2.3550 2.35498 2.3791 2.3792 2.3794 2.3790 2.37918 
19 ODS-O 1.9840 1.9837 1.9838 1.9838 1.98383 2.0390 2.0388 2.0387 2.0387 2.03880 
20 ODS 1.8354 1.8352 1.8353 1.8356 1.83538 1.8906 1.8904 1.8905 1.8904 1.89048 
21 NF616-O 2.3453 2.3456 2.3455 2.3457 2.34553 2.4505 2.4507 2.4502 2.4508 2.45055 
22 NF616-Y 2.3187 2.3186 2.3187 2.3187 2.31868 2.3882 2.3880 2.3881 2.3881 2.38810 
23 NF616-HT 2.0309 2.0309 2.0308 2.0311 2.03093 2.1354 2.1357 2.1354 2.1356 2.13553 
24 HCM12A-O 2.5087 2.5083 2.5087 2.5086 2.50858 2.5980 2.5984 2.5981 2.5982 2.59818 
25 HCM12A-Y 2.5628 2.5628 2.5628 2.5629 2.56283 2.6158 2.6152 2.6154 2.6156 2.61550 
27 SS316 1.1235 1.1233 1.1235 1.1234 1.12343 1.1652 1.1652 1.1651 1.1648 1.16508 
28 625 1.2098 1.2101 1.2101 1.2100 1.21000 1.2104 1.2102 1.2105 1.2105 1.21040 
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Table A.II.15 Weight gain per unit area of mg/dm2 for samples exposed for 333 h in SCW 

Position Material Wt Before 
(g) 

Wt After 
(g) 

Wt Gain 
(g) 

Wt Gain 
(%) 

reaction area 
(mm^3) 

Wt gain 
(mg/dm^2) 

Wt gain 
(mg/cm^2) 

1 SS316 0.95913 0.97755 0.01843 1.921% 768.4463 239.7695 2.3977 
2 D9 2.60943 2.62323 0.01381 0.529% 839.1281 164.5160 1.6452 
3 800H 2.51688 2.52500 0.00813 0.323% 838.6875 96.8776 0.9688 
4 NF616 2.25925 2.31735 0.05810 2.572% 778.2942 746.5043 7.4650 
5 HCM12A 3.01965 3.07040 0.05075 1.681% 875.5188 579.6563 5.7966 

10 800H-GBE 2.42475 2.43935 0.01460 0.602% 859.2355 169.9185 1.6992 
11 9Cr ODS-O 2.02188 2.05775 0.03588 1.774% 682.2148 525.8608 5.2586 
12 ODS 1.50445 1.53920 0.03475 2.310% 629.9295 551.6491 5.5165 
13 NF616-O 2.27443 2.33993 0.06550 2.880% 786.6641 832.6934 8.3269 
14 NF616-Y 2.40183 2.44143 0.03960 1.649% 781.6479 506.6860 5.0669 
15 NF616-HT 1.56743 1.63313 0.06571 4.192% 715.8153 917.9044 9.1790 
16 HCM12A-O 2.65473 2.71235 0.05762 2.171% 852.8590 675.6686 6.7567 
17 HCM12A-Y 2.77355 2.80783 0.03428 1.236% 856.7574 400.1133 4.0011 
26 NF709 2.48333 2.50443 0.02111 0.850% 839.6499 251.3548 2.5135 
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Table A.II.16  Weight gain per unit area of mg/dm2 for samples exposed for 333 h in SCW 

Position Material 
Wt Before 

(g) 
Wt After 

(g) 
Wt Gain 

(g) 
Wt Gain 

(%) 
reaction area 

(mm^3) 
Wt gain 

(mg/dm^2) 
Wt gain 

(mg/cm^2) 
6 D9 2.54643 2.56030 0.01388 0.545% 850.2365 163.1899 1.6319 
7 800H 2.83305 2.84548 0.01242 0.439% 854.3594 145.4306 1.4543 
8 NF616 1.77975 1.84160 0.06185 3.475% 756.0699 818.0460 8.1805 
9 HCM12A 2.67988 2.73548 0.05560 2.075% 853.1571 651.6971 6.5170 

18 800H-GBE 2.35498 2.37188 0.01690 0.718% 832.7945 202.9312 2.0293 
19 9CrODS-O 1.98383 2.01968 0.03585 1.807% 659.2076 543.8347 5.4383 
20 9CrODS 1.83538 1.87000 0.03463 1.887% 668.7443 517.7614 5.1776 
21 NF616-O 2.34553 2.41468 0.06915 2.948% 784.3813 881.5866 8.8159 
22 NF616-Y 2.31868 2.35925 0.04058 1.750% 767.5978 528.5971 5.2860 
23 NF616-HT 2.03093 2.10093 0.07000 3.447% 765.9792 913.8630 9.1386 
24 HCM12A-O 2.50858 2.57083 0.06225 2.481% 853.0946 729.6963 7.2970 
25 HCM12A-Y 2.56283 2.59565 0.03282 1.281% 851.6421 385.4318 3.8543 
27 SS316 1.12343 1.14970 0.02628 2.339% 790.8108 332.2539 3.3225 
28 625 1.21000 1.21050 0.00050 0.041% 795.3654 6.2864 0.0629 
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Table A.II.17  Weight gain per unit area for samples exposed for 667 h in SCW 

Position Material Wt Before 
(g) 

Wt After 
(g) 

Wt Gain 
(g) 

Wt Gain 
(%) 

reaction area 
(mm^3) 

Wt gain 
(mg/dm^2) 

Wt gain 
(mg/cm^2) 

1 SS316 0.98338 1.01230 0.02893 2.941% 772.8428 374.2676 3.7427 
2 D9 2.64300 2.66063 0.01763 0.667% 851.5265 206.9812 2.0698 
3 800H 2.86908 2.87553 0.00645 0.225% 847.1897 76.1341 0.7613 
4 NF616 2.16138 2.23470 0.07333 3.393% 767.3223 955.5959 9.5560 
5 HCM12A 2.61733 2.67763 0.06030 2.304% 849.1527 710.1197 7.1012 

10 800H-GBE 2.22870 2.24375 0.01505 0.675% 839.1015 179.3585 1.7936 
11 9Cr ODS-O 1.96788 2.01465 0.04677 2.377% 670.4949 697.6191 6.9762 
12 9Cr ODS 1.87020 1.91423 0.04402 2.354% 647.4403 679.9854 6.7999 
13 NF616-O 2.06173 2.14483 0.08310 4.031% 765.8550 1085.0618 10.8506 
14 NF616-Y 2.21403 2.26623 0.05220 2.358% 770.4780 677.5015 6.7750 
15 NF616-HT 1.59795 1.68633 0.08838 5.531% 726.1658 1217.0085 12.1701 
16 HCM12A-O 2.69923 2.76610 0.06688 2.478% 849.1688 787.5348 7.8753 
17 HCM12A-Y 2.73263 2.77873 0.04610 1.687% 856.6274 538.1570 5.3816 
26 NF709 2.31745 2.34150 0.02405 1.038% 833.5624 288.5207 2.8852 
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Table A.II.18  Weight gain per unit area for samples exposed for 1000 h in SCW 

Position Material Wt Before 
(g) 

Wt After 
(g) 

Wt Gain 
(g) 

Wt Gain 
(%) 

reaction area 
(mm^3) 

Wt gain 
(g/in^2) 

Wt gain 
(mg/dm^2) 

Wt gain 
(mg/cm^2) 

6 D9 2.54643 2.56643 0.02000 0.785% 850.2365 0.015176 235.2287 2.3523 
7 800H 2.83305 2.85093 0.01788 0.631% 854.3594 0.013498 209.2211 2.0922 
8 NF616 1.77975 1.87458 0.09483 5.328% 756.0699 0.080915 1254.1829 12.5418 
9 HCM12A 2.67988 2.76025 0.08038 2.999% 853.1571 0.060780 942.0891 9.4209 

18 800H-GBE 2.35498 2.37918 0.02420 1.028% 832.7945 0.018748 290.5879 2.9059 
19 9CrODS-O 1.98383 2.03880 0.05498 2.771% 659.2076 0.053803 833.9558 8.3396 
20 9CrODS 1.83538 1.89048 0.05510 3.002% 668.7443 0.053157 823.9323 8.2393 
21 NF616-O 2.34553 2.45055 0.10502 4.478% 784.3813 0.086384 1338.9535 13.3895 
22 NF616-Y 2.31868 2.38810 0.06942 2.994% 767.5978 0.058351 904.4450 9.0444 
23 NF616-HT 2.03093 2.13553 0.10460 5.150% 765.9792 0.088101 1365.5724 13.6557 
24 HCM12A-O 2.50858 2.59818 0.08960 3.572% 853.0946 0.067761 1050.2938 10.5029 
25 HCM12A-Y 2.56283 2.61550 0.05267 2.055% 851.6421 0.039904 618.5110 6.1851 
27 SS316 1.12343 1.16508 0.04165 3.707% 790.8108 0.033979 526.6747 5.2667 
28 625 1.21000 1.21040 0.00040 0.033% 795.3654 0.000324 5.0291 0.0503 
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II.5 Weight measurement for TEST#5 
Table A.II.19  Weight measurements of samples exposed for 333 h in 360oC subcritical water (unit: gram) 

Position Material Before exposure Average After 2-week exposure Average 
1 SS316 1.1372 1.137 1.1368 1.1369 1.13698 1.1372 1.1373 1.137 1.1372 1.13718 
2 D9 1.742 1.7423 1.7424 1.7419 1.74215 1.7423 1.7425 1.7424 1.7427 1.74248 
3 800H 1.9772 1.978 1.9773 1.9777 1.97755 1.9772 1.9771 1.9774 1.9775 1.97730 
4 NF616 2.3882 2.3884 2.3885 2.3884 2.38838 2.3892 2.3892 2.3892 2.3893 2.38923 
5 HCM12A 2.2296 2.2306 2.2298 2.2308 2.23020 2.232 2.2319 2.2316 2.2317 2.23180 

12 9CrODS 0.8632 0.8631 0.8641 0.8638 0.86355 0.8644 0.8646 0.8646 0.8651 0.86468 
26 NF709 2.4944 2.4947 2.4947 2.4944 2.49455 2.4939 2.4941 2.4942 2.4943 2.49413 

 

 

Table A.II.20  Weight measurements of samples exposed for 333 h in 360oC subcritical water (unit: gram) 

Position Material Before exposure Average After 2-week exposure Average 
6 D9 2.3612 2.3608 2.3612 2.3614 2.36115 2.3612 2.3617 2.3617 2.3612 2.36145 
7 800H 1.1939 1.1936 1.1933 1.1932 1.19350 1.1936 1.1939 1.1938 1.1940 1.19383 
8 NF616 2.1737 2.1740 2.1727 2.1730 2.17335 2.1733 2.1732 2.1738 2.1731 2.17335 
9 HCM12A 2.3073 2.3081 2.3076 2.3085 2.30788 2.3046 2.3041 2.3043 2.3048 2.30445 

20 9CrODS 0.9325 0.9320 0.9316 0.9309 0.93175 0.9316 0.9320 0.9321 0.9327 0.93210 
27 SS316 1.0817 1.0816 1.0812 1.0812 1.08143 1.0818 1.0820 1.0821 1.0820 1.08198 
28 625 0.7896 0.7897 0.7894 0.7899 0.78965 0.7893 0.7898 0.7897 0.7897 0.78963 
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Table A.II.21  Weight measurements of samples exposed for 667 h in 360oC subcritical water (unit: gram) 

Position Material Before exposure Average After 4-week exposure Average 
1 SS316 1.1451 1.1447 1.1448 1.1448 1.14485 1.1447 1.1446 1.1449 1.1451 1.14483 
2 D9 2.4419 2.4420 2.4418 2.4421 2.44195 2.4419 2.4420 2.4423 2.4418 2.44200 
3 800H 1.4780 1.4780 1.4779 1.4777 1.47790 1.4780 1.4780 1.4780 1.4781 1.47803 
4 NF616 2.2788 2.2791 2.2793 2.2795 2.27918 2.2793 2.2798 2.2798 2.2785 2.27935 
5 HCM12A 2.3154 2.3169 2.3159 2.3151 2.31583 2.3160 2.3165 2.3160 2.3162 2.31618 

12 9CrODS 0.9414 0.9418 0.9415 0.9411 0.94145 0.9384 0.9389 0.9382 0.9384 0.93848 
26 NF709 2.3950 2.3953 2.3950 2.3946 2.39498 2.3949 2.3949 2.3952 2.3948 2.39495 

 
Table A.II.22  Weight measurements of samples exposed for 1000 h in 360oC subcritical water (unit: gram) 

Position Material Before exposure Average After 6-week exposure Average 
6 D9 2.3612 2.3608 2.3612 2.3614 2.36115 2.3612 2.3614 2.3615 2.3617 2.36145 
7 800H 1.1939 1.1936 1.1933 1.1932 1.19350 1.1937 1.1939 1.1940 1.1937 1.19383 
8 NF616 2.1737 2.1740 2.1727 2.1730 2.17335 2.1735 2.1735 2.1730 2.1734 2.17335 
9 HCM12A 2.3073 2.3081 2.3076 2.3085 2.30788 2.3075 2.3072 2.3073 2.3072 2.30730 

20 ODS 0.9325 0.9320 0.9316 0.9309 0.93175 0.9335 0.9334 0.9332 0.9336 0.93343 
27 SS316 1.0817 1.0816 1.0812 1.0812 1.08143 1.0818 1.0817 1.0822 1.0817 1.08185 
28 625 0.7896 0.7897 0.7894 0.7899 0.78965 0.7896 0.7893 0.7892 0.7998 0.79198 
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A.II.6 Weight measurement for TEST#6 
Table A.II.23  Weight measurement data for samples after exposure to 500oC SCW for 385 h TEST#6 (unit: gram) 

Position Alloy Before exposure Average After 385 h exposure Average 
1 SS316 1.2631 1.2632 1.2631 1.2634 1.26320 1.264 1.2638 1.2645 1.264 1.26408 
2 SS316-GBE 0.9222 0.9220 0.9220 0.9221 0.92208 0.9235 0.9233 0.9238 0.9238 0.92360 
3 800H 2.0290 2.0294 2.0292 2.0288 2.02910 2.0297 2.0303 2.0296 2.0297 2.02983 
4 800H-SP 1.9324 1.9327 1.9329 1.9329 1.93273 1.9331 1.9325 1.933 1.9327 1.93283 
5 NF616 2.7563 2.7558 2.7560 2.7558 2.75598 2.7689 2.7688 2.7694 2.769 2.76903 
6 NF616-Y 2.4560 2.4559 2.4556 2.4556 2.45578 2.463 2.4629 2.4631 2.4626 2.46290 
7 NF616-Y+Xe 2.4325 2.4323 2.4318 2.4323 2.43223 2.4408 2.4406 2.4407 2.4405 2.44065 
8 NF616-SP 2.2916 2.2915 2.2916 2.2910 2.29143 2.3061 2.3062 2.3064 2.3065 2.30630 
9 Zirlo 0.9513 0.9512 0.9511 0.9510 0.95115 0.9826 0.9826 0.9825 0.983 0.98268 

10 Zirlo-Y+Xe 0.8522 0.8525 0.8523 0.8521 0.85228 0.8835 0.8837 0.8835 0.8838 0.88363 
11 617 3.3190 3.3191 3.3189 3.3192 3.31905 3.3189 3.3193 3.3185 3.3186 3.31883 
12 617-GBE1 3.0473 3.0478 3.0480 3.0474 3.04763 3.0479 3.0474 3.0474 3.0479 3.04765 
13 617-GBE2 3.3004 3.3008 3.3006 3.3008 3.30065 3.3005 3.3003 3.3003 3.3002 3.30033 
14 C22 1.0813 1.0820 1.0816 1.0816 1.08163 1.0819 1.0813 1.081 1.0817 1.08148 
15 INCO825 0.6921 0.6924 0.6924 0.6925 0.69235 0.6925 0.6919 0.6926 0.6924 0.69235 
16 9Cr ODS 0.7448 0.7451 0.7451 0.7450 0.74500 0.752 0.7512 0.7518 0.7517 0.75168 
17 9Cr Weld 1.0640 1.0639 1.0638 1.0637 1.06385 1.0786 1.0795 1.0797 1.0793 1.07928 
18 12Cr Weld 1.3368 1.3372 1.3367 1.3372 1.33698 1.3538 1.3534 1.3534 1.3531 1.35343 
19 9CrODS-Y+Xe 1.8787 1.8792 1.8786 1.8775 1.87850 1.8815 1.8817 1.8811 1.8814 1.88143 
20 SCC-1-2 7.2930 7.2924 7.2930 7.2929 7.29283 7.296 7.2961 7.2956 7.2956 7.29583 
21 SCC-3-1 7.0244 7.0239 7.024 7.0244 7.02418 7.0253 7.0259 7.0261 7.0254 7.02568 
22 SCC-4-1 6.9594 6.9590 6.9591 6.9597 6.95930 6.9617 6.9621 6.962 6.9615 6.96183 
23 SCC-1-1 6.7531 6.7522 6.7527 6.7531 6.75278 6.7539 6.7539 6.7538 6.754 6.75390 
24 SCC-4-2 7.0344 7.0339 7.0345 7.0344 7.03430 7.037 7.0364 7.0372 7.0372 7.03695 
25 SCC-3-2 7.0467 7.0467 7.0464 7.0464 7.04655 7.048 7.0484 7.0483 7.0482 7.04823 
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Position Alloy Before exposure Average After 385 h exposure Average 
26 NF709 2.6654 2.6653 2.6655 2.6653 2.66538 2.6653 2.6653 2.6658 2.6653 2.66543 
27 INCO625 1.0994 1.0994 1.0993 1.0996 1.09943 1.099 1.099 1.0991 1.0994 1.09913 

28(1) NFA 0.8374 0.8382 0.8376 0.8374 0.83765 0.842 0.8422 0.8424 0.842 0.84215 
28(2) NFA 0.8048 0.8044 0.8046 0.8051 0.80473 0.8094 0.8097 0.8093 0.8094 0.80945 

   Y+Xe sample surface was sputtering coated a yttrium thin film then bombarded using a plasma Xe ion. 
   SP sample surface was shot-peening treated. 
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Table A.II.24  Weight measurement data for samples after exposure to 500oC SCW for 667 h TEST#6 (unit: gram) 

Position  Before exposure Average After 667 h exposure Average 
1 SS316 1.2631 1.2632 1.2631 1.2634 1.26320 1.2648 1.2648 1.2650 1.2649 1.26488 
2 SS316-GBE 0.9222 0.9220 0.9220 0.9221 0.92208 0.9238 0.9239 0.9239 0.9241 0.92393 
3 800H 2.0290 2.0294 2.0292 2.0288 2.02910 2.0304 2.0305 2.0306 2.0304 2.03048 
4 800H-SP 1.9324 1.9327 1.9329 1.9329 1.93273 1.9327 1.9330 1.9329 1.9330 1.93290 
5 NF616 2.7563 2.7558 2.7560 2.7558 2.75598 2.7731 2.7735 2.7737 2.7737 2.77350 
6 NF616-Y 2.4560 2.4559 2.4556 2.4556 2.45578 2.4672 2.4670 2.4676 2.4671 2.46723 
7 NF616-Y+Xe 2.4325 2.4323 2.4318 2.4323 2.43223 2.4441 2.4447 2.4440 2.4443 2.44428 
8 NF616-SP 2.2916 2.2915 2.2916 2.2910 2.29143 2.3108 2.3106 2.3106 2.3105 2.31063 
9 Zirlo 0.9513 0.9512 0.9511 0.9510 0.95115 1.0056 1.0059 1.0054 1.0057 1.00565 

10 Zirlo-Y+Xe 0.8522 0.8525 0.8523 0.8521 0.85228 0.9077 0.9081 0.9082 0.9078 0.90795 
11 617 3.3190 3.3191 3.3189 3.3192 3.31905 3.3193 3.3190 3.3188 3.3192 3.31908 
12 617-GBE1 3.0473 3.0478 3.0480 3.0474 3.04763 3.0478 3.0482 3.0478 3.0482 3.04800 
13 617-GBE2 3.3004 3.3008 3.3006 3.3008 3.30065 3.3005 3.3003 3.3005 3.3004 3.30043 
14 C22 1.0813 1.0820 1.0816 1.0816 1.08163 1.0819 1.0822 1.0822 1.0818 1.08203 
15 INCO825 0.6921 0.6924 0.6924 0.6925 0.69235 0.6923 0.6930 0.6931 0.6926 0.69275 
16 9Cr ODS 0.7448 0.7451 0.7451 0.7450 0.74500 0.7541 0.7549 0.7538 0.7541 0.75423 
17 9Cr Weld 1.0640 1.0639 1.0638 1.0637 1.06385 1.0833 1.0831 1.0833 1.0838 1.08338 
18 12Cr Weld 1.3368 1.3372 1.3367 1.3372 1.33698 1.3575 1.3576 1.3571 1.3579 1.35753 
19 9CrODS-Y+Xe 1.8787 1.8792 1.8786 1.8775 1.87850 1.8833 1.8832 1.8832 1.8833 1.88325 
20 SCC-1-2 7.2930 7.2924 7.2930 7.2929 7.29283 7.2967 7.2968 7.2968 7.2970 7.29683 
21 SCC-3-1 7.0244 7.0239 7.024 7.0244 7.02418 7.0260 7.0255 7.0262 7.0260 7.02593 
22 SCC-4-1 6.9594 6.9590 6.9591 6.9597 6.95930 6.9633 6.9627 6.9625 6.9629 6.96285 
23 SCC-1-1 6.7531 6.7522 6.7527 6.7531 6.75278 6.7544 6.7540 6.7542 6.7539 6.75413 
26 NF709 2.6654 2.6653 2.6655 2.6653 2.66538 2.6652 2.6657 2.6653 2.6657 2.66548 
27 INCO625 1.0994 1.0994 1.0993 1.0996 1.09943 1.0994 1.0993 1.0998 1.0999 1.09960 

28(1) NFA 0.8374 0.8382 0.8376 0.8374 0.83765 0.8442 0.8441 0.8440 0.8440 0.84408 
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Position  Before exposure Average After 667 h exposure Average 
28(2) NFA 0.8048 0.8044 0.8046 0.8051 0.80473 0.8111 0.8116 0.8110 0.8113 0.81125 
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Table A.II.25  Weight gain per unit area for samples exposed in TEST#6 to low oxygen 500oC SCW for 385 h 

Position Material Wt 
Before (g) 

Wt 
After (g) 

Wt Gain 
(g) 

Wt Gain 
% 

reaction area 
(mm2) 

Wt gain 
(g/in2) 

Wt gain 
(mg/cm2) 

1 SS316 1.26320 1.26408 0.00088 0.069% 777.7594 0.000726  0.1125 
2 SS316-GBE 0.92208 0.92360 0.00153 0.165% 873.1324 0.001127  0.1747 
3 800H 2.02910 2.02983 0.00073 0.036% 825.4525 0.000567  0.0878 
4 800H-SP 1.93273 1.93283 0.00010 0.005% 867.7376 0.000074  0.0115 
5 NF616 2.75598 2.76903 0.01305 0.474% 851.5142 0.009887  1.5326 
6 NF616-Y 2.45578 2.46290 0.00713 0.290% 846.0120 0.005433  0.8422 
7 NF616-Y+Xe 2.43223 2.44065 0.00842 0.346% 847.3750 0.006414  0.9942 
8 NF616-SP 2.29143 2.30630 0.01488 0.649% 839.8807 0.011426  1.7711 
9 Zirlo 0.95115 0.98268 0.03153 3.314% 813.3342 0.025007  3.8760 

10 Zirlo-Y+Xe 0.85228 0.88363 0.03135 3.678% 797.2711 0.025369  3.9322 
11 617 3.31905 3.31883 -0.00023 -0.007% 799.9603 -0.000181  -0.0281 
12 617-GBE1 3.04763 3.04765 0.00002 0.001% 750.7787 0.000021  0.0033 
13 617-GBE2 3.30065 3.30033 -0.00033 -0.010% 811.0257 -0.000259  -0.0401 
14 C22 1.08163 1.08148 -0.00015 -0.014% 786.2731 -0.000123  -0.0191 
15 INCO825 0.69235 0.69235 0.00000 0.000% 760.8523 0.000000  0.0000 
16 9Cr ODS 0.74500 0.75168 0.00667 0.896% 514.8675 0.008364  1.2965 
17 9Cr Weld 1.06385 1.07928 0.01542 1.450% 789.4156 0.012606  1.9540 
18 12Cr Weld 1.33698 1.35343 0.01645 1.230% 795.7643 0.013337  2.0672 
19 9Cr ODS-Y+Xe 1.87850 1.88143 0.00293 0.156% 666.4186 0.002832  0.4389 
20 SCC-1-2 7.29283 7.29583 0.00300 0.041% 1469.581346 0.001317  0.2041 
21 SCC-3-1 7.02418 7.02568 0.00150 0.021% 1493.156078 0.000648  0.1005 
22 SCC-4-1 6.95930 6.96183 0.00253 0.036% 1403.847267 0.001160  0.1799 
23 SCC-1-1 6.75278 6.75390 0.00113 0.017% 1469.620057 0.000494  0.0766 
24 SCC-4-2  7.03430 7.03695 0.00265 0.038% 1478.145293 0.001157  0.1793 
25 SCC-3-2  7.04655 7.04823 0.00168 0.024% 1476.744072 0.000732  0.1134 
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Position Material Wt 
Before (g) 

Wt 
After (g) 

Wt Gain 
(g) 

Wt Gain 
% 

reaction area 
(mm2) 

Wt gain 
(g/in2) 

Wt gain 
(mg/cm2) 

26 NF709 2.66538 2.66543 0.00005 0.002% 856.2913 0.000038  0.0058 
27 INCO625 1.09943 1.09913 -0.00030 -0.027% 777.0382 -0.000249  -0.0386 

28(1) NFA 0.83765 0.84215 0.00450 0.537% 331.2329 0.008765  1.3586 
28(2) NFA 0.80473 0.80945 0.00472 0.587% 333.7416 0.009134  1.4158 
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Table A.II.26  Weight gain per unit area for the samples exposed to low oxygen 500oC SCW for 667 h in TEST#6 

Position Material Wt 
Before (g) 

Wt 
After (g) 

Wt Gain 
(g) 

Wt Gain 
% 

Reaction area 
mm2 

Wt gain 
(g/in2) 

Wt gain 
(mg/cm2) 

1 SS316 1.26320 1.26408 0.00088 0.069% 777.7594 0.000726 0.1125 
2 SS316-GBE 0.92208 0.92360 0.00153 0.165% 873.1324 0.001127 0.1747 
3 800H 2.02910 2.02983 0.00073 0.036% 825.4525 0.000567 0.0878 
4 800H-SP 1.93273 1.93283 0.00010 0.005% 867.7376 0.000074 0.0115 
5 NF616 2.75598 2.76903 0.01305 0.474% 851.5142 0.009887 1.5326 
6 NF616-Y 2.45578 2.46290 0.00713 0.290% 846.0120 0.005433 0.8422 
7 NF616-Y+Xe 2.43223 2.44065 0.00842 0.346% 847.3750 0.006414 0.9942 
8 NF616-SP 2.29143 2.30630 0.01488 0.649% 839.8807 0.011426 1.7711 
9 Zirlo 0.95115 0.98268 0.03153 3.314% 813.3342 0.025007 3.8760 

10 Zirlo-Y+Xe 0.85228 0.88363 0.03135 3.678% 797.2711 0.025369 3.9322 
11 617 3.31905 3.31883 -0.00023 -0.007% 799.9603 -0.000181 -0.0281 
12 617-GBE1 3.04763 3.04765 0.00002 0.001% 750.7787 0.000021 0.0033 
13 617-GBE2 3.30065 3.30033 -0.00033 -0.010% 811.0257 -0.000259 -0.0401 
14 C22 1.08163 1.08148 -0.00015 -0.014% 786.2731 -0.000123 -0.0191 
15 INCO825 0.69235 0.69235 0.00000 0.000% 760.8523 0.000000 0.0000 
16 9Cr ODS 0.74500 0.75168 0.00667 0.896% 514.8675 0.008364 1.2965 
17 9Cr Weld 1.06385 1.07928 0.01542 1.450% 789.4156 0.012606 1.9540 
18 12Cr Weld 1.33698 1.35343 0.01645 1.230% 795.7643 0.013337 2.0672 
19 9Cr ODS-Y+Xe 1.87850 1.88143 0.00293 0.156% 666.4186 0.002832 0.4389 
20 SCC-1-2 7.29283 7.29583 0.00300 0.041% 1469.581346 0.001317 0.2041 
21 SCC-3-1 7.02418 7.02568 0.00150 0.021% 1493.156078 0.000648 0.1005 
22 SCC-4-1 6.95930 6.96183 0.00253 0.036% 1403.847267 0.001160 0.1799 
23 SCC-1-1 6.75278 6.75390 0.00113 0.017% 1469.620057 0.000494 0.0766 
26 NF709 2.66538 2.66543 0.00005 0.002% 856.2913 0.000038 0.0058 
27 INCO625 1.09943 1.09913 -0.00030 -0.027% 777.0382 -0.000249 -0.0386 
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Position Material Wt 
Before (g) 

Wt 
After (g) 

Wt Gain 
(g) 

Wt Gain 
% 

Reaction area 
mm2 

Wt gain 
(g/in2) 

Wt gain 
(mg/cm2) 

28(1) NFA 0.83765 0.84215 0.00450 0.537% 331.2329 0.008765 1.3586 
28(2) NFA 0.80473 0.80945 0.00472 0.587% 333.7416 0.009134 1.4158 
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A.II.7 Weight measurement for TEST#7 
Table A.II.27  Weight measurement data for samples after exposure to 500oC SCW for 167 h  in TEST#7(unit: gram) 

Position Alloy Before exposure Average After 167 h exposure Average 
1 800H SCC (left) C 24.9182 24.9185 24.9182 24.9189  26.9775 26.9779 26.9773 26.9774  
2 800HSCC (right) HC 24.7300 24.7302 24.7303 24.7298  25.1850 25.1846 25.1850 25.1847  
9 NF616-800 2.8440 2.8436 2.8435 2.8433 2.84360 2.8553 2.8553 2.8554 2.8555 2.85538 

10 NF616-WH-CS 2.7608 2.7603 2.7610 2.7605 2.76065 2.7701 2.7703 2.7698 2.7704 2.77015 
11 Zirlo-800 0.8650 0.8651 0.8651 0.8653 0.86513 0.8816 0.8818 0.8818 0.8817 0.88173 
12 Zirlo-WH-CS 0.9905 0.9910 0.9903 0.9904 0.99055 1.0078 1.0079 1.0081 1.0078 1.00790 
13 316-800 1.0477 1.0481 1.0478 1.0481 1.04793 1.0479 1.048 1.0479 1.0481 1.04798 
14 316-WH-CS 1.1642 1.1643 1.1646 1.1642 1.16433 1.1657 1.1658 1.1657 1.1658 1.16575 
15 617 4.1252 4.1257 4.1253 4.1253 4.12538 4.1259 4.1255 4.1256 4.1258 4.12570 
16 617-GBE 2.3543 2.3546 2.3549 2.3543 2.35453 2.3547 2.3548 2.3549 2.3548 2.35480 
17 617-GBE 3.2505 3.2499 3.2494 3.2501 3.24998 3.2502 3.2505 3.2500 3.2503 3.25025 
18 9Cr Weld 1.1331 1.1330 1.1336 1.1334 1.13328 1.1454 1.1453 1.1451 1.1452 1.14525 
19 12Cr Weld 1.0694 1.0692 1.0701 1.0701 1.06970 1.081 1.0813 1.0805 1.0812 1.08100 
20 NF616-120 2.8053 2.8054 2.8055 2.8053 2.80538 2.8179 2.8181 2.8182 2.8182 2.81810 
21 NF616 2.4175 2.4173 2.4168 2.4170 2.41715 2.4279 2.4285 2.4283 2.4281 2.42820 
22 NF616-HT 1.8560 1.8557 1.8555 1.8557 1.85573 1.8665 1.8666 1.8665 1.8665 1.86653 
23 AISI316-SP 1.3922 1.3924 1.3923 1.3928 1.39243 1.3938 1.3933 1.3935 1.3934 1.39350 
24 2-wk exposed 9CrODS 0.8101 0.8101 0.8101 0.8101 0.81013 0.8184 0.8184 0.8191 0.8184 0.81858 
25 4-wk exposed 9CrODS 0.7450 0.7450 0.7450 0.7450 0.74500 0.7542 0.7540 0.7547 0.7543 0.75430 
26 2-wk exposed 9CrODS-

Y+Xe 
1.9633 1.9633 1.9633 1.9633 1.96328 1.9704 1.9702 1.9703 1.9700 1.97023 

27(1) NFA 0.7029 0.7022 0.7022 0.7028 0.70253 0.7053 0.7052 0.705 0.7052 0.70518 
27(2) NFA 0.6074 0.6070 0.6073 0.6076 0.60733 0.6094 0.6096 0.6099 0.6095 0.60960 
28(1) 4-week exposed NFA 0.8377 0.8377 0.8377 0.8377 0.83765 0.845 0.8448 0.8453 0.8449 0.84500 
28(2) 4-week exposed NFA 0.8047 0.8047 0.8047 0.8047 0.80473 0.8122 0.8121 0.8118 0.8120 0.81203 

 800 sample surface was polished to 800grit finish. 
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 120 sample surface was polished to 120 grit finish. 
 2-wk 2 weeks pre exposed sample 
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Table A.II.28  Weight measurement data for samples after exposure to 500oC SCW for 333 h in TEST#7 (unit: gram) 

Position  Before exposure Average After 333 h exposure Average 
1 800H SCC (left) C 24.9182 24.9185 24.9182 24.9189 24.91845 25.8597 25.8596 25.8597 25.8594 25.85960 
2 800HSCC (right) HC 24.7300 24.7302 24.7303 24.7298 24.73008 25.2523 25.2520 25.2519 25.2518 25.25200 

15 617 4.1252 4.1257 4.1253 4.1253 4.12538 4.1253 4.1251 4.1253 4.1253 4.12525 
16 617-GBE 2.3543 2.3546 2.3549 2.3543 2.35453 2.3545 2.3544 2.3545 2.3544 2.35445 
17 617-GBE 3.2505 3.2499 3.2494 3.2501 3.24998 3.2500 3.2502 3.2505 3.2501 3.25020 
18 9Cr Weld 1.1331 1.1330 1.1336 1.1334 1.13328 1.1487 1.1489 1.1485 1.1491 1.14880 
19 12Cr Weld 1.0694 1.0692 1.0701 1.0701 1.06970 1.0847 1.0838 1.0836 1.0839 1.08400 
20 NF616-120 2.8053 2.8054 2.8055 2.8053 2.80538 2.8215 2.8220 2.8223 2.8218 2.82190 
21 NF616 2.4175 2.4173 2.4168 2.4170 2.41715 2.4318 2.4318 2.4315 2.4319 2.43175 
22 NF616-HT 1.8560 1.8557 1.8555 1.8557 1.85573 1.8707 1.8707 1.8713 1.8711 1.87095 
23 AISI316-SP 1.3922 1.3924 1.3923 1.3928 1.39243 1.3933 1.3940 1.3939 1.3934 1.39365 
24 2-wk exposed 9Cr ODS 0.8101 0.8101 0.8101 0.8101 0.81013 0.8173 0.8175 0.8176 0.8177 0.81753 
25 4-wk exposed 9Cr ODS 0.7450 0.7450 0.7450 0.7450 0.74500 0.7572 0.7568 0.7571 0.7572 0.75708 
26 2-wk exposed 9Cr ODS-

Y+Xe 
1.9633 1.9633 1.9633 1.9633 1.96328 1.9714 1.9725 1.9726 1.9724 1.97223 

27(1) NFA 0.7029 0.7022 0.7022 0.7028 0.70253 0.7059 0.7069 0.7064 0.7062 0.70635 
27(2) NFA 0.6074 0.6070 0.6073 0.6076 0.60733 0.6106 0.6103 0.6104 0.6110 0.61058 
28(1) 4-week exposed NFA 0.8377 0.8377 0.8377 0.8377 0.83765 0.8457 0.8453 0.8458 0.8454 0.84555 
28(2) 4-week exposed NFA 0.8047 0.8047 0.8047 0.8047 0.80473 0.8131 0.8126 0.8126 0.8128 0.81278 
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Table A.II.29 and 
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Table A.II.30 Weight gain per unit area of samples after exposure to ~9 ppb dissolved oxygen concentration SCW at 500oC for 167 h 
and 333 h, respectively. 

 

 

 
Table A.II.29  Weight gain per unit area for samples exposed to low oxygen 500oC SCW for 167 h in TEST#7 

position Material Wt 
Before(g) 

Wt 
After(g) 

Wt Gain 
(g) 

Reaction 
area 

Wt gain 
(mg/dm2) 

Wt gain 
(mg/cm2) 

9 NF616-800 2.84360 2.85538 0.01178 856.6533 137.4535 1.3745 
10 NF616-WH-CS 2.76065 2.77015 0.00950 856.8813 110.8672 1.1087 
11 Zirlo-800 0.86513 0.88173 0.01660 771.4893 215.1682 2.1517 
12 Zirlo-WH-CS 0.99055 1.00790 0.01735 787.2561 220.3857 2.2039 
13 316-800 1.04793 1.04798 0.00005 765.6182 0.6531 0.0065 
14 316-WH-CS 1.16433 1.16575 0.00143 767.6893 18.5622 0.1856 
15 617 4.12538 4.12570 0.00033 863.0696 3.7656 0.0377 
16 617-GBE 2.35453 2.35480 0.00027 943.9285 2.9134 0.0291 
17 617-GBE 3.24998 3.25025 0.00028 962.3835 2.8575 0.0286 
18 9Cr Weld 1.13328 1.14525 0.01198 782.7023 152.9956 1.5300 
19 12Cr Weld 1.06970 1.08100 0.01130 783.8912 144.1527 1.4415 
20 NF616-120 2.80538 2.81810 0.01273 854.1537 148.9779 1.4898 
21 NF616 2.41715 2.42820 0.01105 781.4995 141.3948 1.4139 
22 NF616-HT 1.85573 1.86653 0.01080 807.8107 133.6947 1.3369 
23 AISI316-SP 1.39243 1.39350 0.00107 855.5358 12.5652 0.1257 
24 2-wk exposed 9Cr ODS 0.81013 0.81858 0.00845 516.2087 163.5966 1.6360 
25 4-wk exposed 9Cr ODS 0.74500 0.75430 0.00930 514.8675 180.6290 1.8063 

26 2-wk exposed 9Cr ODS-
Y+Xe 1.96328 1.97023 0.00694 670.3081 103.6091 1.0361 

27(1) NFA 0.70253 0.70518 0.00265 135.4276 195.6765 1.9568 
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position Material Wt 
Before(g) 

Wt 
After(g) 

Wt Gain 
(g) 

Reaction 
area 

Wt gain 
(mg/dm2) 

Wt gain 
(mg/cm2) 

27(2) NFA 0.60733 0.60960 0.00228 129.5154 175.6547 1.7565 
28(1) 4-week exposed NFA 0.83765 0.84500 0.00735 161.8357 454.1642 4.5416 
28(2) 4-week exposed NFA 0.80473 0.81203 0.00730 163.8096 445.3340 4.4533 
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Table A.II.30  Weight gain per unit area for samples exposed to low oxygen 500oC SCW for 333 h in TEST#7 

Position Material 
Wt Before 

(g) 
Wt After 

(g) 
Wt Gain 

 (g) Reaction area 
Wt gain 

 (mg/dm2) 
Wt gain  
(mg/cm2) 

1 800H SCC (left) C 24.91845 25.8596 0.94115  0 0 
2 800HSCC (right) HC 24.730075 25.252 0.52193  0 0 

15 617 4.125375 4.12525 -0.00013 863.0696 -1.4483 -0.0145 
16 617-GBE 2.354525 2.35445 -0.00008 943.9285 -0.7946 -0.0079 
17 617-GBE 3.249975 3.2502 0.00022 962.3835 2.3379 0.0234 
18 9Cr Weld 1.133275 1.1488 0.01553 782.7023 198.3513 1.9835 
19 12Cr Weld 1.0697 1.084 0.01430 783.8912 182.4233 1.8242 
20 NF616-120 2.805375 2.8219 0.01653 854.1537 193.4664 1.9347 
21 NF616 2.41715 2.43175 0.01460 781.4995 186.8203 1.8682 
22 NF616-HT 1.855725 1.87095 0.01523 807.8107 188.4724 1.8847 
23 AISI316-SP 1.392425 1.39365 0.00123 855.5358 14.3185 0.1432 
24 2-wk exposed 9Cr ODS 0.81013 0.817525 0.00739 516.2087 143.2560 1.4326 
25 4-wk exposed 9Cr ODS 0.745 0.757075 0.01208 514.8675 234.5264 2.3453 
26 2-wk exposed 9Cr ODS-Y+Xe 1.96328 1.972225 0.00894 670.3081 133.4461 1.3345 

27(1) NFA 0.702525 0.70635 0.00382 135.4276 282.4388 2.8244 
27(2) NFA 0.607325 0.610575 0.00325 129.5154 250.9353 2.5094 
28(1) 4-week exposed NFA 0.83765 0.84555 0.00790 161.8357 488.1493 4.8815 
28(2) 4-week exposed NFA 0.80473 0.812775 0.00805 163.8096 491.1189 4.9112 
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A.II.8 Weight measurement for TEST#8 
Table A.II.31, Table A.II.32, and 
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Table A.II.33 present weight measurement data for samples exposed for 333 h, 667 h, and 1000 h to 500oC SCW in TEST#8. 

 
Table A.II.31  Weight measurement data for samples after exposure to 500oC SCW for 333 h  in TEST#8(unit: gram) 

Position Alloy Before exposure Average After 333 h exposure Average 
1 SCC (1) 19.6554 19.6550 19.6532 19.6530 19.65415 / / / / / 
2 SCC (2) 19.6922 19.6921 24.7303 24.7298 22.21110 / / / / / 
9 HCM12A-GBE 2.0228 2.0232 2.0231 2.0240 2.02328 2.0330 2.0329 2.0319 2.0323 2.03253 

10 HCM12A-GBE 2.0606 2.0610 2.0606 2.0612 2.06085 2.07340 2.0748 2.0746 2.0732 2.07400 
11 T91-nano 1.7249 1.7241 1.7250 1.7245 1.72463 1.7363 1.7359 1.7366 1.7356 1.73610 
12 T91-nano 2.5321 2.5320 2.5315 2.5317 2.53183 2.55060 2.5518 2.5511 2.5511 2.55115 
13 T91-SP 2.4758 2.4761 2.4764 2.4761 2.47610 2.4924 2.4918 2.4919 2.4920 2.49203 
14 T91-SP 2.5747 2.5752 2.5746 2.5750 2.57488 2.59000 2.5910 2.5900 2.5907 2.59043 
15 T91 2.6415 2.6404 2.6415 2.6410 2.64110 2.65710 2.6561 2.6560 2.6562 2.65635 
16 NF616-SP 2.2246 2.2245 2.2250 2.2252 2.22483 2.2407 2.2408 2.2408 2.2409 2.24080 
17 NF616-SP 2.3466 2.3458 2.3459 2.3462 2.34613 2.36290 2.3631 2.3630 2.3636 2.36315 
18 HT-9-SP 2.4531 2.4536 2.4536 2.4537 2.45350 2.465 2.4644 2.4646 2.4643 2.46458 
19 HT-9-SP 2.3150 2.3148 2.3152 2.3154 2.31510 2.32510 2.3248 2.3255 2.3254 2.32520 
20 HT-9 2.5600 2.5602 2.5605 2.5603 2.56025 2.57350 2.5736 2.5730 2.5730 2.57328 
21 NF616-YO 3.0195 3.0202 3.0197 3.0195 3.01973 3.03640 3.0362 3.0361 3.0360 3.03618 
22 NF616-YSZ 3.0861 3.0862 3.0860 3.0850 3.08583 2.85110 2.8506 2.8504 2.8501 2.85055 
23 800H-YO 2.7178 2.7169 2.7179 2.7170 2.71740 2.71700 2.7165 2.7174 2.7168 2.71693 
24 800H-YSZ 2.1674 2.1673 2.1673 2.1681 2.16753 1.89800 1.8980 1.8970 1.8975 1.89763 
25 ODS-Pt 0.6217 0.6224 0.6226 0.6218 0.62213 0.62910 0.6298 0.6283 0.6290 0.62905 
26 D9-Pt 2.1374 2.1380 2.1371 2.13840 2.13773 2.13840 2.1380 2.1386 2.1378 2.13820 
27 316-Pt 1.0133 1.0142 1.0134 1.01350 1.01360 1.01330 1.0145 1.0136 1.0142 1.01390 
28 SiC 0.227 0.227 0.2281 0.228 0.22753 0.2277 0.2273 0.2278 0.2265 0.22733 

28(2) T91 (w/SiC) 1.2112 1.2113 1.212 1.2119 1.2178 1.217 1.2174 1.217   
  nano nano structured bulk materials 
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  Pt surface coated with a Pt layer. 
 
 

Table A.II.32  Weight measurement data for samples after exposure to 500oC SCW for 667 h in TEST#8 (unit: gram) 

Position Alloy Before exposure Average After 667 h exposure Average 
11 T91-nano 2.5880 2.5875 2.5869 2.5873 2.58743 2.6090 2.6096 2.6086 2.6084 2.60890 
13 T91-SP 2.5541 2.5541 2.5535 2.5543 2.55400 2.5734 2.5731 2.5740 2.5734 2.57348 
16 NF616-SP 2.3103 2.3104 2.3100 2.3106 2.31033 2.3321 2.3326 2.3318 2.3324 2.33223 
18 HT-9-SP 2.1204 2.1193 2.1201 2.1201 2.11998 2.1360 2.1358 2.1350 2.1348 2.13540 
28 HCM12A 2.7875 2.7869 2.7866 2.7867 2.78693 2.8062 2.8067 2.8061 2.8055 2.80613 

 



 

 263 

Table A.II.33  Weight measurement data for samples after exposure to 500oC SCW for 1000 h in TEST#8 (unit: gram). 

Position  Before exposure Average After 1000 h exposure Average 
10 HCM12A-GBE 2.0606 2.0610 2.0606 2.0612 2.06085 2.0802 2.0805 2.0804 2.0818 2.08073 
12 T91-nano 2.5321 2.5320 2.5315 2.5317 2.53183 2.5569 2.5573 2.5585 2.5575 2.55755 
14 T91-SP 2.5747 2.5752 2.5746 2.5750 2.57488 2.5976 2.5975 2.5971 2.5974 2.59740 
15 T91 2.6415 2.6404 2.6415 2.6410 2.64110 2.6654 2.6654 2.6653 2.6655 2.66540 
17 NF616-SP 2.3466 2.3458 2.3459 2.3462 2.34613 2.3699 2.3690 2.3705 2.3704 2.36995 
19 HT-9-SP 2.3150 2.3148 2.3152 2.3154 2.31510 2.3308 2.3308 2.3301 2.3307 2.33060 
20 HT-9 2.5600 2.5602 2.5605 2.5603 2.56025 2.5811 2.5801 2.5808 2.5802 2.58055 
21 NF616-YO 3.0195 3.0202 3.0197 3.0195 3.01973 3.0439 3.0436 3.0432 3.0430 3.04343 
22 NF616-YSZ 3.0861 3.0862 3.0860 3.0850 3.08583 2.8368 2.8378 2.8381 2.8370 2.83743 
23 800H-YO 2.7178 2.7169 2.7179 2.7170 2.71740 2.7152 2.7150 2.7155 2.7156 2.71533 
24 800H-YSZ 2.1674 2.1673 2.1673 2.1681 2.16753 1.8919 1.8911 1.8925 1.8918 1.89183 
25 ODS-Pt 0.6217 0.6224 0.6226 0.6218 0.62213 0.6337 0.6329 0.6327 0.6330 0.63308 
26 D9-Pt 2.1374 2.1380 2.1371 2.13840 2.13773 2.1416 2.1426 2.1416 2.1403 2.14153 
27 316-Pt 1.0133 1.0142 1.0134 1.01350 1.01360 1.0150 1.0147 1.0154 1.0148 1.01498 

 
  YO surface thermal-spraying coated with a Y2O3 layer 
  YSZ surface thermal spraying coated with a yttria stabilized ZrO2 layer 
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Table A.II.34, Table A.II.35, and Table A.II.36 list weight gain per unit area of samples after exposure to ~10 ppb dissolved 
oxygen concentration SCW at 500oC for 333 h, 667 h, and 1000 h, respectively. 

Table A.II.34  Weight gain per unit area for samples exposed to low oxygen 500oC SCW for 333 h in TEST#8 

Position Material Wt Before(g) Wt After(g) Wt Gain (g) Reaction area Wt gain (mg/cm2) 
1 SCC (1) 19.65415 / / / / 
2 SCC (2) 22.2111 / / / / 
9 HCM12A-GBE 2.02328 2.03253 0.00925 864 1.0706 

10 HCM12A-GBE 2.06085 2.074 0.01315 871.0151 1.5097 
11 T91-nano 1.72463 1.7361 0.01148 812.4474 1.4124 
12 T91-nano 2.53183 2.55115 0.01933 964.7144 2.0032 
13 T91-SP 2.4761 2.49203 0.01592 841.7169 1.892 
14 T91-SP 2.57488 2.59043 0.01555 846.3645 1.8373 
15 T91 2.6411 2.65635 0.01525 836.581 1.8229 
16 NF616-SP 2.22483 2.2408 0.01598 833.3988 1.9168 
17 NF616-SP 2.34613 2.36315 0.01703 839.733 2.0274 
18 HT-9-SP 2.4535 2.46458 0.01107 840.4193 1.3178 
19 HT-9-SP 2.3151 2.3252 0.0101 834.4741 1.2103 
20 HT-9 2.56025 2.57328 0.01303 845.448 1.5406 
21 NF616-YO 3.01973 3.03618 0.01645 894.834 1.8383 
22 NF616-YSZ 3.08583 2.85055 -0.23528 908.6455 -25.8929 
23 800H-YO 2.7174 2.71693 -0.00048 896.1159 -0.053 
24 800H-YSZ 2.16753 1.89763 -0.2699 897.6925 -30.066 
25 ODS-Pt 0.62213 0.62905 0.00692 506.6088 1.3669 
26 D9-Pt 2.13773 2.1382 0.00048 815.7873 0.0582 
27 316-Pt 1.0136 1.0139 0.0003 790.4431 0.038 
28 SiC 0.22753 0.22733 -0.0002 257.2047 -0.0778 
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Table A.II.35  Weight gain per unit area for samples exposed to low oxygen 500oC SCW for 667 h in TEST#8 

Position Material Wt Before(g) Wt After(g) Wt Gain (g) Reaction area Wt gain (mg/cm2) 
9 HCM12A-GBE 2.26658 2.27855 0.01198 896.1966 1.3362 

11 T91-nano 2.58743 2.60890 0.02148 970.9963 2.2116 
13 T91-SP 2.55400 2.57348 0.01947 845.7107 2.3028 
16 NF616-SP 2.31033 2.33223 0.02190 838.1566 2.6129 
18 HT-9-SP 2.11998 2.13540 0.01543 832.0960 1.8538 
28 HCM12A 2.78693 2.80613 0.01920 855.5691 2.2441 

 

Table A.II.36  Weight gain per unit area for samples exposed to ~10 ppb dissolved oxygen 500oC SCW for 1000 h in TEST#8 

Position Material Wt Before(g) Wt After(g) Wt Gain (g) Reaction area Wt gain (mg/cm2) 
10 HCM12A-GBE 2.06085 2.08073 0.01988 871.0151 2.2818 
12 T91-nano 2.53183 2.55755 0.02573 964.7144 2.6666 
14 T91-SP 2.57488 2.59740 0.02252 846.3645 2.6614 
15 T91 2.64110 2.66540 0.02430 836.5810 2.9047 
17 NF616-SP 2.34613 2.36995 0.02383 839.7330 2.8372 
19 HT-9-SP 2.31510 2.33060 0.01550 834.4741 1.8575 
20 HT-9 2.56025 2.58055 0.02030 845.4480 2.4011 
21 NF616-YO 3.01973 3.04343 0.02370 894.8340 2.6485 
22 NF616-YSZ 3.08583 2.83743 -0.24840 908.6455 -27.3374 
23 800H-YO 2.71740 2.71533 -0.00208 896.1159 -0.2316 
24 800H-YSZ 2.16753 1.89183 -0.27570 897.6925 -30.7121 
25 ODS-Pt 0.62213 0.63308 0.01095 506.6088 2.1614 
26 D9-Pt 2.13773 2.14153 0.00380 815.7873 0.4658 
27 316-Pt 1.01360 1.01498 0.00138 790.4431 0.1740 
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B.1 Irradiation and Stress Corrosion Cracking Response 

 

Stress corrosion cracking susceptibility in supercritical water was studied as a function of irradiation dose and temperature for 
alloys 316L, D9, 800H and 690.  Irradiations were carried out using 2 or 3 MeV protons at 400°C to doses of 2, 4 and 7 dpa and at 
500°C to a dose of 7 dpa.  The irradiated microstructure and radiation induced segregation were assessed for all of the alloys irradiated 
to 7 dpa at 400°C and for alloys 316L and 690 irradiated to 2 dpa at 400°C and to 7 dpa at 500°C.  Irradiation-induced hardening was 
determined for all irradiated conditions.  The effectiveness of grain boundary engineering on cracking susceptibility of unirradiated 
316L and 690 is also assessed in supercritical water.  Stress corrosion cracking experiments were conducted in pure supercritical water 
(SCW) at the irradiation temperatures, and grain boundary engineering of unirradiated 316L and 690 was assessed in 500°C SCW. 

 

The evolution of the irradiation induced microstructure with temperature and dose was analyzed for alloys 316L and 690.  The 
average loop and void size increased for both alloys from 400˚C to 500˚C, and the number density of dislocation loops decreased.  The 
density of voids increased with temperature for both alloys.  All of these observations were expected.  The dose dependence of the 
irradiation induced microstructure from 2 to 7 dpa at 400˚C, however, was unexpected.  The dislocation loop size increased slightly 
with dose, while the density increased by about an order of magnitude.  There was also a lower density of small voids in the 7 dpa 
alloys, while a higher density of larger voids was observed at 2 dpa.   

 

The increase in yield strength created by the irradiation induced microstructure was calculated from quantitative measurements of 
the size and density of the dislocation loops and voids using the dispersed barrier hardening model.  The change in yield strength was 
also calculated from the irradiation induced hardening, and the agreement between the two values in most conditions was ~10%.   

 
Alloys D9, 316L, and 690 all showed varying degrees of chromium depletion and nickel enrichment compared to the grain 

boundary composition in their unirradiated conditions.  The extent of radiation-induced segregation was the greatest for alloy 690.  
The final grain boundary composition of chromium for alloy 690, however, was still greater than that of the D9 and 316L following 
irradiations at both 400˚C and 500˚C to 7 dpa.   
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A clear relationship exists between dose and cracking for alloys 316L and 690 in 400˚C SCW.  There is an increase in cracking 
susceptibility with dose, with the greatest increase occurring from 0 to 2 dpa, and a more gradual increase from 4 to 7 dpa.  An 
increase in cracking with dose has been reported in both NWC and SCW environments, consistent with these observations.   

 

The temperature dependence of cracking depended strongly on the alloy.  In general, the cracking behavior of the stainless steels 
improved with an increase in temperature, while that of the 690 and 800H increased or remained relatively constant.  The cracking 
propensity as measured by the maximum crack depth, however, increased with temperature for both the irradiated 316L and 690.  In 
general, cracking propensity is expected to increase with temperature, and so the general decrease in cracking susceptibility of the 
stainless steels with temperature was unexpected.   

 

IASCC increases with sample hardness, but the dependence is weak. This is a bit surprising as cracking in normal water chemistry 
generally increases with increasing hardness.  However, even with much more data, the cracking – hardness correlation in normal 
water chemistry shows considerable scatter when cracking is measured from CERT tests.  So the weak dependence in this case is not 
surprising. 

 

IASCC also correlates with grain boundary chromium content for 316L, D9 and alloy 690.  Though there is a significant 
difference between the amount of cracking in 316L and D9, both show that decreasing grain boundary Cr correlates with increased 
cracking.  This dependence also holds for 316L at 500°C.  Cracking in alloy 690 also shows increased cracking with decreasing grain 
boundary Cr concentration, but there is a very large difference between the degree of cracking at 400°C and 500°C which is not likely 
due to the either grain boundary Cr concentration or temperature. 

 

Grain boundary engineered microstructures of 316L and 690 exhibit significant reduction in cracking susceptibility compared to 
the as-received microstructures. By comparing the fraction of grain boundary length cracked for the 316L and 316LGBE specimens, 
and the 690 and 690GBE specimens cracking was observed to decrease in the GBE samples by factors of 9 and 5 at 15% strain, and 
by factors of 3 and 2 at 25% strain, respectively.  Therefore, the effectiveness of the GBE microstructure is greater at lower strains.   
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B.2 Introduction 

 

This program focused on understanding the effect of irradiation and grain boundary engineering on stress corrosion cracking of 
austenitic alloys 316L, D9, 690 and 800H.  While all alloys were examined under some conditions, the most comprehensive analysis 
focused on alloys 316L and 690. The alloys selected for evaluation in this project are a subset of the austenitic and nickel-base alloys 
that were selected for evaluation based on the Generation IV report “Supercritical Water Reactor (SCWR) Survey of Materials 
Experience and R&D Needs to Assess Feasibility” [1].  

 

In this project, the stress corrosion cracking susceptibility was assessed as a function of alloy, dose and temperature.  Irradiations 
were carried out at 400°C to doses of 2, 4 and 7 dpa and at 500°C to a dose of 7 dpa.  The irradiated microstructure and radiation 
induced segregation were assessed for all of the alloys irradiated to 7 dpa at 400°C and for alloys 316L and 690 irradiated to 2 dpa at 
400°C and to 7 dpa at 500°C.  Irradiation-induced hardening was determined for all irradiated conditions.  Engineering of the grain 
boundaries (GBE) to increase the fraction of coincident-site lattice (CSL) boundaries was assessed on alloys 316L and 690.  Stress 
corrosion cracking experiments were conducted in pure supercritical water (SCW) at the irradiation temperatures, and grain boundary 
engineering of unirradiated 316L and 690 was assessed in 500°C SCW. 

 

B.3 Experimental Procedures and Results 

 

Experimental procedures and results of experiments are summarized in the following sections.  The procedures are explained in full 
detail in the quarterly and annual reports for this program. 

 

Alloys 

 

The nominal compositions of 316L, D9, 690, and 800H are given in Table B.1, and the grain sizes and heat treatment information 
for 316L, 690, and 800H are given in Table B.2. 
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Sample design and preparation 

 

Tensile specimens with threaded ends and gage lengths of 23 mm and a 2 mm × 2 mm cross section, and TEM specimens with 
dimensions of 20 mm × 2 mm × 2 mm were fabricated using electrical discharge machining, Figure B.1. The surfaces of the 
specimens were mechanically polished with SiC paper to 4000 grit and then electropolished in a 10% perchloric and methanol 
solution at 30 V for 15 sec.  The D9 and 316L specimens were electropolished at -50˚C and the 800H and 690 were electropolished at 
-30˚C.Following sample preparation, hardness measurements were made on each TEM bar.  

 

 

 

 

Proton irradiation 

 

The TEM and tensile specimens were irradiated using the General Ionex Tandetron Accelerator at the Michigan Ion Beam 
Laboratory at the University of Michigan.  The samples were loaded onto a custom designed copper stage and irradiated with 2 or 3 
MeV protons at 400˚C or 500°C to doses ranging from 2 to 7 dpa.  The irradiation damage rate was estimated by performing a 
SRIM2006 simulation [2] using a displacement energy of 40 eV.  The damage profiles for 2 and 3 MeV protons in stainless steel are 
shown in Figure B.2.   

 

The temperature of the specimens was monitored using a high resolution two-dimensional thermal imaging system.  The 
temperature was initially calibrated by heating the specimens to the irradiation temperature using a resistive cartridge heater and 
adjusting the emissivity settings at the areas-of-interest (AOIs) to match thermocouple readings.  The temperature of each specimen 
was monitored at 3 AOIs to verify thermal gradients did not develop along the length of the sample.  The temperature was controlled 
to ±10˚C with the cartridge heater and with cooling lines that allowed air flow through the back of the copper stage.  Thermal contact 
between the specimens and the stage was achieved by placing thin sheets of indium foil beneath the samples which became molten at 
the irradiation temperature.  Figure B.3 shows a photo of a stage containing both SCC and TEM bars and a two-dimensional thermal 
image of the stage. 
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The proton beam was 3 mm in diameter and it was raster-scanned over a 10 mm length of the specimens.  The irradiated area of 
the samples was defined by a set of tantalum apertures.  The temperatures, stage current, and aperture current were recorded 
throughout the test using a PC-based monitoring system.  Figure B.4 shows a histogram of the temperature in three locations on a 
single sample after irradiation to 7 dpa at 400°C.  Additional details about the proton irradiation procedure can be found in other 
references [3]. 

 

Dose uniformity 

 

Following irradiation, beta counting measurements were made on the samples to verify that they were uniformly irradiated.  The 
measurements were made on each sample over a 5 min time period.  The number of counts was normalized to the exact area of each 
sample that had been irradiated.  The deviations were small, generally less than 5% from the average for a given alloy irradiated to the 
same dose.  It should be noted that the beta counting comparison was only made among SCC and TEM specimens of the same alloy.  
The amount of activation that occurred in each alloy under proton irradiation depended on the composition of the alloy, so different 
alloys yielded different beta count measurements for equivalent irradiation doses.  Table B.3 gives the dose uniformity for an 
irradiation of D9, 690, 316L, and 800H at 500°C to a dose of 7 dpa. 

 

Radiation-induced hardening 

 

The pre-irradiation and post-irradiation hardness of the specimens was measured using a Vickers Microhardness tester (Micromet-
II).  A 25 g load was used to ensure that the sampling volume of the indenter tip was confined to the irradiated region of the material.  
A total of 30 hardness measurements were made on each specimen, and the center-to-center spacing of the indents was 100 µm.  The 
difference between the post-irradiation and pre-irradiation hardness is reported as the irradiation induced hardening.  The results of 
these measurements were compared to the unirradiated hardness values for each sample.  The pre- and post-irradiation hardness values 
were used to calculate the radiation-induced hardening increment. 

 

A correlation between the change in yield stress and change in hardness of austenitic alloys was determined by Busby et al. [4] and 
was used to determine the change in yield stress in MPa in all three alloys  
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Δσy = 3.03×ΔH,              (1) 

 

where Δσy is in MPa and ΔH is in kg/mm2.  The change in yield stress can also be calculated using the loop and void measurements 
made on the irradiated microstructure as:  

 

Δσy = Mαµb (Nd)0.5        (2) 

 

            Δσtotal = (Δσloop 2+ Δσvoid
2)0.5  ,    (3) 

 

where M = 3.06, α = 1.0 for voids and 0.6 for faulted loops, µ = 76 GPa, and b = 2.5 × 10-8 cm.  The total change in yield strength 
from the loop and void contributions is equal to the square root of the sum of the squares of each individually, eqn. (3).  

 

Table B.4 gives the initial hardness, hardness after irradiation and irradiation hardening along with the conversion to yield strength 
of the samples irradiated in this program. 

 

Irradiation induced hardening increases with dose as shown in Figure B.5.    By 7 dpa, the hardness of 316L and 690 have 
increased by 163 Hv and 127 Hv, respectively.  The irradiation induced hardening is also a function of temperature as shown in Figure 
B.6.  At 500˚C, there is less hardening than at 400˚C, and there is less hardening in the 2 MeV specimens than in the 3 MeV 
specimens.   

 

Radiation-induced microstructure 

 

The unirradiated and irradiated microstructures of the materials were analyzed using TEM discs made from the irradiated TEM 
bars.  Each TEM bar yielded 5 TEM discs; three irradiated discs from the center region of the bar and two unirradiated discs from the 
ends of the bar.  The bars were reduced to 100 µm thickness by mechanically polishing the unirradiated faces of the specimens.  A 3 
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mm diameter slurry cutter was used to cut out the discs.  The discs were then thinned to perforation by jet electropolishing in a 5% 
perchloric and methanol solution at -50˚C at a current of between 15 and 20 mA.   

 

TEM analysis was conducted using a JOEL 2010F analytical transmission electron microscope at the University of Michigan.  The 
analysis was performed with the microscope operating at 200KV.  The dislocation loops created from the proton irradiation were all in 
the (111) plane of the specimen.  They could therefore be imaged with the beam near the [011] or [001] beam direction in the rel-rod 
dark field condition. To achieve this condition, the beam was tilted near the [011] or [001] direction until the rel-rod brightness was 
maximized.  This condition created the clearest image of dislocation loops.  Then, the smallest objective aperture was used to select 
the reciprocal rod in the diffraction pattern to capture the dark field image of the faulted loops. The bright field loop images were also 
taken near [011] beam direction. Voids, especially when the size is small, are out of contrast when the image is in focus. To image the 
voids, bright field TEM images were first viewed out of focus so that the voids could be seen. Once the voids were located, the images 
were brought to a slightly under-focused condition and the void images were taken.  

 

Figs B.7 and B.8 are TEM images showing the dislocation loops and voids in alloys 316L, D9, 690 and 800H irradiated at 400°C 
to 7 dpa and alloys 316L and 690 irradiated at 400°C to 2 dpa and at 500°C to 7 dpa and Table B.5 summarizes the microstructure 
results.  At 400°C and 7 dpa, the irradiation induced microstructures of all alloys contained high densities of small dislocation loops.  
Voids were either absent or present in small densities.  The average loop diameters for the D9, 316L, and 800H were similar and 
ranged from 6.9 to 7.6 nm, while the average loop diameter for 690 was 10.2 nm.  The loop size distribution was broader for 690 
while the other alloys had more sharply peaked distributions as shown in Figure B.9.  800H and D9 had similar loop densities of about 
7×1016 cm-3, while 316L and 690 had lower densities of 5.3×1016 cm-3 and 3.2×1016 cm-3 respectively.  The void densities in the 
irradiated 316L and 800H were both below 1014 cm-3, but the voids in 800H had an average diameter of about 5 nm which was larger 
than the 2 nm voids present in the 316L.  The voids in 690 had an average diameter of 3 nm, but they were present at a slightly higher 
density of about 1014 cm-3.   

 

The temperature effect on dislocation loop and void size and density in alloys 316L and 690 is shown in Figure B.10-B.14. As 
temperature increases from 400°C to 500°C, both dislocation loop and void size increases significantly in both alloys. The number 
density of dislocation loops decreases while the void number density increases with temperature. The dislocation loop size at 500°C 
shows a much broader distribution than 400°C as expected (Figure B.14). 
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The dose effect on dislocation loops and voids at 400°C is shown in Figure B.15-B.18.  As dose increases from 2 dpa to 7 dpa, the 
dislocation loop size decreases slightly but the dislocation loop density increases by about an order of magnitude. Smaller voids size 
and density were observed at 7 dpa. This is somewhat unexpected. The 7 dpa irradiation was performed using 3 MeV protons while 
the 2 dpa irradiation was performed using 2 MeV protons. The damage profiles are different, sample thinning was performed such that 
the irradiated region was at the same fraction of total depth for both energies. It is possible that the voids were not imaged at a 
comparable region since the jet-thinning conditions can vary from sample to sample. 

 

Radiation-induced segregation at grain boundaries 

 

Grain boundary composition and composition profiles were measured via STEM/EDS using the JOEL 2010F analytical 
transmission electron microscopy (TEM) at the Electron Microbeam Analysis Laboratory (EMAL) at the University of Michigan. The 
2010F operates at an accelerating voltage of 200 kV. In the STEM mode, in which the RIS is measured, the probe size can be 
converged to as small as 0.2 nm after proper alignment. But for the EDS composition profiles, in order to get an acceptable intensity 
count in a relatively short period of time (~20-30s), a probe size of 0.5 nm is generally preferred. 

 

Prior to analysis, samples were plasma cleaned for 10 minutes using a Southbay PC150 plasma cleaner in an oxygen/argon plasma 
to minimize sample contamination during room-temperature analysis.  Only grain boundaries aligned edge-on to the electron beam 
were analyzed and multiple measurements were taken on each grain boundary.  In addition, composition profiles were taken at each 
grain boundary with measurements taken at 1.0 nm increments.  The spectral acquisition and analysis was done using EmiSpec 
ESVision microscope control and data analysis software for the unirradiated samples. When using the ESVision software, matrix 
compositions were taken in each grain (corresponding to the boundaries analyzed) at distances >50 nm from the boundary.  Raw 
intensity data were then converted to weight percents using k-factors calculated for each grain (two per GB analyzed) by comparison 
of EDS-determined matrix intensities to the bulk alloy composition determined independently by electron microprobe analysis.  The 
k-factors related the ratio of measured intensities for a pair of elements to the ratio of compositions for the same pair of elements.  As 
a result, the measured matrix composition is equal to the bulk composition. Due to the software change at EMAL, the spectral 
acquisition and analysis for irradiated samples was done using the GENESIS software by EDAX INC. The GENESIS software has 
more flexibility than ESVision. It can do in-situ K-factor calculations. In principle, the K-factors are calculated from matrix 
compositions obtained from a large scan (1 µm × 1 µm) from grains corresponding to the boundary studied by matching the bulk 
compositions. 
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Grain boundary composition profiles were taken from the both irradiated and unirradiated conditions.  Due to the relatively large 
grain size, the number of grain boundaries available for analysis was relatively small (generally 1-2).  During typical analysis of a 
grain boundary, composition profiles were taken from a 30-nm line scan crossing the grain boundary (Figure B.19) with 1.0 nm steps.   
In addition to the composition profiles, spot measurements were taken on each boundary to measure grain boundary compositions.   

 

Tables B.6 – B.15 summarize the RIS measurements on alloys 316L, D9, 690 and 800H irradiated at 400°C to 7 dpa and alloys 
316L and 690 irradiated at 400°C to 2 dpa and at 500°C to 7 dpa. Typical composition profiles for three main elements Fe, Cr and Ni 
for each irradiation condition are shown in Figure B.20. An enrichment of ~2.5 wt% Cr was measured for both unirradiated alloys D9 
and 316L. Ni was found to be slightly depleted at grain boundaries in unirradiated alloys D9 and 316L.  A much larger enrichment of 
Cr (23 wt%) and depletion of Ni (19 wt%) was measured in alloy 690. The segregation of Fe, Cr and Ni in unirradiated alloys is 
probably due to thermal non-equilibrium segregation (TNES).  

 

A comparison of grain boundary Cr and Ni concentration in alloys D9, 316L and 690 both unirradiated and irradiated at 400°C to 7 
dpa is shown in Figure B.21 and B.22. D9 and 316L have comparable Cr and Ni concentration at grain boundaries, though the 
concentration change due to irradiation is larger in alloy 316L. Alloy 690 has a much larger degree of RIS than D9 and 316L at the 
same irradiation conditions. The dose and temperature dependence of grain boundary concentration of Cr and Ni of alloys 316L and 
690 is shown in Figure B.23 and B.24. In alloy 316L, the depletion of Cr saturates at 2 dpa. At 500°C, the amount of depletion of Cr 
and enrichment of Ni at the grain boundary is slightly less than that of 400°C. In alloy 690, the depletion of Cr and the enrichment of 
Ni increase with dose. The degree of RIS is slightly greater at 500°C. One noticeable effect of temperature on RIS is the broader shape 
of the profile at 500°C compared to 400°C (Figure B. 20). 

 

Alloy 800H has a high density of chromium carbides on the grain boundaries as shown in TEM bright field and dark field images in 
Figure B.25(a) and (b), which prevented meaningful RIS measurements from being performed. The selected area diffraction pattern 
from both the carbides and matrix is shown in Figure B.25(c). The lattice parameter for the chromium carbides is about three times 
that of iron. So it is 3 times 3.59 Å (lattice parameter γ-iron), or 10.77 Å and corresponds to Cr23C6.  A composition profile line scan 
crossing the chromium carbide at a grain boundary (Figure B.25) is shown in Figure B.26. The profiles show a high peak of Cr and 
carbon, which corresponds to the chromium carbide. 

 

Stress corrosion cracking 
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Stress corrosion cracking susceptibility was determined via constant extension rate tensile (CERT) tests.  The CERT tests were 
performed using the Multi-Supercritical Water (MSCW) system in the High Temperature Corrosion Laboratory (HTCL) at the 
University of Michigan, Figure B.27.  The MSCW system is a closed flowing water loop that is capable of simultaneously straining 4 
samples.   It consists of a 4-liter autoclave, a high pressure pump, a preheater system, and a back pressure regulator to control the 
system pressure.  During the CERT test, the flow rate into the autoclave was maintained between 40 and 50 ml/minute.  The 
conductivity of the supercritical water was kept below 0.1 µS/cm by constantly filtering the water.  The dissolved oxygen content of 
the supercritical water was kept in the dearated range of less than 10 ppb dissolved oxygen by constantly flowing argon gas through 
the primary water column.  The samples were strained at a constant rate of 3×10-7 s-1 using a stepping motor.   

 

Four irradiated specimens were strained simultaneously to failure in dearated SCW at a pressure of 24 MPa.  Straining did not 
commence until the temperature, pressure, and water purity stabilized which required approximately 14 hours.  Samples were strained 
at a nominal rate of 3×10-7 s-1 using a stepping motor.  Samples used for GBE analysis were strained in 500°C water at 1×10-7

 s-1. 

 

Following test completion, the specimens were examined using a JOEL JSM-6480 scanning electron microscope.  Analysis was 
confined to a region of nearly uniform crack density that did not include areas in the necked region of the specimen or areas far from 
the fracture point.  The analysis performed on the irradiated specimens included only the 10 mm length of the specimen that had been 
irradiated.  Images of the gage surfaces taken at 250x were used to determine the crack density, average crack length, and crack length 
per unit area of the specimens.  The fracture surfaces of the specimens were also analyzed to determine the % IG fracture.  Analysis 
was performed independently on the unirradiated and irradiated portion of the surface.  Crack depth measurements were made by 
mounting the tensile specimens in epoxy and polishing away a portion of the gage surface to reveal the sample cross section.  The 
maximum crack depth into the irradiated and unirradiated surfaces was determined from the recorded SEM images.   

 

 

 

Cracking behavior 
 

CERT experiments were conducted on 18 tensile specimens in dearated SCW at temperatures of 400˚C and 500˚C.  The alloys 
investigated were D9, 316L, 316LGBE, 690, 690GBE, and 800H.  The cracking behavior of each specimen was determined via 
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analysis of the gage surfaces and fracture surfaces.  Four different measures of cracking susceptibility were used to characterize the 
cracking behaviors of the alloys,   

 

(1) Average crack length  
• average length of cracks on the gage surface 

(2) Crack density  
• number of cracks per unit area on gage surface 

(3) Crack length per unit area  
• total length of all cracks along gage surface divided by area analyzed 
• incorporates both average crack length and crack density measurements 

(4) Crack depth  
• depth of crack into the specimen as determined by cross sectional analysis 

(5) Percent intergranular cracking on fracture surface 
• unirradiated and irradiated portions of fracture surface analyzed independently 

 

The crack density measurements describe the propensity for crack nucleation, while the average crack length and crack depth 
measurements describe the ability of the crack to propagate.  The crack length per unit area accounts for both crack density and 
average crack length and therefore provides a cumulative measure of the cracking susceptibility.   

 

Each specimen, and the condition of the alloy analyzed, is given in Table B.16.   In addition to the crack measurements just 
described, the crack length per unit area normalized to % strain is also presented in the table.  It was determined that the crack length 
per unit area progresses roughly linearly with strain as shown in Figure B.28a.  Normalizing the values as shown in Figure B.28b 
yields generally constant cracking values, for a given alloy condition, as the strain increases.  Another reason for this normalization is 
that specimens with greater strains to failure are under load for longer periods of time which provides greater opportunities for crack 
nucleation and propagation to occur. Therefore, when comparing the alloys, it is often instructive to consider the normalized data in 
addition to the raw data to make an unbiased comparison.   

 

Complete sets of data are available for 316L and 690 from the 2 MeV irradiations that illustrate the dose, hardness, and 
temperature dependence of IGSCC in SCW.  Therefore, the 3 MeV data for these two alloys are not included in the plots, but are 
included in tables for reference.   
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Qualitative analysis of cracking behavior 
 

Images of the cracking behaviors on the unirradiated and irradiated gage surfaces of alloys D9, 316L, 690, and 800H are shown in 
Figure B.29.  The influence of the irradiation is clearly seen by the greater cracking propensity on the irradiated gage surfaces. The 
dose dependence of cracking for the 316L at 400˚C is shown in Figure B.30.  The gage surfaces of the specimens irradiated to 2, 4, 
and 7 dpa all exhibit more cracking than the corresponding unirradiated faces.  It is difficult to see the dose dependence of the 
cracking through visual inspection, however.  Figure B.31 shows the gage surfaces of the 690 specimens irradiated to 2, 4, and 7 dpa 
following straining to 17% in 400˚C SCW.  While small cracks can be observed on the irradiated surfaces, no cracks are visible on the 
unirradiated surfaces.  The cracking behavior of cold-worked alloy D9 in 500˚C  SCW is shown in Figure B.32.  Small cracks are 
visible on the 7 dpa irradiated surface, but none are visible on the unirradiated surface following straining to failure at 12%.  
Micrographs of the 316L specimens irradiated to 7 dpa and subsequently strained in 500˚C SCW are shown in Figure B.33.  An 
increase in cracking with both strain and irradiation can be seen from the micrographs.  A dramatic increase in cracking with 
irradiation damage was observed on the 690 specimen strained in 500˚C SCW, as shown in Figure B.34.  While the unirradiated 
surfaces of the 690 specimen exhibit little cracking, the SEM images of the irradiated surfaces show that a large fraction of the grain 
boundaries have cracked.  The unirradiated and irradiated gage surfaces of the 800H specimen are shown in Figure B.35 following 
straining to 19% and 39% in 500˚C SCW.  The intergranular cracking clearly increases with both strain and dose.  At 39% strain, 
however, there is a substantial amount of shallow transgranular cracking in addition to the intergranular cracks.  This is even more 
pronounced on the unirradiated face of the specimen.     

 

The crack depth into the sample substrate of the D9 specimens strained in 400˚C and 500˚C SCW are shown in Figure B.36.  The 
cracks on the unirradiated surface of the specimen strained at 400˚C were shallower than those on the irradiated face.  The cracks on 
the irradiated surface never penetrated through the entire irradiated region of the specimen.  The maximum crack depth of the D9 
specimen strained at 500˚C, however, did surpass the irradiated depth.  Micrographs of the crack depths in the 316L specimens 
irradiated to 2, 4, and 7 dpa at 400˚C and 7 dpa at 500˚C are shown in Figure B.37.  While the maximum crack depth into the 
irradiated surface exceeded the irradiation depth, in many cases the cracks arrested soon after propagating through the irradiated layer 
as shown in Figure B.37.  The cracks in the 316L specimen strained in 500˚C SCW, however, surpassed the irradiation depth.  The 
cracks on the 2, 4, and 7 dpa irradiated surfaces of the 690 specimen did not surpass the irradiation depth as shown in Figure B.38.  
The cracks in the specimen strained in 500˚C SCW, however, did penetrate past the irradiated layer.  The cracks on the irradiated 
surfaces of alloy 800H had greater depth than the cracks on the unirradiated surfaces as shown in Figure B.39.  While the cracks on 
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the specimen strained in 400˚C SCW did not penetrate more than a few microns past the irradiated layer, many of the cracks on the 
specimen strained in 500˚C SCW did surpass the irradiated depth. 

 

The fracture surfaces of all alloys strained in 400˚C and 500˚C SCW are shown in Figs. B.40-B.43.  The unirradiated areas of the 
fracture surfaces all exhibited ductile rupture as shown by the dimpling on surface.  The irradiated surfaces of the specimens are 
indicated with arrows.  All irradiated fracture surfaces, with the exception of the 690 specimen irradiated to 7 dpa with 3 MeV 
protons, showed some degree of intergranular failure.  Higher magnification images of these IG regions are shown in Figs. B.40-43. 
The irradiated fracture surfaces of the 316L specimen irradiated to 7 dpa and strained in 400˚C water, and the 690 specimen irradiated 
to 7 dpa and strained in 500˚C water show completely intergranular fracture.          

 

 Stress-strain behavior 
The stress strain curves from the CERT experiments are shown in Figure B.44.  The slight discontinuities in the curves are the 

result of interrupting the experiment for cracking analysis before resuming straining. Figure B.44a shows the curves for the 316L 
specimens irradiated to 2, 4, and 7 dpa and strained to failure in 400˚C dearated SCW.  All three reach their yield strength at stresses 
between 172 and 195 MPa, reach maximum stresses of between 444 and 501 MPa, and fail at strains between 29% and 33%.  The 
curves for the 690 specimens irradiated to 2, 4, and 7 dpa are shown in Figure B.44.b.  All three curves are very similar with yield 
strengths of between 192 and 198 MPa, maximum stresses between 591 and 622 MPa.  The 2 and 7 dpa specimens failed at a strain of 
46%, while the 4 dpa specimen failed at 56%.   

 

The stress strain curves for all four alloys at 400˚C and 500˚C are shown in Figure B.44c and B.43d.  These curves show that the 
yield strengths and maximum stresses of the specimens were lower at 500˚C than 400˚C, with the exception of the D9 which had a 
slightly higher yield strength at 500˚C.  For example, the yield strength of 800H decreased from 172 MPa at 400˚C to 139 MPa at 
500˚C, and the maximum stress decreased from 472 MPa to 393 MPa.  The only exception to this trend was the D9 which had a 
slightly higher maximum of 535 MPa at 500˚C compared to 510 at 400˚C.  A summary of the stress strain curve parameters is given in 
Table B.17. 
 

Dose dependence 
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The crack length per unit area on the gage surfaces of all specimens increased with dose at both 400˚C and 500˚C as shown in 
Figure B.45.  The increase in cracking from 0 to 7 at 400˚C was comparable for D9, 690, and 800H.  Cracking on the unirradiated 
surfaces ranged from 147 to 526 µm/mm2 and increased to values ranging from 1504 to 1671 µm/mm2 at 7 dpa.  The 316L specimen 
was very susceptible to IGSCC in both the unirradiated and irradiated conditions with cracking of 4613 to 5955 µm/mm2 in the 
unirradiated condition to 7275 µm/mm2 at 7dpa.  The dose dependence of cracking in 316L and 690 at 400˚C is illustrated in Figure 
B.46 which shows the crack length per unit area on the specimens irradiated to 2, 4, and 7 dpa with 2 MeV protons.  The cracking 
increases dramatically from 0 to 2 dpa and then gradually increases to 7 dpa, reaching values of 7275 µm/mm2 and 1671 µm/mm2 for 
the 316L and 690, respectively.   

 

The most striking feature of the crack length per unit area data at 500˚C is the increase from 0 to 7 dpa for the 690 specimen.  In 
the unirradiated condition, the crack length per unit area on the gage surface of the 690 specimen is comparable to that of the other 
alloys at 424 µm/mm2.  The 7 dpa irradiation, however, causes the cracking to increase by a factor of almost 20 to 8426 µm/mm2.  The 
cracking in the other alloys decreases less dramatically, ranging from 0 to 578 µm/mm2 in the unirradiated condition to 425 to 2070 
µm/mm2 at 7 dpa.   

 

By normalizing the crack length per unit area data to % strain as shown in Figure B.47, it can be seen that the unirradiated 
cracking data generally follows the same trend as the irradiated data for the alloy types.  Alloy 316L is most susceptible to cracking in 
both the unirradiated and irradiated conditions at 400˚C, while 690 and 800H crack the least in both conditions.  At 500˚C, D9 is the 
least susceptible in both conditions, and the 690 is the second most susceptible in the unirradiated condition and the most susceptible 
at 7 dpa.   

 

The crack density data shown in Figure B.48 follows trends similar to that of the crack length per unit area data for 400˚C and 
500˚C.  With the exception of the 316L and 400˚C, the crack density increases with dose from 0 to 7 dpa.  Alloys 690 and 800H have 
the lowest crack density from 0 to 7 dpa at 400˚C, while 316L has the highest crack density of 110 – 173 mm-2.  At 500˚C, alloy 690 
has the highest crack density which increases from 21 mm-2 to 153 mm-2 from 0 to 7 dpa.   

 

The dose dependence of the average crack lengths on the gage surfaces of the specimens is shown in Figure B.49.  At 400˚C, there 
does not appear to be a strong relationship between average crack length and dose.   For a given alloy, the average crack length is 
fairly constant.  D9 has the shortest average crack length of 14 µm in the unirradiated condition to 18 µm at 7 dpa.  800H has the 



 

 280 

longest average crack lengths of 89 µm and 81 µm in the unirradiated and 7 dpa conditions, respectively.  At 500˚C, the average crack 
length increases from 0 to 7 dpa for all alloys.  The greatest increase occurs for 800H from 89 to 145 µm, and the smallest increase 
occurs for 316L from 30 to 39 µm.   

 

The maximum crack depth increases with dose for all alloys at both 400˚C and 500˚C as shown in Figure B.50.  At 400˚C, there is 
a dramatic increase in crack depth from 0 to 2 dpa, and little change from 2 to 7 dpa for alloys 316L and 690.  The maximum crack 
depths reached approximately 38 and 18 µm, respectively.  At 500˚C, the crack depth increases more dramatically with dose. The 
maximum crack depths for the 316L, 690, and 800H specimens are very similar and range from 8 to 12 µm in the unirradiated 
condition to 47 to 51 µm at 7 dpa.  As shown in Figure B.51, the crack depths in the irradiated alloys exceeded the maximum 
penetration of the protons in all specimens except for the 690 specimens at 400˚C.  At 500˚C, the depth of the cracks into the 
irradiated faces of the specimens extended further into the unirradiated region than the cracks on the unirradiated surface of the 
specimens.   

 

The %IG fracture on the fracture surface of the specimens following strain to failure increases with dose at both 400˚C and 500˚C 
as shown in Figure B.52.  The greatest increase with dose at 400˚C occurs for 316L, where the %IG increases from 0% for the 
unirradiated alloy to 24%, 69%, and 100% for the specimens irradiated to 2, 4, and 7 dpa, respectively, with 2 MeV protons.  At 
500˚C, the % IG on the fracture surfaces of all alloys is 0% for 0 dpa and increases to 26% or greater at 7 dpa.  The greatest increase at 
500˚C occurs for alloy 690, where the % IG at 7 dpa is 100%.   

 

Hardness dependence 
 

The relationship between cracking propensity and hardness is shown in Figure B.53.  At both 400˚C and 500˚C, the crack length 
per unit area increases with hardness.  At 400˚C, the progression of cracking with hardness is similar to the correlation observed 
between cracking and dose shown in Figure B.45.  The cracking increases to similar extents for the D9, 690, and 800H, but there is no 
correlation between hardness and crack length per unit area for the 316L specimen.  The greatest increase in cracking due to 
irradiation at 500˚C occurs for the 690 specimen when it increases from 424 to 8426 µm/mm2 at 500˚C.  The final hardness of the 690 
specimen is 269 Hv, however, which is similar to that of the final hardness of 316L and 800H as shown in Figure B.53b.  The 
irradiation induced hardening in the alloys does not show a clear correlation with crack length per unit area measurements as 
illustrated in Figure B.54.   



 

 281 

 

The relationship between average crack length and hardness is shown in Figure B.55.  At 400˚C the average crack length does not 
appear to strongly depend on the hardening of the alloy.  At 500˚C, however, the average crack length increases with hardening for all 
four alloys.  The greatest increase occurs for 800H, where the average crack length increases from 89 µm to 145 µm as the hardness 
increases from 147 Hv to 253 Hv.   

 

Temperature dependence  
 

The temperature dependence of the crack length per unit area on the gage surfaces of the specimens is shown in Figure B.56.  By 
normalizing to strain as shown in Figure B.56b, a clear difference in behavior becomes apparent, separating the stainless steels from 
the higher nickel alloys.  The crack length per unit area of the 316L and D9 decreases with temperature, while that of the 690 and 
800H increase or stay relatively constant with temperature as shown in Figure B.57.   These normalized values show that the cracking 
on the stainless steels decreased substantially from 400˚C to 500˚C. 

 

The correlation of crack density with temperature was similar to that of the crack length per unit area data.  As shown in Figure 
B.58, the crack density on the surfaces of the stainless steel specimens decreased from values in the range 36 to 173 mm-2 at 400˚C to 
values of 0 to 48 mm-2 at 500˚C.  The crack densities on the 690 and 800H specimens were relatively independent of temperature, 
with the exception of the 690 irradiated to 7dpa, which showed an increase of 105 mm-2 from 400˚C to 500˚C.   

 

In general, the average crack lengths of the specimens were not dependent on temperature as shown in Figure B.59.  The three 
exceptions were, 

 

(1) Unirradiated D9 which decreased from 14 µm to 0 µm from 400˚C to 500˚C 
(2) Irradiated 690 which increased from about 36 µm to 55 µm 
(3) Irradiated 800H which increased from 81 µm to 145 µm 
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The maximum crack depth into the specimen substrate does not change greatly with temperature for any of the unirradiated alloys 
as shown in Figure B.60.  The crack depth does increase with temperature, however, for the irradiated 316L and 690 by 11 µm and 33 
µm, respectively.   

 

The temperature dependence of the %IG on the fracture surfaces of the specimens irradiated to 7 dpa at 400˚C and 500˚C are 
shown in Figure B.61.  The %IG increases from 400˚C to 500˚C with the exception of alloy 316L.   

 
Grain Boundary Engineering 

 

Alloys 316L and 690 were selected for grain boundary engineering (GBE) analysis based on their previously demonstrated 
susceptibility to IGSCC in SCW.  The alloys were thermomechanically processed to achieve two different microstructures, one with a 
high fraction of special boundaries and one with a lower fraction of special boundaries.  In this study, special boundaries include low 
angle boundaries (LABs) as well as Σ3, Σ9, and Σ27 coincident site lattice boundaries (CSLBs).  Allowed deviations from exact 
misorientation were determined by applying Brandon’s criterion [5].  All others are categorized as random high angle boundaries 
(RHABs).   

 

The thermomechanical processing treatments applied to the materials in the as-received form and the resulting grain sizes are 
described in Table B.18.  The polished specimens were analyzed to characterize their grain boundary structures by performing 
electron backscatter diffraction (EBSD) analysis on the gage surfaces of the specimens.  This analysis was performed using a Philips 
XL30FEG SEM equipped with a TexSEM Laboratories orientation imaging microscopy (OIM) system.  It was determined that the 
316L, 316LGBE, 690, and 690GBE specimens contained length fractions of 0.48, 0.66, 0.62, and 0.81 special boundaries, 
respectively, as shown in Figure B.62.   

 

The specimens were strained in the MSCW system in 500˚C SCW at a lower rate, 1×10-7 s-1, than that of the other CERT 
experiments to increase the amount of cracking to provide superior cracking statistics.  The stress strain curves for all four specimens 
are shown in Figure B.63.  The 690 and 690GBE specimens had similar yield strengths of 212 and 220 MPa, respectively.  The yield 
strength of the 316LGBE specimen was less than 140 MPa, and the yield strength of the 316L specimen was 167 MPa.    The straining 
was interrupted at 5%, 15%, and 25% nominal strain and the cracks on the gage surfaces of the specimens were analyzed at a 
magnification of 1000x.  No cracks were observed following 5% strain, but small cracks were observed at 15% strain, and the crack 
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density increased at 25% strain.  SEM micrographs of the cracks on the gage surfaces were compared to the grain boundary maps to 
determine the quantity and character of the boundaries that cracked.  Figure B.64 shows SEM micrographs of the gage surface of the 
316L specimen following straining to 15% and 25% strain and the corresponding grain boundary map from the EBSD analysis.   

 

The length of each cracked boundary was measured and categorized according to the boundary character.  The results of this 
analysis showed that the special boundaries were resistant, but not immune to IGSCC in 500˚C SCW.  As shown in Figure B.65, the 
special boundaries were more resistant to IGSCC than the RHABs at both 15% and 25% strain.  At 25% strain, the fraction of special 
boundaries cracked was a factor of 9 to 18 times less than that of the RHABs.   

 

The cracking behaviors of the specimens were evaluated in terms of the average crack length, crack density, and total fraction of 
grain boundary length cracked.  As shown in Figure B.66a, the average crack length on the gage surfaces of the specimens increases 
slightly with strain, with the exception of the 316LGBE specimen in which crack nucleation may have dominated propagation, which 
is supported by the substantial increase in crack density measured for the 316LGBE specimen from 15% to 25% strain as shown in 
Figure B.66b.   

 

The crack density following 15% and 25% strain for all four specimens is shown in Figure B.67.  The crack densities of all four 
specimens increase with strain, and the extent of cracking at both 15% and 25% strain was greater for the 690 and 690GBE specimens 
than for the 316L and 316LGBE specimens.   

 

The total fraction of grain boundary length cracked in each specimen was determined by dividing the total length of the 
intergranular cracks on the analyzed portion of the gage surface, and dividing by the total length of grain boundaries present in that 
area of the specimen.  The results are shown in Figure B.68.  It can be seen that only a small fraction of the total grain boundary length 
cracked in each specimen.  The maximum fraction of boundary length cracked occurred in the 690 specimen at 25% strain with 4.4% 
of the total boundary length cracked.  By comparing the results for the 316L and 316LGBE specimen, it can be seen that the total 
fraction of boundary length cracked is reduced by 67% for the GBE condition at 25% strain.  Similarly, the fraction of boundary 
length cracked in the 690GBE specimen is reduced by 44% at 25% strain.   
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B.4 Discussion 

 
Irradiated Microstructure and Hardening 

 

The change in yield strength due to irradiation can be estimated using the dispersed-barrier hardening model [6].  In this model, 
the increase in yield stress, Δσy, is equal to the increase in applied stress required to move a dislocation through a field with obstacle 
strength, α, and inter-obstacle spacing, L.  The changes in yield stress, Δσy, can be calculated using a simple equation 

 

                                                                                              for discrete obstacles,          (B.1)   

for network dislocations,    

 

 

where N is the number density of obstacles, d is the mean diameter of the obstacle, ρd is the network dislocation density, µ is the shear 
modulus of the matrix, b is the Burgers vector of the moving dislocation, and M is a factor to relate the shear stresses on a slip plane in 
a single crystal to the applied tensile stress necessary to activate slip in a polycrystalline material (M=3.06,[7]).  The barrier strength, 
α, is typically taken as 0.25 for loops and 1.0 for voids [8].   Frank loops and small precipitates have intermediate strength and 
dislocations are the weakest barriers.  The contributions from different defect types are typically combined with a superposition law 
and the total change in the yield stress, Δσtot, can be calculated as, 

 

                                 (B.2)        

 

where ΔσSR is for short range obstacles such as Frank loops and voids in Equation B.2 and ΔσLR=3αµbρ0.5 is for the long range 
obstacle such as network dislocations (ρ is dislocation density). 
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A value of 1.0 was used for voids.  The dislocation loops are particularly large in some of the alloy conditions analyzed in this 
study. In most conditions, the sizes are in the range of 10-40 nm. If the α parameter is taken as 0.25, Δσtot will be significantly 
underestimated. Therefore, the α parameter was adjusted so that Δσtot will match the values estimated from the irradiation-induced 
hardening.  The change in yield strength calculated from the observed dislocation loops and voids as well as from irradiation 
hardening is shown in Table B.19 for all measured conditions.  

 

The dispersed barrier hardening model overestimates the amount of hardening in alloy D9. As shown in Figure B.69, most 
dislocations caused by cold work observed in the unirradiated conditions disappeared when the alloy was irradiated to 7 dpa at 400°C. 
Therefore, the irradiation hardening from the hardness measurement should also offset the “softening” caused by the disappearance of 
dislocation networks. The dislocation density in cold worked and unirradiated D9 is estimated to be ~1016cm/ cm2, which results in 
110 MPa of “softening” when dislocation networks disappear during irradiation. Therefore, the total change in yield stress after 
irradiation would be 660 MPa (550 MPa from measured hardness change and 110 MPa from dislocation networks) as listed in Table 
B.19. The difference in yield stress change estimated from the irradiated microstructure and irradiation hardening decreases from 43% 
to 20%. A comparison of change in yield stress calculated from irradiation hardening and that calculated from irradiation 
microstructure is shown in Figure B.70. The 45° line represents a one-to-one correlation between yield stress from hardness and that 
calculated from microstructure.  In general, two values are in good agreement. 

 

Dose dependence of cracking 

 

It was shown in this study that cracking propensity increased with dose.  This increase in cracking was due primarily to the 
increase in crack density, as the average crack length increased only slightly with dose.  The extent of cracking in alloys 316L and 690 
increased substantially from 0 to 2 dpa, and appeared to be saturating by 7 dpa, indicating that additional irradiation damage may not 
increase cracking propensity.  The depth of the cracks increased with dose at both 400˚C and 500˚C, but the increase was greater at 
500˚C.  The depth of the cracks in all specimens exceeded the irradiation depth with the exception of alloy 690 irradiated to 2, 4, and 7 
dpa at 400˚C.  This indicates that the maximum crack depth may be even greater in fully irradiated tensile specimens of D9, 316L, and 
800H.  The crack depths on the unirradiated faces of the specimens were lower than that those on the irradiated faces, indicating that 
crack propagation would be substantially faster in irradiated alloys.  

 

This increase in cracking propensity with dose is consistent with the work performed by Was et al. [9] where it was shown that the 
% IG on the fracture surface increased with dose for both neutron and proton irradiated 304 stainless steel. The specimens were 
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strained in an NWC environment at 288˚C, and stress corrosion cracking was observed at doses as low as 1 dpa and 3 dpa for the 
proton and neutron irradiated specimens, respectively.  Kodama et al. [10] found that IASCC of 304 stainless steel increased 
dramatically at neutron fluences surpassing 1025 n/m2.  As shown in Figure B.71, this increase in cracking propensity with dose also 
occurs for 316L with the %IGSCC increasing from 0 to as high as 100% at fluence of approximately 1026 n/m2.   

 

There is also evidence of the dose dependence of cracking in a SCW environment, although the data is limited.  Was and 
Teysseyre [11] showed that the cracking propensity on the gage surface of alloy 690 strained in 500˚C SCW increased dramatically 
from 0 to 4 dpa and increased further at 7 dpa.  The cracking susceptibility of F-M alloy HT9 in SCW as measured by maximum crack 
depth has also been shown to increase with irradiation damage.  Gupta and Was [12] showed that the maximum crack depth increased 
from approximately 4 mm in the unirradiated condition to 6.5 mm and 12.6 mm in the irradiated conditions at 500C and 400C, 
respectively.  Therefore, the increase in cracking propensity with dose observed in the present study was expected and consistent with 
literature.   

 

Temperature dependence of cracking 

 

The temperature dependence of cracking propensity in this study was strongly alloy dependent.  The cracking on the gage surface 
of the stainless steels decreased with temperature, the cracking did not appear to be temperature dependent for the 800H, and the 
cracking of the irradiated 690 specimen increased dramatically with temperature.  The temperature dependence of the cracking in the 
unirradiated materials was driven by the change in crack density, as the average crack length does not show a strong temperature 
dependence.  The increase in cracking for the irradiated 690 and 800H, however, was also influenced by an increase in the average 
crack length.  The maximum crack depth of the unirradiated alloys was not very temperature dependent, but the depth does increase 
substantially for the irradiated 316L and 690 alloys.   

 

In general, intergranular cracking is expected to increase with temperature because the grain boundary strength degrades more 
rapidly than the matrix.  Grain boundary sliding, which has been shown to be a precursor to crack initiation in simulated primary water 
[13] also increases with temperature.  An example of the temperature dependence of IASCC is provided by a study performed by 
Tsukada et al. on tensile specimens of 16 dpa neutron irradiated 316L [14].  The experiments were performed under vacuum at 25˚C 
and in oxygenated water environments at temperatures of 240˚C and 300˚C.  The strain to failure decreased from approximately 26% 
at 25˚C to 22% and 11% at 240˚C and 300˚C, respectively.  The fracture surface of the specimen strained at 240˚C exhibited ductile 
rupture, while 54% of the fracture surface of the specimen strained at 300˚C exhibited intergranular fracture.  Therefore, the decrease 
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in cracking propensity of the stainless steels observed in this study is unexpected.  It should be considered, however, that the present 
experiments were performed in a SCW environment at much higher temperatures, where limited data exists on the temperature 
dependence of IASCC.   

 

From the SCW data that is available, it appears that the temperature dependence of cracking behavior may depend on how it was 
characterized.  Tsuchiya et al. [15] characterized the cracking behavior according to %IG on the fracture surface of sensitized 304 
stainless steel, and observed that the %IG decreased from 100% at 290˚C to 0% at 400˚C.  Teysseyre and Was [16], however, 
observed that cracking propensity, as characterized by crack depth, increased with temperature for unirradiated alloys 304, 316L, 625, 
and 690 strained in dearated SCW.  Therefore, the increase in maximum crack depth for irradiated 316L and 690 observed in the 
present study was expected, but a similar increase in the crack depth for the unirradiated specimens was expected but not observed.   

 

Dependence of SCC on irradiated microstructure and RIS 

 

The dependence of SCC in the irradiated microstructure is difficult to characterize since the irradiated microstructure consists of 
dislocation loops, voids and precipitates. Hardness can be considered as a measure of the aggregate microstructure since it captures 
both microstructure and deformation information of the irradiated alloys.  Irradiation hardening can be related to the change in yield 
stress. The formation of extended defects following irradiation leads to an increase in hardness of the irradiated material, as these 
defects impede the motion of dislocations required for deformation to occur [17].  The increase in the stress required for deformation 
and loss of ductility have potentially important implications for the IGSCC susceptibility of stainless steels.   

 

The cracking susceptibility (taken as normalized crack length) for all four alloys is plotted as a function of the measured change in 
hardness in Figure B.53.  There is no clear correlation between hardening and IGSCC in 400°C SCW. Cracking susceptibility of D9 
increased slightly with hardness while that of 800H decreased with hardness. Cracking susceptibility of 690 first increased with 
hardness then stayed almost constant from 250 HV and above.  The cracking susceptibilities of all alloys happen to increase with 
hardness in 500°C SCW as shown in Figure B.53b. However, the two points for each alloy only represent one unirradiated and one 
irradiated conditions. Additional hardness data would be required to make a more sound determination of the hardness dependence of 
cracking susceptibly. Overall, the contribution of hardness to IGSCC in SCW is ambiguous. This is consistent with the observations in 
either PWR or NWC environments, in which there is a trend of increasing IASCC susceptibility with hardness, but there is also much 
scatter in the data [18]. 
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Various other studies have examined the effect of hardening on the cracking susceptibility in water.  Bruemmer et al. [19] 
compiled existing data and compared yield strength measurements with IGSCC results and found that cracking was only observed 
after the yield stress has increased to above 600 MPa.  Increased cracking of nickel base alloys in 288°C high purity water has been 
correlated with an increase in the degree of cold work and yield stress in the work of Speidel et al. [20].  However, the nature of 
hardening from cold work and proton irradiation are different and comparison of these effects must be made with caution.  Based on 
these results, it is expected that increased yield strength will be deleterious in terms of cracking in stainless steels.  However, recent 
post-irradiation annealing studies by Busby et al. [21], have shown that hardening may not be a primary cause of IASCC.  

 

Another important variable that is believed to influence IASCC is the grain boundary chromium composition.  The role of Cr as a 
beneficial element in iron-base alloys is well known. The presence of chromium increases the corrosion resistance through formation 
of chromium-rich oxide, which passivates the alloy and leads to a reduction in the rate of general corrosion.  Changes in grain 
boundary chemistry have been implicated in intergranular stress corrosion cracking (IGSCC) of unirradiated stainless steel [22] and 
austenitic nickel-base [21] components for many years. The formation of chromium carbide (Cr23C6) precipitates at grain boundaries 
during heat treatment results in a local depletion of chromium in the regions surrounding the carbide, leaving the alloy in a sensitized 
state, which has been linked with cracking susceptibility in a number of studies [23-25].   Since RIS results in depletion of Cr at grain 
boundaries, analogous to that observed in thermally sensitized materials, irradiated alloys are also expected to be susceptible to 
intergranular cracking. When the grain boundary chromium concentration drops below a threshold level, passivation by formation of a 
protective chromium oxide over the grain boundary is no longer possible and the boundary becomes a potential location for oxide 
destabilization. 

 

The depletion of Cr at 400°C for alloys 316L and D9 is compared with literature data in Figure B.72. They in relatively good 
agreement. The depletion of 2 dpa 316L is higher than that of 7 dpa irradiation. This is unexpected but could be attributed to the 
different proton energies used for the two irradiations (the 2 dpa irradiation was carried out using 2 MeV protons while the 7 dpa 
irradiation was done using 3 MeV protons). The differences of 2 MeV and 3 MeV irradiations will be discussed in a subsequent 
section. Figure B.73 shows cracking susceptibility as measured using normalized crack length per unit area as a function of Cr 
concentration at the grain boundaries in alloys 316L and D9. At the same temperature, cracking susceptibility seems to decrease with 
increasing Cr content. However, D9 has similar compositions as 316L but the cracking susceptibility is much less for a similar Cr 
concentration at the grain boundary. At 14 wt% Cr as indicated by the dashed line in Figure B.73, the alloys have completely different 
cracking susceptibilities. Similar cracking dependence on Cr concentration was also observed in alloy 690 (Figure B.74). The small 
differences between RIS obtained at 400 °C and 500 °C (near the dashed line Figure B.74 are unlikely to explain the difference in the 
extent of cracking in 690.  Nevertheless, cracking does correlate with grain boundary chromium concentration for both stainless steels 
and alloy 690 at 400˚C and 500˚C. 
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Besides hardening and RIS, other factors may influence IASCC in SCW. Deformation mode has been linked to IASCC in several 
studies. Bailat et al. [26] reported a possible correlation between deformation mode and IASCC in the neutron-irradiated ABB 
stainless steels. Onchi et al. [27] reported that intergranular facets were associated with various patterns of linear features/steps in 
thermally sensitized 304 stainless steel and that crack initiation sites tended to be related to the deformation bands[28]. Jiao et al. [29-
31] also suggested that localized deformation, which can be enhanced by low stacking fault energy (SFE) and irradiation, was a 
potential contributor to IASCC. Although most studies referred to LWR environments, these observed behaviors should be applicable 
to SCW environment. The deformation mode, especially grain boundary deformation under different temperatures and doses, may be 
the key in explaining IGSCC in SCW. 

 
Proton irradiation energy 

 

The use of 2 MeV protons instead of 3 MeV was not predicted to significantly influence the irradiation induced microstructure or 
cracking behaviors of the specimens.  Careful consideration was given to potential factors that could affect the irradiation induced 
microstructure and cracking behavior, 

 

(1) Irradiation temperature 
(2) Dose rate 
(3) Damage profile 
(4) Depth at which microstructure was analyzed 

 

All irradiations were carefully controlled to the target irradiation temperature +/- 10˚C.  The dose rate for the 2 MeV irradiations 
was 60% higher than that of the 3 MeV irradiations, and so the beam current was reduced for the 2 MeV 2, 4, and 7 dpa irradiated 
samples to make the dose rate that was identical to that of the 3 MeV irradiation.  It was shown in Figure B.2 that the damage profiles 
for the 2 and 3 MeV irradiations are very similar, except that the depth of the protons is different by a factor of 2.  In the plateau 
region of the profiles where the TEM analysis was performed, the 2 MeV damage profile is slightly greater than the 3 MeV profile.  
To account for this difference, the TEM analysis was performed at a depth of approximately 5-7 µm for the specimens irradiated with 
2 MeV protons, and at a depth of 10 µm for the specimens irradiated with 3 MeV protons.  As shown in Figure B.2, these regions of 
the specimens received nearly identical doses.  The depth of the damage profile would not be expected to influence the cracking 
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behavior on the gage surfaces of the specimens because the irradiation damage was nearly uniform over the first 12 µm of the sample 
surface.   

 

Therefore, the differences that exist in some of the cracking and microstructure data are difficult to account for.   Possible reasons 
for the differences may be, 

 

(1) Maximum dose at damage peak 
(2) Energy dependence of density and size of defects 

 

As shown in Figure B.2, the maximum dose at the damage peak for the 2 MeV proton irradiated specimens is over 50% higher 
than that of the 3 MeV specimens.  This high dose peak 18 µm from the specimen surface may have an influence on cracking 
propensity observed on the gage surface.  Another consideration is the density and size of the damage cascades created by the different 
energy ions.    M. Kiritani et al. [32] analyzed the energy dependence of vacancy cluster density and size in self ion irradiation of FCC 
Ag and Au with ion energies ranging from 30 keV to 150 KeV at 300K.  They found that the yield of vacancy clusters and groups of 
vacancy clusters, believed to by created by the same incident ion, both increased with ion energy as shown in Figure B.75.  It was also 
observed that the size of the vacancy clusters decreased with increasing ion energy for those vacancy cluster groups which contained 
only a few vacancy clusters.  These correlations could explain the higher density of dislocation loops observed with higher energy 
protons and the larger size of the loops with the 2 MeV protons.  The large difference in irradiation temperature and ion mass, 
however, limit the applicability of these observations.     

 
Cracking behavior of GBE specimens 

 

The GBE techniques applied in this study effectively reduced the fraction of grain boundary length cracked by 67% and 44% for 
alloys 316L and 690, respectively.  This reduction in cracking is due to the presence of special boundaries which were 9 to 18 times 
less likely to crack at 25% strain than the random high angle grain boundaries.  The reduction of IGSCC by GBE, however, decreased 
with strain.  By comparing the fraction of grain boundary length cracked for the 316L and 316LGBE specimens, and the 690 and 
690GBE specimens, GBE was observed to decrease cracking by factors of 9 and 5 at 15% strain, and by factors of 3 and 2 at 25% 
strain, respectively.  Therefore, the effectiveness of the GBE microstructure is greater at lower strains.  This decrease in the fraction of 
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grain boundaries cracked and reduction in the effectiveness of the GBE microstructure at higher strains is consistent with the cracking 
behavior of GBE Ni-16Cr-9Fe-C reported by Alexandreanu in simulated primary water [33].  

 
The only GBE IGSCC study conducted in a SCW environment was one performed by Gupta and Was on FM alloy HT-9 in 500˚C 

SCW [34].  The HT-9 was grain boundary engineering to yield an increase of 30% in the LAB fraction.  This microstructure improved 
the cracking behavior of the HT-9 by decreasing both the crack density and maximum crack depth in both the irradiated and 
unirradiated conditions.  This reduction was attributed to a reduction of the coarsening rate of grain boundary chromium carbides, 
which were believed to cause crack initiation.   

 

B.5 Summary 

 

The irradiation induced microstructures of alloys D9, 316L, 690, and 800H contained distributions of dislocation loops and voids.  
The increase in yield strength created by the irradiation induced microstructure was calculated from quantitative measurements of the 
size and density of the dislocation loops and voids using the dispersed barrier hardening model [6].  The change in yield strength was 
also calculated from the irradiation induced hardening, and the agreement between the two values in most conditions was ~10%.   

 

The evolution of the irradiation induced microstructure with temperature and dose was analyzed for alloys 316L and 690.  The 
average loop and void size increased for both alloys from 400˚C to 500˚C, and the number density of dislocation loops decreased.  The 
density of voids increased with temperature for both alloys.  All of these observations were expected.  The dose dependence of the 
irradiation induced microstructure from 2 to 7 dpa at 400˚C, however, was unexpected.  The dislocation loop size increased slightly 
with dose, while the density increased by about an order of magnitude.  There was also a lower density of small voids in the 7 dpa 
alloys, while a higher density of larger voids was observed at 2 dpa.   

 
Alloys D9, 316L, and 690 all showed varying degrees of chromium depletion and nickel enrichment compared to the grain 

boundary composition in their unirradiated conditions.  The extent of radiation induced segregation was the greatest for alloy 690.  
The final grain boundary composition of chromium for alloy 690, however, was still greater than that of the D9 and 316L following 
irradiations at both 400˚C and 500˚C to 7 dpa.   
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A clear relationship exists between dose and cracking for alloys 316L and 690 in 400˚C SCW.  There is an increase in cracking 
susceptibility with dose, with the greatest increase occurring from 0 to 2 dpa, and a more gradual increase from 4 to 7 dpa.  An 
increase in cracking with dose has been reported in NWC [9] and SCW environments [11, 12], and so these results were expected.   

 

The temperature dependence of cracking was strongly alloy dependent in this study.  In general, the cracking behavior of the 
stainless steels improved with an increase in temperature, while that of the 690 and 800H increased or stayed relatively constant.  The 
cracking propensity as measured by the maximum crack depth, however, increased with temperature for both the irradiated 316L and 
690.  In general, cracking propensity is expected to increase with temperature, and so the general decrease in cracking susceptibility of 
the stainless steels with temperature was unexpected.   

 
IASCC increases with sample hardness, but the dependence is weak. This is a bit surprising as cracking in normal water chemistry 

generally increases with increasing hardness.  However, even with considerably more data, the cracking – hardness correlation shows 
considerable scatter when cracking is measured from CERT tests.  So the weak dependence in this case is not surprising. 

 

IASCC also correlates with grain boundary chromium content for 316L, D9 and alloy 690.  Though there is a significant 
difference between the amount of cracking in 316L and D9, both show that decreasing grain boundary Cr correlates with increased 
cracking.  This dependence also holds for 316L at 500°C.  Cracking in alloy 690 also shows increased cracking with decreasing grain 
boundary Cr concentration, but there is a very large difference between the degree of cracking at 400°C and 500°C which is not likely 
due to either the Cr concentration or temperature. 

 

Grain boundary engineered microstructures of 316L and 690 exhibit significant reduction in cracking susceptibility compared to 
the as-received microstructures. By comparing the fraction of grain boundary length cracked for the 316L and 316LGBE specimens, 
and the 690 and 690GBE specimens, cracking was observed to decrease in the GBE samples by factors of 9 and 5 at 15% strain, and 
by factors of 3 and 2 at 25% strain, respectively.  Therefore, the effectiveness of the GBE microstructure is greater at lower strains.   
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Table B.1.  Nominal compositions of the 316L, D9, 690, and 800H 

Alloy C Mn Fe S Si Ni Cr Mo Cu N Co P Al Ti Nb 

316L 0.022 1.86 68.5 0.001 0.51 10.12 16.62 2.06 0.24 0.02 0.05 0.03 --- --- --- 
D9 0.043 2.03 65.7 <0.005 0.66 15.12 13.95 2.2 0.005 --- 0.014 <0.005 0.014 0.26 <0.02 
690 0.03 0.18 10 0.001 0.03 59.8 29.4 0.01 0.01 --- --- --- 0.22 0.34 <0.01 

800H 0.069 0.76 45.26 0.001 0.13 31.59 20.42 --- 0.42 --- --- 0.014 0.5 0.57 --- 
 

Table B.2  Grain size and heat treatment information for 316L, D9, 690, and 800H 
Alloy Grain Size (µm) Heat treatment and thermomechanical processing 
316L 44 As received material was solution annealed at 1100˚C for 20 minutes 

D9 17 Cold-worked 18% 

690 28 
Solution annealed at 1100 °C to create a large, but uniform grain size.  Then 
the material was cold-rolled to a deformation of 66% and then annealed at 
1100 °C for two hours. 

800H 152 GB hot rolled, Annealed 1176°C, descaled 
 

Table B.3.  Beta count measurements for specimens irradiated to 7 dpa at 500°C with 2 MeV 
protons 

Sample 
Beta counts 
(#/mm2/dpa) 

Deviation from 
average (%) Position on stage 

D9-7dpa-2 236 0.1% 2 
D9-7dpa-3 236 -0.1% 3 
690-7dpa-4 63 -0.8% 4 
690-7dpa-5 64 0.8% 5 

316L-7dpa-6 225 -0.5% 6 
316L-7dpa-7 228 0.5% 7 
800H-7dpa-8 195 1.7% 8 
800H-7dpa-9 189 -1.7% 9 
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Table B.4 Hardness measurements on specimens irradiated with 2 and 3 MeV protons 

Unirradiated 
hardness  Post irradiation hardness  Irradiation hardening 

Temp 
(˚C)  

Proton 
energy 
(MeV) Alloy 

Dose 
(dpa) 

Measurement 
(Hv) σ Measurement (Hv) σ 

Measurement 
(Hv) σ 

Change in Yield 
strength (MPa) 

D9 7 251 17 433 15 182 23 551 

316L 7 153 6 399 15 246 16 745 

690 7 188 6 384 13 197 14 597 
400 3 

800H 7 154 7 420 14 266 16 806 

316L 2 153 5 281 12 128 13 388 

316L 4 154 6 283 12 129 13 391 

316L 7 152 8 315 11 163 14 494 

690 2 184 6 268 19 84 20 255 

690 4 181 5 327 15 146 16 442 

400 2 

690 7 179 7 306 18 127 19 385 

D9 7 233 12 317 20 84 23 255 

316L 7 145 10 266 17 121 20 367 

690 7 184 6 269 14 85 15 258 
500 2 

800H 7 147 6 253 17 106 18 321 

 
Table B.5 Summary of dislocation loop and void measurements on specimens irradiated at 
400°C to 2 and 7 dpa and 500°C to 7 dpa with 2 or 3 MeV protons 

Loops Voids 

Proton 
Energy 

Temperature 
(˚C)  Alloy/dose 

# of 
loops 

measured 

Mean 
loop 

diameter 
(nm) 

Loop density 
(1015 cm-3) 

# of 
voids 
meas
ured 

Mean 
void 
size 
(nm) 

Void density 
(1015 cm-3) 

316L/2 dpa 269 14.1±0.3 5.74±0.50 93 5.8±0.2 1.63±0.13 400 
690/2 dpa 293 13.9±0.3 3.59±0.34 85 5.5±0.2 0.71±0.08 

316L/7 dpa 492 38.5±0.9 3.14±0.28 233 13.4±0.5 0.59±0.08 

2 MeV 

500 
690/7 dpa 467 25.5±1.9 0.93±0.07 59 6.5±0.2 1.01±0.10 

316L/7 dpa 492 6.9±0.1 53.4±3.9 - ~2.0 <0.1 
690/7 dpa 466 10.2±0.2 32.5±5.4 - ~3.0 <0.1 

800H/7 dpa 646 7.1±0.1 70.1±4.5 - 5 <0.1 
400 

D9/7 dpa 672 7.6±0.1 68.0±10.3 - - - 

316L/7 dpa 322 31.9±0.8 3.03±0.30 236 19.9±0.4 0.51±0.06 

3 MeV 

500 
690/7 dpa 614 24.2±0.6 3.74±0.40 204 10.7±0.2 1.51±0.20 
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Table B.6. STEM/EDS measurement of GB concentration in unirradiated D9.  

  Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.66 13.95 65.7 15.12 2.2 
GB Concentration (wt%) 0.8 16.4 58.5 13.1 8.6 

Concentration Change at GB (wt%) 0.14 2.45 -7.2 -1.98 6.4 
Minimum at GB 0.7 15.5 53.1 11.7 4.2 
Maximum at GB 0.9 17.1 60.9 14.7 14.5 

Number of Measurements/GBs 6/1 6/1 6/1 6/1 6/1 
Standard Deviation 0.1 0.6 2.9 1.2 4.4 

Error of Mean 0 0.2 1 0.4 1.5 
 
Table B.7. STEM/EDS measurement of GB concentration in D9 irradiated to 7 dpa at 400°C (3 
MeV protons). 

  Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.66 13.95 65.7 15.12 2.2 
GB Concentration (wt%) 1.2 13.7 63.2 17.2 2.6 

Concentration Change at GB (wt%) 0.54 -0.15 -0.25 2.08 0.4 
Minimum at GB 1 13.4 62.3 16.4 2.4 
Maximum at GB 1.4 14.1 64.3 18.2 2.9 

Number of Measurements/GBs 9/2 9/2 9/2 9/2 9/2 
Standard Deviation 0.1 0.2 0.7 0.6 0.2 

Error of Mean 0 0.1 0.2 0.2 0.1 
 
Table B.8.  STEM/EDS measurement of GB concentration in unirradiated 316L. 

  Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.51 16.62 68.5 10.12 2.06 
GB Concentration (wt%) 0.81 19.06 63.83 9.48 4.78 

Concentration Change at GB (wt%) 0.3 2.44 -4.67 -0.64 2.72 
Minimum at GB 0.5 18.01 59.53 8.66 3.32 
Maximum at GB 1.82 20.93 66.27 10.02 7.19 

Number of Measurements/GBs 5/1 5/1 5/1 5/1 5/1 
Standard Deviation 0.57 1.12 2.88 0.54 1.44 

Error of Mean 0.25 0.5 1.29 0.24 0.64 
 
Table B.9.  STEM/EDS measurement of GB concentration in 316L irradiated to 2 dpa at 400°C 
(2 MeV protons). 

  Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.51 16.62 68.5 10.12 2.06 
GB Concentration (wt%) 2.33 11.13 63.87 18.31 2.13 

Concentration Change at GB (wt%) 1.82 -5.49 -4.63 8.19 0.07 
Minimum at GB 1.97 10.02 61.66 15.97 1.5 
Maximum at GB 2.72 12.65 65.87 19.92 3.07 

Number of Measurements/GBs 10/2 10/2 10/2 10/2 10/2 
Standard Deviation 0.24 0.74 1.37 1.26 0.46 

Error of Mean 0.08 0.23 0.43 0.4 0.15 
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Table B.10.  STEM/EDS measurement of GB concentration in 316L irradiated to 7 dpa at 400°C 
(3 MeV protons). 

  Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.51 16.62 68.5 10.12 2.06 
GB Concentration (wt%) 0.7 14.4 63.2 18.9 1.6 

Concentration Change at GB (wt%) 0.19 -2.22 -5.3 8.78 -0.34 
Minimum at GB 0.3 13 61.5 16.7 0.6 
Maximum at GB 1 15.9 66.1 20.7 2.6 

Number of Measurements/GBs 7/1 7/1 7/1 7/1 7/1 
Standard Deviation 0.2 1.2 1.5 1.5 0.8 

Error of Mean 0.1 0.5 0.6 0.6 0.3 
 
Table B.11.  STEM/EDS measurement of GB concentration in 316L irradiated to 7 dpa at 500°C 
(2 MeV protons). 

 Si Cr Fe Ni Mo 
Bulk Concentration (wt%) 0.51 16.62 68.5 10.12 2.06 
GB Concentration (wt%) 1.38 13.13 65.88 15.86 2 

Concentration Change at GB (wt%) 0.87 -3.49 -2.62 5.74 -0.06 
Minimum at GB 0.95 11.72 62.4 13.95 0.4 
Maximum at GB 1.74 14.29 68.36 17.81 4.18 

Number of Measurements/GBs 11/2 11/2 11/2 11/2 11/2 
Standard Deviation 0.26 0.81 2.12 1.14 1.27 

Error of Mean 0.1 0.24 0.64 0.34 0.38 
 

Table B.12.  STEM/EDS measurement of GB concentration in unirradiated 690. 
 Cr Fe Ni 

Bulk Concentration (wt%) 29.4 10 59.8 
GB Concentration (wt%) 52.05 6.81 40.71 

Concentration Change at GB (wt%) 22.65 -3.19 -19.09 
Minimum at GB 47.44 5.75 36.05 
Maximum at GB 57.71 8.16 44 

Number of Measurements/GBs 5/1 5/1 5/1 
Standard Deviation 5.22 1.23 4.14 

Error of Mean 2.33 0.55 1.85 
 

Table B.13.  STEM/EDS measurement of GB concentration in 690 irradiated to 2 dpa at 400°C 
(2 MeV protons). 

  Cr Fe Ni 
Bulk Concentration (wt%) 29.4 10 59.8 
GB Concentration (wt%) 31.66 10.9 57.55 

Concentration Change at GB (wt%) 2.26 0.9 -2.25 
Minimum at GB 30.89 9.96 54.92 
Maximum at GB 32.66 12.55 59.05 

Number of Measurements/GBs 7/1 7/1 7/1 
Standard Deviation 0.66 1.01 1.5 

Error of Mean 0.25 0.38 0.57 



 5  

 
Table B.14.  STEM/EDS measurement of GB concentration in 690 irradiated to 7 dpa at 400°C 
(3 MeV protons). 

  Cr Fe Ni 
Bulk Concentration (wt%) 29.4 10 59.8 
GB Concentration (wt%) 18.5 6.3 75.6 

Concentration Change at GB (wt%) -10.9 -3.7 15.8 
Minimum at GB 16.7 4.9 72.5 
Maximum at GB 21.42 7.87 78.4 

Number of Measurements/GBs 7/2 7/2 7/2 
Standard Deviation 1.9 1.2 2.6 

Error of Mean 0.7 0.4 1 
 
Table B.15.  STEM/EDS measurement of GB concentration in 690 irradiated to 7 dpa at 500°C 
(3 MeV protons).  

  Cr Fe Ni 
Bulk Concentration (wt%) 29.4 10 59.8 
GB Concentration (wt%) 15.2 6.7 78.1 

Concentration Change at GB (wt%) -14.2 -3.3 18.3 
Minimum at GB 13.64 5.91 76.71 
Maximum at GB 15.83 8 80.46 

Number of Measurements/GBs 6/1 6/1 6/1 
Standard Deviation 0.8 0.8 1.3 

Error of Mean 0.3 0.3 0.5 
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Table B.16 Summary of cracking measurements from SCW CERT experiments  
Crack measurements 

TOP VALUES:  UNIRRADIATED, BOTTOM VALUES:  IRRADIATED 

Temp 
(˚C)  Alloy 

Dose 
(dpa) 

Proton 
energy 
(MeV) 

Strain 
(%) 

%IG 
on 

fracture 
surface 

Crack 
density 
(mm-2) 

Max 
crack 
depth 
(µm) 

Avg crack 
length 
(µm) 

Crack length per 
unit area 

(µm/mm2) 

Norm. crack length per 
unit area 

(µm/mm2/%strain) 
0 36 8 14 526 44 D9 7 3 12* 
8 86 20 18 1577 131 
0 142 15 32 5086 175 316L 7 3 29* 

14 160 44 40 5601 193 
0 9 2 23 207 5 690 7 3 45* 
0 32 36 37 1152 26 
0 7 7 89 323 6 

400 

800H 7 3 50* 
5 17 41 81 1504 30 

--- 102 --- 19 1969 116 17 
--- 129 --- 44 5712 336 
0 173 12 27 4613 159 

316L 2 2 
29* 

24 110 32 60 6631 229 
0 166 9 36 5955 180 316L 4 2 33* 

69 130 38 54 6997 212 
0 158 6 35 5526 178 316L 7 2 31* 

100 134 37 56 7275 235 
--- 0 --- 0 0 0 17 
--- 7 --- 16 109 6 
0 7 6 20 147 3 

690 2 2 
46* 

6 38 14 35 1346 29 
--- 0 --- 0 0 0 17 
--- 10 --- 15 138 8 
0 6 11 25 149 3 

690 4 2 
56* 

7 44 16 35 1548 28 
--- 0 --- 0 0 0 17 
--- 13 --- 19 247 15 
0 8 6 22 186 4 

400 

690 7 2 
46* 

9 48 18 34 1671 36 
13 --- 15 --- 38 573 43 316L 0 --- 
23 --- 48 --- 41 1946 85 
16 --- 1 --- 48 39 2 316LGBE 0 --- 
27 --- 9 --- 41 381 14 
13 --- 89 --- 16 1399 104 690 0 --- 
23 --- 186 --- 17 3210 140 
13 --- 70 --- 10 737 57 

500 

690GBE 0 --- 
22 --- 357 --- 12 4357 198 

0 0 0 0 0 0 D9 7 2 12* 
26 22 22 19 425 35 
--- 18 --- 31 569 30 19 
--- 32 --- 39 1254 66 
0 19 8 30 578 22 

316L 7 2 
26* 

38 48 48 39 1905 73 
--- 8 --- 24 198 10 20 
--- 131 --- 62 8086 404 
0 21 8 20 424 16 

690 7 2 
27* 

100 153 51 55 8426 312 
--- 0 --- 0 0 0 19 
--- 8 --- 86 658 35 
0 1 12 89 97 2 

500 

800H 7 2 
39* 

28 14 47 145 2070 53 

*failure strain 
**CERT experiment was performed at a strain rate of 1×10-7 s-1, and cracking analysis was performed at 1000x 
magnification 
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Table B.17  Summary of stress strain curve parameters for tensile specimens strained in SCW 
Temp 
(˚C)  Alloy 

Dose 
(dpa) 

YS 
(MPa) 

Max stress 
(MPa) 

Strain 
(%) 

D9 7 464 510 12* 

316L 7 197 480 29* 

690 7 217 626 45* 
400 

800H 7 172 472 50* 

17 
316L 2 172 444 

29* 

316L 4 192 501 33* 

316L 7 195 462 31* 

17 
690 2 192 591 

46* 

17 
690 4 198 608 

56* 

17 

400 

690 7 193 622 
46* 

13 316L 0 167 NM 
23 
16 316LGBE 0 <140 NM 
27 
13 690 0 212 NM 
23 
13 

500 

690GBE 0 220 NM 
22 

D9 7 455 535 12* 

19 
316L 7 185 383 

26* 

20 
690 7 200 422 

27* 

19 

500 

800H 7 139 393 
39* 
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Table B.18  Thermomechanical processing treatments applied to alloys 316L and 690 and 
resulting grain sizes 

Material % Compression Annealing Temp (˚C)  Annealing Time (hrs) 
Grain size in rolling 

direction (µm) 

316L --- 1100 0.33 51 
316LGBE 5 967 72 170 
690 66 1100 2 29 
690GBE --- 1050 0.08 21 

 
 

Table B.19.  Change in yield strength calculated from dislocation and void microstructure and 
from measured hardness. α=0.6 for dislocation loops and α=1 for voids. 

Proton 
Energy 

Temperature 
(˚C)  Alloy/dose 

Change in  yield stress  calculated 
from microstructure 
Δσmicros (MPa) 

Change in  yield stress from 
hardness measurement 

ΔσHV(MPa) (ΔσHV -Δσmicros) /ΔσHV 

316L/2 dpa 361 388 7% 400°C 
690/2 dpa 283 255 -11% 

316L/7 dpa 417 367 -13% 
2 MeV 

500°C 
690/7 dpa 235 258 9% 

316L/7 dpa 667 745 10% 

690/7 dpa 661 597 -11% 

800H/7 dpa 778 806 3% 
400°C 

D9/7 dpa 793 660 20% 

316L/7 dpa 390 382 -2% 

3 MeV 

500°C 
690/7 dpa 422 306 -38% 
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Figure B.1.  Schematic of SCC and TEM samples used in this program. 
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Figure B.2.  Damage profiles for 2 and 3 MeV protons in stainless steel as determined from 
SRIM2006 [2]. 
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Figure B.3.  a) Photo of the irradiation stage showing SCC and TEM bars, and b) two-
dimensional image of the stage for an irradiation at 500°C.   
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Figure B.4.  Histogram of an irradiation of 316L to a dose of 7 dpa at 400°C. 
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Figure B.5. Irradiation induced hardening as a function of dose for 2 MeV proton irradiated 316L 
and 690 specimens. 



 14  

 
Figure B.6. Irradiation hardening dependence on temperature for specimens irradiated with 2 
MeV and 3 MeV protons at 400˚C and 500˚C. 
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Figure B.7. Rel-rod dark field TEM images of dislocation loops in alloys D9, 316L, 690 and 
800H irradiated to 2 dpa and/or 7 dpa at 400°C and 500°C. The images are taken near [011] 
beam direction except the image for 316L at 500°C and 7 dpa, which is taken near [001] beam 
direction.  

D9 

316L 

690 

800H 

400°C, 2 dpa (2 MeV) 400°C, 7 dpa (3 MeV) 500°C, 7 dpa (2 MeV) 
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Figure B.8. TEM bright field images of voids in alloys D9, 316L, 690 and 800H irradiated to 2 
dpa and/or 7 dpa at 400°C and 500°C. No voids were observed in D9 at 7 dpa and 400°C. The 
void size and density increases with temperature. 

D9 

316L 

690 

800H 

400°C, 2 dpa (2 MeV) 400°C, 7 dpa (3 MeV) 500°C, 7 dpa (2 MeV) 
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Figure B.9. Dislocation loop size distribution in alloys D9, 316L, 690 and 800H irradiated to 7 
dpa at 400°C.  
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Figure B.10. A comparison of dislocation loop size in alloys 316L and 690 irradiated to 7 dpa at 
400°C and 500°C.  
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Figure B.11. A comparison of dislocation loop density in alloys 316L and 690 irradiated to 7 dpa 
at 400°C and 500°C.  
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Figure B.12. A comparison of void size in alloys 316L and 690 irradiated to 7 dpa at 400°C and 
500°C.  
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Figure B.13. A comparison of void density in alloys 316L and 690 irradiated to 7 dpa at 400°C 
and 500°C.  
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Figure B.14. Temperature effect on dislocation loop size distribution in alloys 316L and 690 
irradiated to 7 dpa at 400°C and 500°C.  
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Figure B.15. A comparison of dislocation loop size in alloys 316L and 690 irradiated to 2 and 7 
dpa at 400°C.  
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Figure B.16. A comparison of dislocation loop density in alloys 316L and 690 irradiated to 2 and 
7 dpa at 400°C.  



 25  

 
 
 
 

 
 
Figure B.17. A comparison of void size in alloys 316L and 690 irradiated to 2 and 7 dpa at 
400°C.  
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Figure B.18. A comparison of void density in alloys 316L and 690 irradiated to 2 and 7 dpa at 
400°C.  
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Figure B.19. Illustration of a typical line scan crossing a grain boundary in alloy 316L. 
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316L, unirradiated 316L, 400°C, 2 dpa 

316L, 500°C, 7 dpa 

D9, unirradiated 
D9, 400°C, 7 dpa 

316L, 400°C, 7 dpa 
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Figure B.20. Fe, Cr and Ni grain boundary segregation profiles in alloys 316L, D9 and 690 under 
various irradiation conditions. 

690, unirradiated 

690, 400°C, 2 dpa 

690, 400°C, 7 dpa 690, 500°C, 7 dpa 



 30  

 
Figure B.21. A comparison of grain boundary Cr concentration in alloys D9, 316L and 690 both 
unirradiated and irradiated at 400°C to 7 dpa. 
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Figure B.22. A comparison of grain boundary Ni concentration in alloys D9, 316L and 690 both 
unirradiated and irradiated at 400°C to 7 dpa. 
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Figure B.23. Grain boundary concentration of Cr and Ni as a function of dose and temperature in 
316L. 
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Figure B.24. Grain boundary concentration of Cr and Ni as a function of dose and temperature in 
690. 
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Figure B.25. TEM images of chromium carbides along s grain boundary in alloy 800H irradiated 
to 7 dpa at 400°C: (a) bright field, (b) Dark field using diffraction spot from carbides and (c) 
selected area diffraction pattern from the carbide and matrix in the circled area in (a). 
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Figure B.26. An EDS line scan crossing the carbide at the grain boundary. The position of the 
line is shown in Figure B.25(a). 
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Figure B.27.  Schematic of the MSCW facility at the University of Michigan.  
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Figure B.28.  Effect of normalizing crack length per area measurement to strain (a) raw data, (b) 
data normalized to strain. 
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Figure B.29. Cracking on gage surfaces of specimens proton irradiated to 7 dpa at 400˚C and 
subsequently strained to failure in dearated 400˚C SCW. 
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Figure B.30. Cracking on gage surfaces of 316L specimens proton irradiated to 2, 4, and 7 dpa at 
400˚C and subsequently strained in dearated 400˚C SCW. 
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Figure B.31. Cracking on gage surfaces of 690 specimens proton irradiated to 2, 4, and 7 dpa at 
400˚C and subsequently strained to 17% in dearated 400˚C SCW. 
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Figure B.32. Cracking on gage surfaces of D9 specimen proton irradiated to 7 dpa at 500˚C and 
subsequently strained to 12% in dearated 500˚C SCW. 



 42  

 

 
Figure B.33. Cracking on gage surfaces of 316L specimen proton irradiated to 7 dpa at 500˚C 
and subsequently strained to 19% and 26% in dearated 500˚C SCW. 
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Figure B.34. Cracking on gage surfaces of 690 specimen proton irradiated to 7 dpa at 500˚C and 
subsequently strained to 20% and 27% in dearated 500˚C SCW. 
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Figure B.35. Cracking on gage surfaces of 800H specimen proton irradiated to 7 dpa at 500˚C 
and subsequently strained to 19% and 39% in dearated 500˚C SCW. 
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Figure B.36.  Crack depth in D9 specimens strained in dearated SCW. 
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Figure B.37.  Crack depth in 316L specimens strained in dearated SCW. 
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Figure B.38.  Crack depth in 690 specimens strained in dearated SCW. 
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Figure B.39.  Crack depth in 800H specimens strained in dearated SCW. 
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Figure B.40. Fracture surfaces of D9 specimens strained to failure in dearated SCW (a) specimen 
irradiated to 7 dpa and strained in 400˚C SCW, (b) specimen irradiated to 7 dpa and strained in 
500˚C SCW. 
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Figure B.41.  Fracture surfaces of 316L specimens strained to failure in dearated SCW (a) 
specimen irradiated to 2 dpa and strained in 400˚C SCW, (b) specimen irradiated to 4 dpa and 
strained in 400˚C SCW, (c) specimen irradiated to 7 dpa and strained in 400˚C SCW, (d) 
specimen irradiated to 7 dpa and strained in 500˚C SCW. 
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Figure B.42.  Fracture surfaces of 690 specimens strained to failure in dearated SCW (a) 
specimen irradiated to 2 dpa and strained in 400˚C SCW, (b) specimen irradiated to 4 dpa and 
strained in 400˚C SCW, (c) specimen irradiated to 7 dpa and strained in 400˚C SCW, (d) 
specimen irradiated to 7 dpa and strained in 500˚C SCW. 
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Figure B.43. Fracture surfaces of 800H specimens strained to failure in dearated SCW (a) 
specimen irradiated to 7 dpa and strained in 400˚C SCW, (b) specimen irradiated to 7 dpa and 
strained in 500˚C SCW. 
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Figure B.44.  Tensile specimens stress strain curves for (a) 316L specimens proton irradiated to 
2, 4, and 7 dpa with 2 MeV protons and strained in 400˚C SCW, (b) 690 specimens proton 
irradiated to 2, 4, and 7 dpa with 2 MeV protons and strained in 400˚C SCW, (c) D9, 316L, 690, 
and 800H specimens proton irradiated to 7 dpa with 3 MeV protons and strained in 400˚C SCW, 
(d) D9, 316L, 690, and 800H specimens proton irradiated to 7 dpa with 2 MeV protons and 
strained in 500˚C SCW. 
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Figure B.45. Crack length per unit area on proton irradiated gage surfaces of specimens as a 
function of dose following straining to failure in (a) 400˚C SCW and (b) 500˚C SCW.   
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.46. Dose dependence of cracking in 316L and 690 specimens irradiated with 2 MeV 
protons to doses of 2, 4, and 7 dpa at 400˚C.   



 56  

 
Figure B.47. Crack length per unit area normalized to strain on proton irradiated gage surfaces of 
specimens as a function of dose following straining to failure in (a) 400˚C SCW and (b) 500˚C 
SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
 



 57  

 
Figure B.48. Crack density on proton irradiated gage surfaces of specimens as a function of dose 
following straining to failure in (a) 400˚C SCW and (b) 500˚C SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.49. Average crack lengths on proton irradiated gage surfaces of specimens as a function 
of dose following straining to failure in (a) 400˚C SCW and (b) 500˚C SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.50. Maximum crack depth into specimens as a function of dose following straining to 
failure in (a) 400˚C SCW and (b) 500˚C SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.51. Maximum crack depth of 2 MeV proton irradiated specimens.  The maximum 
irradiated crack depths exceeded the irradiation depth for all specimens except for the 690 
specimens irradiated at 400˚C.  The unirradiated bars represent averaged values.     
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Figure B.52. Dose dependence of % IG on fracture surface of specimens strained in (a) 400˚C 
and (b) 500˚C dearated SCW.   
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.53. Crack length per unit area versus hardness for samples strained to failure in (a) 
400˚C and (b) 500˚C dearated SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.54. Crack length per unit area versus irradiation induced hardening for samples strained 
to failure in (a) 400˚C and (b) 500˚C dearated SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.55. Average crack length versus hardness for (a) samples strained in 400˚C SCW and 
(b) strained in 500˚C dearated SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 



 65  

 
Figure B.56. Temperature dependence of crack length per unit area on gage surfaces of 
specimens strained in dearated SCW (a) raw data (b) normalized to strain. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.57. Temperature dependence of normalized crack length per unit area measurements on 
gage surfaces of specimens strained in dearated SCW (a) stainless steels (b) 690 and 800H. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.58. Temperature dependence of crack density on gage surfaces of specimens strained in 
dearated SCW (a) stainless steels (b) 690 and 800H. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.59. Temperature dependence of average crack length on gage surfaces of specimens 
strained in dearated SCW (a) stainless steels (b) 690 and 800H. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.60. Temperature dependence of average depth into gage surfaces of 2 MeV proton 
irradiated specimens strained in dearated SCW (a) stainless steels (b) 690 and 800H. 
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Figure B.61. Temperature dependence of %IG on 7 dpa irradiated fracture surface following 
strain to failure in 400˚C and 500˚C dearated SCW. 
*The cracking data for alloys 316L and 690 exclude the 3 MeV proton irradiated specimens. 
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Figure B.62. Representative grain boundary maps of 316L, 316LGBE, 690, and 690GBE 
specimens. 
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Fig. B.63.  Stress strain curve for 316L, 316LGBE, 690, and 690GBE specimens strained in 
500˚C SCW. 
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Figure B.64. Cracking progression in 316L specimen following 15% and 25% nominal strain.  
The grain boundary map generated via EBSD analysis was used to determine the character of 
boundaries that cracked following straining in 500˚C SCW.   



 74  

 
Figure B.65. Fraction of special boundaries and RHABs cracked following 15% and 25% 
nominal strain in 500˚C SCW. 
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Figure B.66. (a) Average crack length on surface of specimens following straining in dearated 
500˚C SCW (b) % increase in crack density from 15% to 25% strain.   
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Figure B.67. Crack density on specimens following straining in dearated 500˚C SCW. 
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Figure B.68. Reduction in fraction of grain boundary length cracked in (a) 316L and (b) 690 due 
to grain boundary engineering.  Specimens were strained in dearated 500˚C SCW.   
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Figure B.69. TEM bright image showing (a) dislocation network in unirradiated D9 and (b) 
absence of dislocations when irradiated to 7 dpa at 400°C. 
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Figure B.70. Change in yield stress calculated from irradiation hardening vs. yield stress change 
calculated from irradiation microstructure. 

α=0.6 for 
dislocation 
loops and α=1 
for voids 
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Figure B.71.  Increase in cracking propensity with neutron fluence, reproduced by Was and 
Busby [18]. 
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Figure B.72. Amount of Cr depletion at the grain boundary as a function of radiation dose for 
several Fe-based, 304 and 316 stainless steels irradiated between 400 and 500˚C.  Symbol 
shading represents the particle type, with grey, closed symbols for proton irradiations, open 
symbols for electron irradiations, and x symbols for He+ irradiations [21, 35-44]. 
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Figure B.73. Cracking as a function of grain boundary Cr concentration in 316L and D9. 
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Figure B.74. Cracking as a function of grain boundary Cr concentration in 690. 
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Figure B.75.  Yield of vacancy clusters and cluster groups as a function of ion energy for self ion 
irradiated Au and Ag [32].  
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