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Abstract 
 

Efficient conversion of energy between sunlight, chemical bonds, and electricity is 
crucial towards a closed-loop energy cycle. We have applied synchrotron-based X-
ray spectroscopy and microscopy techniques to investigate the conversion of 
electricity to and from chemical bonds in fuel cells, electrolyzers, and intercalation 
batteries. Using these techniques, we have tracked the motions from electrons, 
oxygen ions, and lithium ions at interfaces and in the bulk of electrochemically-active 
materials. New insights in gas-solid surface electrochemistry, and solid-solid phase 
transformation are guiding the development of better materials for a wide range of 
energy conversion and storage devices.  
 

 
 
 



4 

ACKNOWLEDGMENTS 
 
The authors gratefully acknowledge Josh Sugar, Norm Bartelt, Josh Whaley, and Mark Homer at 
Sandia Livermore for their contribution to this project. The authors also acknowledge Hendrik 
Bluhm, Tolek Tyliszczak, Zhi Liu, Michael Grass, Andrey Shavorskiy, and David Kilcoyne from 
Lawrence Berkeley National Laboratory for their assistance with experiments at the Advance 
Light Source.   
 
Portion of this report is reproduced from the following publications:  
 
W. C. Chueh, A. H. McDaniel, M. E. Grass, Y. Hao, N. Jaibeen, Z. Liu, S. M. Haile, K. F. 
McCarty, H. Bluhm, F. El Gabaly. High Stability and Reactivity of Ce3+ on Doped CeO2 Surface 
Revealed In operando. Chem. Mater. 24, 1876-1882 (2012).  
 
W. C. Chueh, F. El Gabaly, J. D. Sugar, N. C. Bartelt, K. R. Fenton, K. R. Zavadil, T. 
Tyliszczak, W. Lai, K. F. McCarty. Intercalation Pathway in Many-Particle LiFePO4 Electrode 
Revealed by Nanoscale State-of-Charge Mapping. Submitted. 
 
 
 
 



5 

CONTENTS 
 

Acknowledgments........................................................................................................................... 4 

Contents .......................................................................................................................................... 5 

Figures............................................................................................................................................. 5 

Tables .............................................................................................................................................. 6 

1.  Introduction ................................................................................................................................ 7 

2. In-situ Study of Ceria-based Electrocatalysts ............................................................................. 9 
2.1  Introduction ...................................................................................................................... 9 
2.2  Experimental Methods ..................................................................................................... 9 
2.3  Results & Discussions.................................................................................................... 11 
2.4  Conclusions .................................................................................................................... 18 

3  Quasi In-Situ Study of Phase Transformation in Lithium-Ion Batteries ................................ 19 
3.1  Introduction .................................................................................................................... 19 
3.2  Experimental Methods ................................................................................................... 20 
3.3  Results & Discussions.................................................................................................... 21 
3.4  Conclusion ..................................................................................................................... 28 

4  CONCLUSIONS..................................................................................................................... 29 

References ..................................................................................................................................... 31 

Distribution ................................................................................................................................... 37 
 
 
 
 

FIGURES 
Figure 1.  Low energy electron diffraction pattern of ceria.     11 
 
Figure 2.  Surface and bulk polaron concentrations.      12 
 
Figure 3.  X-ray photoelectron spectrum of Ce 4f and 3d.     13 
 
Figure 4.  Ratio of surface to bulk polarons.       14 
 
Figure 5.  X-ray photoelectron spectrum of Ce 4d.      14 
 
Figure 6.  Effect of adsorbates.        15 
 
Figure 7.  Chemical potential of surface and bulk oxygen.     17 
 
Figure 8.  Voltage curves of lithium iron phosphate electrode.    20 
 
Figure 9.  Fe L edge X-ray absorption spectra of lithium iron phosphate.   21 



6 

 
Figure 10.  X-ray and tranmission electron microscopy.     22 
 
Figure 11.  Particle size distribution of lithiated and de-lithiated lithium iron phosphate. 24 
 
Figure 12.  X-ray and transmission X-ray microscopy results of dispersed electrode. 26 
 
Figure 13.  X-ray absorption spectra of dispersed electrode.     26 
 
 
 

TABLES 
 
Table 1. Summary of LFP particles        24 
 
 

 



7 

1.  INTRODUCTION 
 
 
In one hour, more energy from sunlight strikes the Earth than the amount consumed by the entire 
planet in one year.1 As the most abundant energy source, the sun must play a large role in any 
global-scale renewable energy conversion strategy. However, tapping into this vast resource does 
not come without challenges. The intermittent and geographically varying nature of solar 
radiation means that storage and delivery, of solar-derived energy are critical steps required for 
mass utilization. Chemical bonds are one of the most effective mediums for storing energy 
because of their high energy densities, both as bonds in fuels such as hydrogen, and as chemical 
bonds in intercalation compounds such as lithium-ion battery electrodes.  

In this report, we will discuss the application of synchrotron-based spectroscopy and microscopy 
techniques to understand materials phenomena relevant to the conversion of electricity to and 
from chemical bonds. The first part of this report focuses on in-situ study of elevated-
temperature electro-catalyst for hydrogen oxidation and water-splitting. The second part of this 
report focuses on phase transformation in lithium-ion battery electrodes.  
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2. IN-SITU STUDY OF CERIA-BASED ELECTROCATALYSTS 
 

2.1 Introduction 
 

Mixed-valent cerium-based oxides (ceria) are among the most investigated compounds in 
heterogeneous chemical2 and electrochemical catalysis.3-6  In chemical catalysis, ceria is 
typically used as an active support. The ceria/catalyst interface is known to catalyze surface 
reactions,7,8 whereas the bulk serves as an oxygen reservoir. In electro-catalysis, on the other 
hand, mixed ionic and electronic conductivity (with electrons localized around Ce9,10) is essential 
for rendering ceria an excellent non-metallic electrode in solid oxide fuel cells and 
electrolyzers.11-14 At the same time, the surface characteristics result in remarkable electro-
catalytic activity, even in the absence of any metal co-catalyst.15  

Understanding the behavior of surface reactive species is crucial towards establishing the 
reaction mechanism. Ce3+ and oxygen vacancies are thought to be the active sites on ceria 
surfaces16-18 in reactions such as hydrolysis: ( 3+ 2- 4+

2 (g) 2(g)H O + Ce H + O  + Ce ), with the 

surface undergoing a Ce3+/ Ce4+ redox cycle during the complete catalytic reaction.2  Several 
studies have shown that the surface concentrations of these active species can be higher than the 
bulk, potentially explaining ceria’s high chemical activity16-19 However, the behavior of these 
active surface species is not well-understood, in part because studies involving mixed-valent 
materials are complicated by the fact that both the bulk and the surface participate in the catalytic 
reactions.  

Establishing the relationship between surface and bulk oxidation states has been impeded by a 
variety of experimental difficulties in measuring the surface and the bulk states at the same time 
under catalytically-relevant conditions. The majority of the experimental studies so far have been 
carried out using ex situ techniques (such as X-ray photoelectron spectroscopy, XPS)20-26 or non-
equilibrium techniques27 (such as temperature-programmed reduction). In the former, the surface 
state under catalytic conditions cannot be preserved by quenching due to the high mobilities of 
Ce3+ and oxygen vacancies; in the latter, kinetic and thermodynamic contributions to non-
equilibrium experiments are difficult to separate.27 In theory, bulk equilibrium techniques (e.g., 
thermogravimetry,28 calorimetry,29 and titration30) can be made surface sensitive by using 
samples with high (and variable) surface area. However, the surface area was shown to be 
unstable during the course of the experiment30. Some in situ studies have emerged recently,13,19,31 
though none have successfully achieved the desired surface and bulk sensitivities.  

The accepted view on the behavior of reactive Ce3+ species, mostly based on theoretical 
calculations17,18,32-39, is that the segregation of Ce3+ species to the surface is driven by a change in 
the oxidation enthalpy. Furthermore, in analyzing kinetics of electrochemical reactions, the 
concentration of the surface species is often assumed to have the same dependence on the 
environment as the bulk species.40,41  
  
2.2 Experimental Methods 

 
2.2.1 Sample Preparation 

 
Thin-film Pt electrical contacts (~ 100 nm thick) were applied on both sides of a 

Y0.16Zr0.84O1.92 (YSZ) (100) single crystal (MTI Corp.) and patterned via metal-liftoff 
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photolithography.  The metal pattern consists of line patterns 20 µm in width and spaced 140 µm 
apart. After annealing the patterned substrate at 700 °C in air to stabilize the metal 
microstructure, ~ 1 µm thick Sm0.2Ce0.8O1.9 (SDC) thin films were deposited on both sides of the 
crystal by pulsed-laser deposition (PLD, Neocera, with Coherent 102 KrF 248 nm excimer laser, 
~ 2 J cm-2, 20 Hz). The PLD target was compacted from 99.99 % purity powder (Nextech 
Materials) and sintered at 1,250 °C for 5 h in an alumina tube dedicated to the processing of 
SDC. The deposition was carried out at ~ 650 °C under 20 millitorr O2. After the film was 
deposited on the second side, the sample was annealed at ~ 650 °C for 1 h in the PLD chamber 
under 100 Torr O2. 
 
2.2.2 Structural & Chemical Analysis 

 
Bulk crystallinity was characterized by X-ray diffractometry (Panalytical MRD). 

Microstructure was examined using a Carl Zeiss LEO 1550VP scanning electron microscope as 
well as using a FEI Tecnai F30 transmission electron microscope. A JEOL JXA-8200 electron 
probe microanalyzer was employed for bulk chemical analysis, with CePO4 and SmPO4 serving 
as the standards. Surface crystallinity was examined in situ using an Elmitec LEEM III low-
energy electron microscope at temperatures between 600 and 740 °C and at pressures between 
10-6 and 10-7 Torr in O2 or H2. 
 
2.2.3 Electrochemical Ambient-Pressure X-ray Photoelectron Spectroscopy 

 
Ambient pressure XPS measurements were carried out at the Advanced Light Source at 

Lawrence Berkeley National Laboratory, beamline 11.0.2, equipped with a Specs Phoibos 150 
ambient pressure electron spectrometer.42 Select experiments were also performed at beamline 
9.3.2, equipped with a Scienta R4000 HiPP spectrometer.43 High surface sensitivity was 
achieved by using a low photoelectron kinetic energy (270 eV) (effective electron attenuation 
length of ~ 4 Å after accounting for electron emission angle, unless otherwise noted). Data were 
collected over the photon energy range between 270 and 1150 eV and binding energy was 
calibrated using the 7

2
Pt 4 f  peak. The resulting spectra were quantified using two independent 

methods based on (1) valence band (localized Ce 4f)22,24,25,36,44 and (2) core level (Ce 3d)44-47 
photoelectron spectra. The surface Sm dopant concentration was also investigated. 

At both beamlines, temperature control and electrical contact to the cell were achieved using a 
custom-designed electrochemical platin with a ceramic heater and Au/Pd coated W probes.48 A 
wound Pt wire was placed between the heater and the sample to make backside electrical and 
thermal connection; probes contacted the topside of the sample under X-ray analysis. Catalytic 
effects from low-surface area metal contacts are expected to be small, as recently shown by the 
authors.15 Gas-phase oxygen activity was controlled by introduction of ultra high purity H2, O2, 
and/or H2O to the analyzer chamber via leak valves, with the chamber actively pumped through 
the entrance aperture of the electron analyzer.  

Zero-bias electrochemical impedance spectroscopy was performed using a Gamry PCI4-750 or 
a Bio-Logic SP-300, with the perturbation voltage limited to 10 mV to avoid broadening of 
photoelectron peaks. Sample temperature was determined from the substrate (YSZ) ionic 
conductivity. For calibration, the ionic conductivity of the cell was measured separately inside 
the blackbody environment of an electric furnace. The bulk Ce oxidation state was quantified 
precisely using capacitance values, also determined by impedance spectroscopy. Chemical 
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capacitance in ceria arises from the change in oxygen content in response to an externally-
applied electrochemical perturbation49,50 and provides sensitivity to bulk Ce3+ fraction 
( 3+[Ce ]bulk ) as low as 10-3.49   

 
2.3 Results & Discussions 

 
2.3.1 Structural & Surface Characterizations  

 
The sample consists of two morphological regions: polycrystalline SDC grown over the buried 

Pt metal patterns covering 13 % of the analysis region, and epitaxial SDC grown over the YSZ 
single crystal substrate in the remaining region. The surface crystal structure of the sample after 
ambient pressure XPS analysis was characterized in situ using low-energy electron diffraction 
(LEED) at high temperatures. Specifically, the surface was examined under both oxidizing 
condition (1.8 × 10-6 Torr O2, 740 °C) and under reducing condition (1.0 × 10-7 Torr H2, 600 °C). 
Although the total pressure here was many orders of magnitude lower than that in the ambient 
pressure XPS experiment, the two extreme oxygen partial pressures bracket all of the conditions 
in the ambient pressure experiment. In the region of SDC grown epitaxially, a weak but sharp 
LEED pattern was observed, shown in Figure 1.  The spot separation is consistent with first-
order diffraction from a SDC(100) surface. Somewhat surprisingly, the oxidizing and reducing 
conditions gave the same diffraction pattern, at least over the limited energy range for which 
there was appreciable diffraction intensity. The polycrystalline regions grown over the buried Pt 
patterns gave no LEED pattern, probably due to the large surface roughness. These results show 
that the majority (> 80 %) of the ceria surface consists of well-defined (100)-type facets.  

Si was the only impurity detected in the XPS survey scans and there was no evidence of X-ray 
induced damage or reduction. 
 

(a) (b)

 
Figure 1. In-situ low-energy electron diffraction patterns for SDC collected at (a) 1.8 × 10-6 Torr 
O2 , 740 °C (oxidizing condition) and (b) 1.0 × 10-7 Torr H2, 600 °C (reducing condition) using 

19 eV electrons. The patterns are consistent with a first-order diffraction from SDC(100). 
These diffuse features are due to secondary electrons. 
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Figure 2: (left) Equilibrium fraction of surface Ce3+ (closed) and bulk Ce3+ (open) measured at 
various H2-H2O-O2 atmospheres and temperatures. Value of 1 indicates that Ce is entirely in 

the reduced 3+ oxidation state. Lines are for guiding the eyes. Grey line (650 °C) is 
extrapolated from the thermogravimetric measurement of bulk Sm0.2Ce0.8O1.9-δ from reference 
60. Electron effective attenuation length (accounting for the electron emission angle) is 4 Å for 

these measurements. 

2.3.2 Bulk & Surface Oxidation States  
 

The bulk Ce oxidation state changes systematically in response to changes in oxygen partial 
pressure and temperature in the XPS chamber, as shown in Figure 2. The 3+[Ce ]bulk  exhibits a 

1
4

2Op


 dependence, characteristic of acceptor-doped ceria in the dilute solution regime.11 The 

magnitude of 3+[Ce ]bulk  agrees very well with literature values, the grey line in Figure 2, and 

confirms that bulk thermodynamic equilibrium has been achieved. In the temperature-pressure 
range examined, 3+[Ce ]bulk  varied by a factor of 30, from 1.3 to 40 × 10-3 (from Sm0.2Ce0.8O1.899 

to Sm0.2Ce0.8O1.880).  
Typical in operando Ce 4f and Ce 3d X-ray photoelectron spectra (of the type used to generate 

the 3+[Ce ]surf  
data in Figure 2) are shown in Figure 3, where the corresponding bulk Ce oxidation 

states are labeled. In the valence band spectra, the presence of Ce3+ species is indicated by the 
occupied Ce 4f gap state at ~ 2 eV binding energy. In the Ce 3d core-level spectra, final state 
effects lead to peak splitting, with select peaks (marked in Figure 3b) attributed to the Ce3+ state. 
Reference spectra collected under highly oxidizing condition (465 °C and 7 × 10-6 Torr O2) are 
also shown. Even in the absence of any quantitative analysis, it is apparent that the spectral 

feature changed significantly from 3+[Ce ]bulk  = 0 (fully oxidized Sm0.2Ce0.8O1.900) to 1.3 × 10-3 

(Sm0.2Ce0.8O1.899) but much less so during the much larger change in the bulk oxidation state 
from 1.3 × 10-3 to 40 × 10-3 (Sm0.2Ce0.8O1.880). The Ce 4f and Ce 3d photoelectron were analyzed 
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independently to determine surface Ce3+ fraction ( 3+[Ce ]surf ). A good consistency was obtained, 

confirming the robustness of the quantification methodology. Since quantification based on the 
Ce 4f peaks gave slightly less scatter, we report these values in Figure 2.  

The most striking feature of the oxidation behavior revealed in Figure 2 are the dramatic 
differences in the equilibrium oxidation states of Ce in the surface and bulk regions. Under all 
conditions examined, the surface 3+[Ce ]  values are much greater than those of the bulk, 
indicating that the surface is substantially more reduced. The ratio of surface to bulk [Ce3+] 
(Figure 4) ranges from ~ 10 to ~180, with the differences largest at lower temperatures and 
higher oxygen activities, i.e., under more oxidizing conditions. Beyond the differences in 
absolute magnitude of [Ce3+] in the bulk and surface, the temperature and oxygen activity 
dependences differ starkly. In contrast to the bulk, the surface Ce3+ concentration depends only 
weakly on these parameters (Figure 2). Specifically, under the temperature-pressure conditions 
probed, 3+[Ce ]surf  only changed by a factor 1.6, whereas 3+[Ce ]bulk  changed by a factor of 30. 

Similarly,  
2

3+log[Ce ] log O T
p   (the slope in Figure 2), is much weaker for the surface than for 

the bulk, with average values of -0.05 and -0.21, for the respective regions. This observation has 

(a)                                                                         (b) 
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Figure 3. Typical SDC (a) valence band and (b) Ce 3d core level X-ray photoelectron spectra at 

various bulk oxidation states measured in operando. Partially reduced SDC was measured at 650 
°C ( 3+[Ce ]bulk = 0.040) and 466 °C ( 3+[Ce ]bulk  

= 0.0013) and oxidized SDC ( 3+[Ce ]bulk = 0) at 466 °C. 

Spectral features assigned to Ce3+ and Ce4+ oxidation states are shown. Slight shift in the oxidized 
SDC spectra relative to the reduced spectra is due to change in the Fermi level upon oxidation. 
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significant implications for interpreting the catalytic activity of ceria-based systems, as discussed 
below. 

The direct determination of oxygen vacancy concentration and surface charge is beyond the 
scope of this work. Hence, while the data clearly demonstrate that the surface is strongly reduced 
relative to the bulk with a substantially higher Ce3+ concentration, it is not known whether the 
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Figure 4.  Ratio of the surface to bulk Ce3+ concentration. Lines are for guiding the eyes. 
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Figure 5. Depth-resolved Ce 4d photoelectron spectra obtained by varying the incident photon energy 
( h  = 350, 490, and 750 eV). T   650 °C, 

2Op  10-25 atm, 
2Hp 0.16 Torr, 

2H Op  0.16 Torr. 
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excess electrons in the surface region are charge-balanced by an equivalent number of oxygen 
vacancies (or other positively charged defects). As commonly observed in ceria internal grain 
boundaries51,52, the interfacial region carries a positive charge and induces the formation of a 
negatively-charged space-charge layer to screen the bulk from the interfacial charge, with the 
spatial extent of the layer determined in part by the Debye screening length.53 Such a diffuse 
double-layer may also be present adjacent to the surface in this work. In heavily doped materials 
such as SDC, the Debye length can be in the sub-nm range, and therefore needs to be considered.  

In both the surface and the space-charge regions, the Ce3+ concentration would differ from the 
bulk values. Using depth-resolved XPS, we assess whether the observed Ce3+ enrichment in the 
near-surface region originates from the surface region or from the diffuse space-charge layer. 
Within the space-charge region, an electrostatic field is present at equilibrium, and shifts the 
kinetic energy of photoelectrons.54 However, Ce 4d spectra collected at various attenuation 
lengths from 6 to 11 Å display no energy shift from one another, within the photon energy 
resolution (Figure 5). Given the expected space-charge thickness in SDC, this observation 
suggests that the enriched Ce3+ is located on the surface rather than in the adjacent space-charge 
region.  

 
2.3.3 Effect of Adsorbates on Surface Oxidation State 

 
Given the relatively high H2 and H2O pressures employed in this work and the high surface 

concentrations of surface reactive species observed, one can speculate that H2 and H2O may 
interact directly with the surface via adsorbates.55 To deconvolute possible adsorbate effects 
from oxygen activity effects, the chemical potentials of hydrogen and water vapor were varied 
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Figure 6. The effect of adsorbates on the extent of surface Ce reduction, examined by varying 

the total gas pressure while maintaining the same oxygen activity (i.e., holding 
2 2

:H H Op p
 

constant). Electrochemical impedance spectra taken simultaneously confirmed that the bulk 
oxidation state is independent of total pressure for each temperature. Electron effective 
attenuation length (accounting for the electron emission angle) is 6 Å for these measurements. 
Lines are for guiding the eyes. 
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while maintaining the oxygen activity. This was achieved by changing the total gas pressure of 
the system while maintaining a constant 

2 2
:H H Op p  ratio. As a consequence of the equilibrium 

relationship, 
 

 
2

2

2

2

2
( )

H O

O

H

p
p

K T p
 , such conditions imply a constant oxygen activity  for a given 

temperature. H2 and H2O are assumed not to interact with bulk ceria directly at the relatively 
high temperature examined, which has been shown experimentally.56 Thus, changing the total 
gas pressure of the system while maintaining a constant 

2 2
:H H Op p  ratio at a constant 

temperature gives the same oxygen activity, and hence the same bulk oxidation state. Here, 

2 2
:H H Op p  was fixed at 1 and the total pressure varied from ~ 20 to 400 millitorr.  

The impedance spectroscopy revealed that the bulk oxidation state was essentially unchanged, 
confirming the constant oxygen activity. Similarly, despite increasing the total pressure by a 
factor of 20, 3+[Ce ]surf  varied negligibly (Figure 6), ranging between 0.33 and 0.38 at 650 °C and 

between 0.37 and 0.39 at 450 °C. This observation confirms that change in the chemical 
potential of H2 and H2O do not affect the oxidation state of the surface, at least under the 
conditions probed, and suggests that analyzing the oxidation states using oxygen partial pressure 
as the sole gas-phase potential is appropriate. Furthermore, the results imply that adsorbates are 
not strongly coupled to the surface Ce oxidation state. This is consistent with our observation 
that surface hydroxyl concentration is negligible at 650 °C.  

 
2.3.4 Chemical Potential of Surface & Bulk Oxygen 

 
Having established that variation in the oxygen partial pressure is the dominant driving force 

for the reduction of ceria, the thermodynamic characteristics of surface and bulk oxygen are 
compared to elucidate the origin of dramatically enhanced surface Ce3+ concentration. At 
thermodynamic equilibrium, under given conditions, the chemical potentials (partial molar free 
energies) of oxygen in the surface and bulk regions are equal, despite the dramatically enhanced 
surface Ce3+ concentration. In contrast, the partial molar enthalpies and entropies are not required 
to be equal for the two regions, and the relative magnitudes of these properties provide essential 
insight. At equilibrium, the chemical potential of atomic oxygen is constant throughout the 
system and hence that in the solid state is equal to that in the gaseous state, giving:  

  
2 2 2

01 1
2 2 lnO O O B Ok T p      (1) 

where 
2

0
O  is the standard potential at 1 atm, obtained from thermodynamic tables.57 Because the 

extent of Ce reduction was measured directly, we are able to determine the equilibrium 
2Op  (and 

hence the chemical potential) as a function of temperature at a constant (interpolated) [Ce3+] 

value. The results of the analysis are presented in Figure 7 for 3+[Ce ]bulk  = 0.0071 and for 
3+[Ce ]surf  = 0.36, values falling within the experimentally observed ranges. The temperature 

where these specific concentrations have the same chemical potentials is ~ 521 °C. This is one of 
the measurement temperatures where the surface and bulk have the same equilibrium oxygen 
partial pressure for the selected Ce3+ concentrations. 
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 The results in Figure 7 show that the bulk chemical potential varies linearly with 
temperature. Accordingly, the partial molar enthalpy ( OH ) and entropy ( OS ) can be readily 

derived by fitting to the relationship: 
 O O OH TS    (2) 

The bulk thermodynamic parameters obtained, bulk
OH = -3.9 eV and bulk

OS  = -0.90 meV K-1 for 
3+[Ce ] 0.0071bulk  , are in excellent agreement with literature values.49,58 Similar to the bulk free 

energy curve, the surface free energy curve is relatively linear with temperature, also shown in 

Figure 7. For 3+[Ce ]surf  = 0.36, we find surf
OH  -2.9 ± 0.3 eV and surf

OS  0.3 ± 0.3 meV K-1, 

values that are elevated from bulk values by 1.0 eV and 1.2 meV K-1, respectively. The surface 
thermodynamic quantities do not change appreciably even if we consider that a portion of the 
photoelectrons may originate from the oxidized bulk, despite the low effective attenuation length 
here (4 Å). Recently, DeCaluwe et al. estimated redox energetics from Ce3+ concentration data at 
a single oxygen activity by assuming that the surface and the bulk have the same defect 
interaction modes and energies, which is unlikely to be valid.19 Our larger data set allows 
determining the energetics without assumptions.  

800 850 900 950

-3.3

-3.2

-3.1

 O
 / 

eV

T / C

[Ce3+]
bulk

 = 0.0071

 

[Ce3+]
surf

 = 0.36

T / K

550 600 650

 

Figure 7. Chemical potential (partial molar free energy) of solid-state oxygen in the bulk and 
on the surface (for the oxidation states shown). Data points are from interpolations to power-
law fits to the data in Figure 2. The chemical potential is not calculated at 466 °C because it 
cannot be obtained via a power-law interpolation for the selected SDC composition. Error bars 

in the surface chemical potential were obtained by propagating +/- 5 % uncertainty in 3+[Ce ]surf  

(Figure 2) into Eq. (S3). Uncertainties in the absolute value of 3+[Ce ]surf  
do not contribute 

significant error in the plot, and uncertainties in the bulk chemical potentials are smaller than 
the symbols. The standard enthalpy of O2(g) is taken to be zero at 298.15 K and the standard 
entropy zero at 0 K. 
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 The negative entropic contribution to the chemical potential of surface oxygen ( oTS ) 

compared to that of the bulk oxygen establishes that the preferential reduction of the surface 
becomes greater with decreasing temperature, behavior also evident directly from Figure 4. 
Therefore, the entropy-stabilized surface Ce3+ is expected to play a significant role in lower-
temperature catalysis by increasing the availability of the localized electrons for catalytic 
reactions. We also anticipate that the reduced surfaces also have high oxygen vacancy 
concentration, though they were not measured directly. Further exploration of this point is the 
subject of future studies. In applications in which ceria is cycled between a reduced and an 
oxidized state (e.g., between ~ CeO2 and CeO1.95 for solar thermochemical water-dissociation59), 
the results here confirms the reduced surface is stable and suggests the high Ce3+ concentration is 
one of the origins of the high reaction rate.  

The partial molar entropy variation between the surface and the bulk oxygen is partially due to 

the different 3+[Ce ]  at which the entropy values were determined. Moreover, the variation could 
be attributed to, among many phenomena, defect ordering, change in the vibrational characters, 
surface reconstruction, and site saturation. Possible short-range defect interaction modes include 
Ce3+-Ce3+, Ce3+-dopant, Ce3+-oxygen vacancy, etc. The tendency of surface defects to interact is 
large given the relatively large 3+[Ce ]surf  

and surface dopant concentration values. Ordering not 

directly involving oxygen (i.e., Ce3+, oxygen vacancies and dopants) generally lead to an 
increase in the partial molar entropy of oxygen. Indeed, defect interactions have been observed 
experimentally with ex situ scanning tunneling microscopy.21,60  

Long-range ordering can also play a role in stabilizing the surface Ce3+. Because the surface 
structure of SDC (beyond symmetry and periodicity) is not known, we are not able to assess 
long-range ordering quantitatively. Nevertheless, the bulk phase diagrams of undoped and doped 
ceria have been investigated extensively61,62 and may provide some insights to the surface 
mechanisms. In the absence of a dopant, nonstoichiometric ceria forms several bulk 
superstructures due to oxygen vacancy ordering in the composition range between CeO2 and 
CeO1.714 (< 640 °C).61 However, the experimental phase diagram of 20 at.% Gd-doped ceria 
shows no long-range ordering for the same extent of oxygen deficiency, even at room 
temperature.62 Dopants have been proposed to weaken the vacancy-vacancy interaction and 
suppress the formation of superstructures. Such mechanism is also likely operative on the 
surface, especially given the high surface Sm concentration. Moreover, the presence of two 
distinct cations will also modify the vibrational character of the cation-oxygen bond, and thus the 
vibrational partial molar entropy of oxygen. Further work on correlating surface oxygen 
chemical potential and dopant concentration is underway. 
 
2.4 Conclusions 
 

A quantitative picture of the equilibrium surface chemistry in Sm-doped CeO2 is revealed 
using ambient-pressure X-ray photoelectron spectroscopy and electrochemical impedance 
spectroscopy. We show experimentally that the surface Ce3+ concentration is substantially 
enhanced from the bulk, especially at low bulk oxygen nonstoichiometries, and is only weakly 
dependent on temperature and oxygen activity. Thus, the surface of doped ceria remains highly 
reduced even under relatively oxidizing environments. Such behavior likely explains the origin 
of high surface activity in ceria as it is cycled between reduced and oxidized states. Analysis of 
the chemical potential of surface oxygen indicates a large deviation from the bulk values. Such a 
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difference has a significant entropic character, which plays a crucial role in stabilizing surface 
Ce3+, particularly at lower temperatures.  
 
3 QUASI IN-SITU STUDY OF PHASE TRANSFORMATION IN LITHIUM-

ION BATTERIES 
 
3.1 Introduction 
 

Among the most intensely investigated materials for the positive electrodes of lithium-ion 
batteries is LixFePO4 (LFP, with 0 ≤ x ≤ 1). LFP undergoes a first-order phase transformation at 
well-defined compositions when lithium is added or removed, leading to lithium-rich and 
lithium-poor phases.63 Understanding the lithium intercalation pathway in LFP is of crucial 
technological importance, as the intercalation kinetics directly determines the current density and 
efficiency of the electrode. In the past few years, significant progress has been made in 
understanding the LFP phase transformation, especially of single LFP particles.64-70 A solid-
solution pathway was also proposed based on first-principles71 and phase-field modeling.72,73 In 
this pathway, at a sufficiently large current, phase separation is suppressed in the nominally two-
phase coexistence regime. 

One of the most controversial topics surrounding lithium intercalation in LFP is the behavior 
under constant current conditions in a many-particle ensemble with a broad distribution of 
particle size, such as a realistic battery electrode. Experimentally, lithium intercalation and phase 
transformation in LFP ensembles have been studied using a wide range of techniques including 
in-situ X-ray and neutron diffraction74-79 (typically averaging over the entire electrode), 
transmission electron microscopy80-83 (typically sampling only a few particles), and 
electrochemical methods.84,85 Micro-diffraction86 at a resolution of several microns  has also 
been employed. On one hand, some results suggest that LFP transformations proceed 
concurrently in almost all particles.77,80 On the other hand, there are also evidences supporting 
the particle-by-particle intercalation pathway,82 originally proposed for LFP by Delmas et al,74 
whereby only a small fraction of the particles undergoes phase transformation at any given time. 
Contrary to the “concurrent” intercalation pathway, two-phase coexistence occurs not at the 
single particle level but rather at the ensemble level. The electrode forms a “mosaic” of 
homogenous particles that are mostly either lithium-rich or lithium-poor.67,68,73,74,87-89 The origin 
of the mosaic pathway remains unclear and has been attributed to minimization of the interfacial 
energy,67 rapid phase boundary movement,74 and fast inter-particle transport.68,89 In the 
experimental work so far, the lack of spatial resolution or statistical relevance likely accounts for 
some of the discrepancies. The ability to image the local state-of-charge of a large number of 
particles that span the thickness of the electrode is needed to clarify the intercalation pathway in 
many-particle LFP electrodes.  

In this work, we employed synchrotron-based scanning transmission X-ray microscopy 
(STXM) at the Advanced Light Source (beam line 5.3.2)90 and transmission electron microscopy 
(TEM) to image the local state-of-charge and particle morphology, respectively, of a LFP 
electrode from a cycled coin-cell battery. We spanned the length scales of individual particles as 
well as the macroscopic electrode ensemble.  
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3.2 Experimental Methods 

 
Standard coin battery cells consisting of ~ 35-µm-thick carbon-coated LFP/graphite composite 

cathode, Li anode, and 1.2 M LiPF6/ethylene carbonate/ethyl methyl carbonate electrolyte were 
electrochemically cycled five times. A stable capacity of 150 mAh g-1 was obtained (Figure 8). 
To establish Fe L3 reference absorption spectra of the limiting compositions LiFePO4 and FePO4, 
battery cells at 0 and 100 % state-of-charge were prepared by discharging and charging at 1/50 
C, respectively. We then charged a battery to 75 mAh g-1 (50 % state-of-charge) at 1 C.  
Immediately upon reaching the target state-of-charge, we rapidly disassembled the cell inside a 
dry room and washed the electrode with an excess of dimethyl carbonate. This procedure was 
completed within ~ 4 min after terminating the charge, significantly faster than typical voltage 
relaxation times.91,92 Because LFP particles are not in direct contact with one another in typical 
electrode microstructures (as shown recently by tomographic reconstruction93), further 
equilibration between LFP particles is unlikely after removing the electrolyte. We recognize, 
however, that lithium can re-distribute within each particle without external mass transport (e.g., 
a solid-solution particle undergoes phase separation71,73). Finally, the composite electrode was 
mechanically cross-sectioned to yield a ~ 400-nm-thick sample. 
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Figure 8: Voltage curves for (top) charging at 1/50 C to 100 % state-of-charge, (middle) 
discharging at 1/50 C to 0 % state-of-charge, and (bottom) charging at 1 C to 50 % state-of-
charge.  
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Spatially resolved state-of-charge (Fe3+ molar fraction) maps were obtained by least-square 
fitting of STXM spectral images to a linear combination of the FePO4 and LiFePO4 reference 
spectra94 using the Axis2000 software package95. In the reference samples, the absorption spectra 
showed negligible spatial variations. The reference spectra were obtained by averaging across 
several particles (Figure 9). Consistent with previous reports, a change in the Fe oxidation state 
(from 2+ to 3+) upon de-lithiation shifts the main absorption feature in the Fe L3 edge from ~ 
708 to ~ 710 eV.96-100 Other previously reported spectral features were also satisfactorily 
reproduced. Excellent fits were obtained at all spatial positions, with a maximum residual of 
0.8 % (averaged over all photon energies). An average state-of-charge was determined by 
ratioing the average thickness of FePO4 and LiFePO4 with appropriate material parameters. For 
the three regions analyzed, we obtained 49 % to 51 % average state-of-charge from the STXM 
maps (Figure 10). Not only is the state-of-charge independent of position along the thickness of 
the battery electrode, it is also essentially identical to the average, electrochemically determined 
state-of-charge. The excellent agreement between the state-of-charge determined 
electrochemically and via STXM validates our quantification strategy.  

 
3.3 Results & Discussions  

 
We measured the nanoscale state-of-charge for approximately 450 LFP particles in three 

5 × 5 µm regions centered at approximately 26, 18, and 6 µm from the Al current collector, 
5 × 5 µm regions centered at approximately 26, 18, and 6 µm from the Al current collector, 
respectively (Figure 10). In these maps, the hue shows the state-of-charge, with pure red  
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Figure 9. Fe L3 X-ray absorption reference spectra taken from LiFePO4 and FePO4 electrodes 
lithiated and de-lithiated electrochemically.   
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length scale indicates that the characteristic time of electron drift through the graphitic carbon 

 

Figure 10. (Left) state-of-charge mapping obtained via scanning transmission X-ray microscopy 
and (right) morphology obtained via transmission electron microscopy of the same regions in the 
lithium iron phosphate composite electrode (a) 26 µm, (b) 18 µm (c) and 6 µm from the Al 
current collector. Hue and brightness give the local state-of-charge and lithium iron phosphate 
thickness, respectively. Outlined in white are particles in which two phases coexist within the 
same LFP particle; all other particles are single phase, either lithium-rich (red) or lithium 
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representing 0 %, (i.e., LiFePO4), yellow 50 %, and green 100 % (i.e., FePO4), whereas the 
brightness gives the relative thickness of the particles. A simple visual inspection of the STXM 
maps in Figure 10 reveals that there are significant inhomogeneities in the state-of-charge at the 
tens to hundreds of nm length scales, that is, adjacent particles have completely different states-
of-charge. Notably, the extent of variation appears to be similar regardless of macroscopic 
position in the composite electrode, that is, close to the electrolyte (Figure 10a) or near the Al 
current collector (Figure 10c). The absence of a gradient in lithium content on the electrode and 
ion diffusion in the electrolyte is substantially faster than the charging time. In other words, there 
is no resistive loss to transport lithium from the surface of one particle to another.   

 

Table 1. Statistics on the state-of-charge of lithium iron phosphate in a composite electrode, 
sampled either as a cross section or after dispersing the particles. Regions in cross-sectioned 
electrode are indicated in Figure 2.   

 cross-sectioned electrode dispersed 
electrode 

 region A region B region C total 

number of particles 142 167 144 453 81 

fraction of lithium-poor particles  68 % 68 % 60 % 65 % 61 % 

 fraction of lithium-rich particles 31 % 29 % 37 % 32 % 36 % 

fraction of mixed particles 1.4 % 3.0 % 2.8 % 2.4 % 3.7 % 

 



24 

Having established the absence of a macroscopic diffusion front within the LFP electrode, we 
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Figure 11. Particle-size distributions of all the single-phase particles shown in Figure 2. Vertical 
lines depict the average particle size. (Top) Number of particles vs. size. (Bottom) The fraction 

of de-lithiated particles plotted as a function of percentile of particle size (in increments of 10 
%). Average particle size in each percentile range also shown. Each bar consists of 44 

particles. 
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now turn to the nanoscale variation in the state-of-charge. At first glance, the particles appear to 
exhibit state-of-charge ranging from 0 to 100 %. However, because the two-dimensional STXM 
measurement averages through the thickness of the cross section, the charge state of overlapped 
particle are averaged in the maps. To resolve this ambiguity, we identified overlapping particles 
by imaging the same regions with TEM. Combined TEM imaging (Figure 10, right column) and 
STXM state-of-charge mapping (Figure 10, left column) reveals that almost all scan locations 
that indicate an intermediate state-of-charge (yellow in Figure 10) are in fact overlapped 
particles. As summarized in Table 1, of the approximately 450 LFP particles examined, 65 % of 
the particles are lithium-poor (green hue; defined as LiαFePO4, with α ≤ 0.15) meaning that they 
have already transformed and are nearly charged. On the other hand, 32 % are lithium-rich (red 
hue; defined as LiβFePO4, with β ≥ 0.85), that is, they remain untransformed and are nearly 
discharged. Only 11 particles (2 %) exhibit intermediate states-of-charge (outlined in white in 
Figure 10). All of these particles contain phase boundaries separating lithium-rich and lithium-
poor regions. These particles were undergoing transformations when the charging was 
terminated. So the time needed to transform these few particles is ~ 50 times smaller than the 
time needed to charge the entire battery electrode. Even without further analysis, our results 
directly show that the transformation kinetics proceed rapidly once they are initiated, as 
suggested by previous experimental results.74  

We also performed image analysis on the STXM maps and TEM images to correlate the state-
of-charge to LFP particle dimensions. Since most particles are ellipsoidal, we carried out the size 
distribution analysis using the square root of the particle area, and the longest and shortest line 
that goes through the particle’s center of gravity (essentially length of the long and short axes, 
respectively). All measures of particle size gave similar correlation between state-of-charge and 
size. For simplicity, we present the state-of-charge distribution as a function of the length of the 
long axis.  The size distributions of lithium-rich and lithium-poor LFP particles (Figure 11, top) 
show some differences. The average particle size (length of the long axis) is 256 nm for lithium-
poor LFP and 294 nm for lithium-rich particles. The difference in the averaged particle size 
resolves the apparent discrepancy that 65 % of the particles are de-lithiated for our half-charged 
electrode.  At first, the difference in the average size seems to suggest that smaller particles are 
de-lithiated preferentially. However, upon a closer investigation of the size distribution of the 
two phases, we find that a substantial number of small and large particles still remain lithiated 
and de-lithiated, respectively. Figure 11, bottom, shows the fraction of lithium-rich and lithium-
poor LFP particles as a function of the percentile in particle size (plotted in increments of 10 %). 
For our half-charged electrode, 25 % of the smallest particles (with an average size of 134 nm), 
remain lithiated. Similarly, 53 % of the largest particles (with an average size of 495 nm) are de-
lithiated. Thus, the probability of finding a particular LFP particle in either lithiation state 
depends only weakly on its size.  
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Since a macroscopic diffusion front was absent in our LFP electrode, we further improved the 
confidence of our analysis by imaging particles with reduced overlap prepared by dispersing the 
electrode. LFP powder scraped from the same electrode was suspended and sonicated in 

 

Figure  12. (a) State-of-charge mapping and (b) morphology of lithium iron phosphate 
electrode powder dispersed by sonication. From the same electrode shown in Figure 2. 
Outlined in white are particles in which two phases coexist within the same particle. 

705 710 715

Particle 1

FePO
4
 Ref.

LiFePO
4
 Ref.

A
bs

or
ba

nc
e 

/ a
rb

Photon Energy / eV

 

Particle 2

 

705 710 715

Particle 3

A
bs

or
ba

n
ce

 / 
ar

b

Photon Energy / eV

 

 

Figure 13. X-ray absorption line scans of select lithium iron phosphate particles indicated in 
Figure 4. Particles 1 and 2 are single phase and the X-ray absorption spectra showed 
negligible variations within the particle. Particle 3 contains two phases, separated by a well-
defined boundary. Reference spectra (heavy lines) of the limiting compositions are also shown 
for comparison.  
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anhydrous ethanol, which was then pipetted onto a thin Si3N4 membrane. The STXM map and 
TEM image, Figure 12, show considerably better inter-particle isolation than those of the cross-
sectioned electrode. All of the experimental features discussed above were reproduced with the 
dispersed powder sample: (1) strong heterogeneity in the local state-of-charge, (2) 61 % of the 
particles are lithium-rich and 36 % are lithium-poor, and (3) only 3 out of the 81 particles are 
undergoing transformation. X-ray absorption line scans across a lithium-poor, a lithium-rich, and 
a two-phase particle are shown in Figure 12. 

Summarizing our experimental results, we directly observed that lithium-rich and lithium-poor 
LFP particles dominated the electrode, and only ~ 2 % of the particles were undergoing de-
lithiation. These observations establish unambiguously that the mosaic pathway is the prevailing 
many-particle intercalation route under the conditions examined. Furthermore, contrary to the 
common expectation that smaller particles would transform before larger ones, we observed only 
a weak correlation between the state-of-charge and the particle size. Next, we use these 
quantitative observations to elucidate the physical origin of the mosaic configuration and to give 
insights to the processes that limit transformation in many-particle LFP electrodes.  

When a stable phase boundary forms upon de-intercalation, its lithium chemical potential is at 
a value higher than that of the electrolyte. This overpotential constitutes the driving force of the 
phase transformation, that is, for moving the phase boundary. While forming the phase boundary 
perturbs the lithium chemical potential of the electrolyte and single-phase particles,68,89 the 
perturbation is vanishingly small for a real battery electrode with fast inter-particle transport, 
such as ours. That is, the electrolyte and/or particles in the electrode act as reservoirs that can 
rapidly sink (or source) lithium. We next consider two phenomena that can plausibly limit the 
rate of phase transformation in LFP: (1) the initiation of phase transformation (e.g., a nucleation-
like event), and (2) the propagation of the phase boundary (i.e., the growth of a lithium-poor 
phase within the particle during de-intercalation). 

If the energetic barrier of a nucleation-like event is large compared to that of boundary 
propagation, the supersaturation needed to achieve the required nucleation rate sets the electrode 
overpotential. This overpotential also readily propagates the phase boundary. At a given 
overpotential, the time needed to complete a particle’s transformation is small compared to the 
average time needed to initiate nucleation. Thus, we expect the number of particles undergoing 
transformation to be much smaller than the total number of particles, which is precisely what we 
observe in the LFP electrode. In this limit the charging current is equal to the nucleation rate 
times the average particle charge, and the overpotential required to attain a particular charging 
rate is determined by the nucleation rate, not by the phase-boundary velocity.  

Our observations are inconsistent with the other limiting regime, where propagation of the 
phase boundary (controlled by, for example, lithium diffusion or surface reaction) sets the 
overpotential. In this limit, the overpotential that gives significant nucleation rates is insufficient 
to sweep a boundary through a particle before nucleation events occur in other particles. Then, 
most particles should transform at the same time, unless the boundary motion has a strong 
dependence on size. But we have found no such dependence. Our statistics, with ~2 % particles 
transforming at once, show that our LFP electrode is far from being in this regime.  

Additionally, our observations also suggest that charging in LFP could not have proceeded via 
the solid-solution pathway, where phase separation is suppressed entirely. Similar to the two-
phase transformation pathway limited by boundary propagation, LFP particles a solid-solution 
pathway would start charging concurrently. For a half-charged electrode with no electrolyte 
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transport limitations, we would expect to see a significant fraction of the particles in an 
intermediate state-of-charge. This was not observed, at least under a 1 C charging rate.  

Having established that charging in LFP is limited by the initiation of phase transformation, we 
now turn to the particle size distribution of the lithium-rich and lithium-poor phases. The size 
distributions of particles that have yet to transform and those that have already transformed give 
us insights into the probability of initiating phase transformation as a function of particle size. In 
the nucleation-limited regime, we expect that the nucleation probability to correlate 
monotonically with the surface area of the particles (for heterogeneous nucleation), provided that 
the barrier height is independent of particle size and morphology. However, this was not 
observed in our experiment. Our results likely indicate a non-trivial (and possibly non-
monotonic) dependence of nucleation barrier height on the particle size (and maybe also on 
morphology). One possibility is that the extent and nature of carbon-coating depends on particle 
size and morphology, which subsequently leads to significant variations between particles. 
Detailed correlation of particle surface characteristics and the sequence of transformation is 
underway. 

 
3.4 Conclusion 

  
We have combined the high chemical and spatial resolutions of STXM and TEM, respectively, 

to map the state-of-charge in individual LFP particles over the entire thickness of a battery 
electrode. The average lithium content of the particles did not vary with distance from the current 
collector, establishing that Li transport through the electrolyte is relatively fast under a 1 C 
charging current. When the entire electrode was charged to 50 %, almost all the LFP particles are 
nearly completely charged or discharged, in other words, the mosaic limit of a transforming 
particle ensemble. Furthermore, only a small fraction of the particles (~ 2 %), those with both 
lithium-rich and lithium-poor regions, are undergoing phase transformation at one time. 
Therefore, the time needed to charge individual LFP particles completely is much shorter (about 
50 times) than the time needed to charge the entire particle ensemble. These observations 
establish that the rate of initiating the phase transformation in a particle is much slower than the 
rate of completing the phase transformation. Furthermore, the sequence of de-lithiation depends 
only weakly on the particle size, and, subsequently, on the particle’s surface area. This finding 
suggests that the barrier height for nucleation-like events scale with particle size in a non-linear 
and possibly non-monotonic manner.  This work provides direct guidance for how to improve 
the performance of LFP battery electrodes, namely, by increasing the rate of the nucleation-like 
events.  
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4 CONCLUSIONS 
 

We have successfully developed and employed synchrotron-based X-ray spectroscopy and 
microscopy to study electrochemical phenomena in electrocatalysts for fuel cells and 
electrolyzers, and in phase-transforming materials for batteries.  

 
Using ceria-based electrocatalyst as a model system, we employed ambient pressure X-ray 

photoelectron spectroscopy to study defect thermodynamics on the first few atomic layers of the 
surface exposed to the gas phase. We observed that the surface defect concentrations, 
particularly of the localized electrons, differ sharply from that of the bulk. Comparison of the 
surface to the bulk thermodynamics revealed a significant difference, both in terms of the defect 
formation enthalpy and the formation entropy. We hypothesized that ease of formation of 
localized electronic defects on the surface relative to the bulk of ceria may be partly responsible 
for the high activity for hydrogen oxidation in fuel cells and for water-splitting in electrolyzers 
and thermochemical cycles.  

 
Turning to batteries, we have successfully carried out quasi-in-situ X-ray microscopy to study 

phase transformation in lithium iron phosphate positive electrodes, That is, we first charged or 
discharged the battery to a given states under constant current conditions, rapidly removed the 
liquid electrolyte to freeze lithium exchange between particles, and then examined them using 
the X-ray microscope. We spanned the length scales of individual particles as well as the 
macroscopic electrode ensemble. We imaged approximately 450 individual LFP particles across 
the thickness of the electrode. We show unambiguously that phase transformation proceeds via 
the particle-by-particle pathway, rather than via the concurrent pathway as proposed by previous 
work. In fact, the fraction of particles that are actively undergoing phase transformation (at 50 % 
state-of-charge) is remarkably small, only ~ 2 %.  A statistical analysis revealed a weak 
correlation between state-of-charge and particle size, indicating that there is little preference to 
de-lithiate small or large particles selectively.  
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