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 Ultra-fine grained materials with sub-micrometer grain size exhibit 

superior mechanical properties when compared with conventional fine-grained 

material as well as coarse-grained materials. Severe plastic deformation (SPD) 

techniques have been shown to be an effective way to modify the microstructure 

in order to improve the mechanical properties of the material. Crystalline 

materials require dislocations to accommodate plastic strain gradients and 

maintain lattice continuity. The lattice curvature exists due to the net dislocation 

that left behind in material during deformation. The characterization of such 

defects is important to understand deformation accumulation and the resulting 

mechanical properties of such materials. However, traditional techniques are 

limited. For example, the spatial resolution of EBSD is insufficient to study 

materials processed via SPD, while high dislocation densities make 

interpretations difficult using conventional diffraction contrast techniques in the 

TEM. 

A new technique, precession electron diffraction (PED) has gained 

recognition in the TEM community to solve the local crystallography, including 

both phase and orientation, of nanocrystalline structures under quasi-kinematical 

conditions.  With the assistant of precession electron diffraction coupled 

ASTAR, the structure evolution of equal channel angular pressing processed 

commercial pure titanium is studied; this technique is also extended to two-phase 



titanium alloy (Ti-5553) to investigate the existence of anisotropic deformation 

behavior of the constituent alpha and beta phases. 
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CHAPTER 1 

INTRODUCTION 

 The work presented in this thesis addresses the characterization of 

deformation structures in highly deformed and highly constrained titanium alloys. 

In order to properly frame this thesis, it is first necessary to introduce the 

technique, precession electron diffraction, and then introduce the material 

motivation for this work. 

 

Precession Electron Diffraction 

Precession electron diffraction has gained recognition in the TEM 

community to solve the crystallography of previously unknown nanocrystalline 

structures by collecting either tomographic series of diffraction patterns or serial 

diffraction patterns at fixed tilt under quasi-kinematical conditions for either 

reconstruction of reciprocal space or interpretation of spatial distribution of crystal 

structure/orientation respectively [1]. Typically, the latter approach is adopted. In 

serial collection at fixed tilt, the diffraction patterns are collected when the beam 

is scanning through the area of interest and the beam is precessing at each 

scanning point. The acquisition and analysis of diffraction patterns does not 

necessarily need to be aligned to a predefined high-index zone axis, which is 

especially beneficial to beam sensitive materials. In fact, it is argued that the 

geometry of precession electron diffraction patterns display all necessary 

symmetry elements to determine the space group and point group of material in 
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the first Laue zone excitation, obviating the need to use other special technique, 

such as converge beam electron diffraction.  

Much of the published research has focused on the determination of the 

orientation and phase information of different material systems. For example, 

TEM-based PED-enabled orientation microscopy has been conducted in a Low 

Cost Beta (LCB) titanium alloy that contains both α and β phase [2]. In stainless 

steel, it has been found that stress-induced martensitic phase formed in austenite 

gives a rise to corrosion resistance and strength and ductility, where the 

martensite lath thicknesses were shown to be ~100nm [3]. D. Wang showed that 

ASTAR technique could be used to determine the grain orientation and phase 

identification in the spinodal region of a Ag and Cu alloy where an irregular 

lamellae structure appears after multiple cycles of high pressure torsion [4]. In 

addition to the phase identification and local orientation of microstructural 

features, the post process software also allows user to render virtual dark field 

images by selecting a local intensity region of reciprocal space, typically a 

particular diffracted spot. The same type of information available through 

conventional diffraction contrast imaging appears possible through such virtual 

darkfield images. As an example, E.F. Rauch and M. Véron conducted 

dislocation analysis using virtual dark field imaging in a deformed low carbon 

steel system. In their study, they investigated the different contrast information 

originating from strain fields around dislocations by selecting different diffracted 

spots. Further, based on the Burgers vector excitation conditions, they found that 

it was possible to determine the Burgers vector of the dislocations [5]. 
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Highly Deformed Metallic Structures 

Ultra-fine grained materials with sub-micrometer grain size exhibit superior 

mechanical properties when compared with conventional fine-grained material as 

well as coarse-grained materials. Severe plastic deformation (SPD), including 

equal channel angular extrusion/processing (ECAE/ECAP), accumulated role 

bonding (ARB), and variations of forging and extrusion have been shown to be 

an effective way to modify the microstructure in order to improve the mechanical 

properties of the material. Unfortunately, while the properties are highly attractive 

(e.g. an order of magnitude improvement in the yield strength of commercially 

pure titanium), the technique has struggled to mature and enter the supply chain.  

Principally, this is due to the cost of the tools and machines required to either 

produce large and massive products or produce small product forms in a 

continuous process and to the dearth of fundamental and statistically-based 

knowledge the interplay of process, microstructure, and properties. For example, 

the texture of a material is often related to plastic anisotropy, the response of a 

material to a plastic deformation is different depends on orientation relationship 

between texture and loading direction. This plastic anisotropy is weakened in 

polycrystalline materials due to the scattered orientation distribution of grains, 

where there are “soft” or “hard” grains that have a particular orientation relative to 

the specified loading direction. When a polycrystalline deforms, the individual 

grains rotate to a favorable orientation with respect to the applied deformation, 

whereby the texture evolves. Of course, the further accumulation of strain also 
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depends upon the degree of plastic deformation already accumulated through 

dislocation forest hardening. 

Unfortunately, the texture evolution of SPD materials is complicated due to 

the factors that may have an impact on the final product, including both local 

orientation and the evolution of populations of the defects (i.e., dislocations and 

twins) that are responsible for plasticity. While it is important to understand the 

interplay of deformation and the material characteristics such as crystal structure 

and microstructure, such information has largely been inaccessible owing to the 

length scales and accumulated strains. The notable exception is the use of 

certain X-ray diffraction techniques to extract details of defect populations within 

whole specimens. We propose that PED/ASTAR will, for the first time, enable 

spatially-resolved quantitative studies into these interrelationships. 

The work presented in this thesis related to SPD is strictly focused on 

industrially provided equal-channel angular processing (ECAP) commercially 

pure titanium. ECAP was first introduced by Segal [6] to produce different bulk 

ultra-fine grained material. In ECAP, the process variables include the number of 

passes, route between passes, lubricant, temperature and pressing rate and 

back pressure and the die angle and the corner angle. Notably, the pressure and 

load required for pressing is relatively low and the system can be built by 

attaching inexpensive devices and tools to current metal working equipment. 
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Thesis Structure 

The present work focuses on the evolution of microstructure and defect 

structure (i.e., geometrically necessary dislocation density distribution) and grain 

refinement mechanisms operable during severely plastic deformation by using 

the relatively new precession electron diffraction characterization technique. The 

development of some new techniques to process the PED/ASTAR data is also 

presented, as are methods of feature extraction and data analysis. As noted 

above, equal channel angular pressing (ECAP) is the SPD method used to refine 

the grain size of commercial pure titanium (CP-Ti). While the number of passes 

and other process conditions, such as temperature, pressing speed and route, 

could be used to control the texture and microstructure, this work is limited to 

material provided by industry, for which 2 passes and 4 passes ECAPed 

commercially pure titanium (CP-Ti) were selected for this study.  

To extend this technique from single-phase commercially pure titanium to 

a two-phase titanium alloy, Ti-5Al-5V-5Mo-3Cr with a microstructure consisting of 

both primary α and secondary α precipitates was selected to investigate the 

existence of any asynchronous deformation effects of the α phase and β phase 

during deformation. 

This dissertation is comprised of 8 chapters. In 2nd Chapter, the physical 

metallurgy of titanium and titanium alloy is introduced, with particular attention 

paid to the deformation behaviors and modes of titanium. The 3rd chapter covers 

all the equipment, experiment conditions, and experiment procedures that were 

used in this study. The 4th chapter focuses on the main characterization tool, 
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precession electron diffraction. Details about fundamental of precession electron 

diffraction and parameters could change the quality of the data acquisition have 

been presented and compared.  In the 5th chapter, the microstructural evolution 

and dislocation distribution of 2-pass and 4-pass ECAPed CP-Ti is studied by 

using the PED/ASTAR system and novel post-processing software. Further, the 

main grain refinement mechanism is proposed by interpreting the microstructural 

evolution with the evolution of geometrically necessary dislocation (GND) density 

distribution maps.  The 6th chapter presents the deformation behavior and 

dislocation evolution during deformation induced by indentation. The full details 

of the dislocation distributions of α phase and β beta across indentation boundary 

are compared, including the distribution of <a> and <c+a> type dislocation in the 

α phase. In 7th chapter, simulations using 3D dislocation dynamic (DD) have 

been conducted and are presented regarding the investigation of effect of grain 

size, loading direction and initial dislocation density on dislocation configuration 

and density, the anisotropic effect of dislocation density at yield point is observed 

and discussed. Finally in chapter 8, the microstructure evolution and deformation 

behavior of both CP-Ti and Ti-5553 are summarized and future work is pointed 

out. 
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CHARPTER 2 

PHYSICAL METALLURGY AND PHASE TRANSFORMATION OF TITANIUM 

AND TITANIUM ALLOYS 

 

Titanium occupies the periodic table of elements as the 22nd element. It is 

present at a level of 0.6% in the earth’s crust, and contrary to popular claims 

regarding its rarity, it is ranked as the fourth most abundant structural metal after 

aluminum, iron, and magnesium [7]. The most common mineral sources 

containing titanium that have been discovered are ilmenite (FeTiO3) and rutile 

(TiO2). Titanium was first discovered in 1791 in dark, magnetic iron sand now 

known as ilmenite by William Gregor, a clergyman and amateur mineralogist in 

the Menachan Valley in Cornwall (UK). Four years later, a German chemist 

named Klaproth analyzed rutile from Hungary and found an oxidation state of an 

unknown element, which appeared to be the same as the one reported by 

Gregor. Klaproth named the element as titanium after Titan to indicate the 

difficulty to extract it from mineral. Attempts were made to isolate the metal from 

the ore using titanium tetrachloride (TiCl4) as an intermittent step. Due to the fact 

that titanium can easily react with oxygen and nitrogen, pure state titanium has 

never found in nature. In addition, owing to its reactivity and subsequent strong 

influence of interstitial elements on deformation, it is hard to produce high 

ductility pure titanium. Kroll developed the process named after him to process 

titanium commercially by introducing liquid Magnesium in an inert gas 

atmosphere, as expressed below [7,8]: 
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  (Eq.2.1) 

The product of this process is a porous and sponge-like in appearance titanium 

called (titanium sponge). 

 Titanium alloys exhibit the highest specific strength (i.e., the density 

normalized strength) of the other common structural metallic materials such as 

Fe, Ni and Al, shown in Table 1 [7]. Titanium also exhibits the high corrosion 

resistance ability. However, the high price that results from the complex 

extraction and processing routes limits the application of titanium to specialty 

products in aerospace, aircraft and high-end vehicles [9].  

 

Table 2.1. Crucial characteristics of titanium and titanium alloy compared with 
other commonly used metals and alloys [3].  

 

 

There are two allotropic phases in pure titanium, designated as α titanium 

and β titanium, and the α to β transus temperature is 882 °C. At this temperature, 

the hexagonal close-packed crystal structure (α phase, a lower temperature 

phase) transforms to a body-center cubic crystal structure (β phase, a higher 

4TiCl4 (gas)+ 2Mg(liquid)→ 4Ti(solid)+ 2MgCl2 (liquid)
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temperature phase) [7]. The hexagonal closed-packed (hcp) crystal structure has 

a lattice parameter of a=0.295nm and c=0.468nm, which gives a c/a ratio of 

1.587, which is less than ideal, indicating a c-axis compression.  The body center 

cubic crystal structure has a lattice parameter of a=0.332nm, shown in Fig 2.1. 

The hexagonal closed-packed crystal structure has three closed packed 

directions with indices <11 0> which also defines the a1, a2, a3 axes of 

hexagonal closed-packed crystal structure and the most densely packed lattice 

planes are basal planes, {0002}; prismatic planes, {10 0}; pyramidal planes 

{10 1}. The body-center cubic crystal structure (BCC) has the closed-packed 

direction of <111> and the densely close packed planes of {110} [7].  

 

Figure 2.1 The unit cells show the crystal structure of HCP α phase and bcc β 
phase [7].  

 

The properties of titanium and its alloys depend on the presence and 

interaction of these two phases. For example, the α phase typically has a better 
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creep resistance because of the slower diffusion speed in close-packed hcp 

crystal structure relative to the more open bcc crystal structure. The intrinsically 

anisotropic character of hexagonal close-packed crystal structure plays an 

important role in the elastic properties of titanium (alloys). The elastic modulus E 

of α titanium single crystal exhibits an anisotropic character at room temperature, 

as it varies with the angle  between the c-axis of hcp unit cell and the loading 

direction (stress axis), shown in Figure 2.2 [7]. Young’s elastic modulus (E) 

reaches a maxima of 145 GPa when c axis is aligned with stress axis, and 

decreases to the minima of 100 GPa when the angel  increases to 90°. Similar 

phenomenon is also observed for the shear modulus G of single crystals, where 

the variation of shear modulus is between 46 GPa and 34 GPa for these same 

orientations. In polycrystalline α titanium, the anisotropic character of HCP 

structure in elastic properties weakens. 

 

Figure 2.2 Modulus of elasticity E of α titanium single crystals as a function of 
declination angle γ [10]. 
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Phases in titanium alloys 

A phase is defined as a definable region of nominally identical material, 

i.e., exhibiting the same crystal structure and almost the same composition, and 

which exhibits uniform properties [11]. As noted above, in titanium rich alloys, 

there are two major equilibrium phases designated as α and β. These phases 

can be stabilized by the addition of certain alloying elements, which then modifies 

the respective phase fields [9]. 

The α phase has an hcp structure with a two atoms in the primitive unit 

cell, and the coordinate of these two atoms are (0,0,0) and (1/3,1/3, -2/3,1/2) 

shown in Fig 2.1. More traditionally, the hcp structure is said to have 6 atoms in 

the traditional hexagonal unit cell construction. The space group of α phase is 

P63mmc. The elastic properties of the α phase are anisotropic in single 

crystalline titanium and significantly reduced in polycrystalline titanium. The hcp 

crystal structure has an ideal c/a ratio of 1.633 and will change depending upon 

the additional elements added to the titanium.  

Depending upon the criterion that is used to classify the types of the α 

phase, there are different designations. There are three different types that are 

dependent upon the nucleation site and growth ‘envelopes’ [6,11,12] designated 

as: 1) grain boundary α, which nucleates at the prior β phase grain boundary and 

grows along the grain boundary; 2) intergranular α, which also nucleates along 

the prior β grain boundary or develops from instabilities in the grain boundary α 

analogous to Mullins-Sekerka instabilities in solidification,  and which then grows 

into the interior of β phase, integranular α also designated as “Widmänstatten α”; 
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3) intragranular α nucleates at sites such as vacancies and dislocations or 

metestable phases. Another way to catalogue the α phase is to use the dominant 

microstructural morphology. Adopting this schema, there are also three kinds of α 

phase, including: 1) colony α which forms during slow cooling process as a 

pocket of parallel laths exhibiting only one of the 12 crystallographic variants; 2) 

basketwave α which forms during fast cooling as clusters of interpenetrating non-

parallel α laths of various variants; and 3) globular α which forms during 

thermomechanical processing in the α+β two-phase field. Primary α and 

secondary α are defined based on the precipitation sequence and size scale. 

There is no significant difference between primary α and secondary α other than 

to say that primary α forms first and exhibits a correspondingly larger size scale, 

while secondary (or tertiary, ) α forms after the primary α and at a smaller size 

scale [3]. The nucleation site of secondary α can be at the interface of α/β  [10]. 

The β phase has a crystal structure of body-center cubic with two atoms 

sits at the coordinate of (0,0,0) and (1/2, 1/2, 1/2) in the unit cell with the space 

group of Im3m shown in Fig 2.1. The β phase is more stable than α phase at 

evaluated temperatures due to the fact that the atomic density of the β phase is 

less than that of the α phase. The primary slip system of the β phase is the 

closed packed {110} plane along <111> direction, though secondary slip systems 

do exist with a slip direction of <111> on the slip plan of {123} and {112} [9,11].  

The addition of alloying elements to titanium alloy can stabilize and 

strengthen the desired phase(s), All elements that are within the range of 0.85-

1.15 of the atomic radius of titanium alloys have a significant solubility in titanium, 
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elements with radius less than 0.59 that of titanium will occupy the interstitial 

sites with a substantial solubility. The alloying elements can be divided into α 

phase stabilizers, β phase stabilizers and neutral elements. Elements such as Al, 

B, Ga, C, O, N are α phase stabilizers as the β transus temperature raises by 

adding these alloying elements. O and N are interstitial elements Al, B, Ga are 

substitutional elements. The effect of different α stabilizers in multicomponent 

system can be determined using the Al equivalency equation, given by: 

    (2.2) 

Elements such as Mo, V, Ta, Mn, Cr, Fe Ni, Cu and Si will reduce β 

transus temperature are called β phase stabilizers. These can be further 

separated into the type of binary phase diagrams exhibited. Elements including 

Fe, Mn, Cr, Ni, Cu and Si are called eutectoid stabilizers, as there will be 

eutectoid compound present at specific temperature conditions while V, Mo and 

Ta are isomorphous stabilizers. In the Ti-Mo system, β phase separation will 

present at higher solute region in β phase titanium alloys, as these isomorphous 

stabilizers will cause monotectoid reaction. In a fashion analogous to the Al 

equivalency equation, there is Mo equivalency equations used to determine the 

effect of different β stabilizers in the system [7,9,11] given by: 

 

(Eq. 2.3) 

Depending upon the equilibrium phases present at room temperature, four 

classifications of titanium alloys are defined, including: α alloy, where only the α 

phase is the only stable phase at room temperature; α+β alloy, where both phase 

Al[ ]eq = [Al]+10[O]+ 0.17[Zr]+ 0.33[Sn]

[Mo]eq = [Mo]+ 0.2[Ta]+ 0.28[Nb]+ 0.4[W ]+ 0.67[V ]+1.25[Cr]+1.25[Ni]+1.7[Mn]+1.7[Co]+ 2.5[Fe]
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are stable at room temperature with the possibility of formation of martensite 

phase upon quenching from the β-phase field; metastable β alloy, where there is 

no martensite phase presented but ω phase, and both α and β phases are stable 

at room temperature; and fully stable β alloy, where only β phase is stable at 

room temperature. While both metastable and fully stable β alloys belong to the β 

alloy category, commercially used β alloys are predominately metastable β alloys 

and commonly referred as β alloy, thus occasionally causing some confusion in 

the designations. 

While titanium alloys exhibit a wide range of phase transformations, 

including many metastable phase transformations, it is the equilibrium β α+β 

phase transformation that is currently the most important for alloys destined for 

products. When the temperature is slowly cooling down from the single β phase 

regime, the α phase nucleate in β phase matrix. Depending on the cooling rate 

and aging temperature, the α phase precipitate exhibits different morphologies, 

sizes, distributions and volume fractions. Properties of α+β titanium alloys highly 

depends on morphology, size scale, distribution and volume fraction of α phase 

precipitates. As noted previously, α first nucleates at the existing β phase grain 

boundary and grow along these β grain boundaries. Parallel widmänttaten α 

nucleate from β phase grain boundary or the grain boundary α allotriomorphs 

and grows into the interior of β phase grain. The cooling rate dictates the 

nucleation events, resulting in different modes of variants dominating the 

microstructure. As mentioned above, the single variation α precipitate results in a 

microstructure termed colony microstructure and the multiple variants result in a 
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microstructure designated basketwave. When an α+β titanium alloy is aged 

within α+β phase regime at lower temperature, secondary α precipitates will 

nucleate and grow in the retained β phase region between primary α phases. 

The Burgers orientation relationship between most α phase precipitates 

(excluding equiaxed/globular α) and the parent β phase matrix is [13]: 

{0001} α ⁄⁄ {011}β, <11 0> α ⁄⁄<111>β 

The deformation modes in hcp α and bcc β single crystals include both 

twinning and conventional slip by dislocation motion. The twinning deformation 

mode is especially important for commercially pure titanium and α titanium alloys. 

Twinning deformation is often suppressed when in two phases titanium alloy due 

to the high solute content, small phase dimensions and small α phase 

precipitates. There are various slip systems in α titanium. Each slip system 

includes both the slip planes and slip directions, shown in Fig 2.3.  The main slip 

directions are the three close-packed directions <11 0>. Slip planes that 

contains  <11 0> slip direction as  type Burgers vector are (0002), three {10 0} 

planes and six {10 1} planes. There are total of 12 <a>-type slip systems with all 

the possible slip directions and slip planes [14,15]. Other slip system including 

<c> type slip system on slip plane of {01 0} with slip direction of <0001> and 

<c+a> type slip system on a slip plane of {01 0} with slip direction of < 113> and 

pyranmidal slip system such as < 113>{11 1}. Activation of slip and/or twinning 

contributes to plastic deformation of metals. Specific deformation mechanisms 

are less well understood for the hcp crystal structure when compared to those in 

cubic crystal structures. In pure titanium, the three types of slip systems 

a



 
 

16 

mentioned above each exhibits a different critical resolved shear stress (τCRSS). 

The most activate slip systems is the <a> type slip system that is the most easily 

activated with the <a> type Burgers vector primarily on the prismatic planes, and 

some extent to basal plane. The slip system with pyramidal planes is least active. 

The degree of activity of each system is strongly dependent upon both 

composition and temperature, in addition to the expected difference based upon 

the Schmid factor of each feature.  

 

 

Figure 2.3 Slip planes and slip directions in hexagonal α phase [1].  

 

ECAP 

Ultra-fine grained materials characterized by grain sizes less than ~1 μm 

exhibit super mechanical properties when compared with conventional fine-
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grained material as well as coarse-grained materials. Plastic deformation method 

is proven to be an effective way of microstructure alternation in order to improve 

the mechanical properties of the material. Since the introduction of equal channel 

angular pressing by Segal to produce different bulk ultra-fine grained material 

[16,17]. In the ECAP process, the deformation conditions include the number of 

passes, route between passes, lubricant, temperature and pressing rate and 

back pressure and the die angle and the corner angle. The pressure and load 

required for pressing is relatively low and the system could be built by attaching 

inexpensive devices and tools to the current metal working equipment.  

The structure of material produced by ECAP is largely uniform throughout 

the entire worked sample. During ECAP, the material passes through a die as a 

well-lubricated billet. The die has two channels of nominally identical cross 

sections that intersect with an angle. The material experiences a highly localized 

region of shear deformation at the inlet-channel/exit-channel intersection as it 

passes through the die. The whole rigid body other than the small end region is 

deformed in the same uniform way [18]. When characterizing ECAPed material, it 

is important to know the initial texture of the material, as the final texture and 

microstructure can vary significantly when there is a small difference in the initial 

texture even the processing conditions are exactly the same. A large amount of 

plastic strain can be imposed to the sample by passing the sample through the 

die in successive multiple passes due to the fact that while the dimension of 

sample does not change when it goes through this shearing processing, the 

successive increments in strain can be large. The increase in the strain intensity 
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(Δε) of material that passes through the shear deformation plane is shown to be a 

function of the angle between the two channels, as is the ratio between punch 

pressure and the flow stress of material. These relationships are given in the 

following equation: 

     (Eq. 2.4) 

where p is the punch pressure, Y is the flow stress of material, and Φ is the angle 

between two channels. The increase in the shear strain experienced by the 

material following each pass can be as high as ~1.83, and the true strain can be 

as high as 10-20 [17]. As noted above, ECAP is often described as having 

identical inlet-channel and exit-channel geometries, for which there is no 

reduction in the cross section of the material. However, there are extensions to 

ECAP where the cross section may change (area reduction), at which point the 

following equations are valid: 

     (Eq. 2.5) 

    (Eq. 2.6) 

where RR stands for reduction ratio and AR stands for area reduction, F0 is initial 

area of cross section of the material billet and F is the final area of cross section 

after ECAP. Fig 2.4 shows the schematic of the die used in ECAP process [14]. 

Δε =
p

Y
=
2

31/2
cot(φ)

RR =
F0
F
= exp(εi )

AA = (1− RR−1)*100%
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Figure 2.4 Schematic of die configuration of equal channel angular pressing [18]. 

It is useful to visualize the material deformation experienced during the 

ECAP process in order to understand the texture evolution in the resulting 

material. A model describing simple shear deformation was proposed by Segal el 

at., which accounts for the most fundamental deformation mode in ECAP 

process [16,17]. To understand the distortion of any material element in ECAP 

process, two different elements are used for visualization, cubic and spherical 

elements, where the cubic element is a better fit to calculate the distortions on 

sample surface, while the spherical element can used as a model of the initial 

grain shape and used for the calculation of grain shape evolution during 

deformation. Under the conditions of the simple shear mode, the inclination angle 

of deformation cube with respects to the longitudinal axis (or the extrusion 

direction ED in sample frame) can be expressed by the following equation: 

RE-INSERTIONIN

OUT
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     (Eq. 2.7) 

while the inclination angle following the boundary condition using a spherical 

element which is deformed into an ellipsoid with respect to the longitudinal axis 

follows the equation: 

   (Eq. 2.8)
 

where θr and θs are the inclination angle with respect to longitudinal axis (ED in 

sample frame), and φ is the die angle. Using die angles of 90 and 120 as an 

example, θr is 26.6 and 40.9, respectively; where θs is 22.5 and 30, respectively 

[14]. Fig 2.5 shows the schematic of the deformation of two elements in a 90° die 

angle during ECAP. 

 

Figure 2.5 Shape change of square and spherical elements during ECAP 
process [18]. 
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The texture evolution during ECAP is controlled by the applied 

deformation (including the die angle (Φ), number of pass and the ECAP route), 

deformation mechanisms (slip and twinning system, etc.) and the initial texture.  

During the first pass of ECAP, the crystal orientations reorient themselves 

to an ideal orientation due to the large strain applied to the crystalline material.  

The ideal orientation is defined according to both the sample symmetry and the 

macroscopic deformation. For example, in ideal simple shear on the shear plane 

of the intersecting plane of the channels, a monoclinic symmetry will be achieved 

when the initial texture is random or with a monoclinic symmetry. Such 

monoclinic symmetry means invariance of 180° around the TD axis of the die. 

The texture formed during the first pass of ECAP plays an important role in the 

texture development in the following routes. Under ideal conditions, there will be 

no texture change when the sample is rotated about the TD axis, which is also 

the axis of symmetry of the simple shear process. Thus, the TD axis is referred 

as the ‘texture symmetry axis’ in the ECAP process [14]. In ECAP, the term 

“route” is defined by the rotation of the billet with respect to the longitudinal axis 

of the die. There are three routes that are normally used in the ECAP process, 

designated as routes A, B, and C. Only in routes A and C does the texture 

symmetry remain, provided the deformation is homogenous. Illustrations of the 

shear plane associated with routes A, B and C are shown in Fig 2.6, and are 

described in the following sections. 
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Figure 2.6 Schematics of ideal shear plane in ECAP process and direction of 
shear on shear plane of each route [19]. 

Route A 

In route A, the material billet is not rotated between passes. The distortion 

of material increases continuously because the orientation of material with 

respect to the shear plane stays the same between each pass, and the metal 

flow line inclines at greater angle of more homogenous spacing with respect to 

the longitudinal axis of the billet. The texture that develops during by route A is 

centro-symmetric, which follows the symmetry of the simple shear process that 

has a two-fold symmetry around the TD axis [18]. Normally, a larger fraction of 

elongated features are observed in the microstructure along the shear direction 

with high angle grain boundaries and these elongated structure are nearly 

dislocation free. 
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Route B  

The billet of material is rotated 90° around its axis following each pass as 

shown in Figure 2.6. The shear plan is not longer on the plane that parallel to the 

first pass shear plan because of the 90° rotation. The texture that develops after 

multiple passes is highly dependent on the input texture that is a result of the 

previous pass. The resulting texture no longer has centro-symmetry owing to the 

direction changes of the shear plane with respects to the sample as a result of 

sample rotated around the longitudinal axis by 90° clockwise. Due to the rotation 

of the billet with respect to the shear plane, the equiaxed grains start appear from 

second pass. 

Route C 

For route C, the billet of material is rotated 180° around it axis between 

each pass. The shear plane restore its original position at even-numbered pass 

and deformed at odd- numbered pass. Due to the repetitions between restoration 

and deformation, the billet of material is said to be simultaneously heavily 

deformed but quasi-uniform after an even number of pass.  

 The substructure also influences the texture evolution due to the 

orientation relation between the inclined shear plane and the deformation 

system. The substructure can create barriers for slip or reorient, perhaps 

dynamically, a volume fraction of the grains. The deformation of the substructure, 

and indeed each grain, is highly dependent upon the adjacent grains. The 

differences in slip systems, exacerbated in hcp materials, the boundaries 

between substructure can either promote or hinder slip, depending upon whether 
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the boundary is parallel to or perpendicular (i.e., intersecting) glide planes. Thus, 

with respect to substructures specifically, the misorientation across the 

boundaries will invariably increase. The ECAP process carried out at evaluated 

temperature is complicated by involving dynamic recrystallization. At evaluated 

temperatures, the development of texture slows down reportedly due to the 

activation of diffusion process with corresponding reductions in dislocation-based 

slip. In addition, the high thermal energy also promotes plastic relaxation with 

high angle grain boundary and stress free sub-grain formation. Typically, a 

similar texture with a lower texture factor (given by ‘times random’) is found in the 

material that is processed at evaluated temperature due to the operation of 

dynamic recrystallization and the evolution of subgrains. A lower operating 

temperature would be desired to achieve grain refinement, as high temperatures 

promote dynamic recrystallization and leads to larger grain size. The pressing 

temperature as a key role during ECAP process can be easily controlled 

comparing to other factors. The followings includes deformation mechanism, 

fraction of recrystallized grains and transition of texture evolution will occur with 

temperature changes.  There are main trends of temperature effect of ECAP 

process, the equilibrium grain size increases with increasing pressing 

temperature; the fraction of low-angle grain boundaries increased with increasing 

pressing temperature because of the faster recovery rate at higher temperature, 

so is the annihilation of dislocations within grains. The deformation mechanism 

changes with increasing pressing temperature of titanium process, where parallel 

shear bands were observed instead of deformation twinning bands where the 
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pressing temperature increased from 473 to 523K [20]. At lower temperature, 

tensile twinning and prismatic were active and pyramidal <c+a> type dislocation 

were active at higher temperature. 
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CHAPTER 3 

EQUIPMENET AND EXPERIMENTAL PROCEDURES 

 

3.1 Overview 

In this chapter, the materials, equipment and experiment procedures 

employed in this current work are presented. Brief descriptions of the thermal 

and process histories of as-received alloys are provided. More complete details 

of the equipment including characterization tool, heat treatment furnaces, and 

modeling tools are provided.  

3.2  Materials  

Two different titanium-based materials are used in this study. The first is 

commercial pure titanium (CP-Ti) which has been provided by Carpenter Co. CP-

Ti has been processed employing a variant of ECAP for grain refinement to 

achieve ultra fine grains. The second is a metastable β alloy Ti-5Al-5Mo-5V-3Cr 

(all in wt%) provided by ATI. The as-received Ti-5553 was heat treated at an 

elevated temperature in the α+β phase field for a period of time to obtain 

secondary α phase precipitates. The microstructure of the heat-treated Ti-5553 is 

shown in Fig 3. 
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Figure 3.1 SEM micrograph shows the microstructure of heat-treated Ti-5553 
material. 

 

3.3 Equipment 

3.3.1 Mechanical Polishing tools 

Standard metallurgical polishing techniques has applied to all samples for 

subsequent SEM characterization subsequent TEM specimen preparation using 

the DualBeam™ Focused Ion Beam/Scanning Electron Microscopy (FIB/SEM). 

Specifically, the metallographic samples were mechanically polished using 

240,400,600 and 800 grit Leco SiC paper manually or using an Allied™ 

MultiPrep parallel polisher. The final step involved an Allied™ 0.05 µm colloidal 

silica suspension using a Chem-pol fine polishing cloth. The polished samples 
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with mirror finish were cleaned using Branson™ 1510 ultrasonic cleaner in a 

sequence of cleaning solutions1, followed by compressed-air drying. 

3.3.2 Scanning Electron Microscope 

The SEM employed in this study was FEI variable pressure Quanta™ 200 

equipped with a heated tungsten filament electron source, Everhardt-Thornley 

secondary electron detector (SED), Gaseous SED, backscattered electron (BSE) 

detector, and EDAX Sapphire Si Detecting Unit. The FEI Quanta™ 200 has an 

accelerating voltage range between 200V - 30kV and an ultimate spatial 

resolution of 3.0nm at 30kV (SE). 

3.3.3 Dual-Beam Microscope 

The FEI Nova 200 NanoLab is a dual column ultra-high resolution field 

emission scanning electron microscope (SEM) and focused ion beam (FIB). 

Magnum™ ion column with Ga liquid metal ion source with an accelerating 

voltage range from 5kV- 30kV and probe current of 0.15 pA – 20nA. The FEI 

Nova 200 is also equipped with an Omniprobe Autoprobe nano-manipulator, with 

10 nm positioning resolution for in-situ TEM foil lift out. 

                                            

 

1 The sequence is: distilled water, Allied™ GP cleaning solution, distilled 

water, and ethanol 
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3.3.4 X-ray diffraction 

The Rigaku Ultima III enables a variety of experiments including in-plane 

and normal geometry phase identification, quantitative analysis, lattice parameter 

refinement, crystallite size, structure refinement, density, roughness and 

multilayer thicknesses (from reflectivity geometries), and depth-controlled phase 

identification. 

3.3.5 Transmission Electron Microscope 

An FEI Tecnai G2 F20 transmission electron microscope (TEM) was used 

extensively in this work.  The FEI Tecnai G2 F20 is a S-Twin field-emission 

Scanning Transmission Electron Microscope (S/TEM) with an optimum 

acceleration voltage of 200 kV, and which has a maximum point-to-point spatial 

resolution of 0.16nm. A 1nm STEM probe allows for an imaging resolution of 

0.19nm, and a high angle annular dark field detector (HAADF) allows for Z-

contrast imaging in STEM mode at high resolution. It is also equipped with an 

EDAX energy dispersive x-ray spectrometer (EDS), a Gantan Tridiem parallel 

electron energy loss spectrometer (EELS) with a 2k×2k CCD for energy filtered 

imaging and high rate spectrum imaging EELS. 

3.3.6 E.A. Fischione’s Model 1010®Ion Mill®  

The E.A. Fischione’s Model 1010®Ion Mill® is a state-of-the-art compact, 

tabletop precision ion milling / polishing system that allows users to prepare high 

quality TEM specimens with large areas of electron transparency. The 1010®Ion 

Mill® is fully programmable and is equipped with two adjustable HAD (Hollow 
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Anode Discharge) ion sources. These two HAD can be adjusted independently 

and have a 0-30º milling angle which allows either rapid milling or more gradual 

ion polishing. While under automatic gas control, the specimen can be rocked or 

rotated, and the programmable steps also allow user to use an optional 

automatic termination. The choice of single or dual ion source operation allows 

milling from either one or both sides of the specimen. The HAD ion sources 

operate over user selectable ranges of extractor voltage (0.5kV to 6.0 kV) and 

current (3mA to 8mA). 

3.3.7 NanoMegas ASTAR™ 

ASTAR is a product from NanoMEGAS that includes a DigiSTAR digital 

precession unit, a highly flexible ultra-fast Stingray CCD camera and a control 

computer. This external ASTAR system works with any TEM with an operating 

voltage range from 100Kv to 300Kv, and can operate independent of the electron 

source. The best spatial resolution of 1 nm can be achieved with TEM-FEG with 

an equivalent or superior spatial resolution. The beam precession angle ranges 

between 0-4°. The frequency of precession depends on the TEM configuration 

and the value can is from 0.1kHz to 2kHz. The work is performed on FEI Tecnai 

F20G with an operation voltage of 200kV. The beam size is adjusted to a 

adequate size to find a balance between the spatial resolution required for any 

given feature of interest and the intensity of beam. This balance is necessary as 

the intensity of the diffraction spots need to be strong enough to be detected by 

the software under reasonable exposure times and subsequently used for 
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indexing. An external Coupled Charged Detector Camera is used for acquisition. 

For these studies, a collecting rate of 21 frames per second has been used 

through the frame grabber. The sensor size is reduced to 144×144 pixels to 

obtain a diffraction pattern from the area of interest. 

3.4 TEM sample preparation  

3.4.1 TEM sample preparation using Focused Ion Beam 

1) Polished and cleaned sample was brought up to eucentric height, which is 

about 5mm, then was tilt to 52°. 

2) An area of 2µm×22µm Platinum (Pt) deposition was deposited using the 

ion beam to protect the surface of the lift out, using 1nA, 30kV. 

3) On both sides of the deposited Pt protection layer, a 28µm×11µm×7µm 

rectangle region was milled away using cleaning cross-section pattern, 

which is a line scan that initiates far from from the deposited Pt protection 

band. Milling was conducted using a Ga+ source operating at 20nA, 30kV. 

4) After the lift-out specimen reached the desired thickness, the lift out was 

undercut with U shape at 0° tilt using 3nA current, 30kV. 

5) The foil was then lifted out using OmniProbe and attached to cooper grid 

by Pt deposition, and the stage was rotated 70° to put Pt deposition on the 

back of the lift-out to secure it. 

6)  The lift-out was thined down to 200-300nm at 52°, following a series of 

steps where the Ga+ beam current was reduced from 3nA down to 0.5nA 

at 30kV and then ‘cleaned-up’ on both side using 0.23nA at 5kV to achieve 
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electron transparent, reduce any attending amorphous layer and reduce 

Ga ion damage. 

3.4.2 TEM sample preparation using ion mill 

In some cases, a conventional ion mill was used to prepare specimens 

directly from the bulk material. For these cases, the bulk material was sliced 

using Allied Hightech high-speed saw in two thin slices with a thickness of ~1mm 

and an area of at least 3mm x 3mm so that a 3.05mm round specimen can be 

extracted. This dimension is set by the double tilt TEM sample holder of Tecnai 

F20G, which has a 3.05 mm diameter specimen cup. Both sides of the sliced 

material were then polished using 400, 600 and 800 grid silica carbide abrasive 

paper to a final thickness of ~100µm. The polished and thinned specimens were 

then punched into 3mm disk using a disk punch, and dimple ground to get ride of 

~ 30µm thick material on both size in order to reduce the thickness of the center 

of the disk to ~30µm. The dimple grinding operation used successively smaller 

grit (i.e. 6µm, 3µm, 1µm) diamond paste from Allied Hightech.  

Following dimple grinding, a Fischione Ion Mill 1010 is used for ion milling. 

Both ion guns are used, one is located above the specimen called top gun and 

the other sits below the specimen named bottom gun. Argon gas is used, and the 

following milling recipe is employed to obtain large electron transparent area: 

1) 5kV 20mA are used for both guns at an incident degree of 10. 

2) 5kV 20mA are used for both guns at an incident degree of 8. 
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3) 5kV 10mA are used for both guns at an incident degree of 8. 

The period of time required to reach electron transparency is material and 

thickness dependent, but a general total time of 4 hours should be a good 

estimation.    

Conventional TEM sample preparation method gives an thinner area and 

less ion damage due to the fact the depth of ion penetration is directly 

proportional to the acceleration voltage, which is less in conventional milling than 

by FIB. Generally the size of the transparent area is larger than that of FIB. Yet, it 

is not possible to prepare either site-specific or cross-sectional TEM specimens 

using conventional ion milling. Thus, the FIB method is used for site specific and 

indentation studies. 

3.5 The Convolutional Multiple Whole Profile (CMWP) fitting  

Prof. Ungar Tamas and Dr. Rivaik Gabor developed the CMWP computer 

programs for determining the microstructure parameters from x-ray diffraction 

patterns of materials with cubic or hexagonal crystal lattices. This algorithm 

seeks to account for the multiple different effects that may cause peak 

broadening in x-ray spectrums, which are described below.  

Firstly, there is instrumental broadening due to the imperfections of the 

diffractometer, where the peak broadening could be calibrated and subtracted by 

using a NIST standard specimen (LaB6). Secondly, there is broadening due to 

the size of the coherent domain, mainly due to the grain size with potential 

contributions from stacking faults, twins, and sub-grains. Thirdly, there is 
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broadening due to the micro-strain of the materials, such as dislocations and 

stacking faults, precipitates of second phase particles, concentration gradients in 

solid solutions, severely distorted grain boundaries in nano-crystalline materials, 

different types of internal stresses, or strains which may be heterogeneous. The 

broadening effect in the x-ray diffraction spectrum could be summarized as the 

following equations in our case. 

I=I instrumental +I Distorsion+ I size+ I other   (Eq.3.1) 

The fitting method used in the CMWP approach has the following 

assumptions: 1) the diffraction line is broadened due to the small coherent 

domains and lattice distortion; 2) the crystallites are spherical or ellipsoidal; 3) the 

crystallite size distribution is lognormal; and 4) the lattice distortion is caused by 

dislocations. The procedure for evaluation of the program is described as 

followings. 

1) Specify the name of the sample profile. 

2) Select the designated crystal system. There are three available crystal 

systems: cubic (default), hexagonal and orthorhombic. 

3) Set the input parameters values, which include the lattice constants, the 

absolute value of the Burgers-vector, the dislocation contrast factor (Chk0), 

and the wavelength of X-ray of the measuring instrument. 

4) Specify the instrumental profiles. The instrument also brings peak 

broadening, if instrumental profiles are available (e.g., the NIST LaB6 

standard used here), to include the instrumental effect can be selected 

and the name of the instrumental profiles directory need to be specified. 
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5) Determination of background. The background of line profile needs to be 

defined before fitting.  The background is given interactively by using the 

mkspline program. 

6) Peak searching and indexing. The centers and the maxima intensities of 

all peaks need to be determined and input the indexes of all peaks. If the 

peaks have different intensities, it is also possible to use weights. 

7) The interval used for fitting and plotting must be specified. The upper and 

lower limit of range of the measuring line profile that used for fitting and 

plotting need to be defined. 

8) Select the size function. The user needs to select if there is size effect. If 

there is, the possible selections are spherical size function and ellipsoidal 

size function. And spherical size function is set as default. 

9) Specification of the initial fitting parameters values. The specified initial 

fitting parameters values will be saved for subsequent runs and the user 

has the option to keep the value of any fitting parameter fixed, in this case, 

the fixed parameters will not be refined during the fitting procedure. 

10) Fitting and fit control. During fitting, the values of the parameters are 

refined using the gnuplot program, the measured and the fitted theoretical 

pattern are plotted and replotted of each step, which allows the user to 

track the fitting procedure. The fitting will be stopped when the specified 

maximum number of iterations is reached. Otherwise, the fitting will stop 

when the relative change of weighted sum of squared residual (WSSR) 

between each iteration steps is lower than the specified limit. 
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CHAPTER 4 

PRECESSION ELECTRON DIFFRACTION AND GEOMETRICALLY 

NECESSARY DISLOACTION 

In this chapter, the background, fundamentals and operating details of 

ASTAR is introduced, and its application to various material systems is 

presented. Specifically, this chapter presents the following: 

• The influence of different operating parameters of the ASTAR 

system on the diffraction patterns and subsequent quality of orientation mapping 

for various materials using a Tecnai F20 TEM. 

• The kinds of direct information that could be obtained using ASTAR 

is presented, including, for example, virtual dark field images as obtained from 

omega phase precipitates in a binary Ti-Mo system. 

• The importance of experimental parameter of the ASTAR system, 

precession angle, is addressed by comparing the results with different 

precession angle.  

• The kinds of indirect information that can be deduced from direct 

datasets is introduced, including geometrically necessary dislocation (GND) that 

can be calculated using Euler angle information obtained using ASTAR system. 

• The dislocation density in bulk material obtained using 

Convolutional Multi-Whole Profile fitting (CMWP) is presented as an evaluation 

and background, fitting quality parameter of CMWP is introduced.  
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4.1 Introduction 

The precession electron diffraction coupled ASTAR system has been used 

for characterization in a wide range of material. Few examples of applications of 

materials characterization are given in chapter 2.  The benefit of precession 

electron diffraction is the obtained quasi-kinematical diffraction pattern that highly 

reduces the dynamical effect and double diffraction pattern as the beam is tilted 

away from the optic axis with a precession angle, so it is important to find a 

precession angle. Due to the large available range of precession angle, there are 

a few used precession angles have been reported [21]. The effect of precession 

angle on the out put information has been compared and a universal precession 

angle is selected for this study in this chapter. The calculation of geometrically 

necessary dislocations (GNDs) using the orientation information from EBSD has 

been reported. Due to the resolution limitation and access to kikuchi pattern in 

EBSD, GND density calculation has been limited spatial resolution. The SEM-

based orientation mapping with electron backscatter diffraction became the 

choice of characterization tool to rapidly measure the crystallographic orientation 

from bulk material with sub-micro spatial resolution. Due to the way of detector 

collecting signals, the spatial resolution is significant worse down the tilted 

specimen surface. As the spatial resolution is determined by the acceleration 

voltage of incident beam and the atomic number of material, better spatial 

resolution is achievable using lower acceleration voltage, which increase the 

acquisition time and chance of influence of sample drifting. The application of 

EBSD is limited for characterizing highly deformed ultra-fine grain materials. The 
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severe deformation result in high dislocation density cause blurred diffraction 

pattern and low indexing number. The introducing of an alternative way of 

collecting electron diffraction technique in scanning electron microscope (SEM), 

transmission Kikuchi diffraction (TKD), has allows the characterization of highly 

deformed ultra-fine grain materials using SEM. The specimen used in TKD 

mostly prepared the same as those prepared for TEM and the Kikuchi patters are 

collected using the EBSD detector underneath the specimen. The spatial 

resolution in the range of 2-10nm of TKD increase significantly comparing to 

EBSD in SEM. Other than high spatial resolution, the good diffraction pattern 

from material with high dislocation densities using TKD is another benefit, where 

the small orientation deviation in material with high dislocation densities is not 

accessible using conventional EBSD. The PED coupled ASTAR system in TEM 

then allows the access to the orientation information at nano-scale level. 

Dislocation investigation using ASTAR system has been demonstrated by using 

virtual dark field imaging by E.F. Rauch, the dislocation show different contrast in 

the virtual dark field that is reconstructed with different g vector, then the Burgers 

vector and type of dislocation can be determined by selecting multiple different g 

vectors [22]. The study of geometrically necessary dislocation (GND) using 

EBSD in various material systems also has been demonstrated by Wilkinson et 

al [23-25]. The grain of material used in the study of GND content in Ti-64 has a 

average grain size of 11µm. The peak high of GND distribution increases with 

number of cycles in fatigue test of Ti-64 and a peak high of ~1015 in the test-to-

fail Ti-64.  
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4.2. Precession angle 

One of the advantages of the ASTAR attachment to the Transmission 

Electron Microscope (TEM) is the fact that precession electron diffraction 

produces the kinematical diffraction. Figure 4.1 shows a ray diagram of the TEM. 

Such ray diagrams, which are constructed of representative rays, are useful to 

understand the interaction of the beam with the sample, and the resulting 

simultaneous transfer of both image information and reciprocal space. When 

using the ASTAR/PED system, the choice of an appropriate precession angle is 

important to obtain high quality experimental data in a reasonable period of time. 

The calibration of the precession angle has been carried out on the Tecnai F20 

with a MoO3 specimen standard. During the calibration procedure, a diffraction 

pattern of MoO3 recorded from an orientation approximately parallel to the [001] 

zone axis is captured using a camera length of 71mm, as this camera length 

allows for the data acquisition of diffraction patterns with a full collection of zero-

order Laue zone pattern. By incorporating a precisely known lattice parameter 

and Bragg’s law, it is straight forward to establish a conversion between angle 

and pixel. Following this calibration, it is possible to adjust amplitude and phase 

to achieve desired precession angle (here in pixels), which is then stored in the 

calibration file.  
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(a) 

 

(b) 

Figure 4.1 (a) Ray diagram showing the dynamic nature of precession electron 
diffraction in TEM with the rays changing during the experiment. (b) Diffraction 
patterns collected without (left) and precession electron diffraction turned ‘on’ 
(right).  Both patterns are collected from the same region of the specimen and 
close to a 1120  zone axis in hcp α Ti.  
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Figure 4.2-4.4 shows three different types of data representations 

extracted from the PED/ASTAR® dataset collected from the same area of 

interest but using different precession angles. The three precession angles used 

were 0.65°, 1° and 1.3°, while the other settings were kept consistent for this 

comparison. The virtual bright field images of area of interest with the three 

precession angles are shown in Figs 4.2(a-c). The virtual bright field image 

shows that there is a slight drift of area of interest between each acquisition. This 

drift is due to the required re-alignment of ASTAR/PED™ as the precession 

angle is changed. Further, portions of the alignment procedure must take place 

without any beam-specimen interaction (e.g., diffracted beams). The slight shift is 

thus directly related to the precision of the TEM stages to reposition the 

specimen to previously stored positions. In addition to the obvious direct 

specimen shift, there are also other subtle distortions that appear. Due to the 

complex image formation processes (i.e., diffraction and small angles) and the 

fact that the alignment procedure involves making small changes in multiple 

lenses in the TEM column, it is difficult to deconvolve these distortions. However, 

the following are possible: tilt, coma, astigmatism, pincushion, and barrel. The 

first three of these distortions (e.g., tilt, coma, and astigmatism) are due to beam-

specimen interactions that would be present even for monochromatic sources  

while the latter two are due to the chromatic aberrations present in the lenses. In 

addition, it is obvious that an increase in the precession angle results in a blurrier 

reconstructed virtual bright field image. This is particularly noticeable in the 

edges of features and contrast of grain boundaries. This poorer focus is a result 
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of an increasing apparent beam size that results from an increasing precession 

angle. This is due to both the PED/ASTAR system as well as the aforementioned 

TEM distortions. The resulting effect is more noticeable at boundaries/features 

where the column approximation samples neighboring crystal orientations. 

Consider Figs. 4.3(a-e), which shows the same representative grain boundary 

between two arbitrary orientations, and making an arbitrary angle (θ) relative to 

the beam direction. In Fig. 4.3(a), a small precession angle (e.g., 0.65°) is 

represented, while in Fig. 4.3(b), a larger precession angle (e.g., 1.3°) is shown. 

The precession angle (φ) is directly related to the precession probe size.  Grain 1 

results in a nominal diffraction pattern as shown in Fig. 4.3(c), while grain 2 

results in a nominal diffraction pattern as shown in Fig. 4.3(e). The composite of 

these two diffraction patterns is shown in Fig. 4.3(d), which represents the 

diffraction pattern resulting from a larger interaction column, shaded in green in 

both Figs. 4.3(a,b). The virtual bright field image, as well as all ASTAR/PED 

derived two-dimensional maps, are extracted directly from the diffraction 

patterns. The more convolved the diffraction patterns are, the blurrier the maps 

will be. With the tolerance of probe size and all the other effects (both 

microscope and sample parameters), we should use the largest possible 

precession angle. As the beam itself is tilted away from the probe-forming optic 

axis with the precession angle and due to the any spherical aberration of this 

lens. 

dprobe ∝ 4Csφ
2α

    (Eq. 4.1) 
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where ϕ is the precession angle and α is the beam convergence.  

Figure 4.2 Virtual Brightfield Images reconstructed from ASTAR/PED datasets 
taken at different precession angles. Precession angles of: (a) 0.65°, (b) 1°, and 
(c) 1.3°.  

Figure 4.3 Schematic of the origins of feature broadening in ASTAR/PED. (a,b) 
Two-dimensional schematics of cross-section of TEM foil comprised of two 
grains of arbitrary orientations with an arbitrary grain boundary plane with a
precessing electron beam of two different precession angles. The resulting 
diffraction patterns from (c) grain 1, (d) the convoluted diffraction patterns from 
grains 1 and 2, and (e) grain 2.  



 
 

44 

The index maps corresponding to the identical three datasets as shown in 

Fig. 4.2 are shown in Figs 4.4(a-c). The index map is reconstructed based on the 

matching degree between pre-calculated diffraction templates and acquired 

diffraction pattern, where the diffraction templates are first ‘pre-calculated’ based 

on the known material parameters including the lattice constants and space 

group, and then stored as look-up table for more efficient indexing. In the index 

maps, the brighter contrast indicates a higher degree of matching between the 

templates and the acquired diffraction patterns. The index map reconstructed of 

precession angle 1.3° shows the highest matching degree between the templates 

and the acquired diffraction patterns. This result may seem counterintuitive, 

considering that it follows an opposite trend to the quality of the virtual brightfield 

images shown in Fig. 4.2. In understanding this seemingly conflicting 

observation, it is important to recall that the virtual brightfield image (see Fig. 4.2) 

is reconstructed from the transmitted beam, whose intensity is simply a function 

of the original intensity minus the sum total of the diffracted beams. Any 

diffraction event, such as a grain boundary, will be spread out with an increased 

precession angle. Conversely, the index maps are how well the slices through 

reciprocal space (i.e., the diffraction patterns) match the precalculated diffraction 

patterns. An increase in the precession angle corresponds to a greater rocking of 

the Ewald sphere through reciprocal space (see Fig. 4.1), resulting in an increase 

in the number of diffraction spots that are captured in both the zero-order Laue 

zone as well as, potentially, higher-order Laue zones.  An increase in the number 

of diffraction spots will result in an increase in the quality of the indexing, 
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resulting in higher quality index maps.  Interestingly, the grain boundaries seem 

to “sharpen up”, indicating that although there are convolved diffraction patterns 

near the boundary, the rocking through reciprocal space results in one orientation 

dominating locally. Figure 4.5(a-f) shows 6 diffraction patterns from locations “A” 

and “B” in the dataset for the three different precession angles. These locations 

have been identified manually and are from approximately the same beam 

position. This confirms the explanation provided above.  

Figure 4.4shows three Index maps from the same area of interest with different 
precession angles corresponding to 0.65°, 1°, and 1.3° respectively. 
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Figure 4.5 Diffraction patterns taken from location “A” and “B” designated in Fig. 
4.4. (a-c) are for location “A” for precession angles of 0.65°, 1.0°, and 1.3°, while 
(d-f) are for location “B” for the same precession angles. 

As a consequence, of the three corresponding inverse pole figure (IPF)

maps shown in Figs. 4.6(a-c), which graphically show the local crystal 

orientation, Fig. 4.6(c) which is an IPF map of precession angle 1.3° is the least 

noisy. Based on the comparison of the quality of indexing of and the 

corresponding IPF map quality for a given area of interest, a precession angle 

1.3° was used for the data acquisition through the study of this dissertation. 

While a precession angle of 3° is allowable, precession angles that exceed 1.3° 

result in precession probe sizes that are sufficiently broad so as to potentially 

degrade the spatial resolution. For the sake of completeness, the larger 

precession angles (e.g., 3°), are suitable for work with large grains with few 
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defects or for single crystal work where precise crystallographic work is required, 

thus necessitating detailed studies of the order Laue zone (HOLZ). It was also 

reported the quality improvement of orientation mapping when using precession 

election diffraction (ASTAR) for coarser grained material [26]. 

Figure 4.6 Three IPF maps from the same region of interest with different 
precession angles. Precession angles of: (a) 0.65°, (b) 1.0°, and (c) 1.3°. 

4.3. Virtual dark field image 

In addition to the virtual bright field image, a virtual dark field image can 

also be calculated based on the intensity of any given diffraction spot. Both 

virtual bright field and dark field images are the results of a spatial mapping of the 

intensity of given beams (e.g., either the incident or diffracted beams, KO or KD, 

respectively). With the ability to calculate dark field image by post-processing 

individual diffraction patterns that comprise the full array of acquired diffraction 

patterns, the user does not have to adopt traditional dark-field imaging 

techniques involving the physical insertion of the objective aperture into the beam 

path to select a diffraction spot in the diffraction pattern. Further, the real
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objective aperture size(s) on the TEM have discrete and pre-set sizes, thus 

imposing a limit on the quality of the dark field images, whereas the virtual 

aperture in ASTAR/PED analysis, though digital, can exhibit a much broader 

range of sizes, including as low as 1 pixel. For example, sometimes the objective 

aperture is not small enough to only include only one diffracted beam in a 

complex cluster (e.g., spot splitting due to phase separation), or perhaps the user 

wants to investigate only the full-width half-max of a given diffraction spot. These 

experiments would be challenging using traditional dark field imaging techniques.  

One such experiment would be the imaging athermal ω in a β-stabilized 

titanium alloy.  While this experiment is possible using conventional dark field 

imaging, it is a suitable example of the capabilities of the virtual bright field 

image, especially for variant selection. In this work, a TEM specimen has been 

prepared from a Ti-15%Mo specimen that was aged for 100 hours. In studies of 

athermal ω, the <113>β zone axes (e.g., see Fig. 4.7(a)) are suitable to analyze 

as they show distinct reflections of both phases.  A conventional dark field image 

is shown in Fig. 4.7(b) taken with an aperture size of 10 µm. With this aperture 

size, two athermal ω diffraction spots have been simultaneously selected for dark 

field imaging. 
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Figure 4.7 Dark field data of Ti-15Mo. (a) Diffraction pattern of [113] zone axis of 
β phase with the present of ω phase diffraction spots. (b) Dark field image of ω 
phase. 

The size of the athermal ω precipitate depends upon both the composition 

and the aging time. The relative ratio of precipitate size and sample thickness 

determines the usefulness of a virtual dark field image. If multiple precipitates 

exist through the thickness of specimen and the density precipitate is high, there

will be particle overlap with the matrix phase. In such a case, there will be no way 

to distinguish the ω precipitates and parent β matrix. In an ASTAR/PED dataset 

for such a case of particle/matrix overlap, a diffraction spot of ω phase will likely 

be present in every diffraction pattern. Figures 4.8(a-d) provide similar 

information as shown in Figs. 4.7.  Figures 4.8 (a,c) show representative (and 

not-distortion corrected) diffraction patterns taken from the array of diffraction 

patterns in the scan, as well as the position of the virtual aperture (size, 1pixel). 

These patterns are recorded close to the <012>β zone axis, which is very similar 

to the <113>β zone axis in that they both contain two different {112}β. Figures 

4.8(b,d) show the virtual dark field images constructed using two athermal ω 
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phase diffraction spots corresponding to two different variants. While this work is 

presented to demonstrate the capabilities of the virtual dark field technique, it is 

also the first time that athermal ω variants have been obtained in this manner. 

 
Figure 4.8 Data from a Ti-15Mo sample aged to produce athermal ω precipitates.
(a) Diffraction pattern of  [113] β zone axis with ω reflections of . (b) 
Reconstructed virtual dark field image of ω phase with reflection of 
highlighted with red circle in (a) and the cursor shows the corresponding position 
on the sample to the diffraction pattern shown in (a). (c) Diffraction pattern of  
[113] β zone axis with ω reflections of . (d) Reconstructed virtual dark field 
image of ω phase with reflection of  highlighted with red circle in (c) and 
the cursor shows the corresponding position on the sample to the diffraction 
pattern shown in (d). 
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4.4. Polar image 

When aligning the PED/ASTAR system, it is useful to assess the 

diffraction pattern as a polar image centered about the direct beam (KD), as 

opposed to a Cartesian coordinate system. An acquired diffraction pattern that 

has been image processed to enhance the contrast is shown in the Figure 4.9.  

In the figure, the origin is the center of the diffraction pattern (e.g., parallel to the 

direct beam). Given that the standard size of acquired diffraction pattern is 

144×144 pixels for the system at UNT, so the coordinate of the center of the 

transmitted beam sits at pixel coordinate of (72,72). The setting of this origin is 

important when processing the datasets, thus it is important to have a stationary 

direct beam through acquisition. Specimen thickness may influence this position. 

In Fig. 4.9, R stands as the radius for Polar coordinate. The transformed polar 

image of diffraction pattern is shown in Fig. 4.10 (a-c), where the axis of angle θ 

and radius are also labeled. 

 

Figure 4.9 Processed acquired diffraction pattern. The acquired diffraction 
pattern is inverted and processed to remove back ground to enhance the 
contrast of diffraction spot and the signal to noise ratio, the polar coordinate for 
image transformation is highlighted. 
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Figure 4.10 Diffraction pattern in polar coordinate. (a) Figure shows the 
transformed diffraction pattern in Polar coordinate. (b) Four regions are labeled in 
the transformed diffraction polar image in the figure, these four regions present 
the information at the outer radius and the corresponding area in the acquired 
diffraction patter is shown in Figure 6(c). 

(a) 

(b) 

(c) 
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When image processing the diffraction patterns to enhance the native 

information, the parameters for Noise threshold and Gamma correction depend 

on the quality of the diffraction pattern and the parameters you set for image 

preparation, so there is no simple principle for these values. A value between 

0.3-0.4 should be reasonable range for Gamma correction value and is used 

throughout these studies. In Fig. 4.10(b), four regions are labeled in the polar 

image of diffraction pattern and the corresponding information is also label in the 

processed acquired diffraction pattern (see Fig. 4.10(c)). These four regions can 

be found at the outer portion of the acquired diffraction pattern and in most cases 

can be considered to be noise. 

The maximum radius defines the region that is indexed (red dot circle in 

the acquired diffraction pattern, shown in Fig. 4.10(c)). If there is only limited 

information in the diffraction pattern, a short cut-off radius is recommended to 

avoid inadvertently incorporating noise in the diffraction pattern information that 

might be enhanced through image processing. 

 

4.5. Camera length 

While the ASTAR/PED system provides the same flexibility with respect to 

the camera length, one optimized camera length based on a template matching 

method is selected and used through the whole process of indexing the block file. 

Finding an accurate and reasonable camera length is one of the key variables to 

determine the quality and accuracy of orientation information.  
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With respect to the integration of the PED/ASTAR system and the TEM 

column, there are two camera lengths that are important for an operator. The first 

one is the camera length indicated by the microscope software (indicating a 

virtual camera length considering the strength of the projector lenses), while the 

other is used for indexing the block file, which coincides with a slightly smaller 

camera length owing to the fact that the NanoMegas™ system uses an external 

camera that looks at the small phosphor flip screen instead of the large screen in 

the viewing chamber. The NanoMegas™ calibration considers this slight 

deviation.  The camera length is set so that the information of interest falls on the 

flip phosphor screen and is viewed and recorded by the external camera. 

Following the experiment, a matching algorithm is calculated and plotted 

while all the templates are expanded homothetically from the lower limit of the 

defined camera length, shown in Figure 4.11. 
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Figure 4.11 Camera length selection during indexing. (a) A camera length of 7.2 
is selected based on the matching degree between the acquired diffraction 
pattern and the template, it is can be told visually in the figure that the overlay 
between template and acquired has a good agreement. (b) A non-correct camera 
length of is selected to show the mismatch between the diffraction template and 
acquired diffraction pattern. (c) The histogram of matching degree of a user 
defined camera length range shows the highest matching degree is at 7.21 cm. 

Generally, during the homothetic index-matching routine, high degrees of 

matching for low index camera lengths correspond to matching of the full pattern 

to the intensity from the direct-beam (i.e., the full patterns “fit into” the transmitted 

beam spot), and are thus incorrect. Beyond this regime there is a sharp increase 

of index number as the camera length approaches the real value. A camera 
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length of 71mm is used in this example and corresponding figure. The 

uncertainty for a 71mm camera length is ~ ±2mm. 

4.6. Indexing and Template matching method 

The spot detection of the raw diffraction patterns uses digital image 

processing.The position of the spot needs to be located first, followed by the 

determination of the local maximum of the individual diffraction. Once this has 

been determined, the intensity of each spot is integrated, following a local 

background subtraction. These are described in greater detail below. 

The spot position detection is achieved using the following equation:  

 (Eq.4.2) 

where x and y stand for the Cartesian coordinates in the diffraction pattern and 

i(x,y) presents the intensity of the diffraction pattern at x, y. A threshold is defined 

to determine the spot position if the gradient minima is larger than the defined 

threshold. Following the first step, the local maxima of the spot is located by 

using a detection window. The window will be centered with the maxima intensity 

pixel in the window until the local maxima is found. Another threshold is defined 

as the assumed spot size is compared with the distance (peak width) between 

the local maxima and the starting pixel with a satisfied intensity gradient. If the 

distance is larger than the defined spot size, the searching process for a 

diffraction spot continues. Once the diffraction spot is found, the summation of all 

the pixel intensity within a circle is defined as the diffraction spot intensity, 

followed with subtracting the neighboring background. Notably, the acquired 

[∂i(x, y) /∂x]2 +[∂i(x, y) /∂y]2
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diffraction patterns are not indexed in the way that is used for SAD indexing, 

such as measuring the scale of the diffraction vector and angles between the 

diffraction vectors and comparing with all the possible hkl patterns. This indexing 

method might be sufficient for indexing a zone axis, but is often limited to 

common, higher-order zone axes, and is time consuming. During a typical 

ASTAR/PED experiment, thousands of diffraction patterns are acquired and 

would require an extremely long time to index them according to the traditional 

approach. Thus, templates are generated using the known material parameters, 

lattice constant, and space group. Only the diffraction patterns that fall within the 

fundamental zones are generated.  

The polar image is used to accelerate the template matching. The 

spectrums of intensity of the transformed polar image of the acquired diffraction 

patterns and the calculated template with the relative intensities of the diffracted 

beams are compared. All of the calculated templates are compared with the 

acquired diffraction pattern, and the possibilities of being the correct solution are 

plotted in the fundamental zone stereographic triangle, at which point the 

software selects the most likely solution.  The quality of the matching (Q) 

between each template and a given diffraction pattern is calculated by the 

following equation: 

 

   (Eq. 4.3) Q(i) =

P xi, yi( )
j=1

m

∑ Ti (x j, yj )

P2 (x j, yj )
j=1

m

∑ Ti
2 (xk, yj )

j=1

m

∑
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where the P(x,y) and Ti(x,y) present the intensity function of the acquired and 

template pattern, respectively [27]. The efficiency of the number of solutions 

depends on the number of triplets, including diffraction spot position x, y, and the 

intensity, and usually 50 products that calculated for every orientation is efficient 

enough for comparing the calculated value with a given picture.  An example of 

patterning matching is shown in the Figure 4.12(a).  

 

Figure 4.12 Template matching between acquired diffraction pattern and 
template is shown. The acquired diffraction pattern is HCP structure. (b) 
Stereographic projection of hcp structure that covers the possible orientation and 
the best solution is the shown as the black spot presenting the matching degree 
of templates and acquired diffraction pattern. 

The acquired and image-processed diffraction pattern shown in Fig. 

4.12(a) is of an hcp material. Following the image matching, the best solution is 

selected and is superimposed onto the pattern to show the matching, as shown 

by the red circles in Fig. 4.12(a). The correlation index map is generated for each 

matching and the value of every point on the map represents the matching 

degree, which is normalized by the highest one and then converted to 8-bit gray 
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levels. The correlation index map is the stereographic triangle fundamental zone 

that covers all the possible orientations with the given symmetry of crystal. For 

the hcp example given here, the triangle is bounded by three directions, namely 

(0001), ( 110) and (10 0) as shown in Fig. 4.12(b). The number of diffraction 

pattern templates then fills the area and simultaneously determines the angular 

resolution associated with the template matching.  

When using the template matching method, the software will automatically 

select the best-matching solution, yet this solution does not necessarily mean it is 

the correct one. This uncertainty is considered to be a principal limitation of this 

method. The correlation indexes only quantify the degree of agreement between 

the theoretical template and the experiment images, not the quality of 

identification. The agreement may deviate from the correctness due to image 

processing artifacts or when there is limited information in the acquired diffraction 

pattern. For these cases, the software might propose multiple solutions with 

nearly identical correlation indices. Thus, another metric termed “reliability” (R) 

that is also calculated is based on the ratio of the first ‘best-solution’ and second 

‘best-solution’. When a diffraction pattern can match more than one solution with 

the same or similar possibility, the reliability of a template matching becomes low, 

showing that the confidence of indexing is not high. Reliability is similar to the 

confidence of indexing in the SEM-based orientation microscopy technique 

based upon the electron backscattered diffraction (EBSD) signal. Reliability is 

defined using the following equation: 
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  (Eq. 4.4) 

where Q1 and Q2 are the index correlation of the two highest indexes.  

There are few things that can confuse the image matching and make the 

determination of the orientation less accurate. In practice, the selected solution is 

considered to be safe when the reliability number is higher than 15 and it is 

excellent when the reliability index is higher than 40 [28]. During indexing, the 

data point that is located at the grain/phase boundary suffering from overlapping 

of both diffraction patterns that formed from two grains. For this case, while the 

software will have a degree of difficult matching the diffraction pattern to either of 

the templates, the most possible solution is selected, which can be from 

templates from either side of the grain/phase boundary depending upon the 

relative intensity of diffraction spots coming from both grains.  

 

4.7. Diffraction pattern generation 

Given that the diameter of Ewald sphere is proportional to the accelerating 

voltage, an increase in the accelerating voltage will result in a larger number of 

diffraction spots present in both the recorded diffraction pattern and the 

generated diffraction pattern template. The Tecnai TF20 operates at an 

accelerating voltage of 200 KeV, and has been used for all data obtained and 

presented in this thesis. In addition to the accelerating voltage, the excitation 

error (sg) will impact the diffraction patterns. The excitation error is proportional to 

sample thickness. Thus, with constant accelerating voltage, a thicker specimen 

R =100(1−
Q2

Q1
)
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will result in a larger excitation error. Figures 4.13 shows effect that the 

accelerating voltage and excitation error have on the diffraction pattern 

templates. 

Figure 4.13 Diffraction templates generated by software. (a) Diffraction pattern 
template of (0001) zone axis at 200kV with precession angle of 3° and excitation 
error of 1. (b) Diffraction pattern template of (0001) zone axis at 100kV with 
precession angle of 3° and excitation error of 1. (c) Diffraction pattern template of 
(0001) zone axis at 100kV with precession angle of 2° and excitation error of 1. 

4.8. Geometrically Necessary Dislocation 

The topic of dislocation density is important to this thesis, as dislocations: 

(1) are largely responsible for crystal plasticity; (2) interact and are important for 

strength through Taylor (or work) hardening; and (3) necessary to satisfy the 

compatibility between different parts of specimen.  

While we introduce the concept of geometrically necessary dislocations 

(GNDs) to be consistent with a convention that proliferates the literature, it is 

important that all dislocations are necessary at the local scale. The classification 

of dislocations as either statistically stored dislocations (SSD) or geometrically 

necessary dislocations (GND) from a mechanics point of view was first proposed 

by Ashby in 1970 [29]. In Ashby’s model, SSDs are the main contribution to work 
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hardening in homogenous deformations in single crystals, as they exist to as 

obstacles to hinder the movement of additional dislocations on the slip plane. 

Such SSDs are formed as dipoles or multi-poles. However, the inhomogeneous 

deformation in polycrystalline materials is the reason for the generation of GNDs. 

These GNDs might dominate work hardening in polycrystalline materials due to 

their rapid generation and ultimate excess relative to SSDs. The Individual grains 

in polycrystalline are considered to deform independently and GNDs exist to 

accommodate the interaction between grains or to either fill-in or hollow-out the 

voids and overlaps at the grain boundaries to ensure compatibility as required 

between grains.  

Plastic strain gradients in a crystalline material require dislocations to 

accommodate the lattice continuity. The lattice curvature exists due to the net 

dislocation left behind in a material following deformation. A schematic is shown 

in Fig 4.14 to illustrate the formation of GNDs in a material where only single slip 

on a slip system is involved. In this figure, a simple crystal is considered to 

consist of three individual parts that have equal volume. These three parts are 

shown as two-dimensional elements but representing three-dimensional volumes 

where the dislocations exist as loops. When these parts are deformed 

independently and linearly to create simple plastic strain gradients in the 

material, the dislocation loops reach the boundaries of each section. The edge 

dislocations are left behind at the boundaries and form dislocation dipoles that 

spread to either side of the section. When these three individual parts are forced 

back together, there are net dislocations left in the crystal that result in both 
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lattice curvature and are required to obtain lattice continuity. The type of 

dislocations can be determined by considering the crystalline orientation with 

respect to the strain gradient. 

 

Figure 4.14 Schematic of geometrically necessary dislocation formation [30]. 

 

A volume element that presents the imaginary sampling volume is shown 

in Figure 4.15(a). In 1953, Nye introduced a dislocation tensor to quantify the 
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dislocation of a lattice. In Nye’s tensor, αij represents the dislocations with 

Burgers vector i and line vector j, and Nye’s tensor quantifies the dislocations 

that are geometrically necessary when there exist net dislocations on the crystal. 

In Fig. 4.15, two edge dislocations are threading through the volume. For two 

edge dislocations with opposite Burgers vector but common tangent line vector, 

the net Nye’s tensor is zero when the entire volume is considered. Thus, any 

dislocation dipole, dislocation loops, and other self-terminating dislocations leave 

no net Nye’s dislocation tensor when these dislocations are fully included within 

the sampling volume. Such dislocations are considered as statistically stored 

dislocations. For the same reference volume element and dislocation 

configuration, the dislocation is uniformly distributed in the volume. Imagine the 

reference volume element is separated into two equivalent parts and each part 

contains one of the two dislocations (Fig 4.15(a)). This new volume element that 

includes a single dislocation is now the new sampling volume, and in this case, 

the Nye’s tensor is not longer zero for the sampling volume element. These 

dislocations that result from plastic strain gradient and which have geometric 

consequences on the crystal lattice are often referred as geometrically necessary 

dislocations (GNDs). The non-uniform plastic deformation introduced 

geometrically necessary dislocation densities are to preserve the compatibility of 

crystallographic lattice. The more general dislocation concept is statistically 

stored dislocations (SSDs) is used to describe the phenomenon of single crystal 

plasticity, where the dislocation slips on slip planes causes plastic deformation 

inherently. The total dislocation density of a system is a summation of SSDs and 
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GNDs, where GND presents in the system to accommodate the strain gradient 

and the SSDs density is the remainder. As SSDs form dislocation dipoles and 

multi-poles, GND can also be equally considered as local surplus of certain sign 

of total dislocation density [31]. It is almost impossible to identify an individual 

dislocation either as being geometrically necessary or not and each dislocation 

accommodates a plastic strain gradient locally and lead to a local lattice 

curvature, so the density of SSD and GND are based on the properties of 

dislocation density within a volume. During plastic deformation, both long-range 

and short-range obstacles pins the dislocations [32]. The isotropic effect of 

hardening of metals is due to increasing number of the dislocation interaction 

with short-range obstacles during SSDs’ evolution and the interaction with short-

range obstacles of dislocation is temperature dependent effect that will be 

overcome by thermal activation. In contrast, the interaction of dislocation with 

long-range obstacles is temperature independent but can be overcome with the 

assistance of applied resolved shear stress. The GND is recognized that has the 

distribution to this long-range effect [33]. The SSDs annihilate when dislocation 

with opposite signs meet at a distance that is smaller than the critical annihilation 

length. At the same time, the GND evolution is coupled to the incompatibility of 

the plastic deformation where a GND density is needed to accommodate an 

appropriate gradients of crystalline slip. 

Nye’s tensor is calculated by linear integration over all dislocations in the 

sampling volume element V following the equation: 
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    (Eq.4.5) 

where αij is the Nye’s tensor, t is the tangent line direction of a dislocation and b 

is the Burgers vector of the dislocation. The precise path of the dislocations 

threading through the volume has no effect on the evaluation of Nye’s dislocation 

tensor for a given volume, as the Nye’s dislocation tensor is only determined by 

the position of the two ending points of dislocation, so the equation becomes  

    (Eq. 4.6) 

where xj
+- xj

- is the can be substituted by the average tangent vector t and the 

secant length l is a straight line (dash) between two ending points shown in Fig 

4.15(b). Thus, the integral equation may be rewrite as:  

     (Eq.4.7) 

where t is the average tangent vector and l is the secant length. With the 

description of dislocation density as the line length in a volume, the summation of 

geometrically necessary dislocations density, ρGND, can replace the secant line 

length and the sampling volume, V, resulting in the following equation:  

     (Eq.4.8) 
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Figure 4.15 Schematic of dislocation in sample volume and resolution effect. (a) 
Two dislocations with opposite signs present in the sampling volume. (b) One 
edge dislocation thread through the sampling volume and the dashed line 
presents the equivalent dislocation with average Burgers vector. (c) The GND 
density depends on the resolution (sampling volume), where the effective GND 
density increases with decreasing resolution. At a limit resolution (coarsest 
resolution, the effective GND density represent the actual GND density (without 
including some of the SSDs). At lower limit (1nm), the GND density approaches 
the total density because the dislocation spacing can be nearly resolved [34]. 

When the displacement field is in continuous, the integration of 

displacement around any closed loop C is zero, as shown in the equation below: 
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    (Eq. 4.9) 

where β is the displacement gradient tensor, in this case, dui=βijdxj. The 

displacement gradient tensor contains both elastic and plastic parts βe and βp 

respectively. It is also significant to note that the displacement gradient tensor is 

related to the Burger’s circuit construction where the net Burgers vector of 

dislocation lines piercing the loop C, is following the equation below: 

   (Eq. 4.10) 

The relation between the dislocation tensor and the elastic field can be 

found by solving the two equations. 

     (Eq.4.11) 

Rotation and strain field information map calculated from precession 

electron diffraction data is only available over the two dimensions analysis 

through the volume TEM sample. As the depth (z) information is missing, 

elements in the above equation containing  are unknown. The elements in 

Nye’s dislocation tensor are related to the dislocation density of different 

dislocation types. 

   (Eq. 4.12) 

where bs is the burgers vector, and ts is the unit dislocation line direction of the sth 

dislocation type. 

du
C

∫ = β ⋅du
C

∫ =0

B = − β Ρ ⋅dx
B

∫ =- curl
s

∫∫ β Ρ( )ds

α = curl(β e )

αij = ρs
s=1

s=max

∑ bi
st j
s
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Once the orientation of two neighboring data points have been 

determined, their misorientation can be calculated disregarding their particular 

phase. The misorientation ΔG between these two neighboring data points can be 

taken as the orientation of one of the data points with respect to the other one 

and expressed as:  

    (Eq. 4.13) 

 

where G1, G2 are the orientations of the two data points. 

As a result of crystal symmetry, each crystal orientation can be presented 

in the number of point group (n) or Laue group symmetry elements (S): 

   (Eq.4.14) 

The total misorientation between two data points will be the multiplication 

of number point group of two neighboring data points n*m (where m is the 

number of point group of the other data point), so the misorientation between two 

data points can be expressed as: 

(i=1 n, j=1 m)   (Eq.4.15) 

The misorientation is usually expressed in the form of a rotation axis u and 

a rotation angle ω around this axis; the rotation axis-orientation angle pair can be 

calculated from the misorientation matrix using the equation: 

 

 

  (Eq.4.16) 

ΔGji = (S1,i •G1)•(S2, j •G2 )
−1

ui = [(Gii − cos(ω)) / (1− cos(ω))]
1/2, i = x, y, z

ω = cos((Gxx +Gyy +Gzz −1) / 2)
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4.9. Euler angles to quaternion conversion and orientation averaging in 

quaternion space.  

The orientation of a crystalline lattice can be described by a rotation axis  

and a rotation angle ω round this axis. Since orientation determination for each 

acquired diffraction pattern is fully automated, relying on image preprocessing 

(i.e., segmentation, distortion, etc), the mis-indexing of some diffraction patterns 

is expected.  Averaging orientation values in quaternion space is a common 

method to partially deal with the problem and smooth the IPF map. A set of four 

real numbers makes a unit quaternion. 

  (Eq.4.17) 

Euler angle conversion to quaternion and misorientation between two 

quaternion sets respectively.  

 

        (Eq. 4.18) 
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The orientation difference between any two orientations can be 

characterized by the rotation from one orientation to the other, and the rotation is 

expressed by the product in quaternion of these two orientations 

 

    (Eq. 4.19) 

where q is the orientation in quaternion unit. And the misorientation between two 

orientations is , as the existing symmetry of crystalline lattice, the 

orientation can be described in several equivalent ways and the lowest of all the 

possible misorientation angles that is described in the equivalent symmetric way 

is selected as the orientation difference between two orientation and this 

misorientation is termed as disorientation. 

GND (geometrically necessary dislocation) can be calculated based on 

Nye’s local dislocation density tensor. Dislocation density and lattice curvature 

can be derived by using the orientation difference between two orientations when 

the elastic stress is not considered. The misorientation between two orientations 

is separated by a distance of Δx spatially, so the lattice curvature of the lattice 

can be described by  

    (Eq.4.20) 
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where ω is the disorientation of these two orientation and Δx is the spatial 

distance between these two orientation. In the experimental set up, the data is 

collected on an almost flat surface, so it is not hard to find the lattice curvature 

the orientation difference between two neighboring points based on a square 

grid, shown in Figure [35]. The local lattice curvature is only investigated in plane, 

so the information of perpendicular to the investigated plan is missing. In 

consequence, the components of lattice curvature tensor along the perpendicular 

axis are missing. Only six curvatures tensor is accessible κi1 and κi2.  

Five components of dislocation density tensor can be derived by the six 

accessible lattice curvature 

 

 

 

    (Eq. 4.21) 

 

 

 

and the four missing components are          

 

 

α12 =κ21

α13 =κ31

α21 =κ12

α23 =κ32

α33 = −κ11 −κ22

α11 = −κ22 −κ33
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The difference between the two components on the perpendicular axis  

 

 

 

The total dislocation density tensor is a sum over individual dislocation 

density elements in Nye’s dislocation tensor are related to the dislocation density 

of different dislocation types. In hcp, it is assumed that there are 33 potentially 

active slip systems (three <a> type screw, three <a> type basal, three <a> type 

prism, six <a> type pyramidal, six <c+a> screw, 12 <c+a> pyramidal. The 

number of equations is less than the number of type of dislocations; it has to use 

optimized conditions to determine the dislocation configuration. And in this study, 

the line energy of each dislocation is used to define the optimized conditions for 

dislocation configuration.  

α22 = −κ11 −κ33

α31 =κ13

α32 =κ23

α11 −α22 =κ11 −κ22
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(Eq.4.22) 

Where  is the component of the sth Burgers vector in the xith direction and is 

the component of the sth line vector in the xith direction. The total energy of the 

dislocation configuration must be minimum. L2-minimization method is used to 

predict the dislocation density using line energy minimization: 

    (Eq.4.23) 

where x stands for the lattice curvature matrix, and A is the line energy of 

different dislocation types, and y is the dislocation density. The lower bound 

solution can be determined. The dislocation type that satisfies the available 

lattice curvature component then will be assigned a dislocation density which 

allows the total dislocation energy of the system is minimized [36].  
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4.10 Convolutional multiple whole profile fitting. 

X-ray diffraction is widely used as a characterization tool for phase 

identification and texture analysis. X-ray diffraction follows Bragg’s law where the 

incident X-ray will excite different sources of signals, such as Auger, photon, X-

ray, etc. The x-ray that is reflected by the atomic plane is collected. The selection 

rule of x-ray diffraction is listed for different structures.   

In real crystal, lattice defects exists, the atoms are displaced not at their 

ideal position, and the reciprocal space may also distorted due to the 

displacement. So, the condition of diffraction is satisfied in a finite volume in the 

proximate of ideal positions of the reciprocal lattice point, which is known as 

strain broadening. he shape and position of the x-ray diffraction peaks change. 

The correlation of dislocation configuration broadens the line profile differently, so 

when the correlation between dislocations is strong, line profile is not as 

significantly broadened when dislocation has weaker correlations. There is a 

dimensionless parameter, termed as dislocation arrangement parameter M*, in 

program presenting the correlation of dislocation. When the material is suffering 

from the uniform deformation, there will be a shift of a specific peak but not 

shape changes. In contrast, if there is a bending of the lattice, the x-ray 

diffraction peak is broadened, and, till the failure, the peak broadening is 

proportional to the amount of deformation. It is worth to mention the strain 

intensity profile follows the Fourier transform, which is not always the case in real 

measurements. There are different configurations of dislocations that can 

contribute asymmetric broadening of the profile. It was proposed by Ungar et al. 
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(1984) and Mugfrabi et al. (1986) that a special cell-wall structure for 

dislocations, as dislocations are higher at the wall of cells than the cell interior. It 

is normally harder at grain boundaries in material than the interior. Other defects, 

such planar faults, can also cause asymmetric broadening. 

The x-ray diffraction experiment is performed on all the available 

commercially pure specimens, and the Convolutional Multiple Whole Profile 

Fitting (CMWP) is performed using a Lunix operation system. Parameters used 

for fitting the whole spectrum are input by the user. In this case, the parameters 

that are suitable for the HCP structure are selected.  

CMWP is used not only to characterize the specimen but to also evaluate 

the geometrically necessary dislocation calculation that is performed using lattice 

rotation information collected using automated crystallographic orientation 

mapping on TEM. 

In a texture-free powder or polycrystalline or a in a system where all the 

Burgers vector distributed and populated equally, the dislocation contrast facts 

are a linear function of the fourth-order invariants of the hkl indices [36]. Using 

the fourth-order invariants of the hkl indices to determine the population has been 

approved to be useful to analyzing strain anisotropy in terms of dislocations, 

determining the slip activity and geometry of dislocation in plastic deformation, 

and some ratios of elastic constants. The dislocation model used for the fitting 

shows the equivalence to the phenomenological approach when it comes to the 

untexture polycrystalline or powder specimen [37]. The Quantitative results can 

be achieved by using the dislocation model, which is relevant to the 
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microstructure of the crystal, and can also applied to strong textured and single 

crystal material. But the strain anisotropy is not solved in the single crystal 

material system using phenomenological approach. The dislocation model is 

based on the contrast or orientation factors, C, of dislocations. The contrast 

factor is based on the relative orientation between Burger and line vector of 

dislocations and the diffraction vector. The elastic constant of the crystal is in the 

same way as in transmission electron microscope (TEM), which defines the 

visibility of dislocations in the diffraction experiments. When Burgers vector (b) 

and a diffraction vector (g) have a relationship of b.g=0 for a dislocation, it is not 

visible is for an edge dislocation. Similarly, in strain broadening using CMWP, 

this dislocation has no or almost no effect of broadening on a line diffraction 

profile. An artificial Cartesian coordinate system is established where there is a 

dislocation that is parallel to the z-axis of the system. The displacement of this 

dislocation is transformed to a polar coordinate in the xy plane. In this case, the 

contrast factor is given by the following equations: 

       

   (Eq.4.24) 

i=1,2,3 and j=1,2, 

where K(φ) is a trigonometric polynomial, ϒiϒj are the direction of cosines of the 

diffraction vector in the xy plane of the polar system, is the distortion tensor, 
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ui is the displacement field of the dislocation, and r is the length variable in the 

polar coordinate system [38]. 

The average dislocation contrast factor was first used in simple system of 

cubic structure. The contrast factor is more complicated in a hexagonal crystal 

system than that of a cubic crystal system, as there are six elastic constants 

instead of three, and there are also two lattice constants. The shear and 

compression anisotropy and three different major slip systems that related to the 

three glide planes of basal, prismatic, and pyramidal also add complexity [38]. 

The q parameter value is determined by using the profile diffraction profile 

analysis procedure, a matching between experimental and numerically calculated 

values to analyze the Burgers vector to determine the dislocation density. The 

true dislocation densities can be evaluated using the Burgers vector population 

and corresponding contrast factors. The average dislocation contrast factor can 

be fully characterized using two parameters, where the average dislocation 

contrast factor that is corresponding to h00 reflections, Ch00, and the other 

parameter denoted as q, determined by the elastic constant of material and the 

dislocation type.In cubic crystals, the average dislocation contrast factor is 

determined following the fourth order polynomials of the hkl and the equation: 

    (Eq.4.25) 

where  

 

For hexagonal crystal: 

C =Ch00 (1− qH
2 )

H 2 =
h2k2 + h2l2 + k2l2

(h2 + k2 + l2 )2
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   (Eq.4.26) 

where 

 

 

and  is the ratio of the two lattice constants. The q and ai parameters are the 

same throughout all the reflection, and q parameter is measured by the CMWP 

program. This parameter usually falls between the values of the q parameter 

calculated edge and screw dislocations. As the measured q falls in between the 

edge and screw dislocations, if the measured q parameter is closer to the 

calculated edge dislocation value, then the character of dislocations is edge; 

otherwise, the character of dislocations is screw. If the character of dislocation is 

a mix of both edge and screw dislocations, the measured q parameter is close to 

the average of calculated edge and screw dislocation q parameters. 

Prof. Ungar Tamas and Dr. Rivaik Gabor develop the CMWP computer 

programs for determining the microstructure parameters from x-ray diffraction 

patterns of materials with cubic or hexagonal crystal lattices. There are different 

effects that may cause the peak broadening in the x-ray spectrum. First, the 

instrumental broadening due to the imperfections of diffractometer, where the 

peak broadening could be calibrated and subtracted from later fitting by using the 

standard specimen (LaB6). Secondly, the coherent domain, mainly due to the 
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grain size, may also include the effects of stacking faults and twin faults, so the 

sub-grains. Thirdly, the micro-strain of the materials, such as dislocations and 

stacking faults, precipitates of second phase particles, concentration gradients in 

solid solutions, severely distorted grain boundaries in nano-crystalline materials, 

different types of internal stresses, or strains which may be heterogeneous [38]. 

The broadening effect in the x-ray diffraction spectrum could be summarized as 

the following equations in our case. The fitting method used in the CMWP has 

the assumptions: 1) the diffraction line is broadened due to the small coherent 

domains and lattice distortion; 2) the crystallites are spherical or ellipsoidal; 3) the 

crystallite size distribution is lognormal; and 4) the lattice distortion is caused by 

dislocation. 

The input profile that is used for the CMWP program is a two-column dat 

file that contains the reflection angle (2θ) and corresponding intensity. The 

reflection angle (2θ) will be transferred to the diffraction vector during the 

evaluation as the model is based on the relative relation of orientation of 

diffraction vector and Burgers vector, so the conversion is for the ease of 

calculation. As the absolute value of the diffraction vector is reciprocal of the d-

spacing, combining with Braggs law, , and the value of g at exact Bragg 

condition, the absolute value of diffraction vector at Braggs’ condition is 

. The most important characteristic parameters of an intensity 

function at Braggs’ condition are the maxima intensity, the integral breadth (the 

area of the normalized intensity curve), and the full width at half maxima 

g =
2sinθ
λ

gB =
2sinθB
λ
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(FWHM). The variables of intensity around Braggs’ reflection are used for 

evaluation, and the intensity function can be expressed as function of deviation of 

diffraction vector from exact Braggs condition, denoted as s, 

   (Eq.4.27) 

The Fourier Coefficients of diffraction profiles can be given as the product of the 

‘size’ and ‘distortion’ coefficients,  and : 

    (Eq.4.28) 

L is the Fourier length, which is defined by the unit, denoted as a, of the Fourier 

length in the direction of diffraction vector g. For the line profile, which is 

measured from θ1 to θ2, the unit length a is defined as: 

   (Eq.4.29) 

where λ is the wavelength of the X-rays. In 1959, Warren has shown that the 

Fourier coefficients can be written as  

  (Eq.4.30) 

where  is the mean square strain in the direction of the diffraction vector. 

   (Eq.4.31) 

where ρ is the density, Re the effective outer cut-off radius, b is the absolute 

value of the Burgers vector, and C is the contrast factor of dislocations [38]. 

Krivoglaz(1969) and Wilkens(1970) assume that the main source of peak 

broadening near the fundamental Braggs positions is dislocations [39,40]. The 

cut-off radius in the mean square strain equation is used as a substation of 

s = g− gB ≈
2cosθB
λ

Δθ

AL
S AL

D

AL = AL
SAL

D

 a=λ /[2(sinθ1  - sinθ2 )]

lnAL (g) ≅ lnAL
S − 2π 2L2g2 εg

2

εg
2

εg,L
2 ≅ ρCb2 / 4π( ) ln(Re / L)
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crystal size introduced by Wilkens based on Krivoglaz’s model. This effective 

outer cut-off radius stands as separate regions where the dislocations only 

interact within these regions, and dislocation density of all these separate regions 

is of an exactly ρ. Strain broadening is anisotropic, increases with K (reciprocal 

space coordinate or diffraction vector), and can be presented as a function of a 

dislocation contrast factor. If planar or stacking faults exist, it will also contribute 

to the broadening of diffraction profiles. Unlike anisotropic diffraction profiles 

broadening caused by dislocations, the broadening of diffraction profiles is 

anisotropic but does not increase with K. The ΔK values, defined as the full width 

half maxima or integral breadths of the measured profiles, are plotted as a 

function of diffraction vector K was proposed as Williamson-Hall procedure by 

Williamson & Hall in 1953 [41]. The Williamson-Hall plot helps to understand the 

reason of peak broadening qualitatively, as there is no peak broadening caused 

by strain in at K=0. The strain effect can be understood qualitatively using the 

slope of the curve presenting the information as a function of the diffraction 

vector. When there is a strong effect of strain broadening, ΔK increases strongly 

with K, and vise versa. Instead of the breadth methods, whole profile methods 

have also been developed to determine the microstructural parameters; ab-initio 

theoretical functions are used to fit all reflection simultaneously. Some full profile 

methods are also proposed. In 1990, Nusinovici & Rehfeldt-Osierski used a 

pattern decomposition program to determine line profile parameters by measured 

peaks with Viogt, pseudo-Voigt, and Pearson functions. Louer & Audebrand 

developed a program to fit all the reflections by using pseudo-Voigt function in 
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1999 to determine microstructural parameters using the multi-whole profile 

method, microstructural parameters are obtained directly from the fitting 

procedure, but there will be no individual profile parameters provided [42]. 

The principles of the method is to fit the whole measured powder 

diffraction pattern by a summation of both background functions and profile 

functions using the convolution of ab-initio theoretical function. 

 (Eq.4.32) 

where BG(2θ) represents the background,  is the peak intensity,  is the 

2θ value at the peak center and  is the theoretical profile for the hkl reflection, 

and the theoretical profile of   can be expressed using a convolutional 

equation: 

  (Eq.4.33) 

where  is the measured instrumental profile and ab-initio profile function, size 

function , and theoretical strain profile for dislocation  and theoretical 

planar faults function profile . This convolution equation is based on the 

Warren& Averbach equation [42]. Depending on the peak broadening effect 

included, the following microstructure parameter can be provided: median of size 

distribution, ellipticity of the crystallites, density and arrangement of dislocation, 

strain anisotropy parameters, and probability of planar faults. Based on the 

convolution equation, the two non-microstructural parameters, the and , 

are fitted simply as free parameters, and the fitting is carried out in two steps; the 

Itheoretical = BG(2θ )+ IMAX
hkl I hkl (2θ − 2θ0

hkl )
hkl

∑

IMAX
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hkl

I hkl

I hkl

I hkl = Iinstr.
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hkl ∗ I pl. faults
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and  are fitted together with the microstructural parameters and 

determined in the first few iteration, then use these two determined and fixed 

parameters, and the physical parameters will be refined. In the CMWP, the 

intensity values are measured at a series of diffraction vectors. In the fitting 

procedure, there are several measured and calculated values are used to qualify 

the fitting. There are several parameters that define the quality of fitting, 

goodness-of-fit, and R factors. Before the discussion of the quality of fitting, 

couples of terms need to be defined. There is always an uncertainty of measured 

intensity, yo,i,  and expected intensity, yc,i,  at 2θ, and this uncertainty is termed as 

standard uncertainty, σ[yo,i]. So, the measured intensity should always be in a 

certain range around the expected intensity, yo,i= yc,i ± σ. The weighted sum of 

squared differences between the observed and calculated intensity is minimized 

while the model is optimized, wi (yC,ii
∑ − yO,i )

2 , where the weight parameter is wi, 

wi=1/ 2 [yo,i]. The weighted profile R-factor (Rwp) [43]. the model is ideal and can 

predict the true value of observed intensity accurately and in this case, 

(yC,i − yO,i )
2

 
 equals  the standard uncertainty, σ2[yo,i]. Another factor is defined as 

the expected R factor following the equation: Rexp
2 = N / wi (yO,i )

2

i

∑ , where N is the 

number of data points. As all the variable parameters used in the pattern fitting 

method are included in a refinement procedure that minimizes S, which is 

defined as the agreement between the observed and the calculated intensity 

distributions and between the integrated intensities of the observed and 

IMAX
hkl 2θ0

hkl
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calculated models for reflections. All the profile factors R and goodness of fit GoF 

contain the quantity S in their numerator. They are following the equation 

   (Eq.4.34) 

   (Eq.4.35) 

The quantity S is defined using the following equation 

   (Eq.4.36) 

During the fitting procedure, the GoF starts out with a large number at the 

beginning of fitting and decreases as the agreement between the model and the 

data becomes better. There should not be an increment of GoF value during 

refinement mathematically, while small increase is allowed in practice. Based on 

the relationship of Rwp, Rexp, and GoF, GoF2=(Rwp/Rexp)2 , the value of GoF 

should never drop below one, as the smallest value of Rwp should ever be is Rexp. 

If the value of GoF2 drops below one, then (yC,i − yO,i )
2

    
is less than σ2[yo,i], and 

either the standard uncertainties for the data is over estimated or too many 

parameters have been introduced to fit the noise. Even with all these defined 

parameters, one still cannot tell how good and accurate the fitting is. The reason 

why it is not possible using one threshold to determine the quality of fitting is 

these parameters not only reflect how the structural model fits the diffraction 

intensities but also related to the background level and the shapes and positions 

Rwp =
wi (yi(obs) − yi(cal )∑ )2

wi (yi(obs) )
2∑
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of peaks [40]. Especially the background level that plays an important role of 

fitting, the Rwp value is small when there is a large percentage of total intensities 

from the background even without a proper structural model. The difference 

between the calculated and observed intensity of peak increases when the 

imperfections exist in the peak shape and positions, and the difference will be 

“magnified’ with increasing counting number, this makes it impossible to obtain a 

small Rwp value, especially comparing this “magnified” difference with the 

uncertainty in the intensity. Increasing the resolution of the measuring instrument 

can improve the fitting as it provides more crystallographic observables. Yet, a 

between resolution reveals the imperfections of peak position and shape even 

more, and this might result in a “worse” fitting with a way-off Rwp value. The final 

absolute values of these fitting quality parameter are really not give a quantitative 

number of how good the fitting is between the calculated and observed line 

profile. It is always helpful to judge the quality of the fitting procedures based on 

the visualization graphs showing the fitting between the calculated and observed 

line profile. Another important features shows in the fitting graphs is the 

difference between the calculated and observed line profile at the end of fitting, 

that gives the overall deviations between the two line profile, also could help the 

user to decide the quality of fitting. Figure is shown as an example of the final 

fitting graphs of titanium specimen, the observed line profile, has a low 

background signal level and relatively sharp peaks. The difference curve shown 

in the figure can be ignored compared to the signal counts of the peaks, even 

though the fitting qualitative parameters show that the fitting it not perfect and the 
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result obtained from the fitting procedure may not be accurate, but as mentioned 

above, the agreement between the observed and calculated line profile is good 

enough to consider the results obtained from the fitting procedure as reasonable 

estimation. 

 

Table 4.1. Dislocation density from ASTAR and CMWP. 

Sample num. 1 2 3 4 5 6 7 8 9 

Dislocation 

density 

 (log10m-2) 

(PED) 

 

15.7 

 

15.9 

 

15.8 

 

15.9 

 

15.8 

 

15.6 

 

15.8 

 

15.9 

 

15.8 

Dislocation 

density  

(log10 m-2) 

 (CMWP) 

 

14.6 

 

15.1 

 

15.1 

 

15.3 

 

15.1 

 

14.7 

 

14.6 

 

15.1 

 

15.1 
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CHAPTER 5 

MICROSTRUCTURE EVOLUTION OF COMMERCIAL PURE TITANIUM 

PROCESSED BY EQUAL CHANNEL ANGULAR PRESSING  

5.1.  Introduction 

Ultra-fine grained materials with sub-micrometer grain size exhibit superior 

mechanical properties when compared with conventional fine-grained material as 

well as coarse-grained materials. Severe plastic deformation (SPD) techniques 

have been shown to be an effective way to modify the microstructure in order to 

improve the mechanical properties of the material, as have more traditional 

routes including forging, extrusion and rolling.  

However, these materials are still the subject of significant development 

efforts owing to technical barriers, including: the capital costs required for the 

tools and machines required to produce large-scale or massive products; the 

variability in the quality of the products; and the difficulty in designing in particular 

textures and properties. The latter barrier, i.e., the texture of a material, is a 

function of multiple materials variables including plastic anisotropy, the starting 

texture, and the loading conditions. This plastic anisotropy is weakened in 

polycrystalline materials due to the more random orientation distribution of 

grains. When such a polycrystalline deforms, the individual grains rotate to a 

more preferred orientation with respect to the applied deformation, resulting in an 

evolution of texture [44,45]. The texture evolution involved in SPD is complicated 

due to the factors that may have an impact on the final product. So it is important 

to understand the role of the deformation condition and the material 
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characteristics such as crystal structure and microstructure, deformation 

mechanisms and phase, etc.  

Refinement of grain size of material during ECAP is controlled by the 

formation of sub-grain boundaries with high dislocation density. In hexagonal, it is 

not easy to produce ultra-fine grain bulk material as it is harder to deform than a 

cubic material, mainly because the slip activities in hexagonal material is different 

due to the complex slip systems. In hexagonal material, the main slip direction for 

dislocation to happen is mainly along the close-pack direction on the basal or 

prismatic planes. <a> type Burgers vector with a slip direction of <11 0> on slip 

planes of {10 0} acts as the primary slip system and less frequently the basal 

plane {0002} with slip direction of <11 0>. <c+a> type dislocation on pyramidal 

planes also has been observed in the ECAP process. Not only slip of dislocation 

is involved during deformation but also deformation twinning contributes to the 

grain refinement during the deformation. The twinning planes in titanium are 

{10 2}, {11 1}, {11 2} at room temperature and {10 1} at evaluated temperature 

of 673K. It is also found that the deformation twinning in titanium system 

encourage the <c+a> type dislocation that is along the <11 3> direction on the 

slip planes of { 011} or { 22}. Studies have shown that the deformation twinning 

that belongs to the {10 1} plane twin acts as the primary deformation structure in 

titanium during the firs ECAP pass other than slip that was found in cubic 

systems. During deformation, there are several factor that could determine the 

deformation mode that is involved, such as constraint imposed, shear model, 

large shear and high shear rate, these factors encourage {10 1} twin structure to 
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operate at lower temperature instead of {10 2}, {11 1} and {11 2} twinning 

planes. Twinning boundaries appears to obstacles of dislocation during ECAP 

deformation, this phenomenon is also observed in rolling or drawing. The shear 

strain introduced by {10 1} is only about 0.1 [43], which is way smaller than that 

introduced by ECAP of ~1.83. And this {10 1} deformation twinning mode is the 

so-called “b4” mode is commonly found in single crystalline pure alpha titanium 

apparently is not large enough to accommodate the ~1.83 shear strain that is 

imposed by single ECAP pass, even with multiple region with different {10 1} 

family twins might be activated. There are other deformation twinnings that are 

not preferred by the system due to the high interfacial energy if there is no other 

deformation mechanism exist and negligible disturbance of atomic arrangement. 

But the low dislocation density and high twinning density suggest that different 

deformation twinning modes that are rarely observed might be activated.  D.H. 

Shin [45] shows that the so-called b3 {10 1} twinning mode has a shear strain of 

~0.55 and b1 mode {10 1} has a strain of ~1.44, based on the scale of imposed 

shear strain, there two twinning mode might be a good estimation that is 

comparable with that of ECAP. It was observed that the density of twinning 

structure remain the same and the dislocation density increases [46]. The 

increasing density suggests that dislocation slip dominate plastic strain 

accommodation than twinning in the second pass ECAP as a result of structural 

changes that increases the critical resolved shear stress for twinning more than 

dislocation slip. The grain size related work hardening described by Hall-Petch 

explains as the grain size decreases. Simulation work also has been done to 
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investigate the contribution of slip system and deformation twinning to the total 

deformation. In the work of S.Suwas [47], the matching between experimental 

observation and simulation result has a better agreement when the simulation 

uses the assumption that the shear modulus of prismatic system is larger that the 

basal system. The assumption is not true in single crystalline, as the 

measurement in single crystalline has shown that the prismatic slip system is the 

major one in titanium. But in polycrystalline, this could be explained as the 

different rate of hardening between prismatic slip system and other slip systems, 

as it is more rapidly hardened on prismatic system that was initially soft. Twinning 

is shown as the main contribution to accommodate the deformation in the first 

pass of ECAP. 

5.2. Experimental Procedure 

As received 2 passes and 4 passes ECAPed CP-Ti was sectioned in the 

transverse direction and mechanical polished to mirror surface and then ultra 

sonic cleaned. And TEM lift-out is prepared on the polished surface so that the 

exposed surface in TEM would be parallel to the longitudinal direction of the 

billet. TEM lift-out specimens were prepared for transmission electron 

microscopy using the FEI Nova Nanolab 200 system. Then the TEM specimens 

were analyzed in a FEI Tecnai F20-FEG TEM with NanoMegas ASTAR/PED™ 

attachment for orientation mapping with an precession angle of 1.3°. Acceleration 

voltage of 200KeV, gun lens of 5, C2 aperture of 50µm and spot size of 9 were 

employed to achieve a beam size of ~2nm. The diffraction patterns were 

acquired with an exposure time of 40 milliseconds and camera length of 71 mm. 
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An average acquisition time for an area of 5µm×5µm with a step size of 10 nm is 

~4 hours. 

5.3 Texture evolution  

The pole figures of (0001), (11 0) and (10 0) of 2 passes and 4 passes 

are shown in the Fig 5.1 and 5.2. The texture between 2 passes and 4 passes 

are different. The fiber component in (0001) pole figure is deviated from 

transverse direction (TD) by 9° and the deviation of fiber texture component 

increases to 22° counter-clock wise from TD, also the width of the fiber become 

narrower indicates higher texture. 

 

 

(a) (b) 

 
Figure 5.1 Pole figures of 2 passes ECAP CP-Ti along the longitudinal direction 
are shown.  
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(a) (b) 

Figure 5.2 Pole figures of 4 passes ECAP CP-Ti along the longitudinal direction 
are shown.  

 

The fiber texture components in 2 passes and 4 passes ECAPed CP-Ti in 

the (0001) pole figure are C1 fiber texture and the deviation of 2 passes and 4 

passes from RD changes from ~11° to ~21°. The P fiber texture component is 

observed in 2 passes ECAPed CP-Ti (10-10) pole figure and is also tilted from 

ideal position by ~11°. The P fiber texture component decreases with increasing 

shear strain when comparing between 2 passes and 4 passes. The ideal texture 

pole figure for such material is described as following of simple shear of hcp 

structure crystal: (1) Fiber B (0°, 90°, 0-60°) which indicates basal plan is parallel 

to the shear plane; (2) The P fiber (0,0-90°, 30°) where <a> is parallel to the 

shear direction. The end-orientation of this fiber is called P1, its appearance in 

the φ=0 section is redundant along several lines for two reasons: Firstly, there is 

a singularity of Euler space at φ=0°; Secondly, P1 fiber appears also at different 

locations because of the hexagonal crystal symmetry.  The Y fiber (0°, 30°, 0-60°) 

is a “c” fiber, meaning that the fiber axis is the c-axis that is rotated toward the 
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shear plane by 30. The C1 fiber (60°, 90°, 0-60°) and C2 fiber (120°, 90°, 0-60); 

there are also ‘c’ fibers where the c-axis is first rotated 90 in the shear direction, 

then ±30 in the shear plane direction [48]. In the simple shear deformation, the 

stability parameter for different fibers depends on relative reference stress value, 

the critical stress are no equal on different slip modes in hcp material. 

Nevertheless, the texture development in material depends on the actual 

combination of critical resolved shear stress values. The slip systems of hcp 

crystal along fiber texture are all active during simple shear deformation, <a> 

type dislocations are most active along the P and Y fibers; <c+a> type 

dislocations are most active in C1-C2 fibers. 

5.3. Dynamic Recrystallization 

The inverse pole figure (IPF) maps of 2 passes and 4 passes equal 

channel angular pressing (ECAP) processed commercially pure titanium (CP-Ti) 

are shown in Fig 5.3. The billet were sectioned perpendicular to the longitudinal 

and mechanical polished to a flat surface, then fine polished with colloidal silica 

to a mirror and scratch free surface. Site-specific TEM specimens were then 

prepared using the DualBeam™ focus ion beam (FIB)/SEM. The lift-out is 

prepared parallel to the longitudinal direction of the billet and the orientation of 

longitudinal direction of the billet is clear from the elongated grains present in the 

IPF map. The microstructure of both 2 passes and 4 passes ECAPed CP-Ti 

consist of the prototypical elongated band structures comprised of both coarse 

grains and fine grains. The elongated grains/bands are most parallel to the 
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pressing direction and tend to be aligned parallel to each other with a ~10° 

deviation from pressing direction.  

Figure 5.3 The inverse pole figure maps combined with grain boundary 
distribution of ECAPed CP-Ti are shown. (a) Inverse pole figure map of 2 passes 
is shown. (b) Inverse pole figure map of 4 passes is shown. 

There is a large variation in the crystal orientation of the elongated coarse 

grain. Further, there are sub-grains in the elongated coarse grains at the 

interaction between two band structures. The elongated band structures in both 

specimens are of a similar width. The grain boundary maps derived form 

orientation map is shown in the figure. These maps have been constructued by 

excluding grain boundaries lower that 2° misorientation. The elongated band 

structures are bounded by higher angle grain boundaries. It can be seen that a 

large number of ultra-fine equiaxed grains have formed at the boundary of the 

elongated band structures, these equiaxed grains are bounded by lower angle

grain boundaries when compared with those of elongated band structure.  
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In Table 1, the fraction and total length of different angle grain boundaries 

are listed. The fraction of 2 passes and 4 passes ECAPed CP-Ti are in the 

similar scale, but the total length are different. The grain boundary of 2 passes 

that has an angle of 5°-15° is 3 times of that of 4 passes and the other three 

catalog of 15°-30°, 30°-60° and 60°-90° are 2 times of that of 4 passes. The 2 

passes ECAPed CP-Ti has a higher number of each angle catalog of grain 

boundaries. This also indicates that the total number and length of grain 

boundaries are higher in 2 passes than that of 4 passes. The increasing of total 

length of grain boundary can be result of the larger number of recrystallization 

grain in 2 passes than that of 4 passes. As the grain boundaries act as the 

barrier for dislocation motion, dislocations need larger driving force to cross grain 

boundaries. 

Table 5.1. Grain boundary information of 2 passes and 4 passes of ECAPed CP-
Ti. (Grain boundary with angle smaller than 5° and larger than 90° are not 
included) 

 

To visualize the orientation gradients in these elongated coarse grains, 

orientation information is plotted from two paths, one is perpendicular to the 
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elongated direction and the other is parallel to the elongated direction. The 

relative misorientation profile measured along the two paths is shown in Fig 5.4. 

The red line in the misorientation plots shows the misorientation with previous 

point and the blue line shows the accumulate misorientation with the origin point. 

Along the two paths, the misorientation with each previous point never exceeds 

5°. For the accumulated misorientation increase along the two paths with in the 

same grain, the highest accumulated misorientation rises to 23° along the path1. 

The large accumulated misorientation within grains has been observed in most of 

the elongated grains. This is consistent with literature, where similar large 

misorientation grain gradient in elongated coarse grains has been observed and 

reported [49]. These elongated coarse grains that contains large accumulated 

misorientation will gradually developed into smaller and narrower grains with 

further deformation. 
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Figure 5.4 The misorientation profile of selected grain. (a)(b) The misorientation 
profile along the longitudinal direction of selected grain. (c) The misorientation 
profile along the transvers direction of selected grain. 

The IPF map and grain boundary maps of 2 passes and ECAPed CP-Ti 

are shown in the Fig 5.3. There are recrystallized grains that are formed within 

the elongated band structures. The recrystallization of these grains is often said 

to be dynamic recrystallization (DRX) [50-53].  

There are two mechanisms of DRX: 1) nucleation and growth of new 

grains, often called discontinuous DRX (DDRX); and 2) low angle grain 

boundaries are continuous converted into HAGB is termed as continuous DRX 

(CDRX). Regarding the former (DDRX), the coarsening and subdivision of 

subgrains occurs during continuous shearing in the ECAE process. For the latter 

(CDRX), the HAGBs more easily accommodate large differences in dislocation 
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densities in neighboring grains. Dislocations produced by strain hardening 

accumulate at low-angle grain boundaries (LAGB) and provides as a driving 

force to convert LAGBs into HAGBs [51]. A large fraction of these recrystallized 

grains boundaries are lower angle grain boundaries (LAGBs) and these LAGBs 

will eventually result in new grains with HAGBs formation.  

Large misorientation gradients are often present and can be observed in 

the coarse grains, shown in the figure. This large misorientation gradient 

provides the driving force for LAGBs to evolve to high angle grain boundaries 

(HAGBs) where the dislocations will accumulate at LAGBs. Dynamic 

recrystallization (DRX) plays an important role on texture and microstructural 

evolution during ECAE process. The temperature for DRX taking place is lower 

than that of static recrystallization (SRX), as the recrystallization temperature is 

lowered by the stored energy that is accumulated by the large plastic strain 

introduced during ECAP process. Interestingly, DRX has been reported to occur 

even below room temperature in Al samples with high purity that is deformed at 

liquid nitrogen temperature [53]. CDRX or DDRX can govern the smallest grain 

size possible in a material. While both processes can lead to a steady and small 

average grain size, grains sizes tend to be much larger after DDRX than after 

CDRX to the extent that DDRX can possibly destroy the refined microstructure 

achieved in SPD. Notably, there are partial and discontinuous HABGs present in 

the figure, which is also a proof of CDRX is main grain refinement mechanism.  
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Figure 5.5 Magnified IPF map of 2 passes ECAPed CP Ti. The discontinued high 
angle grain boundary appears at multiple locations in the IPF maps (highlighted 
with arrorws). 

The lower bound to the geometrically necessary dislocation density is 

calculated based on the information obtained from the orientation mapping from 

ASTAR/PED TEM. The lower bound GND density map is shown in the Fig 5.6. 

The non-homogeneous distribution of dislocation is observed. In order to better 

visualize the relation between GND densities with grain boundaries, lower bound 

GND density distribution map is overlaid with grain boundary (>5°) that is 

reconstructed with TSL software and is shown in the figure.  The distribution of 

GND density is inhomogeneous. Indeed, grains with both high GND density and 

low GND density are present in the map, with some equiaxed grains with smaller 

grain size nearly dislocation free. It is likely that with increasing strain, 
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dislocations introduced by deformation tangled at different regions transform into 

dislocation cell with lower dislocation density at the interior in dislocation cell, and 

this dislocation cell then becomes lower angle grain boundary by the further 

accumulation of dislocations.  

Figure 5.6 Lower bound GND density distribution map of area of interest. (a) 
Lower bound GND density distribution map of area of interest of 2 passes 
ECAPed CP-Ti, the highlighted rectangle corresponds to the magnified map. (b) 
Magnified lower bound GND density distribution map of highlighted area in (a) 
shows that some small grains are with low GND density or dislocation free 
(highlighted with arrows). 

The enlarged GND density distribution maps are shown in Figs 5.7 (a,b) 

show the existence of partially developed grain boundaries which are connected 

with lines (clusters) of higher dislocation density points. While it is currently 

impossible to dynamically probe the evolution of these defect structures with this 

degree of spatial resolution, these results are the best available.  From these 

results, it is argued here that these dislocations are likely the dislocations that 



102 

accumulate at LABG that is produced during plastic deformation. These 

dislocations provide driving force for the development of grain boundaries to 

convert LAGB to HAGB and to from new grains. As noted previously, this grain 

refinement mechanism is referred as continuous dynamic recrystallization. 

Figure 5.7 The enlarged GND density distribution maps overlaid with grain 
boundaries of 2 passes ECAPed CP-Ti are shown in the figure. There are 
partially developed grain boundaries. 

5.4. Distribution of slip system: <a> type and <c+a> type 

The histogram distribution of <a> type and <c+a> type dislocation of 2 

passes and 4 passes ECAPed CP-Ti is shown in Figs 5.8(a,b) and the examples 

of lower bound GND density distribution map of different slip system are shown 

in Fig 5.8(c,d). 

The apparent lack of twinning presented in the ASTAR/PED datasets and 

STEM images of both materials strongly suggests that <c+a> type dislocations

on the pyramidal planes is activated to accommodate the deformation during the 
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ECAP process. The histogram of GND density distribution of 2 passes and 4 

passes ECAPed CP-Ti shows the large fraction distribution of <c+a> type 

dislocation in the ECAPed- CP-Ti confirm the activation of <c+a> type 

dislocations. The histogram of dislocation density distribution of 2 passes and 4 

passes ECAPed CP-Ti shows that <a> type dislocation dominates <c+a> type 

dislocation during deformation. The distribution of GND density appears to follow 

a log-normal distribution, with the <c+a> dislocation density lower than the <a> 

dislocation density. The peak of GND density are on the order of ~1016 m-2 for 

<a> type dislocation and ~1015.6m-2 for <c+a> type. Both of the GND densitys are 

above the lowest GND density of 1015.2 m-2.that could be resolved using this 

approach, which can be calculated by using the step size of 10 nm and the 

angular resolution of ~0.4° with the application of quaternion averaging following 

the equation: 

 

   (Eq. 5.1) 

 

Unlike the 2 pass ECAPed-CPTi where there is only one peak of GND 

density of the order of ~1016 m-2, a second peak high ~1016.2 m-2 in the histogram 

of <a> GND density distribution of 4 passes is observed. Upon further 

deformation (i.e., 4 passes with respect to 2 passes), there is no significant 

differences in the population of higher GND densities above ~1016 m-2, but there 

is an increase in the population of GND densities between ~1015 m-2 and  ~1016 

m-2. For all ECAPed material, there is a significant drop in the GND distribution 
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above ~1016 m-2 with very low GND content above ~1017 m-2. This suggests that 

~1016 m-2 is the lower limit of grain boundary formation, where dislocation 

accumulate at the LAGB and increase the local dislocation density and provide 

driving force for the evolve of LAGB to HAGB. The increase in the population of 

<a> type dislocations likely indicates that <a> is the dominant type of dislocation 

during deformation. The distribution and peak of <c+a> type dislocation between 

GND distribution histogram of 2 passes and 4 passes shows no significant 

changes. 

Figure 5.8 Distribution of GND density (in lines per m2) for <a> and<c+a> 
dislocation are shown. (a) Histogram of GND density (in lines per m2) for <a> 
and<c+a> dislocation from the region of shown in the IPF map of 2 pass material. 
(b) Histogram of GND density (in lines per m2) for <a> and<c+a> dislocation from 
the region of shown in the IPF map of 4 pass material. (c) Lower bound of GND 
density distribution map of [11 ] <c+a> type screw dislocation. (d) Lower bound 
of GND density distribution map of [1 13] <c+a> type pyramidal dislocation. 
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5.6  GND density distribution with respect to distance to grain boundary 

The GND density tends to be higher near the grain boundary. This can be 

qualitatively assessed by assessing the data shown in Fig. 5.6. A more rigorous 

statistical analysis of relation between Euclidean distance to the nearest grain 

boundary and GND density of different slip system is possible.  For this analysis, 

a grain boundary is defined using an angle of 15° between neighboring points. 

Minimum distance between a data point and all points that comprise the grain 

boundaries is calculated based on the coordinates following the equation: 

   (Eq. 5.2) 

where x, y are the coordinates of the data point, and xGB, yGB is the coordinate of 

the point along grain boundaries [51]. Statistical analysis can then be conducted 

on the correlation between the distance between to the nearest grain boundary. 

One useful approach is to use the 5, 50, 90 percentile values of distance 

distribution to the nearest grain boundaries with respect to GND density is plotted 

as blue, red, green dotted lines, respectively. The method used to calculate the 

desired percentile values is given as below, where the percentile present the 

smallest value in the assigned ordered values and the desired percent of the 

data is less than or equal to this smallest value. Firstly, the rank of the data need 

to be calculated and the data should be ordered and secondly, the value is taken 

from the ordered data from the corresponding rank.  

     (Eq. 5.3) 

where n is the numerical descriptor of the rank and P is the desired percentile, N 

Dmin =min( x − xGB( )2 + (y− yGB )2 )

n = [
P

100
×N ]
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is the total number of ordered data.  

The plot of GND density with respect with distance to grain boundary of 2 

passes and 4 passes is shown in the figure, where the 5th, 50 th, and 90 th 

percentile of the distribution is plotted. From these plots, it can be observed that 

the average correlation distance to the grain boundary of 2 passes is generally 

shorter than that of 4 passes, which indicates the average grain size of 2 passes 

is smaller than that of 4 passes, which is consistent with the table 4.1 of grain 

boundary information of 2 passes and 4 passes ECAPed CP-Ti and which shows 

the total length of grain boundary is much larger than that of 4 passes, indicating 

smaller grains. In addition to the fully developed and continuous grain boundaries 

(e.g., those that enclose a grain), the partially discontinuous grain boundaries is 

also included in this calculation, which also reduces the average distance to the 

nearest grain boundary. In the plot of distance to grain boundary with respect to 

the GND density of the 4 pass ECAPed CP-Ti, the higher GND density points are 

found to have a shorter distance to the grain boundary. This indicates the grain 

boundary region in the 4 pass ECAPed CP-Ti acts as the sink for dislocations 

and the dislocations likes to accumulate at the grain boundary region.  

Similar trends are observed in the 2 passes ECAPed CP-Ti in that the 

lower GND density is generally associated with longer distances to the grain 

boundary than that of higher GND density. But there is a slight jump in the 

distance to grain boundary for the highest dislocation densities, suggesting that 

the partially developed grain boundaries as shown in the GND density 



107 

distribution map plays an as-yet unknown role. The pile-up of dislocation at grain 

boundaries is also observed in plastically deformed Ti-6Al-4V by Wilkinson [53-

56]. 

 

Figure 5.9 Euclindean distance of ECAPed CP-Ti are shown. (a) Euclindean 
distance of 2 passes ECAPed CP-Ti. (b) Euclindean distance of 4 passes 
ECAPed CP-Ti. The color bar shows the scale of distance to grain boundary in 
nanometer. 
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Figure 5.10 Distance to grain boundary and GND density correlation. (a)
Distance to grain boundary and GND density correlation of 2 passes ECAPed CP 
Ti. (b) Distance to grain boundary and GND density correlation of 4 passes 
ECAPed CP Ti.  (c) 5, 50, 90 percentile of distance to grain boundaries with 
respect to log scale of GND density of 2 passes ECAPed CP-Ti. (d) 5, 50, 90 
percentile of distance to grain boundaries with respect to log scale of GND 
density of 4 passes ECAPed CP-Ti. 

It is generally thought that during dynamic recrystallization, the 

recrystallization starts at the high angle boundaries, including but not limited to 

original grain boundaries, boundaries of dynamically recrystallized grains, or high 

angle grain boundaries that are created during deformation [57]. Regardless of 

the nucleation mechanism associated with dynamic recrystallization, the growth 

of a grain which is dynamically recrystallized depends upon the distribution and 

density of dislocations, as the driving force for growth of recrystallized grain is 
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provided by dislocations. These dislocations can be both free dislocations and 

subgrains. Sandstrom and Lagneborg [58] proposed a model of dynamic 

recrystallization, where the boundary of newly recrystallized grain moves towards 

to deformed grain with high dislocation density, the boundary between the 

recrystallized grain and the deformed grain has a nearly dislocation free, as the 

continuous deformation will raise the dislocation density of the new grain, 

dislocation density increase to with increase distance away from the boundary. 

The dislocation density will achieve a steady state when it is close to the 

neighboring grains. The migration of grain boundary has a driving pressure of 

~ρGb2 from the difference between dislocation densities across the grain 

boundary. 

5.5. Thermal stability  

To further investigate the recovery and/or the recrystallization behavior of 

the deformed CP-Ti, two disc-shape specimens were sectioned from the as-

received 2 pass and 4 pass ECAPed CP Ti. The disc-shape specimens were 

subjected to isothermal annealing at 450°C for 30mins [58-60]. The annealed 

specimens were prepared by mechanically polished using 400, 600, 800 grids 

abrasive paper and fine polished with 0.04 colloidal silica solution to achieve 

scratch free surface, and then ultrasonic cleaned. To protect the specimens from 

oxidation during annealing, a two-step approach was adopted.  Firstly, an area of 

100µm by 100µm square deposition of Pt was deposited using focus ion beam 

using a voltage of 30kV and current of 0.1nA. Secondly, the two specimens were 

wrapped in titanium foil to further minimize the oxidation during annealing. For 
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easy comparison between as received and annealed material, TEM specimens 

were prepared parallel to the longitudinal direction of the bulk material. 

Figure 5.11 shows the inverse pole figure (IPF) map of the annealed 2 

pass and 4 pass specimens. After a 30 minute anneal at 450 °C, recovery and/or 

recrystallization and significant grain growth is observed. In the as-received 2 

passes ECAPed CP-Ti, most of the coarse grains and the necklace-like ultrafine 

grains have been consumed by the equiaxed grains with high angle grain 

boundaries. Notably, these equiaxed grains are mostly free of sub-grain 

boundaries. In the 4 pass ECAPed CP-Ti, fewer equiaxed grains are observed, 

which could be due to the fact that the lack of ultrafine grains in the as received 4 

passes ECAPed CP-Ti, which would result in a lower number of sites for 

nucleation and grain growth.  The site for nucleation during recrystallization are 

not nuclei in the strict thermodynamic sense, rather they are pre-existing small 

deformation free volumes in the deformed microstructure. Recrystallization and 

grain growth is presumably driven by the variations of grain boundary 

configurations and grain size that are evolved during the deformation of the 

ECAP process. As a consequence, some specific grains during the early stage of 

annealing are in a more favorable growth condition than other grains. The 

differences of internal energy of these deformed structures also leads to a 

competitive growth between the adjacent grains, possibly related to the pressure 

difference in grain boundary energies. During annealing process, dislocations 

with opposite sign on the same glide plane can annihilate by gliding and 

dislocations with opposite Burgers vector may annihilate by climbing combined 
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with gliding when they are on different gliding planes. Dislocation dipoles form 

and annihilate during annealing process proceeding and tend and begin to form 

lower energy tilt boundaries, Therefore, not only does the annihilate of 

dislocations occur during annealing, but the dislocations then rearrange into 

stable configurations.  

Figure 5.11 Inverse pole figure maps of annealed ECAPed CP Ti are shown. (a) 
2 passes. (b) 4 passes.

The pole figure of the as-received and annealed 2 pass ECAPed CP Ti is 

shown in figure 5.12. Comparing the texture plot of as received 2 passes 

ECAPed CP-Ti with the annealed specimen, there is no significant development 

of new texture component in the texture plot, the increasing intensity of texture 

component after annealing is the instance where the orientation of the new 

grains are similar with the deformed small regions. 
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Figure 5.12 Pole figure of 2 passes ECAPed CP Ti. (a) Pole figure of 2 passes 
ECAPed CP Ti. (b) Pole figure of annealed 2 passes ECAPed CP Ti. 

Five grains that were selected to study the dislocation distribution within 

these individual grains are shown in Figure 5.13. Burgers proposed his block 

hypothesis that the nuclei could be either highly strained or relatively strain free 

crystallites [61]. The dislocation cells and sub-grains are possible sites at which 

recrystallization can be initiated. The 2 passes ECAPed CP-Ti is highly deformed 

material. Consider the large accumulated misorientation in the coarse grains that 

are shown in Fig 5.4. Such gradients in the deformed material lead to a high level 

of stored energy due to the presence of geometrically necessary dislocations or 

low angle grain boundaries to accommodate the misorientaion. During 

recovery/recrystallization, the annihilation of and rearrangement of dislocations 

into lower energy configuration lowers the stored energy of material. The 
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movement of dislocations to lower the stored energy of material can be by glide, 

climb and cross-slip of dislocations [62-64]. In the model proposed by Hirth and 

Lothe [62], Hull and Bacon [63], where only one type of Burgers vector is 

considered, the formation and annihilation of dislocation dipoles occurs with a 

lower rate than the formation of low energy tilt boundaries, which indicates the 

simultaneous operation of the two recovery mechanisms, namely dislocation 

annihilation and rearrangement. During deformation in polycrystalline materials, 

more than one slip system is active that results in far more complex dislocation 

structures and for which the operable recovery mechanism is not obvious. As 

noted previously, recovery can proceed by not only controlled by dislocation glide 

but also thermally activated climb or cross-slip activated [62]. For these latter 

thermally activated processes, the stacking fault energy (γ) is an important 

material property when determining the rate of climb or cross-slip rate. Indeed, 

the recovery rate is proportional to the square of stacking fault energy γ2.  The 

stacking fault energy in hcp crystals is dependent upon the three slip planes, 

where γbasal < γprismatic < γpyramidal for Ti. Thus, for hcp Ti, the pyramidal systems 

(i.e., <c+a> dislocations) should exhibit the highest recovery rate. The histogram 

of dislocation distribution of <a> and <c+a> type dislocation in the annealed 

materials shows the initial high <c+a> type dislocation density is reduced in both 

number of points and the peak dislocation density of each point, whereas there   

is not a significant change in <a> type dislocation. 
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Figure 5.13 Histogram of GND density distribution of <a> and <c+a> type 
dislocations of selected grains in the annealed 2 passes CP Ti.  

5.6. Mechanical properties of the 2 pass and 4 pass ECAPed CP Ti 

Sub-scale specimens for conducting uniaxial tensile testing were 

sectioned along the longitudinal direction from the 2 pass and 4 pass ECAPed 

CP-Ti. The geometry of the sub-scale coupons has a 1mm wide gage section 

and 3 mm gage length. The test coupon was fully clamped at the both ends and 
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stretched using a displacement screw-driven mini-tensile tester with a constant 

strain rate of 10-3. 

In order to investigate the local strain distribution of test coupon, strain-

mapping (similar to digital image correlation) using a grid pattern placed onto the 

surface of the specimen was employed. To avoid any other influence from the 

outside factors, the mesh grid was printed using a non-contact mesoscale 

material deposition inkjet with silver ink with an average particle size of 50nm. 

The silver ink was first aerodynamically atomized into a mist by an incoming flow 

of nitrogen and then carried by the flow of nitrogen to the deposition head. At the 

deposition head a flow of sheath gas of nitrogen creates an annular flow to 

collimate the aerosol of silver. This aerosol is then focused by flow guidance 

through a 200µm diameter nozzle to the tensile test coupon. The deposition 

mesh grid pattern is accomplished by attaching the tensile test coupon to the 

computer-controlled platen with a pre-defined tool path. Optical micrographs that 

show the mesh grids that were printed onto the tensile test coupons from the 2 

pass CP-Ti are provided in Figs 5.14(a,b).  
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(a) 

 

(b) 

Figure 5.14 The printed mesh for straining mapping is shown. (a) The printed 
mesh on the non-deformed coupon of 2 passes CP Ti, and the length of the edge 
of the mesh is x and y. (b) The printed mesh of 2 passes ECAPed CP Ti after 
deformation, and the length of the edge of the mesh is x’ and y’. 
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A relatively low-resolution location-specific strain mapping was calculated 

based on the shape and dimension change of the printed mesh and is shown in 

Figs 5.15(a-f). A Cartesian coordinate system is established with x axis parallel to 

the horizontal printed line and y-axis is vertical line. As the loading direction is 

nominally parallel to the direction of the horizontal printed line, the length change 

in this direction is considered as the main contribution of strain.  

The local elongation of the mesh is calculated in the unit of pixel.  

dx=X’-X            

dy=Y’-Y             (Eq.5.4) 

The local normal strain is calculated using equation,   

εxx=dx/X 

εyy=dy/Y         (Eq.5.5) 

The local shear strain is calculated using equation 

γ1=arctan(θX’ -θX) 

γ2=arctan(θY’-θY)    (Eq.5.6) 
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Figure 5.15 The strain map of tensile test coupon is shown. (a) The elongation in 
x direction shown in the unit of pixels. (b) The elongation in y direction shown in 
in the unit of pixels. (c) The local normal strain map in x direction (loading 
direction). (d) the local normal strain map in y direction. (e) The local shear strain 
γ1. (e) the local shear strain γ2. 

Two site-specific TEM specimens were then prepared from each material 

from locations exhibiting different strains, specifically from the low local strain 

position, a higher strain position. Orientation maps have been obtained by 

precession electron diffraction coupled ASTAR of all TEM foils. The inverse pole 

figure (IPF) maps of these three strain levels from the 2-pass specimen are 

shown in the Figure 5.16.  
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In the IPF map, the elongated band structure remains but is characterized 

by a reduction in the thickness of the bands when compared with the as-received 

material. The average thickness of elongated structure decreases slightly with 

increasing local strain. In addition, the fraction of ultra fine grains decreases in all 

locations for both 2-pass and 4-pass material, and eventually vanishes at the 

location near fracture surface where shear bands are observed. The GND 

density has been calculated using the orientation information and by the methods 

presented in this thesis. These observations are discussed below. 

 The absence of fine size grains in the deformed specimens could be due 

to the coalescent of these fine size grains during deformation. During 

deformation, the fine size grains are reorientation by the increasing imposed 

strain and results in a large orientation gradient in the material. The fine size 

grains orientated along with higher Schmid (Taylor) factor which ease the motion 

of dislocations, and neighboring fine grain size rotate in the same manner which 

bring the orientation of two neighboring grains closer. The barrier of dislocation to 

cross the boundary is eliminated because of the reorientation of the fine size 

grains and these find size grains are coalescent into band structure. One way for 

reorientation of grains is by the declination motion of the grain, where a 

declination dipole on two sides of the grains causes a rotation of a crystal lattice. 
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Figure 5.16 Data from deformed 2 passed CP Ti. (a) The inverse pole figure 
(IPF) map of lower strain location (5-5 in the strain map shown in Fig 5.14). (b) 
The IPF map of higher strain location (8-12 in the strain map shown in Fig 5.14). 
(c) GND density distribution map of lower strain location corresponding to IPF 
map shown in (a). (d) GND density distribution map of higher strain location 
corresponding to IPF map shown in (b). 

The distribution of <a> and <c+a> type dislocation of the selected grain at 

low strain position which is shown in Fig 5.17(a) has a peak high of <a> type at 

1016 and peak high of <c+a> type at 1015.8. Similar distribution of dislocation 

denisty is also observed of selected individual grain from the high strain position, 

the distribution of GND density of <a> and <c+a> type dislocation is shown in 

Figure 5.16(b). For further investigation, individual grains are selected to 

compare the dislocation distribution. Similar grain orientation with respect to 
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loading direction is chosen. The similar trend of dislocation distribution of the 

selected grains at different strain levels indicates that the dislocation is already 

saturated before any deformation, as there is only the change of configuration 

distribution of dislocation but not a change in the magnitude of dislocation 

density. The distribution of dislocations within each individual grain follow the 

Taylor factor that is calculated based on the orientation of selected grains and 

loading direction. In a uniaxial tensile test, the tensile strain is parallel to z-axis in 

the specimen’s coordinates. Assume there is no volume change in the deformed 

grain, the strain rate satisfies the following relations: 

 

     (Eq.5.7) 

where dεxx,dεyy, dεzz are the plastic strain rate, and dγxy, dγxz, dγxz are the plastic 

shear strain rate in a grain. So the internal plastic work can be calculated as the 

total work of individual slip system that is in the grain. Following the equation: 

  (Eq.5.8) 

where τ is the critical resolve shear stress, and dϒ is the slip rate in the selected 

slip system. In ideal plastic deformation, the internal plastic work rate is 

equivalent to the external plastic work rate, following the equation: 

 

The Taylor factor is calculated based on the following equation: 

dεxx = dεyy = −
1

2
dεzz

dγ xy = dγ yz = dγ zx = 0

dω = τdγ i
i

∑ = τ dγ i
i

∑

dω = τdγ =σdεzz
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   (Eq.5.9)

The Taylor factor, M, present the slip rate of existing slip system in the 

deformed grain depending on the relation between grain orientation and tensile 

axis in this case. The dislocation distribution within selected grains in the 

deformed TEM specimen shown in 5.16(a) follows the Taylor factor of different 

slip systems, where high dislocation density is observed for grains exhibiting a 

smaller Taylor factor.  

(a) 

M =
σ zz

τ
=
dγ
dεzz
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(b) 

Figure 5.17 The distribution of GND density and Taylor factors of selected 
individual grains are shown. (a) Low strain position. (b) High strain location. 

5.7. Conclusions 

1. Precession electron diffraction coupled ASTAR can be applied to severely 

plastic deformed CP Ti to characterize the highly refined crystal structure and 

defect-structure formed during ECAP process.  

2. GND density distribution map could help to determine the structure 

refinement mechanism during ECAP process. 

3. Large misorientation gradients exist in the coarse grains. The coarse 
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grains normally consist of elongated structure and subgrain structure where there 

is a large misorientation accumulation during the deformation. 

4. The continuous dynamic recrystallization is found to be the main 

mechanism for grain refinement of CP-Ti during ECAP process. The dislocations 

accumulate at LAGBs and act as driving force for LAGBS to evolve into HAGBs 

and the grains are refined. 

5. The recovery rate is proportional to the square of stacking fault energy γ2.  

The stacking fault energy in hcp crystals is dependent upon the three slip planes, 

where γbasal < γprismatic < γpyramidal, where the pyramidal systems (i.e., <c+a> 

dislocations) exhibit the highest recovery rate.  

6. The dislocation has already saturated in the ECAPed processed material. 

There is only rearrangement of dislocations during tensile test. 
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Chapter 6 

DEFORMATION BEHAVIOR OF α AND β PHASE IN α+β TITANIUM ALLOY 

6.1  Introduction 

Ti-5553 exhibits a high ultimate tensile strength while still retaining 

reasonable levels of ductility and toughness when compared with traditional 

titanium alloy, like Ti-64. Further, Ti-5553 also shows outstanding strength and 

high-cycle fatigue properties compared with Ti-64 [65-68]. Due to the large 

variety of microstructures that are possible in this heavily β-stabilized titanium 

alloy, establishing a relationship between microstructure and the corresponding 

mechanical properties is difficult. It would be useful to understand how 

deformation evolves in each phase in this (and other) titanium alloys. Further 

complicating this effort are the existence of hard and soft grains orientations with 

respect to the loading direction in Ti and other hexagonal metals that leads to a 

heterogeneity in the stress and strain distribution at the microstructural length 

scale. The difference in local properties (stress/strain accumulation) is depended 

upon the total strain, as some hardening of flow stress through a Taylor model 

results when the total GND density increases [68]. Research reported by 

Wikinson et al. focused on understanding the GND response to cyclic loading 

and tension using Ti-6Al-4V of a microstructure composed primarily of globular a 

grains with an average grain size of 11µm and small amounts of b primarily at 

grain boundaries, and found that the population of <a>-type GNDs are 

predominate over <c+a> GNDs in the alpha phase [65-67]. It should be noted 

that this previous study primarily focused on the alpha phase. Another study 
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showed that the orientational dependence of single grain to the nano-indentation 

in commercial pure titanium shows the GND distribution variations [71]. 

Historically, the quantification of dislocation content was first attempted 

when the measurement of intragranular misorientation was made possible 

through automated orientation mapping using EBSD. The fast and fully automatic 

crystallite orientation and phase mapping is the advantage of EBSD/SEM and 

typical angular precision of orientation measurements made by commercial 

EBSD systems is of the order of 1°, which limits using EBSD systems to 

determine the elastic strains in most material systems [73]. Wilkinson then 

proposed that the angular precision could be improved using image-correlation to 

measure the small shifts across the EBSD patterns, which made it possible for 

data acquired from EBSD systems to be analyzed to measure the strain and map 

the GNDs with improved angular resolution [74]. Unfortunately, as the amount of 

cold work increases or as the grain size is refined, the electron backscattered 

patterns (EBSPs) start becoming blurry, and the method breaks down. Further, 

the spatial resolution of SEM-EBSD limits this technique from applying to highly 

constrained and refined-structure materials such as Ti-5553. The semi-automatic 

(first generation) high spatial resolution and precession-enhanced electron 

diffraction spot pattern based crystallographic orientation and phase mapping 

became an available technique on transmission electron microscope (TEM), 

which allows fast and reliable analyses of polycrystalline materials with features 

exhibiting a finer length scale [72]. 
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6.2  Materials and Experiments 

The specimen used in this experiment is heat treated Ti-5553. As-received 

Ti-5553 was heat-treated at 687°C in the two-phase α+β phase field for 15 

minutes and was then water quenched. This results in a microstructure 

comprised of primary α grains in a β matrix with fine-scale secondary α 

precipitates also present. Figure 6.1(a) shows SEM micrographs of the 

microstructure from the heat-treated Ti-5553. It is clear that the microstructure of 

the heat-treated sample has a bimodal distribution of alpha precipitates with large 

primary alpha precipitates in a transformed β matrix, which is hardened by 

refined secondary α  platelets. The α precipitates that precipitate at and grow 

along the prior β boundary appear to connect to each other along the boundary, 

though this is understood to be a function of the local grain boundary character.  

In order to introduce site-specific deformation and thus study the local 

evolution of defects to accommodate the strain, a Vicker Hardness tester was 

used. Two different loading are selected in this study, 2.95 N and 253mN and at 

the peak depth, the indenter was held at the maximum resultant load for 15 s to 

allow for any creep. A TEM sample was prepared by focused ion beam scanning 

electron microscope (FIB/SEM) using an FEI DualBeam Nova 200 NanoLab. The 

TEM lift-out location is across the indentation boundary (shown in Figure 6.1(b)) 

in order to capture both the deformation zones underneath and the less 

deformed region next to the indentation. 
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Figure 6.1 (a) Scanning electron microscope micrograph shows microstructure of 
the two-phase field heat-treated Ti-5553 sample, which contains primary a and 
secondary a. (b) Scanning electron microscope micrograph shows the position of 
TEM lift-out across the indentation boundary.  

6.3  Results and Discussion 

Inverse pole figure maps of four locations from the across the indentation 

boundaries obtained using ASTAR/PED™ are shown in Figure 6.2.  
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(a) 

(b) 

Figure 6.2 Inverse pole figure (IPF) maps of four area of interest are shown. (a) 
IPF maps of area of interest of the indentation boundary of 2.942N loading. (b) 
IPF maps of area of interest of the indentation boundary of 245.3mN loading. 
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The total GND density distribution has been calculated using the 

orientation information determined using the ASTAR/PED™ system. As noted, 

Nye’s analysis for GND density can be used when the lattice rotation were 

significant larger than the variations in elastic strains, and is used here. The PED 

data provide six of the nine lattice curvatures that can be used to as Nye’s 

dislocation tensor to estimate GND content. The Nye’s dislocation tensor is 

populated using the lattice curvature. Similar effort discussed in more details 

applied to commercially pure Ti characterized by PED [73], which will be briefly 

presented here. As mentioned above, the elastic strain tensor is assumed to be 

zero, so the local lattice rotation can be estimated using the disorientation 

between two adjacent data points follows the equation: 

     (Eq 6.1)
 

where  is the disorientation between two adjacent data points and their 

corresponding orientation sets. To determine the disorientation between any two 

different orientation sets, crystal symmetry elements are applied to find the 

equivalent orientation sets that make the smallest misorientation. The lattice 

curvature is calculated using local lattice rotation and principle directions 

according to the following equation: 

     (Eq 6.2) 

where k and l are from 1 to 3, referring to the principal directions. As all the 

acquired orientation information is a 2-D projection of a 3-D volume. Only six 

Δw =
2cos−1Δq0
1−Δq0

2
Δq

Δq

κkl =
∂wk

∂xl
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components of the Nye tensor are determined. Therefore, it is possible to 

determine five components of the dislocation density and one difference between 

two other components (α12, α13, α21, α23, α33), and the lower bound of GND 

density is estimated. More details are presented and discussed in Chapter 4. 

The obtained GND density distribution maps of α phase all showed similar 

dislocation distributions with an overall low density with a few regimes that are 

contains higher density. It was also shown that the storage of GNDs appears in 

close proximity to grain boundaries. The combined diffraction pattern from 

neighboring grains at grain boundary may be one possible reason for the higher 

GND density. Similar observation was also reported by Wilkinson [67] using 

EBSD to study the GND distribution in deformed Ti-6Al-4V alloy. 

Figure 6.3 shows the histograms of GND densities for <a> and <c+a> type 

dislocations in the four regions of interest.  The distribution of different order GND 

densities of two areas of interest from the same loading of 2.942N indentation 

are shown in Figure 6.3(a). The peak of <a> type dislocation is located at ~1015.8 

for both areas.  The peak of <c+a> is a factor of 1/20 times lower in the area from 

inside indentation and is a factor of 1/25 times lower from the outside indentation. 

The peak of <a> type and <c+a> type dislocation density are both located at 

~1015.8. During deformation, the α phase accommodates the deformation through 

slip of dislocations. Two types of dislocations referred as <a> type and <c+a> 

type dislocations by their Burgers vectors. The magnitude of the <a> type 

Burgers vector is considerably shorter than that of <c+a> type Burgers vector 

and is thus energetically favored to accommodate deformation by slip. Two slip 



 
 

133 

planes of prism planes and basal planes available for dislocations with <a> type 

Burgers vector, with slip generally easiest on prism planes, where basal slip 

needs a slightly higher critical resolved shear stress than that of prism planes 

[70-76], though this is strongly dependent upon both temperature and solute 

content. Dislocations with <c+a> type Burgers vector slip on pyramidal planes 

and require higher critical resolved shear stress [75,76]. In titanium polycrystals, 

it is important to have <c+a> type dislocations activated to maintain the 

compatibility during deformation. The density of  <a> type dislocation reaches the 

peak value during deformation and <c+a> type dislocation density peak high 

developed during deformation to accommodate the deformation.  This change in 

the distribution of GND density of <a> and <c+a> type dislocations might due to 

the fact that dislocation dipoles arrangement does not contribute to long range 

lattice curvature. Further, dislocation dipoles, dislocation loops and self-

terminating dislocations are not detectable and not considered as geometrically 

necessary dislocations.  

With an increasing indentation load, the <a> type dislocation are bound in 

dipole arrangement. At the same time, <c+a> type dislocations need 

considerably higher critical resolve shear stress to move, they are less mobile 

than <a> type dislocations. Further, <c+a> type dislocations with overall lower 

densities comparing to <a> type dislocations, the distance of <c+a> type 

dislocations are greater to be less susceptible to forming dislocations dipoles  

[76,77]. Similar to the distribution of GND density reported by Hughes [78] the 

possibility of high misorientation grain boundary including geometrically 
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necessary boundaries and incidental dislocation boundaries grain boundary 

decreases with increasing strain in aluminum. 

(a) 

(b) 
Figure 6.3 Histograms of GND densities of <a> and <c+a> dislocations of four 
area of interest are shown. (a) Histograms of GND densities of <a> and <c+a> 
dislocations of across the indentation boundary of 2.942N loading. (b) 
Histograms of GND densities of <a> and <c+a> dislocations of across the 
indentation boundary of 245.3mN loading.  
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Figure 6.4 shows the histograms of GND density distribution of α and β in 

the four areas of interest. At a lower indentation load of 245.3mN, peaks of 

dislocation density distribution are located at  ~1016/m2 of both α and β. The area 

of interest located inside the indentation with an increase distribution of a second 

peak developing at the higher GND density that is 1/20 of  ~1016/m2 higher. This 

could be result of dislocation accumulation towards sub-grain formation, shown in 

Fig 6.5.  The dislocation distribution in the α phase from indentation with a load of 

2.942N has a peak of 1016.2, which is higher than that of same position with a 

loading of 245.3mN indentation. The peak high of dislocation distribution of all 

four locations of β phase stays stable at 1015.8.  Either the shift of peak height of 

the α phase or the development of second peak high toward higher magnitude of 

dislocation density in the dislocation density distribution histogram indicates that 

α phase is softer than β phase. A recently developed expression to predict 

strengthening of titanium based material with equation by only considering alloy 

composition for predicting the strengthening effect of element in Ti-64 two-phase 

titanium alloy [72,73]: 

     (6.3) 

    (6.4) 

where Cx is the weight percentage of element x. The contribution of element to 

yield strength follows Fe>Al>V. Given that the precise nature of the strengthening 

associated with chromium and molybdenum (CCr, nCr, CMo, nMo) are unknown, it is 

σ ys
α (MPa) = 88.5MPa+148.5*CAl

0.65

σ ys
β (MPa) = 63MPa+ ((49.8*CV

0.63)0.45 + (240*CFe
0.82 )0.48 )2.12
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not possible to predict precisely the yield strength of α phase and β phase in Ti-

5553. However, the contribution of element to yield strength of β phase stabilizer 

is proportional to the shear modulus of the element. It is know that the shear 

modulus of molybdenum is 20GPa and 115GPa, it can be qualitatively 

considered that β phase has higher yield strength than that of α phase in Ti-5553 

alloy, as the difference in the shear modulus is much greater than for V in Ti-6Al-

4V, where the strength of both phases is nominally equivalent. 
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(a) 

(b) 
Figure 6.4 Histograms of GND densities of area of interest are shown. (a) 
Histograms of GND densities of α and β dislocations of across the indentation 
boundary of 245.3mN loading. (b) Histograms of GND densities of α and β
dislocations of across the indentation boundary of 2.942N loading.  
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Figure 6.5 Lower bound of GND density distribution map of α phase. (a)The 
lower bound GND density distribution map of α phase inside the indentation of 
2.945N loading shows few locations as potential subgrain boundaries formation 
site (highlighted with red rectangle). (b-e) Magnified corresponding grains. 

6.4  Conclusion 

The precession electron diffraction coupled ASTAR system can be applied 

to two deformed two-phase titanium alloy. During deformation, α phase appears 

softer and takes more deformation than that of β phase. Sub-grains forms in the 

deformation α near indentation surface in higher loading indent. The anisotropic

behavior that corresponds to the deformation of α and β phases is not significant 

in Ti-5553. 
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Chapter 7 

3-D DISLOCATION DYNAMIC SMULATION 

7.1. Introduction 

To understand the material strength at different length and time scales, the 

concept of multi-scale material plasticity is introduced to connect the various 

length scales together. In meso-scale, dislocation dynamics is used to for 

simulation using dislocation theory to simulate the behavior of dislocations in 

material during deformation and to connect the physical and mechanical 

properties at the meso-scale with the microstructural evolution. The dislocation 

dynamics simulation used in this study described dislocation loops as segments 

connected to each other. As noted previously, through ECAP, it is possible to 

significantly increase the strength of commercially pure titanium by decreasing 

the grain size to ~10-300 nanometers and introducing high density of dislocations 

[84]. These microstructural changes lead to very desirable mechanical properties 

of the ultrafine-grained (UFG) titanium and titanium alloys – namely high strength 

without a significant loss of ductility. Strong anisotropy in microstructure and 

mechanical behavior has been observed for SPD-processed Ti and its alloys at 

different grain sizes and textures [84-86]. However, studies to understand the 

highly anisotropic mechanical behavior of individual single crystal α-Ti grains are 

still limited. Not only does the high cost makes it impossible to produce large 

single crystal titanium for macroscale mechanical test but also the difficulty in 

obtaining quantitative information of microscale dislocation evolution during 

plastic deformation.  
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Increasingly, computational modeling and simulation techniques are 

helpful in understanding the fundamental deformation mechanisms. The three 

dimensional dislocation dynamics (3D-DD) method [87-90] can simulate and 

monitor the evolution of individual and collective dislocations, and thus is able to 

predict microscale dislocation evolutions and establish a link between 

microstructure to macroscale plastic properties. The technique has been applied 

to study face-centered cubic (FCC) crystals, e.g., in [91-94] and body-centered 

cubic (BCC) crystals, e.g., in [89,95,96]. For example in [94], Simulations using 

3D-DD of FCC Cu single crystal under high strain-rate loading to examine the 

relation between strain rate and dislocation structure evolution. The response of 

FCC Cu single crystal to the high strain-rate loading is found to be anisotropic. 

Depend on loading rates, slip bands forms on the most active slip planes. And 

because of annihilation, multiplication and glide of dislocation on different active 

slip systems that is controlled and affected by crystal orientation and strain rates, 

the substructure formation is inhomogenous and the stress-strain curves are 

anisotropic. In [89], an atomistically-informed dislocation dynamics method 

incorporates non-planar screw dislocation core model and was applied to predict 

the anisotropic behavior of BCC Ta in uniaxial deformation and the asymmetrical 

behavior in tension and compression. Yet, the application of 3D-DD for hcp 

materials is quite limited. In one study, the DD is applied to three hcp metals, Hf, 

Mg and Zr, to study their anisotropic behavior in a c-axis tension deformation 

[86,87]. 
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As shown here and elsewhere, high-resolution imaging techniques allow 

for the accurate characterization of grain structures in ultrafine-grained Ti and 

alloys, which show a great variety of grain sizes, crystal orientations and 

dislocation densities in those grains [94]. While it is reasonable to assume that 

the mechanical properties of these materials strongly depend upon the 

anisotropic behavior of each grain, a detailed assessment of grain size, 

dislocation content, and orientation is lacking. This work aims to utilize the 

parametric dislocation dynamics method [94, 95] to study the effects of load 

orientation, grain size and initial dislocation density on the uniaxial deformation of 

single hcp grains. 

7.2. Simulation setup 

The parametric dislocation dynamics method [94,96] uses curved 

segments to connect discrete dislocation nodes for a dislocation loop. The 

equation of motion for dislocation glide is 

 

                           (Eq 7.1) 

 

where  is the component k of the total force acting on a 

dislocation from the summation of , the Peach-Koehler force, , the self-

force and , the Osmotic force.  is the resistive matrix, and  is the velocity 

of the dislocation and  is the virtual displacement of a point on the dislocation. 

In addition, short-range dislocation mechanisms, such as annihilation, 

multiplication, and cross-slip, have been implemented [96]. 
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In this study, only the most common slip system in hcp-Ti, namely, the 

prismatic slip system, will be activated. This slip system contains the {1 00} slip 

planes and <11 0> Burgers vectors. A single grain of the single crystal Ti with a 

cubic morphology will be simulated. This geometry is selected due to its 

simplicity with grain boundaries as impenetrable obstacles to dislocation motion, 

i.e., dislocation cannot glide through a GB, and there is no GB annihilation or 

nucleation of dislocations in this work. To understand the microstructural effects 

on material behavior, grains with three sizes (500 nm, 1μm, 2μm) and three initial 

dislocation densities (5×1011/m2, 2×1012/m2, 5×1012/m2) are set up to be loaded 

uniaxially along three typical orientations ([0001], [11 0], [1 10]). The initial 

dislocation configuration consists of randomly distributed Frank-Read sources. 

The crystal is deformed with a constant strain rate in tension. A constant time 

step of dt=5×10-12 s is used , and the strain rate dε/dt is constant at 103/s. And at 

any time t, the imposed strain is ε=dε/dt×t [85]. The lattice parameters of hcp-Ti 

are a=0.294 nm and c =0.468 nm, while elastic isotropy is assumed with Young's 

modulus E=130 GPa, and Shear modulus µ=40 GPa. In these simulations, the 

numbers of initial dislocations range from 6 to 70.  

7.3. Result and discussion 

 The stress-strain curves, evolution of dislocation density, and 

dislocation configurations are construct using the output at each simulation step 

with a constant imposed strain rate. It is worth mentioning that in this simulation, 

the absolute values are not as critical as the anisotropic behavior of the material. 

In Figure 7.1(a), stress-strain curves of three different loading directions are 
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presented, other simulation condition, such as grain size and initial dislocation 

density and dislocation distributions are the same. The stress-strains are all 

shown as typical curves that have a linear elastic region followed by a plastic 

deformation. The point where a deviation of stress away from the linear elastic 

region is observed defined as yield stress. In Figure 7.1 (b), the dislocation 

density of various loading directions but same grain size and initial dislocation 

density are plotted with respect to strain curves. The density-strain curves, a 

dramatic increment is observed of each density-strain curve after the materials 

are plastically deformed, which agrees with conventional theory that dislocations 

are the carrier of plastic deformation. 

 

   

(a)       (b) 

Figure 7.1 General output information of dynamic dislocation simulation. (a) A 
typical example of the strain-stress curves of three different loading directions. 
(b) A example of the strain-dislocation density curves of three different loading 
directions.  
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(a) 

  

(b)    (c) 

Figure 7.2 Yield stress plotted with respect to grain size for three loading 
orientations [0001], [11 0], [1 10] and for three initial dislocation densities in (a) 
5×1011/m2, (b) 2×1012/m2, (c) 5×1012/m2. 

 

While the anisotropic behavior is clearly demonstrated by the stress-strain 

curves, the grain size effect is also observed from the yield stress-grain size 

curves in Figures 7.2(a-c), which shows the flow stress increase with decreasing 

grain size and is in general agreement with both experimental test and simulation 

output [86]. The initial dislocation density is also shown to have a visible 

influence on the yield stress.  
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The three plots shown in Figure 7.3 are measurements of the dislocation 

densities at yielding (the onset of permanent plastic deformation) vs grain size for 

three loading orientations and three initial dislocation densities. Figure 7.3 also 

clearly demonstrates that as a good measure of the microstructural changes, 

dislocation density evolution is highly anisotropic. Figure 7.3(b) and (c) show that 

the dislocation density at yielding is affected by the grain size, generally 

decreasing as the grain size increases. This can be explained as follows: in large 

grains, the mean free path for dislocation motion and multiplication is big so that 

fewer dislocations can generate significant amount of plastic deformation at 

yielding; however, in small grains, the mean free path is small such that 

dislocation motion is restricted and yielding can only happen when higher 

stresses activate more dislocations. However, in Figure 7.3(a), due to the low 

initial density, the 500 nm grain has only one dislocation, which is hard to activate 

and results in a lack of obvious yielding or plastic deformation from dislocations 

in the simulated strain range in this work. This leads to a higher yield stress and 

lower density compared to the other simulated cases. Data in Figure 7.2 (a) and 

7.3(a) of the 500 nm-grain are thus chosen at a strain level comparable to the 

yielding strains in other cases.  
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(a) 

  

 (b)        (c) 

Figure 7.3 Dislocation density at yielding plotted with respect to loading direction 
and grain size with three different initial dislocation densities.  

 

Dislocation microstructures (shown in Figure 7.4), a direct output of 

dislocation dynamic simulations, can be studied to understand the dislocation 

structure evolution, substructure formation, etc. The figure shows that the 

deformed dislocations are clearly different from each other for different loading 

orientations even though the same initial microstructure is used. 
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(a) 

    

 (b)     (c) 

Figure 7.4 3D information of defect structure. (a) Initial dislocation microstructure 
containing straight Frank-Read sources; (b) Deformed dislocation microstructure 
showing curved dislocations at yield point in [0001] loading, (c) Deformed 
dislocation microstructure showing curved dislocations at yield point in [1 10] 
loading. 
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(a) 

 

(b)     (c) 

Figure 7.5 3D information of defect structure.(a) Microstructure at strain of 
0.00055 for the [1 10] loading, and (b) microstructure at strain of 0.00061 for the 
[1 10] loading, and (c) microstructure at strain of 0.00062.  

Figures 7.5(a-b) shows the dislocation arrangement at strains of 0.00055 

and 0.00061, immediately prior to and following the stress drop on the stress-

strain curve. It shows that a dislocation loop is experiencing a quick expansion 

due to the high stress. As our 3D-DD in this work is essentially a strain-rate 

controlled simulation, this is equivalent to a strain burst that is followed by a lower 
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local average stress required to achieve the next step in strain. In Figure 7.5(c) 

that shows the dislocation arrangement at the next simulation sequence 

(e=0.00062), the dislocation rearrangement has resulted in new segments that 

can move at the lower stresses (i.e., “weak dislocation sources”).  

The anisotropic behavior of a single crystal is normally explained through 

Schmid factors. Higher Schmid factors on slip planes lead to higher resolved 

shear stresses to active dislocations, and their values change as the loading 

orientations vary. Thus, the change of orientation results in different dislocation 

activities, which in turn leads to different amounts of plastic deformation. In 

addition, dislocations themselves also contribute to the anisotropy because their 

multiplication, accumulation and self-organization are all anisotropic and 

inhomogeneous. The internal stress state changes as dislocations organize into 

lower energy structures, which create evolving internal heterogeneities that affect 

further deformation [98]. 

The results not only demonstrate the anisotropic behavior of the simulated 

grains, but also show the strong grain size effects on the behavior. Generally 

speaking, the anisotropy is enlarged for small grain sizes (Figures 8.2 and 8.3), 

which indicates the possibility of strong inhomogeneous deformation in an alloy 

system with a range of grain size distributions. This inhomogeneous deformation 

may lead to softening of local areas as the precursor of macroscale deformation 

band and failure. 
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7.4. Conclusion 

This preliminary work shows useful information can be obtained from 

dislocation dynamics simulations of hcp a-Ti during a uniaxial tension test, 

including the stress-strain curves for various grain sizes and initial dislocation 

densities. Anisotropic behavior has been observed and can be qualitatively 

analyzed with such information. The potential of the DD to study dislocation 

microstructure evolution in hcp crystalline materials is demonstrated and will be 

applied to more complicated studies. 
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CHAPTER 8 

FUTURE WORK 

The work in this thesis demonstrates the application of precession 

electron diffraction coupled ASTAR to characterization of highly deformed CP Ti 

and two-phase alloy Ti-5553. The followings are the future work to fulfill and 

extend the frame of this thesis work. 

1. True digital image correlation (DIC) tensile test with micro-beam and

micron resolution will be include to establish a more accurate relationship 

between GND density with magnitude of deformation. 

2. Use the microstructural information before and after deformation obtained

from precession electron diffraction coupled ASTAR technique as an input source 

for finite element modeling (FEM) and dislocation dynamic simulation (3D-DD) to 

predict the structure and defect evolution during deformation and investigate the 

deformation mechanism in single and two phase titanium alloys. 

3. Various annealing time is need to study the kinetic of recrystallization/

recovery of ECAPed CP Ti. Annealing time up to 1 hr with an internal of 10mins 

can be sufficient to have a full relation between microstructure, dislocation 

density and annealing time, which is also be enough to have a full microstructure 

and defect evolution relation during annealing with respect to time. 

4. Apply precession electron diffraction coupled ASTAR to two phase alloys

at early state of precipitation to experimentally study the variant relation between 

phases at nano-scale. 
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