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ABSTRACT

The dynamic fracture (spallation) of ductile metals is known to initiate through the nucle-
ation and growth of microscopic voids. Here, we apply atomistic molecular dynamics modeling to
the early growth of nanoscale (2nm radius) voids in face centered cubic metals using embedded
atom potential models. The voids grow through anisotropic dislocation nucleation and emission
into a cuboidal shape in agreement with experiment. The mechanism of this nucleation process is
presented. The resulting viscous growth exponent at late times is about three times larger than
expected from experiment for microscale voids, suggesting either a length scale dependence or a
inadequacy of the molecular dynamics model such as the perfect crystal surrounding the void.

INTRODUCTION

The growth of microscopic voids is fundamental to the ductile fracture of metals [1]. Under
low strain-rate creep conditions growth is determined by the behavior of vacancies and diffusive
processes. An understanding is central to technological problems such as the failure of intercon-
nect lines of microelectronic circuits [2] and the radiation damage of materials in nuclear reactors
[3]. At high strain-rates, as occur during shock loading, there is insufficient time for diffusive pro-
cesses and void growth occurs by plasticity mechanisms. The rich history of experiment [4] and
of continuum plasticity models of void growth [1,5-8] has resulted in a highly successful contin-
uum computer code model of failure based on the nucleation and growth of voids [9-11]. How-
ever, there remains many unanswered questions concerning the microscopic mechanisms of void
nucleation and plastic growth.

In this paper we examine some of these microscopic mechanisms using atomistic molecular
dynamics (MD) modeling of the growth of a nanoscale (radius = 2nm) void in copper under high
strain-rate isotropic tension.

o —>
/______b

Figure 1. Isotropic tension is simulated by expanding the simulation cell in all directions at a con-
stant rate. A nanoscale void of size R = 2nm = [ /10 is cut from the center of the cell.



METHODS

A cubic simulation cell containing N=864000 atoms was created by replicating 60 FCC unit
cells along each of the cubic axes. The embedded-atom method [12,13] is used to model copper.
The equations of motion are integrated using a Verlet leap-frog algorithm with a time step of 6fs
and periodic boundary conditions [14]. The system was simulated at T=300K and P=0 to an equi-
librium cell length of [ .y = 21.7nm. A void of radius 2nm was then cut from the center of the sim-
ulation cell as shown schematically in Figure 1, resulting in a system containing N=860396
atoms. A strain-rate is simulated by rescaling the positions of every atom in the simulation cell as

is commonly done in constant pressure MD simulations [15]: x = Hs, where s [0, 1] and
H = {a, b, c} is a matrix composed of the simulation cell vectors. An isotropic constant strain-

rate is simulated by specifying a constant time derivative of H. After equilibrium, the thermostat
is turned off and expansion is simulated under adiabatic conditions.

RESULTS and DISCUSSION

The resulting stress averaged over the entire simulation cell is shown in Figure 2 as a func-

tion of volume for a strain-rate of £=10%s"1. The tension (negative stress) increases monotonically
to about 6 GPa after which it turns around and decreases with further expansion. This growth
threshold stress agrees well with our previous simulation using comparable voids but smaller
overall system sizes [16]. In general larger voids display a smaller growth threshold stress. We
stop the simulation when the expanding network of dislocations crosses the periodic boundary.

In a seminal paper on dynamic fracture, Barbee et.al [9] measured the growth rate of
microscale voids in copper. They observed a viscous growth law of the form:
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Figure 2. Stress as a function of volume per Figure 3. The natural log of the void vol-
atom (r, = 2.54 A) for isotropic adiabatic ume as a function of time for growth of an
expansion of an R=2nm void at £ =10%"". R=2nm void. The lines are drawn as a

guide to the eye.



where V is the void volume, o is the applied stress, Gy, = 0.005 GPa is the growth threshold

stress, and 1 = 0.2 Pa-s is the material viscosity. At an applied stress of 6 GPa (well outside the
experimental data), this model predicts a growth exponent of o = 2.2x10'%1,

Comparison with the MD data requires a metric of the void volume within the MD simula-
tion. A void is where the atoms are not. Thus, we define a background grid and compute the sum
of unoccupied grid zones. A grid spacing smaller than an atom size leads to spurious results. We
find lyq = 0.36nm gives reproducible results consistent with the known initial void radius (2nm).

This void volume metric introduces an error which scales as 1/R. We estimate the error to be no
more than a few percent for R = 2nm. The resulting volume is shown in Figure 3 as a function of
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Figure 4. A projection of a thin slice through the center of the simulation cell onto the x-y plane
for (a) t=0.024ns and (b) t=0.030ns. The atomic positions are in the unit cube.

Figure 5. The defect structure at (a) t=0.024ns and (b) t=0.030ns as revealed by the atoms with
potential energy 1% above the bulk potential energy at T = 1K.



simulation time. Three distinct, nearly linear regions are observed on the log plot, suggesting
exponential growth. Void growth at early time is elastic, displaying no change when normalized
by the total system volume. At late time, the growth is fully plastic with a surrounding network of
dislocations moving into the material. As shown below, dislocations first emerge from the void
surface at #=0.025ns and the nature of the intermediate region is not clear. From the slope of the

curve at late time we estimate the growth exponent in the simulation to be o = 6.2x101%1, The
factor of three higher exponent than expected from experiment is most likely due either to the vast
difference in length scale between the simulation and experiment or to the surrounding perfect
crystal in the MD simulation.

‘Two methods of visualizing the nucleating dislocations were considered. First, a thin cross-
section through the center of the simulation cell was projected onto the x-y plane. The result is
shown in Figure 4 at times t = 0.024ns and t = 0.030ns. The presence of dislocations is observed
through their effect on the strain field. At t = 0.024ns no apparent dislocations have entered the
materials though the strain field near the void surface is highly non-linear. This nonlinearity may
be the reason for the behavior observed in the intermediate region in the volume curve. At t =
0.030ns several dislocations are evident in the surrounding material. The resulting cuboidal shape
has been observed experimentally [17].

The second method has proved extremely useful in visualizing dislocation emission during
ductile crack growth [18,19]. The total potential energy is divided into contributions from each
atom. Atoms with energy above a threshold are considered to be near a defect. Only these atoms
are visualized. A naive application of this idea to the data presented here yielded noise. The ther-
mal fluctuations at T = 300K are sufficiently large to wash out the difference between atomic sites
in the bulk crystal and near a defect. As a result, the configuration was rapidly quenched to T = 1K
at constant volume, hopefully not changing the defect structure significantly. The quenched struc-
tures at t=0.024ns and at t=0.030ns, shown in Figure 5, give the following picture of dislocation
nucleation during void growth. At t=0.024ns, protrusions emerge from the void along the six
cubic axes and leading Shockley partial dislocations can be seen wrapping around the void and
terminating on neighboring protrusions. The same image at t=0.021ns shows only the void surface
atoms. At t=0.030ns, the dislocation structure is far richer. For example, towards the bottom of the
image a pair of edge dislocations with both leading and trailing Shockley partials have formed a
Jjunction. This junction, presumable created at the above mentioned protrusions, moves with the
dislocation pair away from the void. The process repeats as additional dislocations emerge from
the void surface and form even richer microstructures.
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