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ABSTRACT

Synchrotrons x-ray sources provide high-brilliance beams that can be focused to submicron
sizes with Fresnel zone-plate and x-ray mirror optics. With these intense, tunable or broad-
bandpass x-ray microbeams, it is now possible to study texture and strain distributions in
surfaces, and in buried or encapsulated thin films. The full strain tensor and local texture can
be determined by measuring the unit cell parameters of strained material. With monochromatic
or tunable radiation, at least three independent reflections are needed to determine the
orientation and unit cell parameters of an unknown crystal. With broad-bandpass or white
radiation, at least four reflections and one measured energy are required to determine the
orientation and the unit cell parameters of an unknown crystal. Routine measurement of local
texture and strain is made possible by automatic indexing of the Laue reflections combined
with precision calibration of the monochromator-focusing mirrors-CCD detector system.
Methods used in implementing these techniques on the MHA171?-CATbeam line at the
Advanced Photon Source will be discussed.

INTRODUCTION

Material science has traditionally concentrated on studies either at the atomic scale where
first principles and Monte-Carlo simulations are practical or at the macroscopic scale where
finite element methods are appropriate. However at an intermediate mesoscale (of order 10nm
to 10~m), both theoretical and experimental tools are limited. Yet it is just at this scale where
polycrystalline and intra-granular heterogeneities support a rich system of boundaries, stress
distributions, second phases and interfaces, which are keys to understand fundamental material
behaviors.

Electron backscatter diffraction (EBSD) ii’one of the few tools which can be used to study
crystal structure at mesoscopic length scales[ 1]. However, electron beam probes are limited to
the near-surface region and typically have limited strain and texture sensitivity. Penetrating x-
ray microprobe overcome both limitations with strain sensitivity down to Ad / d - 10-4.X-ray
microbeams also have outstanding elemental and oxidation state sensitivity with probe sizes
comparable to electron beams on thick samples. Yet despite the many advantages of x-ray
microprobe, these devices have been largely limited by x-ray brilliance
(photons/sec/eV/mm2/mrad2).

The recent availability of the third generation synchrotrons radiation sources like the
Advanced Photon Source at Argonne National Laboratory now provides orders of magnitude
greater brilliance in the hard x-ray region. Third generation sources combined with much
improved x-ray optical components like elliptic Kirkpatrick-Baez mirrors and Fresnel zone
plates can provide submicron size focused x-ray beams which have more flux than rnm2 beams
from a conventional x-ray tube. X-ray microprobe can now be used for local texture and
strain analysis on a micron scale. Of particular interest are studies of inter- and intra-granular
stress/strain distributions in polycrystalline samples,
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AM V= T’AOV (2)

T = AMA~’ (3)

The transformation matrix T can be calculated from the measured lattice parameters with Eq.
(l). But T may include both distortions and rotations. To remove the rotations, the average of
T and TT must be used. The strain tensor&M in the measured crystal Cartesian coordinates is
given by,

&M=(T+TT) /2-I (4)

where I is the identity matrix. The strain tensor in a laboratory frame, &Lcan be
using the rotation matrix R, which is derived from the orientation of the grain;

e~ = R &~ R-l. (5)

calculated by

This simple method allows the calculation of the strain tensor for each grain from the
measured unit cell parameters. We note that the strain tensor can be divided into a dilatation
tensor and a deviatoric tensor[5]. For some cases, the distortional tensor alone is adequate,
and this can be recovered from a white beam Laue pattern alone without energy
measurements of the diffracted beams.

EXPERIMENT

A schematic diagram of the setup used at the MHATT-CAT 71D-beam line at the APS is
shown in Fig. 1. Absolute values of lattice constants could be obtained by switching back and
forth between white beam and monochromatic beam. Whereas a typical monochromator has
large displacements on the order of cm’s between the white beam and the monochromatic
beam, for the x-ray microbearn experiments, both beams need to illuminate the same spot on
the sample. To achieve this goal, a monochromator was specially designed so that the
monochromatic beam direction can be adjusted to make it co-axial to the white beam[6]. The
geometry of slits and monochromator crystals is also shown in Fig. 1.

To focus the x-ray beam down to a submicron size, a pair of Kirkpatrick-Baez mirrors was

rlC(2D
1

I 1’ Monochromator

+S/”.

.......................................

K-B mirror box ; ‘Xit‘lit for while beam

F&
4

enwance slit : for monochromatic
.......................................

sample stage
beam

Figure 1. A schematic diagram of the x-ray microbeam experiment. For the white beam,
crystals are placed out of the path and only the top part of the entrance slit is open. For the
monochromaticbeam, only the bottom entrance slit is open and the monochromator crystals
are placed in the beam path.



fraction primary FCC.is equivalent to the total fraction solid. In Figure 24 the fraction of primary

FCC as a fi.mction of temperature is given for four different cooling rates. In these calculations,

the element size was adjusted at each cooling rate according to the relationship between dendrite

spacing and cooling rate given in reference 2. It can be seen that the curves are virtually identical.

Thus, for element size-cooling rate pairs that are observed by experiment (and will be referred to

as “compatible” values), a single master plot of fraction primary FCC versus temperature, is found.

This behavior is true for the fill range of cooling rates that were considered, covering four orders

of magnitude (7.2 to 72,000 K s-l). In contrast, when different element sizes were used for a

single cooling rate (3120 K s-l), the curves for ilaction primary FCC versus temperature diverge,

as seen in F@we 2b. As the element size was increased beyond the compatible dendrite half

spacing value, the fraction primary FCC deviated fiu-ther from the “master curve” found in F@re

2a.

Composition profiles are shown in Figure 3 for a few representative conditions. Figures

3a and 3b show the profiles for cooling rates of 7.2 and 3120 K s-l and compatible element sizes

adjusted accordkg to the experimentally found dendrite arm spacing-cooiing rate relationship.+

As found in Figure 2a, the curves are basically indistinguishable when the element size and cooling

rate are compatible. Figure 3Cshows the composition profile for a cooling rate of 3120 K S-lbut

a large (incompatible) element size of 12.5 pm (compared to 1.5.~m in Figure 3b). The

composition profile is quite different i?om that for the compatible case in F@ure 3b. In particular,

the solute profile in the liquid phase (to the right of the interface) is virtually flat in Figures 3a and

3b but shows a marked gradient in Figure 3c. The results of these calculations provide valuable

insight into the solute redistribution during solidification. The results in Figures 3a and 3b, for
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difl?hsionand so simpli@ing assumptions that have been used in the past to describe the solute

redistribution and the solidification process need not be made. Furthermore, the local equilibrium

that is required at the solid-liquid interface is calculated during the calculations as a fimction of ..

temperature and compositio~ and no simpl@ing assumptions such as constant partition

coefficient are needed. Perhaps the greatest potential for these types of calculations lies in the

fact that multi-component systems can be evaluated, and therefore the limitation to binary

systems, that has been invoked in the past, is no longer necessary. The possible consequences of

considering multi-component systems will be discussed in greater detail in the other examples.

Nonetheless, there are critical limitations in the numerical calculations that must not be

forgotten. First, local equilibrium at the interface is required, and thus non-equilibrium

partitioning at the interiiace as a result of rapid solidification cannot be taken into account.

Second, the calculations require a dependable kinetics database, including diflbion data for the

liquid state. In the present calculations, a fixed, solute- and temperature-independent liquid

diffhsion coefficient was used. Clearly, the extent of the solute redistribution in the liquid, and the

conclusions that are reached, depend upon the kinetics para&eters that are used. Third, no solute

transfer into or out of the volume element is allowed. Fhxtlly, the calculations are carried out at a

uniform temperature across the entire cell length. However, for the size and orientation of the

volume element that is considered here, a uniform temperature approximation is quite reasonable.

Example 2: Steadv state dmar front solidification in A1-Cu allovs

A solidification front can be unstable with respect to perturbations, in which case a cellular

or dendritic stmcture results, or it can be stable with regard to such perturbations and a planar

solidification front forms. Planar front solidification ofien is found under weldlng conditions and
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addition, the number of nodes used in the diffbsion modeling were changed to determine their

influence. The solidification kinetics are controlled by the solute gradient in the liquid. Therefore,

it was necessary to st~ the calculations above the solidus temperature in order to establish the

solute gradient before steady state growth took place. If solidification were modeled at the

solidus temperature, beginning with 100°Aliquid, then the growth kinetics would be dwectly

controlled by the node spacing and the maximum liquid gradient that the spacings would allow,

finer node spacings would yield faster growth rates without any limit.

Figure 5 shows calculated composition profiles at various times for an initial cooling rate

of 10 K S-l. In Figure 5a, very few nodes (11) were used in the calculations while in Figure 5b

twice as many nodes were considered (21). It can be seen that with too few nodes, a dip in the

liquid concentration profile is found, and this is an artefact of the numerical computations that has

been described before.5 A plot of growth velocity versus time corresponding to the conditions in

Figure 5b is shown in F@re 6. It was found that the growth velocity was reasonably constant

once the solidus temperature was reached at 10 seconds. Numerous calculations for different

node spacings and node distributions showed the same general behavior perfectly constant

growth velocities were never found in the simulations, although this is the result of analytical

solutions to the binary diflbsion problem.4 Different node configurations (number and

distribution) led to some small variation in the calculated growth rates but the variation was

within the range shown in Figure 6.

Calculation results for difEerent cooling rates fkom the liquid phase field to the solidus are

shown in F@res 7 and 8. In F@re 7a, the solute profiles for a cooling rates of 0.1 K s-l are

shown, with the corresponding plot of velocity as a fi.mction of time in Figure 7b. Once the
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transient leading up to the steady-state growth. l%is restriction is not needed in the numerical

analysis. The situation is quite different when one considers multi-component (>2) alloy systems.

Analytical solutions are not available for this case. Furthermore, the accuracy of using constant “,

partition coefficients may be more suspect in multi-component systems. Finally, as discussed in

detail in the next example, the solute partitioning behavior when cooling from the liquidus to the

solidus is significantly more complex for multi-component systems. It will be shown that the

tieline at the solidus does not necessarily pass through the overall alloy composition and this

destroys the necessary conditions for steady-state growth. ASwas the case in the first example,

the uniform cell temperature is another limitation in the numerical procedure. In the present

example, a non-uniform liquid temperature will affect the solute gradient in the liquid to some

degree, but this is ignored in the calculation.

Example 3: Com~etition between ferrite and austenite solidification in stainless steels

Solidification of stainless steel welds is often characterized by the competition between \

ferrite and austenite solidification. As a result, the final fision zone microstructure can vary

dramatically as a finction of weld composition and cooling rate during solidification. For

example, it has been shown that for these steels the mode of solidification can change at higher

cooling rates from one of primary ferrite formation to primary austenite formation.c Several

studies have examined the conditions for determining the mode of solidification based on

solidification theory and the differences in nucleation and growth kinetics of the ferrite and

austenite phases.7-9 Previous studies have modeled the stainless steel alloy compositions by

considering only the Fe-Cr-Ni system. In additio~ they either restricted consideration to only one

critical component (Cr or Ni) when modeling solute redistributio~ or they have superimposed the
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are also drawn by dashed lines in the figure. This progression maybe altered slightly by the

relative difision rates of the solutes, but in general, it is analogous to the solute redktribution in a

binary systeW resulting in an initial transient before steady state planar growth takes place.4 What

is noteworthy, and very different Iiom the binary system case, is that the new tielines need not go

through the overall alloy compositio~ and the progression of tieliies during cooling can move in

a very unpredictable manner that will vary with initial alloy compo~tion. Thus, it is possible, and

in fact likely, that precise conditions needed for steady-state planar growth may never develop.

This is because steady-state planar growth requires that the solid composition defined by the

tieline, be the same as the overall composition. For muiti-component systems, the solidification

may only come close to meeting this condition. Furthermore, the extent to which approximate

planar growth conditions can be achieved maybe very sensitive to the alloy composition and the

way in which the tielines shlfi during cooling.

Whh these considerations in mind, the simulation of planar growth in a multi-component

system had to be approximated. The following conditions for the calculations of planar ferritic

and austenitic growth were set. The start temperature for the system was above the liquidus

temperature and a constant cooling rate was imposed until the solidus temperature for the overall

composition was reached. At that point, the temperature was held constant for the remainder of

the simulation. As noted above, as the solidification progresses in the multi-component system

the solidus temperature for the overail composition need not represent the point at which the solid

that forms has the overall alloy compositio~ which is the unique situation for binary systems.

Nonetheless, it was assumed that holding at this temperature would be a reasonable estimate for

the temperature at which near-steady-sate planar growth can take place, if at all. Calculations
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during ferritic growih. The profile plots also show that the ferrite-liquid interface is significantly

fhther ahead than the austenite-liquid intefiace at the same time (which also represents roughly

the same temperatures since there is only a 3 degree difference in solidus temperatures). Thus the :

calculations indicate that ferrite growth should be favored significantly over austeqitic growth

under these conditions (cool at 100 K S-lto the final hold temperature). For the other two alloy

compositions, ferritic growth begins earlier than austenitic growth (higher liquidus temperature)

and the ferritic growth rate is equrd to or greater than that for austenite so ferrite growth is

predicted to prevail over austenite formation. It is interesting to note that for the Fe-Cr-Nl ~

system, with basically only one component being rejected at the solidification front (Cr for

austenitic growth and nickel for ferritic growth), the three, component system is behaving

essentially as a binary system. This may enhance the degree to which steady-state growth can

take place. The results suggest that firther deviations from steady-state growth maybe found in

alloy systems where more than one solute is rejected at the solidification front.

The difision modeling approach for simulating the solidification behavior can provide

valuable information on the relative growth behavior of competing phases, and with the

itiormation that this method provides with regard to the solute redistributio~ the mechanisms

that lead to one phase growing preferentially can be readily identified. As in the other examples,

one of the principle advantages of using this technique is that the complexity that is prevalent in

multi-component systems can be taken into consideration. However, for multi-component

systems that include rapidly difliming interstitial elements, such as carbon and nitrogen, the

numerical procedures often become more difficult and even impossible to carry out, especially

under more severe conditions such as high cooling rates. This method does not consider the
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consequences” tilty “rfGtbe significmt for the examples considered above. However, if temperature

gradients and multi-dimensiond difision calculations were available, then a significantly better

simulation of dendritic growth could be carried out. Without the current capabilities, only planar

growth or subregions of the dendrite can be modeled.

A third limitation of the currently available analyses is the inability to include non-

equilibrium partitioning at an advancing interface. Numerous studies have shown that under many

conditions solute trapping can lead to non-equilibrium partitioning behavior. This has been

observed under rapid solidification conditions and these conditions are often prevalent during high

power density welding processes such as electron beam welding or laser welding. Thus, the

ability to model the non-equilibrium partitioning behavior during solidification would greatly

enhance the range of applications for this modeling approach.

The present state of the numericai procedures allows, in principle, the calculation for

complex systems, including alloy compositions that have fast-diffising interstitial components

such as carbon and nitrogen as well as slower substitutional components. However, in practice,

inclusion of fast and slow diflixsingspecies introduces problems that often are insurmountable by

the currently available numerical techniques. When more severe conditions for the calculations

are superimposed, such as rapid heating or cooling of the simulation cell, then the numerical

analysis often crashes. Certainly advanced expertise can alleviate some of these problems, but for

other cases, solutions simply cannot be obtained and the problem needs to be simplified. In either

situation, improved calculation methods are desirable.

In recent years, a new numerical method for modeling transformation behavior, the phase

field method, has been advanced and is seeing greater application.~” This approach is not a true
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~URAL N13TwoRK MODELING

Thenumericd"modehng tectiques described above cm beapphedtomy~esof ‘.

problems and the results can be quite reveaiin~ providing valuable insight into the mechanisms

and consequences of solidification and phase transformations in general. Details regarding the

extent of solute redlstributio~ the phase tlactions, the rate of growth etc can be calculated as a

function of thermal conditions and alloy composition. However, while select cases can be

analyzed with the use of these models, they can become impractical when trying to describe a

wide range of compositions and conditions. For example, consider the case of ferrite content

prediction in stainless steels. These alloys often contain eight or more components, and the

composition ranges for these components can be quite broad. Clearly, numerical calculations of

thousands of alloy compositions would be needed to cover this wide class of materials and this is

unrealistic. In addition, as mentioned above, complex compositions maybe difficult to model

directly due to numerical difficulties. Finally, the reliability of the calculations would have to be

checked to be sure that the calculations yield accurate results. Other methodologies are needed to

address these more global applications, and certainiy numerical anaiyses could provide valuable

input to these alternate tectilques.

One such alternate approach is to apply neural network analysis to glean global behavior

from a vast source of data. This approach was utilized for the problem mentioned above, namely

the prediction of ferrite content in welds as a iimction of the stainless steel alloy composition.

This problem has been addressed over many decades, Constitution diagrams that describe the

ferrite level as a function of chromium and nickel equivalent factors have been the most common
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of the figure. The plot shows the sensitivity of predicted Ferrite Number to each alloying element.

Figure 14 shows the same type of plot but for a typical duplex alloy composition @e-22Cr-5NL

3Mo-2Mn- 1Si-.2N-.O3C). Comparing Figures 13 and 14, one can readily identi~ different effects

for the same alloying element that are dependant upon the base alloy composition. Such results

can be verified by doing detailed computation thermodyndcs and kinetics calculations for

specific compositions. Thus, the more fundamental numerical analyses can be integrated with

more global methods such as neural network analyses to provide a much broader base of

information. In fact, it is suggested that judicial use of both methods may be the best approach to

modeling solidification behavior in general.

CONCLUSIONS

Several examples of numerical calculations of the kinetics of dlfision-controlled

solidification have been described. These calculations provide valuable information with regard to

solidification growth velocity and solute redistribution under conditions that are found during

welding. The modeling of the difision behavior provides an alternate method to traditional

approaches for examining the solidification behavior. It was found that the dendrite arm spacing

and cooling rate are related in such a way as to yield a unique master curve exists for describing

the solidification versus temperature. Planar growth was also examined and it was found that the

occurrence of steady-state planar growth in multi-component systems is complicated by the more

complex solute redistribution in these alloys compared to binary systems. Finally, a neural

network model was described for predicting ferrite content in stainless steels. The use of neural

networks may be an excellent alternative to detailed model calculations when global behavior
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Figurel

Figure 2

Figure 3

Figure 4

Figure 5

Figure 6

Figure 7

Figure 8

Figure 9

FIGURE CAPTIONS

Schematic diagram of computational volume eiement used for calculations in

Example 1.

Plots of fraction primary FCC versus temperature for (a) five d~erent

“compatible” DAS-cooling rate conditions and (b) four difFerent volume element

sizes at the same cooling rate (3 120 K s-l).

Solute profiles for AI-4CU at three different times during the simulation for (a)

3120 K S-lcooling rate and compatible DAS, (b) 7.2 K S-lcooling rate and

compatible DAS, and (c) 3120 K s-i cooling rate and incompatible DAS. Times

correspond to profiles at 915, 900, and 890K, respectively.

Schematic diagram of volume element for calculations of planar front growth and

composition profile for steady-state planar growth.

Solute profiles for A1-4Cu at different times (marked on curves, ins) for cooling

rate of 10 K s-l but with different numerical parameters. (a) 11 nodes and (b) 21

nodes used in calculations.

Plot of growth velocity versus time for Al-4cu calculations shown in Figure 5b.

(a) solute profiles at different times (marked, ins) and (b) growth velocities for Al-

4CU cooled at 0,1 K s-l.

(a) solute profiles at different times (marked, ins) and (b) growth velocities for Al-

4CU cooled at 1000 K s-l.

Schematic diagram showing the tielines at the liquidus temperature (solid) and just

below the Iiquidus temperature (dashed) in a ternary system.
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