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Understanding the relationships between microstructures and properties of materials is a 

key to developing new materials with more suitable qualities or employing the appropriate 

materials in special uses. In the present world of material research, the main focus is on 

microstructural control to cost-effectively enhance properties and meet performance 

specifications. This present work is directed towards improving the fundamental understanding 

of the microscale deformation mechanisms and mechanical behavior of metallic alloys, 

particularly focusing on face centered cubic (FCC) structured metals through a unique 

computational methodology called three-dimensional dislocation dynamics (3D-DD). In these 

simulations, the equations of motion for dislocations are mathematically solved to determine the 

evolution and interaction of dislocations. Microstructure details and stress-strain curves are a 

direct observation in the simulation and can be used to validate experimental results. 

The effect of initial dislocation microstructure on the yield strength has been studied. It 

has been shown that dislocation density based crystal plasticity formulations only work when 

dislocation densities/numbers are sufficiently large so that a statistically accurate description of 

the microstructure can be obtainable. The evolution of the flow stress for grain sizes ranging 

from 0.5 to 10 µm under uniaxial tension was simulated using an improvised model by 

integrating dislocation pile-up mechanism at grain boundaries has been performed. This study 

showed that for a same initial dislocation density, the Hall–Petch relationship holds well at small 

grain sizes (0.5–2 µm), beyond which the yield strength remains constant as the grain size 

increases. 



 Various dislocation-particle interaction mechanisms have been introduced and investigations 

were made on their effect on the uniaxial tensile properties. These studies suggested that increase 

in particle volume fraction and decrease in particle size has contributed to the strength of these 

alloys. This work has been successful of capturing complex dislocation mechanisms that 

involves interactions with particles during the deformation of particle hardened FCC alloys. 

Finally, the DD model has been extended into studying the cyclic behavior of FCC metallic 

alloys. This study showed that the strength as well as the cyclic hardening increases due to grain 

refinement and increase in particle volume fraction. It also showed that the cyclic deformation of 

ultra-fine grained (UFG) material have undergone cyclic softening at all plastic strain 

amplitudes. The results provided very useful quantitative information for developing future 

fatigue models. 
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CHAPTER 1  

INTRODUCTION 

1.1 Motivation 

An engineer’s duty is to respond to a necessity by crafting something along a certain set 

of guidelines, which performs a given task. Moreover, that creation should accomplish its basic 

function without fail. Nevertheless, everything will ultimately fail after performing its given job 

with a sought after level of performance. Therefore, the engineer must design in such a way as to 

avoid failure, and, more vitally, catastrophic failure which could result in loss of property and 

possibly injury or loss of life. Through study and analysis of engineering disasters, present 

engineering researchers can learn how to create designs with less of a chance of failure. The 

primary cause of engineering disaster includes design flaws, materials failures, extreme 

conditions or environments, and, most commonly and importantly combinations of these reasons. 

Hence, it is extremely crucial to explore the technological challenges of designing flawless new 

materials for the 21st century with desired properties suitable for different conditions.  

 

1.2 Objective 

Understanding the relationships between microstructure and properties of any material is 

a key to developing new materials with more suitable qualities or employing the appropriate 

materials in special uses. In the present world of material research, the main focus is on 

microstructural control to cost-effectively enhance properties and meet performance 

specifications [1]. 

This present work is directed towards improving the fundamental understanding of the 

mechanical behavior of metallic alloys, particularly focusing on face centered cubic (FCC) 
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structured metals such as copper, aluminum, nickel, etc that are extensively applied in the field 

of electronics, automotive, aerospace and energy. Materials tests are often classified as 

monotonic or cyclic. Both kinds of tests are used to characterize the mechanical properties of 

metals, composites and many other materials, as well as components made from these materials. 

Tension (Fig. 1.1) and compression are examples of monotonic tests. In these tests, an increasing 

load (positive or negative) is applied to the specimen to identify its yield strength, ultimate 

strength and other properties. Cyclic tests (Fig. 1.2) apply oscillating loads, often until specimen 

failure, using load schemes that may involve cyclical tension, compression or a combination of 

the two.  

 

 

Figure 1.1. The engineering stress-strain curve [4]. 
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Figure 1.2.The cyclic stress-strain curve. 

 

Designing new materials purely based on the results obtained from these mechanical tests 

is the biggest challenge for a materials engineer since the mechanical behavior of these materials 

is highly affected by several complex mechanisms taking place at the microscopic and/or atomic 

level [2-3]. Strength of any material is defined as the material’s resistance to plastic deformation. 

This stress is otherwise called as yield strength as mentioned in Fig. 1.1. Since, in crystalline 

materials, plastic flow of materials is related to the presence, and response to an applied stress, of 

a large number of dislocations, it is very important to carefully analyze these microstructural 

mechanisms that involve dislocations and investigate in detail the several effects they have on 

the mechanical properties of the material.   
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In general, the flow strength of crystalline solids is increased by restricting dislocation 

motion. Various types of obstacles, either alone or in combination, can be present in a crystalline 

material to produce such an effect. The most commonly employed obstacles are other 

dislocations, grain boundaries, solute atoms and second-phase particles. Additional dislocations 

generated during plastic deformation give rise to work hardening behavior in materials. Material 

strength increases owing to the decrease in dislocation mobility concurrent with an increase in 

dislocation population. A grain boundary is a particularly effective strengthening agent because a 

moving dislocation cannot penetrate grain boundaries. However, effective grain boundary 

strengthening can be obtained by increasing the grain boundary area/decreasing the grain size. In 

some cases, second-phase particles provide exceptional strengthening. The strengths of such 

precipitation or particle-hardened alloys are limited by the fineness of the particle dispersion that 

can be produced in the matrix. Most high-strength alloys are hardened by more than one of the 

above-mentioned mechanisms. Although the basic physics of strengthening is well known, 

accurate quantification of the strength provided by specific dislocation-obstacle interaction 

mechanisms is difficult. 

Dislocation theory enhanced by experimental tools such as transmission electron 

microscopy (TEM) has made significant advancements in understanding the plastic behavior of 

crystalline materials as shown in Fig. 1.3. However, due to the multiplicity and complexity of the 

dislocation mechanisms involved, there exists a huge gap between the properties of individual 

dislocations and unit dislocation mechanisms at the microscopic scale and the material behavior 

at the macroscopic scale. To translate the fundamental understanding of dislocation mechanisms 

into a quantitative physical theory for crystal plasticity, a new means of tracking the dislocation 

motion and interaction over large time and space evolution is needed.  
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Figure 1.3. Dislocation tangles seen in strained stainless steel (left) [5]. Dislocation network seen 
in graphite (right) [6]. 

 

Therefore, three-dimensional dislocation-dynamics (3D-DD) simulations have been used 

in this work, which is aimed at developing a numerical tool for crystal plasticity. It directly 

simulates the dynamic, collective behavior of individual dislocations and their interactions. It 

produces stress strain curves and other mechanical properties, and allows detailed analysis of the 

dislocation microstructure evolution. In order to perform DD simulations for realistic material 

plastic behavior, efficient algorithms must be developed to enable the simulation over reasonable 

time and space range with a large number of dislocations. 

 

1.3 Structure of the Dissertation 

This dissertation is divided into eight chapters. Chapter 2 presents a background and 

literature survey of the research work performed, both experimental and theoretical, in order to 

study the mechanical behavior of FCC metallic alloys based on investigation of key dislocation 

mechanisms. Chapter 3 introduces to the modeling technique used in this work. A detailed 
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description of the 3D-DD method is presented in the chapter. The next 4 chapters comprise of 

the various investigations made using the model to study the macroscopic properties of FCC 

metallic alloys by gradually improving the model via incorporating additional complex 

dislocation mechanisms that are contributing in the strengthening methods mentioned in the 

previous section. Chapter 4 consists of studying the effect of initial dislocation microstructure on 

the yield strength of single crystal FCC metals. Chapter 5 includes studying the effect of grain 

size and shape on the strengthening behavior of FCC metals using an improvised model by 

integrating dislocation pile-up mechanism at grain boundaries. Chapter 6 starts of by introducing 

various dislocation-particle interaction mechanisms in FCC metallic alloys and investigations 

made on their effect on the tensile properties. Finally, chapter 7 extends the model into studying 

the cyclic behavior of FCC metallic alloys that provides very useful information for developing 

future fatigue models. In the end, chapter 8 discusses the summary of the present work and also 

addresses some of the present challenges that should be overcome for future development of 

similar model in the field of dislocation dynamics modeling of materials.   
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CHAPTER 2  

BACKGROUND AND LITERATURE SURVEY 

2.1 Background 

The strength of any material is defined by its capability to withstand an applied load 

without failing or deforming. The strength of an ideal, defect-free crystal can be very high, but in 

reality crystals will fracture and/or deform plastically under stresses that are far below their ideal 

strength limits. The key mechanisms of crystal plasticity consist of several crystal defects such as 

vacancies, interstitials, and impurity atoms, dislocations, grain boundaries, heterogeneous 

interfaces, microcracks, chemically heterogeneous precipitates, twins, and other strain-inducing 

phase transformations. In general, dislocations describe plastic yield and flow behavior, either as 

the predominant plasticity carriers or through their interactions with the other strain-generating 

defects. 

Orowan [1], Taylor [2] and Polanyi [3] originally put forward the idea of a dislocation as 

a crystal defect in 1934, in order to explain the less-than-ideal strength of crystalline materials. 

However, the existence of dislocations was first experimentally confirmed only in 1950s [4,5]. 

Nowadays, dislocations are regularly observed by various means of electron microscopy. A 

dislocation is defined as irreversible deformation of a crystal via slip or by sliding along one of 

its atomic planes. If the displacement of the slip is equal to the lattice vector of the crystal, the 

material will regain its lattice structure across the slip plane and the change of shape will become 

permanent. The boundary between the slipped and un-slipped crystal results in a dislocation and 

its motion is corresponds to slip propagation. Hence, crystal plasticity by slip is a consequence of 

the motion of a large number of dislocations in response to applied stress field.  
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Figure 2.1. Representation of an edge dislocation (top), a screw dislocation (center) and a mixed 
type dislocation (bottom) inside a crystal [45].  
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Fig. 2.1 shows a schematic representation of the three types of dislocations. The edge 

dislocation can be easily visualized as an extra half-plane of atoms in a lattice. This line runs 

along the top of the extra half-plane. The inter-atomic bonds are significantly distorted only in 

the immediate vicinity of the dislocation line. The edge dislocation in the top half of the crystal is 

slipping one plane at a time as it moves to the right from its position In the process of slipping 

one plane at a time the dislocation propagates across the crystal. The movement of the 

dislocation across the plane eventually causes the top half of the crystal to move with respect to 

the bottom half. There is a second basic type of dislocation, called screw dislocation. The motion 

of a screw dislocation is also a result of shear stress, but the defect line movement is 

perpendicular to direction of the stress and the atom displacement, rather than parallel. A mixed 

dislocation is a combination of the above two dislocation types.  In practice the vast majority of 

dislocation systems are mixed vectors.  

Since 1950s, the principal role of dislocation mechanisms in defining material strength 

has been greatly established with the help of experimental and theoretical advances in the field of 

materials science. The macroscopic plasticity properties of crystalline materials are quite 

derivable in principle, from the behavior of their principal defects. However, this fundamental 

phenomenon has not transformed into a quantitative physical theory of crystal plasticity based on 

dislocation mechanisms. It is indeed challenging to describe a quantitative analytical approach 

for the multiplicity and complexity of the mechanisms of dislocation motion and interactions [6]. 

The situation is further worsened by the need to explicitly track the evolution of a large number 

of interacting dislocations over long periods of time in order to calculate the plastic response in a 

representative volume element. On one hand, there exists such practical complexity of the 

dislocation-based methodologies, and the emerging needs of materials engineering on the other. 
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Hence, the existing state in which equations of crystal plasticity used for continuum modeling is 

somewhat phenomenological and largely disconnected from the actual physics of the underlying 

dislocation behavior. If there is any influence of the physics of dislocation behavior on the 

engineering models of crystal plasticity, it has been mostly motivational or inspirational. 

2.2 Literature Review 

2.2.1 Experimental Observations 

A traditional problem in crystal plasticity is the nature of strain-hardening behavior and 

the basic dislocation microstructure evolution. A consistent tendency for dislocations to form 

characteristic microstructures (patterns) has been revealed by observations using transmission 

electron microscopy (TEM) [7]. Attractive non-planar dislocation interactions that lead to the 

formation of sessile junctions and crossed states result in pattern forming and the associated 

strain hardening.  

Extensive literature review suggests that the dynamic dislocation behavior can be studied 

by in situ TEM technique [9-11]. Fig. 2.2 shows dislocation configurations at various times 

during the in-situ straining of Cu thin films. During in-situ straining, dislocation motion can be 

thoroughly monitored with the help of this technique. A classical problem in crystal plasticity is 

the nature of strain-hardening behavior and the underlying dislocation - microstructure evolution. 

Observations using transmission electron microscopy (TEM) have revealed a consistent tendency 

for dislocations to form characteristic patterns (Fig. 2.3). Both patterning and the concomitant 

strain hardening are thought to result from attractive non-planar dislocation interactions that lead 

to the formation of sessile junctions and crossed states. Fig. 2.4 shows dark field micrographs of 

irradiated Fe sample at room temperature. A number of dislocation loops are observed in the 

micrographs that produce strain fields, which are visible in TEM.   
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Figure 2.2. Time sequence of in situ TEM measurements during straining. Time units are min:s:s 
fraction[8]. 
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Figure 2.3. (a) Dislocations form heterogeneous patterns such as this microstructure of 
dislocation cells. (b) Dislocation microstructures in Cu under a nanoindenter [6]. 

 

 

Figure 2.4. Dislocation loops in irradiated Fe are visible in TEM, observed due to strain fields 
produced by dislocations [35]. 
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However, the elastic interactions between dislocations cannot be accurately determined 

without 3D information on dislocation configurations since the data on the relative sites of 

dislocations is mostly limited to 2D results in TEM. Although direct 3D observations of 

dislocation motion is not possible, information of 3D configurations before and after 

deformation, along with 2D in situ records of motion, can be used to reconstruct the overall 3D 

behavior [8]. Some 3D information about dislocation motion can be determined if moving 

dislocations leave a slip trace on the surface. 

Various grain size effects on uniaxial tensile properties as well as fatigue properties of 

materials have been extensively studied using conventional experimental methods [36-40]. Fig 

2.5 shows two different conventional microscopic methods used to observe the microstructural 

features in a material such as texture and grain size. However, in most of these cases, the size 

effects are studies based on the conventional macroscopic continuum plasticity theory. Hence, it 

is not clearly understood the major reason behind such size effects in terms of the materials 

microscopic features such as dislocations. 

Fig 2.6 shows a microscopic characterization of a fractured tensile sample. Several 

textural features on the fractured surface of the material can be observed using optical 

microscopes and scanning electron microscope that might help in failure analysis. Studying the 

fractured surface can easily identify some of the basic fracture mechanisms involved in a 

material after it fails such as several stages of crack propagation pathways as well as crack 

nucleation site. Nevertheless, the preliminary microscopic mechanisms contributing to the root 

cause for the micro crack to nucleate cannot be identified using these techniques.  
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Figure 2.5. a) Three-dimensional montage of the parent microstructure using optical microscopy; 
the arrow shows the rolling direction. (b) Grain size distribution of the friction stirred 

microstructure as observed with orientation imaging microscopy using Euler angle coloring [34]. 

  

 

Figure 2.6. Fracture surface of an Aluminum alloy tensile specimen in (a) transverse orientation 
and (b) longitudinal orientation. (c) The tensile stress–strain curves of the above specimens in 

transverse and longitudinal orientations [34]. 
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Dislocation-particle interactions are currently being investigated [29-33] using in situ 

straining experiments inside the transmission electron microscope, post mortem analysis, and 

electron tomographic reconstructions. Transmission electron microscopy (Fig. 2.7) mainly plays 

a very critical role in the development of the current understanding of dislocation-particle 

interaction [29-33]. Specifically, diffraction-contrast electron tomography (Fig. 2.8) was also 

developed in recent times as a 3D imaging technique for crystalline systems such that the 

dislocation and defect arrangement could be fully characterized and spatially resolved. 

Micrographs imaged using two-beam and kinematical bright-field and weak-beam dark-field 

conditions can be acquired over an angular range then used to reconstruct the tomograms. 

While diffraction-contrast electron tomography has undoubtedly proven its usefulness, it 

remains at present a technique that is demanding in terms of the time and number of images 

required. And although its use in a number of studies is just now gaining recognition, a goal of 

this effort lies in improving its accessibility so that electron tomography may become a routine 

investigative tool for material scientists [28]. 

2.2.2 Computational Modeling and Simulations 

Computational modeling methods are among the highest substantial advances in the 

practice of scientific research in the 20th century. In last two decades, computing techniques has 

become a significant contributor to all the scientific research platforms. It is predominantly 

essential to find solutions for scientific problems that are sophisticated by conventional 

theoretical and experimental methodologies, unsafe to study in the laboratory, or time consuming 

or expensive to resolve by traditional means. Similar to other scientific fields of research, 

materials science research has also identified major scientific challenges that only can be 

addressed through developments in scientific computing methods [41]. 
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Figure 2.7. Interaction of dislocations with particles are shown via in-situ straining TEM 
experiments [28]. 
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Figure 2.8. Spatial and orientation relationship of dislocations interacting with particles are 
obtained from dual-axes electron tomography [28]. 

 

 

Figure 2.9. Flow chart for the development of scientific modeling techniques [41]. 
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In the past century, research in science has been extraordinarily successful in identifying 

the fundamental laws of physics that govern our material world. At the same time, the 

developments assured by these breakthroughs have not been fully comprehended, because the 

real-world systems governed by these physical laws are extremely complex. Computer modeling 

provides a resource for evaluating the mathematical equations and predicting the behavior of 

complex systems that can only be described theoretically at present. Development of 

computational modeling software for high power computers is a daunting task. The workflow is 

illustrated in Fig 2.9. Theoretical scientists must first lay the foundation for the mathematical 

description of the phenomena of interest. Computational scientists, in collaboration with applied 

mathematicians, who provide the basic mathematical algorithms, cast these equations into codes 

to make efficient use of high performance computers. If the computational simulations reproduce 

the experimental data, the software becomes a powerful tool for interpreting new experimental 

data, designing new experiments, and predicting new phenomena. In materials science research, 

a computational tool can play a significant role in explaining, and sometimes predict, the 

extremely complex behavior of material systems. One of various such complex mechanisms in 

material behavior would be dislocation-based mechanism.  

 

 

Figure 2.10. Time vs. length scale illustration of various computational modeling of materials 
methods. 
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Depending on the material considered and the experimental conditions, the dislocation 

microstructures observed after plastic deformation may or may not exhibit a spontaneous 

tendency to self-organisation. In the former case, it is possible to derive dislocation-based 

models of strain hardening by just considering local representative configurations. In the latter 

case, dislocation-based theories of strain hardening often involve phenomenological evolutionary 

laws for the spatially averaged density of stored dislocations. 

Any attempt to derive a more physical approach of strain hardening directly from 

dislocation theory involves an understanding of the spatial arrangement of the dislocation 

microstructure and of its strain dependence. It is commonly believed that such a theory will 

never exist, mainly because large strain processes are too complex to be handled at dislocation 

level. Nevertheless, different types of models have been proposed over the years to deal with the 

phenomenon of dislocation patterning, or more specifically with a few idealized types of patterns 

found at low temperature and small strain. To sum up a long evolution, the bases of these models 

have gradually departed from equilibrium thermodynamics towards more physically founded 

approaches involving non-linear dynamics far from equilibrium. 

Despite the recognition of the inadequacy of continuum mechanics to resolve important 

features of plastic deformation, attempts to include the physics of plastic deformation through 

constitutive relations are far from satisfactory. This is particularly evident for the resolution of 

critical phenomena, such as plastic instabilities, work hardening, fatigue crack initiation, 

persistent slip band formation, etc. The reliability of continuum plasticity descriptions is mostly 

dependent on the accuracy of experimental data (Fig. 2.11 and Fig. 2.12). However, the database 

is often hard to establish under complex loading conditions.  
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Figure 2.11. von Mises equivalent stress maps at free surfaces of 9-grain polycrystal for the 
continuum crystal plasticity simulation. The tensile direction is vertical [42]. 
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Moreover, the lack of a characteristic length scale in continuum plasticity makes it 

difficult to predict the occurrence of critical localized deformation zones. Although 

homogenization methods have played a significant role in determining the elastic properties of 

new materials from their constituents (composite materials), the same methods have failed to 

describe plasticity. It is extensively appreciated that plastic strain is fundamentally 

heterogeneous, exhibiting high strains concentrated in small material volumes, with virtually 

undeformed regions in between. Plastic deformation is internally heterogeneous at a number of 

length scales as witnessed in various experimental observations [12-15]. Depending on the 

deformation mode, heterogeneous dislocation structures are observed with definitive 

wavelengths. It is common to observe persistent slip bands, shear bands, dislocation pile-ups, 

dislocation cells, and subgrains. However, a satisfactory description of realistic dislocation 

patterning and strain localization has been rather elusive. Several attempts directed at this 

question have been based on statistical mechanics [16-21], reaction-diffusion dynamics [22-24], 

and the theory of phase transitions [25]. Much of these efforts have aimed at clarifying the 

fundamental origins of inhomogeneous plastic deformation. 

Quantitative models incorporating strain gradient plasticity to simulate plastic 

deformation in particle hardened materials cannot predict a reduction in the extent or magnitude 

of deformation zones around the particles as the particles become small. Thus, the gradient 

plasticity models are quite limited to larger length scales [44] and lack in prediction of several 

key mechanisms in microstructural development under strain gradient plasticity. The processes 

such as local cross slip and the generation of secondary dislocations that are driven by the large 

stresses imposed by gliding dislocations have to be accomplished over distances of the order of 

the particle diameter, and as the required stresses are approximately inversely proportional to the 
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length, the dependence of relaxation mechanism on particle size is to be expected from other 

methods that are capable of simulating under smaller length scales. 

 

 

Figure 2.12. 2-d simulation of simple shear deformation of (111)/[110] plane containing an 
elastic particle. The images at the top, (a) and (b), are von Mises effective strain and those at the 

bottom, (c) and (d), are crystal rotation about the constrained direction in degrees [44]. 

 

Molecular dynamics simulations are also used to study the dislocation interactions, 

including strain transmission and dislocation nucleation at a GB [26]. Sangid et al. [27] 

introduced a methodology to calculate the energy barriers during slip–GB interaction, in 

concurrence with the generalized stacking fault energy curve for slip in a perfect face-centered 

cubic material. By doing so, the energy barriers are obtained at various classifications of GBs for 

dislocation nucleation and interaction mechanisms at the GB (Fig. 2.13).  
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Figure 2.13. (a) In situ TEM micrograph of slip transmission in a low stacking fault energy 
material for a GB. (b) MD simulations of slip transmission through a GB [27]. 

 

 
Figure 2.14. Snapshots from a molecular dynamics simulation between a hard particle and an 

edge dislocation [43]. 

 

Some computer simulations have also revealed new details previously unaccounted for in 

classical theory with respect to dislocation-particle interaction mechanism, which have the ability 

to inform the interpretation of experimental results. The Hirsch mechanism has been investigated 

by using molecular dynamics simulation between a hard particle and an edge dislocation [43]. 

What Figs. 2.14 illustrates is that the region surrounding a particle can quickly become a pinning 
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site for dislocations and interaction debris. Certainly, the elastic interactions predicted by 

classical theory are shown to be insufficient in realistically portraying and predicting the 

complexity of dislocation-particle interactions reported by experimental observations and for 

computer simulations. 

2.2.3 Dislocation Dynamics Simulations 

The movement of dislocations is through glide motion, which is, propagation in the slip 

planes. In addition to dislocation motion, interactions among dislocations, and between 

dislocations and other crystal defects, play a crucial role as well. Mechanisms of dislocation 

motion and interaction differ from one material to another, and they are very sensitive to the 

details of the microstructure. The dislocation dynamics (DD) methodology attempts to 

incorporate all of these facets into a computationally amenable framework. 

Growing computational power can potentially help bridge the existing gap between 

dislocation physics and crystal plasticity. A system containing two-dimensional (2D) crystals 

containing multiple dislocations was the first ideal computational model that explicitly 

considered moving dislocations in the mid-1980s. In this model, the dislocation behavior was 

governed by a set of basic rules [46,47]. A. Needleman and E. Van der Giessen also developed a 

2D discrete dislocation plasticity model (Fig. 2.15) in order to study plastic flow in crystalline 

metals [58]. Biner et al. [61] studied grain size effects in a 2D polycrystalline setup (Fig. 2.16) 

using their model. This model functioned as a convenient theoretical framework, however it was 

limited to 2D and, consequently, could not directly justify few crucial mechanisms such as slip 

geometry, line tension effects, multiplication, dislocation intersection, or cross-slip, all of which 

are important for the formation of dislocation patterns. Thus, 2D dislocation models failed to 
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accurately simulate real material systems that are three-dimensional and to provide quantitative 

predictions on microstructure evolutions. 

 

 

Figure 2.15. Two dimensional representation of dislocation dynamics modeling technique [59]. 

 

 

Figure 2.16. Dislocation microstructures at 0.5% shear strain obtained from simulations having 
the same unit cell size but different grain morphologies. The grain sizes are (a) 10.7 mm, (b) 

5.5mm, (c) 3.3mm and (d) 1.8mm [61]. 
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Figure 2.17. (a) Schematic of a gas turbine engine. (b) SEM image of a single-crystal Ni base 
super alloy [62]. (c) TEM micrograph showing dislocation microstructure in single-crystal Ni 
base super alloy [63]. (d) Predicted dislocation microstructure of a 0.5% strained single-crystal 

Ni base super alloy [64]. 

 

The development of novel computational methodologies for DD in three dimensions in 

early 1990s, created a major breakthrough in present understanding of dislocation mechanisms 

and their connection to crystal plasticity [48-50]. The dislocation motion and interactions with 

other defects are explicitly considered in these new models (Fig. 2.17). However, the daunting 

task of keeping track of multiple dislocations and their complex mechanisms of behavior is 

relegated to a computer. In theory, it is possible to compute material strength directly by 

allowing dislocations move and interact naturally in the DD model if the computing power was 
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unlimited and the unit mechanisms of dislocation behavior were accurately specified. But neither 

of the two conditions is realistically possible. Hence, DD simulations remain limited in their 

predictive potential. It is typically required to make concessions by either using a simplified and 

computationally more convenient description of the unit mechanisms or limiting the length and 

time scales of the simulations. In spite of these limitations, it is noticeable that the DD method 

has been one of the most groundbreaking recent developments in computational materials 

science in the last two decades. Additional advancements of the DD approach remains in parallel 

with its application to various problems of practical interest, where computer simulations based 

on fundamental principles can augment progress significantly.  

At the present state of the development of 3D-DD models, these computer simulations 

can be categorized into three main classifications: (1) lattice-based [51-53]; (2) force-based 

[54,55]; (3) differential stress-based [56,57]; and (4) parametric segment-based (described in 

next chapter). The major difference between these techniques is their treatment of interaction 

forces between dislocations, self-forces on curved segments, boundary conditions and the 

accuracy in calculating long-range forces. The 3D-DD method has been applied to understand 

the microplasticity of crystalline materials during the past years, which have demonstrated its 

potential of providing quantitative predictions on microstructure evolutions and linking atomistic 

modeling to continuum plasticity theory.   

The 3D DD model was used to simulate stage I (easy glide) stress–strain behavior in 

BCC single crystals (Fig. 2.18) by Rhee et al. [60], illustrating the feasibility of the 3DD model 

in predicting macroscopic properties such as flow stress and hardening, and their dependence on 

microscopic parameters such as dislocation mobility, dislocation structure, and pinning points. 
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Figure 2.18. Dipole formation and interaction between two attractive dislocations 
(b=(b/√3)[111]) on parallel (110) planes BCC single crystal [60]. 

 

In the past decade, direct validation of DD simulations with experiments were carried out 

by various research groups [65-68]. In-situ straining coupled with 3D imaging in TEM, 

permitted to correctly model the motion of dislocations in thin, annealed films with a low initial 

dislocation density where surface image forces play a significant role in determining the 

dislocation dynamics. Through systematic comparison between experimental observations and 

DD simulations, it is understood that dislocation configurations in thin films acquire 

considerable 3D components that cannot be explained by simple glide motion alone (Fig. 2.19), 
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but several other complex mechanisms such as the inducement of cross-slip for screw 

components and also nucleation of jogs on dislocation lines [66].   

 

 

Figure 2.19. Initial and final dislocation configurations simulated by PDD in Cu thin film [66]. 

 

  Introduction of a grain boundary (GB) results in significant change in the mechanical 

behavior from that of single-crystal Cu. Gao et al. [69] developed a new multiscale hierarchical 

dislocation-GB interaction model to predict the mechanical behavior of polycrystalline metals at 

micron and submicron scales by coupling the 3D discrete dislocation dynamics simulation with 

the molecular dynamics. As an application, the deformation of a Cu compressed bi-crystal 

micropillar is shown in Fig 2.20. Their study shows that the GB plays a crucial role in the storage 

of dislocations. As a result, the accumulation of dislocations surpasses the dislocation 

annihilation mechanism.  
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Figure 2.20. (a) Initial dislocation configuration in a bi-crystal micropillar with a 10° tilt GB. (b) 
Initial MD configuration: a 20 nm×8 nm×8 nm cube-shaped specimen [69]. 

 

 

Figure 2.21. a) Three-dimensional dislocation microstructure in microcrystalline copper 
deformed up to a plastic strain of εmax = 0.1% . (b) Stress vs. plastic strain curves for a periodic 
polycrystal with a grain size of 0.935 µm and two densities of sources, 25 and 40 per µm-2 [70]. 
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Investigation of grain boundary strengthening in polycrystalline FCC materials 3D DD 

simulations was first carried out by C. de Sansal et al. [70]. They showed that combining a 

periodic assembly of space-filling polyhedral (Fig. 2.21) with the assumption that grain 

boundaries are impenetrable obstacles for dislocations provides a reasonable base to obtain 

realistic size effect. Their work showed that the compatibility stresses between grains increase 

with decreasing grain size as the stored dislocation density increases like d1, in agreement with 

a dislocation mean free path limited by the grain size. 

 

 

Figure 2.22. (a) An edge dislocation bypassing a hard spherical particle. (b) Same mechanism shown in 
z direction [71]. 

 

Particle dispersions strengthen metals by acting as barriers to the motion of dislocations. 

A full analysis of the mechanisms by which dislocations bypass particles has been hindered 

because of complexities associated with elastic interactions between dislocation segments, their 

interactions with particle stress field, the flexibility of the dislocation line in three dimensions 
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and the three- dimensional topological changes that occur. Xiang et al. [71] demonstrated the 

complexity of the mechanisms by which dislocations bypass arrays of particles using 3D-DD 

simulations based on the level set method. A single straight dislocation was made to move under 

the action of an external applied stress as shown in Fig. 2.22, towards a periodic array of 

particles. The simulations were performed for the impenetrable, non-misfitting and misfitting 

particles. They have observed particle cutting, dislocation loop formation and combinations of 

these. Examination of the simulated dislocation microstructures that remain following particle 

bypassing with experimental observations indicates striking similarities. However, they do not 

consider the crystallography of slip, but rather let a dislocation move in any plane that contains 

the Burgers vector and line direction. Moreover, the effect of such dislocation–particle 

interacting mechanisms on the strength of the material was not investigated as well. 

 

2.3 Conclusions 

Dislocation mechanisms can be modeled using several computational methodologies. 

However their limitations are as follows: 

1. Density functional theory (DFT) calculations can only be used to model one or 

two dislocations, specifically to simulate the core structure of a dislocation. 

2.  Molecular dynamics method can be applied to simulate five to six dislocations 

and their interactions with other defects. This method is useful in studying 

individual dislocation behavior at nanoscale. 

3. Crystal plasticity methods involve hundreds and thousands of dislocations that are 

considered together to study complex interactions; the entire ensemble is taken as 

collective phenomena at larger length scales.  
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One is that the strain hardening properties of materials with uniform microstructures 

require a specific type of modeling. The other is that a better understanding of dislocation 

mechanisms could be obtained by focusing on the early stages of the phenomenon, i.e., on the 

transition from uniform to non-uniform dislocation microstructures at small strains. Indeed, in 

this range, one can take advantage of the possibility to combine experiment, modeling and 

simulation.  
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CHAPTER 3  

DISLOCATION DYNAMICS MODELING 

3.1 Description of the Parametric Dislocation Dynamics Method 

Parametric dislocation dynamics (PDD) technique has been developed to aid 

computational precision and flexibility in handling complex dislocation mechanisms in real 

materials [1-6]. In addition to the fast sum method for measuring elastic field variables [2], a 

rigorous formulation for the equations of motion [3] for generalized degrees of freedom (DOF) 

characterizes the fundamentals of PDD. A very simple and fitting form for the equations of the 

elastic field of parametric dislocation segments has also been obtained [6], which should be 

helpful to broadening investigations into a wide range of applications of PDD. 

3.1.1 Dislocation Formulation 

In this method, dislocations are represented as spatial curves connected through 

dislocation nodes. A single curved dislocation loop is divided into segments as shown in Fig. 3.1. 

The figure also shows a particular segment of the curve between two nodes. The segments are 

mathematically defined by a cubic shape function. Assuming the position vectors at two nodes to 

be P(0), P(1), and the tangent vectors at two nodes to be T(0), T(1), then the position and tangent 

vectors for any point on the dislocation segment can be written as a function of a parameter w 

from 0 to 1 between the two nodes: 
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Figure 3.1. Parametric representation of dislocation lines. (a) A dislocation loop is divided into 
segments connected at dislocation nodes. (b) A curved dislocation segment between two nodes. 

 

𝐏𝐏(𝑤𝑤) = ∑ 𝐶𝐶(𝑤𝑤)𝑖𝑖𝑞𝑞𝑖𝑖4
𝑖𝑖=1 (1)  

𝐓𝐓(𝑤𝑤) = ∑ 𝐶𝐶′4
𝑖𝑖=1 (𝑤𝑤)𝑖𝑖𝑞𝑞𝑖𝑖 (2)  

 where Ci are the shape functions for the cubic spline, and qi are generalized coordinates as 

follows: 

q1 = P(0); q2 = T(0); q3 = P(1); q4 = T(1)                                     (3) 

We have shown that with this parametric description, the displacement and stress fields 

from an infinitesimal dislocation segment can be written in compact vector forms as 

𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

= |𝑏𝑏||𝑇𝑇|𝑉𝑉
8𝜋𝜋(1−𝜈𝜈)𝑅𝑅

�(1−𝜈𝜈)𝑉𝑉1 𝑉𝑉⁄
1+𝑠𝑠∙𝑔𝑔1

+ [(1 − 2𝜈𝜈)𝑔𝑔1 + 𝑔𝑔1]� (4)  

𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

= 𝜇𝜇𝑉𝑉|𝑇𝑇|
4𝜋𝜋(1−𝜈𝜈)𝑅𝑅2

[(𝑔𝑔1⨂𝑔𝑔1 + 𝑔𝑔1⨂𝑔𝑔1) + (1 − 𝜈𝜈)(𝑔𝑔2⨂𝑔𝑔2 + 𝑔𝑔2⨂𝑔𝑔2) − (3𝑔𝑔1⨂𝑔𝑔1 + 1)]         (5) 

where 

𝑔𝑔1 = 𝐏𝐏(𝑑𝑑)
|𝐏𝐏(𝑑𝑑)| ;  𝑔𝑔2 = 𝐓𝐓(𝑑𝑑)

|𝐓𝐓(𝑑𝑑)| ;  𝑔𝑔3 = 𝐛𝐛
|𝐛𝐛|,                (6) 

and 
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𝑔𝑔𝑖𝑖 ∙ 𝑔𝑔𝑖𝑖 = 𝛿𝛿𝑗𝑗𝑖𝑖                    (7) 

b is the Burgers vector for a dislocation loop, δi
j is the Kronecker delta, 𝑉𝑉 = (𝑔𝑔1 × 𝑔𝑔2),𝑉𝑉1 =

(𝑠𝑠 × 𝑔𝑔1) ∙ 𝑔𝑔2 and s is an arbitrary unit vector. 

 

3.1.2 Dislocation Generation and Propagation 

 

 

Figure 3.2. Schematic representation of dislocation evolution inside a simulation volume cell. 

 

Dislocation generation by the Frank-Read (F-R) mechanism has been extensively studied 

during the past decade, and is generally considered a good test of newly developed 

computational techniques. Fig. 3.2 shows activation of several F-R sources inside a simulation 

grain and their evolution under the influence of applied load. Plastic deformation is originated 

from the glide of dislocations, which is governed by the equation of motion (EOM) [7]: 

∮(𝑓𝑓𝑘𝑘𝑡𝑡 − 𝐵𝐵𝛼𝛼𝑘𝑘𝑉𝑉𝛼𝛼)𝜕𝜕𝜕𝜕𝑘𝑘|𝑑𝑑𝑠𝑠| = 0                                                        (4)  

where 𝑓𝑓𝑘𝑘𝑡𝑡 = 𝑓𝑓𝑘𝑘
𝑝𝑝𝑘𝑘 + 𝑓𝑓𝑘𝑘𝑠𝑠 + 𝑓𝑓𝑘𝑘𝑜𝑜 is the component k of the total force acting on a dislocation from the 

summation of 𝑓𝑓𝑘𝑘
𝑝𝑝𝑘𝑘, the Peach-Koehler force, 𝑓𝑓𝑘𝑘𝑠𝑠, the self-force and 𝑓𝑓𝑘𝑘𝑜𝑜, the Osmotic force. 𝐵𝐵𝛼𝛼𝑘𝑘 is 

the resistive matrix, and 𝑉𝑉𝛼𝛼 is the velocity of the dislocation and 𝜕𝜕𝜕𝜕𝑘𝑘 is the virtual displacement 

of a point on the dislocation. 
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The dislocation loop is then divided into Ns segments and Eq. 4 can be written as,  

∑ ∫ 𝜕𝜕𝜕𝜕𝑖𝑖(𝑓𝑓𝑖𝑖𝑡𝑡 − 𝐵𝐵𝑖𝑖𝑘𝑘𝑉𝑉𝑘𝑘)|𝑑𝑑𝑠𝑠|𝑛𝑛
𝑖𝑖

𝑁𝑁𝑠𝑠
𝑗𝑗=1 = 0                                           (5) 

From Eq. (1) and (2), we have: 

𝜕𝜕𝑖𝑖 = ∑ 𝐶𝐶𝑖𝑖𝑖𝑖(𝑤𝑤)𝑞𝑞𝑖𝑖
𝑁𝑁𝐷𝐷𝐷𝐷
𝑗𝑗=1    

𝛿𝛿𝜕𝜕𝑖𝑖 = ∑ 𝐶𝐶𝑖𝑖𝑖𝑖(𝑤𝑤)𝛿𝛿𝑞𝑞𝑖𝑖
𝑁𝑁𝐷𝐷𝐷𝐷
𝑗𝑗=1    

𝑉𝑉𝑘𝑘 = 𝜕𝜕𝑘𝑘,𝑡𝑡 = ∑ 𝐶𝐶𝑘𝑘𝑛𝑛𝑞𝑞𝑛𝑛,𝑡𝑡
𝑁𝑁𝐷𝐷𝐷𝐷
𝑛𝑛=1                 (6) 

|𝑑𝑑𝑠𝑠| = �𝜕𝜕𝑙𝑙,𝑑𝑑𝜕𝜕𝑙𝑙,𝑑𝑑�
1
2� 𝑑𝑑𝑤𝑤 = �� 𝑞𝑞𝑝𝑝𝐶𝐶𝑙𝑙𝑝𝑝,𝑑𝑑𝐶𝐶𝑙𝑙𝑠𝑠,𝑑𝑑𝑞𝑞𝑠𝑠

1
2�

𝑁𝑁𝐷𝐷𝐷𝐷

𝑝𝑝,𝑠𝑠=1

�𝑑𝑑𝑤𝑤 

with q as the local coordinates of nodes on each segment. Plugging Eqs. (6) back to Eq. (5), we 

have 

∑ ∫ ∑ 𝛿𝛿𝑞𝑞𝑖𝑖𝐶𝐶𝑖𝑖𝑖𝑖(𝑤𝑤)�𝑓𝑓𝑖𝑖𝑡𝑡 − 𝐵𝐵𝑖𝑖𝑘𝑘 ∑ 𝐶𝐶𝑘𝑘𝑛𝑛𝑞𝑞𝑛𝑛,𝑡𝑡
𝑁𝑁𝐷𝐷𝐷𝐷
𝑛𝑛=1 � × �∑ 𝑞𝑞𝑝𝑝𝐶𝐶𝑙𝑙𝑝𝑝,𝑑𝑑𝐶𝐶𝑙𝑙𝑠𝑠,𝑑𝑑𝑞𝑞𝑠𝑠

𝑁𝑁𝐷𝐷𝐷𝐷
𝑝𝑝,𝑠𝑠=1 �

1
2� 𝑑𝑑𝑤𝑤 = 0𝑁𝑁𝐷𝐷𝐷𝐷

𝑖𝑖=1
1
0

𝑁𝑁𝑠𝑠
𝑗𝑗=1         (7) 

To reduce the complexity of this equation, we define two terms, an effective force fm and 

an effective resistivity γmn, for each segment as: 

𝑓𝑓𝑖𝑖 = ∫ 𝑓𝑓𝑖𝑖𝑡𝑡𝐶𝐶𝑖𝑖𝑖𝑖(𝑤𝑤)�∑ 𝑞𝑞𝑝𝑝𝐶𝐶𝑙𝑙𝑝𝑝,𝑑𝑑𝐶𝐶𝑙𝑙𝑠𝑠,𝑑𝑑𝑞𝑞𝑠𝑠
𝑁𝑁𝐷𝐷𝐷𝐷
𝑝𝑝,𝑠𝑠=1 �

1
2� 𝑑𝑑𝑤𝑤1

0              (8) 

𝛾𝛾𝑖𝑖𝑛𝑛 = ∫ 𝐶𝐶𝑖𝑖𝑖𝑖(𝑤𝑤)𝐵𝐵𝑖𝑖𝑘𝑘𝐶𝐶𝑘𝑘𝑛𝑛(𝑤𝑤)�∑ 𝑞𝑞𝑝𝑝𝐶𝐶𝑙𝑙𝑝𝑝,𝑑𝑑𝐶𝐶𝑙𝑙𝑠𝑠,𝑑𝑑𝑞𝑞𝑠𝑠
𝑁𝑁𝐷𝐷𝐷𝐷
𝑝𝑝,𝑠𝑠=1 �

1
2� 𝑑𝑑𝑤𝑤1

0             (9) 

As a result, Eq. (7) is reduced to 

∑ �∑ 𝛿𝛿𝑞𝑞𝑖𝑖�𝑓𝑓𝑖𝑖 − ∑ 𝛾𝛾𝑖𝑖𝑛𝑛𝑞𝑞𝑛𝑛,𝑡𝑡
𝑁𝑁𝐷𝐷𝐷𝐷
𝑛𝑛=1 �𝑁𝑁𝐷𝐷𝐷𝐷

𝑖𝑖=1 � = 0𝑁𝑁𝑠𝑠
𝑗𝑗=1                         (10) 

Realizing that the virtual displacements are totally arbitrary, we have the final equation of 

motion in form as 

𝐹𝐹𝑘𝑘 = ∑ Γ𝑘𝑘𝑙𝑙𝑄𝑄𝑙𝑙,𝑡𝑡
𝑁𝑁𝑡𝑡𝑡𝑡𝑡𝑡
𝑙𝑙=1                                      (11) 
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where 𝑄𝑄𝑙𝑙,𝑡𝑡 are the degrees of freedom of all the segments rewritten into one global system, Γ𝑘𝑘𝑙𝑙 is 

an element of the global effective resistivity matrix, 𝐹𝐹𝑘𝑘 are the global effective forces, and 𝑁𝑁𝑡𝑡𝑜𝑜𝑡𝑡 is 

the total number of degrees of freedom. Therefore, solving the EOM will predict the evolution of 

dislocations under applied loadings. 

 

3.1.3 Dislocation Interaction with Defects 

The evolution of persistent slip bands (PSBs) under conditions of fatigue loading is 

significantly affected by nucleation and break-up of dislocation dipoles. In this model, two 

parallel straight dislocation segments lying on parallel (111) planes are allowed to interact and 

deform without an externally applied stress. As a result of their interaction, the two dislocations 

attract one another till they form a middle mixed-character dipole section that is almost straight. 

The length of the intermediate dipolar section is only limited by the line tension associated with 

the curvatures formed during the evolution process. The conditions for its destruction are 

governed by the external stress that is applied on the dipole. When the direction of the stress is 

such that the two dislocations move past one another (forward motion), a relatively high level of 

stress is required to break up the dipole, because it must also overcome developed line tensions. 

On the contrary, when the stress direction is reversed, the motion of the two dislocations is aided 

by the line tension, and the required stress is significantly lower. Fig 3.3 illustrates the natural 

time evolution of a finite-size dipole [5]. 

 

42 



 

 

Figure 3.3. (Top) Finite-size dipole formation without applied stress. The dipole is composed of 
two parallel segments on (111) planes, separated by an inter-planar distance. (Bottom) Dynamic 
evolution for forward break-up of a mixed-character finite-size dipole in FCC metals on (111) 

plane [5]. 

 

In the PDD technique, a dislocation junction formation and destruction is considered in 

the same fashion as finite dipoles, with the simple restriction that dislocation cores are not 

allowed to interpenetrate. Therefore, no special rules are required to study the stability and 

dynamics of dislocation junctions. As soon as the attractive segments belonging to different 
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dislocations approach each other, the two segments are stopped when the distance between them 

becomes less than or equal to the Burgers vector (b). Fig. 3.4 illustrates several stages for the 

evolution of an attractive dislocation junction in FCC metals, formed by the interaction of two F-

R sources operating on two intersecting (111)-type planes.  

 

 

 

Figure 3.4. Formation (a), unzipping (b) and destruction (c) of an attractive junction in FCC 
metals [5]. 
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The unstressed junction in Fig. 3.4(a) is stable under the equilibrium between attractive 

forces along their common section and the self-forces on their curved arms, quasi-static unzipped 

configurations in Fig. 3.4(b) are stabilized with the additional external cumulative forces. When 

the influence of external forces exceeds a critical value, a fully unzipped configuration is 

evolved, as can be seen in Fig. 3.4(c). It is interesting to note here that very few curved segments 

are sufficient to capture this type of strong short-range interaction [5]. Dislocation interaction 

with impenetrable grain boundary and particles is described in detail in chapter 5 and chapter 6, 

respectively. 

 

3.1.4 Boundary Conditions 

 

Figure 3.5. Left - Periodic boundary condition (PBC). Right - Non periodic boundary condition. 

 

Periodic boundary condition (PBC) for simulations of small representative volume 

elements (RVEs) has been established in order to incorporate translational strain invariance, 

which can be used to obtain information on spatial distributions of the microstructure. In the 

PBC, dislocation loops are generated with segments lying on randomly selected slip planes, and 

the segments are connected with sessile superjogs so as to ensure mechanical equilibrium for 
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closed loops [6]. If a part of the loop is detected to be outside the RVE, the parametric position 

vector is mapped periodically onto the RVE. This technique preserves translational strain 

invariance and mechanical equilibrium, and solves the problem of artificial dislocation depletion 

at the simulation boundaries. A dislocation microstructure obtained with this method is shown in 

Fig. 3.6(a) 

 

Figure 3.6 (a) Random dislocation loop distribution with the periodic boundary condition (PBC) 
in FCC crystals. Loop segments, which emerge from one slip system, are reintroduced in the 

RVE by periodic mapping, (b) Dislocation loop distribution with the closed boundary condition 
(CBC) in FCC crystals. 

 

For simulating impenetrable grain boundaries, closed boundary condition (CBC) are 

applied to the RVE. The dislocation nodes move inside the simulation volume under external 

applied stress field. As the position vector of the dislocation node reaches the boundary and 

satisfies the boundary condition, they are fixed at that point by setting velocity equal to zero. In 

this manner dislocation motion is restricted at the grain boundary and thus leads to dislocation 

pile-up. However, the elastic field in the simulated grain is treated as isotropic and periodic. Fig. 

3.6(b) illustrates a dislocation microstructure obtained with this method. 
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Figure 3.7. Flow chart representing the parallel computing of dislocation dynamics modeling 
method [7]. 

 

3.2 Results 

Fig. 3.8 illustrates the evolution of a dislocation microstructure at various strains right 

from the initial state to the deformed state. The simulated volume considered here is a single 

crystal grain with PBC subjected to uniaxial tensile loading on [100] direction. The dislocations 

are activated via randomly distributed F-R sources. 
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Figure 3.8. Microstructure evolution of a single crystal grain with PBC subjected to uniaxial 
tensile loading. 

 

Example of a stress-strain curves from the simulations of a tensile loading and one cycle 

of strain-controlled tensile - compressive loading is shown in Figure 3.9(a) and (b). Figure 3.9(c) 

and (d) represents the corresponding evolution of dislocation density with strain for 3.9 (a) and 

(b), respectively. These results clearly show the asymmetry of deformation. If applied to 

different grain sizes as well as various particle sizes, simulations can effectively predict tensile 

and cyclic behavior of materials and help study Bauschinger effect and size scale effects in FCC 

materials. 
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Figure 3.9. (a) Tensile stress-strain curve, (b) Cyclic stress-strain curve, (c) evolution of 
dislocation density with strain for the Tensile test in (a), (d) evolution of dislocation density with 

strain for the cyclic test in (b). 
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CHAPTER 4  

MODELING THE EFFECT OF INITIAL DISLOCATION MICROSTRUCTURE ON THE 

YIELD STRENGTH IN FCC SINGLE CRYSTALS WITH DISLOCATION DYNAMICS 

4.1 Introduction1 

Taylor, Orowan and others introduced the concept of dislocations in the 1930s to describe 

plastic deformation of crystalline materials. Several decades of extensive studies [1-3] showed 

the strong dependence of mechanical properties on dislocations. Dislocation theory has been 

applied to material design, including alloys [4]. Today, it is very clear that understanding the 

relationship between dislocation microstructures and mechanical properties composes a crucial 

part in fields of mechanics and materials science research [5-7]. 

Dislocations have been considered as the primary plastic deformation carrier in metallic 

materials. In the past two decades, a computational methodology, discrete dislocation dynamics 

[8-10], has been developed to explicitly model and simulate dislocations in crystals. Here, 

dislocations are represented as line defects divided into straight or curved segments with 

edge/screw or mixed characters. With the improvement in computational powers, each 

dislocation segment can be explicitly tracked. The stress/strain fields of these dislocations are 

numerically calculated. The forces on these dislocations due to applied loads or interactions are 

evaluated. The movements of these dislocations are then predicted through a force-velocity 

relationship. Recent developments are adding more unit dislocation mechanisms, such as 

dislocation-precipitate interactions, to account for more complex microstructure systems other 

than pure single crystals in the early development [11-14]. The 3D-DD method has been applied 

to understand the microplasticity of crystalline materials during the past years, which have 

1 Parts of this section have been previously published, either in part or in full, from R.N. Yellakara, Z. 
Wang, Computational Materials Science 75 (2013) 79 with permission from Elsevier. 
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demonstrated its potential of providing quantitative predictions on microstructure evolutions and 

linking atomistic modeling to continuum plasticity theory.   

Dislocation microstructures are never homogeneous inside materials. Due to different 

processing conditions, initial dislocation length, density and distribution can be very different 

[15-16]. Thus, it is critical to understand how the initial conditions affect the plastic deformation 

of materials. Due to difficulties in getting exact dislocation distributions from experiments, DD 

simulations normally use random dislocation distributions to mimic a single crystal. Through this 

work, we wish to study the fundamental relationship between the distribution of the dislocation 

source and the yield stress. In the following sections, we give a brief description of the DD 

simulation setup followed by results and discussions.  

4.2  Simulation Setup 

The simulation volume of a single crystal Cu is set as 5 μm x 5 μm x 5 μm, and periodic 

boundary conditions are applied. The initial dislocations are randomly distributed Frank–Read 

sources. To set different lengths and distributions, the following procedure is taken. First a 

theoretical average length of dislocation sources, 𝐿𝐿, is calculated as 

L = 1
�ρ�                                                                                                                                        (1) 

where ρ is the dislocation density, i.e., the total dislocation length in a unit volume. In the 

simulations, actual dislocation source lengths are set to lie in the range given as 

Ln =[xL�,yL�]                                                                                                                                 (1a) 

with x and y are distribution parameters. Therefore, the actual average length of the dislocation 

sources in the above distribution is  

L�n = yL�+xL�

2
                                             (1b) 
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Three ranges of length distributions are used in the study and given in Table 4.1. The first 

case is with x = 0.5 and y = 0.6, thus, the actual average length is smaller than the theoretical 

average length. The second case is with x = 0.8 and y = 1.0, so the actual average length is 

approximately equal to the theoretical average length. In the third case where x = 1.0 and y = 1.3, 

the actual average length is greater than the theoretical average length. Due to the differences in 

lengths, the numbers of dislocations in these cases are different. This further leads to different 

distributions on slip planes. Thus, by changing these control parameters, random variations in 

initial dislocation microstructures can be generated for our study. 

 

Table 4-1 Three sets of distribution parameters of actual average lengths and their relation to the 
theoretical average source length 

 

The material constants used for copper in the simulations are: lattice parameter a = 

0.3615 nm, dislocation drag B = 10-4 Pa.s, shear modulus μ = 50 GPa and Possion ratio ν = 0.31. 

The time step used is δt = 5x10-11 s. A loading was applied along the [100] and [111] directions 

at a strain rate of 𝜖𝜖̇ = 100 s-1. In the simulations of small strain deformation, the stress at each 

time step t is calculated using [17], 

σ11
 t +1 = σ t

11 + Eδt�c - ε̇ p
11�                            (2) 

c =ε̇11 = ε̇ e
11 + ε̇ p

11,                               (3) 

ε̇11
e  = σ11̇

E
                              (4) 

where E is the Young’s modules and σ is the stress tensor. The plastic strain rate is 

n x y Relation to 𝑳𝑳 
1 0.5 0.6 𝐿𝐿�1 < 𝐿𝐿 
2 0.8 1.0 𝐿𝐿�2 ≈ 𝐿𝐿 
3 1.0 1.3 𝐿𝐿�3 > 𝐿𝐿 
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𝜀𝜀̇ p = - 1
2V
∑ ∫ ν(i)�n(i)⨂ b(i)+b(i)⨂ n(i)�dll(i)

0
N
i=1                     (5) 

where N is total number of dislocation loops, l(i) is the length of dislocation i, V is the volume of 

the simulated material, n is a unit vector defined as v x ξ, v and ξ are the velocity and the tangent 

vectors of the dislocation loop at a point on the dislocation line, respectively.  

The above simulation setup was carried out for total seven initial dislocation densities (ρ) 

varying from ρ = 0.1x1012 ~ 5x1012 m/m3. For each case, three average dislocation source 

lengths were used according to Eq. 1, 1a, and 1b, as shown in Table 4.2. 

 

Table 4-2 Number of initial dislocations and the average lengths of the dislocations with respect 
to the dislocation density. 

ρ x 1012 

(m/m3) 

Num. of 

initial 

dislocations 

𝑳𝑳�𝟏𝟏 (µm) Num. of 

initial 

dislocations 

𝑳𝑳�𝟐𝟐  (µm) Num. of 

initial 

dislocations 

𝑳𝑳�𝟑𝟑 (µm) 

0.1 12 1.739 12 2.846 12 3.636 

0.5 44 0.777 32 1.272 24 1.626 

1 116 0.550 84 0.900 60 1.150 

2 344 0.388 196 0.636 156 0.813 

3 616 0.317 372 0.519 292 0.663 

4 940 0.275 560 0.450 440 0.575 

5 1300 0.245 764 0.402 628 0.514 

4.3 Results 

Examples of initial and deformed dislocation microstructures in the simulation volume 

are shown in Fig. 4.1. Fig. 4.1a and c represents initial straight Frank-Read sources for densities 

of 0.1 and 4 1012 m/m3, respectively, while Fig. 4.1b and d represents corresponding deformed 

microstructure at 0.110% and 0.113% strain, respectively where yielding takes place.  

×
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Figure 4.1. Two typical representative examples for (a, c) initial and (b, d) yield microstructures. 

 

It is clear from these results that dislocation microstructures are very inhomogeneous. It 

can be seen from the figures that some areas are with heavily deformed dislocations while other 

areas remain little changed. The simulation volume is divided into 10 equal slices along each of 

the three directions, i.e., x-[100], y-[010], and z-[001]. In Fig. 4.2, the dislocation density in each 

slice along each direction is plotted as a percentage of the total dislocation density in the 

deformed microstructure. The smoother distribution curves for the higher density microstructure 
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indicate that dislocation distribution is relatively more homogeneous than that in the lower 

density microstructure. 

 

 

Figure 4.2. Dislocation densities ( ) in ten equal slices, as the percentage of the total density (

), are plotted for the deformed microstructure along the length of the simulation cell for 
three crystallographic orientations for two initial dislocation densities of 0.1  1012 m/m3 and 4 

 1012 m/m3. 

 

The uniaxial stress-strain curves for four different dislocation densities and two loading 

orientations are shown in Fig. 4.3. These curves show that the plastic yielding and flow 

behaviors are distinctive in each case and strongly depend on initial microstructure parameters. 

With same initial average dislocation lengths, plastic flow stresses in [111] loadings are 

generally higher than that in [100] loadings. This agrees with Schmid analysis that more slip 

iρ

totalρ
×

×
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systems are having high resolved shear stresses in [100] loading, which leads to more dislocation 

activities, i.e., softer materials, in the beginning of the plastic deformation.  

The yield stress  on these predicted stress-strain curves is defined as the stress at a 

strain  where the following criterion is satisfied: 

σ*(ε*)
σH(ε*)

 = 80% at yield                              (6) 

where σ* is the predicted yield stress at a given strain (ε*) from simulation results and σH is the 

calculated stress from Hook’s law at the same strain (ε*). With the help of Eq. 6, σ*and ε* values 

were evaluated for each of the cases in both loading directions. 
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Figure 4.3. Stress-Strain curves for case (a) ρ = 1x1012 m/m-3, (b) ρ = 2x1012 m/m-3, (c) ρ = 
3x1012 m/m-3 and (d) ρ = 4x1012 m/m-3 in [100] and [111] loading directions. 

 

Theoretically, the relationship between yield stress and average dislocation source length 

is mathematically explained using the following expression given by Taylor [18]; 

σ ≈ αμb 1
L

,   σ ≈ βμb�ρ                         (7a,b) 

where σ is the stress, α and β are material parameters, μ is the shear modulus and b is the Burgers 

vector. 

Fig. 4.4 plots the relationship between the yield stress evaluated using Eq. 6 and the 

inverse of the actual average dislocation source length for all the seven dislocation densities in 

each loading direction. A common trend line following Eq. 7 is also fitted and the material 

parameter α can be evaluated. From the figure, it is shown the yield stresses closely follow Eq. 7 

only when 1
L
 is sufficiently large with a critical value as 1 × 106/m, and (L�crit) ~ 1.0 µm. These 

large values correspond to high dislocation densities. For small 1
L
, the yield stresses deviate from 
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the linear relationship and show more stochastic behavior. These cases correspond to low 

densities and small number of dislocations.  

 

Figure 4.4. Yield stress vs. (Avg. length)-1 for the seven different dislocation density cases when 
loading direction is [100] and [111]. 

 

From the above plot, the slope of the linear fit is,  

[Eq. 7a] 

where GPa and b = a/2 <110> = 0.2556 x 10-9 m. Thus,  can be obtained as 
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The yield stress - (dislocation density)1/2 relationship is plotted in Fig. 4.5. Following Eq. 

7b, a linear fit is also plotted. Similarly, the linear relationship holds for high dislocation 

densities. A critical density,  is obtained.  

 

Figure 4.5. Yield stress vs. (Dislocation density)1/2. 

 

The slope of the linear fit is then calculated to obtain the material parameter : 

[Eq. 7b] 

From the above plot,  strongly depends on initial actual average dislocation length, but 

only weakly on loading orientation. So, 

, and  
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Hence, 

  and  

These values show that the larger the average dislocation length, the smaller  is. 

Figures 4.6 and 4.7 plot the yielding strain (according to Eq. 6) as a function of the 

average dislocation length and dislocation densities, respectively. Similar observations as for the 

yielding stresses from Fig. 4.4 and 4.5 are obtained.  

 

 

Figure 4.6. Strain at yield vs. (Average length)-1. 
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Figure 4.7. Strain at yield vs. (Dislocation density)1/2. 

 

4.4 Discussion 

Even for the same initial dislocation density, if the distributions of dislocations are 

different, the yield stresses are certainly different (Figure 4.5). Dislocation density alone as a 

parameter thus cannot fully describe the dislocation microstructure. So, Eq. 7.b is shown to be 

less general than Eq. 7.a. They are equivalent only when  is a valid relationship. 

Microstructure engineering, such as alloying, can change the distance between dislocation 

obstacles, which effectively modifies the average length of dislocation sources. Hence, the 
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yielding stresses of such alloys can be changed even when the initial dislocation densities are the 

same. 

In Fig. 4.4, the critical length scale  is 1 . When the average dislocation length is 

small,  is large and the number of dislocations is large. This is true for symbols on the right 

side of the critical length scale. All these cases fall into the linear region between the two dashed 

lines. When  is smaller than 1 , some symbols are within the linear region. These cases 

are generally with high dislocation densities, which mean the numbers of dislocations are big. 

For symbols outside of the linear region, the numbers of dislocations are small. So, the linear 

relationship between stress and the inverse of the average length is valid for large numbers of 

dislocations, where dislocation distributions are relatively more homogeneous. However, it 

cannot be extended to cases with small number of dislocations where plastic strain strongly 

depends on a few specific dislocations instead of a group of many dislocations. The mechanical 

properties of materials in these cases are strongly influenced by particular individual 

dislocations. The simulations, although simple, can show important implications for the 

microscale deformation mechanism. In small-scale tests, dislocation sources become less, 

indicating a more inhomogeneous distribution of dislocations. This could lead to the deviation of 

measured strength away from predictions using traditional constitutive relationship connecting 

dislocation density to stresses, i.e., Eq. 7.b. 

The [111] loading generally has smaller Schmid factors for two of the four slip planes in 

a FCC crystal. This also means some sources on those planes cannot be activated by the lower 

resolved shear stresses on those two planes, which is equivalent to a reduction of dislocation 
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sources and a relatively more inhomogeneous dislocation distribution. So, the linear constitutive 

relationship cannot be maintained for many cases that would fall within the linear region under 

the [100] loading, which is demonstrated in Fig. 4.4 that [111] loading has more symbols outside 

the linear region for  

So, the number of available dislocation sources is critical in determining the behavior of a 

crystalline material. The appropriate number of dislocations required in our simulations to 

observe a certain linear trend is around 100-120 minimum dislocations per 5 μm x 5 μm x 5 μm 

cubic simulation cell volume (Table 4.2). Low dislocation densities can directly indicate a small 

number of dislocations in the system. For higher dislocation densities, the increase of average 

dislocation length can reduce the number of dislocations in the system. This is why both high 

and low densities symbols can be found outside the linear region in Fig. 4.4.  

 

4.5 Conclusions 

The present work studied the effect of initial dislocation microstructure, with varying 

parameters of length, density, and distribution on slip planes, on the beginning of the plastic 

deformation in FCC metals in dislocation dynamics simulations. Two loading orientations are 

tested. [111] loadings have higher flow stresses than [100] loadings, which agree with general 

analysis and observations. The initial plastic deformation, in terms of yielding stress, depends 

strongly on the initial microstructure. Higher dislocation densities lead to a relatively more 

homogeneous dislocation distribution and deformation, which produces stresses that can be 

predicted from the linear relationship with the inverse of average length or the square root of 

dislocation density. Low dislocation densities, manifested by small number of dislocations and 
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inhomogeneous microstructures, lead to stochastic behavior. It is shown that for low density 

and/or small number of dislocations, the relationship between the yield stress/strain and 

dislocation length/density is not deterministic according to the linear relationship in crystal 

plasticity theory. So, for material systems with low dislocation density or small amount of 

dislocations, the plastic flow is very sensitive to the initial distribution of dislocation 

microstructures. More simulations are planned to examine parameters, α and β, in Taylor’s work 

hardening expression for different FCC materials and for those with different crystal structures. 
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CHAPTER 5  

A THREE-DIMENSIONAL DISLOCATION DYNAMICS STUDY OF THE EFFECTS OF 

GRAIN SIZE AND SHAPE ON STRENGTHENING BEHAVIOR OF FCC COPPER 

5.1 Introduction2 

Advanced metallic materials with both high strength and a reasonable level of ductility 

are one of the main requirements in materials science. Thus, understanding the mechanisms 

related to materials strengthening and plastic deformation composes a crucial area in fields of 

materials design. It is well known that these mechanisms are highly influenced by the movement 

of dislocations and their interactions with other crystalline defects. Restricting dislocation motion 

with the help of obstacles can increase the flow strength of a crystalline solid. The obstacles that 

are generally used are other dislocations, grain boundaries, solute atoms and/or secondary phase 

particles/precipitates. During plastic deformation, additional dislocations are generated and they 

give rise to work hardening by acting as obstacles to dislocation motion.  

On the other hand, a grain boundary (GB) can predominantly be an effective 

strengthening means than line defects because grain boundaries can effectively block dislocation 

movement [1]. In this case, the intersection of a GB surface with a slip plane is a line rather than 

a point, therefore the boundary impedes dislocation motion along its entire slip plane length. This 

provides a greater resistance to slip than isolated obstacles on the slip plane [2]. The grain-size 

dependence of yield stress in metals was first developed by the groundbreaking work of Hall [3] 

and Petch [4]. However, the term Hall–Petch was later introduced by Conrad and Schoeck [5]. 

The Hall–Petch relation describes an increase of flow stress with decreasing grain size as  

𝜎𝜎 = 𝜎𝜎0 + 𝑘𝑘 ∙ 𝑑𝑑−1 2⁄                   (1) 

2 Parts of this section have been previously published, either in part or in full, from R.N. Yellakara, Z. 
Wang, Computational Materials Science 87 (2014) 253 with permission from Elsevier. 
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where 𝜎𝜎0 and k are material parameters, 𝜎𝜎 is the yield stress and d is the average grain diameter. 

This effect was explained as a result of dislocation pile-ups formed at grain boundaries 

that require a critical stress to burst through them. Cottrell [6] suggested another explanation that 

stress concentration due to pile-ups activated sources in surrounding grains. These theories led to 

series of proposals by Li [7] and Conrad [8] who raised the concepts of grain-boundary 

dislocation sources and a grain-size dependence of dislocation density, respectively. Further 

important contributions by Ashby [9] and Hirth [10] suggested that reasons other than pile-ups 

could also be responsible for the grain size effects. However, pile-ups are still commonly 

acknowledged as the dominating effect [11].  Deviations from the conventional Hall–Petch 

relation are inevitable at finer grain sizes, but the results obtained through experiments have 

largely been dependent on how the tested materials were processed. Furthermore, it is still a 

matter of debate whether the yield stress of a crystal is proportional to d −1 or d −1/2 [12]. 

Conventional continuum plasticity theory predicts the size-independent nature of the 

plastic response of crystalline solids. Nevertheless, there is significant experimental evidence 

that this size independence becomes invalid at length scales of the order of tens of microns and 

smaller [13-15]. Although, several phenomenological models have been proposed to predict such 

size-dependent plasticity [16-19], there is a great need for dislocation mechanism based models 

to provide fundamental information of its origin.  

Plastic deformation is strongly heterogeneous and anisotropic at the micrometric scale. 

Hence, conventional constitutive formulations are no longer appropriate in this domain. Various 

dislocation mechanisms such as nucleation, propagation, interaction with obstacles, and pileup at 

grain boundaries can be captured with the help of a computational methodology, the dislocation 

dynamics (DD) [20-22]. Size dependent plasticity in crystalline materials was investigated using 
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two-dimensional dislocation dynamics (2D-DD) with periodic boundary conditions. S. Lefebvre 

et al. [23] carried out size-effect studies on ultrafine Cu crystals with grain size varying from 500 

nm to 2 µm. A. Needleman and E. Van der Giessen developed a 2D discrete dislocation plasticity 

model in order to study plastic flow in crystalline metals [24]. Z. Li et al. [25] studied Hall-Petch 

effects by integrating a dislocation-grain boundary penetration model into the 2D discrete 

dislocation plasticity model framework [26], which found that the Hall-Petch exponent to be in 

the range of [-0.6, -0.85] for impenetrable grain boundaries. However, the grain size range 

considered in their work was narrow only from 0.25 µm to 1 µm.  

In order to precisely simulate real material systems which are three-dimensional and to 

provide quantitative predictions on microstructure evolutions, the three-dimensional dislocation 

dynamics (3D-DD) method has been developed in the past two decades to model and simulate 

dislocations in crystalline materials [27-29].  In this technique, dislocations are represented as 

line defects divided into straight or curved segments with edge/screw or mixed characters in 

three-dimensional space [30]. With the increasing computational power, each dislocation 

segment in a large collection of dislocation ensemble within a representative volume can be 

explicitly tracked. The stress/strain fields of these dislocations are numerically calculated. The 

forces on these dislocations due to applied loads and dislocation interactions are evaluated. The 

movements of these dislocations are then predicted through a force–velocity relationship.  

T. Ohashi et al. [31] used discrete DD to simulate dislocation mechanisms and to 

calculate minimum resolved shear stress to nucleate one dislocation loop from a Frank-Read 

source. These results were then incorporated into the expression of the critical resolved shear 

stress of slip systems and continuum mechanics based crystal plasticity analyses in order to study 

scale dependent characteristics of yield stresses of FCC metals. The results obtained from the 
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continuum plasticity model showed a Hall–Petch exponent of -0.5 when the total initial 

dislocation density is less than 1013 m-2 and the mean grain diameter is within a range between 

one to a few µm. However, when the total initial dislocation density is as large as 1014 m-2 or 

when the mean grain diameter is larger than 10 µm, the Hall-Petch exponent deviates from -0.5 

and the scale dependency diminishes. C. de Sansal et al. [32] used 3D-DD method for the first 

time to investigate grain size strengthening in microcrystalline copper. Their results suggest that 

the Hall-Petch exponent is intermediate between -0.5 and -1. However, the range of grain size 

considered in their work is between 0.935 µm to 1.875 µm. Size effects in thin films have also 

been studied using 3D-DD simulations [33-35].  

Nevertheless, the Hall–Petch relationship in a wider micrometer grain size range for FCC 

crystals haven’t been examined before using 3D-DD simulations. The results obtained from this 

work would be helpful to validate experimental results such as obtained by Feltham and Meakin 

[36] and Andrade et al [37]. In this work, 3D-DD simulations with parametric dislocation 

dynamics method are used to explore the dependence of Hall-Petch exponent on grain size in a 

wide range, grain shape and initial dislocation density. In general, the strengthening effect 

depends on the crystal grain orientation and loading direction. Treating grain orientations under 

the effect of an externally applied stress would entail substantial number of additional 

simulations apart from those used in the present work. For this reason all grains have same 

orientation and are submitted to suitably chosen loading direction [100]. We focus more on 

dislocation based strengthening mechanisms using the pile-up only model. Dislocations are by 

definition compatible defects and their fields ensure the compatibility of plastic strains across 

grain boundaries. On the other hand, it is assumed that there are no incompatibilities of elastic 

field origin in elastically isotropic crystals. No cross-slip and dislocation nucleation at grain 
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boundaries are considered as a consequence of the small strain range investigated here. The 

details of model setup for studies in this work in Section 5.2. The simulation results are reported 

in Section 5.3 and discussed in Section 5.4. Finally, conclusions will be given in Section 5.5. 

5.2 Simulation Setup 

 

Figure 5.1. A schematic representation of the construction of (a) hexagonal prism grain shape 
inside a cubic grain, (b) Regular hexagon inside a square on the basal plane. 

 

Parametric 3D-DD simulations were performed on a fcc copper single grain with grain 

sizes in the range of 0.5 – 10 µm. In order to examine the grain shape effect, the simulation 

volume cell is set in two different shapes, cubic and regular hexagonal prism (columnar). The 

construction of a columnar grain is demonstrated in Fig. 5.1. The cubic cells are set up with each 

cell’s side varying from 0.5 – 10 µm. The columnar cells are set up with the hexagonal side equal 

to 0.517 times its height and each cell’s height varying from 0.5 – 10 µm. Here on, the grain size 

for both cubic and columnar grains refers to their height (thickness). The volume ratio for the 

columnar and cubic grains with the same thickness is 70%, i.e., . Due to 
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dissimilar volume of the two grains, it is challenging to compare the shape effect for any single 

grain size. Therefore, a parameter, grain boundary area to grain volume ratio (A/V), is used:  

�
𝐴𝐴
𝑉𝑉
�
𝑐𝑐𝑑𝑑𝑏𝑏𝑐𝑐

=
6
𝑎𝑎

;  �
𝐴𝐴
𝑉𝑉
�
𝑐𝑐𝑜𝑜𝑙𝑙𝑑𝑑𝑖𝑖𝑛𝑛

=
6.5
𝑎𝑎

 

where A is the total grain boundary area of a grain, V is the grain volume and a is the grain size 

(thickness). The parameter A/V suggests that columnar grains have larger grain boundary area 

compared to cubic grains. 

 

Figure 5.2. Dislocation evolution and pile up illustrated inside a cubic grain. 

 

Closed boundary condition is applied for all simulation volume cells, i.e., dislocations 

were made to stop at cell boundaries by fixing the dislocation nodes when the boundary 

conditions are satisfied, as grain boundaries are considered as impenetrable. Initial dislocations 

that were incorporated in these simulations are randomly generated Frank–Read sources. 

Nucleation of a dislocation from a Frank-Read source, evolution and pile up at grain boundary 

obtained from the simulation is illustrated in Fig. 5.2. In this study, three initial dislocation 
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densities (ρi) are created, ρi = {1, 2, 5}×1012 m/m3. For each density, total of twelve-grain sizes 

are generated in each grain shape according to above-mentioned boundary conditions. The grain 

sizes are: {0.5, 0.75, 1.0, 1.25, 1.5, 1.75, 2.0, 2.5, 3.5, 5.0, 7.5, 10} µm. 

The material constants used for copper in this work are: lattice parameter a = 0.3615 nm, 

dislocation drag coefficient B = 10-4 Pa.s, shear modulus μ = 50 GPa and Possion ratio ν = 0.31. 

The time step used is 𝜕𝜕𝜕𝜕 = 5 × 10−12 𝑠𝑠 . A uniaxial loading was applied along the [100] 

directions at a strain rate of 𝜀𝜀̇ = 1000 𝑠𝑠−1. For small strain deformation, the tensile stress and 

strain at each time step t is calculated using Eq. 2a and 2b. 

𝜎𝜎11𝑡𝑡+1 = 𝜎𝜎11𝑡𝑡 + 𝐸𝐸𝜕𝜕𝜕𝜕�𝑐𝑐 − 𝜀𝜀1̇1
𝑝𝑝 �                                    (2a) 

and  

𝜀𝜀𝑡𝑡+1 = 𝜀𝜀𝑡𝑡 + 𝑐𝑐𝜕𝜕𝜕𝜕                                   (2b)  

where 

𝑐𝑐 = 𝜀𝜀1̇1 = 𝜀𝜀1̇1𝑐𝑐 + 𝜀𝜀1̇1
𝑝𝑝                                               (3) 

where 𝜀𝜀̇𝑐𝑐 and 𝜀𝜀̇𝑝𝑝 are elastic and plastic strain rate, respectively. The elastic strain rate in the [100] 

direction is defined as: 

𝜀𝜀1̇1𝑐𝑐 = �̇�𝑑11
𝐸𝐸

                                                (4) 

where E is the Young’s modulus and σ is the stress tensor. The plastic strain rate is calculated 

from dislocation motions as: 

𝜀𝜀̇𝑝𝑝 = − 1
2𝑉𝑉
∑ ∫ 𝜈𝜈(𝑖𝑖)�𝐧𝐧(𝑖𝑖)⨂𝐛𝐛(𝑖𝑖) + 𝐛𝐛(𝑖𝑖)⨂𝐧𝐧(𝑖𝑖)�𝑑𝑑𝑑𝑑𝑡𝑡(𝑖𝑖)

0
𝑁𝑁
𝑖𝑖=1                                                                      (5) 

where N is the total number of dislocation loops, 𝑑𝑑(𝑖𝑖)  is the length of dislocation i, V is the 

volume of the simulated material, n is a unit vector defined as ν × ξ, ν and ξ are the velocity 

and tangent vectors of the dislocation loop, respectively.   
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5.3 Results 

 

 

 

Figure 5.3. Two typical representative examples of initial dislocation microstructures with 
dislocation density of 2×1012 m/m3 for 7.5 µm size of (a) cubic grain and (c) columnar grain. (b) 
and (d) show the yield microstructures for (a) and (c) respectively. 

 

Examples of initial and deformed dislocation microstructures in a simulation volume are 

shown in Fig. 5.3. Fig. 5.3a and c represent initial straight Frank-Read sources for an initial 
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dislocation density of 2×1012 m/m3 for a cubic grain and a columnar grain, respectively, while 

Fig. 5.3b and d represent corresponding deformed microstructures at 0.064% and 0.07% strain, 

respectively where yielding takes place. It is clear from the figures that grain boundaries obstruct 

the movement of these dislocations and result in dislocation pile-ups at the boundaries. 

Therefore, the material undergoes grain boundary strengthening.  

 

Figure 5.4. Stress - strain curves for cubic and columnar grains with three different initial 
dislocation densities. The grain size considered in this figure is 3.5 µm. 

 

In Fig. 5.4, the effect of grain shape on the yield stress of the crystal is shown, where 

uniaxial stress - strain curves are plotted for three different initial dislocation densities in cubic 

and columnar crystal grains with a size of 3.5 µm. The yield stress for the columnar grains is 

slightly higher than for the cubic grains with the same thickness at all the three initial dislocation 
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densities. Also, we observe that the yield strength increases with respect to increase in initial 

dislocation density.  

The yield stress (𝜎𝜎∗) on these predicted stress-strain curves is defined as the stress at a 

strain 𝜀𝜀∗ where the following criterion is satisfied: 

𝑑𝑑∗(𝜀𝜀∗)
𝑑𝑑𝐻𝐻(𝜀𝜀∗)  = 80%                                                     (6) 

where 𝜎𝜎𝐻𝐻 is the calculated stress from Hook’s law at the same strain (𝜀𝜀∗). With the help of Eq. 6, 

𝜎𝜎∗ and 𝜀𝜀∗ values were evaluated for each of the cases in both loading directions. 

 

 

Figure 5.5. Stress - strain curves for twelve different cubic grain sizes. Initial dislocation density 
= 2×1012 m/m3. 

 

The uniaxial stress – strain curves for twelve different grain sizes at an initial dislocation 

density of 2×1012 m/m3 are shown in Fig. 5.5. The yield stress gradually decreases as the grain 
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size increases and then remains constant. This effect is clearly shown in Fig. 5.6 and Fig. 5.7 for 

cubic and columnar grains, respectively, where logarithmic plots of the yield stress versus the 

grain size are shown with the calculated Hall-Petch exponents for the twelve-grain sizes and 

three different initial dislocation densities.  

 

 

Figure 5.6. Logarithmic plot of yield stress (YS) for different cubic grain sizes (d). The Hall-
Petch exponent (m) for each plot is calculated from the respective fitted line. 
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Figure 5.7. Logarithmic plot of Yield stress (YS) for different columnar grain sizes (d). The Hall-
Petch exponent (m) for each plot is calculated from the respective fitted line. 

 

In Fig. 5.6 and Fig. 5.7 for both cubic and columnar grain shapes, the plots follow the 

Hall-Petch relation, i.e., the yield stress decreases as the grain size increases, from the smallest 

grain size but only until it reaches a threshold size value (~2 µm). The trend then becomes a 

horizontal straight line, which suggests that the yield stress becomes almost constant with further 

increase in grain size. Assuming a generalized Hall-Petch exponent m from Eq. 1, we get Eq. 7a, 

𝜎𝜎 = 𝜎𝜎0 + 𝑘𝑘 ∙ 𝑑𝑑𝑖𝑖                    (7a)  

𝑑𝑑𝑙𝑙𝑔𝑔 𝜎𝜎 ≈ 𝑑𝑑𝑙𝑙𝑔𝑔 𝑘𝑘 + 𝑚𝑚 ∙ 𝑑𝑑𝑙𝑙𝑔𝑔 𝑑𝑑                      (7b) 
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Thus, the slope of the log𝜎𝜎  vs. log𝑑𝑑  line gives the Hall-Petch exponent m. The 

exponents for the two grain shapes are evaluated from the fitted lines in Fig. 5.7 and Fig. 5.8, and 

are listed in Table 5.1. These values suggests that the Hall-Petch exponent ranges between {-0.9, 

-0.4}, with lower density leaning towards -1 and larger density towards -0.5.  

 
 

Table 5-1. Values of the Hall-Petch exponent m calculated for both cubic and columnar grain 
shapes and three initial dislocation densities (ρi). 

Grain shape Hall-Petch exponent, m 

ρi (m/m3) 1 x 1012 2 x 1012 5 x 1012 
Cubic -0.82 -0.63 -0.38 

Columnar -0.87 -0.75 -0.50 
 

5.4 Discussion 

The grain boundary strengthening effect is higher in columnar grains. The results 

obtained from the simulations clearly suggest that the Hall-Petch exponent m for columnar grains 

is higher than that for cubic grains, which means columnar grains provide more strengthening, 

provided similar grain orientation and loading conditions are taken into consideration for both 

the grains. This is due to a higher grain boundary area to grain volume ratio, A/V, of columnar 

grains compared to the cubic grains. For a fixed volume, the more the grain boundary area, the 

more resistance is there for dislocation motion, which in turns leads to higher strengthening 

effect. Moreover, classical Hall-Petch relationship holds well only at smaller grain sizes (0.5 – 2 

µm) but not for larger sizes. These results are in quantitative agreement with other previous 

studies of size effects using DD [23-26].  
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Figure 5.8. Percentage increase in dislocation density (ρ) for cubic grains at yield vs. grain size. 

 

More understanding of the trend in Fig. 5.6 and Fig. 5.7 can be obtained by studying Fig. 

5.8, where the percentage change in dislocation density for cubic grains at yield vs. grain size 

were plotted.  It is seen that as the grain size increases, the change in dislocation density 

drastically decreases until the same threshold size value in Fig. 5.6, and then becomes almost 

constant with further increase in grain size. The change in dislocation density corresponds to the 

ability of the material to store dislocations and to change the compatibility stress within the 

grain. Fig. 5.8 shows a general trend that small grains have higher ability to store dislocations. 

As the number of dislocations in small grains is small, this high ability can only come from grain 

boundaries as obstacles to dislocation motion. However, for grain containing high initial 
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dislocation density (shown with error bars as the dislocation densities usually depend on the 

random distribution of initial dislocations inside the grains), the number of dislocations is more 

in finer grains as well as the coarser grains compared to the grains containing less initial 

dislocation densities. Hence, the change in dislocation density from initial state to yield for such 

higher dislocation densities is not significant for all the grain sizes. The grain boundary area per 

unit volume, which is approximately proportional to 1/d and increases as the grain size 

decreases, certainly can characterize the observations found in the above figure. Obviously, the 

grain boundary effect is larger for small grains but not large grains. Thus, the GB-induced pile-

up model predicts the Hall-Petch relationship works more significantly at small grain sizes. 

The simulations are based on pre-existing dislocation Frank-Read sources and their 

multiplications in grains. Simulations have suggested that the grain size effect here is largely 

controlled by source operation, for example, dislocation loops observed to emerge in the grain 

interior and to move outwards towards the grain boundaries during the deformation. In our 

previous work [38], it was stated that dislocation density alone as the only parameter cannot fully 

explain the dislocation-based deformation mechanisms. Microstructure engineering, such as 

grain refining/coarsening (in this study) and alloying, can change important microscale 

parameters such as the distance between dislocation and other obstacles, and the average length 

of dislocation sources. Hence, the yield stresses of such materials can be changed even when the 

initial dislocation densities are the same. Therefore, the number and distribution of initial sources 

are also important factors in determine material yield strength. 

When the number of active dislocations inside the grain is sufficiently large, the presence 

of grain boundary will hardly have any effect in obstructing the overall dislocation movement 

during deformation. Instead, other dislocations can act as major obstacles for its movement and 
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result in work hardening behavior of the material. This is another reason that large grains in this 

study, which have more dislocations, show less grain boundary effect. However, it is found that 

there is still a minimum value of the number of dislocations in order to observe the diminishing 

GB effect in large grains. In our simulations, the minimum number of dislocations is observed to 

be around twelve. 

5.5 Conclusions 

The effect of grain size, grain shape and initial dislocation density on yield strength and 

the Hall-Petch relationship is studied using 3D-DD simulations. Main conclusions from this 

work are as follows: 

1. The grain boundary strengthening effect is greater in the columnar grains, which is 

demonstrated by higher Hall-Petch exponent. This is due to the larger grain boundary to 

grain volume ratio (A/V) for columnar grains. Relatively more grain boundary in a unit 

volume in the columnar grains can provide more obstruction to dislocation motions than in 

cubic grains.  

2. The yield strength of the material increases with the increase in initial dislocation density. 

3. Hall–Petch relationship holds well at small grain sizes (0.5 – 2 µm). For larger grains, the 

yield strength remains almost constant as the grain size increases. Thus the grain boundary-

strengthening phenomenon is more effective in small grains while work hardening is more 

prominent in large grains.  

4. The initial dislocation density significantly affects the Hall-Petch relationship. Hall-Petch 

exponent m ranges between -0.9 and -0.4, with lower initial dislocation density leaning 

towards -0.9 and larger initial dislocation density towards -0.4. This suggests more GB 

strengthening in grains with higher initial dislocation densities. 
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Future 3D-DD studies are being planned where GBs can also act as penetrable 

boundaries with atomistic inputs on the mechanisms of dislocation transmission. They will also 

include elastic field effect on the dislocations from the neighboring grains as well as dislocation 

nucleation models in neighboring grains due to pile-up stresses. Moreover, it is essential to 

attribute to the original grains a realistic shape that paves the three-dimensional space. A 

polyhedral shape could perhaps be close to a physically occurring grain shape. However, a cubic 

or columnar grain shape studies would help to develop a model for future projects and the 

present efforts are expected to provide more quantitative information on understanding size-

effect on crystal plasticity. 
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CHAPTER 6  

EFFECT OF DISLOCATION – PARTICLE INTERACTIONS ON THE STRENGTH OF FCC 

METALLIC ALLOYS  

6.1 Introduction3 

Due to the potential applications of particle-reinforced FCC materials such as Al alloys, 

Cu alloys, Ni alloys, etc., a considerable attention has been given to investigate the mechanical 

behavior of these alloys during the past decades. It is well known that the mechanical properties 

of this kind of materials are significantly influenced by their microstructure, such as grain size, 

particle size, volume fraction and morphology, and so on. The addition of particle dispersion to 

metals is a common strategy used to strengthen alloys. The nature of participation of these 

dispersoids in strengthening metals has been examined since the early days of dislocation theory 

and transmission electron microscopy (TEM). Second phase particles play a dual role in alloys 

and metal–matrix composite materials. On the one hand, depending on their size, they can 

significantly increase the yield strength and improve the plastic work hardening behavior of 

solids. On the other hand, cracking or debonding of particles cause nucleation, growth and 

coalescence of microvoids, which eventually lead to ductile failure of the metallic materials. 

The microscopic foundation of the particle strengthening has its origins in dislocation 

theory and is correlated with the particles assisting as obstacles to dislocation motion. In general, 

there exist various dislocation–particle interacting mechanisms. They include dislocations 

bypassing particles by Orowan loop [1], particle cutting, or cross-slip [2] mechanisms. The 

active bypass mechanism depends on the nature of the dislocation-particle interactions such as 

3 Parts of this section have been previously published, either in part or in full, from R.N. Yellakara, Z. 
Wang, TMS 2014 143rd Annual Meeting & Exhibition, Annual Meeting Supplemental Proceedings, TMS 697 with 
permission from the Minerals, Metals & Materials Society. 
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hard core repulsion, matrix-particle lattice misfit stress fields, modulus difference-induced misfit 

stresses, defect formation upon particle cutting, etc. The relative positions of the particles inside 

the matrix and slip planes, and nature of the dislocation (edge or screw) also influence the 

dislocation – particle interactions. In reality, this event is further complicated by the fact that 

dislocations can be of mixed type, the availability of multiple slip planes [24], and the fact that 

the different bypass mechanisms can operate in concurrence. Many analytic analyses of the 

bypass process have been discussed [1–7] and numerical simulations performed [8–16]. Most of 

these analyses focused on the motion of dislocations constrained to a single slip plane, where 

dislocations bypass particles by either Orowan looping or particle cutting. 

To describe the observed deformation behavior of this very broad class of materials, two 

quite discrete and effective but yet conflicting theories have been developed. The first theory is 

based on dislocation plasticity models [17-19] and has been extremely successful in describing 

the deformation of alloys containing a small concentration of sub-micron second-phase particles. 

The second theory, based on continuum plasticity and usually implemented by a model 

developed by Eshelby [20,21] or finite element methods [22], has been successful for composites 

containing large (> 10 µm) particles. There thus exists a range of particle size, roughly from 0.1 

to 10 µm, for which no existing theory satisfactorily describes the observed behavior. 

Quantitative models incorporating strain gradient plasticity to simulate plastic 

deformation in particle hardened materials cannot predict a reduction in the extent or magnitude 

of deformation zones around the particles as the particles become small. Thus, the gradient 

plasticity models are quite limited to larger length scales [23] and lack in prediction of several 

key mechanisms in microstructural development under strain gradient plasticity. The processes 

such as local cross slip and the generation of secondary dislocations that are driven by the large 
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stresses imposed by gliding dislocations have to be accomplished over distances of the order of 

the particle diameter, and as the required stresses are approximately inversely proportional to the 

length, the dependence of relaxation mechanism on particle size is to be expected from other 

methods that are capable of simulating under smaller length scales. 

Some computer simulations have also revealed new details previously unaccounted for in 

classical theory with respect to dislocation-particle interaction mechanism, which have the ability 

to inform the interpretation of experimental results. The Hirsch mechanism has been investigated 

by using molecular dynamics (MD) simulation between a hard particle and an edge dislocation 

[26]. The region surrounding a particle can quickly become a pinning site for dislocations and 

interaction debris. Certainly, the elastic interactions predicted by classical theory are shown to be 

insufficient in realistically portraying and predicting the complexity of dislocation-particle 

interactions reported by experimental observations and for computer simulations. However, MD 

simulations can only be used to study the dislocation core and consider up to five-six 

dislocations in their models. However, investigation of complex dislocation mechanisms that 

involves interactions with particles requires more quantitative analysis to get a better picture of 

the nature of such microstructural features. 

In this work, dislocation–particle (both hard coherent and shearable misfitting) 

interaction mechanisms are introduced and modeled using three-dimensional discrete dislocation 

dynamics (3D-DDD) method. The focus of this study is to investigate the effect of particle size 

and particle volume fraction on uniaxial tensile deformation of hard coherent particle 

strengthened FCC metallic alloys.  
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6.2 Simulation Setup 

Parametric 3D-DD simulations were performed on a face-centered cubic (FCC) copper 

grain containing both grain boundaries and particles. The simulated grain is assumed in cubic 

shape with randomly generated Frank-Read dislocation source placed inside. Under loadings, 

these sources generate dislocations to interact with grain boundaries and particles. Grain 

boundaries are considered as impenetrable obstacles to dislocation motion, i.e., dislocations are 

made to stop at the boundary. Particles are also modeled inside the simulated grain. Dislocations 

interact with three different kinds of particles: hard coherent particle, misfitting shearable 

particle and misfitting hard particle. In these simulations, a dislocation cannot shear hard 

coherent particles. As a result, their movement is obstructed at the interface between hard 

coherent particle and the matrix. For misfitting shearable particles, dislocations can shear the 

particle and also experience an additional misfit stress field from the particle. This misfit stress is 

added to the total stress field acting on the dislocation (Equation 2a in the previous chapter). For 

the misftting hard particles, while dislocations also experience a misfit stress field, they cannot 

shear into the particle. The misfitting stress field acting at a point P (x,y,z) outside the particle of 

radius R and center O (a,b,c) is given by Eshelby [27], 

                (1)  

where d is the distance from the point to the particle center. The stress field inside the particle (d 

< R) for shearable particles is given by, 

                 (2)  
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where the parameter  and  is the Poisson ratio,  is the dilatational misfit 

strain and G is the bulk modulus of the particle.  

The material constants used for copper in this work are: lattice parameter a = 0.3615 nm, 

dislocation drag coefficient , shear modulus GPa and Possion ratio ν = 0.31. 

The time step used is 𝜕𝜕𝜕𝜕 = 5 × 10−11 𝑠𝑠. A uniaxial tensile loading was applied along the [100] 

directions at a strain rate of 𝜖𝜖̇ = 1000 𝑠𝑠−1  . The initial dislocation density for all the cases 

considered in this work is 1x10-12 m/m3. For small strain deformation, the stress and strain at 

each time step t is calculated using the Equations (2 – 5) mentioned in the previous chapter. 

In order to study the effect of two parameters namely, particle size and volume fraction 

on the tensile properties of FCC metallic alloys, parametric 3D-DD simulations were performed 

on a FCC copper single grain of grain size 5µm x 5µm x 5µm, containing varying sizes of single 

hard coherent particle inside the grain volume. Here on, particle size actually refers to the 

diameter of the simulated spherical particles. It is important to note that, as the grain size is 

similar for all the cases, the particle volume fraction also changed with varying particle size.  

 

Table 6-1. The single particle volume fraction for varying particle sizes inside a cubic grain size 
of 5µm x 5µm x 5µm. 

Particle size (µm) 0.5 1.0 1.5 2.0 2.5 

Volume fraction (%) 0.052 0.42 1.41 3.35 6.5 

 

Since, the above mentioned simulation setup could not give the most accurate results to 

investigate the effect of particle size and volume fraction without each depending on the other 

parameter, few more set of simulations were carried out. In these set of simulations, one 

parameter was set constant to study the effect of the other parameter on the strength of the 
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material. Therefore, to study the effect of particle size, all the simulations were carried out by 

setting volume fraction of the particles = 6.5 % inside 5µm x 5µm x 5µm cubic grain. In these 

cases, the volume fraction was set constant by varying the number of different particle sizes 

inside the grain. 

 

Table 6-2. Number of particles required for each particle size to get a constant volume fraction of 
6.5 % in a 5µm x 5µm x 5µm grain size. 

Particle size (µm) 0.5 1.0 1.5 2.0 2.5 

No. of particles  125 17 5 2 1 

 

However, in the next set of simulations, the uniaxial tensile tests were carried out keeping 

particle size constant at 1.5µm, but the volume fraction of the particles was varied by changing 

the number of particles inside the 5µm x 5µm x 5µm grain size. 

 

Table 6-3. Number of particles required for a 1.5 µm particle size to get three different particle 

volume fractions inside a 5µm x 5µm x 5µm cubic grain size. 

Volume fraction (%) 21.21 6.5 1.41 

No. of particles  17 5 1 

 

6.3 Results and Discussion 

6.3.1 Dislocation – Particle Interaction Microstructures: 

Case-I: Single Dislocation: 
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A dislocation nucleated from a Frank-Read source, its evolution and interaction with the 

particles obtained from the simulations are illustrated in Fig. 6.1. In Fig. 6.1 (a), (b) and (d), the 

shape of the Orowan loops formed around the particles is not completely circular but rather they 

are “tear-drop” shape. In the present model set-up, the dislocation node points on the Orowam 

loops are fixed as they form around the particles. And no further evaluation of forces are carried 

out on the dislocations as soon as they dislocation loop annihilates around the particles due to the 

boundary conditions given in dislocation-hard particle interaction setup. Therefore, they form-

“tear-drop” shapes around the particle. However, in real particle hardened alloys, the tendency of 

any dislocation is to decrease its line tension by dislocation length reduction. Therefore, circular 

Orowan loops, which have smaller circumference compared to “tear-drop” loops are formed 

around the particles in experimental observations. 
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Figure 6.1. (a) Dislocation interaction with hard coherent particle, (b) dislocation interacting with 
three hard coherent particles on different planes, (c) dislocation interacting with a misfitting 

shearable particle and (d) dislocation interacting with a hard misfitting particle. 

 

Case II: Multiple Dislocations: 

 

 

Figure 6.2. Simulated microstructure of a complex dislocation network formed around a single 
particle (d =1.5µm) located at the center of the grain. 
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Fig. 6.2 shows a deformed dislocation microstructure from the simulations where a 5 µm 

grain with initial dislocation density = 1x1012 m/m3 containing a single particle of size, d =1.5 

µm was subjected to uniaxial tensile load. The figure shows a complex dislocation network 

formed around the particle, which is located at the center of the simulated cubic volume. The free 

flowing dislocation motion is restricted due to the particle thus influencing the plastic flow 

behavior of the grain.  

Fig. 6.3 shows a deformed dislocation microstructure from the simulations where a 5 µm 

grain with initial dislocation density = 1x1012 m/m3 containing a five hard particles of size, d 

=1.5 µm was subjected to uniaxial tensile load. In this case, several complex dislocation 

networks are formed around the particles, although the level of complexity is different around 

each particle that usually depends on the availability of dislocations in order to interact with the 

particles. The main features in the figure are the formation of prismatic loops, that are non-planar 

Orowan loops in front and behind the particles. Although Orowan loops are formed in these 

microstructures, they decay into two loops one of which lies at the particle-matrix interfaces and 

the other move over the top of the particles, after getting screw segments of the dislocation are 

annihilated. 

Fig. 6.4 shows a deformed dislocation microstructure from the simulations where a 5 µm 

grain with initial dislocation density = 1x1012 m/m3 containing a seventeen hard particles of size, 

d =1.5 µm was subjected to uniaxial tensile load. Similar to figure 6.3, this microstructure also 

contains several complex dislocation networks that include non-planar Orowan loops at one end 

of the particle – matric interface. However, the density of such loops is very high here due to 

more number of dislocation - particle interaction sites. 
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Figure 6.3. Simulated microstructure of a complex dislocation network formed inside a grain 
containing five hard particles (d =1.5µm). 

 

 

Figure 6.4. Simulated microstructure of a complex dislocation network formed inside a grain 
containing seventeen hard particles (d =1.5µm). 
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6.3.2 Size Effects: 

 

Figure 6.5. Engineering stress - engineering strain curves for various particle sizes inside a 5 µm 
grain size. 

 

The uniaxial stress-strain curves for a 5 µm grain containing five different single particle 

sizes inside are shown in Fig. 6.5. These curves show that the plastic yielding and flow behaviors 

are distinctive in each case and strongly depend on the particle size. With same initial dislocation 

density, plastic flow stresses in grain containing bigger particle loadings is generally higher than 

that containing smaller particle. This can be explained with the help of basic crystal plasticity 
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theory. Any entity that has a higher tendency to obstruct the motion of the dislocation 

corresponds to higher strengthening effect.  

The yield stress  on these predicted stress-strain curves is defined as the stress at a 

strain  where the following criterion is satisfied: 

σ*(ε*)
σH(ε*)

 = 80% at yield                              (6) 

where σ* is the predicted yield stress at a given strain (ε*) from simulation results and σH is the 

calculated stress from Hook’s law at the same strain (ε*). With the help of Eq. 6, σ*and ε* values 

were evaluated for each of the cases in both loading directions.  

When the particle volume fraction is kept same, i.e. 6.5 %, the strong particle size 

dependence of stress level in the particle hardened grains leads to a strong size effect of the 

overall stress–strain curve predicted by 3D-DD model, as shown in Fig. 6.6. The strengthening 

effect predicted by this model indeed increases with the decrease in particle size, which is 

consistent with experiments [1] and strain gradient plasticity models [3]. The particle size effect 

becomes much more drastic as the particle diameter decreases to the order of 1 μm or smaller, 

consistent with Nan and Clarke’s [3] study. For a same particle volume fraction, since smaller 

particles correspond to larger number of particles inside the grain matrix, this results in more 

amount of restriction in the free flow of dislocations along its gliding plane. These smaller 

particles act as pinning sites for the dislocation motion. Therefore, higher number of smaller 

particles that are uniformly distributed inside a grain decreases the dislocation mobility to a 

higher extent compared to lower number of larger particles. 
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Figure 6.6. Engineering stress - engineering strain curves for various particle sizes inside a 5 µm 
grain size, keeping volume fraction constant at 6.5 %. 

 

Fig. 6.7 clearly shows the particle size effect on the yield strength of the particle-

hardened alloy that is observed in Fig. 6.6. While there is sufficient amount of strengthening due 

to particle refinement from 2.5 µm to 1.5 µm, it is observed that the strength increases 

significantly as the particle size is refined below 1.5 µm, provided the particle volume fraction is 

kept constant.  
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Figure 6.7. Yield stress vs. Particle size plot for 5 µm grains containing 6.5 % volume fraction of 
hard particles. 

 

6.3.3 Particle Volume Fraction Effects: 

Fig. 6.8 shows the stress–strain curves of Cu with grain size of 5 µm, in which the 

particle volume fraction is 21.21 %, 6.72 % and 1.41 %. The particle size in all the three cases is 

1.5 µm. From the figure it can be observed that the strengthening effect of particle evidently 

increases with the increasing of volume fraction when the grain size and particle size are fixed. 

Because, higher volume fraction of particles suggests higher number of pinning sites for the 

dislocation movement along the slip plane. In literature, it is suggested that the strengthening 

effect of particles for the other grain sizes is quite similar with that of grain size = 5 µm. For the 

99 



same particle size and volume fraction, the strengthening effect increases gradually with 

increasing grain size, this is because the distribution of particle is more uniform in grains and the 

strengthening effect enhanced more significantly. 

 

 

Figure 6.8. Engineering stress - engineering strain curves for three different particle volume 
fractions, keeping particle size constant at 1.5 µm inside a 5 µm grain size. 
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Figure 6.9. Yield stress vs. Particle volume fraction for 5 µm grains containing hard particles (d 
= 1.5 µm). 

 

Fig. 6.9 supports the observations made in Fig. 6.8 that increase in particle volume 

fraction contributes in particle strengthening of the alloy provided the particle size is kept 

constant. As observed in Fig. 6.4, with more number of particles inside the grain, the complexity 

of dislocation structures is higher and the presence of dislocation loops at the interfaces is an 

indication of the particle obstruction to the motion of dislocations, resulting in material 

strengthening. 
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6.4 Conclusions 

By using the parametric 3D dislocation dynamics modeling, we introduced crucial 

dislocation – particle interaction mechanisms simulated during uniaxial tensile tests of FCC Cu 

crystals containing both hard coherent particles as well as misfitting shearable particles. The 

stress–strain relationships of FCC metallic alloys with different size and different volume 

fractions of hard coherent particles were calculated. The results from this work are as follows: 

1. With same initial dislocation density and grain size, plastic flow stresses in grains 

containing a bigger particle are generally higher than that containing a smaller particle.  

2. For a constant particle volume fraction, the yield strength greatly increases by particle 

refinement due to increase in number of obstructing sites for dislocation motion.  

3. The strengthening effect becomes much greater, when the particle size becomes less than 

1 µm. 

4. The strengthening effect of particle also increases with the increasing of particle volume 

fraction when the grain size and particle size are fixed. 

The present study has not accounted for the important effect of particle cracking and 

debonding. Also the effect of thermal stresses on the dislocation-particle interactions are not 

looked into, where as the literature [25] suggests, the repulsive nature of particles at room 

temperature is completely opposite at higher temperatures. As the particle diameter decreases, 

strong particle size effect has been observed in the experiments of particle hardened FCC 

metallic alloys. The 3D-DD model has captured this strong particle size effect very well. The 

coupling effect between the particle size and volume fraction is also investigated. 
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CHAPTER 7  

MICROSTRUCTURAL EFFECTS ON THE CYCLIC RESPONSE OF FCC METALLIC 

ALLOYS 

7.1 Introduction4 

The fatigue properties of metals are quite sensitive to their microstructure. Fatigue cracks 

often originate at the surface due to the accumulation of unreversed slip steps. It indicates that 

back and forth gliding of dislocations is not completely reversible in a microstructural sense and 

that fatigue damage actually results from the accumulation of large number of slightly 

irreversible cyclic microstrains. Previous studies [1] confirm that high fatigue strength can be 

achieved by avoiding local concentrations of plastic deformation through homogenizing slip 

deformation [2]. A promising approach to increase fatigue strength appears to be the control of 

microstructure through thermo mechanical processing to promote homogeneous slip with many 

small regions of plastic deformation as opposed to a smaller number of regions of extensive slip. 

Cyclic deformation behaviors of fcc single crystals are composed of three interrelated 

parts. They are the cyclic stress–strain (CSS) curve, the surface slip morphologies and the 

microscopic dislocation arrangements. If a fully annealed fcc single crystal is subjected to a 

cyclic plastic straining, it will harden rapidly during the first few cycles (see Fig. 1(a)). The 

cyclic hardening rate is related to the initial microstructure and the applied plastic strain 

amplitude [5,6]. The hardening increment per cycle decreases as the cyclic deformation 

continues and eventually it falls to zero in about 1000 cycles. When the hardening increment 

vanishes, the hardening curve becomes horizontal, and the crystal is said to be ‘‘in saturation’’. 

4 Parts of this section have been previously published, either in part or in full, from R.N. Yellakara, Z. 
Wang, TMS 2014 143rd Annual Meeting & Exhibition, Annual Meeting Supplemental Proceedings, TMS 697 with 
permission from the Minerals, Metals & Materials Society. 
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‘‘Saturation’’ describes a state of the specimen in which rapid hardening has been accomplished 

and essentially no further hardening then occurs [7]. After cyclic deformation of an FCC single 

crystal, it is natural that fatigue damage including slip bands (SBs) and deformation bands (DBs) 

will appear at the surface. These bands result from the accumulation of cyclic slip irreversibility 

and develop gradually with increasing cycles. Under these surface slip morphologies a variety of 

complicated dislocation structures can be observed, collectively known as dislocation 

arrangements. Dislocation arrangements are highly ordered spatial structures produced by 

dislocation reactions and rearrangements. Although they show all kinds of patterns, their basic 

feature is the spatial periodically ordered structure with the alternate appearance of dislocation-

rich and dislocation-poor regions [8,9]. 

 

 

Figure 7.1. Cyclic stress–strain curve of fcc single crystal cycled at the constant plastic resolved 
shear strain amplitude: (a) hysteresis loop and (b) cyclic stress–strain curve [7]. 
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The cyclic stress level of conventional grain materials does not exhibit Hall-Petch 

behavior for different grain sizes as in the case of monotonic deformation. In fine-grained 

materials, the grain size is too small to allow the building up of cell structures within the grains. 

In this grain size range, grain boundaries are the main obstacles to dislocation glide, and the glide 

paths now are of the order of the grain size. Hence, cyclic hardening/softening due to formation 

of dislocation cell structure inside grains can be excluded as a dominant mechanism [3]. The 

addition of particles into metals is a common strategy to strengthen alloys. The microscopic 

origin of the particle strengthening is associated with these particles serving as obstacles to 

dislocation motion. The operative bypass mechanism depends on the nature of the dislocation–

particle interactions such as hard core repulsion, particle misfit stress fields, modulus difference-

induced stresses, defect formation upon particle cutting, etc [4]. In precipitation-hardened alloys, 

cutting of shearable coherent particles can promote planar slip that restricts dislocation cross-

slip. Thus, dislocation-obstacle interaction mechanisms play a crucial role in investigating 

fatigue properties of a material.  

A methodology was introduced by Sangid et al. [10] to establish an energy balance for a 

PSB, which evolved with increasing fatigue cycles. Their work involved calculating the stress 

fields and the atomistic scale to account for GB and precipitate interactions. Molecular dynamics 

simulations were used to simulate key mechanisms corresponding to the failure criterion and 

crack initiation. This methodology is attractive since it is physically based and inherently 

accounts for the microstructure of the material. The result of which produces the correct trends 

for predicting fatigue crack initiation based on applied strain range, grain size, grain orientation, 

GB character, volume fraction of the precipitates, and neighboring grain information; all of 

which have a significant impact on the fatigue life of the material. However, no relevant 
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correlation has been developed to address the effect of these microstructural features on the 

cyclic hardening/softening behavior of the material undergoing cyclic deformation.   

Brinckmann et al. [11] used 2D discrete dislocation dynamics method developed by Van 

der Giessen [12] to build a model for fatigue crack initiation in a surface grain. Dislocations were 

modeled as line singularities in an elastic medium where they can be generated from pre-existing 

sources, glide or annihilate. Their simulation revealed several features that can potentially give 

rise to fracture initiation. However, their model was limited to 2D and, consequently, could not 

directly justify few crucial mechanisms such as slip geometry, multiplication, dislocation 

intersection, or cross-slip, all of which are important for the formation of dislocation patterns. 

Thus, most of the 2D dislocation models failed to accurately simulate real material systems that 

are three-dimensional and to provide quantitative predictions on microstructure evolutions during 

cyclic deformation. 

In this work, cyclic deformation of FCC metallic alloys has been modeled using three-

dimensional discrete dislocation dynamics (3D-DDD) method. The main focus of this study is to 

investigate the effect of grain size and particle volume fraction on cyclic deformation of FCC 

metallic alloys.  

 

7.2 Simulation Setup 

The objective of this work is to identify the dislocation mechanisms controlling the cyclic 

plastic response of metallic alloys. This work can be considered as an extended work of the 

models used in the previous two chapters. The uniaxial tests carried out in the previous work 

have been replaced with strain controlled cyclic loading tests for total two cycles in the present 

model.  
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Parametric 3D-DD simulations were performed on a FCC copper single grain with grain 

sizes in the range of 0.5 – 5 µm. Closed boundary condition is applied for all simulation volume 

cells, i.e., dislocations were made to stop at cell boundaries by fixing the dislocation nodes when 

the boundary conditions are satisfied, as grain boundaries are considered as impenetrable. Initial 

dislocations that were incorporated in these simulations are randomly generated Frank–Read 

sources. In this study, three strain rates (𝜖𝜖 ̇ ) are used for the cyclic tests, 𝜖𝜖 ̇ = {100, 500, 1000} s-1. 

For each strain rate, total of six-grain sizes are generated according to above-mentioned 

boundary conditions. The grain sizes are: {0.5, 1.0, 1.5, 2.0, 3.5, 5.0} µm.  

 

 

Figure 7.2. Strain-time scale illustration of the strain controlled cyclic tests carried out in this 
work. 

 

Another set of parametric 3D-DD simulations were also performed on a FCC copper 

grain containing both grain boundaries and hard coherent particles. The simulated grain (grain 

size = 5µm x 5µm x 5µm) with impenetrable GB setup has been considered similar to the 
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simulations mentioned in the previous chapter. Under loadings, these sources generate 

dislocations to interact with grain boundaries and particles. The hard particles as well as GB 

obstruct the dislocation motion as the dislocation node points are made to stop at the GB and 

particle-matrix interface. The cyclic tests were carried out with strain rate (𝜖𝜖 ̇ ) = 1000 s-1, keeping 

particle size (d) constant at 1.5µm, but the volume fraction of the particles was varied by 

changing the number of particles inside the grain.  

 

Table 7-1. Number of particles required for a 1.5 µm particle size to get three different particle 

volume fractions for carrying out a 2 cycle strain controlled cyclic loading test of a 5µm x 5µm x 

5µm cubic grain size. 

Volume fraction (%) 21.21 6.5 1.41 

No. of particles  17 5 1 

 

The material constants used for copper in this work are: lattice parameter a = 0.3615 nm, 

dislocation drag coefficient , shear modulus GPa and Possion ratio ν = 0.31. 

The time step used is 𝜕𝜕𝜕𝜕 = 5 × 10−11 𝑠𝑠. The initial dislocation density considered is 1x10-12 

m/m3. A uniaxial tensile loading was applied along the [100] directions. For small strain 

deformation, the stress and strain at each time step t is calculated using Eq. 2a and 2b mentioned 

in Chapter 5. 
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7.3 Results  

7.3.1 Grain Size Effect 

Apart from cyclic stress–strain curves (CSS), this method is also capable of generating 

dislocation microstructures at different stages of the cyclic test. Investigating microstructural 

evolution is useful in predicting fatigue properties of the material. Figure 7.3 shows single 

dislocation-grain boundary interaction during cyclic deformation. Figure 7.3(a) and (b) 

represents one full cycle of tensile and compressive loading where the dislocation glide is 

completely reversible. However, in the second loading cycle in Figure 7.3(c), the dislocation 

annihilates to form a single loop, thus resulting in the formation of a new dislocation due to 

dislocation multiplication. Here, the dislocation glide processes becomes irreversible creating 

irreversible cyclic microstrain inside the grain. Successful capture of irreversible dislocation 

movement under cyclic loading conditions has driven us forward to study the grain size effects 

on fatigue properties of the material by carrying out cyclic tests for various grain sizes. 
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Figure 7.3. Dislocation evolution and interaction with grain boundary in a cyclic test. (a) Tensile-
I, (b) Compressive-I and (c) Tensile-II. The dashed arrows in each figure indicate the direction in 
which the dislocation is evolving. 
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Figure 7.4. (Top) Cyclic stress-strain curves for various grain sizes undergone cyclic deformation 
at a loading rate = 100 s-1. (Bottom) Corresponding stress vs. cycle plot for different grain sizes. 
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Figure 7.5. (Top) Cyclic stress-strain curves for various grain sizes undergone cyclic deformation 
at a loading rate = 500 s-1. (Bottom) Corresponding stress vs. cycle plot for different grain sizes. 
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Figure 7.6. (Top) Cyclic stress-strain curves for various grain sizes undergone cyclic deformation 
at a loading rate = 1000 s-1. (Bottom) Corresponding stress vs. cycle plot for different grain sizes. 
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Figures 7.4, 7.5 and 7.6 shows CSS curves and their corresponding stress amplitude vs. 

cycle plots for the six grain sizes from the cyclic tests carried out at 100 s-1, 500 s-1 and 1000 s-1 

strain (loading) rates, respectively. It is observed from the three figures that the stress amplitude 

increases with loading rate. In general, literature [13] suggests that the cyclic deformation of 

ultra-fine grained (UFG) material have been sporadically reported of undergoing cyclic softening 

at all plastic strain amplitudes which is detected frequently in their stress-strain response [16-20]. 

However, this effect is not visible in the CSS curves particularly for grain size, d = 0.5 µm at all 

the three strain rates. As mentioned earlier, the simulations consider single crystal with closed 

boundary condition. Grain boundary sliding mechanism, usually observed in UFG 

polycrystalline material is considered as the main phenomenon to explain cyclic softening effect. 

This phenomenon cannot be taken into consideration in this model and hence, cyclic softening 

effect is not observed in UFG crystal. 

However, there is significant cyclic hardening taking place for all the grains at all the 

strain rates due to dislocation activities and interactions with other dislocations or grain 

boundaries. The rate at which the material hardens at each cycle differs for each grain size. From 

the three figures, we observe that the slop of the Stress amplitude vs. cycle plot of each 

individual grain size plots is different. The trend of the plots suggests that the cyclic hardening 

rate increases with grain refinement. This phenomenon is clearly established in Hardening rate 

vs. grain size plot in Fig. 7.10. 

7.3.2 Particle Volume Fraction Effect 

Figure 7.7 shows a simulation of the case where microstructure evolution is investigated 

in a particle-hardened alloy. A Frank-Read source is activated and the dislocation was made to 

interact with a hard coherent particle under the application of cyclic loading. During the initial 
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stage of cyclic loading, the dislocation forms an Orowan loop around the particle due to tensile 

nature of the dislocation movement as shown in Figure 7.7(a).  

 

 

Figure 7.7. Dislocation evolution and interaction with hard coherent particle in a cyclic test. (a) 
Tensile-I, (b) Compressive–I, (c) Tensile–II, (d) Compressive-II and (e) Tensile–III. The dashed 
arrows indicates the direction of dislocation evolution. 

 

However, under compression the incoming dislocation annihilates with the pre-existing 

Orowan loop resulting in a new dislocation loop at one end of the particle-matrix interface as 

shown in Figure 7.7(b). With repeated stress cycles, similar dislocation loops are formed due to 

dislocation–dislocation interactions at the interface as shown in Figure 7.7(e). This results in 

formation of local stress concentration at the interface and would ultimately lead to fatigue crack 

initiation. 
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CSS curves and their corresponding stress amplitude vs. cycle plots for the three different 

particle volume fractions from the cyclic tests of particle hardened FCC alloy carried out at 1000 

s-1 strain (loading) rate is shown in Fig. 7.8. The stress amplitude is higher for the grain 

containing higher volume fraction of the particles. It is also observed from the figure that the 

simulated grains are undergoing substantial cyclic hardening. The hardening effect is due to 

presence of various complex mechanisms taking place inside the grains that includes dislocation 

interacting with other dislocations, particles and grain boundaries. In this case, a combination of 

all the three, i.e., work hardening, grain boundary strengthening and particle hardening 

phenomena defines the total strengthening effect. 
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Figure 7.8. (Top) Cyclic stress-strain curves of the grains containing three particle vol. fractions 
undergone cyclic deformation at a loading rate = 1000 s-1. (Bottom) Stress vs. cycle plot 

corresponding to the stress-strain curves. 

 

7.4 Discussion 

The main objective of this work is to investigate the microstructural effect on the cyclic 

behavior of the FCC materials. Hardening rate vs. grain size as well as loading rate is plotted in 

Fig. 7.9 and Fig. 7.10, respectively in order to study the effect of strain rate on cyclic 

deformation of various grain sizes. The general trend of the plot shown in Fig. 7.9 is that the 

hardening rate significantly decreases with increasing grain size from d = 0.5 µm to d = 2 µm at 

all strain rates. There is also a slight decrease in hardening rate observed as the grain coarsens 

further. As the grain diameter decreases in materials, the area inside the grain is insufficient and 

the capability to accommodate free dislocation mobility is reduced due to increasing dislocation 
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interactions with grain boundaries and other dislocations resulting in various complex dislocation 

activities. Hence the strength increases as well as the cyclic hardening increases due to grain 

refinement. Where as in coarser grains (d ≥ 2 µm), there is ample amount of space inside the 

grains for the dislocations to move freely and the decrease in hardening rate is likely a result of 

dynamic recovery of dislocations at different locations. 

 

 

 

Figure 7.9. Hardening rate vs. Grain size for the three loading rates. 

 

The hardening rate generally increases with increase in loading rate on the grains. This 

effect is clearly shown in Fig. 7.10 for grains (d ≥ 1 µm). Higher loading rate corresponds to 
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higher strains in the same amount of time. Since, stress is directly proportional to strain, the 

stress amplitude also increases with increasing loading rate. 

 

Figure 7.10. Hardening rate vs. Loading rate for the six grain sizes. 

 

However, the deformation of ultra-fine grains (d ≤ 0.5 µm) at extremely high (strain rate 

> 500 /s) has indeed suppressed the formation of arrays of dislocation walls in the grain. When 

the loading rate is very high, not enough time is given to the dislocations to fully exhibit 

dislocation activities, hence inhibiting the formation of complex structures inside the UF grains. 

The active dislocation mechanisms become increasingly exhausted due to higher loading rates. 

Furthermore, cyclic flow in UFG materials at such high rates results in the onset of plastic 

instability that creates a state of stress concentration/strain localization; both the former and the 

latter have been shown to further promote micro crack nucleation upon cyclic loading [14,15]. 
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Figure 7.11. Dislocation density vs. strain plot for the five grain sizes undergoing strain 
controlled cyclic deformation at strain rate = 1000 /s. 

 

To prove the above-mentioned phenomena, change in dislocation density with respect to 

cyclic strain for the five grain sizes undergoing strain controlled cyclic deformation were plotted. 

The plot obtained for the case where strain rate = 1000 /s is shown in Fig. 7.11. With the help of 

these figures, dislocation density vs. cycle plots for the five grain sizes undergoing strain 

controlled cyclic deformation were then plotted for the three strain rates as shown in Figures 

7.12, 7.13, and 7.14. Plotting these figures would directly assist in determining the evolution of 

dislocation microstructures and would be used in determining the properties observed from 

stress-strain curves.  
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Figure 7.12. Dislocation density vs. cycle plot for the five grain sizes undergoing strain 
controlled cyclic deformation at strain rate = 100 /s. 

 

Figure 7.13. Dislocation density vs. cycle plot for the five grain sizes undergoing strain 
controlled cyclic deformation at strain rate = 500 /s. 
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Figure 7.14. Dislocation density vs. cycle plot for the five grain sizes undergoing strain 
controlled cyclic deformation at strain rate = 1000 /s. 

 

For all the cases, the observed cyclic hardening effect can be explained by the increase in 

dislocation density upon loading from the initial density ρ = 1 x 1012 m/m3 to a much higher 

density. Comparing Figures 7.13 and 7.14, we observe that the change in dislocation density for 

cyclically deforming 0.5 µm grain at 500 /s is far greater than the change in dislocation density 

for cyclically deforming 0.5 µm grain at 1000 /s.  Therefore, we observe the dip in hardening 

rate for the 0.5 µm grain size in the Fig. 7.10.  

In order to investigate the effect of volume fraction of the hard coherent particles present 

inside the grain on the cyclic behavior of particle hardened FCC alloys, we plotted hardening rate 

vs. particle volume fraction shown in Fig. 7.11. The trend observed in the figure suggests that the 

cyclic hardening effect increases with particle volume fraction. Higher volume fraction 
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corresponds to more particles inside the grain. Higher number of particles promotes dislocation – 

particle interaction sites, which will further restrict the plastic flow in the material.  

 

Figure 7.15. Hardening rate vs. particle volume fraction. 

 

Moreover, the particle size also plays a major role in defining the cyclic behavior of this 

material. In theory, the fatigue life is increased by particle refinement. We have observed in Fig. 

7.7 that dislocation interacting with larger particle during cyclic loading will lead to nucleation 

of several smaller dislocations at the particle-matrix interface. This will ultimately lead to 

particle debonding or cleavage depending on the particle size due to excess of microstrain 

concentration generating at the interface. Due to time constraints, further analysis of the effect of 

particle size has not been carried out in this work. 
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 7.5 Conclusions 

The 3D-DDD method is used to simulate the cyclic behavior of metallic alloys and is 

capable of demonstrating in detail the mechanisms by which dislocations interact with obstacles. 

With this capability, this model has been applied in present studies to understand the 

microstructure effects of varying particle and grain sizes on cyclic responses of crystalline 

materials. The main conclusions from this work are as follows: 

1. During cyclic deformation of a single crystal, we could capture the irreversible 

dislocation glide processes resulting in the creation of irreversible cyclic 

microstrain inside the grain. 

2. The stress amplitude in cyclic testing of all grain sizes increases with loading 

rate. 

3. The rate at which the material hardens at each cycle differs for each grain size. 

Hardening rate significantly decreases with increasing grain size at all strain 

rates 

4. UFG materials have shown decrease in cyclic hardening rate at strain rates ≥ 

500 s-1 as not enough time is given to the dislocations to fully exhibit complex 

dislocation activities,  

5. In particle-hardened alloys, the cyclic hardening effect increases with particle 

volume fraction. 

The computational expenses that limit the number of cycles that can be simulated hamper 

accurate comparisons with experimental findings on cyclic behavior of such materials. 

Nevertheless, the quantitative information obtained from the predicted microstructure evolution 

and cyclic behavior will provide very useful information for developing fatigue models.  
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CHAPTER 8  

SUMMARY AND FUTURE WORK 

8.1 Concluding Remarks 

In principle, physical models of materials strength should be able to bridge the gap 

between macroscopic crystal plasticity and the basic physical laws at the atomic scale. The 

distinct computational methodology of dislocation dynamics is a bridging model that is based on 

the dislocations, which are the fundamental carriers of plastic deformation. Scientifically 

advanced over the past decade, this technique has overcome many difficulties and established a 

handy framework for predictive simulations. In order to provide more quantitative analysis for 

determining the structure – property relationships in FCC materials, the effect of several key 

microstructural features on the strength of the material has been investigated in this work. Main 

conclusions from this work are as follows: 

8.1.1 Loading Direction and Initial Dislocation Microstructure Effect 

Two loading orientations were investigated for uniaxial tensile behavior of FCC Cu 

single crystals. [111] loadings have higher flow stresses than [100] loadings, which agree with 

general analysis and observations. The initial plastic deformation, in terms of yielding stress, 

depends strongly on the initial microstructure. Low dislocation densities, manifested by small 

number of dislocations and inhomogeneous microstructures, lead to stochastic behavior. 

8.1.2 Size and Shape Effects on Grain Boundary Strengthening 

The grain boundary strengthening effect is greater in the columnar grains compared to 

cubic grains, which is demonstrated by higher Hall-Petch exponent. The yield strength of the 

material increases with the increase in initial dislocation density. Hall–Petch relationship holds 
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well at small grain sizes (0.5 – 2 µm). For larger grains, the yield strength remains almost 

constant as the grain size increases. Thus the grain boundary-strengthening phenomenon is more 

effective in small grains while work hardening is more prominent in large grains. The initial 

dislocation density significantly affects the Hall-Petch relationship. With same initial dislocation 

density and grain size, plastic flow stresses in grains containing a bigger particle are generally 

higher than that containing a smaller particle.  

8.1.3 Size and Volume Fraction Effect on Particle Strengthening 

For a constant particle volume fraction, the yield strength significantly increases by 

particle refinement due to increase in number of obstructing sites for dislocation motion. The 

strengthening effect becomes much greater, when the particle size becomes less than 1 µm. The 

strengthening effect of particle also increases with the increasing of particle volume fraction 

when the grain size and particle size are fixed. 

8.1.4 Size Effects on Cyclic Behavior 

During cyclic deformation of a single crystal, we could capture the irreversible 

dislocation glide processes resulting in the creation of irreversible cyclic microstrain inside the 

grain. The stress amplitude in cyclic testing of all grain sizes increases with loading rate. The rate 

at which the material hardens at each cycle differs for each grain size. Hardening rate 

significantly decreases with increasing grain size at all strain rates due to inhibition of several 

complex dislocation activities. UFG materials have shown decrease in cyclic hardening rate at 

strain rate ≥ 500 s-1 as not enough time is given to the dislocations to fully exhibit dislocation 

activities, hence inhibiting the formation of complex structures inside the UF grains. In particle-

hardened alloys, the cyclic hardening effect increases with particle volume fraction. 
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8.2 Future Work 

The DD models should become more realistic and computationally resourceful in order to 

expand the range of engineering and scientific concerns that can be addressed. The proper 

treatment of boundary conditions in DD simulations is critically important. In addition, it is 

important to account for the interaction between dislocations and grain boundaries and other 

internal interfaces.  The boundary conditions in a single crystal without interfaces have to mimic 

the behavior of a finite computational volume inserted in the infinite domain. Periodic boundary 

conditions are often used in 2D simulations for this purpose; however their application in 3D 

poses several interesting challenges [1]. As an alternative to periodic continuation, dislocation 

transmission between the simulation cell and the surrounding crystal can be organized by 

balancing dislocation fluxes in and out of the box [2]. 

A much-needed extension of the DD methodology to anisotropic elasticity and a reliable 

treatment of local lattice rotations are immensely required, which become increasingly important 

with increasing strain. An entire new set of challenging problems arises when dealing with high-

strain-rate phenomena. Despite the impressive recent developments in the DD methodology such 

as inclusion of inertial effects in the dislocation equation of motion [3], penetrable grain 

boundary effects [4], particle inclusion [5], etc., it is important to avoid unrealistic expectations. 

DD models were intended to address crystal plasticity at the microscopic length scale. Stretching 

their computational limits is important, but may not be the most constructive way to build a 

predictive framework for macroscale plasticity. Further coarse-graining and homogenization are 

required so that the results of DD simulations at the microscale are used to inform a less detailed 

mesoscale model. Notable recent developments in this area have been advanced by Lesar and 

Rickman [14]. Although no consistent framework of this kind currently exists, several recent 
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developments in this area look promising. In addition to the reaction-diffusion methods [6,7] 

different forms of strain-gradient plasticity theory have been developed that attempt to capture 

length-scale effects associated with small-scale phenomena [8-13]. Nevertheless, computational 

prediction of crystal strength presents the principal goal for micro- and mesoscale material 

simulations. 
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