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ATOMIC SITE PHYSICS AND CHEMISTRY OF

URANIUM HYDRIDING: WATER VAPOR ADSORPTION

ON AND REACTION WITH URANIUM

M. Balooch, A. V. Hamza, W. J. Siekhaus

Introduction

We investigated the fundamental properties
of the interaction of water vapor with uranium by
combining modulated molecular beam scattering
with temperature programmed desorption to
measure the initial sticking probability, hydride
formation probabilities, and desorption kinetics
on clean uranium.

Experimental Procedure

The experiments were performed in two
ultra-high vacuum apparati, both of which have
been described in detail elsewhere.1,2 The first is a
modulated molecular beam apparatus; the second
is equipped with a differentially pumped quadru-
pole mass spectrometer (QMS) for temperature
programmed desorption (TPD), a cylindrical
mirror analyzer for Auger electron spectroscopy
(AES), and an argon ion gun for sputter cleaning.
Triply distilled, deionized (greater than 18 MΩ
resistivity) water was used, purged by ultra-high
purity argon gas and further purified by repeated
freeze-thaw cycles under vacuum. The uranium
sample was cleaned by repeated argon ion sputter-
ing for a few hours with 5 keV ions (normal
incidence) and annealing afterward.  With the
base pressure at 4  × 10–10 Torr, the surface becomes
oxidized overnight.  However, the oxide thick-
ness is thin enough to be removed in 1 to 2 min of
sputtering at ~10 µA/cm2.

Modulated Water Vapor Beam on
Clean Uranium

A modulated beam of water vapor is directed
at the surface with an equivalent pressure of
~1.5 × 10–6 Torr, above the onset pressure for

hydride formation,3 assuming the water vapor
decomposes. Since the reaction rate of water with
oxidized uranium is  low [see Eq. (1)], then the
reaction probability of water vapor on clean
uranium at a particular surface temperature is
equal to one minus the water vapor signal from
clean uranium divided by the water vapor signal
from oxidized uranium
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where ε is the reaction probability, S is the reflected
signal, and T is the surface temperature.  On and
off refer to argon sputtering; the surface is oxidized
during the off cycle. The water reaction has two
branches—dissociative adsorption followed by
surface recombination to form dihydrogen or
followed by hydride formation.  The recombination
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where σ is the ionization cross section of the
detector.  σwater/σdihydrogen = 2.45.  The hydride
formation probability is the difference between
the water reaction and the H2 production probability,

    
ε ε εUH H O H3 2 2

T
on

T
on

T
on[ ] = [ ] − [ ] . (3)

Figure 1 shows the water reaction probabili-
ties for the clean and oxidized surface at room
temperature (i.e., the reaction probability is about
8 × 10–2, the hydride formation probability is
about 1 × 10–2 at an equivalent water vapor
pressure of 1.5 × 10-6 Torr, and the dihydrogen
production probability is about 6–7 × 10–2).
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Figure 1. Plot of the water reaction probability
and the H2 production reaction probability vs
time.  The squares represent the water reaction
probability and the circles represent the H2
production probability.  At 1.75 min, the ion
sputter gun was on at 1 keV and 7 × 1014 ions/
cm2/s and the oxygen coverage was reduced, but
because of the water flux could not be made
negligible.
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Prior to each exposure to water vapor, the
uranium surface is sputter cleaned and annealed
to 700K.  Figure 2 shows the TPD of dihydrogen
from a water vapor dosed clean uranium surface
at room temperature for dihydrogen/water vapor
coverages (0.7 to 4.6 × 1018 molecules/m2).
Desorption of dihydrogen occurs between 320
and 670K.  The most striking features are the two
desorption peaks observed at coverages of less than
4 × 1014 molecules/cm2.  The first feature is
observed at a peak temperature of 360K and the
second is observed at 495K.  A third feature, a
shoulder initially,  grows in with a peak tempera-
ture for desorption of 460K and appears only as

coverages approaching a monolayer (one water
vapor or dihydrogen molecule/uranium atom)
are reached.  As exposure is increased, the third
feature dominates the spectrum and continues to
grow without apparent bounds. Since the second
feature (peak temperature 495K) at coverages less
than 4 × 1014 molecules/cm2 is relatively free from
overlapping desorption, the peak is analyzed to
extract kinetic parameters. The analysis strongly
suggests a first-order desorption process.   The
activation energy for desorption is 23 ±1 kcal/mol
and the pre-exponential factor is ~1010 s–1.  Both
parameters are independent of the coverage.

Plotting the coverage of surface with
dihydrogen vs exposure of the surface to water
vapor affords the determination of the initial
sticking probability.  The initial slope is linear and
gives an initial sticking probability of 0.7–0.8.

Discussion

Colmenares and co-workers4 suggest that
water vapor dissociatively adsorbs as Hads and
OHads.  In this case, dihydrogen could evolve
from the reaction of two Hads or from reaction of
two OHads or from the reaction of one Hads with
one OHads, giving rise to possibly three desorption

H2 /H2O/Uranium

0.7 × 1018 molec/m2

1.3 × 1018 molec/m2

2.0 × 1018 molec/m2

3.8 × 1018 molec/m2

4.6 × 1018 molec/m2

300 400 500 600 700 800
0

20

40

60

80

100

120 × 1015

Surface temperature (K)

H
yd

ro
ge

n 
de

so
rp

tio
n 

ra
te

 (
m

ol
ec

ul
es

/m
2 /s

)

Figure 2. Temperature programmed desorption of
dihydrogen from water vapor exposed uranium
at room temperature.  Coverages are determined
by integrating the desorption flux.  Coverages
increase from 0.7 to 4.6 × 1018 molecules/m2.
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states.  We observe two reactions: the first (low
temperature) at a surface temperature lower than
Hads recombination on clean uranium, and the
second (high temperature) at ~500K, ~70L2∏igher
than Hads recombination on clean uranium. Since
the OH bond is stronger than the UH bond, it is
logical to assign the high-temperature peak to the
decomposition of OHads.  This assignment is
supported by the fact that the high-temperature
state is the only desorption state observed on the
oxidized uranium surface.  The first-order depen-
dence of this feature on coverage suggests that
OH bond breaking is the rate limiting step in the
OH decomposition to two adsorbed oxygens and
dihydrogen.  The low-temperature state is assigned
to recombination of Hads on the remaining
uncovered uranium surface.  The presence of
adsorbed OH has affected the electronic structure
of the remaining uranium such that the binding
energy of the adsorbed H is lower than on the
clean uranium.  Other factors that favor this
assignment include the saturation of this state at
low coverage and the absence of the low-tempera-
ture state on the oxidized surface. Because of the
higher binding energy of the hydrogen to oxygen
or oxide on the uranium surface, a likely hydride
nucleation site could be at the edge of oxygen or
oxide islands on surfaces or at interfaces such as
grain boundaries.
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MODELING HYDRIDE FORMATION

P. A. Sterne

The goal of this work is to use electronic
structure calculations to address the interaction
between hydrogen gas and the uranium surface to
form uranium hydride. Although the mechanism
and site and defect sensitivity of the hydride
formation are unknown, we hope to establish a
kinetic model to describe the hydrogen adsorp-
tion, diffusion, and subsequent hydride formation
on the uranium surface.

A complete model of hydride formation
requires knowledge of energy differences between
hydrided and non-hydrided phases, energy
barriers for diffusion, and a representation of the
influence of both point defects, e.g., impurities on
the uranium surface, and extended defects, such
as grain boundaries.  The approach adopted here
is to determine parameters from first principles
calculations where possible and to correlate the
resulting values with experimental data.  This
cross-validation is essential to strengthen our
understanding of the mechanisms contributing
to the hydride formation, thereby validating the
modeling procedure.

Uranium hydride forms in two separate phases.
(1) The metastable alpha UH3 phase has the cubic
A15 structure with an 8-atom unit cell in which
the uranium atoms forming a body-centered-cubic
lattice and the hydrogen atoms occupy tetrahedral
sites.  (2) This transforms to the more complicated
32-atom UH3 beta phase, which is also cubic.  The
uranium atoms in this structure are located on the
sites of an A15 lattice with the hydrogen atoms
arranged in lower symmetry positions.

In this initial stage, electronic structure
calculations have been performed for the alpha
and beta uranium hydride phases.  For compari-
son, calculations have also been performed on the
orthorhombic-alpha phase and high-temperature
bcc phase of pure uranium.  The calculations have
been performed using the Linear Muffin Tin Orbital
method and the Local Density Approximation to
electron–electron interactions.  All calculations
are fully relativistic and include the sizable effects
due to spin–orbit coupling.

Figure 1 shows the densities of states for the
pure uranium phases. The features in the densities

Figure 1.  Densities
of states (states/
Rydberg/atom) for
uranium in the body
centered cubic
structure (upper
panel) and the
orthorhombic alpha-
Uranium structure
(lower panel).
Calculations were
performed at the
experimental vol-
umes in both cases.
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of states are similar for the bcc and orthorhombic-
alpha phase, although the alpha phase does show
more structure due to its lower symmetry.  The
densities of states are dominated by f-electron states
with a bandwidth of about 3.2 eV.  These f-states
lie in a much broader density of states associated
with the more delocalized s–d valence electrons.

The densities of states for the UH3 phases
contrast sharply with those of the pure phases.
Figure 2 shows both alpha- and beta-phase UH3
densities of states.  The states around 9 eV below
the Fermi energy are hydrogen 1s states.  The
hydrogen atoms essentially form H2– ions in the
lattice, removing the s–d valence electrons from
the uranium atoms.  This interaction lowers
f-electron bands below the delocalized s–d bands
and significantly narrows the uranium f-electron
density of states from 3.2 eV in the pure phase to
about 2 eV in the hydride, increasing the localiza-
tion of the uranium f-electrons in the hydride.

The localization of the f-electrons is driven in
part by the larger lattice constant of the hydride.
The alpha UH3 phase has the same arrangement
of uranium atoms as bcc uranium, but the lattice
constant is 17% larger.  The hydrogen appears to
play two roles in the hydride.  (1)  It removes
electrons from the uranium, on average removing
0.5 electrons per hydrogen.  (2) It spaces the
uranium atoms apart, reducing the f-electron
bonding between them.  This second effect is

Figure 2.  Densities
of states (states/
Rydberg/formula
unit) for uranium
hydride in the UH3
alpha phase (upper
panel), and the UH3
beta phase (lower
panel).  Note the
additional H-1s
feature around 9 eV
below the Fermi
energy and the
significant narrow-
ing and lowering of
the f-electron states
at the Fermi energy
when compared
with the calculations
for pure uranium.

    
0

100

200

300

400

-10 -5 0 5
0

100

200

300

400

alpha UH3

beta UH3

Energy (eV)

D
.O

.S
.

responsible for the narrowing of the f-electron
bands in the hydride, which is indicative of
increased f-electron localization.  This localization
effect is similar in nature to the f-electron localiza-
tion observed in the alpha–delta transition in
plutonium, where there is a similarly pronounced
volume change.  Theoretically, both effects are
difficult to treat and are the subject of extensive
ongoing research.

The calculations indicate that there are
dramatic differences in the electronic structure
upon hydriding uranium.  These differences
should be readily observable spectroscopically,
either by looking for the characteristic hydrogen
1s state about 9 eV below the Fermi energy or by
focusing on the significant changes in the density
of states around the Fermi energy. There, the
f-electron states narrow significantly and drop
below the bottom of the s–d valence electrons in
the hydride.

Energetic comparisons between the phases
are complicated by the difficulties in correctly
describing the electron–electron interaction in
correlated systems with f-electrons.  The calcu-
lated equilibrium lattice constants for the hydrided
phases are about 10% smaller than the experimen-
tally observed values.  Although this is a large
difference, it is consistent with other calculations
on f-electron systems which routinely calculate
lattice constants 6–12% smaller than experiment.
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This is a well-known anomaly in local density
functional theory when applied to localized
f-electron systems.  In contrast, calculations on
transition metals generally give parameters
within 1–2% experiment.

A considerable effort has been made to extract
estimates of energy differences between phases
from these calculations.  However, we have been
unable to establish a reliable set of energy differ-
ences.  The large discrepancy in equilibrium lattice
constants prohibits us from finding a reliable
basis for comparison of the total energies from the
present calculations.  It is hoped that subsequent
full-potential calculations may be able to circum-
vent this problem.

Full potential methods are also being used to
calculate the most stable position for a hydrogen
atom on a uranium surface.  These calculations
are still at a preliminary stage, and results have
not yet been obtained.
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SYNTHESIS OF NEW EXPLOSIVES

P. F. Pagoria, A. R. Mitchell, R. D. Schmidt, L. E. Fried

Introduction

Our major effort has been the development of a
new synthesis of 1,3,5–triamino–2,4,6–trinitrobenzene
(TATB), an insensitive high explosive (IHE) which
is a critical component to the enduring stockpile.
We developed a two-step process that incorporates
a new aminating reagent discovered at LLNL,
which should be superior to the current synthesis
of TATB.  We are also investigating the synthesis
of new energetic materials comprised of nitro- and
amino-substituted heterocycles. We divide this
research into two main areas:  (1) insensitive
energetic materials which approach HMX in energy,
and (2) new energetic materials that calculate to
have more energy than CL–20.  We synthesized
the new, insensitive, energetic heterocyles, 2,6–
diamino–3,5–dinitropyrazine–1–oxide (PZO) and
4–amino–3,5–dinitropyrazole (ADNP) with 80–85%
the energy of HMX and excellent thermal stability.
We have begun an investigation of a series of
nitro-substituted, bicyclic heterocycles, which our
calculations predict to have more energy than CL–20.
We are conducting this study, collaboratively,
with our theoretical modeling group—the struc-
tures of the target molecules were generated by
L. Fried and the synthetic schemes were devel-
oped by the synthesis group.  A continuing effort
in our program is the synthesis of insensitive
energetic materials by the Vicarious Nucleophilic
Substitution (VNS) of hydrogen, which incorpo-
rates 1,1,1–trimethylhydrazinium iodide (TMHI)

as an aminating reagent for nitro-substituted
aromatic and heterocyclic compounds.

TATB Synthesis

Currently, TATB is not being manufactured
in the United States. The traditional manufactur-
ing technique is a multi-step process that involves
chlorinated aromatic species and reaction steps,
which require high temperatures and pressures.
Our new synthesis is only a two-step reaction
sequence starting from an inexpensive starting
material (4–nitroaniline) used extensively in
commercial dye synthesis (Fig. 1). The two reaction
steps use ambient conditions and incorporate
reactants, which are available from surplus
munitions, e.g., uns-dimethylhydrazine (UDMH),
a surplus propellant ingredient from the former
Soviet Union currently being targeted for demili-
tarization. The synthesis is based on the Vicarious
Nucleophilic Substitution (VNS) of hydrogen,1 an
innovative method for the synthesis of insensitive
energetic materials by the addition of amino- groups
to known explosives. The key amination step uses
TMHI, first recognized in our group as an aminat-
ing reagent in the VNS of hydrogen. Thus far, our
procedure has been performed at the laboratory-
scale, although plans are in place to produce 1 kg
of material. It is superior to the traditional proce-
dure in that it involves no chlorinated species, the
reaction sequence is done at room temperature,
and preliminary results indicate that the product

Figure 1.  New synthesis of TATB developed at LLNL.
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is a high-quality material, with virtually no organic
impurities. This new method of synthesis may
lead to a significant decrease in the overall cost of
TATB, which may facilitate expansion of the use
of TATB in industry. A few of our industrial
affiliates expressed interest in our synthesis in
response to inquiries they had for the use of TATB
in deep-hole mining operations because of its
extraordinary thermal stability. The detonator
development department at LLNL has also
shown interest in our new TATB because it may
have advantages over the crash-precipitated
material in corner-turning ability and symmetry
of detonation.

This year, we spent time on research and
development of the VNS process for synthesizing
TATB, employing some new cost-saving measures
which make the process even more attractive.  We
have optimized the conditions for the synthesis of
TATB from picramide, using TMHI in the presence
of sodium methoxide.  We have performed this
synthesis on the 10 g scale providing 95% yield of
TATB.  The material shows no organic impurities,
although the onset of the decomposition point is
slightly lower than wet-aminated TATB.  We
have optimized the synthesis of picramide from
4–nitroaniline, allowing us to use the crude
reaction product directly in the next step, saving a
purification step for the picramide.   We have also
demonstrated that we can generate the TMHI in
the dimethylsulfoxide (DMSO) solution directly

(from UDMH and methyl iodide) and then run
the TMHI amination.  This would eliminate the
isolation and purification step of TMHI, thus
making the process more attractive, economically.

Other Research

As stated, we divided our synthetic work into
two main areas: (1) synthesis of new energetic
compounds that outperform HMX without increase
in sensitivity, and (2) synthesis of new IHE’s with
more energy than TNT.  From this latter effort, we
synthesized PZO,2 an insensitive energetic material
with 30% more energy than TNT.  The energy
content and thermal stability of this material
make it very interesting for several applications,
including insensitive boosters and detonators.
We  investigated two new approaches to the
synthesis of PZO, which are more environmentally
friendly and have a shorter reaction sequence
than the previous method.2  (1)  The first method
involves the condensation of alloxan monohydrate
and 5,6–diaminouracil in water to yield 2,4,5,7–
tetrahydroxy[5,4–g]pyrimidopteridine3 which
was treated with aqueous sodium hydroxide at
170˚C in a Parr pressure vessel to yield 2,6–
diamino-3,5–dicarboxypyrazine.4 (2) We attempted
to nitratively decarboxylate this material to 2,6–
diamino–3,5–dinitropyrazine (ANPZ), but have
thus far been unsuccessful (Fig. 2).  We also
investigated the synthesis of PZO by the synthetic

Figure 2.  Alternative approach to the synthesis of ANPZ and PZO.
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Figure 3.  New Approach to the synthesis of
ANPZ (and PZO).
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scheme shown in Fig. 3.  We completed the
second step and are preparing to aminate the
2–chloro–6–methoxy–3,5–dinitropyrazine.  This
synthesis looks very encouraging and should be
easily scaled-up.

We have had some excellent results using our
VNS5 approach to the synthesis of new insensitive
energetic materials.  The VNS approach incorpo-
rates the use of an aminating agent in the presence
of base to introduce amino groups onto electro-
philic aromatic rings.  This is analogous to a
Friedl–Crafts reaction in that the amino group
formally replaces a hydrogen on the aromatic
ring.  In FY94, we successfully converted TNT to
2,5–diamino–2,4,6–trinitrotoluene (DATNT), an
insensitive explosive of interest to the Department
of Defense, in one-step at ambient temperature
using 4–amino–1,2,4–triazole (ATA).6  This is a
significant improvement over the previously
published procedures for the synthesis of this
compound which required four to five steps and
an expensive starting  material such as 3,5–
dichloroanisole.7 As previously mentioned, we
also used our VNS approach for the synthesis of
1,3,5–triamino–2,4,6–trinitrobenzene and 1,3–
diamino–2,4,6–trinitrobenzene (DATB) from
picramide,5

 
using both TMHI and ATA as the

aminating reagents.
In FY95, we developed a new VNS  aminating

reagent, TMHI, which may be synthesized by
alkylation of UDMH (see Fig. 4).  It may also be
synthesized directly from the inexpensive reagent,
hydrazine, by alkylation with methyl iodide in the
presence of base.  This reagent acts analogously to
ATA, although FY96 studies have shown it to be
significantly more reactive.  In a comparison test,
TMHI converts picramide to TATB by stirring

overnight at room temperature (although actual
time to completion is probably around 3 hr) while
ATA takes at least 30 hr for complete conversion.
In FY96, we also demonstrated the use of TMHI
in the synthesis of DATNT from TNT in one step
in 50% yield.

We have synthesized the previously unknown
4–amino–3,5–dinitropyrazole (ADNP), a poten-
tially insensitive energetic material with 80% the
energy of HMX, using the VNS method with
TMHI.  This is significant because ADNP could
not be synthesized by ordinary methods.  During
our study of the scope and limitations of TMHI as
a VNS aminating reagent, we found that the
number of  amino groups which may be added to
the electrophilic aromatic ring is equal to the
number of nitro groups present on the substrate.
This observation led us to investigate the amination
of 3,5–dinitropyrazole (DNP), which carries an
acidic hydrogen, to give ADNP.  We reasoned
that the acidic proton on DNP would initially
react with one equivalent of base to form a stable
nitronate anion, leaving the second nitro-group
available to participate in the VNS amination.  We
found the reaction of DNP with TMHI in the
presence of excess potassium tert-butoxide gave
ADNP in 70% yield (Fig. 5).  This allowed the
synthesis of ADNP without the need of a protecting
group for the pyrazole proton and demonstrated
a rare example of  a nucleophilic substitution
reaction on an aromatic ring already bearing a
negative charge.  The structure of ADNP was

Figure 5.  Synthesis of 4–amino–3,5–
dinitropyrazole (ADNP).
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confirmed by x-ray crystallographic analysis,
isolated as a 1:1 complex with dimethylsulfoxide
with a crystal density of 1.608 g/cc.8  We found
that refluxing in water breaks up the complex and
crystallizes ADNP as white cubes.  An x-ray
crystallographic analysis showed this material to
be a 1:1 complex of ADNP/H2O with a crystal
density of 1.72 g/cc.8  We are in the process of
evaluating the safety and performance character-
istics of this new compound.

We have continued our investigation of the
synthesis of several nitro- and amino-substituted
azoles.  Calculations predict that these target
compounds have 80–95% the energy of HMX and
to be relatively insensitive materials.  The synthe-
ses are based on VNS chemistry in which known
polynitroazoles will be aminated with TMHI.  We
have been concentrating on the synthesis of a
series of amino-substituted polynitropyrroles
(Fig. 6), using both protected and non-protected

Figure 6.  Amination of polynitropyrroles with
TMHI.
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Figure 7.  Target
molecules with
calculated
energy greater
than CL–20.

polynitropyrroles as substrates for amination
with TMHI.  We have attempted the amination of
both 1–t-butyl–2,4–dinitropyrrole and 1–t-butyl–
2,3,4–trinitropyrrole, yielding only recovered
starting material.  We have synthesized both the
2,5– and 2,4–dinitropyrrole and are currently
investigating the amination of these materials.

We have begun an investigation of the synthesis
of several energetic heterocycles, which our
calculations predict will have more energy than
CL–20 (see Fig. 7).  These target molecules are all
planar, high nitrogen, zero-hydrogen nitroazoles.
They are oxygen balanced to CO2 and should have
a significant energy contribution from their high
heat of formation.   We have outlined synthetic
routes to each of these based on literature prece-
dence.  We concentrated our initial efforts on the
synthesis of 4,5–diamino–2–phenyl[1,2,3]triazole,9

an important intermediate to two of our target
molecules.  We investigated new methods for the
synthesis of this material because reported methods
use the highly toxic gas, cyanogen, as the starting
material.  We have chosen to use thiooxamide,10 a
readily available, inexpensive starting material, as
a cyanogen surrogate and to follow procedures
similar to those used with cyanogen. We have
also been investigating the synthesis of 3–bromo–
4–formyl–1–tosylpyrazole, as an intermediate to
the bipyrazole target compound.  Work on these
two syntheses continues.

Conclusions

We developed a new synthesis of TATB which
may be superior to the current manufacturing
process.  We have synthesized a series of insensitive
energetic materials with good thermal stability
and have begun a study of the synthesis of new
energetic heterocyles that are predicted to be more
energetic than the industry standard, CL–20.
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AB INITIO STUDY OF ENERGETIC MATERIAL

DECOMPOSITION MECHANISMS

L. E. Fried, C. J. Wu

Introduction

Science-based stockpile stewardship requires
LLNL to predict the chemical behavior and stability
of energetic materials over a wide range of time
scales and environments.  Nevertheless, little is
known regarding the detailed molecular mecha-
nisms of energetic material decomposition. As a
widely used high-explosive and monopropellant,
hexahydro–1,3,5,–trinitro–1,3,5,–triazine (RDX) is
one of the most thoroughly studied energetic
compounds. Therefore, we have chosen RDX as
an initial test case to develop methods to calculate
the decomposition pathways of energetic materials.

There are many suggested initial unimolecular
steps in the thermal decomposition of RDX,
including N–NO2 bond rupture, concerted ring
fission to three CH2N2O2, C–N bond cleavage,
C–H bond dissociation, and transfer of an oxygen
from the NO2 to an adjacent CH2. Among them,
the most supported mechanism for condensed
phase decomposition is N–NO2 bond rupture,

shown in Fig. 1(a), as Path I. The most recent
supporting evidence for this mechanism was
given by the transient infrared (IR) laser pyrolysis
experiments of Wight and Botcher.1–3

Another competing mechanism, which has
convincing experimental evidence, is the con-
certed symmetric ring fission to three CH2N2O2
molecules shown in Fig. 1(b) as Path II.  Using IR
multiphoton dissociation (IRMPD) of RDX in a
molecular beam, Zhao and Lee4 suggested that
the RDX molecule dissociates via both paths (I and
II).  They concluded that the dominant channel is
the symmetric ring-fission, not the N–NO2 bond
cleavage.  However, no conclusive evidence for
the ring-fission has been reported from other
studies of liquid and solid RDX.

This paper presents a detailed study of
unimolecular dissociation of RDX via paths I and
II, using several recent gradient-corrected density
functional theory (DFT) methods.  Our results
provide a direct comparison with the gas phase
RDX experiment,4 and therefore enhance our
understanding of this issue.

Figure 1.  (a) Calculated transition states for N–NO2 bond breaking  (Path I), and (b) concerted ring
dissociation (Path II).

(a) Path I (b) Path II
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Computational Details

All calculations were performed using the
Gaussian 94/DFT package with spin-polarized
gradient-corrected exchange and correlation
functionals. The procedures are based on the spin
unrestricted  Kohn–Sham formalism. We chose
four widely adopted and promising functionals:
B-PW91, B3-PW91, B-LYP, and B3-LYP. B refers to
Becke’s 1988 gradient-corrected exchange func-
tional5 derived from the two-particle density matrix
of the helium atom, and B3 is denoted for Becke’s
hydrid method of mixing Hartree–Fock (HF)
exchange energy into the exchange functional.
PW91 and LYP are the gradient-corrected correla-
tion functionals of Perdew–Wang 91 and Lee,
Yang, and Parr.6  Four basis sets were used for
the Kohn–Sham orbital expansion, including the
contracted Gaussian-type Dunning’s Double-ζ
valence (D95V), D95V plus polarization functions
on all atoms [D95V(d)], D95V plus diffuse func-
tion, and Dunning’s most recent correlation
consistent polarized valence double zeta basis
sets (cc-pVDZ).7

N–NO2 Bond Cleavage

Using the zero point energy correction, we
predict that the N–NO2 bond energy D0(N–NO2)
is 36.5 ± 2.3 kcal/mol, significantly smaller than
the previous estimate8 of ~48 kcal/mol.  There are
two possible reasons for the smaller D0(N–NO2)
value in RDX—either geometric or electronic
relaxations occur through the RDX ring fragment
(H6C3N5O4).  We have calculated that RDX
geometric stabilization is between (2–6 kcal/mol);
thus, electronic relaxation is the dominant mecha-
nism, accounting for 6–10 kcal/mole.

To calculate the N–NO2 bond dissociation
barrier, we mapped the potential energy curve (see
Fig. 2) along the reaction coordinate using B-PW91
functionals and the D95V basis set.  The potential
energy profile confirms the previous assumption
that the backward reaction has a zero barrier (typical
case for a radical recombination reaction). Con-
sidering zero point energy correction, the barrier
for breaking the N–N bond is 36.8 ± 2.3 kcal/mol,
slightly larger than D0 (N–NO2).

Figure 2: Predicted
energetics of N-NO2
bond breaking in
RDX.
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Concerted Symmetric Ring Fission

Using the largest basis set cc-pVDZ, four
functionals give D0(C–N), ranging from 66.0 to
45.5 kcal/mol, with an average value of
55.2 ± 10.2 kcal/mol.  Using the zero point energy
correction of 9.2 kcal/mol, our best estimate of
the heat of reaction for the concerted ring fission
is 46.0 ± 10.2 kcal/mol. We then mapped the
potential energy profile of the ring fission to
identify the transition state.  At each C–N separa-
tion, we optimized all other degrees of freedom at
both B-PW91/D95V and B-PW91/D95V+ level.

Summary

We investigated the mechanism of the gas
phase unimolecular decomposition of RDX, apply-
ing a range of basis sets and modern gradient
corrected density functional methods to this
problem.  We found that the activation barrier for
concerted ring fission is roughly 12 kcal/mol
greater than that for N–NO2 bond rupture. This
value holds qualitatively for a variety of compu-
tational methods, suggesting that thermal gas
phase decomposition at temperatures signifi-
cantly under 12 kcal/mol (7200K) most likely
proceeds via N–NO2 bond rupture.  Of course,
detailed comparision requires the reliable evalua-
tion of the reaction prefactors—a problem not
addressed here.  Our results could profitably be
used in constructing improved classical potentials
for RDX, allowing a more detailed comparision of
the branching ratios of the two mechanisms as a
function of temperature and excitation mechanism.
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FIRST POSITRON ANNIHILATION LIFETIME

MEASUREMENT OF PLUTONIUM

C. Colmenares, R. H. Howell, D. Ancheta, T. Cowan, J. Hanafee, P. Sterne

We made the first measurement of defects in
an aged sample of δ phase, gallium-stabilized
plutonium, using positron annihilation lifetime
spectroscopy. This measurement validates the
procedure necessary to perform measurements on
this highly toxic material and to obtain data
representative of sample conditions. Comparison
of the results of positron annihilation lifetime
analysis with calculated values suggests that
helium-filled vacancies or vacancy clusters domi-
nate the defect population. Such defects are the
necessary precursor to void growth and swelling.

Introduction

The evolution of defects, resulting from the
radioactive decay of plutonium during its life in
the stockpile, is one of the unknown quantities
affecting our confidence in predictions of the limit
on stockpile components. Radiation damage leads
to changes in the size and strength of metals studied
for reactor and accelerator use and similar effects
may be expected in plutonium. The evolution of
radiation-produced vacancies into larger void
structures and accompanying macroscopic
swelling may occur in plutonium at some age. A
detailed understanding of the defects in self-
irradiated plutonium is required to predict the
timescale of void swelling and related radiation
effects. We have made the first measurement of
defects in an aged sample of δ-phase plutonium,
using positron annihilation lifetime spectroscopy.

Positron annihilation lifetime spectroscopy is
an established tool for the analysis of vacancies
and voids in metals and compounds. There are
many techniques that can identify the species and
size of impurities. There are few, however, that
can detect open volume defects such as atomic
vacancies or voids.    All positron annihilation
spectrographic methods are particularly sensitive
to determining low concentrations of the class of
defects including vacancies, voids, and negatively
charged defects. This sensitivity stems from the
attractive interaction between these defects and
positrons which often binds the positron to the

defect site.    Using positron annihilation lifetime
spectroscopy determines the concentration and
size or charge of defects in metals, semiconductors,
and molecular or organic compounds.

Positron annihilation lifetime spectroscopy
measures the electron density at the annihilation
site. Since the electron density is sensitive to the
defect volume there is a distinct correlation
between the positron lifetime and defect size. In
metals and some compounds, the correlation
between lifetime and defect size can be calculated
from first principles with sufficiently high accu-
racy to differentiate between major defect classes
such as vacancies, vacancy clusters, and voids.
Defect concentrations can be determined from the
fraction of positrons annihilating at the defect site.

Experimental Procedure

A newly developed high energy positron
beam and lifetime spectrometer, located in a
facility capable of containing plutonium material
enabled our measurements. Our high energy
beam is derived from a 100 mCi 22Na source
moderated by a 2 µm-thick tungsten single-crystal
foil positioned in the terminal of a 3 MV Pelletron
electrostatic accelerator. This beam contains a
current of 5 × 105 e+s–1 at 3 MeV. LLNL is the
only U.S. facility to offer this capability.

To perform measurements, a sample of aged
plutonium was vacuum-encapsulated in the
LLNL plutonium facility in a holder with two
1-mil SS windows. After transportation to the
measurement facility, positrons accelerated in a
beam to 3 MeV were introduced into the capsule
through the thin overlaying windows. Timing
signals to form a positron annihilation lifetime
distribution were obtained from the positrons as
they were implanted and after annihilation.

We performed calculations and experiments
to design the sample capsule and to determine
potentially useful configurations of beam and
detectors for the lifetime measurement. Lifetime
measurements with the Pelletron were conducted
on uranium and other metals held in a capsule



FIRST POSITION ANNIHILATION LIFETIME MEASUREMENT OF PLUTONIUM

16 C&MS PROGRESS REPORT—FY96

similar to the plutonium capsule to determine the
characteristics of the lifetime system and to obtain a
preliminary design for the placement of the lifetime
detectors. Experiments using both dummy samples
and the encapsulated plutonium sample were
performed to determine the effects of background
components and to optimize the detector-sample
geometry to obtain high quality data.

During these measurements, we continued to
refine our spectrographic technique. Initial data
showed unambiguous features related to defects in
the material, but detailed analysis demonstrated
that cleaner data and additional measurements were
necessary to provide accurate values of defect
parameters.   Improved detectors and changes in
detector and sample geometry resulted in spectra
with lower contributions from backgrounds and
artifacts, therefore, additional measurements were
performed. Refinement of the experiment through
geometric improvements and better detectors will
continue, and we are storing our samples in an
archive for additional measurements.

Results and Discussion

A first measurement of aged plutonium on
two separate 21-yr-old, δ-phase samples from the
same source has been performed. Figure 1 shows
the time distribution of the annihilation of implanted
positrons. Reduction of these data into annihilation
rates is performed by least-squares fit of a spectrum
model that includes one or more separate annihi-
lation rates, a background from uncorrelated
gamma rays, and the time resolution of the
detector system. Analysis of the plutonium data
produces only two identified annihilation life-
times. A single lifetime of 184 ps is found from
the plutonium sample and a small contribution,
~1%, is identified by measurements of other
materials as background from positrons annihilat-
ing in the wrapping of the detector system with a
lifetime of 800 ps.

The results of the lifetime analysis show that
all positrons are annihilating in the same condition.

Figure 1.  Time distribution of positron annihilations in aged δ-phase plutonium.   Inset lines are
calculated annihilation rates for defect free material, vacancies, and helium-filled vacancies.
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If all the positrons are trapped, then the trap
concentration must be of the order of 1 part per
1000 or higher. If two separate trapping defects
such as single vacancies and voids were compet-
ing for the positron, then we would see separate
contributions in the lifetime spectra from the two
defects. Also, the relatively short value of 184 ps
suggests that the traps are not large empty voids.
So these data are showing a relatively strong
concentration of defects with lifetimes too small
to be empty voids.

To identify the annihilation state and the
defect species in plutonium requires knowledge
of the annihilation rates for each kind of defect.
Many of these values can be obtained by ab initio
calculation.  First calculations for the values of
positron lifetimes were performed for defect-free
plutonium and specific plutonium defects. Defect-
free, δ-phase plutonium was predicted to have a
lifetime of 139 ps and a single vacancy in an
undeformed lattice 249 ps. Adding helium to a
vacancy will add electrons and lower the annihi-
lation lifetime. Initial calculations for vacancies

containing helium were predicted to have annihi-
lation lifetimes between 167 ps and 193 ps,
depending on the number and location of the
helium atoms. Comparison of these values to the
analysis of our data at 184 ps suggests a high
concentration of helium-stabilized defects in aged
material. This conclusion must be regarded as
tentative since several defect-helium combinations
remain to be calculated and we have not yet made
verifying measurements of defect free material.

A high concentration of helium-stabilized
vacancies or vacancy clusters is a necessary
condition for void growth and swelling. Vacancies
produced by the recoiling atoms during the
radioactive decay are lost to recombination with
interstitial atoms, grain boundaries, impurities,
and other microstructrual features unless they are
stabilized. All models of void swelling proceed
from migration of vacancies that have been stabilized
by helium. Thus, in 21-yr-old plutonium we have
found the precursor to void swelling, but no
evidence of voids in the samples measured.
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MICROSTRUCTURAL EVOLUTION IN WELDS

J. W. Elmer, J. Wong

Spatially resolved x-ray diffraction (SRXRD) is
being used for in-situ mapping of phases during
welding where severe temperature gradients, high-
peak temperatures, and rapid thermal fluctuations
occur as the heat source passes through the material.
These temperature fluctuations non-uniformly alter
the microstructure and properties of the material to
create a heat-affected-zone (HAZ) adjacent to the
weld fusion zone.  Solid state phase transformations
occur in the HAZ and create a gradient of both
microstructure and mechanical properties of the
welded material that is important to the integrity of
the resulting weld.

To adequately predict the microstructural
gradients that form in the HAZ, the kinetics of
phase transformations are required, but transforma-
tion diagrams under steep thermal transients rarely
exist.  For commercially pure titanium, both par-
tially transformed and fully transformed regions
have been observed to exist within the HAZ.1 In the
partially transformed region, the peak temperatures
are above the β-Ti transition temperature, but the
time above this temperature is insufficient to
completely transform the low-temperature α-Ti
phase to the high-temperature β-Ti phase. In the
completely transformed region of the HAZ, the
temperature/time history of the titanium is such
that α-Ti transforms completely to β-Ti during the
weld heating cycle, a condition which allows large
grains to form and the weld joints to weaken.

Conventional Experiments

Conventional isothermal heat treating experi-
ments were conducted to simulate the partially and
fully transformed HAZ regions in Grade 2 titanium.
These experiments were performed by heating to a
fixed temperature, isothermal holding at that
temperature for 30 min, and quenching the sample in
water.  At temperatures up to 920°C, the sample
showed no significant grain growth but did exhibit
some signs of phase transformation, suggesting that
the α-Ti phase only partially transformed to β-Ti.  At
930°C and above, the sample showed extensive grain
growth, indicating that the sample had completely
transformed to β-Ti and suggesting that the tempera-
ture was above the β-Ti transus.  Figure 1 shows

Figure 1.  Microstructures of the Grade 2
tatanium. (a) As received, (b) 920˚C for 30 min,
showing partial transformation to the bcc phase,
and (c) 930˚C for 30 min, showing the results of
complete transformation to the bcc phase.
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these results and  indicates the changes in
microstructure and grain size in these simulated
weld microstructures.

Isothermal experiments such as these are useful
for generating microstructures that are similar to
those that occur after the weld is complete; however,
experiments of these types do not determine the
phases that were present during welding, and they
can only be used to a limited extent in modeling
the kinetics of phase transformations in real welds
that occur under highly non-isothermal conditions.
For these reasons, SRXRD is now being used to
experimentally determine the phases that are
present during welding and under the actual
temperature gradients imposed by the welding
heat source.

Synchrotron-Based Experiments

Point-by-Point Phase Mapping

To modify our SRXRD experimental setup,1
we enclosed it in an environmental chamber to
prevent oxidation of the titanium surface during
welding.2 We then performed SRXRD experiments
to map the α-Ti plus β-Ti two-phase HAZ region
around an arc weld in Grade 2 titanium.  Figure 2
shows the results of these experiments where the
SRXRD measurements of the bcc + hcp two-phase
field were made along numerous rows of points at
0.33-mm spacing perpendicular to the weld travel
direction.  These data are plotted as the dark-shaded

Figure 2.  SRXRD data comparing the experi-
mentally measured bcc + hcp region (bar chart)
of the HAZ in a G-2 Ti weld with the calculated
bcc/hcp isotherm (dotted line).

bars in the bar graph and indicate that the bcc + hcp
two-phase field grows more steeply on the leading
(heating) side of the weld than it decays on the
trailing (cooling) side of the weld.

For comparison, superimposed on this bar
graph is a line graph that overlays the calculated
α-Ti/β-Ti isotherm temperature of 920°C.1 The
model used to calculate the isotherm1 can only be
considered approximate since it does not take into
account fluid convection in the weld pool, but it
does serve as a first-order estimate to the tempera-
ture field surrounding the weld.  This isotherm
predicts the thermodynamic start locations for the
α-Ti to β-Ti transformation on the leading side of
the weld and the reverse transformation on the
trailing side of the weld (i.e., the calculated isotherm
predicts the first occurrence of bcc on the leading
side of the weld and the first occurrence of hcp
from the completely transformed region on the
trailing side of the weld).  Comparing the calculated
isotherm with the SRXRD data shows that if the
isotherm were expanded outward by approxi-
mately 1.5 mm, then there would be good
agreement between the isotherm and the experi-
mentally measured onset of transformation on
both the leading and trailing sides of the weld.
Coupled thermal and fluid flow numerical model-
ing of the weld will later be used to provide a
better estimate of the actual bcc/hcp isotherm
location through our collaboration with Professor
DebRoy at Penn. State University.

Row-by-Row Phase Mapping

Preliminary work is being performed on a
technique that will allow the collection of diffrac-
tion patterns simultaneously from a row of points
to reduce the number of measurements required
to map the weld HAZ from n2 to n.  In this mode,
a new beam geometry and detection scheme will
be used.  The synchrotron beam is unfocused to a
slit beam (0.25-mm vertical × 15-mm horizontal).
Diffraction patterns are recorded on a large
(20 × 20 cm) imaging storage plate (Fuji-type) and
spatial resolution is achieved by use of a micro-
Soller slit assembly positioned vertically in front
of the imaging plate.  Results so far indicate that
this row-by-row method yielded a progressive
improvement in spatial resolution of 1 mm in our
March 1996 run to 0.5 mm in our August 1996 run.
Figure 3 shows a row of data collected from a
room-temperature sample that consisted of a thin
vanadium foil on top of bulk titanium to simulate
a bcc/hcp boundary in the HAZ of a weld.  The
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Figure 3.  Row-by-row SRXRD patterns using an
imaging plate and a Soller slit assembly. A
resolution of 0.5 mm was achieved on a room-
temperature sample that consisted of a
thin-vanadium foil on top of bulk Ti to simulate
a bcc/hcp boundary in the HAZ of a weld.

bcc V    hcp Ti 

  1 mm
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Soller slit will be redesigned to achieve 0.25 mm
spatial resolution and will be tested at this
resolution during the next synchrotron run.

Future Work

Additional SRXRD data will be gathered on
titanium to map the complete transformation from
the hcp-to-bcc on the leading side of the weld, and
the bcc-to-hcp reverse transformation on the
trailing side of the weld.  The coupled thermal/
fluid flow model will then be used to provide the
time temperature profiles for all points in the HAZ.
The combined results of numerical modeling of
the temperature field plus the SRXRD experimen-
tal data of the location of the bcc + hcp two-phase
field will be used to determine the kinetic param-
eters for the α-Ti to β-Ti transformation.  These
kinetic parameters can then be used to predict
microstructural evolution in the HAZ of titanium
for a wide range of conditions through the develop-
ment of a non-isothermal nucleation and growth
model of the transformation kinetics of titanium.
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DEFORMATION MECHANISMS OF U–6NB

G. Gallegos, A. Schwartz, E. Li

Introduction

During FY96, we extended the type of experi-
ments to better understand the deformation
mechanism of U–6Nb. Previous work on this
project, and input from other investigators,
suggested that the alloy will undergo shape-
memory at lower strains with detwinning as the
dominant mechanism. At larger strains, it is
assumed that slip accounts for the observed
plasticity. During FY95, we performed torsion
experiments and a transmission electron micros-
copy (TEM) microstructural study to verify that
slip was the operative mechanism. Results from
these studies were inconclusive. Additional
testing this past year has provided insight into
better understanding the overall deformation
behavior of this alloy.

Interrupted Tensile Tests
on U-6Nb

Figure 1 shows the stress-stain behavior of a
“typical” shape-memory alloy. After initial elastic
loading, the onset of martensite detwinning results

in measurable strain with little or no additional
load. This is followed by an elastic deformation of
the detwinned martensite, and eventually the
onset of slip (or dislocation motion) occurs.

Some shape memory alloys, including U–6Nb,
also exhibit a pseudoelastic behavior that is
observed on unloading at various strain levels as
reported by Vandameer et al.1 Figure 2 shows this
effect on a tensile specimen of U–6Nb that has
been solution treated and water quenched. The
U–6Nb specimen was loaded and unloaded
several times. The nonlinear unloading behavior
and hysteresis loop form in a constant manner
when the loading occurs in the “slip” region of
the stress-strain curve. This recovery is explained
as twinning that can occur with the removal of
applied stress.

Examination of the specimens’ microstructure
was performed for various strain levels: The
specimens were electropolished and then loaded
in a tensile machine, followed by unloading and
examining by scanning electron microscopy (SEM)
and then reloading again. Figure 3 shows the
microstructures deformed at the various strain
levels—the twinning evidence is clear, and the
directions and extent clearly changes with increas-
ing strain. The interpretation of the microstructural
changes studied is not clear at the highest strain level.

Bauschinger Tests

A strain reversal, or a Bauschinger test, was
performed to verify that slip is operative beyond
the yield point. In a Bauschinger test, a load in the
reverse direction results in lower flow stresses
than the original loading because of dislocation
pile ups that occur during initial loading. These
dislocations are easily moved when the loading is
in the opposite direction, resulting in lower flow
stresses. Figure 4 shows the result for a torsional
loading, reverse loading, and reloading of speci-
mens. These results provide strong evidence of
dislocation motion being responsible in the larger
strains of this alloy, by reason of “softening”
being evident at the larger strains on deformation,
subsequent to the initial loading.

Figure 1. Typical stress-strain curve for a
twinned martensitic material shows two distinct
elastic regions and two distinct plasticity
plateaus—the first due to twin motion, and the
second due to slip.
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Figure 2. Interrupted tensile test on U–6Nb.

Figure 3. U–6Nb tensile test.
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Figure 4. U–6Nb Bauschinger torsion test—comparing forward and reverse segments.
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For lower strains (below the onset of slip) it
appears that the stresses required to produce the
equal amount of deformation are also lower on
reloading than on initial loading, presumably this
is because the deformation twinning has occurred
in the previous loading cycle. The subsequent
reloading showed minimal change. Analysis of
this effect in this small strain region will continue.

Work Hardening and Strain-
Rate Sensitivity

Accurate determination of shear-stress, shear-
strain data is highly dependent on establishing
proper values for n*, the work hardening exponent,
and m*, the strain rate sensitivity. Tests were
conducted at room temperature for three different
strain rates to determine these effects. The results
in Table 1 show that the values of n* fall within
the expected range over the range of strain rates
studied. The strain rate sensitivity m* was found
to be negligible over the rates tested, which
greatly simplifies the calculations for shear stress.

Microstructural Examination

TEM and diffraction including in situ straining
within the TEM have been used to characterize
the microstructure at various levels of deformation
in the U–6Nb alloys. The as-quenched microstruc-
ture consists primarily of the monoclinic α” phase
in addition to regions of tetragonal γ˚, niobium
rich regions, and uranium and niobium carbides.
The α” phase, which can be viewed as a mono-
clinic distortion of the orthorhombic α-uranium,
exhibits a characteristic martensitic microstructure

Table 1.  Determination of n*.

Strain rate (rpm) Slope n*

0.2  0.59

2.0 0.64

10.0 0.68

*Slope = log of (Torque)/log of (twist angle)
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of finely twinned variants, as shown in Fig. 5. Our
approach has been to employ conventional TEM
to characterize the as-quenched microstructure, the
microstructure near failure, and at various points
along the stress-strain curve. Due to the fact that
the as-quenched microstructure is relatively
complex, small changes in microstructure associ-
ated with small strains become difficult to

differentiate. For this reason, in situ straining was
employed to observe the microscopic deformation
processes occurring in these alloys.

Due to the fact that at room temperature U–6Nb
is a shape memory alloy, one would expect to
observe elastic deformation followed by twin
boundary migration, and then by traditional
dislocation motion. The stress distribution during in
situ straining is not well-defined due to the specimen
geometry which results from the electropolishing
required for specimen preparation. However, it is
possible to obtain qualitative observations regard-
ing the deformation mechanisms.

A primary factor in determining whether or
not dislocation motion or twinning will be
observed is the specific grain orientation relative
to the straining axis. Due to the limited thin area
in the U–6Nb specimens, the probability of a
favorably oriented grain is relatively low. In
addition, it is often observed that cracks form at
the edge of the specimen rendering the experiment
unsuccessful. In spite of the experimental difficul-
ties concerning generating sufficiently thin areas
and avoiding cracks in these thin areas, a number
of in situ experiments have been successful. As
reported in FY95, dislocations have been observed
to move across larger untwinned areas. The
general observation is that dislocations are
generated in thin regions near the hole, and
progress toward thicker regions. Recently,
deformation twinning has been observed for the
first time, as shown in Fig. 5.

In Fig. 5, the top image shows a small section
of the starting microstructure consisting of
multiple variants of the monoclinic martensite, as
well as numerous twins within the variants. After
approximately 1 sec of straining, a deformation
twin (labeled A) is formed and rapidly grows
between two twin plates. During this time period,
the nearly vertical twin (C) continues to grow
downward until it intersects twin A. This inter-
section prevents any further growth of twin (C).
After a period of time of approximately 10 sec,
additional deformation twins appear and slowly
grow parallel to A. (Because of the dimensions
and geometry it is not possible to determine the
strain rate that is applied leading to these obser-
vations). These deformation twins continue to
grow as the straining progresses until they
intersect twin C, at which time growth ceases.

Figure 5.  Captured video images during in situ
straining of U–6Nb.  The top image is representa-
tive of the starting as-quenched microstructure
which consists of multiple variants of the mono-
clinic α” martensite.  The middle image
illustrates the microstructure after approximately
1 sec of straining and shows a deformation twin
(A) which rapidly formed and grew until inter-
section with a variant boundary.  At the same
time, twin (C) grew until intersection with twin
(A).  The bottom image was captured approxi-
mately 10 sec later and shows the formation and
growth of additional deformation twins (B).
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Summary

Both dislocation glide and deformation
twinning have been observed as deformation
mechanisms in U–6Nb. It is interesting to note,
however, that detwinning or twin boundary
migration has not been observed, as would be
expected for the early stages of deformation in a
shape-memory alloy.
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PHOTOTHERMAL RADIATION DURING LASER-INDUCED

DAMAGE IN BULK KDP
M. Yan, M. Staggs, M. Runkel, J. De Yoreo

Introduction

The mechanism of nonlinear interaction
between high field intensity pulsed laser beams
and transparent solids has been studied for many
years.1 For laser pulses longer than a few tens of
picoseconds, bulk damage to transparent materi-
als involves the heating of free electrons and
transfer of energy into the lattice, causing break-
down of the material.2  Generation of free electrons
has been discussed1 by either electron–avalanche
impact ionization or multiphoton–absorption to
states above the band gap.  Here, we investigate
the fundamental mechanisms of nanosecond
laser-induced damage in KDP and attempt to
understand the role of extrinsic defects in causing
such material breakdown.  The morphology of
damage sites caused by nanosecond laser pulses
in KDP crystals usually exhibits features reminis-
cent of local melting and fracture,3 which suggests
that local heating is involved in the breakdown of
the material.  Also, the fluence at which laser-induced
damage first occurs—the damage threshold—
scales roughly with the square root of pulse width,
τ1/2(Ref. 4).  This behavior is expected for transfer
of electron kinetic energy into the lattice, followed
by thermal diffusion during the laser pulse.

In this report, we describe measurements of
photoemission during laser-induced damage
which address the issue of local heating in KDP
during illumination by high-intensity laser pulses.
Light emission during and after illumination is
found to be spatially coincident with subsequent
damage sites, and the spectrum and dynamics of
the photoemission exhibits the features of high-
temperature blackbody radiation.  In addition,
radiation due to heating is observed at fluences
below the damage threshold of KDP and the
decay of the emission at high fluence is similar to
that observed during photoluminescence from
defects resonantly excited at 266 nm.

Results and Discussion

It has been shown that a high-density plasma
is formed during laser-induced damage at the
surface of a solid5 with light emission from the
plasma corresponding to the ionization of nitro-
gen in the air.  During  laser-induced damage in
the bulk of KDP, we found that light was emitted
from sites where local material breakdown occurs.
To investigate this process, we constructed a
system in which the third harmonic of a Nd:YAG
laser beam incident on a 10-mm-thick crystal was
co-linear with the beam of an argon–ion laser
operating at 532 nm3. A charge-coupled device
(CCD) camera was used to record both the
emission of light during damage and scattered
light from the resulting damage sites.  Figure 1(a)
shows an image of visible light emission during
ultra-violet (UV) laser irradiation in a region of a
KDP crystal with no visible, pre-existing defects.
Figure 1(b) is a subsequent image of the same
region obtained, using side-scattered light which
shows the presence of damage sites. Notice the
damage sites are coincident with the locations of
light emission during damage.  The results from
hundreds of such measurements show that the
correlation between sites of light emission and
those of laser-induced damage is over 98%.

To understand the nature of this light emission,
the emission spectra were measured during and
after illumination by single laser shots using a
spectrograph and a CCD camera array.  As Fig. 2
shows, a typical emission spectrum consists of a
broad spectral feature without distinct spectral
lines.  (The 700 nm peak in the figure is an
experimental artifact due to the second order of
the 355 nm laser scattered from the damage site.)
This broad feature can be fitted with the onset of
a blackbody emission curve.  The heavy gray lines
in Fig. 2 are the blackbody radiation spectra for
4000, 6000, 8000, and 10,000˚K radiation.  The
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blackbody radiation at 6,000˚K gives the best fit to
the shape of the emission spectrum.   The black-
body radiation curves shown in Fig. 2 correspond
to the thermal radiation at a given temperature.
Because our spectra are collected at millisecond
time intervals, they give the integrated light
emission during temperature decay.  However,
the decay lifetime of the light emission is rapid
(see the discussion below) and, because the
thermal radiation varies as the fourth power of
the temperature, the intensity of the thermal
radiation also decreases  rapidly with decreasing
temperature.  We calculate that the spectrum of
integrated intensity should be about the same as
that obtained instantaneously at the peak tempera-
ture.  Therefore, our measured spectra only
record the maximum temperature during the
whole heating and decay process.

The high temperature observed during laser
damage suggests that thermal breakdown is the

fundamental mechanism responsible for laser-
induced damage.  But a few thousand degrees of
temperature is well above the tetragonal to mono-
clinic phase transition temperature of 180°C in
KDP.  Consequently, this temperature is unlikely
to correspond to the lattice temperature, and we
believe that it is associated with a free electron
plasma formed in the solid due to the high-intensity
laser pulse.  This conclusion is supported by
measurements of the time-resolved light emis-
sion.  Figure 3 shows a series of emission decay
curves collected at laser fluences both below and
above the damage threshold as determined by
light scattering.  These curves are measured at the
center of the emission band of 600 nm via a fast
photomultiplier tube.  As Fig. 3 shows, below the
threshold, weak light emission is observed and
the decay lifetime is within our instrument
resolution of 25 ns.  In contrast, above the thresh-
old, the emission  exhibits a much longer decay

Figure 1.  (a) Emission of light from damage sites during 355 nm illumination. (b) Scattered light from
damage sites after 355 nm illumination.

(a)

(b)
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Figure 2.  Spec-
trum of emission
intensity during
laser-induced
damage using
355 nm illumina-
tion.  Gray curves
are calculated
blackbody
spectra at 4000,
6000, 8000, and
10,000˚K.
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Figure 3. Time dependence of the emission
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lifetime (>25 ns) and during  catastrophic damage
of KDP, the emission decay lifetime is 20 µs.

Figure 4 demonstrates that the integrated
intensity increases monotonically as the laser
fluence increases.  At a certain fluence, the
intensity of the light emission saturates, with the
knee of the curve occurring near the unconditioned
laser-damage threshold.  The light emission
intensity increases rapidly after laser-induced
damage is observed.   We believe that the light
emission observed in the latter instance consists
of both bulk emission and emission from the
damage sites.  At laser fluences below the damage
threshold, most of the emitted light comes from
hot free electrons generated in the bulk material.
But these hot electrons do not reach the critical
plasma density to cause material breakdown.
When the laser fluence reaches the threshold of
damage, the critical density of the hot electrons is
reached, causing local material breakdown and a
long thermal decay lifetime.  During catastrophic
damage, a local, high-density hot-electron plasma
is generated which is in some way responsible for
the light emission with a decay lifetime of 20 µs.

As Fig. 5 shows, a similar 20 µs decay lifetime
is observed during photoluminescence by reso-
nantly excited defects with an absorption band
centered at 266 nm.  Such a long decay of the
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Figure 4. Integrated
area (arb. units)
under emission
curves such as those
of Fig. 3 vs 355 nm
laser fluence.
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photoluminescence is characteristic of “color
centers,” electron-trapping defect states in crystals.
We also note that the magnitude of the photolu-
minescence increases with increasing number of
laser pulses (see inset to Fig. 5).  We hypothesize
that similar color centers are generated by UV
light emission from the locally dense electron
plasma generated during laser damage. The long-
decay lifetime light emission that is observed is
generated by the electron-trap states—a hypoth-
esis that requires further experimental proof.

Conclusion

In summary, we have investigated the emission
of light from KDP crystals during laser irradiation
both above and below the damage threshold.  The
detection of photothermal properties at sub-damage
threshold laser fluences provides a technique for
investigating the defects associated with laser-
induced damage in KDP.  For the first time,  we
have provided experimental evidence of hot-
electron plasma formation in the bulk of the
crystals.  Our image of thermally induced damage
is consistent with the other experimental observa-
tions such as damage morphology and laser pulse
length dependence.  Future research will focus on
investigating local (micrometer scale) photothermal
properties and their correlation with laser-induced
damage.   In addition, we will study the origin of
hot electron generation to correlate damage with
growth defects in the crystals, such as local strain
and electronic impurities.
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LARGE CAPSULE DEVELOPMENT FOR

NATIONAL IGNITION FACILITY TARGETS

S. A. Letts, K. E. Hamilton, S. R. Buckley, E. M. Fearon, D. Schroen–Carey,* R. C. Cook

Introduction

The National Ignition Facility (NIF) will
require 2-mm-diam targets with specifications on
surface finish and uniformity more rigorous than
those for currently produced capsules.1 The
current technology that uses a heated drop tower
to blow 0.5-mm shells from polymer solution does
not scale to the larger NIF requirement.2 Therefore,
we are exploring several methods for producing
large capsules, including: a depolymerizing mandrel
technique,3–5 microencapsulation,6,7 ballistic
furnace blowing technologies,8 and the technique
described here of interfacial polycondensation.

The interfacial polycondensation method was
first investigated for ICF capsules as a method for
producing a vapor barrier skin on foam shells.9 In
this project we explored the possibility of using
interfacial polycondensation to produce NIF-scale
shells. We envisioned interfacial polycondensation
as a method that could possibly produce a full-
thickness shell in one step. This would avoid
vacuole and nonuniformity problems encountered
in microencapsulation and would not be limited
to producing thin shells as is the case with drop
tower and ballistic furnace methods. By working
in a neutrally bouyant solution, we hoped to be
able to produce perfectly spherical shells. In its
first phase in FY95, we found that good sphericity
and uniformity could be achieved, although the
shell thickness was limited to about 30 µm and
the surface roughness was not acceptable.10

During this phase, we focused on understanding
the shell growth mechanism from which we
hoped to better assess the potential for increasing
and controlling wall thickness and improving
surface finish. Our approach was to measure the
rate of wall growth as a function of process
conditions, starting reaction concentrations, oil-
phase solvent, and reaction time. The experimental
parameters we examined were concentrations of

reactants IPC and PVP, solvent, and temperature.
The shells were characterized for structure by
measuring permeability and by observing the
surface and fracture morphology using scanning
electron microscopy (SEM). Composition and
information on the cross-linking of the shell was
measured by infrared (IR) spectroscopy.

Shell Growth

Figure 1 shows the interfacial reaction scheme
used for making large shells. Droplets of oil
containing a reactive component are suspended
in an immiscible aqueous solution of a second
reactive component. By matching the density of
the two immiscible phases, gravitational deforma-
tion forces are minimized allowing surface tension
to drive the droplet to sphericity. Because shear-
induced deformations are potentially problematic,
minimal levels of agitation were used to preserve
the sphericity during the reaction. The oil phase
contains isophthaloyl dichloride (IPC) and the
aqueous phase contains poly(vinylphenol) (PVP),
which is deprotonated in the basic solution. At
the interface PVP reacts with IPC forming ester
linkages. Some fraction of the ester links lead to
crosslinking of the PVP.  The crosslinked polymer
becomes an insoluble phase, resulting in deposi-
tion of a polymer skin on the droplet. Our initial
work, which covered a limited range of solution
concentrations, was able to produce shells up to
30-µm thick with rough surface finish. We expanded
our investigation to include a wider range of IPC
concentrations as well as examining other solvents.
Figure 2 compares the wall thickness for shells
produced, using 10% IPC in two different solvents:
diethylphthlate (DEP) and 1,6-dichlorohexane
(DCH). In DEP the thickness grows to a limit of
about 30-µm, while in DCH the thickness grows
to about 90 µm. This discovery showed that the
30 µm barrier could be broken, using a modified

*W. J. Schafer Associates
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reaction media. Shells were generated using a
range of concentrations from which we found
that the shell wall growth rate and ultimate wall
thickness were a function of IPC concentration.
We found that the shell was limited in its growth
by the amount of IPC contained inside the shell,
although it is not known if complete consumption
of the IPC occurred.

Figure 1.  Reaction
scheme used for
shell generation
with interfacial
polycondensation.
A drop of the oil
phase (composed
of IPC in either
DEP or DCH)
reacts with the
surrounding
aqueous phase
(containing the
deprotonated PVP
chains).
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Figure 2.  Wall
thickness as a
function of reaction
time (10 wt% IPC
and 4 wt% PVP).
Both membrane
deposition rate and
maximum wall
thickness are larger
for the DCH solvent
than the DEP
solvent at a constant
IPC concentration.

Surface Roughness Analysis

Dried shells were characterized for surface
structure using SEM. Figure 3(b) shows a typical
surface which appears to have a rough texture.
We further investigated the shell structure by
fracturing. Occasionally, we observed crystals on
the inner surface when the exchange processing
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was incomplete. However, in general, we found
the inner surface, shown in Fig. 3(a), to be very
smooth in comparison with the outer surface.
Further investigation of the fracture surface shows
that the inner smooth region is a film only about
100-nm thick. Beyond this smooth skin, the shell
morphology is uniformly granular. The observed
granules were approximately 50 nm in diameter
while the radius of gyration of the PVP used was
approximately 8 nm. The structure maintains this
granular texture consistently to the outer surface.
This structure suggests that the shell first forms a
thin film by a homogeneous reaction mechanism.
Subsequently, material deposits via a reaction
limited by diffusion of the IPC through the growing
film to the outer surface where it is able to react
with the PVP. We believe the reaction proceeds
up to a critical level at which point the reacted
polymer becomes insoluble in the interfacial region
and phase separates to form a particle aggregate.
This behavior is consistent with the conversion of
a soluble polyelectrolyte to insoluble ionomers.
The degree of reaction reached before precipitation
is dependent on the reaction conditions, including
organic phase solvent and temperature. Further
confirmation of this mechanism will be presented
in the section on IR composition measurement of
the shells.

The surface roughness of the dried shells was
measured using an atomic force microscope (AFM).
By measuring surface roughness as a function of

reaction parameters we hoped to be able to optimize
the processing to improve the surface smoothness.
Shells made in DEP have a roughness of approxi-
mately 20 nm rms that seem to become smoother
with reaction time. The smoother surface may also
be a result of better crosslinking (see IR section for
more detail) at longer reaction. This makes the
polymer less susceptible to swelling in the subse-
quent solvent washes and supercritical drying. In
contrast, the surface roughness of the polymer
shells made in DCH show increasing roughness
with thickness. These shells grow more rapidly
possibly because the IPC is able to diffuse through
the growing polymer shell faster. The shells made
in DCH may also be less crosslinked and as a result
are more swollen by the supercritical drying
process. This is consistent with analysis of shell
composition by FTIR (shown later).

To produce a smooth outer surface we inverted
the phases by dispersing aqueous PVP droplets in
an organic outer phase containing the IPC. Shells
made using inverted phases have an outer surface
roughness of 2 nm rms; however the inner surface
has the same bumpy structure we previously
observed on the outside. Clearly, we did not alter
the physical processes which control the develop-
ment of surface structure by merely reversing the
phases. However, it does show that the surface
structure is consistently smooth on the oil phase
side of the interface.

Figure 3. At very
short reaction
times, a very thin
skin (~100 nm) is
formed at the inner
shell surface as
viewed by the
cross-sectional,
fracture surface (a).
All subsequent
shell deposition has
a granular nature to
it.  Shell walls are
fairly uniform as
viewed from the
exterior surface (b).

4% IPC / DEP

Surface
Interior

Inner skin

Growth direction

1.5 µm 1.5 µm1.5 µm 1.5 µm
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calibrating the absorbance using phenol benzoate,
which has a very similar structure to the product
of the reaction between IPC and PVP. For a shell
of a particular mass, we were thus able to deter-
mine the mass of IPC incorporated in the shell. By
difference (mass balance) we were able to calcu-
late the mass of PVP. From the masses of each
component we were able to calculate the molar
ratio (ratio of moles of IPC to moles of PVP repeat
units) of the two starting materials in the final
shell. For shells made in DEP, we experimentally
measured a molar ratio of 1.0. This indicates that
the PVP has completely reacted with the IPC. In
DCH we found that the molar ratio was 0.33,
indicating that one third of the PVP hydroxy
groups reacted with IPC. There are three impor-
tant implications of the IR analysis regarding the
growth of shells, the morphology, and the role of
the oil phase solvent. First, shell walls grow
thicker in DCH because less IPC (the limiting
reactant) is consumed per mass of shell. Only one
third as much IPC is needed in DCH compared
with DEP to produce a given thickness of shell.
Second, as the PVP reacts with IPC at the interface
a critical degree of reaction is reached at which
point the polymer becomes insoluble and phase
separates. The precipitated polymer becomes
unreactive to further condensation. Third, solubil-
ity controls the extent of reaction. The polymer is
very soluble in DEP and fully reacts with the
available IPC. The polymer is less soluble in DCH
and precipitates when only one third of the
available sites are reacted.

Permeation

The transport of small molecules through the
various shell materials can be an important measure
of the nature and structure of the membrane.
Permeation is a measure of transport, and it is the
product of the two driving forces—diffusion rate
and solubility.  This can be measured directly
with mass uptake/sorption experiments in which
the polymeric test sample is subjected to saturated
vapor of various permeates (in this case ethanol
or tetrahydrofuran, THF).  The experiments can
be run in either adsorption (increasing mass from
neat material) or desorption mode (decreasing
mass from saturated material).  For Fickian
diffusion the following approximation applies to
adsorption at short experimental times:11
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o
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π
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IR Composition Analysis

IR was used to characterize interfacial poly-
condensation shells to determine the effect of
reaction conditions on composition. Figure 4
compares the IR spectrum of the two starting
materials, PVP and IPC, with the copolymer
formed at the interface. Several absorbances
potentially could be used to make structure and
composition measurements on the shell. The
carbonyl stretching vibration at 1740 cm–1 is
particularly attractive because of the absence of
interferences in the spectrum. The carbonyl
absorption in IPC occurs as a doublet at 1720 and
1700 cm–1. The IPC reacts with PVP by forming
ester linkages that incorporates carbonyl groups
in the copolymer film. From measurements of the
magnitude of the carbonyl absorption we were
able to determine the IPC concentration in the
polymer shell. The carbonyl absorption per unit
mass (proportional to IPC concentration) in the
copolymer film was found to be independent of
reaction time for shells made in either DEP or DCH.

To go beyond the relative concentrations
(absorbance per mass), we needed to calibrate the
IR absorption measurements. This was done by

Figure 4. IR spectroscopy used to measure the
composition of the interfacial polymer.  IR
spectra of (a) PVP (b) PVP and IPC, and (c) IPC.
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where Mo is the original mass of the dry membrane
material, Mt is the mass of the material at any
time, t, and L is the characteristic diffusion length;
for broken shell materials with diffusant vapor
exposure on both sides,  L is half of the actual
wall thickness and D is the diffusivity. A number
of adsorption and desorption measurements were
obtained for shells generated from both the DCH
and DEP solvents. In general, small molecules
tended to move through the shells made with DCH
quicker than those made with DEP.

It is possible to apply the same principle, used
to examine the permeation of the solvent through
shell membranes, to examine the mechanism of
shell growth.  Instead of observing the sorption of
an “inert” solvent, we can observe the transport
of the key reactants.  Because we have postulated
that the observed interfacial reaction is limited by
diffusion, we have utilized the same  Fickian
analysis, described above for the motion of the
small molecules (THF and ethanol) through the
membrane material, to characterize IPC motion
through the forming membrane.  It is presumed
that the reaction predominantly occurs at the

outermost surface of the forming membrane, i.e.,
at the interface of IPC / solvent oil-phase and
PVP-loaded aqueous phase.  Thus, an IPC mol-
ecule must diffuse from the core fluid interface
through the forming membrane to the exterior
surface where it is met by a deprotonated repeat
unit of the PVP chain.  It is possible that the
transition of PVP chain from a solvated/partially
ionized chain to solid membrane material occurs in
part due to a change of solubility with the addition
of the singly (possibly crosslinked) reacted IPC
molecule and partly due to a composite/ statistical
change in the ionized character of the PVP chain.

If the wall thickness data for various IPC
concentrations in a singular solvent (including
data from Fig. 2) are normalized by a characteris-
tic length scale, L, (which is taken to be the final
wall thickness of the shell) and plotted on a
L-normalized time scale as suggested by Fickian
diffusion and Eq. (1), a similar type of behavior is
observed (see Fig. 5).  With this rescaling, we
observed excellent overlap of the data into one
coherent trend (similar to solvent sorption data)
which corroborates the suggestion that this

Figure 5.  Rescaled
shell wall thickness
data for 2 wt% IPC,
4 wt% IPC, 10 wt%
IPC, 20 wt% IPC in
DCH solvent.  The
characteristic wall
thickness, L, in the
expression for Fickian
diffusion is taken to
be Lmax for each IPC
concentration.   The
solid line represents a
best fit to the Osaka
model.9,10
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formation. Wall thickness was found to be a
function of two reaction parameters: concentration
of IPC (the limiting reactant) in the inner phase,
and the choice of oil phase solvent. We believe the
growth mechanism proceeds as follows. At the
interface, a thin (100-nm-thick) film first forms.
All subsequent material is formed by IPC, diffus-
ing through the shell wall to react with the PVP at
the outer surface of the shell. The IPC reacts until
a critical level is reached where the polymer
becomes insoluble and precipitates forming a
granular particle. The solvent choice determines
the level of reaction reached prior to precipitation.
The resulting wall morphology is composed of an
inner smooth skin with a uniform granular layer
built up by diffusion limited growth. Permeability
measurements showed that the shell structure
changed with the oil phase solvent. Using a growth
model based on Osaka University work, combined
with our permeability measurements, we were
able to derive a generalized expression for the
growth of shells. With this new understanding of
the interfacial polycondensation reaction, it may
be possible to obtain shells with the desired
thickness and surface features.

References

1. S. W. Haan et al., Phys. Plasmas 2, 2480 (1995).
2. R. Cook, “Production of Hollow Microspheres

for Inertial Confinement Fusion Experiments,”
in Hollow and Solid Spheres and Microspheres–
Science and Technology Associated with Their
Fabrication and Application, D. L. Wilcox et al.,
eds. (Materials Research Society, Pittsburgh,
PA, 1995) pp. 101–112.

3. S. A. Letts, E. M. Fearon, S. R. Buckley,
M. D. Saculla, L. M. Allison, and R. Cook,
“Preparation of Hollow Shell ICF Targets
Using a Depolymerizing Mandrel,” in Hollow
and Solid Spheres and Microspheres—Science and
Technology Associated with Their Fabrication and
Application, D. L. Wilcox et al., eds. (Materials
Research Society, Pittsburgh, PA, 1995)
pp. 125–130.

4. S. A. Letts, E. M. Fearon, L. M. Allison, and
R. Cook, J. Vac. Sci. Technol. A14, 1015 (1996).

5. S. A. Letts, E. M. Fearon, S. R. Buckley,
M. D. Saculla, L. M. Allison, and R. Cook,
Fusion Technology 28, 1797 (1995).

6. M. Takagi, T. Norimatsu, T. Yamanaka, and
S. Nakai, J. Vac. Sci. Technol A9(3), 820 (1991).

Technique Diffusant PDCH / PDEP

Wall thickness IPC 12
X-ray fluorescence Argon   8
Sorption study THF 14

Ethanol 5

Table 1. Comparison of permeation values.

From the agreement for each of the techniques
(we consider the 5–14 range in reasonable agree-
ment for diffusants used given the typical range
obtained for a diffusion experiment), it is possible
to conclude that the two shell materials have
distinct transport and shell growth properties.  It
is apparent that the diffusant traverses the
materials fabricated in DCH about 10-fold times
as fast as the materials generated from DEP,
regardless of the diffusant chosen (IPC, argon,
THF, or ethanol).

Summary

Shells were made by interfacial polyconden-
sation in the-2-mm-diam range needed for NIF.
Much of our work in this phase of the study
focused on understanding the mechanism of shell

interfacial reaction scheme is in fact limited by the
diffusion of IPC.  Furthermore, these data can be
fitted to a model, incorporating both aspects of
the diffusion and reaction kinetics, 9,10 and a best
fit to their expression is provided as the solid
curve in Fig. 5.

With this protocol, we can calculate the diffusion
coefficient for IPC in two shell materials examined
in the solvent sorption experiments.  The calculated
diffusion coefficients for IPC through a forming
shell using either DEP or DCH as solvents are
2.30 × 10–8 cm2/sec and 2.82 × 10–7 cm2/sec,
respectively.  Both values are of the correct order
of magnitude one would expect for small mol-
ecule motion through a rubbery polymer.11  When
adjusted for solubility, these values give a ratio of
12 for the permeation of IPC through the two types
of membranes, PDCH/PDEP.  This value agrees (in
both direction and magnitude) with both the
sorption measurements and the x-ray fluorescence
measurements for the two materials (Table 1).



LARGE CAPSULE DEVELOPMENT FOR NIF TARGETS

37C&MS PROGRESS REPORT—FY96

7. Y. A. Merkuliev, A. A. Akunets, V. S. Bushuev,
V. M. Dorogotovtsev, A. I. Gromov,
A. I. Isakov, A. I. Nikitenko, S. A. Startsev,
S. M. Tolokonnikov, and R. C. Cook, “Study
of Production and Quality of Large (1–2 mm)
Polystyrene Hollow Microspheres,” in Hollow
and Solid Spheres and Microspheres—Science and
Technology Associated with Their Fabrication and
Application,  D. L. Wilcox et al., eEds. (Materi-
als Research Society, Pittsburgh, PA, 1995)
pp. 119–124.

8. T. Boone, L. Cheung, D. Nelson, D. Soane,
G. Wilemski, and R. Cook, “Modeling of
Microencapsulated Polymer Shell Solidifica-
tion,” in Hollow and Solid Spheres and
Microspheres—Science and Technology Associ-
ated with Their Fabrication and Application,
D. L. Wilcox et al., eds. (Materials Research
Society, Pittsburgh, PA, 1995) pp. 193–198.

9. M. Takagi, M. Ishihara, T. Norimatsu,
T. Yamanaka, Y. Izawa, and S. Nakai, J. Vac.
Sci. Technol. A11(5), 2837 (1993).

10. S. Buckley, G. Wilemski, D. Vu, D. Schroen–
Carey, S. Letts, and R. Cook, “Interfacial
Polymerization Shells Progress Report,” TAT
96-102.003, Feb 9, 1996.

11. Crank, J., Park, G.S., Diffusion in Polymers,
(New York:  Academic Press, Inc.), 1968.

Publications

1. S. Letts, K. Hamilton, S. Buckley, E. Fearon,
D. Schroen–Carey , and R,. Cook  “The Role
of Reactant Transport in Determining the
Properties of NIF Shells Made by Interfacial
Polymerization,” LLNL, Livermore, CA,
UCRL-JC-125125 (1996); submitted to Fusion
Technology.

Presentations

1. S. Letts, S. Buckley, E. Fearon, K. Hamilton,
D. Schroen-Carey and R. Cook, “The Role of
Reactant Transport in Determining the
Properties of NIF Shells Made by Interfacial
Polymerization,” 11th Target Fabrication
Specialists’ Meeting, Orcas Island, WA,
September 8–12, 1996.

2. S. Buckley, S. Letts, E. Fearon, G. Wilemski,
D. Vu, R. Cook, and D. Schroen–Carey,
“Processing and Properties of NIF Scale
Targets Using Interfacial Polycondensation,”
11th Target Fabrication Specialists’ Meeting,
Orcas Island, WA, September 8–12, 1996.

3. D. Schroen–Carey, S. Letts, and S. Buckley,
“Analysis of the Effect of pH on Poly(vinyl
phenol),” 11th Target Fabrication Specialists’
Meeting, Orcas Island, WA, September 8–12,
1996.



PREPARATION OF HIGH-BERYLLIUM-CONTENT PLASMA POLYMER COATINGS

38 C&MS PROGRESS REPORT—FY96

PREPARATION OF HIGH-BERYLLIUM-CONTENT

PLASMA POLYMER COATINGS USING

CYCLOPENTADIENYLBERYLLIUM METHYL AS A PRECURSOR

R. Brusasco, R. Cook, G. Wilemski, M. Saculla

Introduction

Beryllium-doped plasma-polymer coatings
were prepared using a novel precursor material,
cyclopentadienylberyllium methyl (CpBeMe).
Although this compound is more suitable for
vapor-phase processing, due to its increased thermal
stability and higher vapor pressure, the coatings
continue to exhibit oxidation upon exposure to air
and are characterized by gravimetry and Fourier
Transform Infrared Spectroscopy to further
understand the oxidation behavior.  A simple
corrosion model fits the temporal weight gain data.

Previous work describes investigations into
the doping of plasma-polymer coatings with
beryllium via the use of diethylberyllium as a
precursor.1,2 Although this coating would be
considered as a candidate ablator for fusion
targets in the National Ignition Facility (NIF)
laser,  diethylberyllium was found to be unsuit-
able for preparing coatings due to its low thermal
stability and low vapor pressure and vapor recovery
properties.  Therefore, this report describes the
results obtained using cyclopentadienylberyllium
methyl (CpBeMe) as the precursor.  Our goals
were to find and use a more suitable precursor to
prepare CHBe, then to investigate more closely
the properties of the resulting beryllium doped
coating.  Specifically, the structure of the CHBe
coating and the details of the oxidation of the
coating upon exposure to air were some of our
primary concerns.

Experimental Procedure

Deposition experiments were conducted in a
helical resonator plasma polymerization coater
that has also been used for previous work on
beryllium-doped coatings.  CpBeMe has a vapor
pressure of 24 Torr at room temperature, allowing
one to use the vapor without supplemental heating.
The vapor pressure of the CpBeMe precursor was

monitored with an absolute capacitance manometer
(MKS Corporation).  For vibrational spectroscopy
work, coatings were prepared on 1-cm-square
silicon wafers, glass microscope slides, and KBr
crystals as supplied by International Crystal
Laboratory (Garfield, NJ).

To handle coatings without oxidation, a special
load lock and sample transport device was
constructed to fit onto the existing coating apparatus.
Substrates could be introduced into the coater,
removed, and transported to other lab apparatus
without exposure to the air.

CpBeMe  (CAS No. 36351-95-8) was prepared
by Dr. Donald Gaines and Dr. Dovas Shaulys at
the University of Wisconsin, Madison, WI, and
was used as received.

After deposition of the beryllium-doped
plasma-polymer coatings, the deposition rate was
determined by obtaining thickness measurements,
using a Tencor stylus profilometer and knowing
the deposition time.  The relative amounts of
beryllium, carbon, and oxygen in the films were
determined using x-ray photoelectron spectros-
copy (XPS).

Gravimetry on the coatings was performed
using a Cahn Microbalance located inside a purged
glove box to study the oxidation behavior of the
organoberyllium films.  Fourier transform infra-
red spectroscopy (FTIR) analysis of coatings
deposited on the KBr crystals was done using a
Perkin–Elmer Spectrum 2000 instrument.  Coated
KBr crystals were characterized without exposure
to the air by use of the previously described load
lock, coupled with a gas tight infrared (IR)
transmission cell.

Results and Discussion

In contrast to diethylberyllium, CpBeMe is a
much more stable organoberyllium precursor.
Also, the vapor pressure was found to be close to
the expected value of 24 Torr throughout the
runs, thus showing markedly improved stability.
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Given the more stable nature of the precursor
and the higher operating vapor pressure, the
precursor flow rate could be increased to a value
more typical for plasma polymerization.  At a flow
rate of 0.2 sccm, the nominal coating rate of CHBe
was found to be 1.35 µm hr–1.  This value can be
compared with typical deposition rates of plain
plasma polymer (0.7 µm hr–1) and germanium
doped plasma polymer (0.8 µm hr–1).

XPS analysis of the coatings prepared using
CpBeMe show the beryllium-to-carbon ratio to be
nominally 1:7.  This is much lower than the near
one-to-one behavior of the coatings prepared using
diethylberyllium.  However, it was discovered that
the beryllium content was a function of the deposi-
tion rate.  A coating prepared at a rate of 0.5 µm
hr–1 using CpBeMe had a beryllium-to-carbon ratio
of 4:1.  Therefore, since the coatings prepared with
diethylberyllium were all prepared at a slow rate,
it could well be that the beryllium content in those
runs was influenced by the deposition rate.

Beryllium-doped plasma-polymer coatings
prepared using CpBeMe will oxidize slowly upon
exposure to air.  An 8-µm-thick coating on a 1-cm-
square silicon wafer was allowed to oxidize in
dry air for a period of 24 hr.  By the end of this
period, no further weight gain was observed.  The
coating had increased in weight by 120 µg.  If one

assumes that Be simply substitutes for one eighth
of the carbon atoms in the plasma polymer and is
then fully oxidized to BeO we can calculate that
the weight gain should be about 129 µg, certainly
consistent with the measurements.

Additional samples were characterized gravi-
metrically with special attention paid to the
temporal oxidation behavior.  We observed a
square root dependence of weight gain over time,
which suggested a simple corrosion model to
explain the oxidation behavior.  Therefore, we
developed a model to fit the observed behavior
and discovered that the data fit well to the model
predictions and that the diffusion characteristics
of oxygen diffusion in CHBe  are qualitatively
similar to polyethylene.  This behavior also fits
the observation that the film shows no cracking or
crazing upon oxidation.

In an attempt to further understand the micro-
structure of the coating and the changes wrought
by oxidation, FTIR spectroscopy of CHBe coatings
were obtained before, during, and after exposure
to dry air.  Figure 1 shows the spectrum of plain
plasma polymer and CHBe, as deposited before
oxidation and after 1 hr of exposure to dry air.

The major difference between plain plasma
polymer and CHBe is the broad doublet centered
at about 1000 cm–1.  All other features of the

Figure 1. Compari-
son of the infrared
spectra of plain
plasma polymer as
deposited CHBe and
oxidized beryllium
doped polymer.
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spectra of plain plasma polymer and CHBe are
the same.  The doublet consists of two peaks—one
centered at 1032 cm–1 and another at 887 cm–1.
Upon oxidation, a broad feature grows into the
spectrum at about 3500 cm–1.  This peak is
characteristic of hydroxyl groups in the coating.
Since the coating is exposed to dry air, the hydro-
gen for the formation of OH groups must be coming
from the coating itself.

Upon oxidation, the 1032 cm–1 peak decreases
markedly while the 887 cm–1 peak increases
somewhat in intensity and shifts slightly to 875 cm–1.
Thus, the 1032 cm–1peak must be associated with
beryllium incorporated into the polymer network
in the form of beryllium–carbon bonds.  This is
consistent with the infrared spectra taken by Bartke.3
A comparison of the vapor phase spectra shows a
peak at approximately 1020 cm–1 only for the
CpBeMe (C5H5BeCh3) compound and not the
CpBe (C5H5BeH) hydride compound.  This peak
could be attributed to the beryllium–carbon sigma
bond.  The 1032 cm–1 peak in CHBe disappears
upon oxidation, attributable to bond breaking
between beryllium and the polymer network.

Walrafen and Samanta report the major peak
in the infrared spectrum of amorphous BeO to be
located at approximately 868 cm–1.4 This fact might
explain the peak at 875 cm–1 in oxidized CHBe if
it were not for the fact that it appeared in the
unoxidized spectrum as well.  This difficulty could
be explained if one takes into account the nature
of the starting precursor.  The cyclopentadienyl
group exhibits a peak at approximately 815 cm–1

in ferrocene.  This peak is seen to shift to higher
wavenumbers and become considerably broadened
when the five-membered ring has other aliphatic
substituents attached.  We postulate that the 887 cm–1

peak in unoxidized CHBe is due to the existence
of cyclopentadienyl groups in the polymer network
which were not dissociated in the plasma during
film formation.  These groups would not be expected
to undergo significant change during oxidation
of the beryllium.  The shift to slightly lower
wavenumber could be due to the formation of
amorphous BeO, which has a characteristic band
at 868 cm–1.

Conclusions

CpBeMe is a useful precursor for the preparation
of beryllium-doped plasma-polymer films.  It is
possible to prepare coatings with a deposition rate
of approximately 1.35 µm hr–1 and to maintain a
beryllium-to-carbon ratio of 1:7.  The beryllium
content is a function of the deposition rate, and
this dependence is likely due to the details of the
transport mechanisms within the coater.  The
coating suffers from oxidation upon exposure to
the ambient.  The oxidation behavior follows a t0.5

behavior very well, supported by a simple corrosion
model to account for this behavior.  FTIR results
are consistent with a material where the beryllium
is formally bonded to the polymer network.
Upon oxidation, these bonds are broken and
amorphous BeO is formed.
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FUNDAMENTAL STUDIES OF MATRIX-ASSISTED LASER

DESORPTION/IONIZATION, USING TIME-OF-FLIGHT MASS

SPECTROMETRY TO IDENTIFY BIOLOGICAL MOLECULES

D. Eades, D. Wruck, H. Gregg

Matrix-assisted laser desorption/ionization
(MALDI) mass spectrometry (MS) is a relatively
new technique in analytical MS.  This potentially
revolutionary method was developed in response
to the needs of the biotechnical research community
who require molecular weight information on
small quantities (picomole to femtomole levels) of
high-mass and thermally labile macromolecules.
While most other analytical MS ionization techniques
cause fragmentation, decomposition, or multiple
charging, MALDI efficiently places intact macro-
molecules into the gas phase with little fragmentation
and/or rearrangement.

This project had three primary objectives:
(1) establish the MALDI capability at LLNL,
(2) perform fundamental studies of the MALDI
process to better understand analyte–matrix
interactions, and (3) apply the technique as a
powerful tool for biochemical research. To meet
these objectives, a retired time-of-flight (TOF)
instrument was adapted for MALDI analyses,
relevant parameters influencing the MALDI
process were identified for further study (i.e., matrix
molar absorptivity, sample crystal preparation),
and collaborations were established with several
research groups in the Biology and Biotechnology
Research Program (BBRP) at LLNL.

The MALDI technique is accomplished by
mixing the macromolecule of interest with a high-
molar excess (1:100 to 1:10,000) of an organic matrix,
which readily absorbs energy at the wavelength
corresponding to a ultraviolet laser.1,2 The mixture
is dried to form crystals, and upon laser irradia-
tion, the matrix absorbs the majority of the energy,
causing it to desorb from the surface and gently
release the macromolecule into the gas phase with
little or no fragmentation.  Once in the gas phase,
ion-molecule reactions between the excited matrix
and the neutral macromolecules generate ionized
analyte species which then can be focused into a
MS for detection.  Due to the compatibility with
pulsed techniques (i.e., lasers) and an “infinite”
mass range, a TOF mass analyzer typically is
coupled to a MALDI source. The resulting

MALDI-TOF/MS spectra consist of abundant low
mass-to-charge (m/z) matrix ions and characteris-
tic molecular weight ions, corresponding to the
macromolecule of interest.  Although MALDI has
proven to be an efficient means of generating
intact gas phase macromolecular ions, the exact
mechanisms responsible for its success remain
unclear.  One current explanation is that the
mechanism responsible for the MALDI processes
consists of reactions occurring in both the solid
and gas phase. In the solid phase, the process of
sample crystal formation (and choice of organic
matrix) appears to significantly influence analyte–
ion production.3 Once desorbed and in the gas
phase, ion–molecule reactions appear to be
responsible for ionization, and the efficiency of
the ionization appears to depend on both the matrix
and analyte species.4  Due to the uncertainty in
the fundamental MALDI mechanism, the process
of selecting appropriate matrices for specific
applications remains a trial and error approach
and therefore warrants further study.

In FY95, a retired surface science instrument
(a laser ionization mass analyzer, model LIMA–3
from Cambridge Mass Spectrometry LTD,
Cambridge, England) was adapted for use as a
MALDI-TOF/MS to study a series of synthetic
peptides (from BBRP) and 10 different matrices.
Interestingly, there was no clear correlation between
the matrices with the highest molar absorptivity
at 266 nm (i.e., the fourth harmonic of the Nd:YAG
laser employed) and the MALDI ion signal
intensities. These results suggested that factors
other than the absorption of laser energy at a
given wavelength contribute significantly to the
successful generation of MALDI peptide spectra.
Other factors which may explain the observations
are the method of crystal preparation and the
compatibility of the analyte and matrix in the
solid phase.

The study of this peptide series also served to
characterize the system for sensitivity, useful mass
range, and mass resolution.  Results from these
studies indicated peptide sensitivities of between
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50–100 picomoles, a useful mass range of up to
2000 Da, and a mass resolution of approximately
100 (i.e.,  m/∆m = 100, where m = mass-to-charge
ratio of ion).  However for the MALDI technique
to be viable for most biological applications,
increased sensitivity and mass resolution would
be needed over a mass range to over 100 kDa.
Therefore, the instrument was reconfigured for
improved MALDI capabilities.  The improvements
included converting the flight path to a linear
design, modifying the source to a high-voltage
two-stage acceleration region with improved ion
optics, inserting deflection plates to remove the
abundant, interfering low-mass matrix ions, and
upgrading the data acquisition and detection
systems.  Results from repeating the characteriza-
tion studies with the peptide series on the redesigned
system showed significantly higher sensitivity
(5–10 picomoles), a mass resolution comparable
with other linear TOF systems (i.e.,  m/∆m = 200),
and the nearly complete removal of the low-mass
matrix ions.  However, the mass range remained
limited to less than 5000 Da.

The instrumental modifications continued into
FY96. In addition to the Nd:YAG laser supplied

with the original instrument, a new nitrogen laser
was added which yielded a different excitation
wavelength (337 nm vs 266 nm), a more stable
pulse-to-pulse power output (3% vs ~20%), and a
larger spot size (300 × 500 µm) than that from the
Nd:YAG laser (50 µm diam). A precise beam
attenuator and power meter were also added. The
N2 laser was directed toward the sample stage via
an alternate vacuum flange thus allowing indepen-
dent use of each laser system. In a side-by-side
comparison, excitation using the nitrogen laser
yielded better ionization efficiency for the various
combinations of matrices and peptides investigated.
Figure 1 is a schematic of the redesigned instrument.

Matrix materials (e.g., nicotinic acid, vanillic
acid, sinapic acid, and gentisic acid) as well as a
number of sample preparation techniques were
re-evaluated. The sample preparation techniques
investigated included deposition from water:
acetonitrile solutions on unheated or heated
sample holders, and fast deposition of the matrix
from acetone followed by deposition of the analyte
from a drop of aqueous solution placed on top of
the matrix. For the peptide and protein samples
examined, the highest ion currents were observed

Figure 1.  Current MALDI-TOF/MS system schematic.
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using sinapic acid as the matrix, the nitrogen laser,
and the preparation technique where the sample
was deposited onto an unheated sample holder
from water:acetonitrile solution.  The mass spectra
presented here are positive ion spectra recorded
with 15 kV accelerating voltage (10 kV on the
“extraction” lens).  Mass calibration was made
using the equation (m/z)1/2 = At + B, where A and
B were determined by known low-mass ions in
the matrix [23Na+, 39K+, (M-OH)+ at 207, (M+H)+

at 225, and (M+Na)+ at 247, where M = 224.2, the
molecular weight of sinapic acid].  In addition, a
small amount of gramicidin S was added to the
protein samples to give an additional calibration
point at m/z = 1165 [(gramicidin S + Na)+].  This
calibration procedure extrapolates from low-mass
calibrant ions to high-mass analyte ions, and the
procedure typically results in a mass assignment
error of ±0.1%. Higher accuracy, on the order of  ±0.01%,
can be obtained by adding an internal calibrant
with a mass comparable to the analyte mass.5

Figure 2 shows a mass spectrum obtained for
cytochrome c (sum of 25 laser pulses, no smoothing).
The molecular weight of cytochrome c is 12,327,
the mass resolution is about 200, and matrix ion
adducts are seen as shoulders on the main peaks.
Figure 3 is a mass spectrum obtained for bovine
trypsin (sum of 80 laser pulses, no smoothing). The
molecular weight of trypsin is 23,311. The shoulder
at 24,500 may correspond to (trypsin + gramicidin
S + Na)+.  The mass resolution for the shown peaks
is 40 to 45, but the resolution of the gramicidin S
calibrant peak was about 200 for this sample. The
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low resolution at high m/z values may arise from
the formation of a large number of unresolved
matrix ion adducts by the protein molecules; even
with matrix ion deflection, the sample produced a
large ion signal at low m/z values.

Several unsuccessful attempts were made to
record a mass spectrum for bovine albumin
(molecular weight 66,267). It is likely that the
bovine albumin samples, which were from a
molecular weight marker kit for gel electrophoresis,
contained significant quantities of sodium
dodecyl sulfate (SDS). SDS is known to suppress
the ion signal in MALDI-TOF/MS.6

Future Work and Conclusions

It should be possible to improve the mass
resolution of the MALDI-TOF/MS by employing
time-lag focusing.7  In this technique, the region
between the sample holder and the first grid is kept
field-free for a short time (roughly 0.3 to 3 µs) after
the laser pulse, then the extraction field is rapidly
applied. Resolution in the range 800 to 1000 has
been demonstrated for proteins in a linear
MALDI-TOF instrument, using time-lag focusing.8

A MALDI-TOF/MS system has been con-
structed from an existing instrument and spectra
from peptides and proteins have been successfully
acquired.  The system currently allows sensitive
detection of biomolecules with masses to at least
30 kDa.  This system can be used as an analytical
tool for BBRP programs, as well as for determin-
ing molecular weight distributions for polymers.

Figure 2.  MALDI-TOF mass spectrum of
cytochrome c sample.

Figure 3.  MALDI-TOF mass spectrum of bovine
trypsin sample.
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DAMAGE EVOLUTION IN LOW-ENERGY

ION-IMPLANTED SILICON:  STM EXPERIMENTS

AND ATOMISTIC COMPUTER SIMULATIONS

P. Bedrossian, M.–J. Caturla, T. Diaz de la Rubia

The Semiconductor Industry Association
(SIA) projects that the semiconductor chips used
in personal computers and scientific workstations
will reach five times the speed and ten times the
memory capacity of the current pentium-class
processor by the year 2007. However, 1 GHz on-
chip clock speeds and 64 Gbit/Chip DRAM
technology will not be simple to achieve or
inexpensive to produce.  Such technologies will
require scaling the minimum feature size of CMOS
devices (the transistors in the silicon chip) down
to 100 nm from the current 350 to 500 nm. This
requirement has profound implications for device
manufacturing—existing processing techniques
must increasingly be understood quantitatively
and modeled with unprecedented precision.
Indeed, revolutionary advances in the develop-
ment of physics-based process simulation tools
will be required to achieve the goals for cost
efficient manufacturing and to satisfy the needs of
the defense industrial base. These advances will
necessitate a fundamental improvement in our
basic understanding of microstructure evolution
during processing.

To cut development time and costs, the semi-
conductor  industry makes extensive use of simple
models of dopant implantation and of phenom-
enological models of defect annealing and diffusion.
However, the production of a single device often
requires more than 200 processing steps, and the
cumulative effects of the various steps are far too
complex to be treated with these models. The lack
of accurate process modeling simulators is proving
to be a serious impediment to the development of
the next generation of devices. New atomic-level
models are required to describe the point defect
distributions produced by the implantation process,
and the defect and dopant diffusion resulting
from rapid thermal annealing steps. The tempera-
ture-dependent diffusivities of point defects in
silicon have been a matter of controversy for many
years.  A seemingly consistent picture has emerged
for the interstitial (I) contribution to self diffusion,
CIDI, where CI and DI are the equilibrium I
concentration and diffusivity, respectively.

However, attempts to determine DI with various
experimental conditions have resulted in discrep-
ancies as large as nine orders of magnitude at
700°C.  Recent molecular dynamics (MD) simula-
tions with empirical potentials1 and tight binding
methods show that the vacancy diffuses faster
than the interstitial at elevated temperatures.
These calculations find activation energies for
vacancy migration that range from 0.2 to 0.4 eV in
good agreement with experiments, and activation
energies for I migration that range from 0.9 eV to
1.5 eV.  Understanding point defect clustering
and cluster stability during annealing is also a
complex problem.  While little experimental data
exist, recent MD simulations have shown that
binding energies for vacancy clusters are lower
than those for interstitials, with differences of at
least 1 eV for any given cluster size.  The present
poor state of understanding of the properties of
defects in silicon not only poses a challenge for
fundamental semiconductor physics, but also
presents a formidable obstacle for the development
of predictive models of silicon bulk processing.

In our work, we are developing a new combined
experimental and simulation approach to defect
kinetics in silicon. Experimentally, we are using
atomically clean Si(111) surfaces and the scanning
tunneling microscope (STM) as a monitor for the
diffusion of implantation-induced vacancies and
interstitials. The arrival of a vacancy (interstitial)
at the surface would cause the disappearance
(reappearance) of a surface atom.  We measure
net arrival rates of vacancies and interstitials
directly by using the STM to count the number of
atoms populating the surface layer after various
stages of annealing at different temperatures.

The experiments were performed in an ultra-
high vacuum (UHV) system with base pressure
below 10–10 torr.  Si(111) samples, which were cut
from commercial wafers, exhibited the 7 × 7
reconstruction in both low-energy electron
diffraction (LEED) and STM after annealing at
1250˚C for 30 sec and cooling to room temperature.
The STM reveals that step bunching results in
typical terrace lengths exceeding 1 µm, with
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occupation of over 99.7% of the atomic sites in the
adatom layer, the outermost atomic layer, and that
which is imaged with the STM.  Such atomically
clean surfaces were then exposed briefly to
irradiation by 5 keV Xe, with a total dose of
~1.5 × 1013 cm–2, and then transferred in situ to
the tunneling microscope. After subsequent
annealing cycles, the sample was always allowed
to cool to room temperature before imaging in the
STM. Sample temperatures during annealing were
recorded with a pyrometer which was calibrated
with a thermocouple and are expected to be
accurate within 20˚C.

We find that after room-temperature irradia-
tion of Si(111) – 7 × 7, annealing at 350˚C results in
a decrease in the atomic population of the adatom
layer, while subsequent annealing at 500˚C restores
the population of that layer.  While the irradiation
has resulted in the disappearance of 8% of the
atoms from the adatom layer, the long-range
order of the surface is still present in both STM
and LEED.

STM images were also obtained following
progressive stages of annealing of the surface
irradiated with xenon ions. While we are unable to
image exactly the same location after each anneal-
ing cycle, we believe (on the basis of measurements
at various positions on the surface) that regions
which are imaged generally represent the morpho-
logical characteristics of the sample. It is evident
from the images that annealing at 350°C leads to
disappearance of the adatoms from the surface.
While those remaining still assume binding sites
consistent with the (7 × 7) superlattice, the percent-
age of sites actually occupied drops from 92%
immediately after irradiation to 35% after 5 min
of annealing, and to 28% after 4 hr of annealing.
Despite the depopulation of the adatom layer at
350°C, the 7 × 7 periodicity remains, so the crystalline
order in the layers immediately below the adatom
layer has not been disrupted by the annealing.
Annealing of smooth Si(111) – 7 × 7, which has
not been exposed to ion irradiation, does not lead
to the disappearance of adatoms.

Annealing the same surface at 500°C for 2 min
results in repopulation of 73% of the adatom layer.
The strong coherence of the reconstruction observed
demonstrates that it was not disrupted by either
the irradiation or the subsequent lower-tempera-
ture anneal.  We do not observe at any stage either
the formation of adatom islands or of single-
atomic-height terraces at the base of step bunches.

From a simulation viewpoint, we have devel-
oped techniques to span the complete length and
timescale relevant to the silicon doping problem.

We use a combination of  MD and kinetic Monte
Carlo (KMC) simulations to show that the experi-
mental results can be explained by different rates
of arrival to the surface of the vacancies and
interstitials produced in the bulk during ion
irradiation.  MD simulations provide a three-
dimensional representation of the location of all
the defects induced by the implantation process
within the nanosecond timescale. These results
are used as input to  the KMC simulations, which
describe defect evolution over timescales compa-
rable with the experiments. Classical MD
simulations, with the Stillinger–Weber potential
for silicon and the Ziegler–Biersack–Litmark
Universal pair potential for silicon–xenon, in
computational boxes with up to 106 atoms are
used to model the prompt (10–11 sec) displace-
ment cascade process. This process gives rise to
the primary state of damage during implantation.
We find that the average ion range is ≈80Å, with
most of the damage located close to the surface.
Our observation of the concentration of disorder
in amorphous pockets and an average sputtering
yield of 2.25 atoms/ion are consistent with previous
reports. The final ion dose of 1.5 × 1013 ions/cm2

is accumulated by incorporating 152 ion trajecto-
ries into a box of dimensions (0.32 × 0.32 × 5 µm),
which is used for the KMC simulations.

The defects  produced by implantation evolve
during annealing through point defect diffusion,
defect clustering, and cluster evaporation. We
first study the evolution of the damage produced
by 5 keV Xe during annealing at 350°C. The KMC
simulation starts by recombining all Frenkel (V–I)
pairs within one nearest-neighbor. The number of
vacancies reaching the surface after 4 hr annealing
at 350°C is greater than the number of interstitials.
The density of vacancies at the surface at this time
is 0.8 × 1014 vacancies/cm2, in reasonable agree-
ment with the experimental observation of 1.2 × 1014

vacancies/cm2. This, in turn, represents that six
excess vacancies per ion reach the surface, greatly
exceeding the sputter yield. The evolution of
defects in the bulk proceeds in two stages: (1) When
both free vacancies and free interstitials are
present, the process is governed by the different
mobilities of the defects. At the temperature
considered here, 350˚C, the diffusivities of  V and
I are similar. Both V and I diffuse and recombine,
and some reach the surface. After 10 sec, only
defect clusters remain in the bulk. (2)  In this
second stage, corresponding to the experimen-
tally measurable times, the evolution of the
defects is governed by the binding energies of the
clusters. Interstitial clusters dissociate at a much
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lower rate than vacancies. Vacancies released from
clusters, having low binding energies, recombine
either at the surface, increasing the total population
of vacancies at the surface, or with interstitials in
clusters, or other vacancies in clusters. The average
cluster size for interstitials is <3, while vacancy
clusters grow to an average size of six.

After annealing for 4 hr, 42% of the defects
created initially have recombined in the bulk,
leaving only 5 V/ion and 9 I/ion in clusters.
Increasing the temperature to 500˚C induces
dissociation of both vacancy and interstitial
clusters. All vacancies quickly disappear from the
bulk, leaving only interstitial clusters, whose
gradual dissolution liberates interstitials that
migrate to the surface and cause the experimen-
tally  observed recovery of the adatom layer
within a few minutes.

The combination of experimental results and
simulations leads naturally and consistently to a
picture of surface recombination of the bulk defects
induced by initial irradiation.  The experimentally
observed depopulation of Si (111) – 7 × 7 adatom
layer under annealing at 350˚C, following initial
room-temperature irradiation, therefore indicates
the net surface accumulation of bulk vacancies
created by the irradiation and results from the
lower binding energy of vacancy clusters relative
to interstitial clusters.  The repopulation  of the
adatom layer observed experimentally upon
subsequent annealing at 500˚C indicates the net
arrival of bulk intersitials, which gradually
evaporate from the remaining clusters in the bulk
after the less-stable vacancy clusters have evapo-
rated.  The combination of the results of annealing
at the two temperatures would not be explained
by either a simpler picture of redistribution of
defects created by sputtering solely at the surface
or other recent models of ion-induced damage of
Si (111) – 7 × 7 surfaces.  These results have
important consequences for understanding ion
implantation and annealing and for the develop-
ment of process modeling.
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BONDING AND STRUCTURE OF

NANOCRYSTALLINE THIN-FILMS

L. J. Terminello

The focus of this project is to establish and
develop core-level soft x-ray photoabsorption into
an analytic tool to determine the bonding and
structure of incoherent, or amorphous, thin-films
with nanoscale (<100Å) ordering or domains—in
particular, boron nitride, boron carbide, and carbon
thin-films.  These films are of great interest to the
coatings and microelectronics industries and are
used as tribological, passivation, and hardening
materials within defense-related programs.
Unfortunately, conventional structure determin-
ing tools that are used to characterize most
materials are inaccurate when applied to films or
clusters that have long-range order, or domain
sizes, less than the coherence length of atomic
structure probing x-rays (<100Å) or the wave-
length of bond sensitive probes (infrared and
Raman < 1000Å).  Only a local atomic structural
probe-like core-level photoabsorption can mea-
sure the actual bonding and structure in these
incommensurate-phase materials.

In FY96, we completed the project to determine
the bond order of carbon and diamond thin-films,
experimenting in collaboration with C. Zuker,
D. Gruen and A. Krausse at Argonne National
Laboratory (ANL).  The carbon 1s  near edge x-ray
absorption fine structure (NEXAFS) from these
films were compared with the photoabsorption
from carbon standards: graphite (representative
of pure sp2 bonding) and diamond (representative
of sp3).  The results of this comparison helped to
determine which growth conditions lead to films
of the most desirable mechanical, electronic, and
morphological properties.  For example, typical
films grown using magnetron sputtering exhib-
ited an equal amount of sp2 and sp3 bonding, but
films grown at ANL, using a microwave discharge
to extract reactive carbon dimers from C60 molecules,
produced material that was pure sp3 (diamond)
in character.  In fact, these films grown from
buckyballs have nanometer-scale grain sizes, and
structure measurements on these materials using
x-ray and Raman techniques gave indeterminate
results.  Our measurements provided conclusive
evidence that these materials were true diamond
films that had unique nanoscale dimensions.1–3

Using core level photoabsorption, we charac-
terized several light emitting MEH–PPV polymer
films that were prepared by H. Pakpaz, H. Lee,
and G. Fox at LLNL and then evaluated the
destructive process that leads to material failure.
With this work, we were able to ascertain that the
orbitals of the bonding backbone are disrupted by
a photo-oxidation pathway.  We found that
exposure of the polymers to both light and
oxygen is necessary to cause damage to the film.
This type of information is useful in understand-
ing why the current technology for making
metallic electrical contacts to the film interacts
with the polymer, thereby damaging the light-
emitting polymer panel.4

During the year, we completed our work
characterizing boron–nitride and boron–carbide
materials, finding new results on the determina-
tion of stoichiometric defects in BN and B4C thin
films.  This work was done in collaboration with
A. Jankowski, LLNL, and G. L. Doll, General
Motors Corporation. In earlier work, we devel-
oped x-ray absorption into an analytic technique
for characterizing the bonding in incoherent films
that were grown under varying conditions.  We
found that the sp2 and sp3 content of BN films
could be extracted from the photoabsorption, and
thus, the technologically important cubic phase
could be ascertained.  Our recent results showed
that nitrogen defects in h–BN films manifested
themselves as a series of extra peaks in the π*
structure in the boron 1s photoabsorption.  We
were also able to show that hexagonal BN films
grown on silicon substrates by pulsed laser
deposition could be converted to sp3 (cubic)
bonding with subsequent ion implantation.5,6

We observed similar defect content in B4C
films that were grown with sputter deposition,
where the matrix of B4C boron icosohedra were
not entirely made up of boron, but that some of
the interstitial carbon was incorporated into the
cages.  This would affect the high temperature
stability of the material.  We also observed that
sputtered films of the material were a different
composition of carbon and boron than the bulk
material (starting sputter targets).  This would
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have a significant impact on the behavior of the
cryo-panels being built for the National Ignition
Facility.  The bond order for these incommensurate
films could only be probed with the elementally
and chemical state specific probe NEXAFS.

This work was performed at the Advanced
Light Source at Lawrence Berkeley Laboratory
(LBNL). Collaboratively, IBM, University of
Tennessee, Tulane University, LBNL, and LLNL
are working as a research team to characterize the
bonding and morphology of incoherent thin films
and have recently begun more bulk sensitive
measurements that relate the structure of novel
materials to features in the x-ray fluorescence and
the core-level photoabsorption.  In particular, we
initiated the probing of some new materials with
soft x-ray fluorescence.7  With this new tool we
were able to probe the valence structure of
diamond thin-films.
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A NOVEL APPROACH TO SIC FILM PRODUCTION FOR

MICRO-MECHANICAL AND ELECTRONIC COMPONENTS

A. Hamza, M. Balooch

We developed a new method for selective
growth of stoichiometric, crystalline SiC films
from fullerene precursors that grow epitaxially at
low substrate temperature (<1100 K).  Conven-
tional chemical vapor deposition techniques
require reactor and substrate temperatures as
high as 1700K. Deposition of the SiC film can be
made selective, because of the very different
chemical interaction of fullerenes with silicon and
silicon–dioxide surfaces.  This interaction elimi-
nates the need to etch the SiC film to manufacture
devices, which is difficult to do,  because of SiC’s
extreme resistance to chemical attack.  This
process enables SiC to be incorporated into
improved devices.

The scope of the application of SiC films is
extremely broad.  The mechanical and chemical
properties of bulk SiC suggest that micromachines
and microtransducers that operate at high tempera-
tures and/or in extremely corrosive environments
can be fabricated from SiC films.  These
micromachines will provide enormous applications
in microchemistry and microbiology, as well as
automotive and aerospace engineering, where there
is a need for performance at high temperatures.

Problem of Interface Void
Formation

SiC film growth via reaction of sublimed
fullerenes with a silicon substrate proceeds by the
diffusion of substrate silicon to the surface of the
growing film.  The sources of silicon for growth
are defects in the substrate and/or interface silicon
in the case of growth on SiO2/Si patterned wafers.
Screw dislocations are known sources of substrate
material.  During growth, voids form at the defects
and the Si/SiC interface.  As growth continues,
the voids grow and coalesce until there is little or
no contact between the film and the substrate, at
which point growth stops.  This process is useful
for releasing SiC microcomponents of various
thicknesses by controlling defect density.  However,

a more desirable process would allow the voids to
be controlled to the point of elimination.

Co-Sublimation of Silicon

We have found that growth of SiC films, via
reaction of sublimed fullerenes, can proceed with
co-sublimed silicon on silicon substrates (see Fig. 1).
By varying the flux of co-sublimed silicon, void
formation can be controlled at the Si/SiC interface.
By growing in excess fullerene flux and at low
substrate temperature (950K) co-sublimation of
silicon can produce void free, smooth Si/SiC
interfaces for both blanket deposition and on
patterned wafers.  It is important to maintain an
excess fullerene flux during co-sublimation so that
film stoichiometry, Si:C, can be maintained at 1:1.
On a highly defected surface, 105 defects/cm2, a
SiC film grown 2000 Å thick will not adhere to the
substrate due to substantial void formation.  By
co-sublimation of silicon at the same low sub-
strate temperature, we grew a 6000 Å SiC film
with no interface voids.

Figure 1.  Blanket deposition of SiC on SiO2/Si
via reaction of co-sublimed fullerenes and
silicon.  Interface voids are eliminated.
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Control of Microcomponent
Thicknesses

Microcomponent thickness can easily be
controlled by varying the co-sublimed silicon flux
relative to the substrate silicon diffusion.  Sub-
strate silicon diffusion is controlled by the
substrate temperature and the silicon concentration
gradient.  The silicon concentration gradient is
fixed by the conditions for maintaining a 1:1 Si:C
stoichiometry.  Thus the sublimed silicon flux and
the substrate temperature are easily manipulated
variables that allow the growth of SiC films at
nearly any thickness at release from the surface.

Liftoff of Co-Sublimed Film

Co-sublimation of silicon does eliminate one
of the advantages of the fullerene-based growth
technique—selective growth on silicon substrates
(no growth on SiO2 substrates).  We have found
that patterned wafers can still be achieved without
adding any processing steps via a liftoff technique.
While the co-sublimation method does produce
blanket deposition, HF acid stripping of the oxide
lifts off the SiC film deposited on SiO2 regions of
the substrate.  A discontinuity in the film at SiO2
features is required so that the HF can attack the
oxide features.  This co-sublimation liftoff process
is significant in that undercut of features, due to
diffusion of interface silicon, is eliminated.

Improvement of Cantilever
Properties

We have also measured the mechanical
properties of the SiC films grown by co-sublimation
of silicon and fullerenes.  Silicon microcantilevers
were fabricated and the elastic properties of the
beam were determined by a LLNL-developed
atomic force microscope-based deflection technique.
The microcantilevers were then coated with a
1-µm-thick SiC film.  The original silicon cantilever
was 35-µm thick, 80-µm wide, and 500-µm long.

A 5% increase in the thickness of the film lead to a
100% increase in the stiffness of the coated cantile-
ver, revealing the importance of SiC coatings to
improve microcomponent performance.

Elastic Modulus and Moment
of Inertia of the Beam

The increase in the SiC coated cantilever
stiffness is due to the factor-of-four increase in the
elastic modulus of the SiC vs silicon and the
increase in the moment of inertia of the coated
cantilever beam.  These components could even
be lightened by etching away of the substrate.
This result suggests the possibility of making
extremely robust microcomponents for structural
applications (i.e., disk drive supports).  In addition,
the increased stiffness may improve the perfor-
mance of accelerometers (e.g., airbag triggers).

SiC Membranes

Our first devices were produced this year.  In
addition to the microcantilever beams, we also
manufactured 0.5- to 1-µm-thick SiC membranes.
These membranes are produced simply by
blanket deposition of SiC films via reaction of
fullerenes with co-sublimed silicon or the silicon
substrate.  The back of the substrate is then
masked with silicon–nitride and the wafer is
etched from the back with KOH.  The SiC film
acts as a natural etch stop because of its chemical
inertness.  These SiC membranes could find
applications as pressure sensors in harsh environ-
ments (i.e., high temperature).

These results and the results from FY95 suggest
SiC thin films can be used in microelectromechanical
systems (MEMS) to enhance their wear properties
and to improve their operation.  We have demon-
strated the use of this growth technique to
fabricate SiC microcomponents.  The mechanical
properties of these SiC films are more robust than
those for silicon that is currently used in MEMS.
Therefore, SiC films grown from C60 may present
an opportunity for MEMS applications that have
not been previously considered.
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GIANT MAGNETORESISTANCE MATERIALS WITH NOVEL

SPACER LAYERS

A. Chaiken

Although the phenomenology of the giant
magnetoresistance (GMR) effect is well-known,
the physical origin is still incompletely explained.
Greater insight into the GMR will not only enrich
our understanding of electron transport in magnetic
materials, it will also help us to fully exploit the
effect for practical applications such as landmine
detection and non-destructive inspection of welds.

Giant magnetoresistance refers to the observa-
tion of a large change in the electrical resistance of
a ferromagnet/non-magnet multilayer  that is
placed in an applied magnetic field.   Accompa-
nying the large change of resistance (as great as
80% at room temperature) is a change in the
magnetic state of the sample.  Existing theories of
the  magnetoresistance treat only multilayers with
metallic spacer layers.  Are the magnetic properties
of these ferromagnet/semiconductor multilayers
similar to those of ferromagnet/metal multilayers,
and if so will we be able to exploit the effect in
completely novel ferromagnet–semiconductor
integrated circuits? This work investigates
semiconductor spacer layers.

During the first two years of the project, we
established conclusively that the magnetic
properties of iron/silicon multilayers are much
like those of more commonly studied GMR
materials like iron/chromium multilayers.   In a
series of publications, we detailed evidence that
the magnetization curves of the iron/silicon
multilayers depend on whether film deposition
conditions favor the formation of a metallic iron
silicide phase, which plays a role analogous to
that of chromium in the iron/chromium multilayers.
Figure 1 shows spectroscopic evidence that
demonstrates the identification of the iron sili-
cides as metals, acquired by LLNL collaborators
at the Advanced Light Source.

In the last year of the  project, we emphasized
basic materials science and electrical engineering
studies that are directly relevant to DOE-mission-
relevant applications.  In particular, we studied

the phenomenon of exchange biasing in nickel–
iron/nickel–oxide bilayers, which are important
materials for high-performance GMR-based
magnetic sensors.  Exchange biasing refers to the
phenomenon whereby an antiferromagnet in
contact with a ferromagnet may apply an effective
field to the ferromagnet, thereby forcing the
ferromagnetic film to its point of maximum
sensitivity to external fields.    Understanding this
phenomenon is crucial for the manufacture of GMR
sensors with acceptable sensitivity and yield.  A
series of two papers describe this research, compar-
ing the exchange bias effect in polycrystalline
bilayers with that in single-crystal epitaxial bilayers.
We found that, surprisingly, the exchange bias
effect is actually smaller in the single-crystal films.

Figure 1.  X-ray spectroscopic data taken at the
Advanced Light Source.  The valence and
conduction bands of the silicon wafer do not
cross because silicon, a semiconductor, has an
energy gap.   The crossing of the energy bands
in the iron/silicon sample shows that the iron
silicide in this film is metallic.
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STUDIES OF MESO-STRUCTURAL FEATURES IN HIGH-TC
SUPERCONDUCTING MATERIALS USING PAIR DISTRIBUTION

FUNCTION ANALYSIS OF NEUTRON/X-RAY SCATTERING DATA

G. H. Kwei

The objectives and goals of this program are
to study the local structure of superconducting
compounds, colossal magnetoresistant (CMR)
materials, and plutonium alloys to better under-
stand the relationship between the microscopic
structure of materials and their macroscopic
properties.  In particular, we plan to explore the
differences between the true local structure and
the long-range crystallographic structure and to
examine how these differences might better
explain some of the unusual physical properties
of these materials.  In addition, we began a study
to apply these techniques for use as a possible new
tool for protein structure determination.

During FY96, we conducted several traditional
studies of materials to determine if they were good
candidates for further powder diffraction file (PDF)
studies.  Our study of disordered structures in
Ce2Pt6Ga15 led to new techniques in the analysis
of diffuse scattering in single-crystal diffraction to
sort out the detailed structure. Local structural
changes in phase transition in high-Tc supercon-
ductors are often different from the crystallographic
changes.1 We also studied changes in local struc-
ture with temperature in the CMR material
La1–xCaxMnO3, which generally established the
importance of polaron formation in these
perovskite materials.2  We have also embarked on
a series of x-ray absorption fine structure (EXAFS)
experiments to study the local structure in
Tl2Mn2O7,3 where the sample was too small for
neutron scattering studies. This material also
displays CMR, but instead has a pyrochlore

structure. The EXAFS data show that polaron
formation is not important and confirms the
earlier expectation that CMR results from a
completely different mechanism.4

In our study of the local structure of Pu–2at.%Ga
alloys, we find it to be in reasonable agreement
with that of other fcc metals, such as Ni; however,
there is an important difference—distortions and/or
anistropic thermal parameters that develop from
the system’s cubic symmetry. This behavior is
understandable in the context of the extreme
structural instability of plutonium, and what we
have is the beginning of a soft-mode transition to
the next structural phase.

We have been successful in using resonant
diffraction, which can be used to provide differen-
tial pair distribution functions in biological
structure studies.  Therefore, we have begun this
work with EXAFS and differential PDF studies of
some model compounds that mimic peptides and
proteins in which a central Cd ion is bound to
cysteins and histidines.  The differential PDF (ob-
tained by going on and off the Cd resonance) will
provide radial distributions of atoms about the Cd
ion which can then be used to determine the
tertiary structure.  We plan to study small Cd
binding peptides (phytochelatins) and proteins
(metallothionein), which play an important role
of occupying heavy metals in plants and humans,
respectively.  This work is important because
there are only two other techniques for studying
biological structures—high-resolution nuclear
magnetic resonance and single-crystal x-ray
diffraction.
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SUPERPLASTICITY IN ALUMINUM ALLOYS

T. G. Nieh

Microstructure

The microstructure of a sample before testing
consists of a cellular structure with the cell size
ranging from 100 nm to as large as 2 µm.  The
cellular structure was readily recovered upon
annealing.  Figure 1 shows a TEM dark-field
image from the grip region of a sample tested at
350°C at a strain rate of 10–5 s–1.  The microstruc-
ture has a strong <011> rolling texture and contains
low-angled grains (i.e., subgrains).  The 350°C
annealing (~16 h) apparently causes recovery and
results in the formation of subgrains from the
initial cellular structure (where the average
subgrain size is about 1 µm).  Examination of the
gage region (dynamically annealed) of the tested
sample indicates that, except for having a slightly
larger subgrain size (~2 µm), the microstructure is
virtually the same as that in the grip region.  The
overwhelming presence of subgrain boundaries is
attributable to the fact that the alloying of magne-
sium to aluminum greatly reduces its stacking
fault energy.  Dislocation recovery is expected to
be difficult in an alloy with a low stacking fault
energy and, thus, enhances the formation of
subgrains in the alloy.  The microstructure also

The most effective way of increasing automo-
bile mileage while decreasing emissions is to
reduce vehicle weight. Therefore aluminum,
which has only about one–third the density of
steel, is being considered as a suitable substitute.
Also, most commercial aluminum alloys possess
substantially higher specific strength compared
with steel, and aluminum is readily recyclable.
However,  several obstacles need to be addressed,
including: the relatively high cost of aluminum as
compared with steel, and the forming limits of
aluminum, which are significantly lower than
those for steel.  Also, there is a growing interest in
superplasticity, and particularly high-rate super-
plastic forming to create autobody components.1

This technique has the advantages of delivering
exceptional formability, potentially giving good
dimensional tolerance and delivering rapid time–
to–market.  The general objective of this research
is, therefore, to develop a basic understanding of
high strain rate superplasticity in aluminum alloys.

Scandium is the only alloying element to form
a thermally stable, coherent L12 phase, Al3Sc, in
aluminum (analogous to     in Ni-based superal-
loys).  In fact, Al3Sc is the most potent strengthener,
on an equal atomic fraction basis, known in
aluminum-base systems,2 and its precipitate is
unusually resistant to coarsening.  As a result,
Al3Sc precipitates are extremely effective in
stabilizing substructures, thus allowing the use of
strain-hardening and grain-boundaries strength-
ening to enhance the strength of aluminum alloys.
In addition, the effectiveness of the Al3Sc precipi-
tate in pinning grain boundaries can be used to
produce fine-grained aluminum for superplasticity.

In the present research, we demonstrate the
effectiveness of Al3Sc in stabilizing the substructure/
structure in an Al–Mg–Sc alloy (composition in
wt%: Al–5.76Mg–0.32Sc–0.3Mn–0.1Fe–0.2Si–0.1Zn)
and to relate the microstructural evolution to the
formability of this alloy.  Tensile tests were con-
ducted in air at temperatures between 300 and
500°C and at strain rates between 10–5 and 1 s–1.
Microstructures of the samples before and after
deformation were examined using a transmission
electron microscope.

′γ

Figure 1.  TEM dark-field image from the grip
region of a sample tested at 350°C at a strain rate
of 10–5 s–1.
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revealed that fine (L12-type) Al3Sc precipitates,
with particle size ranging from 10 to 100 nm, were
found to be uniformly distributed within alumi-
num grains.  The spacing of the Al3Sc particles
ranged from 50 to 100 nm.

In a manner similar to that in Fig. 1, the
microstructure from the grip region of a sample
tested at 475°C at a strain rate of 10–2 s–1 also
consists of primarily low-angled grain boundaries
with boundary misorientation angles of less than
4–5°.  The subgrain size is about 1 µm, which is
slightly larger than that observed at 350°C (~1 µm).
In comparison, Fig. 2 shows the gage region exhibits
a different structure, illustrating a recrystallized
microstructure in which the majority of grain
boundaries are high-angled.  The average grain
size (~3 µm) is slightly larger than that of the
subgrain size in the grip region.  From a super-
plasticity point of view, a 5-µm grain size is
considered to be fine for an aluminum alloy.  The
fine microstructure is evidently a result of the
extremely fine (10–20 nm) and uniform distribu-
tion of the L12 Al3Sc precipitates.  In fact, these
precipitates not only effectively pin high-angled
grain boundaries but also subgrain boundaries, as
illustrated in Fig. 3.

Mechanical properties

Figure 4 shows the stress-true strain curves for
Al–5Mg–0.3Sc alloy, tested at different tempera-

Figure 2.  Microstructure of the gage region of
the sample tested at a strain rate of 10–2 s–1 and
475°C.  Stress axis is indicated and cavities at
grain triple junctions are marked.

SASA

Figure 3.  Al3Sc precipitates effectively pin
subgrain boundaries.

Figure 4.  True stress-true strain curves for
Al–5Mg–0.3Sc alloy tested at a true strain rate of
10–2 s–1 at different temperatures (350–500°C).
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tures (350–500°C) at a true strain rate of 10–2 s–1.
At all temperatures there was an immediate
hardening upon loading; at temperatures lower
than 450°C, this hardening was followed by a
continuous softening.  In contrast, at temperatures
higher than 475°C, the hardening was followed
by an apparent steady-state flow.  The elongation
value is a function of testing temperature and
exhibits a maximum at 475°C.
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Figure 5 illustrates the true stress-true strain
curves for the alloy tested at 475°C and at
different true strain rates.  Except for strain rates
faster than 2 × 10–1 s–1, a region of steady-state
flow appears at all strain rates.  Within the strain
rates from 1.1 × 10–3 to 1.1 s–1, the maximum
tensile elongation occurs at strain rates of
about 10–2 – 10–1 s–1.

Figure 6 summarizes experimental results
obtained at various temperatures. The strain rate
sensitivity value, m, in the equation σ = k     ̇ε m  is
noted to increase with testing temperature.  At
350°C, m is about 0.35 and increases to 0.45 at 475°C.
Tensile elongation approximately follows the
expected trend, i.e., a higher m value results in a
larger elongation, showing elongation always <200%.
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Figure 5.  True stress-true
strain curves for
Al–5Mg–0.3Sc tested at
475°C and at different
strain rates.

Figure 6.  (a) The flow
stress (at a fixed strain of
0.2) as a function of
strain rate, and  (b) the
elongation-to-failure as a
function of strain rate.
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Discussion

Al–Mg alloys are known to exhibit Class 1
solid solution behavior, namely, deformation is
controlled by solute-drag on gliding disloca-
tions.3,4 In the present study, the Al–Mg–Sc alloy
possesses a fine-grained structure, thus, grain
boundary sliding is also expected to operate
under certain test conditions.  Since solute-drag
and grain boundary sliding are two independent
mechanisms, the resultant deformation in the
alloy is the summation of contributions from both
mechanisms.  That is, the deformation strain rate
can be described by

    ε ε ε σ σtotal gbs drag gbs LD= + = +AD B2 3 , (1)

where εtotal is the total strain rate; εgbs and εdrag
are the strain rates caused by grain boundary
sliding and solute drag, respectively; Dgbs and DL
are the grain boundary and lattice diffusion
coefficients, respectively; σ is the flow stress; and
A and B are material constants.

According to Eq. (1), depending upon the test
conditions, the strain rate sensitivity value m should
have an upper bound value of 0.5 and lower
bound value of 0.33.  The experimental results
(Fig. 6) indeed showed that m  ranges from 0.33 to
0.5.  Specifically, at 350°C the m value is about 0.35.
At this temperature, although the grain size
appears to be fine, the grains are primarily
subgrains (see Fig. 1).  Subgrain boundaries are
generally immobile with respect to grain bound-
ary sliding.  As a result, the grain boundary
sliding process is not expected to prevail at 350°C
and deformation would be mainly controlled by
dislocation glide through the lattice (i.e. m ~ 0.33).
This is consistent with the previous result that the
solute-drag mechanism in Al–Mg usually takes
place at intermediate temperatures around 300°C.3

At 475°C, the m value is about 0.45.  At this
high temperature, as a result of the pinning effects
of the Al3Sc particles, fine subgrains are still
thermally stable under static conditions.  Under
stresses, however, high-angled grain boundaries
rapidly evolve (Fig. 2).  These deformation-
induced, high-angled, boundaries are readily able

to slide and dominate the overall deformation in
the sample.  This results in a high strain rate
sensitivity value, in the proximity of 0.5, reflect-
ing the grain boundary sliding mechanism.  Other
microstructural evidence for the prevalent grain
boundary sliding at high temperature is shown in
Fig. 2, in which cavities at grain triple junctions
are readily observed. These cavities were formed
because grain boundary sliding was  not properly
accommodated.  In contrast, only a limited
amount of cavity formation was observed at grain
triple junctions in samples deformed at 350°C.
This is because dislocation glide is primarily an
intragranular process which is not expected to
lead to cavity formation at triple junctions.

A final comment is noted about the elonga-
tion: although the total elongation was <200%, it
should be pointed out that these data were obtained
from testing extremely thin samples (90 µm).
Tensile elongation is expected to be strongly
sensitive to surface defects on thin samples.  In
fact, our most recent data measured from thick
samples (~2 mm) indicated that elongation can be
over 700% at 475°C.

Summary

The microstructure and mechanical proper-
ties of an Al–6Mg–0.3Sc alloy were characterized.
The presence of Sc results in the uniform distribu-
tion of fine L12 precipitates, which stabilize the
grain substructure/structure in the alloy.  At an
intermediate temperature of 350°C, subgrains are
formed and they are stable even under a dynamic
condition (i.e., under stress).  The deformation of
the alloy at this temperature is controlled by solute
drag on gliding dislocations.  Thus, the strain rate
sensitivity value is about 0.33.  At a high tempera-
ture of 475°C, fine subgrains are still preferentially
formed under static conditions (i.e., without
stress).  But, under a dynamic condition, the low-
angled subgrain boundaries quickly convert into
high-angled grain boundaries and lead to exten-
sive grain boundary sliding.  Therefore, the
dominant deformation mechanism of the alloy at
475°C is grain boundary sliding, and the alloy
exhibits a strain rate sensitivity value close to 0.5.
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MOLECULAR SCALE INVESTIGATION OF

CRYSTAL GROWTH FROM SOLUTIONS

T. Land, J. De Yoreo

Introduction

Over the past decade, scanned probe micros-
copy has been a vital tool for investigating the
physics of crystal surfaces grown in ultra high
vacuum environments, providing a wealth of
information on the dynamics of surface evolution,
atomic mobility, and step motion.  In contrast, our
knowledge of step dynamics and surface morpho-
logical evolution on crystal surfaces in solution is
based upon either theoretical considerations,
most notably the theory of Burton, Cabrera, and
Frank (BCF),1 and its later modifications,2 and
indirect experimental techniques such as electron
microscopy on ex situ surfaces or in situ optical
interferometry.3 Indeed, while most of our current
understanding of growth in this environment  is a
result of the latter, because of the limited resolu-
tion of this technique, significant questions remain
concerning fundamental aspects of growth, includ-
ing: the effects of dislocation structure on growth
source activity and surface morphology, evolution
of growth modes as a function of supersaturation
(chemical potential); the effect of strain and defects
on nucleation and step motion; and, perhaps most
importantly, the pathway by which ions leave the
solvated state in solution to become molecular
units in the solid.

Recently, the advent of atomic force micros-
copy (AFM) has made it possible to investigate in
situ  the growth from solution of a wide range of
systems. These systems range from simple inorganic
salts4–6 such as KH2PO4 (KDP) where molecular
diameters are a few angstroms, to large, complex
macromolecules7–13  with diameters up to 160Å.9,10

The purpose of this project is to use AFM to
investigate the evolution of surface morphology
and step dynamics during growth of crystals
from solution to understand the rate controlling
mechanisms.  Two primary systems were investi-
gated, KH2PO4 (Mr = 135g/mole)—the canonical,
inorganic solution grown crystal—and canavalin
(Mr = 1.47 × 105g/mole), a typical storage protein.

Effect of Dislocations on  KDP
Surface Morphology and
Growth Rate

The results of AFM measurements on KDP
{101} surfaces5,6 show that over the range of
supersaturations, 3% 

  
<~  σ ≤ 30%, the terrace

widths on spiral growth hillocks formed by
dislocations (Fig. 1) are nearly independent of
both supersaturation and dislocation structure, in
contradiction to the predictions of simple BCF
models.  The data also show that, for Burgers
vectors in excess of one unit step height, the
dislocations generate hollow cores in accordance
with theoretical predictions (Fig. 1).  The mea-
sured radii, r, of these cores is in good agreement
with predicted rF approximately given by14, 15

      
r

G
F

F
= b2

28π α
. (1)

Here, G is the modulus of rigidity, b is the Burgers
vector and αF is the free energy per unit step
height of the step edge.  Failure to take into
account the effect of these cores on the period of
spiral rotation as in the simple BCF models,1
results in a prediction of hillock slope which
strongly disagrees with our measurements (Fig. 2).
Both analytical and numerical analyses have been
performed to consider the effect of these cores.6
These calculations show that, even in the case of
anisotropic step kinetics, a simple analytical
expression can be used to describe the slope which
depends primarily on the size of the Burgers vector
of the dislocation source  and the radius of the
hollow core relative to the critical radius of step
curvature.  However, because the size of the core
increases with increasing Burgers vector [see Eq. (1)],
when the core radius is ≥ the critical radius, the
slope is nearly independent of Burgers vector.

This analysis predicts a dependence of slope
on supersaturation and Burgers vector which is in
good agreement with the experimental results, as
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shown in Fig. 2.  Because the core diameter is
proportional to both G and α–1, the rate at which
a growth source generates steps is as strongly
controlled by the elastic properties of the crystal
(through the modulus of rigidity), as it is by the
free energy of the step edge, the fundamental
growth parameter of the BCF model.

The normal growth rate of a crystal face, R, is
given by the slope times the tangential step speed,
pv.  A number of theoretical3 and experimental3,12

studies have shown that

v  = ωβ(C – Ce)  , (2)

where ω is the volume per molecule in the solid,
β is the kinetic coefficient, and C – Ce is the
difference between the actual and equilibrium
solute concentrations.  In most theoretical models,
β is assumed to show Arrhenius behavior

β = exp(Ea/kT)  , (3)

where Ea is the activation energy for step motion,
k is Boltzman’s constant and T is the temperature.
Our results show that above supersaturations of
about 5%, growth hillock slope is nearly indepen-
dent of supersaturation and dislocation structure.
Consequently, for any growth experiment,
R/p(C– Ce) should be a universal function which
is exponential in temperature with an exponent
given by Ea.  Figure 3 shows the dependence of

Figure 1.  Hillocks formed by simple dislocation
sources with Burgers vectors of: (a) one, (b) two,
(c) three, and (4) four unit steps.

(a) 5µm (b) 3µm

(c) 3µm (d) 2µm

Figure 2.  Measured hillock slope (data points) vs
supersaturation along with the curves predicted
by the simple BCF model for b⊥ = 1 (dashed lines)
and by a model which includes the effect of the
hollow cores (solid curves).  r0 is radius of hollow
core used in the calculations.
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Figure 3.  (a) Dependence of ln[R/p(C – Ce)] on
temperature for growth rates of 10, 20, 30, and
40 mm/day.
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ln[R/p(C – Ce)] on T for a number of different
macroscopic growth rates. The data agree with
the prediction of Eqs. (2) and (3) and give an
activation energy for step motion of 0.33 eV.

Canavalin Kinetics

The results of our investigations of canavalin
crystallization8,10,13 show that, depending on the
supersaturation, growth occurs on both simple and
complex screw dislocation sources, two-dimensional
(2-D) nucleating islands, or three-dimensional
(3-D) nuclei that sediment onto the surface before
spreading laterally as step bunches (see Fig. 4).
The  step velocity at three different values of the
pH (pH = 7.0, 7.7, and 8.0) was found to depend
linearly on canavalin concentration, C, as shown
in Fig. 5, in accordance with Eq. (2).  The kinetic
coefficient, β, determined from these measurements
depends strongly on pH with β ≅ 2.6 × 10–3 at pH
7.3 to β ≅ 5.8 × 10–4 (cm/sec) at pH 8.0.  This is
approximately three orders of magnitude less than
for KDP.  Insight into the processes determining β
is obtained from the 3-D nuclei that deposit on
the surface.  The velocity of single steps was 25 to
100% greater than that of the step bunches of the
3-D nuclei, demonstrating that the diffusion fields
of adjacent steps overlap on very narrow terraces
and providing a rough estimate for the length
scale of diffusion.  At moderate supersaturations,
2-D nucleation was  observed to take place on the

Figure 4.  A series of 40 × 40 µm images collected
at 30 sec intervals, showing the growth of a 3-D
nucleus that has landed on the surface.  The
nucleus grows out radially, forming macrosteps
at the edge and a large plateau on top.  Note that
this nucleus merges flawlessly into the existing
crystal.

(a)

(b)

(c)

40x40 µm

Figure 5.  A plot of step speed vs concentration
of canavalin as a function of pH.  The kinetic
coefficient, β, is determined from the slope of
the line.  Error bars are typically  ±10%.
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Figure 6. (a)  44 × 44 µm image, showing
decoupling of steps from a dislocation source;
(b) terrace width, W, vs time for step pairs, which
initially emerge coupled from a dislocation
source; and (c) ln[(W – WF)/(W0 – WF)] for the
step pairs in (a) where WF and W0 are the final
asymptotic and initial terrace widths, respectively.
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large (  
>
~10 µm) plateaus generated on the tops of

these 3-D nuclei whereas it did not occur on the
narrower (1–10 µm) terraces generated by the
screw dislocations.  This demonstrates that the
length scale for diffusion is of order 1 µm.  Mea-
surements of the step current combined with this
estimate for the diffusion length strongly indicate
that surface diffusion rather than bulk diffusion is
the controlling mechanism of solute transport to
the steps.

Further experimental evidence for surface
diffusion control of growth is provided by the
process of step homogenization.  We observed
that dislocation sources with components of the
Burgers vector normal to the surface which are
greater than one lattice parameter produce steps

that initially emerge coupled and then homogenize
with time as shown in Fig. 6.  This process of step
homogenization, as outlined by the Schwoebel–
Ehrlich model,16 can result from surface diffusion
control of growth coupled with a barrier to down-
ward transport at step edges.  In accordance with
this model, the inhomogeneity in terrace width
decays exponentially with time (see Fig. 5).  The
relationship between step speed and terrace width
during step homogenization was investigated
quantitatively, using a model of adsorption,
diffusion, and incorporation.2  The best fit to the
data is obtained with a surface diffusion length of
0.4–0.9 µm.    The analysis also provides estimates
for values of the activation energy for adsorption of
molecules to the terrace, Ead, and for incorporation
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at the step, Einc, of 0.27 and <0.1 eV, respectively.
The results of this analysis can be compared with
that performed previously on (NH4)H2PO4 (ADP)
based on interferometric measurements.  Within
this model, the kinetic coefficient expressed in
units which are independent of molecular size,
β/a, can be written as a product of two terms, βad
and βinc, which describe the kinetics of adsorption
and incorporation, respectively.
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where D is the bulk diffusivity, h is the step height,
a is the lattice spacing, λ is the surface diffusion
length, and Pad and Pinc are the sticking probabili-
ties for adsorption and incorporation, respectively.
Both probabilities are assumed to follow an
Arrhenius relationship with activation energies
Ead and Einc,  respectively.  The ratios of the
values of βad and βinc of ADP to those of canavalin
are 0.9 and 3 × 104 respectively, the major differ-
ence coming from the bulk diffusivity.  This
comparison indicates that the slow kinetics of
canavalin growth are mainly due to the slow
adsorption rate of these large, immobile molecules.
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ISOTOPE MEASUREMENTS FOR INNOVATIVE

GROUNDWATER MANAGEMENT

G. B. Hudson, M. L. Davisson

Water is easily identified as a fundamental
resource with issues abounding at the global,
national, state, and local levels. In proclaiming
World Water Day in March of 1996, the United
Nations recognized that managing water resources
will be a critical element in sustaining world
peace. Therefore, the goal of this project is to
develop a set of water resource management tools
based on isotope abundance measurements. In
the past two years, we have focused primarily on
groundwater investigations, showing that our
new isotope tools can delineate groundwater flow
paths, determine groundwater ages and travel
times, and estimate percentages of water from
various sources.

Concurrently, we have met with a variety of
water management agencies and research organi-
zations [e.g., Orange County Water District
(OCWD) and the American Water Works Associa-
tion Research Foundation (AWWARF)] to better
understand their needs and interests. According
to their studies, non-point source pollution appears
to be the most significant threat to water quality
and impacts the majority of drinking water
supplies. Among the contaminants from non-
point sources are nutrients such as nitrogen and
phosphorus, total dissolved solids, and toxic trace
elements such as arsenic, cadmium, and mercury.
A focus of many studies has been on dissolved
organic carbon and the formation of halogenated
hydrocarbons during chlorination in municipal
drinking water systems. In addition to these
chemical contaminants, microbiological contami-
nation is of concern where isotope abundances can
be used as tracers of non-point source pollutants.
Where simple concentration measurements of
water constituents may show a non-systematic
variation within a watershed, the isotope abun-
dances are indicative of its source. For example,
15N is more abundant relative to 14N in animal
wastes than in agricultural fertilizer, providing a

distinguishing characteristic of its source. A simulta-
neous measurement of 18O/16O can provide even
more information on its source. Viruses and microbes
have limited lifetimes; therefore, groundwater
age-dating can help identify water sources at risk
for microbiological contamination.

We completed measurements of hydrogen/
oxygen (H/O) isotopes and noble gases in the
forebay area of the OCWD. These measurements
demonstrate the applicability of isotope tracing
and dating of the natural and artificial recharge of
Santa Anna River water into the exposed forebay
aquifer unit. Temporal variation of hydrogen and
oxygen isotopes provide a tracer for young
groundwater. For these studies, we match source
term with observed variation in groundwater
hydrogen and oxygen isotopes to provide a dating
technique for young groundwater (1 yr) with age
resolution of a few months. As a result, we can
identify water production wells that receive a
large portion of their water in less than 6 months
from time of recharge—six months is the proposed
minimum retention time for recycled water. In a
similar fashion, we are able to use the relative
abundances of neon, argon, krypton, and xenon.
Because of temperature dependent solubilities,
noble gas abundances record the seasonal tem-
perature variations which can be looked for in
groundwater samples. The 3H/3He dating system
has shown large vertical variation in groundwater
age, demonstrating how critical three-dimensional
modeling of the system is for accurate results. In
general, water near the surface flows much faster
than deeper water. Our work on age-dating has
been done in conjunction with microbiological
testing sponsored by the OCWD. The correlations
observed between groundwater age and micro-
biological activity has caught the attention of the
United States Environmental Protection Agency,
which is now beginning to evaluate whether age-
dating might be a useful part of the proposed
Groundwater Disinfection Rule.
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We have developed techniques for isotopic
analysis of carbon in organic compounds using
combustion to CO2. We have developed tech-
niques for isotopic analysis of 15N/14N and
simultaneous 18O/16O in nitrates, a necessary
prerequisite for the proposed work on isotope
signatures for non-point source pollution. We are
currently planning sampling of surface waters with
the City of St. Louis to study carbon and nitrogen
isotope signatures in the Missouri River. We are
also looking to make similar measurements in
Texas, working with the Texas River Authority
and in California in the aqueduct systems of the
state water project.
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SELENIUM ISOTOPE GEOCHEMISTRY: A NEW

APPROACH TO CHARACTERIZING THE

ENVIRONMENTAL CHEMISTRY OF SELENIUM

A. Volpe, B. Esser

High levels of selenium in the environment
will be a prominent water quality issue in the
western United States for many years. Selenium
accumulation is linked to increased rates of death
and deformity in migratory birds, blind staggers
in domestic livestock, and selenosis in humans. In
California, agricultural drain waters, oil refinery
effluent, and semiconductor industry effluent contrib-
ute to high selenium content in the San Joaquin
Valley and the San Francisco Bay. The importance
of these industries to California’s economy pre-
cludes simple abatement, while the complexity of
selenium cycling precludes simple remediation.

The purpose of this project is to measure
variations in the isotopic composition of selenium
in water and soil samples caused by natural
processes and to show, for the first time, the value
of isotopic measurements in characterizing
selenium pollution. The research seeks to identify
sources of selenium pollution, determine processes
in the selenium cycle, and support selenium
remediation studies.

During the first two years, we developed
chemistry to extract and purify the various species
of selenium found in waters and soils. We use an
anion exchange column chemistry that allows us
to pre-concentrate, separate, and determine low
levels of different selenium species (selenite, selenate,
and reduced selenium) in natural waters. Devel-
opment of this technique involved the preparation
of standards and enriched isotope solutions, which

will be useful in future isotope dilution and isotopic
composition work. The ability to separate the
naturally occurring species of selenium is critical
to understanding selenium isotope fractionation.

In the second year, we completed conversion
of an existing mass spectrometer to negative
thermal ionization mass spectrometry (NTIMS).
This project successfully provided a new analyti-
cal capability for LLNL isotopic measurements.
Using NTIMS, we measured selenium isotopic
composition with high precision and accuracy in
70 samples. These samples were selected to study
ionization efficiency, instrumental isotopic
fractionation, ion-beam stability for different
species of selenium measured as standard solu-
tions, including standards processed through
chemistry. Precision and accuracy of the isotope
measurement are excellent, better than 0.3% for
the minor isotope (74Se) and better than 0.05% for
the major isotope (80Se). Repeated measurement
of standard solutions of selenite and selenate
processed through chemistry demonstrates that
reduction steps in our chemical procedures do not
result in isotopic fractionation of selenium. Therefore,
we are confident that our chemical procedures and
measurement techniques are capable of determin-
ing whether or not natural processes lead to
selenium isotopic fractionation in the environment.
We hypothesize that microbially mediated oxida-
tion and reduction processes will affect both the
speciation and isotopic composition of selenium
in natural and contaminated systems.
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STUDIES IN THE REGION OF ENHANCED NUCLEAR

STABILITY AROUND N = 162 AND Z = 108
J. F. Wild, R. W. Lougheed, K. J. Moody, N. J. Stoyer

In FY96, we carefully examined our raw data
from the experiment to produce element 110 via
the bombardment of 244Pu with 34S ions from the
U400 cyclotron at the Joint Institute for Nuclear
Research, Dubna, Russia.1,2   We did this to assure
ourselves that (1) the one Z=110 event we discov-
ered in our data was the only Z=110 event that we
could identify with a high degree of surety, and
(2) that our claim to the discovery of element 110
could not be denied due to a failure on our part to
explain some aspect of our results.  With regard to
point (2), we also performed collateral bombard-
ments at the Dubna U400 cyclotron to characterize
the response of the time-of-flight detectors at the
end of the Dubna gas-filled mass separator to
better understand an unusual signal we incurred
in the discovery event.  This signal is believed to
have arisen from the coincident detection of the
alpha particle from the decay of one of the daugh-
ter nuclei in the 110 chain and a conversion
electron from de-excitation of the subsequently
produced nucleus.

During the year we also prepared for the next
experiment in this collaboration, which is the
search for an isotope of element 114, produced by
bombarding 244Pu with 48Ca ions.  Element 114 is
believed to be at the center of a region of nuclei
(superheavy elements) which is very stable due to
the presence of both proton and neutron spherical
closed shells. Characterization of the decay proper-
ties of these nuclei would be of prime importance
to the theoretical understanding of the behavior
of nuclear matter.  This experiment is probably an
order of magnitude more difficult than the search

for element 110 and would require a considerably
more efficient detection system than previous
experiments. Therefore, since the actual bombard-
ment will probably not begin before mid-FY97,
we contributed by purchasing a suite of surface-
barrier detectors for use in the experiment.  Our
previous experiments demonstrated the capability
for producing high-intensity cyclotron beams to
bombard targets capable of withstanding this
intensity over a long period of time. This capability
coupled with a very stable detection and data
acquisition system are all necessary to achieve
positive results.
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