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ABSTRACT 

Point defects in the binary C15 NbCr, and NbCo,, and C14 NbFe, systems on 

both sides of stoichiometry were studied by both bulk density and X-ray lattice parameter 

measurements. It was found that the vacancy concentrations in these systems after 

quenching from 1000°C are essentially zero. The constitutional defects on both sides of 

stoichiometry for these systems were found to be of the anti-site type in comparison with 

the model predictions. Thermal vacancies exhibiting a maximum at the stoichiometric 

composition were obtained in NbCr, Laves phase alloys after quenching from 1400°C. 

However, there are essentially no thermal vacancies in NbFe, alloys after quenching from 

1300°C. Anti-site hardening was found on both sides of stoichiometry for all the three 

Laves phase systems studied, while the thermal vacancies in NbCr, alloys quenched from 

1400°C were found to soften the Laves phase. The anti-site hardening of the Laves phases 

is similar to that of the B2 compounds and the thermal vacancy softening is unique to the 

Laves phase. Neither the anti-site defects nor the thermal vacancies affect the fracture 

toughness of the Laves phases significantly. 
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1. INTRODUCTION 

Laves phases of AB, composition are a common type of topologically close-packed 

(TCP) structures, with three polytypes most frequently observed: cubic C 15, hexagonal 

C14 and dihexagonal C36 [l-41. These phases are generally considered to be line 

compounds with a strict AB, composition. However, solubility ranges exist for about 25% 

of the known binary Laves phases [ 5 ] .  For non-stoichiometric compositions, constitutional 

defects are incorporated into intermetallic compounds. However, for the Laves phases, 

little is known about the possible defect structures that may be associated with the solubility 

at off-stoichiometric compositions. The excess atoms in off-stoichiometric compounds can 

stay on their own sublattice, leading to the formation of constitutional vacancies on the 

other sublattice, insert into interstitial sites, or occupy sites on the other sublattice (anti-site 

substitution). Since Laves phases have TCP structures and space-filling is relatively high, 

there are no interstitial sites with a size comparable to that of the component atoms. 

Therefore, the insertion of the excess atoms into the interstitial sites can be excluded, and 

the possible defect mechanisms reduce to either constitutional vacancy or anti-site 

substitution for binary Laves phases. 

The Laves phases are known to be size compound, Le., the atomic size ratio, 

RA/RB is ideally 1.225, with a range of 1.05 to 1.67 typically observed. Based on 

geometric arguments, it has been postulated that the A-rich side is accommodated by 

vacancies, while the B-rich compositions result from the anti-site substitution [ 5 ] .  Since 

the A atom is much larger than B atom, the excess A atoms in A-rich compositions would 

tend to stay on their own sublattice sites, thus creating vacancies on the B atom sublattice. 

On the other hand, the excess B atoms on B-rich compositions would be able to occupy the 

A atom sublattice sites, leading to the formation of anti-site defects. These postulations are 

based on geometric considerations, and no systematic experimental verification has been 

undertaken so far. 
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The types of constitutional defects may affect physical, mechanical and functional 

properties of Laves phases. Vacancies have been proposed to assist the movement of 

synchro-Shockley dislocations [6], thus possibly facilitating the synchroshear deformation 

mechanism and increasing the toughness of Laves phases [7].  Off-stoichiometry was also 

found to affect the hydride stability of ZrMn, [8] and the hydrogen storage capability of 

TiMn, alloys [9]. 

The NbCrz Laves phase has received considerable attention recently as a potential 

high-temperature structural material [ 10-131, due to its high melting temperature ( 1730°C), 

appreciable creep resistance, high strength, relatively low density (7.7 g/cm3), and good 

oxidation resistance below 1100°C. It has a limited range of solubility on both sides of 

stoichiometry. The geometric factor [5] and electronic factor [14] have been cited to 

contribute to such a solubility range. Our preliminary results indicate that anti-site 

substitution is the defect mechanism on both sides of stoichiometry in NbCr, Laves phase 

[15]. However, more systematic study should be undertaken to investigate the off- 

stoichiometric defects in this binary system, since such information is imperative in 

understanding the phase stability, deformation characteristics, and alloying behavior of the 

Laves phase alloy. 

The NbCo, Laves phase has been selected as a model material for studying off- 

stoichiometric defects. Saito and Beck [ 161 performed a comparison of the X-ray density 

with gravimetrically measured densities for the Co-rich NbCo, Laves phase system. Their 

measurements show that the variable stoichiometry of the NbCo, Laves phase is the result 

of the progressive occupation of Nb sites by Co atoms, with no indication of the formation 

of constitutional vacancies in the Nb sublattice. Note that only the Co-rich side was studied 

previously, and only qualitative information regarding the defect type is available. From 

geometric considerations, such anti-site substitution is expected for the Co-rich side. 

However, a more interesting study would be to clarify the constitutional defect mechanisms 
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on the Nb-rich side, which may be constitutional vacancies according to the previous 

reasoning. So far, no work has been conducted to carefully determine the homogeneity 

range of this Laves phase, especially on the Nb-rich side. No solubility has been indicated 

on the Nb-rich side of this Laves phase system from the Nb-Co phase diagram [ 171. The 

solubility range and the possible defect mechanisms on the Nb-rich side in this system will 

be carefully determined in this study. 

While the NbCr, and NbCo, Laves phases are of a cubic C15 structure, the third 

Laves phase system to be studied, NbFe,, has a hexagonal C14 structure. The 

homogeneity range of this Laves phase has been investigated by Smith, Rogers and 

Rawlings [18], Paul and Swartzendruber [I91 and more recently by Bejarano et al. [20]. 

The homogeneity range at temperatures lower than 1400°C was originally thought to be 

from 27 to 38 at.% Nb [19], but should be much narrower, i.e., from 32 to 37 at.% Nb, 

according to the recent study [20]. From the lattice parameter measurements, the defect 

mechanism has been postulated to be anti-site substitution for both the Fe-rich and Nb-rich 

sides 1181. Furthermore, the authors postulated that there may be thermal vacancies 

existing in the stoichiometric compound. However, no direct measurement of the vacancy 

concentration in this Laves phase has been undertaken so far. 

In the present study, we have attempted to clarify the point defect mechanisms on 

both sides of stoichiometry in these three binary systems, by measuring the lattice 

parameters, bulk densities, and therefore, vacancy concentrations of binary NbCr,, NbCo,, 

and NbFe, alloys of various compositions after quenching from 1000°C. For the NbCr, 

and NbFe, alloys, the vacancy concentrations after quenching from 1400°C and 1300"C, 

respectively, were also determined to observe whether thermal vacancies can be introduced 

by quenching from elevated temperatures. 

The hardness of the above alloys with various point defect concentrations was 

determined in an attempt to explore the solid solution hardening behavior in the Laves 
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phases. The fracture toughness was also measured to investigate if the point defects affect 

the toughness of the alloys, and, in particular, to see if vacancies facilitate synchroshear 

deformation in the vacancy-containing alloys. 

2. EXPERIMENTAL PROCEDURES 

The alloy compositions investigated in this study are listed in Tables I, 11, and 111. 

A total of 19 binary alloys were prepared: 6 for the NbCr, system, 6 for the NbCo, system, 

and 7 for the NbFe, system. For each alloy system, the Nb content in the alloy increases 

with the code number. The selected compositions covered a wide range of stoichiometry: 

for the NbCr, and NbCo, systems, alloys #1 - 3 are Cr-rich or Co-rich, and #4 is the 

stoichiometric alloy, while alloys #5 and #6 are Nb-rich; for the NbFe, system, alloys # I  - 

2 are Fe-rich and #3 is the stoichiometric one, while alloys #4 - 7 are Nb-rich. Ingots of 

approximately 50 grams were prepared by arc-melting techniques using high-purity starting 

materials. According to our melting experience, an excess amount (typically 0.05 gram) of 

Cr was added to compensate for the evaporation loss of Cr during melting for the NbCr, 

alloys. Each ingot was remelted at least 5 times to ensure compositional homogeneity. 

All the alloys were given a homogenization anneal of 1300°C for 10 hours in 

vacuum, except the alloys # I  and #2 of the NbCo, system which were homogenized at 

1200°C for 24 hours in vacuum because of their relatively low melting temperatures. After 

the homogenization anneal, all the alloys were sectioned into two halves. One half was 

encapsulated in quartz, which was evacuated and backfilled with helium and heat-treated at 

1000°C for 7 days, followed by water quenching. The other halves of the alloys in the 

binary NbCr, and NbFez systems were heat-treated for 1 hour at 1400°C and 13OO"C, 

respectively, in a vertical flowing-argon furnace, then water quenched. All the alloys were 

fully homogenized following the above heat treatments, except the alloys #1 and #2 for the 

4 



NbCoz system. Therefore, density and vacancy concentration measurements were not 

conducted for these two alloys. 

Small fractions of the quenched samples were mounted for microstructural 

observations, and chemical composition analyses of the various phases in the heat-treated 

condition, using an optical microscope and a field-emission-gun scanning electron 

microscope (SEM) equipped with an energy dispersive X-ray spectroscope (EDS). 

The remaining parts of the samples were crushed in an agate mortar into powders 

with particle sizes smaller than 40 mesh. Powders with a mesh size of -40+80 were used 

for bulk density measurements, and powders smaller than 320 mesh were used for X-ray 

analyses. The bulk density was measured using a helium pycnometer with an accuracy of 

approximately 0.01 vol.%. The use of powdered samples was intended to eliminate the 

micropores generated during solidification, and thus, will lead to more accurate density 

measurements. The vacancy concentration of the Laves-phase alloys, c,, which is defined 

as the ratio of the total number of vacancies to the total number of atoms, can be obtained 

from the following equation: 

- P X  -PB cv - 
P B  

where P x  and Pe are the X-ray and the bulk densities, respectively. 

X-ray diffraction measurements were made using a Scintag XD2000 diffractometer 

with Cu Ka radiation. The lattice parameter was determined from 13- 15 peaks. The X-ray 

density was calculated using the measured lattice parameter. The accuracy of the vacancy 

concentration using our method is approximately 0.08%, which is mainly due to the 

compositional uncertainty of the alloys. 

The microhardness was measured on a Buehler microhardness tester using a load of 

50 grams with a holding time of 

Laves phases, it is challenging 

15 seconds. Due to the extremely brittle 

to determine the hardness and discern 

nature of the 

the hardness 
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difference for the Laves phases with small compositional variations. The use of 500 gram 

loads leads to extensive cracking near the comers of the indented region, which makes the 

determination of the diagonal length less accurate. Therefore, a smaller load of 50 grams 

was chosen for indentation, which tends to reduce the cracking problem and make the 

measurement of the diagonal length more accurate. Due to the small size of the indents, a 

scanning electron microscope with a field-emision gun was used to measure the diagonal 

lengths with a high magnification of 10,000~. The magnification of the SEM was 

calibrated with a calibration grating. The Vickers hardness number (VHN) is determined 

by the following equation [21]: 

1.854P VHN = - 
1 2  

where P = applied load (kg) and L = average length of diagonals (pm). 

The fracture toughness of the alloys was calculated from the crack length values 

after indentation using a load of 500 g with a holding time of 15 seconds. The crack 

lengths were measured immediately after the indentation to eliminate the possibility of slow 

crack propagation following the removal of the indenter. The following equation was used 

to calculate the fracture toughness of the alloy [22,23]: 

KIC =(E) " P  L3/2 (3) 

where K,, = fracture toughness (MPa&), E = Young's modulus (GPa), which is 

assumed to be 218 GPa for all of the investigated alloys, H = Vickers hardness (GPa), P = 

load (N), and L = average length of the four radial cracks from the center of the indent to 

the crack tip. A and n are constants, which are taken as 0.016 and 0.5, respectively, for 

relatively brittle materials [22]. 
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3. RESULTS 

3.1 Microscopic Observation 

Optical microstructural observations show that for the NbCr, Laves phase system 

the alloys #2 - 6 listed in Table 1 are in the single Laves phase region, and alloy #I is in the 

two-phase region after quenching from 1400°C. After quenching from 1000°C, the alloys 

#3 - 6 are in the single Laves phase region and alloys #1 and #2 are in the two-phase 

region. Alloy #1 after quenching from 1400°C also retains small amounts of a second 

phase. Such observations are further supported by the lattice parameter results, as shown 

later. Typical microstructures of single Laves phase alloys, which were etched with a 

solution of HFHN03:HzO = 1:1:3, are shown in Fig. 1 (a). There are many annealing 

twins in the alloy, indicating that the C15 structure is easily twinned, i.e., it has a low 

stacking fault energy. The second phase in alloys #1 and #2 was analyzed with EDS in an 

SEM, and determined to be a Cr solid solution with a small amount of Nb. Figure 1 (b) 

presents an SEM micrograph of alloy #1 after quenching from I O O O T ,  with a two-phase 

microstructure. The dark phase and the matrix are the Cr phase and NbCr, Laves phase, 

respectively, as is clear from the EDS results shown in Fig.1 (c). The maximum content of 

Cr in NbCr, at 1000°C is found to be about 67.7 at. % from this study, which is similar to 

the value reported in the recent binary Cr-Nb phase diagram [ 141. 

For the NbCo, system, all the alloys except #6 are within the homogeneity range, 

and there are few annealing twins in the alloys, as compared to the NbCr, alloys, indicating 

the stacking fault energy is higher in this NbCo, phase. Figure 2 (a) shows the optical 

microstructure of the stoichiometric NbCo, alloy, etched with a solution of 60% glycerine 

+ 20% HNO, + 10% HF + 10% H,O ( in vel.%). The alloys #1 and #2 are not fully 

homogenized. The alloy #6 is in the two-phase range, i.e., there are small amounts of 

second phase, especially near grain boundaries, see Fig. 2 (b). The second phase is p 

Nb,Co, phase, with a D8, structure, according to the binary Nb-Co phase diagram [ 171. 
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Consistent with the phase diagram, the EDS results show that this phase is richer in Nb 

content than the matrix. Compared with the binary Nb-Co phase diagram where no 

solubility on the Nb-rich side is indicated, it was found that the solubility of Nb in the 

NbCo, Laves phase is higher than 0.5 at.%, but less than 1 at.%. 

After quenching from 1000°C, the alloys #1 - 5 in the NbFe, system are within the 

homogeneity range, and alloys #6 and #7 are in the region of two phases, NbFez Laves 

phase and NbFe p phase [20]. Figure 3 (a) shows the microstructure of a single-phase 

stoichiometric NbFe, alloy, which were etched in a solution of HF:HCl:HNO,:H,O = 

2:2: 1: 1, exhibiting large grains and no annealing twins. Figure 3 (b) shows the two-phase 

structures in alloy #7, and the EDS results indicate the second phase is richer in Nb than the 

matrix. Compared to the binary Nb-Fe phase diagram [20], the maximum content of Nb in 

NbFe, at 1000°C in this study (-35 at.%) is found to be lower than the reported one (37 

at.% Nb). After quenching from 130O0C, the alloys #1 - 5 are in the single phase region for 

this system. 

3.2 Lattice Parameter, Density, and Vacancy Concentration 

3.2.1 Binary NbCr, Alloys 

The lattice parameters of the C 15 NbCr, alloys listed in Table I are plotted in Fig. 4 

as a function of stoichiometry for all the samples quenched from both 1400°C and 1000°C. 

As the Nb content increases, the lattice parameter of the NbCr, phase also increases. For 

the alloys quenched from 1400°C, the data points for the Cr-rich side fit along a straight 

line; similarly, for the Nb-rich side, the data points also fit along a straight line, with a 

slope greater than that of the line on the Cr-rich side. For the alloys quenched from 

1000°C, similar trends are observed, except that on the Cr-rich side the lattice constants are 

identical for alloys #1 and #2, which indicates the composition of the Laves phase is the 

same in the two alloys. This is expected, because these two alloys were found to be in the 

8 



* 

e 

* 

* 

two-phase region. Except for alloy #I ,  the lattice parameters after quenching from 

are similar to those after quenching from 1400°C. 

The X-ray and bulk density results after quenching from both 1400°C and 

ooooc 

000"c 

for NbCr, alloys are presented in Table I and Fig. 5. The density of the alloys increases as 

the Nb content increases. Also, the bulk densities after quenching from 1000°C ate 

consistently higher than those after quenching from 1400°C. Using Eq. 1 and the data 

presented in Table I and Fig. 5, the vacancy concentrations were calculated, and are also 

listed in Table I. Due to the presence of the second phase, the vacancy concentration could 

not be determined for alloy #1 after quenching from 14OO0C, and alloys #1 and #2 after 

quenching from 1000°C. Figure 6 is a plot of the vacancy concentration as a function of 

the Nb content for the single-phase NbCr,, NbCo,, and NbFe, alloys after quenching from 

different temperatures. For the NbCr, alloys, it is noted that the vacancy concentration is 

quite high after quenching from 1400°C. The vacancy concentration reaches a peak (- 0.33 

%) at the stoichiometric composition and decreases on both sides of stoichiometry. After 

annealing at 1000°C, the vacancies are annealed out and the vacancy concentrations are near 

zero (considering the accuracy of the vacancy concentration measurements). However, a 

slight peak at the stoichiometric composition can still be detected. 

3.2.2 Binary NbCo, Alloys 

The lattice parameters of the C15 NbCo, alloys listed in Table I1 are plotted in Fig. 

7 as a function of stoichiometry for the samples quenched from 1000°C. As the Nb content 

increases, the lattice parameter of the NbCo, phase also increases. The data points for the 

Cr-rich side fit along a straight line; for the Nb-rich side, the initial data points also fit along 

a straight line, with a slope greater than that of the line on the Cr-rich side. similar to the 

result observed in NbCr, alloys (Fig. 4). The lattice parameter of alloy #6 does not fit along 

the line. due to the two-phase nature of this alloy. The solubility of Nb in NbCo, is about 

34 at.%. see Fig. 7. 
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The X-ray and bulk density results for the NbCo, alloys after quenching from 

1000°C are presented in Table I1 and Fig. 8. Both the X-ray and bulk densities of the 

alloys increase initially as the Nb content increases; however, on the Nb-rich side, the X- 

ray and bulk densities of the alloys decrease slightly as the Nb content increases. Such 

decrease in the bulk density with the increase of the Nb content is different from the NbCr, 

system (Fig. 5), indicating that there may be a great amount of vacancies genrated in these 

alloys, thereby reducing the alloy density. Using Eq. 1 and the data presented in Table I1 

and Fig. 8, the vacancy concentrations were calculated, and are also listed in Table II and 

plotted in Fig. 6. The results indicate that the vacancy concentration in the alloys is quite 

low, i.e. essentially zero, considering the accuracy of the vacancy concentration 

measurement. No peak at the stoichiometric composition in the vacancy concentration can 

be discerned for the NbCo, alloys from Fig. 6. It is interesting to note that the decrease of 

the bulk density, as the content of the heavy element Nb in the alloy increases, does not 

necessarily mean that there are excess vacancies in the alloys. This is due to the fact that as 

Nb increases on the Nb-rich side, the lattice parameter increases significantly, leading to the 

reduction in X-ray density. As a result, no vacancies are generated by the simultaneous 

decrease in X-ray and bulk densities, according to Eq. I .  

3.2.3 Binary NbFe, Alloys 

The lattice parameters of the C14 NbFe, alloys listed in Tables I11 and IV are plotted in Fig. 

9 as a function of stoichiometry for all the NbFe, alloys quenched from 1000°C and 

1300°C. Basically, as the Nb content increases, the lattice parameters, a and c, of the 

NbFe, compound also increase after quenching from both 1000°C (Fig. 9(a)) and 1300°C 

(Fig. 9(b)). For the alloys quenched from 1000°C, the data points for the Fe-rich side fit 

roughly along a line; and for the Nb-rich side, a similar fitting is observed for the initial 

data points, with a slope greater than that of the line on the Fe-rich side. For the last two 
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data points on the Nb-rich side, the lattice parameters, a and c, are both identical for alloys 

#6 and #7, indicating that the composition of the Laves phase is the same in the two alloys. 

This is expected, because these alloys are in the two-phase region from the microstructural 

observation. If we extrapolate the lines on the Nb-rich side to the a and c values for the 

alloys #6 and #7, the maximum content of Nb in the NbFe, Laves phase at 1000°C is 

estimated to be around 35 at.%. This value is lower than the previously reported value (37 

at.% Nb) [20]. 

The X-ray and bulk density results for the NbFe, Laves phases after quenching 

from 1000°C and 1300°C are presented in Tables III and IV and plotted in Fig. 10. 

Initially, the density of the alloys increases as the Nb content increases. However, after the 

Nb content reaches 33.8 at.%, the density decreases with a further increase in the Nb 

content. This is similar to what was observed in the NbCo, alloys. Also, the bulk 

densities after quenching from 1000°C and 1300°C are consistently smaller than the X-ray 

densities. Using Eq. 1 and the data presented in Tables 111 and IV and Fig. 10, the vacancy 

concentrations were calculated, and are also listed in Tables 111 and IV and plotted in Fig. 

6. Due to the presence of the second phase, the vacancy concentration could not be 

determined for alloys #6 and #7. The vacancy concentrations are essentially zero 

(considering the accuracy of the vacancy concentration measurements) for all the single- 

phase alloys. For the NbFe, alloys quenched from 1000°C and 1300°C, no peak at the 

stoichiometric composition in the vacancy concentration can be detected from the data in 

Tables I11 and N and Fig. 6. Unlike NbCr, alloy system, quenching from elevated 

temperature, Le., 1300"C, does not lead to an increase in the vacancy concentration in 

NbFe, system. 
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3.3 Hardness and Fracture Toughness Behavior 

The hardness as a function of the stoichiometry for the NbCr, alloys after 

quenching from 1400 and 1000°C is plotted in Fig. 11. It can be seen that as the 

composition deviates from the stoichiometry, the hardness of the Laves phase increases on 

both sides of stoichiometry. Since constitutional anti-site defects are the defect mechanisms 

on both Cr-rich and Nb-rich sides, anti-site substitution hardening was observed. 

Furthermore, the hardness of the alloys quenched from 1400°C is consistently lower than 

that of the alloys quenched from 1000°C, presumably due to the presence of thermal 

vacancies (Fig. 6). Such vacancy-induced softening of the materials is different from what 

was observed in B2 intermetallics, where the vacancy is a stronger hardener than the anti- 

site defect [25]. 

The hardness as a function of the stoichiometry for the NbCo, alloys quenched 

from 1000°C is plotted in Fig. 12. It can be seen that as the composition deviates from the 

stoichiometry, the hardness of the Laves phase increases, Le., anti-site substitution 

hardening was observed. This is similar to the situation in the NbCr, Laves phases (Fig. 

11). 

The hardness as a function of the stoichiometry for the NbFe, alloys quenched from 

1000°C is plotted in Fig. 13. It can be seen that as the composition deviates from the 

stoichiometry, the hardness of the Laves phase increases, Le., anti-site substitution 

hardening was observed again. Thus, anti-site substitutional hardening is observed for 

both C15 (NbCr, and NbCo,) and C14 (NbFe,) alloys, indicating that anti-site 

substitutional hardening may be a general phenomenon for Laves phase alloys. 

The fracture toughness values as a function of the Nb content in NbCr, Laves 

phases after quenching from 1400°C and 1000°C as well as NbCo, and NbFe, Laves 

phases after quenching from 1000°C are plotted in Fig. 14. Basically, the fracture 

toughness of the NbCr, and NbCoz alloys is close to 1 MPa.m”’. No effect of 
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stoichiometry on the fracture toughness can be discerned. Even though the anti-site defects 

harden the Laves phases (Figs. 11 - 13), they are not detrimental to the fracture toughness 

of the alloys. Furthermore, it is noted that the fracture toughness of the NbCr, alloys after 

quenching from 1400°C is similar to that of the alloys after quenching from 1000°C, i.e., 

the presence of thermal vacancies does not lead to an improved toughness of the Laves 

phases, even though the vacancies slightly soften the Laves phases (see Fig. 11). 

The fracture toughness of the C14 NbFe, alloys is lower than that of C15 NbCr, 

and NbCo,. This trend can be explained by the fact that C15 structure is cubic, and is 

possibly more deformable than the hexagonal C14 structure. No effect of stoichiometry on 

the fracture toughness can be discerned. Again, even though the presence of the anti-site 

defects hardens the Laves phase (Fig. 13), they are not detrimental to the fracture 

toughness of the alloy. Furthermore, it is noted that the fracture toughness of the two- 

phase alloys is higher than that of the single-phase alloys. 

4. DISCUSSION 

4.1 Defect Mechanisms in Binary Laves Phases 

The study of point defects in intermetallic compounds is an important topic. Defect 

mechanisms are closely related to physical and mechanical properties, such as diffusivity, 

hardness, ductility, etc. Many research efforts have been devoted to the elucidation of the 

defect types in B2 structures, such as FeAl and NiAl [25, 261. For example, it is now 

generally accepted that the defects in the Ni-rich NiAl are of the anti-site type, Le., the 

excess Ni will go to the AI sublattice site, while the excess AI in NiAl prefers to stay on its 

own sublattice, leading to the creation of vacancies on the Ni sublattice. Also, thermal 

vacancies can be easily generated in FeAl alloys by quenching from elevated temperatures 

[27], while the thermal vacancy concentration is much lower in NiAI [26] than in FeAI. 
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Previously, very limited studies have been undertaken to clarify the point defect 

mechanisms in Laves phases. Chen et al. [7] found from density measurements that both 

vacancy and anti-site defects are operating in the TiCr, Laves phase. Another study by 

Fleischer [28] found that anti-site substitution occurs on both sides of stoichiometry for the 

C15 ZrCrz Laves phase. Pargeter and Hume-Rothery [29], and Saito and Beck E161 

investigated the point defects in Co-rich NbCo, and dihexagonal C36 NbCo, Laves phases 

and found that in both phases, the deviation from stoichiometry resulted from the 

substitution of Co atoms for the Nb atoms. However, constitutional defects on the Nb-rich 

side were not studied. X-ray and neutron diffraction measurements [30] showed that for 

both ZrFe, and TiFe,, the excess Fe atoms are on the Zr or Ti sublattice. The concentration 

variation of the lattice constants c o n f i i s  such an anti-site substitution mechanism. The 

constitutional defect structure of the NbFe, Laves phase was also investigated by 

measuring the lattice parameters on both sides of stoichiometry, and again anti-site 

substitution was found to be the defect mechanism [ 181. Off-stoichiometry in the YA1, 

Laves phase was postulated to be accompanied by different defect mechanisms: the Y-rich 

side is accommodated by vacancies, while the Al-rich compositions result from anti-site 

substitution [31]. From lattice parameter measurements of NbCr, Laves phases, Thoma et 

ai. [5, 131 have postulated that constitutional vacancies on the Cr sublattice for the Nb-rich 

side of stoichiometry and anti-site substitution of Cr atoms on the Nb  sites for the Cr-rich 

side of stoichiometry are probable defect mechanisms for NbCr, system. It should be 

noted that in all of the above studies, the alloy compositions were not carefully controlled 

and vacancy concentrations in the Laves phases were not determined. Thus, no definitive 

conclusions on the defect mechanisms could be made from those studies. 

The shape of the lattice parameter versus composition curve can provide valuable 

insight on constitutional defect mechanisms. For example, this type of information has 

been used to successfully predict the constitutional defect mechanisms in a number of B2- 
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ordered compounds [26]. These ideas can be extended to the present case by the 

consideration of Figs. 4, 7, and 9. The lattice parameters at the Cr, Co, or Fe-rich 

compositions increase with increasing Nb concentration. This is not surprising because Nb 

has a larger atomic size than Cr, Co, or Fe. However, on the Nb-rich side of 

stoichiometry, it is observed that the lattice parameter increases at an even greater rate with 

increasing Nb concentration for all these three Laves phase systems. This behavior 

suggests that the constitutional defect at Nb-rich compositions is Nb anti-site substitution. 

Only if a decrease in the rate of the lattice parameter change on the Nb-rich side of 

stoichiometry had been observed, would constitutional vacancies be a possibility. 

The vacancy concentration results further c o n f m  this conclusion unambiguously. 

The measured vacancy concentrations for all the single phase alloys after quenching from 

1000°C are plotted in Fig. 15, together with the calculated vacancy concentrations from 

both the constitutional vacancy model and anti-site substitution model. The constitutional 

vacancy model is based on the assumption that all the excess atoms exclusively stay at their 

own sublattice, thus constitutional vacancies are created on the sublattice of the other 

element. The constitutional vacancy concentration values in Laves phases of different 

stoichiometries can be deduced from a simple calculation based on this model. The lattice 

site relationship 2Na = NP,  where Nu and NP is the total numbers of sublattice sites of a 

(A sublattice) and p (B sublattice), holds for binary AB, Laves phases. Since both a and 

p sublattices can be occupied by A, B, or vacancy (A), we have 

2(N*, + N i  + N z )  = N i  + N! + N t  

where Ni is the number of a lattice sites occupied by A atoms. 

For the A-rich compound, assuming that constitutional vacancies are the only type 

of defects, we have 

N; = N ;  =N! = O  

Substituting Eq45) into Eq.(4), the following equation is obtained 

( 5 ) .  
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2 N z = N \ + N t  ( 6 ) .  

Rearranging Eq.(6) and dividing both sides by the total number of atoms, N, one 

obtains the following equation for A-rich compositions: 

c, = 2x, - X B  (7). 
Similarly, for B-rich compositions, the vacancy concentration can be expressed as 

C, = O . ~ X ,  -x, (8). 

From Eqs.(7) and (8), the constitutional vacancy model gives a vacancy 

concentration of zero at the stoichiometric composition, and the vacancy concentration 

increases on both sides of stoichiometry. The anti-site substitutional model assumes that the 

excess atoms occupy the sublattice sites of the other species. Thus, anti-stite defects are 

created, and no constitutional vacancies are needed for the balance of the lattice sites. 

Obviously, the constitutional vacancy concentrations are zero for both A- and B-rich Laves 

phases, according to the anti-site substitutional model. 

From Fig. 15, it is obvious that the measured vacancy concentrations for all the 

single-phase alloys after quenching from 1000°C are essentially zero (see also Tables I, 11, 

and 111), indicating that there are no constitutional vacancies in these Laves phases on either 

side of stoichiomtery. This is consistent with the anti-site substitution model and contrary 

to the constitutional vacancy model which demands much higher vacancy concentrations 

for off-stoichiometric compositions. Thus, the constitutional defects on the Cr-, Co-, or 

Fe-rich as well as the Nb-rich sides of stoichiometry are of anti-site type for the NbCr?, 

NbCo,, and NbFe, Laves phases. 

The atomic size ratio, R,/R,, of the AB, Laves phases studied in this paper can be 

calculated to be 1.145, 1.173, and 1.152 for NbCr,, NbCo,, and NbFe2, respectively. 

Here, R, and Re are the atomic radii of the A and B atoms with a coordination number of 

12 [32]. Obviously, all the Laves phases studied have RA/RB ratios smaller than the ideal 

ratio of 1.225 for Laves-phase formation. It will be interesting to know the defect 
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mechanism for Laves phases with R,/R, greater than 1.225. It may be more possible to 

obtain constitutional vacancies for Laves phases with R A R B  > 1.225, due to geometric 

considerations, i.e., it is more difficult for A atoms to stay on the sublattice sites of B 

atoms as the atomic size ratio increases. 

4.2 Thermal Defects in Binary NbCr, and NbFe, Laves Phases 

Modder and Bakker pointed out that it is very well possible that a vacancy type 

defect termed quadruple defect occurs in C15 compounds [33]. Such a quadruple defect 

consists of one anti-site B atom on the a sublattice and three vacancies on the p sublattice. 

Ball milling was found to introduce quadruple defects in GdAl,, GdPt,, GdIr, and GdRh,, 

while anti-site defects were created in GdMg, after ball-milling [34]. Since ballistic actions 

such as ball milling usually leads to the formation of the same type of atomic defects as 

heating, thermal defects such as quadruple defects or anti-site defects may be created upon 

quenching the Laves compounds from elevated temperatures. Thermal vacancies are 

expected if quadruple defects are created, as each quadruple defect contains three vacancies. 

It is interesting to note that vacancies were detected in NbCr, alloy after quenching 

from 1400°C (Fig. 6). Since these vacancies were essentially annealed out at 1000°C (Fig. 

6) ,  and since the constitutional defects in this compound have been established to be of the 

anti-site type, it is concluded that these defects are t h e m l  vacancies, indicating the 

quadruple defects may be formed in this compound by heating. Furthermore, the measured 

vacancy concentration exhibits a maximum at the stoichiometric composition and decreases 

on both sides of stoichiometry for the NbCr, alloys when quenched from 1400°C (Fig. 6). 

The shape of this curve may at first seem unique; however, a useful analog can be found 

when considering tripledefect B2 phases. This class of compounds has constitutional as 

well as thermal vacancies [26]. If the constitutional component is subtracted from the total 

vacancy concentration, it is found that the thermal vacancy concentration exhibits a 
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maximum at the stoichiometric composition, as is the case in our NbCrz system. This 

behavior is exhibited by the NiGa and CoGa compounds, for example. A convenient 

summary of such data is found in the review by Chang and Neumann [26]. A maximum in 

thermal vacancy concentration, and thus thermal disorder, at the stoichiometric composition 

can be rationalized by considering that the increase in entropy associated with the 

introduction of vacancies will be the greatest at the stoichiometric composition where the 

degree of order is necessarily the highest. An interesting problem in the future would be to 

determine whether the thermal vacancies sit on the Cr-site, the Nb-site, or both If the 

quadruple defects are indeed formed, the vacancies should be on the p sublattice, .e., Cr 

sites, as suggested by Modder et al. [33,34]. 

For the C14 NbFe, compounds, no thermal vacancies were detected after 

quenching from 1300°C (Table IV), indicating that anti-site defects, instead of quadruple 

defects, may be the form of atomic disorder in this compound upon heating. According to 

the model developed by Modder, Kuin and Bakker [34], the type of atomic disorder is 

related to the relative magnitudes of formation enthalpies of anti-site and quadruple-defect 

disorder for the Laves phases. Therefore, the different thermal defects in NbCr, and NbFe, 

imply that the formation enthalpies of anti-site disorder is larger in magnitude than that of 

quadruple defect disorder for NbCr,, - while the opposite is true for NbFe,. 

4.3 Solid Solution Hardening in Binary Laves Phases 

A point defect in a crystalline lattice is well known to cause hardening. This 

phenomenon is referred to as solid solution hardening. Solid solution hardening has been 

extensively studied in B2 compounds [25]. Generally, it was found that in B2 compounds 

with anti-site defects, hardness exhibits a minimum at the stoichiometric composition, and 

deviation from stoichiometry causes hardening of the compounds, due to the presence of 

constitutional anti-site defects. For triple-defect B2 compounds, the shape of the hardness 
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versus composition curves was found to be not so simple and depended on the degree of 

thermal disorder. Also, vacancies were found to be a more potent hardener than the anti- 

site defects. 

In the three Laves phases we studied, the hardness was also found to have a 

characteristic V-shape with a minimum occurring at the stoichiometric compositions (Figs. 

11 - 13). Obviously, similar to anti-site B2 compounds, such off-stoichiometric hardening 

can be attributed to the presence of constitutional anti-site defects, which are the defect 

mechanism on both sides of stoichiometry in these Laves phases. The anti-site hardening 

mechanism in Laves phases, however, is not clear so far, which may be different from that 

in B2 compounds. In B2 compounds, the anti-site hardening is often correlated to an 

interaction between the stress field of a moving dislocation and that of the anti-site defect; 

however, it is very difficult for ordinary dislocations to move in Laves phases at ambient 

temperature. 

The hardness values of all NbCr, alloys after quenching from 1400°C were found 

to be lower than those after quenching from 1000°C (Fig. 11). Since thermal vacancies are 

incorporated into the compound after quenching from 1400°C (see Fig. 6) ,  the above 

results indicate that vacancies cause softening, instead of hardening of the NbCr, Laves 

phases. Such vacancy-induced softening is very unique and has not been observed 

previously. Furthermore, this is in direct contrast to the effect of vacancies on the hardness 

in B2 compounds, where vacancies are a potent hardener. The vacancy hardening in 

metals and B2 compounds is often correlated to an interaction between the stress field of a 

moving dislocation and that of the vacancy. The effect of vacancies in Laves phases is 

different from their effects in metals and B2 compounds. This is again likely to be due to 

the fact that Laves phases have a topologically close-packed structure and it is very difficult 

for ordinary dislocations to move in Laves phases. The presence of vacancies in Laves 

19 



phases would make the structure less closely packed and could possibly assist the 

synchroshear deformation of the alloy [35],  thus leading to the softening of the alloys. 

4.4 Fracture Toughness in Binary Laves Phases 

The fracture toughness of the alloys does not change as a function of stoichiometry, 

indicating that the anti-site defects do not significantly affect the deformability and fracture 

toughness of the materials. 

It has been suggested that vacancies in Laves phases may assist the synchroshear 

mechanism, thus leading to improvement in the deformability and toughness of the Laves 

alloys [35]. Chen et ai. [7] attributed the toughness improvement in the off-stoichiometric 

TiCr, alloys to the presence of vacancies in the alloys. In this study, we find that the 

quenched-in thermal vacancies do not affect the crack propagation and fracture toughness 

behavior of the NbCr, alloys (Fig. 14). This is possibly due to the level of vacancies being 

too low in the alloys to enhance toughness significantly. However, the high residual 

thermal stress after quenching from 1400°C may also embrittle the NbCr, Laves phases, 

which could mask the effect of vacancy-assisted synchroshear deformation and the 

associated toughening [36]. 

More work on point defects in Laves phases should be pursued, with the hope that 

constitutional vacancies, instead of thermal vacancies, may exist in certain Laves phases. 

Such systems will be suitable for examining if the vacancy-assisted synchroshear 

deformation and toughness improvement are possible in Laves phases. It has been found 

that for the B2 phases, the defect type is closely related to the enthalpies of formation (AH) 

of the compounds. Neumann has demonstrated that B2 compounds with negative AH 

smaller than 75 to 90 kJ/mole generally exhibit the anti-site defect structure, while 

compounds with a greater value generally exhibit the triple defect structure and have 

constitutional vacancies on the large atom-rich side of stoichiometry [37]. In other words, 
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constitutional vacancies are the preferred defect mechanism for compounds that are more 

strongly ordered, i.e., with higher absolute AH values on the large atom-rich side. This 

empirical observation may be extended to the binary Laves phases. The AH values for 

NbCr,, NbCo2, and NbFe, are -2 1, -5 1, and -63 kJ/mole, respectively [38]. These values 

are in the same range with those of B2 compounds with anti-site defects. It is not 

surprising that only anti-site defects are observed for these Laves phases. It will be of 

interest to study the defect structures of those Laves phases with more negative enthalpy of 

formation. The possibility of the existence of constitutional vacancies will be higher for 

these Laves phases. 

5. CONCLUSIONS 

Point defects in the binary NbCr2, NbCo,, and NbFe, systems have been clarified 

combining both bulk density and X-ray lattice parameter measurements. The vacancy 

concentrations in these systems after quenching from 1000°C are essentially zero. The 

constitutional defects on both sides of stoichiometry for these systems are of the anti-site 

type. Such defect mechanism is further supported by the change of the lattice parameter as 

a function of the stoichiometry. As the Nb content in the Laves phases increases, the lattice 

parameters on the Nb-rich side increase faster than those on the Cr-, Co-, or Fe-rich side. 

The previous postulation that constitutional vacancies are the defect mechanism on 

the Nb-rich side of NbCr, Laves phase is not confirmed. For the NbCo, system, it was 

found that about 0.7% solubility of Nb exists on the Nb-rich side. As in the NbCrz 

system, no consitutional vacancies were found for the Nb-rich compound. Thermal 

vacancies exhibiting a maximum at the stoichiometric composition were obtained in NbCr, 

Laves phase alloys after quenching from 1400"C, indicating that quadruple defects may be 

the type of thermal disorder in this compound. However, thermal vacancies are essentially 

21 



D 

e 

e 

zero for NbFe, Laves phase alloys quenched from 130O0C, and therefore, anti-site disorder 

may be expected for this compound upon heating. 

Hardening, presumably due to anti-site defects, was observed on both sides of 

stoichiometry for all three Laves phase systems studied. Furthermore, the thermal 

vacancies in NbCr, alloys after quenching from 1400°C were found to soften the Laves 

phases. The off-stoichiometric hardening of the Laves phases is similar to that of the B2 

compounds, while the thermal vacancy softening is unique to the Laves phase. Neither 

anti-site defects nor thermal vacancies affect the fracture toughness of the Laves phases 

significantly. 
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Table I Composition, lattice parameter, X-ray density, bulk density, and vacancy 
concentration (c,) of the NbCr, alloys quenched from 1400 and 1000°C 

Bulk Density CV 

(s/cm’) (%I 
1400°C 1000°C 1400°C 1000°C 
7.613 7.621 --- --- 
7.617 7.623 0.03 --- 
7.623 7.636 0.17 0.03 

7.627 7.646 0.33 0.07 

~ 7.646 7.655 0.17 0.06 
7.664 7.672 0.10 0.00 

I 

* Two-phase alloys with the lattice parameter of the NbCr, phase listed here 

Table I1 Composition, lattice parameter, X-ray density, bulk density, and vacancy 
concentration (c,) of the NbCo, alloys quenched from 1000°C 

~~~~ ~~~~~ 

* Two-phase alloys with the lattice parameter of the NbCo, phase listed here 
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Table III Composition, lattice parameter, X-ray density, bulk density, and vacancy 
concentration (c,) of the NbFe, alloys quenched from 1000°C 

* Two-phase alloys with the lattice parameter of the NbFez phase listed here 

Table IV Composition, lattice parameter, X-ray density, bulk density, and vacancy 
concentration (c,) of the NbFe, alloys quenched from 1300°C 
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Captions 
Fig. 1 (a) Optical microstructure of the stoichiometric NbCr, alloy after quenching from 
1000°C ( in the etched condition); (b) SEM micrograph of the NbCr, alloy #I after 
quenching from 1000°C (in the as-polished condition); (c) EDS spectra of the matrix and 
the dark phase indicated in (b), which were NbCr, Laves phases and Cr precipitate, 
respectively . 
Fig. 2 (a) Optical microstructure of the stoichiometric NbCo, alloy; (b) SEM micrograph of 
the NbCo, alloy #6. Both in the etched condition. 

Fig. 3 (a) Optical microstructure of the stoichiometric NbFe, alloy; (b) SEM micrograph of 
the NbFe, alloy #7. Both in the etched condition. 

Fig. 4 Lattice parameter as a function of the Nb content for NbCr, alloys after quenching 
from 1400 and 1000°C. 

Fig. 5 X-ray and bulk densities as a function of the Nb content for NbCr, alloys after 
quenching from 1400 and 1000°C. 

Fig. 6 Vacancy concentration as a function of the Nb content for NbCr,, NbCo,, and 
NbFe, alloys after quenching from different temperatures. 

Fig. 7 Lattice parameter as a function of the Nb content for NbCo, alloys after quenching 
from 1000°C. 

Fig. 8 X-ray and bulk densities as a function of the Nb content for NbCo, alloys after 
quenching from 1000°C. 

Fig. 9 Lattice parameters, a and c, as a function of the Nb content for NbFe, alloys after 
quenching from (a) 1000°C and (b) 1300°C. 

Fig. 10 X-ray and bulk densities as a function of the Nb content for NbFe, alloys after 
quenching from 1300°C and 1000°C. 

Fig. 11 Vickers Hardness versus Nb content for NbCr, alloys after quenching from 
1400°C and 1000°C. 

Fig. 12 Vickers Hardness versus Nb content for NbCo, alloys after quenching from 
looooc. 

Fig. 13 Vickers Hardness versus Nb content for NbFe, alloys after quenching from 
1000°C 

Fig. 14 Fracture toughness versus Nb content for binary NbCr,, NbCo, and NbFe, Laves- 
phase alloys. Note two of the NbFe, alloys are not single Laves phase. - 

Fig. 15 Measured vacancy concentration versus Nb content in the binary NbCr,, NbCo,, 
and NbFe, Laves phases after quenching from 1000°C. Also shown are the calculated dah 
for the constitutional vacancy model and the anti-site substitution model. 
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Fig. 4 Lattice parameter as a function of the Nb content for NbCr, alloys after quenching 
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Fig. 5 X-ray and bulk densities as a function of the Nb content for NbCr, 
alloys after quenching from 1400 and 1000°C 
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Fig. 6 Vacancy concentration as a function of the Nb content for NbCr,, NbCo,, 
and NbFe, alloys after quenching from different temperatures 
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Fig. 7 Lattice parameter as a function of the Nb content for NbCo, alloys after quenching 
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Fig. 8 X-ray and bulk densities as a function of the Nb content for NbCo, alloys after 
quenching from 1000°C 
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Fig. 9 Lattice parameters, a and c, as a function of the Nb content for NbFe, alloys after 
quenching from (a) 100°C and (b) 1300°C 
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Fig. 1 1  Vickers Hardness versus Nb content for NbCr, alloys 
after quenching from 1400°C and 1000°C 
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Fig. 12 Vickers Hardness versus Nb content for NbCo, alloys 
after quenching from 1000°C 
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Fig. 13 Vickers Hardness versus Nb content for NbFe, alloys 

after quenching from 1000°C 
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