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We predict theoretically and demonstrate experimentally the spontaneous
formation of a superlattice during crystal growth. When a strained alloy grows
by “step flow”, the steps at the surface form periodic bunches. The resulting
modulated strain biases the incorporation of the respective alloy components at
different steps in the bunch, leading to the formation of a superlattice. X-ray
diffraction and electron microscopy for SiGe grown on Si give clear evidence for
such spontaneous superlattice formation.

Self-organization is ubiquitous in nature. Yet only recently have attempts been made to
fabricate useful nanoscale structures by controlled self-organization. Fascinating nanoscale
materials have been formed by condensing particles from a suspension [1]; and potential
device structures such as “quantum dots” have been made via self-organization on a surface
[2] or in stacked layers grown sequentially [3].

Here we report self-organization of a nanostructured electronic material in a continu-
ous growth process. Specifically, we theoretically predict and experimentally observe self-
assembly of a superlattice (i.e. a periodically layered structure) during continuous growth of
a strained alloy. Such superlattices have wide application in optoelectronics, and potential
applications as novel thermoelectrics [4].

Superlattices are generally grown by alternate deposition of two materials. The possi-
bility of “natural” superlattices has been suggested previously, based on layered structures
seen in epitaxial growth of alloys that are unstable against spinodal decomposition [5]. How-
ever, only one instance of well-organized growth has been reported in such systems [6], and
theoretical explanations remain speculative [7,8].

Here we address self-organization induced by strain rather than by spinodal decom-
position. Strain arises when the deposited material accommodates itself to the (slightly
different) lattice constant of the substrate. We propose a detailed theory based on the well-
established understanding of epitaxial growth. For “step-flow growth”, the theory predicts
that spontaneous superlattice formation is a quite general phenomenon.

Our conclusions are supported by our experimental observation of spontaneous superlat-
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tice formation in SiGe, a system which has no tendency toward spinodal decomposition. If
such growth can be controlled and optimized, it will provide a simple and efficient way of
producing nanostructured materials with novel electronic and optical properties. Such ma-
terials could have a variety of applications, even if they are far less perfect than superlattices
grown by the traditional painstaking approach.

Some periodic modulation of alloy composition is occasionally seen in semiconductor
growth, due to artifacts of the experimental procedure. These may include rotation of the
wafer under a nonuniform flux of material, or periodic variations in growth temperature
as the heater cycles on and off. Thus truly self-organized modulations could be easily
overlooked. Here we are able to rule out all known experimental artifacts, providing strong
evidence for the theoretical interpretation. The generality of the effect suggests that such
composition variations may also be a common unintended occurrence in growth of alloy
layers, with the potential to degrade device performance.

We sketch the main aspects of the theory before describing the theoretical and experi-
mental results. Semiconductor devices are typically grown on a “vicinal” surface, a staircase
of atomically flat terraces separated by atomic-height steps. Atoms are deposited on the
surface (by evaporation or vapor decomposition), and they diffuse as “adatoms” on the
terraces. Step motion arises from attachment or detachment of these adatoms at the step.

The adatom density on a terrace obeys the diffusion equation, subject to boundary
conditions of equilibrium at the steps. (We do not include any step-edge diffusion barriers.)
Solving this equation we find the current of adatoms. The discontinuity in this current at a
step gives the net attachment or detachment rate, and hence the step velocity. The physics
of strain and alloying enters solely through the composition-dependent chemical potential at
the steps, which determines the local adatom density and hence the adatom diffusion, step
motion, and crystal growth [9-11].

Recently Liu et al. [12] showed that such growth leads to periodic patterns of step bunches
on the crystal surface. Here we consider growth of an alloy, in which the elements differ

in their size and surface mobility. The step bunches affect the surface elastic field, giving
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different strains at different steps. The smaller adatoms will be incorporated preferentially
at steps having relatively compressive strain, and larger adatoms at relatively tensile steps
[10,13]. In addition, steps having lowest absolute strain are favored overall, and atoms of
the more mobile species can more readily reach these preferred steps [11].

The result is an ordered pattern of composition modulation, as shown in Fig. 1. We
believe that this is the first actual calculation showing spontaneous superlattice formation
in any system. Note the remarkable regularity of the structure, which appears to be inde-
pendent of initial conditions and robust against noise.

The equations describing alloy decomposition are nonlinear, and so inherently difficult
to solve. We therefore consider the limit of only a small difference in size and/or mobility
between the alloy elements, so that we can linearize the problem. In this case, and making

use of prior results [10,11], we can write the evolution of surface morphology as

Um =

(um+1 - um-l) + 33 @m o (1)

B =t

Here U, = (zm/Lay) — m — F't is the step displacement, written for convenience in dimen-
sionless units, relative to an ideal train of equispaced steps; z,, is the actual step position;
L., is the average step separation (fixed by the surface “vicinal angle”), and F' the total
incident flux (the growth rate) in monolayers per unit time. The corresponding dimension-
less step velocity is u,, = du,,/d7, where 7 = F't is the dimensionless time. For an alloy of
two components, indexed by the subscript v, A, = [exp(f, — E,/kT)D, M&*Bh/FkT]*/?] Ly,
characterizes the strain-driven diffusion for component v. Here fi, is the average chemical
potential, E, and D, are the energy and mobility of an adatom of component v, T is the
temperature, M is the product of the atomic volume and an elastic constant, & is the misfit
strain, B is a ratio between elastic constants, and A is the step height. Only the average

X = (X, 4+ A_,)/2 enters Eq. (1), where the subscript —v denotes the component other than

v. Finally,

@m — Sm+1 - Sm _ Sm - vYm-1

y
um+1_um+1 Um — Um-1 + 1




where S;m = Yosm (Um +m —up — n)_1 — B3t (Um +m —up — n)"s, and lp is the
minimum-energy distance between two isolated steps, in units of L,.

The dynamical evolution of the surface morphology is determined by numerical integra-
tion of the step velocity, Eq. (1). The behavior is controlled by two parameters, lo and ).
These reflect respectively the short-range strain around the step (due to details of atomic
structure) and the long-range strain field (because the step changes the elastic boundary
condition for the misfit strain).

The alloy decomposition at the steps is given by

Ac, = &,e_,a, ¥ [I - 7:\3A]—1 . (2)

Here Ac, gives the deviation from the average composition ¢,. Its mth component refers

to step m. The mth component of ¥ is X9, /(1 + Up); Iis the identity matrix; and A

is a cyclic tridiagonal matrix with Ammi1 = £ (1 + %) (Umsr — tm £ 1) and A =
—(Amm+1 + Amm-1)- A detailed derivation of these results will be given elsewhere.

Given the surface morphology, there are two important (and competing) terms which

determine the alloy decomposition. The difference in size and mobility of the two species

are reflected in
a, = Ag, JE + 3A)\u/5\ , (3)

where Ag, /£ is the fractional misfit difference, with Ae, = (a-, — a,)/ao, a. and ag being
the lattice parameters of component v and of the substrate, respectively; and A, /X is the
fractional difference in mobility, relative to the average, where A, = A\, — A_,. For small
differences, the degree of decomposition is directly proportional to a. Note that the effects

of atomic size and mobility difference can add or partially cancel, depending on the relative

signs {11].

The other important parameter is




This acts in the opposite way from ¢, to suppress decomposition. Here g, is the second
derivative, with respect to composition, of the free energy of mixing of the alloy. As long as
the alloy is stable against spinodal decomposition, ¢! > 0 and so v > 0. ‘The larger 7 is, the
smaller the decomposition Ac,. Other factors being equal, the alloy decomposition will be
largest in syste;ns where the critical temperature T, for spinodal decomposition is not far
below the growth temperature T, sincey —» 0 as T — T..

An example of the calculated growth is shown in Fig. 1, for Iy = 0.192 and X = 0.446.
Increasing the growth rate reduces ), giving smaller bunches [12] and hence a shorter su-
perlattice period. The simulation included 120 steps, with periodic boundary conditions to
eliminate end effects. The vertical axis in Fig. 1 has been exaggerated for clarity. The violet
and red regions are enriched in one or the other component, while the yellow regions have
composition close to the average value.

Because of the combination of short-range and long-range strains around each step, the
total strain (and hence the chemical potential) is higher at the top and bottom of a step-
bunch, and lower in the middle. The more mobile atoms are more successful at reaching
the favored mid-bunch sites, and so are preferentially incorporated there. The atomic size
similarly biases the incorporation of the two types of atoms - e.g. for compressive stress, the
strain is relatively less compressive in mid-bunch, favoring incorporation of the larger atoms
there.

Note that in Fig. 1 the superlattice is misoriented in relation to the crystallographic plane
(horizontal direction) by an angle which is comparable to the surface vicinal angle, but in
the opposite direction. This is due to the complex step dynamics, in which free steps are
continually ejected from the base of some bunch and then captured by the adjacent bunch
[12].

We have repeated the simulation for several values of 4. In general the pattern of the
decomposition reflects the surface morphology, and so is unaffected by . However, v has
a strong effect on the magnitude of the decomposition. Near the critical temperature T

for spinodal decomposition, v is small and the decomposition is quite large. However, it is
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difficult to evaluate « for specific real systems, because T is not accurately known.

In Fig. 2 we show a cross-sectional Transmission Electron Microscope (TEM) image for a
Sig.84Geg.16 alloy grown by MBE on Si(001) at 380°C, along with X-ray diffraction data. The
superlattice modulation is clearly visible, despite the “noisiness” of the image. (Viewing the
image obliquely from the side enhances the clarity.) The X-ray diffraction provides a more
quantitative measure. Fach peak in the diffracted intensity indicates the presence of some
composition modulation with the period indicated. Comparison with calculated diffraction
intensities indicate that the composition modulation between layers is on the order of 10%.
We conclude that the sample has multiple domains, and that each peak originates in a
distinct region having that periodicity.

Note that the separation between the principal diffraction peaks in Fig. 2 corresponds
to an integer number of atomic double-layers (~2.7A). This is consistent with the proposed
mechanism. The average bunch size may vary across the sample due to small differences in
local surface miscut, flux or temperature. But bunches can differ only by integer numbers
of steps; and if bunches of different size coexist they tend to “phase separate” into separate
regions of uniform bunch size [12]. Such regions will have periods differing by integer numbers
of atomic layers. (SiGe is well known to show step “pairing”, and the dominant spacing in
Fig. 2 corresponds to the bilayer step height.) We know of no artifacts (such as wafer
rotation) which could cause such a sequence of peaks, with spacings tied to the step height.
This is strong evidence that the experiment reflects the same mechanism for spontaneous
superlattice formation as in our simulations.

There is still much to be understood in this problem. We have not yet identified the
precise experimental conditions for reproducibly growing superlattices. And the quantitative
predictions of the theory will be affected if we include other effects such as diffusion barriers,
step permeability, and other step-repulsion mechanisms. But none of these effects will
eliminate the basic morphological self-organization, and fesulting periodic modulation of

the alloy composition. These appear to be very robust effects, as long as growth takes place

1n the step-flow mode described.
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FIGURES

FIG. 1. Cross-sectional view of decomposition for simulation with A = 0.446 and I, = 0.192.
The vertical axis has been exaggerated for clarity. The violet and red regions are enriched in

one or the other component, while the yellow regions have composition very close to the average

composition.

FIG. 2. Measurements for a Sig g4Geg 16 alloy grown on Si(001). (2) TEM image. Image is 1450
A x 1450 A, with fhe top edge toward the growth surface. Despite “noise”, horizontal layers with
spacings around 3 nm are clearly visible. (b) X-ray diffraction intensity (from 6-26 scan), versus
periodicity (from X-ray wavelength A and scattering angle #). The arrows indicate successive major

peaks differing by the bilayer step height.
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