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Abstract

Deformation mechanisms of a fully lamellar TiAl (γ lamellae: 100 ~ 300Ênm thick, α2 lamellae:
10 ~ 50 nm thick) crept at 760¡C have been investigated.  It was found that, as a result of a fine
structure, the motion and multiplication of dislocations within both γ and α2 lamellae are limited at
low creep stresses (< 400 MPa).  Thus, the glide and climb of lattice dislocations have insignificant
contribution to creep deformation.  In contrast, the motion of interfacial dislocations on γ/α2 and γ/γ
interfaces (i.e. interface sliding) dominates the deformation at low stresses.  The major obstacles
impeding the motion of interfacial dislocations was found to be lattice dislocations impinging on
lamellar interfaces.  The number of impinging lattice dislocations increases as the applied stress
increases and, subsequently, causes the pileup of interfacial dislocations on the interfaces.  The
pileup further leads to the formation of deformation twins.  Deformation twinning activated by the
pileup of interfacial dislocations is suggested to be the dominant deformation mechanism at high
stresses (> 400 MPa).

Introduction

Two-phase [TiAl (γ)-Ti3Al (α2)] TiAl alloys have recently attracted more attention than
single-phase γ-TiAl alloys because of their superior combination of room-temperature mechanical
properties.  Great efforts have been made to improve the creep resistance of two-phase TiAl alloys
through alloy design and microstructural optimization.  By controlling thermomechanical
treatments, three different types of microstructures [equiaxed, duplex, and fully lamellar (FL)] have
been developed [1].  It is well known that the creep resistance of two-phase alloys with a FL
microstructure is better than that of the alloys with equiaxed and/or duplex microstructures [1-4].
Also, the creep resistance of powder metallurgy FL-TiAl alloys is superior to that of ingot
metallurgy FL-TiAl alloys as a result of a refined lamellar microstructure [2].  Although a
significant progress has been made in improving the creep resistance of TiAl alloys, little is known
about the underlying creep mechanisms.  Several studies on the creep behavior of FL-TiAl alloys
have been made [3,5], only a few of the creep models have considered the contribution of interface
sliding.  The motion of interfacial dislocations was recently demonstrated to play an important role
during the creep of FL-TiAl [6-8].

In a manner similar to other TiAl alloys, creep of fully lamellar FL-TiAl alloys revealed two
distinct regimes, i.e. low stress (LS) and high stress (HS), as shown in Fig. 1 [8].  A nearly linear
creep behavior was observed in the LS regime (< 400 MPa), i.e. ε̇ = K¥σn and n = 1.2 ∼ 1.6, and a
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power-law creep behavior with n = 6.7 ∼  10.1 in the HS regime (> 400 MPa.).  An apparent
activation energy Q of 160.4 kJ/mole was also obtained [8].  This value is much lower than the
activation enthalpy (Qv = 295 kJ/mole [9,10], 330 kJ/mole [11]) for lattice diffusion of Ti in γ-
TiAl.  However, it is close to the activation enthalpy for diffusion of O in γ-TiAl (177 kJ/mole)
[12], O in Ti (168 kJ/mole) [13], O in Ti-6Al-4Zr-2Mo-2Sn (167.2 kJ/mole) [14], and C in Ti
(127.6 kJ/mole) [15].  Also, the value is also close to the activation enthalpy for dislocation core
diffusion (Qc/Qv ≈ 0.6, i.e. 177 ∼  198 kJ/mole).  This result indicates that the dislocation climb
assisted by lattice diffusion within γ laths is probably not responsible for the creep deformation of
refined FL-TiAl at low applied stresses.  The purpose of the present investigation is to correlate
creep behavior with deformation (interfacial) substructure to elucidate further the creep
mechanisms of refined FL-TiAl.

Experimental

A FL-TiAl alloy with a nominal composition: Ti-47Al-2Cr-2Nb (in at. %) was used for this
study.  The alloy was fabricated by a hot-extrusion of gas-atomized titanium aluminide powder at
1400¡C.  The interstitial impurities [in parts per million (ppm) by weight] of the alloy are O: 780;
N: 40; C: 260.  Test specimens with a gauge dimension of 24.4 x 5.08 x 1.52 mm were prepared
from the annealed alloy by electrical discharge machining.  Creep tests were conducted in a dead-
load creep machine with a lever arm ratio of 16:1. Tests were performed in air in a split furnace
with three zones at 760¡C.  Detail information regarding the creep experiment and experimental
data was reported elsewhere [2,8].  For current study, the deformation substructures of two tested
specimens [one crept at a stress of 138 MPa (creep strain: ∼ 0.25%) in the LS regime, and the other
crept at a stress of 518 MPa (creep strain: ∼ 3.6%) in the HS regime] were investigated. TEM foils
were prepared by twin-jet electropolishing in a solution of 60 vol. % methanol, 35 vol. % butyl
alcohol and 5 vol. % perchloric acid at ∼ 15 V and Ð30¡C. The microstructures of the crept alloys
were examined using a JEOL-200CX transmission electron microscope equipped with a double-tilt
goniometer stage.  Images of dislocations were recorded using a weakÐbeam dark field (WBDF)
imaging technique under g (3g) diffraction conditions.
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Fig. 1 Plots of steady state creep rates versus applied stress at testing temperatures between 650
and 815¡C [8].

Results and discussion

Microstructure of As-Fabricated Alloy

A typical edge-on lamellar microstructure of the as-fabricated alloy is shown in Fig. 2 (left).
The thicknesses of lamellae were measured to be in the range of 100 ∼  300 nm and 10 ∼  50 nm for
γ and α2, respectively. A WBDF image showing the dislocation substructure of the alloy is shown
in Fig. 2 (right). Both lattice dislocations (LD hereafter), formed within γ lamellae, and interfacial
dislocations (ID hereafter), formed on lamellar interfaces, can be readily seen.  Evidently, the
population of ID is much greater than that of LD.  Here, LD includes both threading dislocation
(i.e. dislocation terminates on the lamellar interfaces) and free dislocation (i.e. dislocation which is
physically distant from the lamellar interfaces).  It is noted that the density of threading dislocation
is greater than that of free dislocation.

      

Fig. 2 Dark-field images showing typical dislocation substructures observed from an as-fabricated
alloy sample; (left) edge-on view, and (right) tilt view.

Creep Deformation in the Low Stress (LS) regime

Deformation in a lamellar alloy is, in principle, caused by the multiplication and motion of ID
and LD.  Since α2 is stronger than γ, and also the volume fraction of α2 lamella is small (≤ 10%),
deformation by the motion of LD is expected to occur mainly in the γ lamellae.  Furthermore, due
to the short moving distance of free dislocations the motion (bowing) of threading dislocations
contributes primarily to deformation within the γ lamellae.  In general, an applied shear stress must
exceed the critical resolved shear stress in order to bow the threading dislocations.  The critical
resolved shear stress (τb ≈ µb/d) is dependent upon the thickness (d) of γ lamellae.  Taking µ = 59
GPa (at 760¡C), b = 0.28 nm, and d = 100 ~ 300 nm, the critical resolved shear stress is calculated
to be τ b = 55 ~ 165 MPa.  Thus, the applied stress (σ  ≈  2τb) required to bow the threading
dislocations is estimated to be greater than 110 ~ 330 MPa.  Taking into account the fact that the
motion and multiplication of LD in both γ and α2 lamellae are limited in the LS regime, as a result
of the refined lamellae, the motion of pre-existing ID is expected to become important to
deformation.  It is worth noting that the cooperative motion of ID in FL-TiAl deformed at room
temperature has been observed previously in an in situ straining experiment [7].  We now present
an indirect evidence of the motion of ID in FL-TiAl creep deformed at 760¡C.

The interfacial substructure of a soft lamellar grain (oriented nearly ∼ 45¡ with respect to the
stress axis) in a sample crept at 138 MPa is shown in Fig. 3 (left).  The appearance of fringe
contrasts trailing along ID can be readily observed.  The fringe contrasts can be best viewed when
2πg •  R = 2/3 or 4/3, where g is the reflection vector and R (= 1/3[111]) is the displacement vector
of stacking fault in γ lamella; this suggests the formation of stacking faults on the wake of ID.  The
triangular features are presumably formed by the motion of three sets of ID arrays with Burgers
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vectors: 1/6[1 12], 1/6[12 1] and 1/6[2 11].  The formation mechanism is schematically illustrated
in Fig. 3 (right), where the equilibrium γ/α2 interface resulted from both ID motion (pure shear)
and chemical diffusion is lagging behind the non-equilibrium interface created solely by the motion
of ID.  Here, a stacking fault is formed as the first Shockley partial, 1/6[1 12], glides along the
interface, but is terminated by the glide of the second Shockley partial, 1/6[12 1].  Then, another
stacking fault is formed as the third Shockley partial, 1/6[2 11], glides along.

   

Fig. 3 (left) A WBDF image showing the appearance of fringe contrast trailing along ID on γ/α2
and γ/γ interfaces, (right) a schematic illustration of the migration of γ/α2 interface resulted from
the cooperative motion of ID and chemical diffusion.  Notice that the equilibrium interface is
lagging behind the non-equilibrium interface generated by a pure shear.  The triangular fault
ribbons resulted from the motion of three different Shockley partials are also illustrated.  The
letters A, B and C stand for the stacking sequence.

It is noted that the highly populated ID and stacking faults on lamellar interfaces are expected
to be the preferential sites for solute or impurity segregation.  In fact, experimental evidence of
solute segregation to γ/α2 and γ/γ interfaces has recently been reported [16].  These solute
segregants can act as short-range barriers for the motion of ID, in a manner similar to that of
Cottrell atmosphere and Suzuki effect [17]; this results in the viscous glide of ID.  The steady state
creep rate may be described using the Orowan equation given below:

ε̇  = Φ ρm b v (1)

where Φ is a geometrical factor (for isotropic polycrystals: inverse of Taylor factor, for single
crystal: Schmid factor), ρm is the density of mobile dislocations, b is the Burgers vector, and v  is
the average dislocation velocity.  Since the multiplication of lattice dislocations within refined γ
and α2 lamellae is very limited when the material is deformed at low stress, the glide of pre-
existing ID arrays becomes the predominant deformation mechanism.  That is, the mobile
dislocation density (ρm) is approximately equals to the density of ID.  Under small creep-strain, low
creep stress and strain-rate, it is plausible to assume that ID arrays are moving with a constant
spacing so that the density of mobile dislocations is insensitive to the applied stress, i.e. ρm ≠ F (σ).
Accordingly, the steady state creep rate ( ε̇ ) is mainly controlled by the average velocity ( v ) of ID
arrays [i.e. ε̇  = F ( v )], which are considered to be drifting with the pinning solute (impurity) atoms
at low applied stresses.

Let there be m  solute atoms per unit length of dislocation line which effectively pin a
dislocation line. When a unit length of LD drifts one atomic distance under an external stress σ, the
estimated drift velocity of the dislocation line is of the order [17,18]:
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v  = (σb3ν/mkT) exp (S/k) exp (-Q/kT) (2)

where ν  (~1012/sec) is the average vibration frequency of the dislocation line, S is the entropy of
activation for the motion, and Q is the activation energy associated with the jump of a pinning
atom.  It is seen that the average dislocation velocity is linearly proportional to the applied stress.
Consequently by combining Eqs. (1) and (2), a linear creep behavior [i.e. ε̇  ∝  σn exp (-Q/kT),
where n =1] is predicted provided all the mobile dislocations located on the interfaces are pinned
by solute (impurity) atoms and no dislocation multiplication takes places.  The slight deviation of n
values from unity may be caused by dislocation multiplication on interface occurred as a result of
dislocation pile-up [6,7], this event is expected to become more significant as creep strain and
applied stress increase.  For example, the stress due to a pile-up of n dislocations at a distance λ
from the head of the pile-up is given approximately by [17,19]:

σ = µnb/πηλ (3)

where η = 1 or 1-ν for screw or edge dislocation, respectively.  Since n/λ ≈ ρm, thus

ρm ≈ πησ/µb (4)

That is, when pile-up occurs, ρm = f(σ), and the dislocation density proportionally increases with
increasing shear stress.  By inserting Eqs. (2) and (4) into Eq. (1), thus ε̇  ∝  σ2 exp (-Q/kT), i.e. n =
2  is obtained.  Thus, the slight deviation of n from unity may be attributable to occurrence of local
dislocation pile-up during the motion of interfacial dislocations at applied stresses < 400 MPa.  In
summary, the nearly linear relationship between strain rate and stress, and the fact that the
activation energy is close to that for impurity or solute diffusion suggest that viscous glide of
interfacial dislocations is the dominant deformation mechanism at low applied stresses.

Creep Deformation in the High Stress (HS) Regime

During the sliding of lamellar interfaces, the glide of ID is mainly impeded by impinged LD.
A typical example is shown in Fig. 4.  Here, a dislocation network formed by the reaction between
impinged LD and intrinsic ID can be readily observed on a γ/α2 Interface.  Also noted is the
mobility of ID suddenly decreases at site C and results in dislocation pileup.  The occurrence of LD
impingement on lamellar interfaces is expected to increase when the applied stress increases, i.e.
more dislocation pileups would be formed at higher applied stresses.

Deformation twinning was found to be an important deformation mechanism when the alloy
was creep deformed at stresses greater than 400 MPa.  An example is given in Fig. 5 (left).  Here,
the (111) [211]-type deformation twins (DT hereafter) formed within γ lamellae in a specimen
crept at 518 MPa.  It is noted that one of the twin lamellae was still growing between two lamellar
interfaces, and its growth would be eventually terminated by the lower interface.  This observation
suggests that lamellar interfaces are preferred nucleation sites for DT, presumably resulting from
the high local stresses caused by the pileup of ID.  That is, deformation twinning in FL-TiAl is a
result of stress relaxation along the interfaces [6,20,21].

The stress concentration (τe) at the tip of the pileup of n dislocations can be estimated by
τeÊ=Ênτi, where τi is the resolved shear stress acting on the lamellar interface.  To relieve the stress

concentration, the (111)-type twins are nucleated from the interface by successive dissociation
reaction of ID: 1/6[121](111) →  1/6[011](100) + 1/6[112 ]( 111).  This dislocation reaction for
twinning is schematically illustrated in Fig. 5 (right), where 1/6[112] is the twinning dislocation on
(111) plane and 1/6[011] is the stair-rod (residual) dislocation on (100) plane.  It is anticipated that
the dislocation reaction 1/6[112 ]( 111) + 1/6[12 1](111) → 1/6[01 1](100) could also take place when
the twin lamella impinges onto the lamellar interface.  This reaction again results in the formation
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of 1/6[01 1] stair-rod dislocations on the interface.  The formation of stair-rod dislocations at the
junctions between DT and lamellar interface is demonstrated in Fig. 6, where the array of 1/6[011]
stair-rod dislocations becomes invisible [Fig. 6 (left)] and/or visible [Fig. 6 (right)] when the
reflection vectors (g) of 200 and/or 012 are used for imaging.  Note that the stair-rod dislocations
can not be resolved individually because of an extremely short distance (0.25 nm) between stair-
rod dislocations.

Fig. 4 A WBDF image showing that the motion of interfacial dislocations is impeded as a result of
the formation of dislocation nodes (junctions) due to the reaction between impinged LD (stronger
contrast) and intrinsic ID (weaker contrast).

Fig. 5 (Left) A bright-field TEM image showing several (111) type DT formed within γ lamellae.
Notice that one of the twin lamellae was growing between two lamellar interfaces (marked by an
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arrow).  (Right) Schematic illustration of the nucleation of a (111) type DT from a γ/α2 interface,
where b1, b2, and b3 denote the interfacial, stair-rod, and twinning dislocations, respectively.

Based on the above observations, it is proposed that the twinning process activated by the
pileup of ID is the dominant creep mechanism in the HS regime.  In this case, the creep rate ( ε̇ )
may be, in principle, expressed by

ε̇  = M ( N
•

•∆t) L b v (5)

where, M is the number of twin sources per unit volume, ( N
•

•∆t) is the number of twinning
dislocations emitted from a twin source, L is the length of twinning dislocation, b is the length of

Burgers vector, and v is the average velocity of twinning dislocation.  Quantitatively, M, N
•

, and v
in the equation are dependent upon the applied stress and initial microstructure.  A rigorous
quantitative creep model based upon the twinning process is currently underway.

Fig. 6 Paired WBDF images showing the existence of 1/6[011] stair-rod dislocations at the
intersections (indicated by arrows) between the (111) type DT and a α2 lamella. (Left) Invisible at
g = 200 (g•b = 0), (right) visible at g = 021, Z (zone axis) ≈ [012].

Summary

Creep mechanisms of FL-TiAl with a refined lamellar microstructure (γ lamellae: 100 ~
300Ênm thick, α2 lamellae: 10 ~ 50 nm thick) have been investigated.  In the low stress regime (<
400ÊMPa). the motion and multiplication of lattice dislocations are limited because the refined
lamellar spacing, a cooperative motion of interfacial dislocations (i.e. interface sliding) is proposed
to be the dominant deformation mechanism.  During the sliding of lamellar interfaces, the motion
of interfacial dislocations is interrupted by the impinged lattice dislocations on the interfaces and
results in the pileup of interfacial dislocations.  This is a prevalent process especially at high
stresses.  To relieve stress concentration at the head of dislocation pileup, (111)-type deformation
twins are observed to emit from the interfaces through the dissociation reaction of interfacial
dislocations: 1/6[121](111) → 1/6[011](100) + 1/6[112 ]( 111).  It is thus suggested that deformation
twinning activated by the pileup of interfacial dislocations is the dominant deformation mechanism
in the high stress regime (> 400 MPa).
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