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By adding thermotropic polymer liquid crystals (PLCs) to 

engineering thermoplastics (EPs), one can improve properties 

of the latter. PLCs are blended with thermoplastic mainly to 

reinforce mechanically the matrix polymer or to improve its 

dimensional and thermal stability. PLCs typically form several 

phases, and so do PLC-containing blends. By definition, at 

least one liquid crystalline phase has to appear in PLCs and 

sometimes, there are several such phases. Our particular 

approach consists of first determinating the appropriate phase 

diagram, and then defining the processing conditions. Transi-

tion temperatures were studied using differential scanning 

calorimetry, thermal mechanical analysis and dynamic mechani-

cal thermal analysis. The complete phase diagram for a series 

of copolymers of PET/xPHB, where PET = poly(ethylene terephth-

alate) and PHB = p-hydrobenzoic acid was constructed. Similar-

ly the phase diagram of blends of polycarbonate + PET/0.6PHB 

system was defined. The new quasi-liquid phase was studied. 

Partial phase diagrams for poly(butylene terephthalate) + 

PET/0.6PHB, polypropylene + PET/0.6PHB, and poly(vinylidene 



fluoride) + PET/0.6PHB up to 20 weight % were also construct-

ed. 

Tensile properties, namely the elastic modulus, tensile 

strength, percent of elongation at yield and at the break were 

determined for the pure components and blends. The results are 

connected to the respective phase diagrams and demonstrate 

that blending makes property manipulation possible. Blends for 

which the mechanical properties are better than those of pure 

EPs can be obtained. 
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CHAPTER I 

PROPERTIES OF POLYMERS LIQUID CRYSTALS: CHOSSING 

MOLECULAR STRUCTURES AND BLENDING 

1.1 Types of Polymeric Materials 

Since this research is concerned with polymer-based 

materials, it is convenient to start with a list of the types 

of such materials commonly in use. Brostow (1) has included 

the following: 

* Flexible polymers, such as polysiloxanes, poly(vinyl 

ether), polyphosphazines, and some common ones such as 

polyethylene. 

* Semiflexible polymers, such as poly(p-phenylene 

terephthalamide) - better known as Kevlar, or cellulose 

derivatives. 

* Rigid polymers, such as poly (p-phenylenebenzobisthiazole) 

or polyphenyl. 

* Heterogeneous composites which include plastics 

reinforced with rigid fibers such as glass or carbon, 

with glass beads, and with coarse and/or fine particles 

such as silicon carbide. 

* Molecular composites which consist of representatives of 

two of the classes named above, i.e., rigid and 

flexible ones, mixed at the molecular level. 

* Polymer liquid crystals (PLCs) and PLC blends. 

1 
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The advantages and disadvantages of each of these types 

are summarized in ref. 1; a very brief survey is given below. 

Flexible polymers are easy to process, but without a 

reinforcement they cannot carry large compressive loads 

without loss of form and structure. Such materials, moreover, 

have proved to possess insufficient tensile or impact 

strength. 

Semiflexible polymers are stronger, but more difficult to 

process; they can be dissolved only in unusually corrosive and 

expensive solvents. 

Rigid polymers require similar or even more demanding 

processing conditions. That leaves only three types of 

polymer-based materials, each of which contains a different 

kind of reinforcement, i.e., heterogeneous composites, molecu-

lar composites and polymer liquid crystals. 

From studies in basic materials science and engineering 

(2), it is known that in fiber composites, the components 

perform different functions: a fiber carriers load while a 

matrix distributes load. In the past, fiber and particulate-

containing polymeric materials were simply called composites. 

However in 1988, the name heterogeneous composites (HCs) was 

proposed (3) to distinguish them from the molecular composites 

(MCs) as defined by Helminiak et al. (4,5). Heterogeneous 

composites typically exhibit large differences which depend on 

the nature of the fibers and the matrices used in their 

formation. In these materials maintainance of sufficient 
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adhesion is often a problem and cases of fiber pullout and 

delamination are well known. Problems of creep, fracture 

initiation and failure in fiber composites have been reviewed 

by Piggott (6) and also by Jansson and Sundstrom (7) . Hetero-

geneous composites can be improved by creating better bonding 

between the reinforcement and the matrix. 

Molecular composites, since they contain rigid polymers, 

have the processing problems as pure rigid polymer systems: 

the necessity of using strongly corrosive solvents, which are 

also fairly expensive. This is in stark contrast to the 

simplicity of processing flexible polymers from melt, or even 

to usual solution processing when the solvents are "innocent" 

liquids, such as toluene. Although this situation might 

change, the world volume of MCs made and used is not very 

large. 

The last type of polymeric materials is the polymer 

liquid crystals. They are, of course, stronger than fully 

flexible polymers. They do not have the processing difficul-

ties of semiflexible or rigid polymers, or MCs. In PLCs the 

problem of insufficient adhesion between reinforcement and the 

matrix is eliminated from the start, since the rigid and 

flexible sections are connected through primary chemical 

bonds, an evident advantage over HCs. It should be pointed out 

immediately, however, that PLCs also have a major drawback in 

that; they are fairly expensive. The objective of this study 

is the blending of PLCs with ordinary engineering polymers in 
* 
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such a way that the beneficial properties of PLCs are pre-

served to a large extent while the cost is lowered consider-

ably. Thermal and mechanical properties of blended PLCs still 

remain to be investigated and they are study in this work. 

1.2 Liquid Crystals 

Liquid crystals represent a state of matter that is 

intermediate between disordered amorphous liquid and ordered 

crystalline solid phases. Thus, they exhibit the mobility of 

liquids and the optical properties of solids (8). The mole-

cules of liquid crystals are less ordered than those in a 

crystal but more ordered than those in a liquid. 

Liquid crystals can be divided into two categories as a 

function of their molecular mass: monomer liquid crystals 

(MLCs), irrespective of the fact that these monomers can be 

polymerized, and polymer liquid crystals (PLCs). This conve-

nient terminology is due to Samulski (9). Materials in which 

liquid crystalline phases properties are induced by the 

presence of solvent are called lyotropic. Compounds (predomi-

nantly organic, but also organometallic) in which LC proper-

ties appear in defined temperature intervals are called 

thermotropic. Hsiao, Shaw and Samulski (10) found that liquid 

crystallinity can also be brought about by pressure elevation 

while, by analogy, Brostow (11) proposed calling such LCs 

barotropic. Their existence is not surprising, since pressure 

and temperature changes produce similar (although not identi-

cal) effects in terms of affecting free volume. 
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Since most of the interesting applications of LCs involve 

those of the thermotropic type, lyotropic and barotropic 

systems are omitted from further considerations. 

Thermotropic liquid crystals may be classified according 

to the symmetry of their phase structures. This scheme 

distinguishes the following classes: nematic, cholesteric, and 

a variety of smectic phases (2). Figure 1 (2) illustrates the 

molecular order of the nematic, cholesteric, and smectic C 

mesophase. The nematic liquids differ structurally from 

isotropic liquids in the spontaneous orientation of the 

molecules along their preferred axis in space (known as the 

director) thus maintaining a nearly parallel arrangement to 

each other. They are not exactly parallel because of thermal 

motion and also because of the possible presence of flexible 

constituents. The extent of parallelism or anisotropy factor 

s, is measured by the expression (12): 

s = 0.5 [<3COS20>-1] (1.2.1) 

Here 0 is the angle between the long axis of a molecule and 

the director; the angular brackets indicate the average value 

of cos2©. Thus, in a completely isotropic system s = 0 while 

in a perfectly aligned system s = 1. The value of s is 

strongly dependent on temperature and increases with decrease 

in temperature. In the nematic liquid the range of s values 

lies typically between 0.3 and 0.8 (13). The cholesteric 

liquid is a pile of nematic layers with continuous twist. The 
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Figure 1. Schematic diagram of molecular arrangements of 
thermotropic liquid crystals: a) Nematic; b) cholesteric; 
c) smectic C. (based on ref. 2) 

order parameter s in the cholesteric phase is assumed to 

be the same as in nematic liquids (13). The smectic structure 

is stratified, with the molecules arranged in layers, their 

long axis parallel to each other in layers and approximately 

normal to the plane of the layers. The planes can slide 

without hindrance over similar neighboring layers. There are 



7 

different kinds of smectic phases; for instance smectic A 

where the molecular centres lie on equidistant planes perpen-

dicular to the director. Smectic B phases have such planes, 

but there is an addition of two dimensional hexagonal lattice 

within each plane. In smectic C there is no hexagonal struc-

ture, and the director is titled with respect to the plane 

normal. The latter property distinguishes the phase C from A. 

1.3 Properties of PLCs 

Important properties of PLCs have been summarized before 

(1,14). The following are the most important for the work 

described here: 

* Compared to usual engineering thermoplastics, PLCs show 

clear superiority with regard to chemical stability. 

* PLCs show on the average lower flammability than do 

engineering thermoplastics. 

* Because of the reinforcement, PLCs have higher tensile 

moduli and overall better mechanical properties than non-

PLC polymers. This shows up clearly in experiments as 

well in computer modeling. 

* PLCs show very low isobaric expansivity (so called 

thermal expansion coefficient) or - depending on the 

direction - sometimes zero or negative expansivity. 

* PLCs also have low isothermal compressibilities. Some 

longitudinal polyesters (for the definition of longitu-

dinal PLCs see next Section) in the melt phase have 



8 

compressibility of about 60 % of the values for non-

liquid-crystaline polymer melts (15). 

PLCs are often easily processable with conventional 

processing equipment. This is an advantage not only over 

engineering thermoplastics, but even more over rigid 

polymers and some MCs. As mentioned above, the latter are 

soluble only in expensive and highly corrosive solvents. 

Moreover, addition of a PLC to an engineering thermoplas-

tic in some cases causes lowering of viscosity by several 

order of magnitude. The last statement should be taken 

with some caution, since curves of viscosity as a 

function of the liquid crystal concentration can show 

maxima as well as minima (16,17). 

For reasons discussed in the previous Section, PLCs can 

be oriented easily with shearing or electric fields. 

Anisotropy can be enhanced by melt processing by applica-

tion of electric fields, magnetic fields (18), drawing 

(19) or stretching (20). Polymer blends containing PLCs 

subjected to mechanical forces also acquire orientation, 

as shown by Springer and collaborators (21) for comb 

blends (for the definition of a comb structure see the 

following Section) of poly (methyl methacrylate) and 

polycarbonate. 

PLCs exhibit very interesting dielectric properties. 

Current and potential applications of PLCs, pure or 

blended, depend on their properties. 
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1.4 Classification of PLCs 

Molecular structures of PLCs are usually characterized in 

terms of the location of LC sequences. Thus one talks about 

main-chain PLCs in contrast to side-chain PLC polymers. The 

latter are also called comb liquid crystals. However, there 

are more possibilities than just these two. The first compres-

sive classification scheme that made possible a precise 

description and definition of the kind of PLC was proposed in 

ref. 22. Since then, chemists have contributed even more to 

the variety of PLC classes. Latin letters designating classes 

in the original classification (22) have been replaced by 

Greek ones in ref. 11; this is to avoid confusion with smectic 

phases, traditionally denoted by capital Latin letters. The 

scheme formulated in (11) is shown in Table I. As described 

below, differences in molecular structures can cause large 

differences in properties. 

* Class a, longitudinal liquid crystal polymers, originally 

called main-chain polymers. A new name was necessary to 

distinguish them from the classes P and X and the subclasses 

£R, £S and Xl. There are numerous examples of class a. One of 

the best known being a copolymer of poly(ethylene therephtha-

late) (PET) with p-hydroxybenzoic acid (PHB) obtained and 

studied by Jackson and Kuhfuss (17) . It will be denoted by 

PET/xPHB, where x is the mole fraction of the LC component. 

Vectra, manufactured by Hoechst-Celanese, is a copolyester of 

hydroxybenzoic and 6-hydroxy-2-naphthanoic acids. 
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TABLE I 

CLASSIFICATION OF POLYMER LIQUID CRYSTALS ON THE BASIS OF 
STRUCTURES 

H H H r ~ 
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(based on ref. 11) 

Lenz (23) studied longitudinal polyesters in which the rigid 

LC groups are connected with either by rigid or flexible non-

LC spacers. He and his collaborators try to delineate the 

relationships between molecular structures and properties, in 

particular the types of phases formed. Polyesters with azo and 

azoxy groups (24,25), including a series of azoxybenzene 
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polyesters were also studied systematically by Blumstein and 

Blumstein (26). 

* Class P, orthogonal LC polymers. As with class a, they 

also contain LC groups in the main chain however, these groups 

in P PLCs are approximately perpendicular to the backbone 

structure. Two kinds of such polymers were obtained in Mainz 

(27), they are based on siloxane chains and are based on 

polyesters. In this second series it appeared that crystalline 

and LC regions coexist until the clearing temperature is 

reached. 

* Class y, star PLCs. In contrast to polyesters in class P 

which are monotropic, polymers in class y are enantiotropic. 

Monotropic materials can only go from unstable to stable 

modifications, while enantiotropic ones may undergo reversible 

transitions between different stable modifications. An 

interesting study of the effects of the length of the flexible 

spacer in the backbone on the dielectric properties was 

reported by Kresse and coworkers (28). 

* Class £, discotic polymers. A variety of such molecules 

have already been synthesized, including polysiloxanes, 

polyamides and polyesters. These materials exhibit low 

molecular mobility. Three subclasses are recognized in ref.11. 

Subclass £S, with single discs in the main chain and a 

soft spacer between them. 

Subclass £r, also with single discs in the main chain 

but with rigid spacers. 
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Subclass ^M, with a multiple discs in the center. 

Lattermann (29) has obtained two instructive examples of 

this subclass. One has a central core, either a benzene 

or a cyclohexane ring, connected via ester groups to 

three further cores, and on each of the latter there are 

three decyloxy chains in positions 3, 4, 5. Given the 

length of the chains, these materials could be classified 

as MLCs, but there is no fundamental obstacle to making 

such PLCs with a high molecular masses. 

* Class e, combs or e-shaped structures, with mesogens in 

the side chains. These were developed by Shibaev and Plate 

(30) by the introduction of a flexible spacer between the 

backbone and the liquid crystal segment. Subsequently, Zhou et 

al. (31) have shown that the flexible spacer is not necessary. 

The behavior of the combs in mechanical, electric and magnetic 

fields was reviewed by Shibaev (32) . There are three subclass-

es, as a function of the arrangement of the side chains: 

Subclass eO, combs with one row of side chains. These 

are also called "side-end-fixed polymers". Usually there 

is a flexible tail beyond the mesogen. Sometimes there 

are two tails " growing" out of the mesogen. 

Subclass £P, combs with a palisade the chains. A line 

drawn through the centers of gravity of the liquid 

crystal groups a has zigzag shape. 
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Subclass £D, with multiple mesogens including double or 

paired ones. A number of such PLCs with polysiloxane 

backbones have been obtained (33). 

* Class (j), disc-comb structures. Such polymer were synthe-

sized by Kreuder and Ringsdorf (34), with triphenylene 

derivatives as the discs. 

* Class K, inverse combs, that is, with rigid backbones and 

flexible side chains. 

* Class 0, parallel structures, in which the liquid 

crystalline groups are in the side chains and oriented 

approximately along the chain backbone. One can distinguish 

two subclasses, depending on the location of the mesogenic 

groups with respect to the backbone, since apparently confor-

mational transitions are difficult: 

Subcass 01, or simple parallel. 

Subclass ©2, biparallel structures. 

* Class A, mixed structures, where nematogens of different 

shape or orientation occur together. There are several 

possibilities, including: 

Subclass Al, in which the mesogens alternate between 

longitudinal and orthogonal positions with respect to 

the backbone. 

Subclass A2, in which disc-shaped and longitudinal 

mesogens alternate along the backbone. 

Subclass A3, in which disc-shaped and orthogonal mesogens 

alternate along the backbone. 
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* Class \|/, double or combined PLCs, with liquid crystal 

groups in the main chain and in the branches. Two subclasses 
* 

are possible according to the location of the side groups with 

respect to the backbone: 

Subclass yi, with the spacers attached to the flexible 

sections of the main chain. 

Subclass \|/2, with the spacers attached to the mesogens 

in the main chain. 

* Class a, PLC networks, with elastomeric properties. It 

should be noted that elastomers have been made from longitu-

dinal (class a) and one comb (subclass eO) as well as double 

(class \|/) PLCs. 

* Class co, conic molecules. Classes a-\|r could be planar, or 

nearly two-dimensional. Networks are three-dimensional, but a 

planar class a molecule is possible at least in principle. By 

contrast, molecules of class to must be three-dimensional. 

As already noted, this classification is useful because 

molecular structures of PLCs determine their phase structures 

and properties. 

1.5 Class a: Longitudinal PLCs 

Longitudinal PLCs are the most important for the present 

study; they have also been studied more extensively than other 

classes. The basic PLC studied in this work (PET/xPHB) belongs 

to this class (semiflexible, longitudinal); for this reason 

this class is discussed in more detail. 
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As mentioned before, in the longitudinal PLC the rigid, 

mesogenic moieties are connected together by flexible non-LC 

sequences, for instance, (CH2) and (CH2CH20) ; the resulting 

polymer is semiflexible. The phase behavior of these polymers 

can be systematically influenced by the chemical constitution 

of the mesogenic moiety and the length of the flexible non-LC 

spacer (35,36). 

These semiflexible polymers can have a regular sequence 

of rigid, mesogenic moieties and flexible connections, and the 

structure of the LC phase is determined by the mesogenic 

moieties within the main chain. Short flexible connections 

favor nematic phases, while longer connections favor smectic 

packing. Statistically irregular copolymers, where the length 

of the mesogenic moieties or lengths of the flexible non-LC 

spacers vary, tend to the nematic ordering. 

The longitudinal PLCs are normally crystalline or at 

least partially crystalline up to high temperatures, before 

.the appearance of the LC state. Because of the polydispersity 

of the polymers, broad crystalline-to-LC phase transformation 

regimes, where crystalline and LC polymer coexist, are 

observed. The same holds for the LC-to-isotropic phase 

transformation. Biphasic regions can be found over a tempera-

ture interval of up to some ten degrees. For many polymers in 

this class described in the literature, definite transition 

temperatures are given. In reality, the phase transformations 

are often broadly smeared out due to the polydispersity of the 
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polymers. In most cases the transformation temperature is 

simply given as the temperature of the maximum heat flow 

(determined from differential scanning calorimetry curves) 

without presenting information about the width of the biphasic 

region. 

Detailed information about the width of the biphasic 

region has been presented for a semiflexible polyester (35) 

having a heterogeneity index, M„/Mn, (M„ is the weight average 

molecular weight, and Mn is the number average molecular 

weight) between 2.1 and 2.2. The biphasic region strongly 

depends on the molar mass and becomes more narrow with 

increasing degree of polymerization, r. Investigations into 

the relationship between phase behavior and molecular struc-

ture for the semi flexible polymers (35,37) have led to the 

conclusion that, as r increases, the LC-to-isotropic phase 

transformation temperature increases; however, it remains 

unchanged for r > 10. These results indicate that increasing 

the length of the flexible non-LC spacer in the polymer 

backbone strongly enhances the mobility of the mesogenic chain 

segments; it also decreases the LC-to-isotropic phase trans-

formation temperatures and increases the tendency to smetic 

phases. In contrast, the phase transformation temperature has 

to be related to r for polymers with r < 10. 

The influence of the non-LC spacer length for semi-

flexible PLCs was confirmed by Lenz (36). A strong "odd-even" 

effect on the crystal nematic and nematic isotropic transition 
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temperatures was observed, with increasing number of methylene 

units in the spacer group. An even number of atoms in the 

spacer causes higher transformation temperatures and larger 

entropy changes than for members of the series with an odd 

number. This behavior can be explained if we consider a fully 

extended trans conformation of the spacer. A linear or non-

linear arrangement of the mesogenic groups occurs, and the 

latter reduces the stability of the mesophase for the odd 

number of atoms. 

Effects of the mesogenic moieties may be considered now. 

Small alterations of these moiety can strongly affect the LC 

phase behavior of the polymers. These effects occur include: 

* Increasing length and stiffness of the mesogenic moieties 

within the backbone increase the thermal stability of the 

LC phase. 

* Deviation from a cylindrical shape brought about by non-

linear moieties or lateral substituents reduces the LC-

to-isotropic phase transformation temperature. 

* Comparasion of substituents of similar size but different 

polarity (38) (CH3, Br, N02) with substituents of differ-

ent size (H, CH3, CI) demonstrates that the size of the 

substituent rather than the polarity is the important 

factor. Transition temperatures decrease along with 

increasing substituent size in a homologous series of 

monosubstituted polymers. This indicates that the 

predominant steric effect of the substituent was to 
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increase the separation of the mesogenic units and reduce 

the molecular packing efficiency. In other words, packing 

predominantly effects determine phase stability. 

Long, pendant, flexible, lateral groups like n-alkyl 

chains also strongly reduce the LC phase stability; this 

was demonstrated (38) for the polymer series 

rvJ 

1.6 Relations Between Properties and Applications 

The most important property of longitudinal PLCs in the 

liquid crystalline state, in bulk or in solution, is the ease 

of the homogeneous orientation of the molecular long axes upon 

the application of shear. This macroscopic orientation gives 

rise to a viscosity lower than that of the isotropic state, 

despite the lower temperature of experiment in the former 

case. The steady shear viscosity is shear-rate dependent and 

is higher at low frequency or low shear rate because of 

incomplete orientation of the polymer (39) . Therefore, 

extrusion or fiber spinning of these polymers in the nematic 

state is of technological importance. Processing temperatures 

can be reduced, and mold filling could be improved. 
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In solidified extrudates or fibres, the material may be 

glassy and partially crystalline. The macroscopic alignment of 

the macromolecules due to the orientation during processing 

remains and creates anisotropic physical properties. 

One of the most important factors with respect to 

applications are the outstanding mechanical properties, e.g. 

tenacities are much higher than those of conventional spun 

yarns. An interesting example is shown in Figure 2 where the 

tensile strength of the polymer from poly(ethylene-terephtha-

late) (PET) transesterified with p-hydroxybenzoic acid (PHB) 

is shown as a function of the concentration of PHB in the 

copolyester (17) . Although the tensile strength remains nearly 

unchanged up to about 30 % PHB in the macromolecule, it then 

strongly increases, beginning with the concentration at which 

the polymer becomes liquid crystalline. The macroscopic orien-

tation of the macromolecules improves mechanical properties 

such as tensile strength, flexural strength, flexural modulus 

and impact strength only along the direction of orientation. 

Across this direction, the mechanical properties are relative-

ly poor. The absence of shrinking, low isobaric expansivity 

and outstanding mechanical properties are attractive proper-

ties of longitudinal PLCs. 
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Tensile strength 
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Figure 2. Tensile strength for the PET/0.6PHB system in 
function of LC concentration. pure copolymers; - blends. 
(after ref. 11). 
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CHAPTER II 

POLYMER LIQUID CRYSTAL BLENDS 

2.1 Introduction 

Blending is an attractive method for creating new materi-

als with a wider range of performance and better properties 

than existing pure polymers. As already mentioned in Chapter 

I, in comparation to widely used engineering thermoplastics, 

PLCs show clear superiority with regard to chemical resis-

tance, low flammability, high modulus, low isobaric expansivi-

ty (or even zero depending on the direction) and often unusual 

ease of processing. 

Monomers for PLCs synthesis are often available in small 

quantities only, with evident consequences for the PLCs 

prices. Hence, their blends with less expensive thermoplastics 

could lead to materials that possess good properties at a 

reasonable cost. 

Several investigators have studied blends of PLCs with 

conventional engineering polymers for the purposes of reduc-

ting the material cost, reinforcing the conventional engineer-

ing polymer with PLC, decreasing the anisotropy of the PLC, 

and enhancing processability by reducing the melt viscosity 

(1-66). 

25 
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2.2 General Principles of Blending 

A major factor in the choice of the components of the 

blends is the realization of the defined level of interphasic 

interaction achieved primarily by the specific chemical 

structure of the macromolecules of both polymers. As a general 

rule, these and other macromolecules must contain allied 

functional groups. Phenyls and esters are the most widespread 

groups in the molecules of aromatic polyesters. Therefore, it 

is desirable that corresponding groups be found in the second 

component, as is the case for polycarbonate (PC) (3), 

poly(ethylene terephthalate) (PET) (4), or poly(butylene 

terephthalate) (PBT) (5,6). From the principle of "like to 

like" for these polyesters, the most suitable as the LC 

copolymer component would be PET with p-hydroxybenzoic acid 

(PHB) containing both phenyl and oxyethylene fragments. 

Special attention in regulating the intermolecular 

interaction must be put to the process of trans-esterification 

which may occur during processing, both in one copolyester or 

in mixtures of polyesters and copolyesters. In the case of 

blends, this reaction promotes better compatibility of the 

components (4,6) but leads to the loss of mesophormism through 

dilution of the rigid molecular fragments by more flexible 

ones. 

In choosing the components of the pairs, some investiga-

tors adopt a different course by ensuring interactions between 

heterogeneous groups (for example electron donor and electron 
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acceptor) localized in macromolecules of different kinds. 

Thus, the chloro group as a component of the LC polyester may-

react with the oxygen of the carbonyl group of the ester bond. 

Another important factor in the choice of the components 

of the pairs is the closeness of (or minor difference in) the 

melting or softening temperatures - to avoid degradation of 

one of the polymers. 

A special role is assigned to the formation of H bonds 

both between the LC polymer molecules and between heteroge-

neous molecules. Other things being equal, the presence of a 

regulable number of intermolecular H bonds promotes rise in 

the initial modulus of the polymer. Therefore, work was 

performed on the synthesis of LC polyesteramides (7) . This 

reference describes an attempt to use aliphatic polyamides as 

the second component, particularly since the existing data 

indicate a raised level of intermolecular interactions in such 

systems (8) and an influence of the LC component on the 

crystallization of polycaproamide (9). 

2.3 Review of the Literature 

The present review is concerned with properties of the 

PLC blends. It deals with literature that reports studies on 

different kinds of PLCs. The literature is divided into three 

categories, namely: phase behavior and thermal studies that 

include studies on miscibility and crystallization, mechanical 

properties and morphology, and finally, rheology and process-
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ing as they affect the phase behavior and the mechanical 

properties of PLC ble;nds. 

2.3.1 Phase Behavior and Thermal Studies 

Miscibility of PLC Blends 

The miscibility behavior of blends containing PLCs has 

been investigated by using differential scanning calorimetry 

(DSC), scanning electron microscopy (SEM) , and X-ray diffrac-

tion (XRD) (1-25). A large part of this literature deals with 

the miscibility of the liquid crystalline copolyesters of 

polyethylene terephthalalate (PET) and p-hydrobenzoic acid 

(PHB) with different molar ratios (PET/xPHB) with flexible-

chain polymers (1,2,4,12,14-18). 

As a general rule, the presence of specific interactions 

affects temperatures of relaxational and phase transitions of 

one component under the influence of a second. For phase 

transitions, DSC is widely used for distinguishing between 

compatible and incompatible polymers. The former has a glass 

transition temperature (Tg) intermediate between those of the 

two components whereas the latter exhibits two individual 

glass transitions. 

Transesterif ication reactions increase the miscibility of 

liquid crystalline co-polyesters with isotropic polyesters. 

Friedrich and coworkers (4) reported that annealing PET/0. 6PHB 

with polycarbonate (PC) in the melt caused trans-esterifica-

tion reactions that resulted in a miscible blend as evidenced 
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by a single Tg. Nobile et al. (10) reported immiscibility of 

PET/0.6PHB with PC, while Zhuang et al. (11,12) and Huang et 

al. (13) reported partial miscibility observing significant 

variations in the Tg. Laivins (14) studied mixtures of 

poly(hexamethylene terephthalate) (PHMT) with PET/0.6PHB. He 

concluded that blending at elevated temperatures creates 

interactions between the components as indicated by NMR 

spectra. The reaction in the melt is the cause of the apparent 

miscibility and the blends exhibit biphasic morphology. When 

coprecipitated or film cast, not enough interaction between 

the polymers takes place. The morphologies are sensitive to 

temperature, composition, and processing. 

Kodama (15) found poor miscibility and phase separation 

between PET/0.6PHB blended with phenoxy resin molded at 

260 °C. The miscibility of the blends may be increased by 

molding at 280 °C and by increasing the processing time. The 

blend homogenizes gradually and a cross-linked structure is 

formed. These changes are the result of interchange reaction 

between the blend components. 

Kimura and Porter (16) also studied the phase behavior of 

blends of PET/PHB with poly(butylene terephthalate), (PBT) 

using DSC. Their studies show partial miscibility, the PET-

rich phase of the copolyester was miscible with PBT whereas 

the PHB-rich phase was not. They found that PET/xPHB copoly-

mers exhibit two phases: a PHB-rich phase and a PET-rich 
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phase. Polystyrene (PS) blends with the same PLC were found to 

be completely immiscible (12). 

The phase behavior of solvent cast films of blends of 

PET/0.6PHB with PET and PC were studied by Nakai et al. (17) 

and Kyu and Zhuang (18). The cast films were optically clear 

and homogeneous. The phases were separated, however, into an 

anisotropic phase and an isotropic phase when heated above the 

melting temperature of the PET. Similarly, solvent cast films 

prepared from the PLC and PC were optically transparent (18). 

A cloud point curve was determined by annealing the film at 

elevated temperatures and identifying the temperature at which 

the phase separation occurred. 

A similar phase separation phenomenon was observed by 

Chuah et al. (19) in films of rigid-rod molecular composites 

of poly(p-phenylene benzobisthiazole) (PPBT) and Nylon 66. The 

idea of molecular composites was derived from the concept of 

microstructures consisting of the rigid-rod like molecules and 

flexible coil-like molecules. In these systems, the rigid 

lyotropic PLC (those that show an anisotropic state only above 

a critical solution concentration) and a flexible polymer are 

completely dissolved in an appropiate solvent. At an appropri-

ate composition, an anisotropic phase develops. Microscopic 

studies show that the processed films are optically clear and 

homogeneous. However, the molecular composite phase-separate 

above the melting temperature of the polyamide. 
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Paci et al. (6) reported that blends of PBT and a liquid 

crystalline poly(bipheny1-4-4' xylene sebacate) (PB8) were 

miscible in the isotropic state and the phase separation 

depended on the rate of cooling. The degree of PBT crystallin-

ity first increased with the addition of as little as 5 weight 

percent PB8 and then decreased with increasing PLC content. 

The authors attributed this to a cybotactic structure observed 

in the quenched blends of PBT and the polyarylate that favored 

the cold crystallization of PBT. Transesterification reactions 

between the two polyesters improved their miscibility. In 

contrast, blends of a PHB-based thermotropic polyester and 

nylon 12 were immiscible (20,21). 

Weiss et al. (22) prepared blends of PS and thermotropic 

polyalkanoate of 4,4'-dihydroxy-OKX'-dimethylbenzalanine. DSC 

studied indicated that blends were in general immiscible, 

though there may have been some marginal miscibility of the 

PLC in PS of approximately 1 percent. 

Pracella et al. (5,23) characterized blends of PET and 

poly(decamethylene 4,4'-terephthaloyl dioxy dibenzoate) 

(HTH10). The phase behavior of the blends depended on the 

composition and thermal history. The DSC thermograms of the 

blends showed a double melting peak on second heating. The 

higher melting peak was attributed to reorganization of the 

PET crystals on heating and its temperature was almost 

independent of the composition of the blend. The temperature 

of the lower melting peak, however, decreased with increasing 
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HTH10 content, indicating that HTH10 plasticized the PET. For 

blends containing more than 30 weight percent HTH10, coexis-

tence of the crystal phases of PET and HTH10 was observed. 

Blends quenched from the isotropic melt showed one Tg that was 

intermediate between the neat polymers, which led the authors 

to conclude that PET and the HTH10 were miscible in the 

amorphous phase. The presence of HTH10 in the blend depressed 

the primary heterogeneous nucleation and growth rate of the 

PET spherulites and caused a decrease in the crystallization 

rate of the PET. 

Another liquid crystalline copolyester that has been 

widely used in blends is the copolyester of 6-hydroxy-2-

naphthanoic acid (HNA) and PHB. Several grades of this type of 

PLC have been commercialized by Hoechst-Celanece Corp. under 

the trade name Vectra and by Imperial Chemical Industries, 

Ltd., under the trade name Vitrex. Some of these PLC composi-

tions also incorporate aromatic ester groups derived from 

monomers such as terephthalic acid (TA) and hydroquinone (HQ) . 

Chapleau et al. (24) studied a copolyester based on HNA/PHB 

blended with poly(ethylene glycol terephthalate) (PETG) and 

PC. The DSC results suggested that the PLC and PC are partial-

ly miscible, as Tg of the blends was slightly decreased (3°C 

for 20 percent PLC) .. Decreases in Tg were also observed for 

the (PETG + 0.8PC) blends, suggesting again some miscibility. 

Ternary blends also present an attractive approach to the 

development of reinforced systems. Usually the main goal is to 
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compatibilize two immiscible or partially miscible polymers 

through the use of a third polymer in which both are miscible. 

Bretas and Baird (25) blended poly(ether imide) (PEI), and 

poly(ether ketone) (PEEK) and a PLC based on HNA/PBT/TA/HQ; 

PEEK/PEI blends are known to be miscible at all compositions. 

It was observed that PEEK/PLC blends were fully miscible up to 

50 weight % PLC but partially miscible above this value. The 

PEI/PLC blends were found to be partially miscible in the 

whole concentration range. As a result, some ternary blend 

compositions exhibited only one phase, while others exhibited 

two phases. 

Crystallization Phenomena 

If the polymers (or their solutions in a common solvent) 

are incompatible in the isotropic phase, as a rule they cannot 

form a single anisotropic phase (26). It is important to note 

that one of the components may influence the crystallization 

of the second. Thus, the presence of an LC polymer raises the 

degree of crystallinity of the flexible chain component of the 

blend (6,9). Apparently the LC component speeds up the 

formation of crystallization seeds of the flexible chain 

polymer. Various investigators have reported that the rate and 

degree of crystallization of flexible polymers was increased 

by the addition of an PLC. Joseph et al. (27) studied the 

phase behavior of blends of PET with PET/0.6PHB. The rate of 

crystallization increased as the PLC content increased in the 

blend, which was attributed to nucleation of PET crystalliza-
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tion by the PLC. The degree of crystallinity also increased 

with the addition of the PLC (27). Zhong et al. (28) have 

shown that the crystallization rate of PEEK blended with a PLC 

based on PHB/TA/m-phthalic acid and 4,4'-biphenol, was 

dependent on the blend composition. With increasing PLC 

content, the overall rate increased to pass through a maximum 

and then decreased, suggesting the existence of competition 

between the nucleation and dilution effects. The mean nucle-

ation density in the blends was much higher than that observed 

for pure PEEK. 

Misra and coworkers (29,30) studied blends of PET with 

two different PLCs: one was HNA/PHB, and the other a copolymer 

of PET/PHB. Like Joseph and coworkers (27) , they found that the 

crystallization rates for the blends were higher than the pure 

PET. Seppala et al. (31) investigated blends of HNA/PHB with 

PET, polypropylene (PP), and poly(phenylene sulfide) (PPS). 

They found exceptionally high values of calculated crystallin-

ity of PET/PLC that could be due to the nucleating effect of 

PLC for PET. In the case of PP and PPS this kind of effect was 

not found. Takayanagi et al. (32) studied blends of wholly 

aromatic polyamides with aliphatic polyamides, and they 

suggested that the surface of the rigid polyamide acted as a 

nucleating agent for the crystallization of the matrix 

polymer. 
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2.3.2 Mechanical Properties and Morphology 

One of the primary objectives of blending PLCs with ther-

moplastic polymers has been to use the PLC as a reinforcement 

for the flexible thermoplastic polymers. Mechanical properties 

of the blends have been reported in a number of studies 

(2,3,20-22,33-60). Most of these researchers have attempted to 

explain the change in mechanical properties in terms of the 

morphology of the PLC domains in the blends. 

The most widely used technique to study the morphology 

has been scanning electron microscopy, (SEM), although X ray 

diffraction (XRD) and small angle X ray scattering studies 

have also been employed (10, 40-42) to find the degree of 

order of the PLC phase in the blend. 

In nearly all the studies of PLC + flexible polymer 

blends, the two component polymers were immiscible. The size, 

shape, and distribution of the PLC-rich phase - called islands 

in (2) - depend on many factors such as the composition, pro-

cessing conditions, viscosity ratio of the component polymers, 

and the rheological characteristics of the matrix polymer 

(i.e., viscoelastic, pseudoplastic, or Newtonian). For 

example, Acierno et al. (36) found that the blend of 

PET/0.6PHB and PC containing 10 percent PLC, extrudates at 

260°C contained islands dispersed in the PC matrix. This was 

true even for drawn blends. However, blends drawn at 210°C had 

fibrillar islands oriented in the direction of flow. The 

difference in the morphologies was due to different viscosity 
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ratios at the two temperatures. Similar results were obtained 

by Nobile et al. (10) with the same system. They reported 

that, although the tensile modulus increased with draw ratio 

for fiber drawn at 220°C, there was very little effect for 

fibers drawn at 2 60°C. In general, drawing or stretching a 

blend extrudate results in the formation of PLC microfibrils 

that are highly oriented in the direction of the stretch 

(22,38,43) . Ramanathan et al. (47), however, studied blends of 

PPS and a variety of LC copolyesters and found that the shape 

of the islands (ie. droplets vs. fibrils) in the extrudate 

depends on the composition of the PLC and not on the draw 

ratio. 

Increased orientation of the dispersed PLC microfibrils 

formed by drawing can result in greatly improved mechanical 

properties of the blend (10,38,44). Malik et al. (44) studied 

blends of HNA/PHB and PC and found that the modulus of the 

pure PLC extruded from the capillary viscosimeter increased up 

to shear rate of 150 s"1 but then decreased above this 

deformation rate. 

A number of studies have considered the effect of PLC 

concentration on the mechanical properties and morphology of 

the blends (10,12,23,30,33,34,40,44,46-48). Ko and Wilkes (40) 

reported that the modulus of HNA/PHB blended with PET in-

creased only at high PLC content (80 percent PLC). Kyotani et 

al. (45) showed for the extruded strands of the same blend 

that the tensile modulus increases almost linearly with 
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increasing PLC content for the strands of the blends of more 

than 10 percent PLC content. The PLC component hardly contrib-

utes to the improvement of the mechanical tensile properties 

for blends of less than 5 percent PLC content. Their results 

can be explained by the existance of a LC concentration 

threshold below which islands will not form. That threshold 

appears in the statistical-mechanical theory of PLCs developed 

by Flory (67-69) and its subsequent modifications (70,71). 

In drawing or extrusion the islands tend to form fibrous 

structures, oriented almost parallel to the direction of 

extrusion in the blends strands. The fibrils of the PLC 

component become longer and thinner with increasing draw ratio 

of the blends. When the same PLC was blended with an amorphous 

polyamide, however, the mechanical properties increased 

monotonically with increasing PLC (33) . For blends of 

PET/0.6PHB and PET, Bhattacharya et al. (30) found that the 

initial modulus and tenacity of melt-spun fibers increased 

with increasing PLC content, while elongation to break 

decreased. As the PLC content was increased, the mode of 

failure changed from ductile to brittle. 

Zhuang et al. (12) found that adding small amounts of 

PET/0.6PHB to PET, PC, or PS increased.the modulus and tensile 

strength of compression molded films, extrudates, and melt 

spun filaments. Amano and Nakagawa (46) investigated the 

drawing behavior of blends of PET and a PET/0.6PHB copolyester 

using conventional and microwave heating. The optimum drawing 
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tension, drawing temperature, and draw ratio necessary for 

attaining an optimum modulus decreased with increasing PLC 

concentration. 

Isayev and Modic (34) reported that injection-molded and 

extruded blends of an HBA/HNA and PC blends containing more 

than 25 weight percent PLC had spherical PLC domains dispersed 

in the PC matrix. Blends with 10 percent PLC content, however, 

show fibrillar shape of the islands. A similar observation was 

also reported by Pracella et al. (23), who examined the 

morphology of blends of PBT and a liquid crystalline polyes-

ter, decamethylene 4,4'-terephthaloydioxy dibenzoate, quenched 

from melt. The fracture surfaces of blends containing up to 50 

weight percent PLC revealed the presence of the rod-like 

structures of the PLC component, oriented perpendicularly to 

the fracture plane. For blends containing more than 50 weight 

percent PLC, the morphology was reported as homogeneous and 

the islands were not observed. One presumes that phase 

inversion - as discussed in (2) - has taken place, so that the 

PLC-rich phase became the matrix, while islands of the LC-poor 

phase were not visible. 

Skin-core morphologies are common in blends of PLCs and 

thermoplastic polymers (3,20-22,24,33,43,49,50,52-53), and 

they play an important role in determining the properties of 

extruded and injection molded samples. Normally, PLCs in the 

skin have a higher degree of orientation than in the core when 

the blends are extruded or injection molded (33,50) . Baird and 
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coworkers (3,51) observed a skin-core morphology in blends of 

Nylon 66 with HNA/HBA and Nylon with PET/0. 6PHB and PET/0. 8PHB 

copolyesters. In both systems more PLC fibers were present in 

the skin than in the core; however, in a blend with x = 0.6 

and x = 0.8 in 50:50 weight percent mixed further with PET 

(51) there was no distinct fibril formation in any of the 

blends studied. This in spite of the tendency to form LC 

fibrils from the PLCs with x = 0.6 and x = 0.8 in the PET 

matrix (indicated by the elliptical shape islands). In all the 

blends the islands were well distributed in the PET matrix, 

indicating good mixing of the two components. In spite of the 

lack of fibrillation, the mechanical properties were enhanced 

to some extent, with a maximum at 10 weight percent of the PLC 

phase. 

Similarly, Golovoy et al. (52) found for injection molded 

blends of polysulfone (PSF) with HNA/PHB copolyester a skin-

core morphology, with the islands oriented at the skin and 

globular at the core. The tensile and flexural moduli appeared 

to increase linearly with the PLC concentration, approximately 

following the rule of mixtures. The increase in tensile 

strength was relatively small when the PLC was the dispersed 

phase and became appreciable at high PLC concentrations. 

Valenza and La Mantia (53) studied blends of copolyesteramide 

HNA/PBT/AP, where AP = 4-aminophenol with PC. The SEM micro-

graphs of the extruded specimens demonstrated that the 

copolyesteramide particles were strongly oriented in the draw 
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direction, especially near the surface where the shear stress 

is larger. PLCs are easily oriented in the flow direction; 

this behavior is, of course, retained in the blends in which 

the copolyesteramide is the matrix. For samples measured in 

the flow direction, both the modulus and strength increase 

with the copolyesteramide content. On the other hand for 

specimen drawn in the transverse direction, modulus varies 

only slightly, and the tensile strength decreases with the 

increasing PLC concentration. 

Ajji, and Gignac (54) did not observe improvement in the 

mechanical properties (tensile modulus and the strength of the 

blends) upon the addition of up to 30 wt % of PET/0.6PHB to 

PBT, PC and PHMT. The morphology of the blends indicated no 

fibrillar structure. This has been interpreted as due to the 

differences in viscosity and interfacial tension between the 

components and to possible miscibility (or reaction) between 

the PLC and the thermoplastics. 

Weiss et al. (22,43) , found a higher concentration of PLC 

microfibrils near the core in the blends of PS and a PLC based 

on 4-4;-dihydroxy-a,a'-dimethyl-benzalazine. They attributed 

this behavior to a two-way migration effect in which drops 

initially at the center of the tube migrated towards the wall 

and drops initially at the walls migrated towards the tube 

axis. A similar phenomenon was observed by Chung (20,21) in 

his studies of blends of copolyesters and Nylon 12. 
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The fact that PLCs can act as reinforcing agent in a 

blend has led some investigators to model the mechanical 

behavior of the blends according to composite theories 

(34,38) . Isayev and Modic (34) based their calculations on the 

assumption that blends of HNA/PHB and PC could be treated as 

unidirectional fiber-reinforced composites. Their experimental 

data approached the calculated properties. Kohli et al. (38) 

in their studies on blends of a lower melting point PLC based 

on HNA/PHB/HQ/TA and PC showed that the moduli of highly drawn 

melts could be modeled effectively by the simple rule of 

mixtures: 

Ec = E1.V1 + E2.V2 (2.3.1) 

Here Ec is the composite modulus, Et and E2 are the moduli of 

the reinforcing PLC and the matrix, respectively, and Va and 

V2 are their volume fractions. A major reason for the agree-

ment in this study between the data and the model was the high 

alignment of the PLC microfibrils in the draw direction. They 

also modeled the modulus of compression-molded samples where 

the PLC phase was spherical according to the inverse rule of 

mixtures: 

JL = Yl + h (2.3.2) 
Ec E1 E2 

Crevecoeur and Groeninckx (55) studied blends of PLC 

based on PHB/TA/IPA/BP where IPA = isophthalic acid and BP = 

biphenol with PEEK/PEI. The blends were melt-spun into fibers; 
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fibers containing more than 25 weight percent PLC exhibited a 

morphology in which the PLC was dispersed as very long fibrils 

with good alignment of the molecules in the spinning direc-

tion; correspondingly, the fibers followed the rule of 

mixtures behavior for stiffness versus composition. We recall, 

however, cases discussed above when the rule of mixtures was 

not obeyed. Tentatively, one can assume that materials with 

elongated fibers follow the rule better than those with 

spherical islands. 

Takayanagi et al. (32,57-59) investigated blends of rigid 

wholly aromatic polyamides such as poly(p-phenylene terepht-

halamide) (PPTA), poly-p-benzamide (PBA) with aliphatic 

nylons, poly(vinyl chloride) (PVC), acrylonitrile-butadiene 

rubber (NBR), and acronitrile-butadiene-styrene (ABS). The 

Young modulus and yield stress increased when the rigid 

polyaramides were dispersed in the aliphatic polyamides (57) . 

The modulus and yield stress increased with increasing molar 

mass of the polyaramide, but the elongation to break de-

creased. This was due to the formation of more perfect and 

stronger microfibrils with increasing molar mass which 

restrained the ductile deformation of the blend. In an attempt 

to improve the ultimate elongation, block copolymers of a 

wholly aromatic polyamide and an aliphatic polyamide were 

blended with the aliphatic polyamide. The elongation to break 

increased while the high modulus and strength were retained. 

PPTA and ABS blends had superior mechanical properties than 
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ABS alone (58). Outstanding reinforcement at concentrations 

less than 5 percent of the rigid component was obtained. This 

was due to the formation of a microfibrillar network. The 

properties of the network were anisotropic, and a quasi-three-

dimensional lattice model was proposed by Takayanagi (59) to 

explain the anisotropy (directional variation in properties). 

Mithai and Tayebi (60) prepared blends of PHB/HNA with 

PET by fiber-spinning; blends of PLC and a low intrinsic-

viscosity PET resin showed poor mechanical performance, which 

was attributed to their processing behavior. Blends of PLC and 

a high intrinsic-viscosity PET manifested an almost additive 

increase tensile modulus and strength with increasing concen-

tration of PLC. Elongation of the blends, however, displayed 

a radical decline, which is reminiscent of fiber-reinforced 

composites. 

Chapleau et al. (24) studied a copolyester based on 

HBA/HNA blended with PETG and PC. They observed a finer 

dispersion for the PC + PLC blends, at least for PLC concen-

trations lower than 20 %, for which the mechanical properties 

were quite good. For higher PLC concentrations, the mechanical 

properties follow more or less the mixing rule, and the 

morphology of the blends suggests poor adhesion. They were 

unable to obtain fibrillar structures by extruding the blends. 

In the PLC + PC blends the islands were too small, and for the 

other blends the extrudates did not have enough melt strength. 

The increase in mechanical properties could be attributed to 
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the formation of a fibrillar structure. It was tentatively 

explained in terms of the differences in thermal expansivities 

of both components. 

2.3.3 Rheoloqy and Processing 

In this Section PLC-containing blends with commercial 

thermoplastics, investigated because the ability of the PLC to 

reduce the viscosity of the matrix, will be reviewed. Of 

course, the effects depend on the properties of the two 

components, in particular on their rheological properties, and 

also on the processing conditions. A number of studies 

(3,10,12,19,20,22,33-37,43,60-66) have shown that extensional 

flows, such as encountered in the entrance of a capillary, can 

preferentially orient the islands in the direction of the 

flow. The oriented islands apparently smoothly glide past each 

other, thus lubricating the polymer melt and lowering the melt 

viscosity of the blend. Rheological characterization of such 

blends has been done mainly by capillary viscometry, though 

some researchers have used cone and plate or parallel plate 

rheometers. 

The concept of melt-processable polymer compositions with 

improved processability was described for polymer and PLC 

blends by Cogswell et al. (61). In this system, at least one 

polymer component is capable of forming an anisotropic melt 

and the other is a melt processable polymer in the isotropic 

state. The main idea is that the temperature range over which 

the polymer can form an anisotropic melt and the processing 
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range of the melt-processable polymer overlap. In this 

overlapping temperature range, the islands try to align along 

the flow direction and slide smoothly, thus dissipating less 

energy and lowering the melt viscosity. Consequently, a lower 

processing temperatures may be used. The advantages of the 

reduction in processing temperature are reduced energy 

comsuption and less degradation of polymers that are sensitive 

to higher temperatures. Moreover, lowering the viscosity 

facilitates the filling of large or complex molds. 

Polymer blends using PET/0.6PHB have been studied by a 

number of research groups (3,10,12,36,62,63). Blizard and 

Baird (3) studied the rheological properties of this PLC with 

PC and Nylon 66. The measurements were made with a cone and 

plate rheometer at low shear rates and with a capillary 

rheometer at higher shear rates. Dynamic oscillatory and 

steady shear data showed a significant reduction in the 

viscosity of the blends by the addition of the PLC. Similar 

results were reported by Zhuang et al. (12) who studied he 

blends of this PLC with PS, PC, and PET. Studies by Acierno, 

et al. (36) on blends of PET/0.6PHB with PC also showed 

decrease in viscosity with the addition of PLC. In contrast to 

these studies, however, Nobile et al. (10) reported that at 

low shear rates (below 0.3 s"1) the complex viscosity T|* 

increased with increasing PLC content for blends of PET/0.6PHB 

and PC. At higher shear rates T|* decreased with increasing PLC 

concentration. 
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A reduction in the melt viscosity of blends of this PLC 

with chlorinated poly(vinyl chloride) was observed by Lee 

(62). These blends also showed a decrease in the extrudate 

swell and an increase in the spiral mold flow at low PLC 

concentrations. 

The viscosity behavior of blends of PET/0.6PHB with PBT 

was reported by Zaldua et al. (63). They found that the 

viscosity of the blend is not decreased by addition of small 

quantities of a PLC; this contradicts the general trend 

observed in the literature for blends of PLC. The viscosity 

decrease was found only for blends of > 40% PLC. 

Several studies have been performed for blends of the 

copolyester HNA/PHB (33,34,38,40,43,44). Siegmann and cowork-

ers (33) studied the rheological behavior of blends of HNA/PHB 

with an amorphous polyamide using a capillary rheometer. All 

the melts exhibited non-Newtonian flow behavior. The viscos-

ities of the blends were much lower than those of the thermo-

plastic polymer. The addition of as a little as 5 weight 

percent PLC resulted in large reductions in viscosity as 

compared to the pure polyamide. 

A reduction in viscosity of poly(ether sulfone) (PES) by 

the addition of an HNA/PHB was reported by James et al. (50). 

They characterized the rheological behavior of the blends by 

plotting the dynamical viscosity vs. shear rate. About a four 

fold drop in viscosity was observed with the addition of only 

2 percent PLC. The shape of the flow curves for the blends 
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with up to 20 percent PLC resembled that for pure PES, and 

they were Newtonian until about 16 s"1. The viscosity curve of 

the 50 percent PLC blend showed shear thinning behavior and 

was similar to that of the pure PLC. 

Chung (20,21) found a minimum viscosity at a concentration 

of 10 weight percent PLC and a maximum at 20 percent PLC for 

the blends of HNA/PHB and Nylon 12. According to Chung, below 

10 percent PLC the islands were well dispersed in the Nylon 12 

matrix with acted as the lubricant thereby reducing the 

viscosity. At 20 weight percent PLC, however, an interlocking 

morphology developed which resulted in a sharp increase in 

viscosity. 

Several research groups have studied blends of HNA/PHB 

type copolyesters with PC. Isayev and Modic (34) observed a 

crossover point in the flow curves of the PC and PLC melts. 

The point has special significance in the maximum fibrillation 

of a blend occurred at this point during flow. Kohli et al. 

(38) studied blends of PC and PLC based on HNA/PHB/TA/HQ and 

found that the addition of about 5 percent PLC resulted in a 

68 percent drop in viscosity. 

Valenza and La Mantia (53), La Mantia and Valenza (64) 

and Magagnini (65) found that the processability of PC is 

remarkably improved by addition of small amounts of a PLC 

based on HNA/TA/AP. The blends with higher content of PLC show 

lower viscosity; all the flow curves of the blends lie between 

those of the pure components. The data seem to indicate that, 
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when the viscosity of the PLC is lower than that of the 

thermoplastic material, the viscosity of the blends decrease 

continuously on increasing the PLC content. By contrast, when 

the viscosity of the PLC is higher or the viscosity of the two 

components is similar, a minimum in the viscosity - composi-

tion diagram can be observed. The same authors studied the 

blends PBT of with the same PLC (64) . The respective viscosity 

- composition curves exhibit a deep minimum in a low PLC 

contents range, attributable to lack of adhesion between the 

two immiscible phases, leading to more deformable islands. La 

Mantia and coworkers (65,66) blended PC with two PLCs (an 

aromatic and a semirigid). The semirigid PLC was synthesized 

from sebacic acid, 4,4'-hydroxybiphenyl and PHB and the 

aromatic was based on HNA/TA/AP. The results suggest that the 

semirigid PLC material is more effective as a processing aid 

than the rigid. The results also show that the PLC fibrils are 

formed and retained in shear flow only if the viscosity of the 

matrix is not much larger than that of the PLC. In elongation-

al flow by contrast, fibrils of PLC are formed and retained 

regardless of the viscosity of both phases. The presence of 

flexible spacers in the PLC seems to be improving the adhesion 

between the two phases in the solid state. Blends of the same 

semirigid PLC with polypropylene (PP) (66) showed that the 

torque during extrusion and viscosity decreases with PLC 

content. 



49 

Most investigators have reported a decrease in viscosity of 

blends with the addition of a PLC. Weiss et al. (22), however, 

reported that the addition of a thermotropic PLC based on 

4,4'-dihydroxy,a,a-dimethylbenzalazine to PS raised both the 

steady shear and the dynamic viscosities at low shear rates. 

This increase was attributed to tumbling and rotation of the 

islands. At higher shear rates, however, the viscosity 

decreased with increasing PLC content. The lowering of 

viscosity at high shear rates was explained by an extensional 

deformation of the PLC during flow in the entrance region of 

the capillary viscosimeter. It should be noted that the lower 

shear rate data were obtained with a cone and plate rheometer, 

hence the blends experienced only simple shear flow. The 

increase in viscosity under these conditions was consistent 

with the theoretical predictions for the simple shear flow of 

two-phase fluids. The higher viscosity data required the use 

of a capillary viscosimeter; in this case the simple shear 

flow in the capillary is preceded by an extensional flow in 

the entrance region. Extensional flow can align and deform the 

islands in the flow direction; this change in the melt 

morphology seems largely responsible 'for the decrease in the 

blend viscosity. 
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CHAPTER III 

EXPERIMENTAL METHODS AND INSTRUMENTATION 

3.1 Materials 

Thermoplastic polymers used as matrices were: 

* Polycarbonate (PC), Makrolon 2800, Bayer A. G., Leverkusen, 

Germany; p = 1.2 g* cm"3 , melt flow index (MFI) at 230°C and 

2.16 Kg = 7 g/10 min. 

* Polybutylene terephthalate (PBT), Vestodur 3001, Huls Marl, 

Germany; p = 1.31 g-cnf3, melt velocity index (MVI) at 250°C 

and 2.16 Kg = 10 ml/10 min. 

* Isotactic polypropylene (PP) , Nestle VB6511B, Nestle OY, 

Helsinki, Finland; melt flow index (MFI) at 230°C and 2.16 kg 

= 6.5 g/10 min. 

* Polyvinylidene fluoride (PVDF), Solef 1008, Solvay, Brus-

sels, Belgium; p = 1.78 g-crrf3, MFI at 230°C, 2.16 Kg = 

6.0 g/10 ml. 

The polymer liquid crystals: 

Copolymers of poly(ethylene terephthalate) (PET) and p-

hydroxybenzoic acid (PHB) henceforth referred to as PET/xPHB, 

where x represents the mole fraction of the liquid crystalline 

PHB sequences in the copolymer, were studied. Samples with 

0.5 < x < 0.8 were furnished by Eastman Kodak, Kingsport, 

Tennessee; LC-3000, which is PET/0.6PHB, by Unitika Ltd., 

56 



57 

Kyoto; samples with x = 0.8 were kindly provided by Professor 

Lev Faitelson of the Institute of Polymer Mechanics of the 

Latvian Academy of Sciences, Riga, and synthesized by Profes-

sor Vladilen Budtov and collaborators in St. Petersburg (2). 

All the polymers were dried overnight at about 100°C to avoid 

hydrolytic degradation during the melting process. 

The PET/xPHB copolymers were originally synthesized by 

Jackson and Kuhfuss (1) by polycondensation through the 

acetate and carbonyl groups, namely 

-O O 
II — 
c- —O—CH2CH2 —O-j— * CHaC — © J — 

-O o o o 

C ^ ^ ® ^ + CHjC—O ®®—CH2CH2' 

—O —CH2CH2 —O- CHgCOOH 

As described in ref. 1. two-step process is involved in 

the preparation of the copolyesters: first, cleavage of 

poly (ethylene terephthalate) by p-acetoxybenzoic acid at 275°C 

in an inert atmosphere, and second, condensation under vacuum 

of the carboxyl-terminated and acetate-terminated segments to 

form the high molecular weight copolyester. The highest yield 

were obtained when precautions were taken to eliminate all air 

and moisture from the reactants just before polymerization. 
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This was accomplished by evacuating and purging the flask 

containing the ingredients several times with nitrogen and 

then heating at 110°C under reduced pressure (0.5 mm) for 30 

min. 

3.2 Sample Preparation 

Blending Process 

For this study, PC, PBT, PP, and PVDF were selected as 

the polymer matrices. PC and PBT were chosen for two reasons: 

first, both have certain features common to all polyesters, 

second, there is a difference between the two in that PBT is 

less flexible and more easily crystallizable while PC is more 

flexible and typically completely amorphous. PP and PVDF are 

matrix polymers that have not been widely studied before. 

PET/0.6PHB was selected as the second component that might act 

as both plasticizer and a mechanical reinforcing agent in the 

polymer matrices. This copolymer was chosen, because it has 

highly desirable properties in terms of processability and 

mechanical properties (1). 

Blends of the thermoplastic polymers and PET/xPHB were 

prepared at the Louis Pasteur University in Strasbourg (3). 

Special precautions had to be taken to ensure that the pellets 

were dry before any processing. The drying conditions were: 

PET/0.6PHB for 8 hours at 130°C in vacuum; 

PC for 6 hours at 125°C; 

PBT for 4 hours at 100°C in vacuum. 
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After drying, the PLC and each one of the themoplastic 

polymers were tumbled together from 0.0 to 20 weight percent 

mixtures. The tumbled pellets were then extruded through a 

single screw Goetffert extruder with the screw diameter 20 mm 

and length-to-diameter L/D ratio =20. In this technique the 

polymers are fed into a hopper: a gravity feed supplies 

pellets to the screw which rotates within the heated barrel 

and the pellets are advanced along the barrel. As the polymers 

move along the extruder they become liquid: crystalline 

polymers by melting while amorphous polymers by passing 

through the glass transition. The extrusion conditions are 

listed in Table II; three different temperatures pertain to 

three independently heated sections of the extruder. 

Table II 

BLEND EXTRUSION CONDITIONS 

Samples Temperatures Rotation velocity Res. Time 
°C rev/min. min. 

PLC + PC 230, 260, 270 40 2 

PLC + PBT 180, 235, 240 35 2 

PLC + PP 210, 220, 230 55 3 

PLC + PVDF 210, 230, 250 45 2 

After preparing the mixture by extrusion, the extruded 

rods with diameter of approximately 3 mm were granulated using 

a pelletizing unit. Plates with thickness of 2 mm. were 

prepared by injection molding one of the best methods to 

achieve uniaxial orientation and good PLC fiber formation in 
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the matrix polymer. The injection molding conditions are 

summarized in Table III. The injection molding machine had 

four independently heated sections. 

Table III 

INJECTION MOLDING CONDITIONS 

Sample Temperature Form T. Inj. P. C. P. t 
°C °C bar bar s 

PLC+PC 270,280,290, 300 100 1300 460 10 

PLC+PBT 220,260,265, 270 80 530 400 10 

PLC+PP 170,225,230, 245 60 530 270 5 

PLC+PVDF 190,230,240, 250 20 530 500 10 

Form T. = Form temperature 
Inj. P. = Injection pressure 

C. P. = Closing pressure 
t. = Time 

Additionally, for the PC + PET/0.6PHB blends, some 

samples were prepared by Michael Hess and collaborators at the 

University of Duisburg by coprecipitation from a common 

solution of 20 volume % trifluoroacetic acid and 80 % chloro-

form. The precipitating agent was acetone. The samples were 

dried overnight under vacuum and subsequently molded and 

annealed with an applied pressure for specific periods of 

time. These materials will be described further in Chapter V. 

3.3 Differential Scanning Calorimetry 

Differential scanning calorimetry (DSC) is a useful tool 

for the characterization of polymeric materials. This tech-

nique is usually used to measure glass transition temperature 

Tg, crystallization temperature Tc, melting temperature Tm, 
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degree of crystallinity Wc, enthalpy of fusion AHf, enthalpy 

of crystallization AHc> decomposition temperature, extent of 

cross-linking, and several other parameters. 

In this study, Tgs, Tms, Wcs, AHfs, AHCS of the various 

blends, the PLCs copolymers and PET were determined using a 

Perkin Elmer computer-controlled Differential Scanning 

Calorimeter (DSC-7), that operates with power compensation 

design. In the conventional so-called heat flux DSC designs, 

the sample and a reference are heated in a single furnace; 

thermocouples are used to measure the difference in tempera-

ture AT between the sample and a reference and convert AT to 

energy using a heat flux equation. The power-compensated 

method used in this work is different; it uses two different 

furnaces, one for the sample and one for the reference and it 

does not use thermocouples, which are prone to nonlinearity; 

instead, more precise and linear platinum resistance thermome-

ters are used. When an exothermic or endothermic change occurs 

in the sample material, power (energy) is applied or removed 

to one or both furnaces to compensate for the energy change 

occurring in the sample. The system is maintained in a thermal 

null state at all times. The amount of power required to 

maintain the system at equilibrium is directly proportional to 

the energy changes occurring in the sample. That is, AH = 

K* (AW) where AW = amount in watts and K = a constant (the same 

for all temperatures) . The use of the flux equation is not 

necessary, since the system is at all times directly measuring 



62 

energy flow to or from the sample, given more accurate and 

linear measurements over the full range of the system. Another 

obvious advantage is that one can use a single calibration 

standard to calibrate the energy over the full range of the 

instrument. By contrast, with a heat flux DSC the calibration 

factors in the heat flux equations vary with temperature and 

other experimental conditions. As a consequence, energy 

calibrations must be performed frequently to achieve accuracy. 

For operation at or below room temperature, the DSC-7 can 

be equipped with an insulated reservoir which allows the use 

of an ice-water (or liquid nitrogen) coolant. In the present 

configuration, the DSC-7 can be operated from 25°C to 600°C. 

Particular care was taken for the electronic adjustment of a 

linear base line with empty aluminium pans prior to measure-

ments with the sample. The temperature of the DSC-7 and the 

enthalpy were calibrated using the melting points and the area 

of the transition peaks of high purity indium and zinc 

following the standard procedure of Perkin Elmer Software. 

Nitrogen was used as purge gas for all measurements. 

Samples of about 10 mg in granules and/or a thin sheet 

molded from the granules were crimped inside aluminum pans. 

Since the thermal history of the sample has a significant 

effect on the DSC data, all samples were subjected to the same 

thermal treatment in the instrument. In order to remove the 

previous thermal history, the following steps were taken: 

1. First heat at 20°C-min"1. from 30°C to 280°C; 
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2. Hold 5 min. at 280°C; 

3. Cool at 20°C*mirf1. from 280°C to 30°C; 

4. Second heat at 20°C-min~1. from 30°C to 280°C. 

Variations of this procedure, if any, will be noted with 

the discussion of the results. Transition temperatures and 

enthalpies were calculated from the second heat thermograms. 

The effect of the sample form, i.e. granules or thin 

sheets, was studied as a factor which may affect the reproduc-

ibility of the DSC data. Tgs were measured at the inflection 

points and Tms and Tcs were measured at the peaks. 

3.4 Thermal Mechanical Analysis 

Thermomechanical analysis (TMA) is a technique in which 

the deformation of a substance (changes as small as 4 nm) is 

measured under nonoscillatory (static) load as the substance 

is subjected to a controlled temperature program. When used at 

negligible loads (< 3 grams) to measure expansion or contrac-

tion, it is a programmed form of dilatometry that measures 

volume of expansion or expansivities. The analyzer can be used 

with various probes for contact with the sample, penetration 

(or compression), expansion, extension, and flexure. The 

penetration mode is used to measure Tgs and softening points, 

the expansion mode to measure Tgs and expansivities. Flexure 

is not as widely utilized, but results from this mode can be 

related to such parameters as the Vicat softening point and 

the elastic modulus of the specimen. 
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Principle of Operation 

Figure 3 indicates the essential design features of the 

analyzer. One of the several selectable probes makes contact 

with the sample. The temperature is controlled by a linearized 

resistance thermometer in a low-mass furnace. 

As the sample expands, contracts, or softens, the 

position of the probe will change. This position change is 

monitored accurately by a linear variable differential 

transformer (LVDT). The LVDT provides a signal proportional to 

the probe displacement. 

The weight of the probe and that of the LVDT core is 

supported by a totally submerged float. As a result, the 

system has the capability of sensing the position of the 

sample without applying a disruptive force to it. In this way, 

the application of a desired force to the probe is controlled, 

without regard to probe position, by the addition of weights 

to the weight tray. Therefore, the force - and hence, the test 

result - is independent of the sample thickness. The device 

measures the change in dimension as a function of temperature 

and stress. 

An important feature of the Perkin Elmer TMA-7 apparatus 

used in this work is the complete thermal isolation of the 

LVDT transducer. This feature permits operation at high 

sensitivity, with flat baselines, over a broad range. 

The film samples for testing were prepared by injection 

molding. Films were cut with height between 2 mm and 8 mm with 
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Figure 3. The schematic diagram with the esential design 
features of the TMA analyzer (after the Perkin Elmer TMA-7 
manual). 
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surfaces flat and parallel. The powder samples were put in DSC 

pan with the lid and melted and quenched down. Scanning rates 

of 10°C*min"1. were used. Helium of 99.9% purity at flow rate 

of 20 cm3,min"1. was used as a purge gas for all measurements. 

The temperature calibration were made using indium and 

zinc standards; the transition temperatures were taken as the 

onset temperatures. Also, furnace, height and force calibra-

tion were done frequently. 

3.5 Dynamic Mechanical Thermal Analysis 

Dynamic mechanical thermal analysis (DMTA) has become a 

widely applied polymer study technique. The method assesses 

the structure and properties of solids and viscoelastic 

liquids via the changes in their dynamic modulae and damping 

as a function of measurement temperature. Thus, dynamic 

mechanical analysis is useful for determining transitions, 

relaxation mechanisms and the morphology of multiphase 

systems. The DMTA is largely complementary to DSC. The 

resolution of DSC of the pseudo-second-order transition Tg is 

rather poor, particularly in the case of minor components, and 

detection of secondary transition is almost impossible. DMTA 

detects molecular relaxations such as Tg with higher sensitiv-

ity than DSC. 

Principles of the Technique 

When a sinusoidal stress is applied to a perfectly 

elastic solid, the deformation (and hence the strain) occurs 
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exactly in phase with the applied stress. In extension or 

bending the complex dynamic Young modulus E* is given basical-

ly as: 

_ (Stress amplitude) c: n 
E j — — J x i j i — \ O . 3 . X ) 

(Strain amplitude) 

A completely viscous material will respond with the 

deformation lagging 90° behind the applied stress. When a 

sinusoidal stress is applied to a visco-elastic material, it 

will behave neither as a perfectly elastic nor as perfectly 

viscous body. The resulting strain will lag behind the stress 

by an angle 8 < 90°. The magnitude of the loss angle is 

dependent upon the amount of internal motion occurring in the 

same frequency range as the imposed stress. Under these 

conditions, it is convenient to define (4,5) a completely 

elastic modulus and a completely viscous component of the 

deformation. The storage component of the dynamic tensile 

Young modulus E' (or analogously G' in shear) is defined as: 

P( _ Amplitude of in phase stress component (3.5.2) 
strain amplidude 

The loss component, E" (or analogously G") is defined as 

R,( _ Amplitude of out of phase stress component R 

strain amplitude 

The storage modulus is the elastic response and corre-

sponds to completely recoverable energy whereas the loss 

modulus is the viscous response corresponding to energy lost 

through motion. 
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The tangent of the loss angle, tan 8, is dimensionless 

and is equal to the ratio of the energy lost to the energy-

stored per cycle: 

Loss modulus _ E' (3 5 4) 

storage modulus E-

A material may be scanned over a range of temperatures 

and at various imposed frequencies. A loss maximum in the 

temperature scan is observed when the frequency of the 

motional process coincides with the impressed (measurement) 

frequency. With increase in measurement frequency, the loss 

process is found at higher temperatures. This is a necessary 

consequence of any relaxational process which is thermally 

activated. These changes in loss peak position with changing 

frequency allow calculations of activation energies for the 

particular motional process. 

A Polymer Laboratories Mkll dynamic mechanical thermal 

analyzer PL-DMTA in bending mode was used for the measurements 

reported here. Variations of bending mode to shear mode will 

be noted with the discussion of the results. The injection-

molded samples were cut in the form of rectangular flat bars 

(10 mm x 8 mm x 2 mm) ; the compression-molded samples were cut 

in the circular form (d = 10 mm. and 0.5 mm. tickness) . In the 

bending mode, the specimens were clamped rigidly at both ends 

and with their central point vibrated sinusoidally by the 

drive clamp. In shear mode the specimens were placed between 

the shear plates. The specimens were heated at a rate of 
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2°C,min~1. from -100°C to 200°C, at frequencies 0) = 1.0 Hz, 3.0 

Hz and 10.0 Hz. These frequencies were chosen after an early-

isothermal scan over wide frequency ranges, using constant 

strain that correspond to nominal peak to peak displacement of 

64 microns. Each composition was studied two or three times to 

prove the reproducibility of the results. Liquid nitrogen was 

used to achieve the temperature of -100°C in order to measure 

the sub-glass-relaxation transition temperatures. 

3.6 Tensile Tests 

The tensile tests measure the resistance of the material 

to a static or a slowly applied force. The effect of composi-

tion on the tensile properties of the blends was investigated 

by using an SINTECH universal computer-integrated testing 

machine. The tensile strength and Young's modulus were 

measured according to the ASTM D 638-84 standard (6) . Standard 

dumbbell-shaped test specimens were used. The length of the 

narrow section of all specimens was 51 mm, the thickness 5 mm, 

and the width 6 mm. The length over-all and width over-all 

were respectively in the range between 100 mm to 110 mm and 25 

mm width. The dimensions of each specimen were measured with 

a micrometer. The average value of three measurements was used 

to calculated the cross sectional area. At least five speci-

mens for each concentration were tested. The change in the 

tensile modulus with concentration was calculated on the basis 

of the standard deviation. Prior to measurements, t'he load 

cell was calibrated. The measurements were carried out at the 
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crosshead speed of 5 mm-min"1., the nominal strain rate at the 

start of test was 0.1 mm/(mm.min). 

For each measurement, the load was increased to just 

beyond the yield point. The latter was taken to be the first 

point on the stress-strain curve at which an increase in 

strain occurrs without an increase in stress; this is equiva-

lent to the peak of the load-elongation curve. The load-

elongation curves were converted to engineering stress-strain 

plots by dividing the measured load on the specimens by the 

original (before load application) cross-sectional area of the 

specimen and the elongation by the original gage length. 

Six parameters were determined for each stress-strain 

curve: yield strength, percentage elongation at yield, Young's 

modulus, yield energy, break strength, and percentage elonga-

tion at break. 

The yield strength was taken as the stress at which the 

material exhibits a deviation from the proportionality of the 

stress to strain. When the maximum stress sustained by the 

specimen during the tension test occured at the yield point, 

it has been designated as the tensile strength at yield. 

Percentage elongation at yield describes the amount that 

the specimen stretches at the moment it reaches the yield 

point. 

Young's modulus or modulus of elasticity was calculated 

from the initial slope of the the stress-strain curve. In its 

initial portion the curve may be linear since the materials 
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exhibit elastic behavior; the covalent bonds stretch and 

undergo distortions, allowing the chains to elongate, but as 

soon the stress is removed the distorsion is recovered 

instantly. 

Yield energy per unit volume was calculated from the area 

under the stress-strain curve from zero stress to the stress 

at the yield point. 

As its name shows, the strength at break is the stress at 

the break point. When the maximum stress occurs at break, it 

shall be designated as the tensile strength at break. 

Percentage elongation at break describes the amount that 

the specimen stretches at the moment of rupture of the test 

specimen. 
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CHAPTER IV 

PHASE STRUCTURES AND PHASE DIAGRAMS IN POLYMER LIQUID CRYSTAL 

SYSTEMS: COPOLYMERS OF POLY(ETHYLENE TEREPHATHALATE) 

AND p-HYDROBENZOIC ACID. 

4.1 Introduction 

The phase diagram, that is transition temperatures versus 

the mole fraction x of the liquid-crystalline (LC) component 

PHB, at constant atmospheric pressure, was determined for a 

series of copolymers PET/xPHB, where PET = poly(ethylene 

terephthalate) and PHB = p-hydro:xybenzoic acid. The diagram 

includes both equilibrium and non-equilibrium phases, and is 

based on results reported here obtained by several techniques, 

as well as on those of other investigators. The diagram is 

fairly complex as some regions contain four coexisting phases. 

Several investigations (1-7) indicated the existence of 

at least two phases: a LC PHB-rich phase and a PET-rich phase. 

Scanning electron microscopy (SEM) results show the LC-rich 

phase as islands in the LC-poor matrix (2). Phase transitions 

for different compositions have been studied by various 

laboratories (2-22). The results, however, are not uniform. 

For example, no glass or melting transitions for concentra-

tions between 0.55 < x < 0.65 and two glass transitions for 

0.30 < x < 0.50 were reported by Jackson and Kuhfuss (8) ; 

Gedde et al. (12) also reported two glass transitions for x = 
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0.6 and 0.8, two glass transitions were in ref. 14 between 0.4 

< x < 0.5, and one glass transition was found at 7 0°C for x = 

0.6 (10) . As for the melting points of PET/xPHB, again there 

is a considerable disagreement (4,8). Possible reasons for the 

differences between different laboratories are discussed in 

the beginning of Section 4.6. 

In spite of the fairly extensive literature on the 

PET/xPHB copolymers, a complete phase diagram was never 

constructed. In order to fully understand the multiphase 

character of the PET/xPHB copolyesters, the present work is 

focused on the phase diagram. 

4.2 DSC Results 

PET: 

Figures 4a-d show the phase transition behavior of pure 

PET. PET can be quenched from the melt to produce material 

that is amorphous at room temperature. This amorphous PET can 

be crystallized by heating to above its glass transition 

temperature. In order to determine the cold crystallization 

temperature, the PET was heated to 280°C at 20°C*min"1, quench-

ed at 200oC*min_1 to 30°C, then heated again at 20°C*min"a. The 

DSC scan for amorphous PET (Figure 4a) shows a glass transi-

tion temperature Tg at about 75°C, a cold crystallization peak 

around 180°C, and a crystalline melting transition Tm slightly 

above 250°C. In order to remove the previous thermal history, 

a single DSC procedure was followed for all the samples. After 

the first calorimetric run, the temperature was held at 280°C 
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Figure 4a. DSC scan for amorphous PET. 
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Figure 4b. DSC scan for PET crystallized at 280°C for 20 min 
and cooled at 200°C* min"1. 
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Figure 4c. DSC scan for PET crystallized at 280°C for 40 min, 
and cooled at 2°C'min~1. 
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Figure 4d. DSC scan for PET crystallized at 280°C for 60 min. 
and cooled at 2°C,min"1. 
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for 20 min. resulting in annealing. In the subsequent DSC 

heating experiment, the crystalline PET has revealed two 

melting endotherms. The temperature and relative areas of the 

two peaks depend on the time of annealing. For short crystal-

lization times tc, only the high temperature melting peak 

appears. The low temperature melting peak appears when tc = 20 

min. (Figure 4b for a quenched sample, Figure 4c for a sample 

cooled at 2°C*min~1), then grows with increasing tc, and 

gradually merges into the high temperature peak (Figure 4d). 

Generally, only one crystalline form has been observed for 

PET, indicating that the two melting peaks do not involve a 

crystalline modification. Two different interpretations have 

been proposed for the origin of this phenomenon. 

The first interpretation assumes a morphological transfor-

mation of the lamellar crystals into bundle-like crystals upon 

annealing (24-27) . The melting of the two types of crystals is 

respectively associated with the high temperature and the low 

temperature endothermic peaks. 

The second explanation, which now is the more widely 

accepted, is that reorganization (continuous perfection 

process) of the most defective crystals occurs by gradual 

melting and immediate recrystallization during the DSC scan; 

this occurs until final melting in the high endothermic peak 

(28-35). 

The controversy mainly arises from the fact that thermal 

analysis alone can not be thoroughly interpreted without 
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making reference to changes in the crystalline morphology 

brought about by annealing. Hence, the occurrence of a 

morphological change in the PET cannot be discarded a priori. 

This problem deserved reexamination and further investigation, 

since the two phenomena i.e. reorganization during the DSC 

scan and the morphological change during annealing, are not 

basically contradictory; they can both contribute to the 

complex melting behavior of annealed PET. Transesterification 

reactions are known to occur in the molten amorphous phase of 

semicrystalline PET (36); also transesterification reactions 

have been already claimed to help in removing crystal surface 

imperfections (37) . Indeed, strained amorphous chains may open 

and recombine into unconstrained chains, which would allow 

crystal perfecting near the surface. The ester interchange 

reactions can turn chain folds into intercrystalline tie 

molecules. 

PET/xPHB Copolymers 

DSC studies were carried out on the PET/xPHB copolymers 

in order to obtain information on the thermal transitions of 

these materials. Typical DSC scans are shown in Figure 5. The 

transitions so determined are listed in Table IV. 

The most interesting observation is that the thermal 

properties of these samples change continuously with the PHB 

contents. As the amount of PHB is increased until 60 mol 

percent, a decrease in Tg corresponding to amorphous segments 

of PET is observed. This suggests the presence of a non-random 
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Figure 5. DSC scans for PET/xPHB copolymers with varying x, 
including x = 0: • for x = 0; • for x = 0.5; O for x = 0.6; 
A for x = 0.8. 
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chain structure (resulting in regions that are richer in PET 

or in PHB) ; if the system were random, one would expect an 

increase in the Tg of the PET due to the addition of the stiff 

PHB units along the backbone. For PET/0.8PHB, probably due to 

low concentration of PET, the heat flow during the phase 

separation process for the Tg is too small to verify the 

existence of this transition. 

Table IV 

TRANSITIONS IN PET/xPHB COPOLYMERS AS DETERMINED BY DSC 

Sample Tg Tc Tm AH£ 
°C °C °C J- g"1 

PET 75.0 180.0 251.0 35.5 

PET/0.5PHB 57.0 215.0 7.5 

PET/0.6PHB 61.0 212.0 6.6 

PET/0.8PHB 311.0 

Detection was not possible 

In PET/0.5PHB and PET/0. 6PHB systems, an endothermic peak 

is seen close to the glass transition region. This peak can be 

attributed to non-equilibrium behavior of the amorphous PET 

regions. That is, when the samples are rapidly quenched from 

the melt to below Tg, there is a decrease in molecular 

mobility due to the rapid increase in viscosity. Therefore, 

the molecules do not reach their equilibrium conformation with 

respect to the temperature and are "frozen" into a non-

equilibrium state. Although the molecular mobility is signifi-

cantly lower in the glassy state as compared to the rubbery 
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region, it is finite and hence the molecules will gradually 

approach the equilibrium state. This approach to the equilib-

rium state can be monitored by DSC measurements, where the 

exotherm observed near the Tg can be correlated with the 

amount of recovery towards equilibrium. 

In analyzing the crystallization behavior of the quenched 

samples during the heating experiment in DSC, as the PHB 

content increases, the exothermic peak above Tg decreases 

greatly; this can only be seen when high sensitivity is used. 

The result is not surprising, since the observed crystalliza-

tion is due to PET and, as the crystallizable amorphous PET 

content is lowered, the overall degree of crystallization is 

also lowered. Cold crystallization is not seen in the melt 

annealed samples; a crystallizable amorphous PET seems to be 

absent. The co-existing liquid crystalline PHB-rich islands 

may serve as nucleation seeds, speeding crystallization in the 

PET-rich domains. 

It is also observed that, as the PHB content increases, 

there is a depression of the melting point Tm from 251°C for 

pure PET to 212°C for 60 percent PHB. The values of Tm 

indicate that the melting is due to PET regions, with incorpo-

ration of PHB segments causing dilution effects. The melting 

point for 80 mol percent PHB increases to 311°C, because of 

the much higher melting temperature these crystals are assumed 

to be of the PHB type. The areas under the endothermic peaks 

represent the enthalpy of fusion and are proportional to the 
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degree of crystallinity when normalized per mass of crystalli-

zable material. The results show that the enthalpy of fusion 

decreases as the amount of PHB increased. This indicates that 

the amount of PET crystallinity is lowered - as in fact 

expected. 

The DSC scans for the copolymers exhibit only one glass 

transition for x = 0.5, 0.6, 0.8; the upper Tg value, presum-

ably due to PHB islands, could not be identified. A straight-

forward determination of the glass transition temperature of 

PHB is not possible; this material can be obtained in nearly 

completely crystalline state, and the glass transition only 

leads to a small step in the curve. DSC technique is not 

sensitive enough to detect this transition. Other techniques 

approximately confirm the transition temperatures listed in 

Table IV. However, for reasons discussed in Section 4.6, other 

techniques often give transition temperatures which are more 

consistent. In those cases these other values rather than DSC 

values are used in the construction of the phase diagram. 

4.3 DMTA Results 

DMTA scans for PET and PET/0.6PHB are shown respectively 

in Figures 6 and 7. For three constant frequencies 0), curves 

of the storage modulus vs. temperature are shown, (E'/Pa) vs. 

T, as well as curves of tan 8 = E''/ E' vs. T, where E'' is 

the loss modulus. 

The secondary relaxation temperatures Tp were taken as 

the peaks in tan 8 that appeared at T < Tg. This transition 
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has been observed earlier using internal friction (IF) 

measurements (17) and, as noted then, it has been known for 

decades. Farrow, Mclntyre and Ward (38) have assigned it to 

some very restricted rotations of the glycol residues in PET; 

their conclusion was based on DMTA, nuclear magnetic resonance 

(NMR), infrared (IR) spectra and X ray diffractometry. Coburn 

and Boyd (3 9) have shown by dielectric relaxation (DER) that 

the P transition takes place in the amorphous phase only, 

since its strength decreases with increasing crystallinity. Tp 

centered around -60°C for pure PET as found by IF agrees well 

with the E'(T) curve in Fig. 6. Tan 8(T) curve shows a very 

broad maximum, from -65°C or so up to approximately -40°C. 

For x = 0.6 the IF curves obtained on platinum as well 

on silica glass show the (3 transition centered around -50°C 

(17). The E' vs. T. curve in Fig. 7 lends itself to the same 

interpretation, while the tan 8(T) curve in the same Figure 

shows the relaxational transition to be somewhat higher and 

also frequency dependent, with the maximum for CO = 3.0 Hz 

around -44°C. 

The DMTA method is advantageous as compared to DSC in the 

location of the glass transition temperatures; large peaks in 

the loss modulus or tan 8 are observed, as compared to small 

steps in the DSC curve around Tg. Lower frequencies are closer 

to the equilibrium state, and indeed it is found that the 

glass transition temperatures measured at 3 or 10 Hz are very 

similar to the ones obtained by DSC; at the higher frequency 
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of 3 0 Hz the values for Tg are somewhat higher. At 3 Hz we 

find Tg for PET at 77°C and for PET/0.6PHB at 65°C. 

4.4 TMA Results 

TMA scans for pure PET, PET/0.5PHB, PET/0.6PHB and 

PET/0.8PHB are shown in Figure 8. The penetration of a quartz 

rod with a flat tip under small load gives additional, inde-

pendent information which very often appeared to be essential 

for proper interpretation of the results obtained from the 

other methods mentioned above. TMA helps to confirm the 

results obtained by other methods. 

4.5 Phase Structures, Phase Diagram and Intelligent 

Processing Connection 

Properties of materials, polymeric or otherwise, are of 

course determined by chemical composition as well as by 

structures produced during processing. For PLCs the situation 

is more complex than for engineering polymers. The first paper 

by Jackson and Kuhfuss (8) discussed how easily PLCs acquire 

orientation during processing, resulting in high anisotropy of 

properties. While in some cases the anisotropy is desirable, 

control of the resulting properties is possible only when 

there is sufficient knowledge of morphologies and phase 

structures, and the location of each structure in the appro-

priate region of the phase diagram. 

Prior and interesting work has been reported on process-

ing of the PLCs and their blends, such as the suggestion of 

Golovoy and coworkers (40) on the enhancement of fibrillar 
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structures in injection molding by machining fine grooves in 

the mold runners. Seppala and coworkers (41-43) have found 

that extrusion enhances the mechanical properties of the PLC-
\ 

containing blends beyond those of injection-molded specimens, 

apparently because additional drawing occurs. A particular 

approach proposed in this work involves determinating the 

appropriate phase diagram first, and defining processing 

conditions only afterwards. This approach will be called 

intelligent processing. The blend should be processed in the 

temperature range where both components are completely melted 

and the anisotropic polymer exhibits liquid crystallinity. 

Herein lies one of the most interesting and important features 

of PLCs made possible by using the anisotropy of the LC phase 

and cooling the polymer below Tg or Tm to vitrify (or crystal-

lize) . That is, the structure in the solid phase "inherits" 

the anisotropy of the physical properties peculiar to the LC 

polymer. This opens up new possibilities for polymer process-

ing and in creating new types of materials. Thus, by cooling 

a polymer from the nematic, smectic or cholesteric phases, it 

is possible to obtain films, glasses and coatings with the 

corresponding structure of the nematic, smectic or cholesteric 

and, hence, the special properties peculiar to them. 

In the present Chapter some peculiarities of phase 

diagrams of PLC-containing systems are defined, on the basis 

of a specific example. It should be noted that this work 

provides a basis for intelligent processing, but extrusion or 
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injection molding operations are outside of the scope of this 

dissertation. 

4.6 The PET/xPHB Phase Diagram 

Putting together results of earlier investigators, one 

can notice some discrepancies between different sources. There 

are several reasons for this. First, the procedures used to 

locate a transition temperature (maximum of a peak, midpoint 

of the temperature range over which a transition occurs) were 

not specified in all cases. However, any pre-judgement on our 

part - such as arbitrary elimination of some of the extant 

points - would be wrong. Second, various synthesis procedures 

do not necessarily produce the same degree of randomness in 

the incorporation of PET and PHB sequences into the copolymer 

chains. Third, thermal histories of the samples - typically 

strongly dependent on procedures and conditions - might be 

different. Interesting in this context is a series of papers 

by Tomka and coworkers (44-47) on PLCs (including terpolymers) 

in which compositions, processing (fiber formation), heat 

treatment (or lack of it) and presence (or absence) of a 

catalyst or strong acid were all used to manipulate the 

crystallinity, morphology, and processing windows of the 

materials. Somewhat similarly, Schmack and Vogel (48) have 

found that annealing alone considerably affects the maxima of 

melt peak temperatures in DSC runs, as well the resulting 

crystallinity and morphology. And fourth, differences in molar 

mass distributions also play a role. To assure comparability, 
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the M averages should be the same and the distributions narrow 

or at least of similar width and the chain statistics compara-

ble . 

Even if the chemical composition, degree of randomness 

along the chain, thermal history, etc. were all identical, 

certain disagreements in the literature can be explained by 

the use of different techniques to detect and locate the 

transitions. Different methods can produce different results, 

depending on the amount and size of the domains investigated. 

The domain size has a significant influence on the resolution 

of neighboring signals, their peak width, and evaluated 

temperature of the glass transition if the size of the glassy 

domains is beyond a certain dimension (49,50). The minimal 

domain size detectable by DMA is assumed to be between 1.5 nm 

and 15 nm (51-54). This is at the overlap of wide angle X-ray 

scattering (WAXS) (0.1 nm - 2 nm) and small angle X-ray 

scattering (SAXS) (1.0 nm - 100 nm) . SEM may resolve sizes 

down to 10 nm. As for DSC, dielectric relaxation (DER) and 

TMA, there seem to be no exact values of minimal domain size 

available in the literature. However, this size has to be 

larger than that for DMTA. 

Given the difficulties discussed above, it was necessary 

to define and follow several procedures to arrive at a 

reliable phase diagram. First, materials synthesized by a 

single procedure - namely developed by Eastman Kodak Co. -

were studied, thus eliminating the problems with the statis-
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tics of sequence distribution along the chains and with the 

molecular mass distributions. Second, in the present work 

results obtained earlier by WAXS (1), SEM (2), thermally-

stimulated depolarization (TSD) (16), and also by internal 

friction (IF) (17) for the same materials were used. Third, 

including results from the literature, we have gathered 

results obtained by DSC, DMTA, TMA, TSD, IF, and DER, plus 

structural and mobility studies with SEM, WAXS, SAXS, NMR and 

IR. Fourth, several techniques were applied to identical 

samples at different locations (Denton, Duisburg). Fifth, a 

series of very large scale phase diagrams were created on 

which each transition determined by a single technique at a 

single location was represented by a range rather than a point 

- if only a range was available. The ranges show better 

overlaps than the points, but cannot be shown without causing 

confusion on the phase diagram (Fig. 9). 

In defining the transition temperatures for the diagram, 

much weight was given in cases when the same temperatures was 

obtained from different types of experiments, or else from a 

single type of experiment but conducted in different laborato-

ries . DSC often provides broad transition ranges such that the 

maximum of the peaks is hard to locate. Moreover, thermal 

effects accompanying transitions involving LC phases are 

smaller than in non-LC materials; (melting into an isotropic 

phase causes larger structure changes than the melting into an 

LC phase). By contrast - as discussed before - DMTA results 



92 

show relatively large peaks. In the cases of a conflict 

between a DSC result, and results from other techniques, the 

DSC result was given the lower weight. As briefly mentioned, 

TMA turned out to be particularly trustworthy; transitions 

seen by any other technique typically show up in TMA. Further, 

drawing a line in the phase diagram for a given transition as 

a function of composition provided an additional check; while 

transition temperatures were determined independently for each 

concentration for which data were available, "wavy" transition 

lines were not obtained. 

The phase diagram of pure PET/xPHB copolymers (no blends) 

as a function of x resulting from different methods and 

results of different authors is shown in Figure 9. Non-

equilibrium phases and the corresponding transitions and also 

the relaxational transition P obtained by DMTA are included. 

It is customary to show in phase diagrams equilibrium phases 

only. However, we believe that in general non-equilibrium 

phases have to be included in the PLC phase diagrams. Some 

such phases exhibit high longevity, apparently because of the 

presence of rigid constituents; disregarding them would have 

obvious consequences for processing procedures and for the 

properties of the products. Moreover, from the behavior of the 

glass transition temperatures conclusions can be drawn on the 

miscibility of the constituents. 

Inspection of Fig. 9 shows that the complexity of the 

phase diagram is still higher than that of the PLC system 



93 

500 -

400 -

300 

T/°C 

2 0 0 -

100 

- 1 00 

¥ 

x (PHB) 
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The symbols of the diagram correspond to the following 

sources: 

0 Our results (DSC) 

0 Our results (DMTA) 

• Our results (TMA) 

* Our results (Gnomix volume-pressure-temperature apparatus) 

B Results obtained by M. Hess (TMA, DMTA and DSC) 

e Menczel, J.; Wunderlich, B. (DSC)(3) 

• Meesiri, W.; Menczel, J.; Gaur, U.; Wunderlich, B. (DSC) (4) 

0 Sun, T.; Porter, R. S. (DSC, DMTA, OT, OM)(7) 

+ Jackson, Jr. W. J.; Kuhfuss, H. F. 

t Jeziorny, A. 

H Zhou, Ch.; Clough, S. B. 

• Viney, C.; Windle, A. H. 

A Benson, R.S. ; Lewis, D. N. 

v Gedde, U. W.; Burger, D.; Boyd, R. H. 

x Kricheldorf, H. R.; Schwarz, G. 

^ Chen, D.; Zachmann, H. G. 

Q Brostow, W.; Kaushik, B.; Mall, S.; Talwar, I. 

| Brostow, W.; Samatowicz, D. 

- Zhuang, P.; Kyu, T.; White, J. L. 

•£ Takase, Y.; Mitchell, G. R.; Odajima, A. 

* Yoon, D. Y.; et al. 

H Joseph, E.; Wilkes, G. L ; Baird, D. G. 

E Cuculo, J. A. ; Chen, G. Y. 

(DSC, DMTA)(8) 

(DSC)(9) 

(DSC)(10) 

(DSC, OM)(11) 

(DMTA)(12) 

(DER)(13) 

(DSC, WAXS,OM)(14) 

(DSC, DMTA)(15) 

(TSD)(16) 

(IF)(17) 

(DSC)(19) 

(DER)(20) 

(DSC, DER)(21) 

(DSC)(22) 

(DSC)(23) 
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studied by Zachmann and collaborators (55), namely copolymers 

of poly (ethylene naphthalene-2, 6-dicarboxylate (PEN) with PHB. 

One reason for the additional complexity is the inclusion of 

relaxational transitions (the (3 transition) and the deliberate 

inclusion of non-equilibrium phases. Continuous lines corre-

spond to localized transitions or relaxations, such that the 

number of experimental points is adequate for reasonably 

accurate inferences. The nearly horizontal dotted line 

represents the maximum of the cold crystallization; the 

process also occurs of course below and above the line. The 

nearly vertical dotted line represents creation of LC-rich 

islands; here also a region on both sides of the dotted line 

is involved. The line is not quite vertical, because the 

statistical-mechanical theory of Flory and Matheson (56,57) as 

amplified in (58,59) shows that at lower temperatures an 

orientationally ordered (LC-rich) phase appears at lower 

concentrations 0. The broken lines in the diagram pertain to 

the part of the diagram where the line location is known less 

accurately because of low density of experimental points 

(related to thermal degradation at longer times). 

The regions in the diagram marked with Roman numbers 

contain the following phases: 

I = PET crystals, isotropic glass (PET matrix with 

some PHB sequences) , both below solid state |3 

relaxations 
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II = PET crystals, PHB-rich islands, isotropic 

(PET-rich) glass, PHB-rich glass, all below 

solid state p relaxations 

III = PET crystals, isotropic (PET-rich) glass, both 

above solid state P relaxation transition 

IV = PET crystals, PHB-rich islands, isotropic PET-

rich glass, PHB-rich glass, all above P relax-

ation 

V = PET crystals, quasi-liquid 

VI - VII = PET crystals, PHB-rich islands, PHB-rich 

glass, quasi-liquid 

VIII = PET crystals, PHB-rich islands, quasi-liquid 

IX = Isotropic liquid 

X = Smectic E, isotropic liquid 

XI = Smectic E, smectic B, isotropic liquid 

XII = Smectic B, isotropic liquid 

The coexistence of two smectic phases in Region XI is 

worth noting. While clear on thermodynamic grounds, it was 

supposed to be more typical for monomeric liquid crystals 

(MLCs). However, Galli and coworkers (60) argue that the 

phenomenon of the mesophase coexistence might be more frequent 

in PLCs than hitherto believed. 

The results of Kricheldorf and Schwarz (14) and Yoon and 

coworkers (21) on pure PHB were particularly useful for the 

assignments of the phases and transitions in the copolymers. 

The independence of the glass transition of the PET from x for 



97 

low x values (below <3̂ c Umit) indicates that the solubility of 

PHB in the PET-rich phase is quite low, while the PHB-rich 

phase allows relatively higher concentrations of PET. Here 0^ 

limit is the lowest concentration 0 of the LC component at which 

islands of the LC-rich phase can be formed; Fig. 7 in (58) 

explains this. Since we have two-constituent copolymers only, 

0 in (58) is equal to x in this diagram. The existence of 0^ 

limit is particularly important for the mechanical reinforcement 

of the polymer by the LC sequences. Kyotani and coworkers (61) 

have found no improvement of tensile properties for PLC-

containing blends with 0 < 0.05, which is clearly below the 0^ 

l i m i t * 

The quasi-liquid phase existing in several phase regions 

defined above will be discussed in the following Section. 

4.7 The Quasi-Liquid Phase 

The diagram in Figure 9 contains a phase such that its 

existence has been noted in earlier PLC work, namely the 

quasi-liquid (q-1) (1,62). This is the material which was in 

an amorphous state below its glass transition, but now is in 

the temperature range between Tg and the melting transition 

(the latter can be a transition into a mesophase). Except for 

elastomers, when one then assumes the existence of the 

leathery state, one calls such materials simply liquids. 

However, in the case of the PLCs in particular, that name is 

not appropriate for several reasons: 
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The quasi-liquid phase does not exhibit the ordinary 

liquid mobility. The presence of another component below 

its glass transition and/or of crystallites prevents the 

phase from flowing like a liquid. This is in contrast to 

non-LC polymers between Tg and Tm, where the formerly 

amorphous phase flows around the crystalline regions, 

with the liquid viscosity dependent for all purposes only 

on the temperature. The concentration of the quasi-liquid 

depends also on the concentration of LC sequences. In 

this context, we note the deuteron NMR results of Zachman 

and collaborators (55) who have found that in PET/xPHB 

copolymers the PHB sequences considerably decrease the 

mobility of PET sequences. 

The notion of a "liquid" brings about a mental associa-

tion of a material which upon heating can only undergo 

vaporization, or, if it is a polymer melt, no further 

transition at all. By contrast, the material containing 

a q-1 phase has to undergo at least two more phase 

transitions: melting and isotropization at the clearing 

point. If more than one liquid-crystalline phase is 

formed, say smectic C and nematic, then there will be 

even more transitions. 

It is in the quasi-liquid phase that the process of 

crystallization can occur, the so-called "cold crystal-

lization", in contrast to an ordinary liquid in which no 

such process takes place. 
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Finally, and as briefly noted above, q-1 shows an 

analogy with the leathery state in elastomers. Both types 

of systems are immediately above their glass transition 

regions, and both exhibit retarded reactions to applica-

tion of external forces. 

4.8 Some General Comments 

In Fig. 9 we see multiplicity of phase transitions of the 

LC component, limited miscibility discussed already in Section 

4.6, a large number of regions, and typically several phases 

in each region. This complexity of the phase diagram is a 

consequence of several factors. Most important is the relative 

rigidity of LC sequences and the resulting orientation even 

in weak shearing or other (electric or magnetic) fields, and 

the orientation-induced interactions. 
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CHAPTER V 

PHASE BEHAVIOR AND MECHANICAL PROPERTIES OF A LIQUID 

CRYSTALLINE COPOLYESTER BLENDED WITH 

POLYCARBONATE 

5.1 Introduction 

Because of the importance of longitudinal PLCs (class a) 

in the development of high-modulus materials, a polyester that 

is easy to obtain and modify was chosen as the rigid-rod type 

PLC component. The copolyester based on poly (ethylene terepht-

halate) and 60 mole percent p-hydroxy-benzoic acid (PET/0.6P-

HB) was chosen. It shows particularly good mechanical proper-

ties and combination of properties that cannot be obtained in 

conventional materials, which makes this PLC a primary 

candidate as a reinforcing agent to be added to engineering 

thermoplastics in the form of second phase. Needless to say, 

at this stage large amounts of information about PET/0.6PHB 

have been acquired - as reported in Chapter IV. The ideal 

choice for the engineering polymer (EP) was the bisphenol-A 

based polycarbonate (PC) which shows high impact strength but 

surface of which is relatively soft and therefore can be 

scratched or otherwise abraded. Monomers for PLC synthesis are 

available in small quantities only, with evident consequences 

for the PLC prices. Blending of PET/0.6PHB with PC offers the 

105 
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possibility of exploiting many of its potentially desirable 

characteristics, while costs are lowered considerably. 

The phase behavior of PC blended with PET/0.6PHB copolye-

ster as function of the composition was determined. The 

connection between the mechanical properties and phase 

structures and phase diagrams is discussed. 

5.2 Sample Preparation 

The blends of PET/0.6PHB and PC were prepared by Michael 

Hess and collaborators at the University of Duisburg, by 

coprecipitation from mutual solution in a common solvent 

followed by subsequent annealing for different times at 210°C 

- 220°C and at 4 MPa. The common solvent consisted of 20 

volume % CF3COOH, the remainder being CHC13. In all cases the 

polymers were precipitated by addition of acetone to the 

solution. 

Different samples series : I to IV, with concentration 

from 9 to 95 weight % PC were prepared in order to study the 

effect of the thermal history on the thermal and mechanical 

properties of the blends: 

Sample series I : 210-220°C, 4.0 MPa, 1 min. annealing time; 

Sample series II : 210-220°C, 4.0 MPa, 10 min. annealing time; 

Sample series III: 210-220°C/ 4.0 MPa, 60 min. annealing time; 

Sample series IV : 210-220°C, 0.1 MPa, 10 min. annealing time. 

In order to study the effect of the preparation method, 

series V of blends of PET/0.6PHB and PC, with concentration 

from 5 to 20 weight % PLC were prepared by the injection 
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molding method described in Section 3.2. Injection molding is 

one of the more typical and also more rapid shaping operations 

by which the raw polymer is transformed into useful objects 

with the required molecular orientation. 

5.3 Dynamical Thermal Mechanical Analysis (DMTA) 

The series of samples I-IV were run in the shear mode at 

the frequency of 1.0 Hz. The thickness of the samples, 0.5 mm 

to 0.6 mm made them unsuitable for analysis in the bending 

mode. The other conditions were as described in Section 3.5. 

Figures 10 and 11 show the results for the pure compo-

nents PET/0.6PHB and PC; the loss modulus G'', the storage 

modulus G' and tan 8 all of which are plotted against tempera-

ture . 

The PLC copolymer exhibits a Tg at 54°C which can be 

identified as the maximum of G" (T) curve. The results reported 

in Chapter IV indicate that the transition is due to PET. At 

this temperature the mobility of the segments of the polymer 

chain results in a softening of the sample; G' decreases for 

this reason. The broad and weak transition around -50°C, also 

present in the pure PET and already discussed in Chapter IV, 

is probably caused by onset of the mobility of the 0-CH2-CH2-0 

group. 

The amorphous PC shows a Tg (Figure 11) at about 145°C. 

The G' decreases by more than a factor of 102 in a small 

temperature range. The position of Tg of the pure components 
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Figure 10. DMTA results for pure PET/0.6PHB kept under 
compression for 10 min. at 210-220°C under 4 MPa. 0) = 1.0 Hz. 
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Figure 11. DMTA results for pure PC kept under compression for 
10 min. at 210-220°C under 4 MPa. CO = 1.0 Hz. 
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is independent of the conditions of preparation of the sample, 

pressure, and annealing time. G' increases with increased 

annealing time due to the higher crystallinity of the samples; 

this effect will be discussed in more detail in Section 5.5. 

The glass transition temperature Tg is associated with 

changes in the amorphous part of the polymer. At this tempera-

ture the molecular chains of the material have sufficient 

energy to overcome attractive forces and move vibrationally 

and translationally. Below Tg the material is brittle and 

hard; it starts becoming soft at Tg. Above this temperature 

the amorphous region could be a viscous liquid if the molecu-

lar mass is low, or rubber-like if the molecular mass is high. 

The number and locations of the Tgs provide much insight 

into the nature of a polymer blend. That is, a miscible one-

phase blend has only one Tg which should be between the Tgs of 

the pure components. This is because the mobility of the 

chains segments depends not only on the chemical arrangement 

of their own molecules but also on the molecules of the other 

component that surround them. By contrast, a two-phase blend 

should have two transitions, one for each phase; this means 

that the molecules of one component are surrounded by the 

molecules of the same component and therefore are immiscible. 

There is also a third kind of system, when the blends are 

partially miscible. As for the two-phases completely immisci-

ble blend, this also shows two Tgs. A fundamental difference, 

however, is that the Tgs of the partially miscible blend fall 



110 

between those of the individual polymers. The Tg of the 

component with the higher Tg is lowered, whereas that of the 

component with the lower Tg is raised because molecular mixing 

takes place to some extent. 

Blend Results, Series I to III: 

Comparing the results from Series I, II, and III, it was 

found that the thermal history of the sample has a consider-

able effect on the phase behavior of the blends. Longer 

annealing times under the same pressure produce larger 

decreases in the Tg of the PC. This behavior is illustrated in 

Figures 12-14, for the blend PC + 20 % PLC. The Tg value of 

153°C after 1 min. changes to 117°C after 10 min. and eventu-

ally to 97°C after 60 min. This behavior can be explained by 

a gradual increase of the miscibility during annealing. The 

concentration of the PLC in the PC phase changes with the 

annealing time. Therefore, the Tg of the PC changes. At the 

same time, differences in the local composition are responsi-

ble for the broadening of the glass transition peaks (G") 

after long annealing times. 

The diagrams, including plots of Tgs as a function of the 

PLC concentration, Figures 15a-d, illustrate the dependence of 

the phase behavior on conditions of sample preparation for 

sample series I-IV. It can be observed in all four plots that 

the Tg for the PET constituent is independent of the blend 

composition and is the same as that of the pure PET. This 

result means that the PET-rich phase does not absorb any of 
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Figure 12. DMTA results for a blend of PC + 20 weight % PLC 
kept in compression for 1 min. at 210-220 °C under 4 MPa. 
(0 = 1.0 Hz. 
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Figure 13. DMTA results for a blend of PC + 20 weight % PLC 
kept in compression for 10 min. at 210-220°C under 4 MPa. 
CO = 1.0 Hz. 
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Figure 14. DMTA results for a blend of PC + 20 weight % PLC 
kept in compression for 60 min. at 210-220°C under 4 MPa. 
0) = 1.0 Hz. 

the PC. 

In Figure 15a for the sample series I, 1 min. annealing 

time, the Tg of the PC-rich phase decreases 20°C between 20 % 

and 40 % of PLC. The detection of Tg of the PC-rich phase was 

not possible for concentrations lower than 20 % PC, that is 

80 % PLC. 

In Figure 15b for samples series II, 10 min. annealing 

time, strong decreases of Tg of the PC-rich phase from 149°C 

to 100°C at 10 % to 45 % PLC are observed. These results 

demonstrate that the miscibility has increased. 

In Figure 15c for sample series III, 60 min. annealing 

time, the Tg of the PC-rich phase changes significantly with 
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Figure 15. Phase transitions in PC + y % PLC system as 
obtained by DMTA: a) 1 min. annealing, 4.0 MPa b) 10 min. 
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the concentration of the PLC. A significant decrease in Tg is 

observed in the concentration range of 10 % to 15 % PLC. The 

formation of a third phase at 100°C is also observed too in 

the concentration range from 15 % to 60 % PLC. These results 

demonstrate good miscibility between PC and PLC in this 

composition range. PC should absorb one part of the copolyest-

er in its phase; the phase is thus PLC-poor and PC-rich. It 

can be concluded that PET is virtually immiscible with PC. 

Also, it is known that a transesterification reaction is 

possible, but nC NMR spectroscopy shows that it requires time, 

and measurable effects are observed at T > 270°C (1). There-

fore, the fall of the Tg from 153°C to « 100°C can only be 

explained by gradual mixing of PC with PHB. 

Blend results for sample series IV and V : 

The blends subjected to low pressures during the prepara-

tion process (Series IV) and to mechanical mixing (Series V) 

do not exhibit decreases in Tg at about 15 % PLC such as the 

one observed in the sample series I to III. The Tg of the PC-

rich phase changes only 13°C for Series IV over the whole 

range of concentrations (see Figure 15d). For Series V from 0 

% to 20 % PLC, Tg decreases by 6°C (see Figure 16a) . This 

confirms the results obtained for the samples series I to III; 
\ 

namely, under high pressures good miscibility can be obtained. 

Sample series IV and V show low miscibility, since the sample 

is in a state other than the equilibrium condition obtained 

with the Series III after 60 min. annealing. Not only the 
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Figure 16. Phase transition in PC + y % PLC systems for 
injection- molded samples a) DMTA and DSC results, b) TMA 
results. 
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thermal history but also the mode of preparation of the 

samples have great effect on the miscibility of the blends. 

Figure 17 shows the typical DMTA scans, tan 8 versus tempera-

ture, in the bending mode, obtained for sample series V. 

Figure 18 summarizes the changes of Tg of the PC-rich 

phases of the blend specimens for samples series I-V. Inspec-

tion of Figure 18 shows, first of all, that samples of the 

same compositions can have glass transition temperatures 

varying from approximately 100 °C to 150 °C - depending on the 

preparation procedure. Figure 18 shows also that longer 

annealing times correspond to lower glass transitions tempera-

tures, apparently as a consequence of more intimate mixing at 

elevated temperatures. Finally, Figure 18 also confirms early 

concerning statements about taking into account of non-

equilibrium phases and their transitions (Section 4.6). 

All Tgs values for Series I to IV are summarized in Table 

V; they are average values of three separate measurements with 

precision of ± 2°C. 
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Figure 17. DMTA bending mode scans for PC + y % PLC blends 
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Figure 18. Glass transition temperatures of PC + PLC blends 
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TABLE V 

GLASS TRANSITION TEMPERATURES FOR THE PC + PET/0.6PHB BLENDS 
DMTA RESULTS 

Series I Series ; II Series III Series 
IV 

% PLC T g 
°C 

T •"•g 
°C 

T g 
°C 

T Ag 
°C 

T xg 
°C 

T Ag 
°C 

T Ag 
°C 

T g 
°C 

T Ag 
°C 

T Ag 
°C 

0.00 - - 145 - - 145 - - 145 - - 145 

4.76 53 147 54 146 54 146 54 145 

9 .09 54 147 54 100 149 53 150 54 145 

14.29 53 145 54 105 150 53 113 150 54 145 

16.67 57 151 54 108 158 55 102 156 54 145 

20.00 54 153 54 99 55 97 150 54 145 

25.00 55 131 55 101 54 100 148 54 144 

33 .33 55 124 55 100 55 102 55 144 

41.67 53 132 54 97 54 100 55 144 

50.00 54 131 55 131 54 105 54 141 

58.33 54 132 54 131 55 100 131 54 134 

66.67 53 136 51 54 132 54 132 

75.00 53 54 53 133 55 

80.00 54 48 52 54 

90.91 52 50 47 54 

100.0 54 54 52 54 

Detection was not possible 

Activation Energies 

In order to investigate the frequency 0) dependence of the 

transition temperature, the blends for sample Series V which 

are processed by a commercial method, were measured at the 

frequencies: CO = 1.0 Hz, 3.0 Hz and 10.0 Hz. As illustrated, 
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Figure 19. Log tan 8 and storage modulus as a function of 
temperature for PC + 20 % PLC, for three diferent frequencies, 
log tan 8: • 1.0 Hz; • 3.0 Hz; A 10.0 Hz. E': O 1.0 Hz; • 3.0 
Hz; • 10.0 Hz. 
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Figure 19 shows the storage modulus E' and tan 8 as a function 

of temperature at these three different frequencies for PC + 

20 % PLC. 
, 

The activation enthalpy AH of the relaxation process can 

be calculated from the tan 8 peak positions at two different 

frequencies and cî: 

CO, 
J21n(-i) 

A H* = (5.3.1) 
JL-JL 
2i"ra 

A better practice is to plot In CO versus 1/T for a number 

of frequencies. The slope at any point is AH/R. At high 

temperatures, the plots are linear and a formula of the 

Arrhenius type works well: 

« = .A.exp(--̂ -) (5.3.2) 
RT 

At lower temperatures, the presence of the glass transi-

tion becomes significant and the plot becomes curved. The 

slope of the curve is seen to be asymptotic to infinity as the 

glass transition is approached. 

It has become common practice to refer to the AH derived 

from the slope of the curved plot as the apparent activation 

energy. This, however, is unnecessary. If one accepts the 

activation energy approach, then the slope of the Arrhenius-

type plots will give the true activation energy at that 

temperature. The following argument is applicable. The 
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equation for an activated process in the Eyring theory of the 

absolute reaction rates (2) is as follows: 

£ 2 ^ . A , AS"\ (5.3.3) 
• = ~7T RT ~~R~ 

Therefore: 

In (0 = ln(-^") - AIL. + A±L (5.3.4) 
h RT R 

If a weak temperature dependence of the first term is ignored, 

we obtain: 

3ln o) _ 1 0AS* + T 6AH* _ AH* (5.3.5) 
3(1 /T) Rd(l/T) R RdT R 

However, the very application of the activation energy concept 

involves the assumption that the thermodynamic equilibrium 

pertains to the activated state itself: 

0 = d&G* = BLH* - TQLS* (5.3.6) 

0A S* = 8 A j r (5.3.7) 

Substituting Eq. 5.3.7 into Eq. 5.3.5 gives: 

din w _ Tz dAH* + T 9AH* AH* 
8(1 /T) RT dT R dT R 

_ _ AH* 
R 

This is valid even if AS* is temperature dependent. 

(5.3.8) 
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In the treatment of Adam and Gibbs (3) it was assumed 

that the activation energy for the glass transition is 

proportional to the size of the unit that must move coopera-

tively . 

The secondary relaxation temperature Tp is more strongly 

co-dependent than the a relaxation, at the temperature Tg. This 

can be explained in the terms of the values of the activation 

energies. For Tp the respective values are of the order of 

only 10 kJ/mol while for Tg of PC they are around several 

hundred kJ/mol. Calculations were performed for both relax-

ation temperatures for the PC-rich phase. However, the 

observed shifts of the Tgs with 0) are small, only slightly 

larger than the precision limits of the instrument, hence the 

values for the activation energies of the Tgs should not be 

considered to be absolute. The activation energies at the 

glass transition of PC change as the PLC composition is 

varied. This can reflect a spectrum of internal motions 

involving molecular segments of varying sizes. 

Table VI shows the transition temperatures obtained by 

DMTA bending mode for sample series V, including the secondary 

relaxation temperatures Tp. 
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TABLE VI 

THERMAL TRANSITIONS FOR THE PC + PET/0.6PHB BLENDS 
DMTA RESULTS 

% PLC 0) 
Hz 

TP 
°C 

TgPET 

°c 
T g P C 

°C 
AH#P 

kJ/mol 
AH#

A 

kJ/mol 

1 - 80.5 149.5 

0.00 3 

10 

-77.0 

-69.5 

150.5 

153.0 

66 934 

1 -79.5 60.0 148.5 

5.00 3 -73 .5 60.0 150.0 65 976 

10 -69.0 60.0 152.0 

1 -79.5 60.0 146.5 

10.00 3 -74.0 60.0 148.0 61 734 

10 -67.0 60.0 151.0 

1 -72.0 58.0 143 .0 

15.00 3 -67.5 58.0 146.0 78 667 

10 -64.5 58.0 148.0 

1 -73.0 60.5 144.0 

20.00 3 -63.0 60.5 146.5 69 659 

10 -59.0 60.5 148.0 

5.4 Thermomechanical Analysis (TMA) 

In order to check the results of DMTA and to acquire 

additional information about the melting behavior of the PC + 

PLC blends, the sample series I-III and V were studied by TMA 

as described in Section 3.4. 

Additional information about the melting temperature of 

the copolymer and the blends was obtained from TMA between 

220°C to 235°C. In this temperature range, the blends change 

from the solid state to a viscous liquid. Some typical TMA 
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curves are presented in Figure 20. Figure 20a for pure PC 

shows only the Tg; after this temperature no other transition 

could be observed, which means that the pure PC is completely 

amorphous. Figure 20b for the pure PLC shows the Tg of the PET 

phase at 55°C and another transition at 225°C. The new transi-

tion might be the melting point of the PET in the copolyester 

and is independent from the composition and the preparation of 

the blends. The sudden decrease in the melting point of the 

blends at about 20 % PLC is directly connected with the 

decrease in Tg of the PC rich phase. It is not caused by the 

crystalline melting point because the PC is amorphous, as 

already mentioned and confirmed further by the DSC data in the 

following Section. 

The partial phase diagrams, including plots of transition 

temperatures as a function of the PLC concentration for sample 

series I-III obtained by TMA (Figures 21a-c), fully confirm 

the results obtained by DMTA. Again, the formation of the new 

phase formed by the absorption of the PHB constituent in the 

PC phase is dependent on the annealing time. It starts to 

appear after 10 min. of annealing in the concentration range 

from 33 % to 42 % for sample series II and from 15 % PLC to 68 

% PLC for sample series III. Better miscibility for the compo-

nents is obtained at 60 min. annealing time under pressure. 

Table VII summarize the results obtained by TMA. 
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Figure 20. TMA results for PC + y % PLC system at different 
annealing times: a) y = 0, 10 min. b) y = 100, 10 min. 
c) y = 75, 10 min. d) y = 50, 10 min. e) y = 50, 60 min. 
f) y = 33, 60 min. g) y = 17, 10 min. 
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TABLE VII 

TRANSITION TEMPERATURES FOR THE PC + 
TMA RESULTS 

PET/0.6PHB BLENDS 

Series I Series I I Series I I I 

% PLC T g 
°C 

T 
°C 

T xm °c 
T 
-*•9 
°C 

T 
°C 

T 
°C 

T x m °c 
T xg 
°C 

T 
•"•g 
°C 

T 
"*-9 
°c 

T 
°c 

0 . 0 0 - - 154 — - - 154 — 154 — 

4 . 7 6 55 155 191 55 155 191 55 154 191 

9 . 0 9 53 154 196 56 154 196 59 153 230 

1 4 . 2 9 54 156 196 53 157 196 53 117 156 229 

1 6 . 6 7 52 155 232 57 160 230 54 95 155 232 

2 0 . 0 0 56 154 230 50 149 234 54 98 132 233 

2 5 . 0 0 56 133 228 49 154 230 52 102 137 230 

3 3 . 3 3 56 131 231 54 101 137 232 54 99 138 233 

4 1 . 6 7 51 138 230 50 117 137 233 56 104 136 233 

5 0 . 0 0 53 134 220 47 136 221 48 105 230 

5 8 . 3 3 51 133 221 49 131 222 51 103 136 230 

6 6 . 6 7 56 140 220 53 130 225 54 95 135 226 

7 5 . 0 0 63 145 219 51 133 224 58 138 212 

8 0 . 0 0 59 139 221 53 134 224 60 136 218 

9 0 . 9 1 59 210 52 136 220 62 210 

1 0 0 . 0 53 223 52 224 55 227 

Detection was not possible 

Table VIII shows the TMA results for the sample series V. 

Tg and the softening temperature, Ts for the PC-rich phase in 

the blends were observed. Again a decrease in Tg from 154°C 

for the pure PC to 122°C for PC + 20 % PLC is obtained, see 

Figure 16b. A new phase appears at 133°C for 10 % PLC, as 

noted by the presence of two Tgs for this particular blend. 

Partial miscibility can be deduced in the blends since both 
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Figure 21. Phase transitions in PC + y % PLC systems as 
obtained by TMA. a) 1 min. annealing, 4.0 MPa. b) 10 min. 
annealing, 4.0 MPa. c) 60 min. annealing, 4.0 MPa. 
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the Ts and the Tg of the PC phase-rich decrease on increasing 

the content of the PLC. Figure 22 shows the TMA scans for 

sample series V. 

TABLE VIII 

TRANSITION TEMPERATURES FOR THE PC + PET/0.6PHB BLENDS 
TMA RESULTS 

Series V 

% PLC "^gPC TgPC "^sPC 
°C °C °C 

0.00 154 200 

5.00 150 195 

10.00 147 190 

15.00 147 133 190 

20.00 122 165 

5.5 Differential Scanning Calorimetry (DSC) 

The results from DMTA and TMA are confirmed in general by 

DSC measurements. The sensitivity of DSC for the determination 

of the glass transitions is lower. However, the DSC method is 

very useful for the determination of the melting transitions, 

as well as the determination of the differences in crystallin-

ity from ratios of the areas of the melting peaks. 

The Tgs obtained for the pure components and the blends 

by DSC are in good agreement with the ones obtained by TMA. 

Additional melting peaks for concentration between 20 % PLC 

and 60 % PLC are obtained. The melting peaks disappear in the 

second run if the polymer melt is quenched from the first hea-

ting to room temperature. During the rapid quenching process 
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no crystallization can occur so that amorphous samples are 

obtained. After 1 min. annealing time (sample series I), the 

crystallinity of the blends is quite low. The crystallinity 

does not affect the position of the glass transitions; the 

values for the Tgs are same for the first and second heating 

runs. The phase transitions for sample series I obtained by 

TMA are presented in Figure 23a. 

After 10 min. annealing time (sample series II), changes 

in the morphology of the blends for concentrations between 

40 % and 80 % PLC occurred. The surface areas under the 

melting peaks increase in this concentration range. There is 

a decrease in Tgs connected with the increase in crystallinit-

y. Figure 23b shows the phase transitions for sample series 

II. 

The increase in annealing time from 10 min. to 60 min. 

causes increase in the surface area of the melting peaks and 

in the crystallinity. However, the position of the Tg does not 

change; the shift in Tg of the PC rich phase is from 150°C to 

120°C rather than down to 100°C. Such a large difference is 

unusual since it cannot result from variations in heating 

rates. An explanation for this discrepancy could be that DSC 

did not resolve the transition from 100°C to 150°C and it only 

registered the one in the middle. Figure 23c shows the phase 

transitions for sample series III. 

Figure 24 shows a typical DSC diagram; the results for 

sample series I-III are summarized in Table IX. 
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134 

TABLE IX 

TRANSITION TEMPERATURES OF THE PC + PET/0 
DSC RESULTS 

6PHB BLENDS 

Series I Series I I Series I l l 

% PLC T xg 
°C 

T Ag 
°C 

T 
°c 

T g 
°C 

T ig 
°C 

T Am °c 
T -••g 
°C 

T -••g 
°C 

T Am °c 
0 . 0 0 - - 153 — - - 153 — - - 153 — 

4 . 7 6 50 152 — 58 151 — - - 153 — 

9 . 0 9 50 153 — 58 154 222 52 149 225 

1 4 . 2 9 50 154 233 57 152 224 58 152 232 

1 6 . 6 7 48 157 227 53 153 226 5 3 154 226 

2 0 . 0 0 52 158 222 53 120 228 51 153 226 

2 5 . 0 0 54 144 224 55 122 225 55 125 228 

33 .33 55 133 224 52 125 226 54 119 229 

4 1 . 6 7 50 144 225 59 130 228 59 128 229 

5 0 . 0 0 55 143 222 62 140 224 61 130 230 

5 8 . 3 3 57 144 222 57 138 223 56 134 231 

6 6 . 6 7 58 144 58 136 225 55 129 230 

7 5 . 0 0 59 145 61 147 225 58 140 216 

8 0 . 0 0 60 55 225 60 144 218 

9 0 . 9 1 60 56 58 223 

1 0 0 . 0 0 61 59 61 236 

Detection was not possible 

There is a connection between the area of the melting 

peak and the height of the step of the glass transition - of 

course - if they belong to the same component. At a constant 

concentration, if the melting area increases, the crystallin-

ity is higher and the Tg step must be smaller. This tends to 

confirm that the crystallinity is mainly due to PC. 

For the sample Series V, the Tg value shifted from 151°C 
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for pure PC to 136°C for 20 % PLC (see Figure 16a) . The 

melting points were not detected, since the samples were not 

crystallized in the preparation process and remain in the 

amorphous state. Figure 25 shows typical DSC thermograms for 

sample series V. 
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Figure 25. DSC results for injection-molded samples of PC + 
y % PLC system: - y = 0; y = 5; -A- y =10; -•- y = 15; 
-+- y = 20. 
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5.6 Phase Diagram 

The phase diagram resulting from the use of DSC, TMA as 

well as DMTA is presented in Figure 26. Table X contains the 

description of the regions in the diagram marked with Roman 

numbers. 

Inspection of the diagram shows, first of all, a multi-

plicity of phase transitions - which is why there are 18 

regions. Except for the isotropic liquid all the others 

regions contain more than one phase. Since non-equilibrium 

phases are included, the Gibbs rule is not violated. There are 

two LC phases, smectic E and smectic B, as found by Yoon and 

coworkers (4). 

The quasi-liquid (q-1) has already been defined (Section 

4.7).as a phase between the glass and melting transitions with 

low mobility and retarded response to external forces. Low 

mobility distinquishes q-1 from an ordinary liquid which flows 

much more readily. The q-1 originates from PET glass, and it 

is in q-1 that cold crystallization of PET occurs as shown by 

the dotted horizontal line in Figure around 100 °C. This 

indicates the maximum intensity of cold crystallization. 

Similarly, as for PET/xPHB copolymers with varying x (Section 

4.6), more PET crystals are present at higher temperatures, 

than at the cold crystallization region. 

The vertical dotted line around 50 weight % PLC repre-

sents formation of LC-rich islands in the LC-poor matrix. The 

islands are created via a kinetic process. Their appearance 
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TABLE X 

REGIONS IN THE PHASE DIAGRAM FOR PC + PET/0.6PHB 

Phase States 

I PC-rich glass PC crystals 

II PC glass PC crystals PET glass 

III (PC + PHB) glass PHB-rich islands PET glass 

IV glass PC crystals 
PET crystals (small amounts) 

quasi-liquid 

V and 
VIII 

glass 
PHB islands 

PET crystals quasi-liquid 

VI glass PC crystals quasi liquid 

VII glass 
PET crystals 

PC crystals quasi liquid 

IX PC crystals i-liquid 

X quasi liquid PC crystals i-liquid 

XI quasi liquid 
PET crystals 

PC crystals i-liquid 

XII quasi liquid 
PET crystals 

PC crystals PHB islands 

XIII quasi liquid PET crystals PHB islands 

XIV Smectic E i-liquid 

XV i-liquid 

XVI (PC + PET)-rich liquid PHB-rich liquid 

XVII i-liquid smectic B 

XVIII i-liquid smectic E Smectic B 

depends not only on the composition and temperature but also 

on the previous mechanical and thermal history of the sample. 

Thus island formation occurs also to the left of the dotted 

line in question, but compositions closer to the pure PC 

require more time for the island to appear. The dotted line 
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corresponds to maximum island formation. This fact is also 

reflected in mechanical properties, as discussed below in 

Section 5.8. 

There exists a thermodynamic condition (corresponding to 

infinity formation time), namely the lowest LC concentration 

0Lc limit below which a given T and P an LC island will not form. 

It is important to note that 0^ limit manifests itself in the 

mechanical behavior shown in Section 5.8. 

Region XVI in the phase diagram is hypothetical, since 

experimental points were not obtained at such high tempera-

tures. Above 290°C transesterification reactions are possible, 

hence, strictly speaking, the components to which this diagram 

pertains do not exist. There are several reasons for inclusion 

of this region. First, it represents a natural continuation 

upwards of the borders between the regions X and XI and also 

XI with XII. Second, as already discussed above, at lower 

temperatures the islands are dominated by PHB. At higher 

temperatures, PHB will separate even more easily - leaving a 

PC-rich phase. Since PC and PET both consist of flexible 

sequences and they are in the molten phases at this tempera-

ture, PET sequences will try to get into the PC-rich phase. 

Third, there is evidence from melt rheology (5) that the 

blends at 290°C containing 20 % PLC - just inside the two-

phase region XVI - behave differently than those with 

15 % PLC. This is understandable, since the diagram shows the 

later composition inside the one-phase region XV. 



140 

Finally, except for the strong dependence of the glass 

transitions of the PC-dominated phases on the preparation 

procedures, discussed separately in the preceding Sections, 

a good agreement of the temperatures of phase transitions 

determined by different techniques is observed. 

5.7 Mechanical Properties 

The interaction between the PLC and the PC has conse-

quences not only for the glass transitions but also for 

crystallization and mechanical properties. The effects of 

annealing time on the modulus Eb in three-point bending were 

studied by TMA. A curve showing these effects is provided in 

Figure 27. The bending modulus Eb was determined as a function 

of the concentration of the PLC for two different annealing 

times, sample series III (annealing for 10 min.) and sample 

series IV (annealing for 60 min.) . Table XI summarizes the Eb 

modulus as a function of concentration and annealing time. 

The modulus Eb is defined as the ratio of the stress CT 

and the strain e: 

Eb = 2k (5.7.1) 

The stress is defined by the following equation: 

ab =
 3 F L (5.7.2) 

b 2 w h2 

Here F = applied load in pounds, L = length between the two 
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TABLE XI 

BENDING MODULUS OF PC + PET/0.6PHB BLENDS AS FUNCTION OF 
COMPOSITION AND SAMPLE PREPARATION 

Eb (MPa) 

% PLC 10 min. 60 min. 

0.00 670 710 

4.76 650 740 

9.09 630 760 

14.29 640 780 

16.67 740 990 

20.00 800 1140 

25.00 860 1250 

33.33 900 1330 

41.67 1000 1290 

50.00 980 1250 

58.33 1010 1340 

66.67 970 1320 

75.00 1120 1400 

80.00 1190 1310 

90.91 1220 1380 

100.00 1290 1840 

out points, w = the width of the specimen, and h = the height 

of the specimen. 

Figure 27 confirms once again the role of annealing. It 

is clear that longer annealing times between 210°C and 220°C 

increase the modulus. The increase in crystallinity resulting 

from annealing causes differences in the bending modulus. The 

annealing temperature is important, since it is below the 

onset of transesterification and thermal degradation. From 
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Figure 27. Bending modulus Eb of PC + y % PLC system as 
function of concentration for samples obtained by precipita-
tion and annealed under P = 4 MPa at 210-220°C for either 10 
min. or 60 min. 
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these results, one can conclude the following: adding approxi-

mately 18 % of the PLC to PC, one could obtain approximately 

the same reinforcement as adding 80 % PLC. The modulus serves 

as the measure of reinforcement. The very wide central plateau 

of the modulus can be clearly connected to the fall of the 

glass transition temperature Tg of the PC-rich phase visible 

in Fig. 26 (the border between regions VI, X, and XI) . In 

other words, when the phase diagram shows miscibility of an EP 

with a PLC, mechanical reinforcement of the EP is to be 

expected. 

The modulus Eb of the PLC of 1840 MPa at 60 min. anneal-

ing is in good correlation with the value found by Jackson and 

Kuffuss (6) = 2.5-105 psi (1724 MPa). The Eb values given are 

for samples injection molded in direction perpendicular to the 

orientation of the polymer chains. For samples oriented 

parallel to the flow, Eb values are ten times higher. 

5.8 The Phase Diagram - Property Connection 

Returning now to the DMTA results, Figure 28 shows the 

storage modulus G' as a function of concentration along 

several isotherms. Except for the two highest temperatures 

which are above all glass transitions, other curves show a 

maximum around 50 % PLC. Starting from the pure PC side, one 

can first observe, at low temperatures in particular, rela-

tively flat regions. The plateaus correspond to LC concentra-

tions below 0̂ c iimit / so that LC-rich islands are not formed, 

hence there is no reinforcement effect. Above @lc limit gradual 
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formation of the islands appears and this is reflected in the 

increase of the storage modulus. The modulus has a maximum at 

50 %; above that concentration a phase inversion takes place; 

see the central dotted line in the phase diagram (Figure 26) . 

Hence the number of islands decreases, and it is the number of 

the reinforcing regions rather than their volume that maximiz-

es the reinforcement (7). "Eating up" of smaller islands by 

larger ones when increasing the PLC concentration © has been 

observed by SEM in the study of the same PLC with PET (8). In 

that system the phase inversion taking place with increasing 

0 also had consequences for the mechanical properties of the 

blends. Upon increasing 0 further, one can observe completion 

of the phase inversion, occurring at low temperatures at 

approximately 70 % PLC (if the PLC consisted of pure PHB, the 

completion of phase inversion would have to occur near to 50 

% PLC). After this stage, a further increase of the PLC 

concentration results in a continuous increase of the modulus. 

The viscoelastic behavior - in this case the storage modulus 

with its plateau, maximum and minimum - reflects the phase 

diagram and the morphology of the phases involved. 

The connection between the phase diagram and properties 

is clearly operative, and the intelligent processing postulat-

ed in Section 4.5 has acquired a firm foundation. The mechani-

cal reinforcement of an engineering polymer with a relatively 

low concentration of a PLC is possible in this system - and 

can be predicted on the basis of the respective phase diagram. 
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Both equilibrium and non-living, non-equilibrium phases have 

to be taken into account. 

5.9 Tensile Properties 

The next question is whether one can obtain materials 

with better mechanical properties by blending the pure 

materials using conventional methods; in particular because 

the apparent miscibility is lower for the samples treated 

under this conventional processes. The elastic modulus, the 

yield strength, tensile strength, percent elongation at yield 

and percent of elongation at break were measured for the 

sample series V. These were extrusion-blended, and injection-

molded in directions perpendicular and parallel to the flow. 

These results are summarized in Table XII. 

Figure 29 illustrates the PLC concentration dependence of 

the tensile strength and the elongation at the yield point. 

Figure 30 shows the PLC concentration dependence of the 

elastic modulus, for samples oriented parallel and perpendicu-

larly to the flow direction. 

For samples oriented parallel to the flow, the tensile 

strength at the yield point of the PC blends increases with 

PLC concentration. This improvement may be caused by the 

orientation of the samples and by the good interfacial 

adhesion between the two polymers as can be seen in the 

morphology studies done in the same blends in Strasbourg (9). 

The elasticity modulus also increases in the same manner as 

the strength. This increase may be due to the reinforcement of 
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Figure 30. Elastic modulus as a function of composition for 
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TABLE XII 

MECHANICAL PROPERTIES OF PC + (PET/0.6PHB) BLENDS 

% Dir. ®Y.P. %EIy.p. Ener .Y p E Cu %E1„ 
PLC MPa in/lb ' MPa MPa 

%E1„ 

0 Per. 23 .0 9.1 19.4 342 .7 21.0 9.8 

5 Per. 29.3 9.0 18.9 435.7 27.8 9.2 

10 Per. 29.5 9.0 18.6 431.8 28.7 8.9 

15 Per. 27.0 9.0 00
 

00
 

475.0 24.6 9.0 

20 Per. 25.0 7.3 16.0 528.2 23 .0 8.5 

0 Par. 25.0 7.0 15.5 566.0 20.6 28.3 

5 Par. 31.0 7.2 16.6 612.2 23.4 26.7 

10 Par. 35.2 7.2 17 .2 625.0 27.6 25.2 

15 Par. 38.1 7.1 18.6 648.4 33.2 19.4 

20 Par. 40.0 7.1 18.3 640.3 34.8 9.3 

Dir = Direction of the sample orientation, where: 
Per = Perpendicular and Par = parallel 
aY P = Tensile strength at yield point 
%ElY.P. = Percentage elongation at yield point 
Ener.Y p_ = Energy at yield point 
E = Modulus of elasticity 
a0 = Break strength 
%E1„ = Percentage elongation at break 

the PLC. The elongation at yield point stays constant while 

the elongation at break decrease drastically beyond 10 % PLC. 

This means that the PLC addition made the engineering polymer 

stiffer but more brittle. 

For samples oriented perpendicularly to the flow the 

tensile strength at yield increases up to 10 % PLC, the 

composition where good miscibility in the glassy phase is 

observed, but then decreases for higher concentrations of PLC. 

This result indicates that the mechanical properties not only 
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depend upon the adhesion between the two phases but also on 

the orientation of the liquid crystal phase. The elongations 

at break are lower for samples oriented perpendicularly to the 

flow than for the parallel samples. The tie-molecule regions 

of the PC play a dominant role in determining the elongation 

since the rigid sequences fail to expand significantly. The 

packing of the molecules in the perpendicular direction 

hinders large elongations due to the geometrical constraints. 

The elastic modulus of the samples perpendicular to the 

flow also increases with the PLC concentration. However, as 

expected, the values are lower than those for samples parallel 

to the flow. The effectiveness of the PLC as reinforcing 

agents depends, at least in part, on the orientation. 
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CHAPTER VI 

PHASE BEHAVIOR AND MECHANICAL PROPERTIES OF A LIQUID 

CRYSTALLINE COPOLYESTER BLENDED WITH 

OTHER ENGINEERING POLYMERS 

6.1 Introduction 

In this Chapter the focus is on further extruded and 

injection-molded binary blends of the longitudinal thermotrop-

ic PLC PET/0.6PHB described in earlier chapters. The PLC has 

been blended in turn with three engineering polymers, namely 

polypropylene (PP), poly(butylene terephthalate) (PBT), and 

poly(vinylidine fluoride) (PVDF). The blends contain up to 20 

weight % PLC, so that PP, PBT and PVDF constitute the matrix. 

These three polymers are semicrystalline and exhibit both 

melting and glass transitions. Mechanical and thermal proper-

ties of the blends and the pure polymers are compared to 

achieve some understanding of the interactions involved. 

6.2 Polvbutvlene Terephthalate + PET/0.6PHB Blends 

Differential Scanning Calorimetry (DSC) 

Among several factors which may affect the reproducibili-

ty of the DSC data, the effect of the sample form, i.e. 

granules or thin sheets molded from the granules, and the 

effect of an imposed thermal treatment described in Section 

3.3 were examined in some detail. In order to increase the 
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precision of data handling, six runs were made for each kind 

of sample. The samples in the form of thin discs gave good 

resolution in the DSC due of maximum heat transfer between the 

sample pan and the sample itself. This enabled more straight-

forward interpretation of the DSC thermograms. With granular 

material good heat transfer exists mainly at the points of 

contact with the sample pan. Unless the granules are extremely-

fine, the quality of the trace may suffer. In this work, 

however, there was no difference at the 5 % level in the 

reproducibility of the transition temperatures. Thermal 

treatments have marked effects upon the reproducibility of 

results from granulated materials, but not upon the reproduci-

bility of results from the sheets. The only difference between 

the sheet and the granular samples is that the sheet material 

has been held under pressure in a mold in the molten state and 

during solidification on cooling. The granules in some way 

become more homogeneous during the second DSC scan after 

reaching the molten state; tiny peaks due to stress relax-

ations disappear. Such small peaks were absent in the sheet 

samples. 

DSC Results: 

Pure PBT has the glass transition temperature Tg = 

50.2°C. Reorganization of the crystalline phase (cold crystal-

lization) takes place during the heating scan, as revealed by 

the small exotherm at 215°C before the melting point Tm = 

231.7°C. The area of the small exotherm was less than one 
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tenth of the area of the melting peaks. Since the Tg of this 

polymer is well above room temperature, the material can 

easily be quenched into the glassy state from the melt. When 

heating the polymer from the glassy state, the area of the 

cold crystallization peak increases as expected, confirming 

that this peak is indeed due to cold crystallization. 

As for the DSC thermograms of the PBT blends, the Tg of 

the PET constituent in the PLC could not be determined, since 

the Tg step is small for this component and its concentration 

in the blends low, making the detection quite difficult. 

Figure 31 shows typical thermograms obtained in second heating 

scans for the pure PBT and the blends. The Tgs of the PBT 

phase disappear in the second DSC scan, since PBT crystallizes 

very rapidly, although the reason for this behavior remains an 

open question. Table XIII summarized the values of the thermal 

properties. 

TABLE XIII 

THERMAL PROPERTIES OF PBT + (PET/0.6PHB) BLENDS 
DSC RESULTS 

% PLC T 
°c 

Tc 
°c 

AH C 

J-g"1 
T M °c 

AH £ 

J-g"1 
%xc 

0.00 50. 2 215. 3 3.19 231.7 43.75 28.0 

5.00 48. 9 214. 5 3.76 228.9 44.79 29.8 

10.00 49. 0 212 . 7 4.85 226.7 46.16 31.7 

15.00 47. 7 210. 3 2.90 225.4 36.04 26.9 

20.00 48. 5 213 . 6 1.61 230.2 36.26 29.9 
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Figure 31. DSC results for PBT + y % PLC with varying y: 
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It is customary to use the difference between the 

enthalpy of the cold crystallization AHc and the experimental 

enthalpy of melting AH£ to assess the amount of crystalline 

fraction in the material Xc prior to the DSC scan: 

A Hf - Atf_ 
Xc = — 2 (6.2.1) 

Aiff 

where AH°f is the enthalpy of fusion of the perfectly crystal-

line PBT = 145 J-g"1 (32 kJ'mol"1 of repeating unit). 

The degree of crystallinity of the PBT in pure PBT and in 

its blends was evaluated by using Eq. 6.2.1 normalized to the 

fraction of the PBT present. The respective results are shown 

in Table XIII. 

The results show that the enthalpy of crystallization 

and hence the degree of crystallization increase systemati-

cally up to 10 % PLC. This result is surprising since the 

observed crystallization is due to PBT. Therefore, when the 

PBT concentration decreases, one would expect that the overall 

degree of crystallization should also decrease. It can be 

observed, however, that the crystallization temperature 

decreases with increasing PLC content. The difference (Tm-Tg) 

can be viewed as the window of crystallization. As can be seen 

in Table XIII, the (Tm-Tg) values decrease until reaching 10 

% PLC. This is due to a lowering in Tg value and a simulta-

neous lowering of Tm value with increasing PLC content. A 

tentative explanation for this effect of the presence of the 

PLC component on PBT crystallization should thus include at 
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least two factors, namely nucleation and dilution. The 

introduction of the rigid-chain PLC introduces more nuclei 

into the system, enhancing the crystallization. By contrast, 

the presence of a foreign component hinders the crystalliza-

tion. At lower PLC concentrations the nucleation effect 

dominates, resulting in a higher degree of crystallization. As 

the PLC content increasing further, however, the diluent 

effect will become dominant, resulting in a lower degree of 

crystallization. 

Returning to the melting endotherms, it can be seen that 

the values of Tm decrease as the PLC content increases to 

15 %. It is also evident that there is a small change in Tg up 

to the same PLC concentration. The shifts in relaxation 

temperatures are quite small, making possible only tentative 

conclusions on miscibility of PBT and the PLC. The use of 

other techniques such as DMTA was therefore necessary. 

Dynamic Mechanical Thermal Analysis (DMTA) 

Figure 32 shows dynamic thermal mechanical responses of 

pure PBT, pure PLC and PBT + y % PLC blends for y from 5 % to 

20 %. Tan 8 vs. temperature T values for the frequency CO = 

1.0 Hz, along with values of the thermal properties are summa-

rized in Table XIV. 

DMTA spectra of pure PBT and its blends contain two 

relaxations in the temperature range of interest: a low-

temperature transition (J, which is associated with local 

motions and the high-temperature relaxation a associated with 
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TABLE XIV 

THERMAL PROPERTIES OF PBT + PET/0.6PHB BLENDS 
DMTA RESULTS 

% PLC ® IpPBT E' TgPBT TgPET E 
Hz °C GPa °C °C GPa 

Ea(Tg) 
kJ/mol 

0.00 

1.0 -75.0 2.24 52.0 --- 0.56 

3.0 -69.0 2.18 54.0 --- 0.63 

10.0 -64.5 2.09 56.0 — 0.69 

244.1 

5.00 

1.0 -73.0 2.24 49.5 59.5 0.57 

3.0 -71.0 2.18 55.5 . 60.5 0.69 

10.0 -63.0 2.09 57.0 62.5 0.75 

844.6 

10.0 

1.0 -72.5 2.24 49.0 60.5 0.58 

3.0 -71.0 2.18 56.5 61.5 0.70 

10.0 -64.5 2.09 59.5 62.5 0.75 

524.3 

15.0 

1.0 -71.5 2.30 48.5 66.5 0.79 

3.0 -69.0 2.24 57.0 67.5 0.87 

10.0 -63.5 2.20 60.5 68.0 0.93 

332.7 

20.0 

1.0 -71.0 3.18 53.0 67.5 0.96 

3.0 -65.0 3.12 60.0 68.0 0.98 

10.0 -60.5 3.09 64.0 70.0 1.00 

77.3 

cooperative (Tg-like) motion in the amorphous phase. For pure 

PBT the |3 relaxation can be attributed to the local mode 

motions of the ester group in noncrystalline regions, while 

the P transition in the blends constitutes a combination of 

local motions of PBT units and the PET/0.6PHB units, including 

very restricted rotations of the glycol residues in PET (1). 

However, in the pure PET/0.6PHB the tan 8 peak at CO = 3 . 0 Hz 

shows quite a broad maximum, from -65°C to approximately 
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Figure 32. DMTA results for PBT + y % PLC with varying y. Tan 
8 as a function of temperature: • y = 0; a y = 5; • y = 10; • 
y = 15; • y = 20; -• • • - y = 100. 



160 

40°C. It is smaller in magnitude than the |3 relaxation peak of 

PBT with a maximum at -65°C ((D = 1.0 Hz) . Since the PET 

content in the blends is quite low, the secondary relaxation 

of the PET/0.6 PHB is not detectable under the conditions of 

the experiment at any of the more conventional frequencies 

used. The secondary relaxation temperature Tp is thought to 

be more sensitive to changes in the local environment of 

molecules and can show the intimacy of mixing between differ-

ent polymer molecules (2). In blends, where specific inter-

chain interactions may be relatively high, a shift in tempera-

ture and/or lowering of the intensity of this secondary 

maximum can be observed (3). In this system, since there is a 

small shift of Tp of PBT at higher temperatures, some limited 

miscibility in the solid state could exist between the PBT and 

the PET of the PLC. 

Resolution of the a relaxation temperature (Tg) in DMTA 

scans is poor and is due essentially to two factors. First, 

the Tgs of the pure components are less than 20°C apart from 

each other, and only one peak with a shoulder is observed for 

the glass transition temperature of these two components. 

Second, the concentration of the PLC is low. The first 

unresolved maximum can be attributed to the glass transition 

of the PBT-rich phase, and the shoulder may be due to the PET 

in the PLC-rich phase. Despite of the low resolution in this 

technique, which cannot completely separate thermal transi-

tions in the PLC in the blends at the frequencies used, the 
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presence of two glass transitions can be observed. This 

indicates that the blends are biphasic. As in DSC, a slight 

decrease in the Tg of the PBT with increasing PLC content can 

be seen in the thermograms. 

For blends containing more than 5 % PLC, tan 8 vs. 

temperature curves show a broad relaxation peak around 140°C. 

This relaxation is associated with the second Tg in the PLC 

due to PHB - as already discussed in Chapter IV. 

The cold crystallization temperature Tc, that can be 

evidenced by the rise in the storage modulus E' after it 

reaches a minimum, is not found in the thermogram. The 

temperatures at which the cold crystallization occurs are near 

to the melting temperature, and it is only possible to perform 

DMTA experiments below the softening point. 

Activation Energies 

The glass transition activation energies derived from the 

slope of Arrhenius plots and Eq. 5.3.8 were found to vary from 

844.6 to 77.3 kJ-mol"1 with increasing PLC content. One 

possible explanation is that the glass transition reflects a 

spectrum of internal motions with different activation 

energies and involving molecular segments of varying sizes. 

This is particularly plausible here since the glass transition 

temperatures of PBT and PET overlap. As an illustration, 

Figure 33 shows the storage modulus E', and tan 8 as a 

function of temperature for three different frequencies for 

PBT + 0.20 % PLC. From these data, Arrhenius plots of frequen-
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Figure 33. Tan 8 and storage modulus as a function of tempera-
ture for PBT + 20 weight % PLC, for three different frequen-
cies Tan 8 : • 1 Hz; * 3 Hz; • 10 Hz. Storage modulus E': • 
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Figure 34. Relationship between log CO and reciprocal tempera-
ture for the glass transition temperature of pure PBT. 

cy versus tan 8 maxima plot for glass transitions were made. 

Figure 34 is an example of the Arrhenius plot for pure PBT. 

Phase Diagram PBT + y(PET/0.6PHB) 

From the DSC and DMTA data, a partial phase diagram of 

the binary system of PBT and PET/0. 6PHB was constructed and is 

shown in Figure 35. Different regions are described in 

Table XV. 
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Figure 35. Phase diagram of the PET/0.6 PHB + PBT system. 
Symbols: • Tm PBT; a t c PBT; • Tg PET; • Tg PBT (DSC); • Tg PBT 
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TABLE XV 

PHASE DIAGRAM FOR PBT + y(PET/0.6PHB) 

Region Phases 

I PBT glass PBT crystalline 
PET glass PHB islands 

II PBT glass PBT crystalline 
PET glass PHB islands 

III PBT crystalline 
PET qlass PHB islands 

IV quasi-liquid PBT crystalline 
PET crystalline PHB islands 

V quasi-liquid PBT crystalline 
smectic E PET crystalline 

VI isotropic liquid smectic E 
smectic B 

From this phase diagram, one can determine the processing 

temperature range and composition of the blends to be selected 

in order to develop melt-processable liquid crystal + flexible 

polymer blends. It was thought desirable to have an anisotrop-

ic dispersed phase during processing. The temperature range 

over which PET/0.6PHB can form the anisotropic melt and the 

processing temperature range of the PBT should overlap. These 

processing conditions correspond to region VI of Figure 35. In 

this region, the smectic phase should align along the flow 

direction in the melt. Because of the typically long relax-

ation times of the PLC, it may be possible to quench these 

melts after processing and preserve the oriented liquid 

crystal phase. Thus, a solidified fibrillar phase would act to 

reinforce the matrix. 
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Dynamic Mechanic Properties 

Figure 36 shows the storage modulus E' vs. T for the pure 

PBT, and the PBT + y % PLC blends for y from 5 % to 20 %. All 

the curves show the same tendencies. Decreases in the storage 

modulus values at low temperature are due to the secondary 

relaxation transition Tp of the PBT phase discussed above. 

Rapid decreases of the storage modulus by a factor greater 

than 2.3 at high temperatures are due to the glass transition 

of the PBT where the vibrational motions become active so that 

the transition to the rubbery region occurs. An additional 

decrease in the storage modulus appears around Tg of the PET. 

An interesting feature of the blends under consideration 

is related to the possibility of increasing the maximum 

working temperature of the polymeric matrix. In Figure 36, the 

storage modulus increases with the PLC content for concentra-

tions exceeding 10 % PLC. This can be explained by the fact 

that the PLC has a higher modulus than PBT. Moreover, it is 

possible that some extra crystallinity may develop during 

cooling to -100°C. Considering the temperature at which the 

modulus is 0.68 Gpa as the heat distortion temperature (4), 

this value increases from 54°C for the pure EP matrix to 68°C 

for the blend with 20 % PLC. Such an enhancement of the 

thermal stability occurs only because the Tg of the PET 

constituent in the PLC is larger than that of the EP matrix. 

The PLC copolyester has higher modulus than the matrix and it 

is still in the solid state above the Tg of PBT. 
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Figure 36. Variation of the storage modulus E' with tempera-
ture for PBT + yPLC blends: y = 0; -- y = 5; y = 10; 
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Tensile Tests 

The tensile strength and elastic modulus obtained for the 

pure PBT were smaller than the corresponding values given by 

the manufacturer. This can be due to differences in processing 

conditions or mold geometry which are both important for the 

properties of the resulting specimen. It is important to point 

out that the injection molding conditions used were optimized 

for every individual blend while similar conditions were used 

for each blend type. 

Stress-Strain Behavior 

Figure 37 shows a typical load vs. elongation curve for 

the PBT + 5 % PLC blend. The results have been converted to 

the stress-strain curve as described in Section 3.6. Quantita-

tive aspects of such curves depend on the actual PLC composi-

tion. Qualitatively, all the curves can be divided fairly 

easily into two distinct regions of behavior. The first region 

up to the yield point Y is due to the elastic deformation of 

the continuous crystalline matrix at levels of strain less 

than 6.3 %. The accompanying deformation is largely revers-

ible; the covalent bonds within the chain become stretched and 

distorted, allowing the chains to elongate elastically. As 

soon as the stress is removed, this distortion can be recov-

ered almost instantly. As a result, the stress-strain curve is 

linear and the modulus of elasticity can be calculated. At 

higher levels of elongation, after the stress exceeds the 

yield strength, that is in region II, the materials 
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Figure 37. The load-elongation curve for a blend of PBT + 
20 weight % PLC. 

undergo permanent deformation. Sometimes neck formation 

occurs, reflected by a drop in the stress due to disruption of 

the crystalline matrix or sliding of the chains past one 

another under load. Initially, the chains may be highly 

tangled and intertwined. When the stress is sufficiently high, 

the chains begin to untangle and straighten out. As the chains 

straighten, necking occurs, permitting continued sliding of 

the chains at lower stress and eventual failure. In other more 

elastic polymers, where the percentage of elongation is 

higher, the chains become eventually nearly parallel or almost 

completely oriented and closer together. Strong van der Waals 
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bonding between the more closely aligned chains requires 

higher stress to continue the deformation process. This, 

however, is not the case in pure PBT and its PLC blends which 

show only small elongations. 

The explanation of the stress-strain behavior given above 

implies that Young's modulus is largely a measure of the force 

required to deform the crystalline matrix while the yield 

stress is a measure of the force required to orient the 

crystallites. This suggests that both Young's modulus and the 

yield strength should increase with an increase of the PLC-

crystallizable component. This conclusion is in fact supported 

by the data summarized in Table XVI and in Figure 38, which 

contains a plot of Young's modulus vs. the porcentage of PLC. 

Similarly in Figure 39 variations of the tensile strength with 

PLC concentration are shown. The data were obtained for 

injection-molded specimens parallel and perpendicular to the 

flow. 

The results in Figure 38 and 39 indicate that both the 

initial modulus and tensile strength increase with increasing 

PLC concentration. The influence of the orientation is evident 

since the tensile strength and the modulus in samples oriented 

perpendicularly are smaller than for samples oriented parallel 

to the flow. 

The increase in stiffness reflected in Figures 38 and 39 

can be related also to orientation and fiber formation of the 

PLC matrix, which can be seen in the optical micrographs (5) ; 
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an island structure characterizes the blend oriented perpen-

dicularly, while a fiber-like structure is present in the 

blends oriented parallel to the flow. 

TABLE XVI 

MECHANICAL PROPERTIES OF PBT + PET/0.6PHB BLENDS 

% Dir. Ŷ.P. %ElY.p. En . y.p. E %E10 
PLC MPa in* lb MPa MPa 

0 Per. 11.72 5.15 5.30 634 10.6 4.2 

5 Per. 15.17 1.40 2.01 681 12 .1 3.9 

10 Per. 17 .20 0.85 1.86 689 13 .0 1.4 

15 Per. 18.07 0.85 1.88 743 13 .3 1.0 

20 Per. 19.74 0.85 1.92 754 14.2 0.9 

0 Par. 12.41 5.2 5.4 672 11.7 7.2 

5 Par. 27.37 5.1 10.1 1735 22.3 7.1 

10 Par. 29.24 3.6 7.8 2165 24.1 5.4 

15 Par. 30.06 3.1 6.7 2438 25.3 4.7 

20 Par. 30.37 3.1 6.7 2769 25.9 3.8 

Dir. = Direction of the sample orientation, where: 
Per. = Perpendicular and Par = parallel 
aY-p = Tensile strength at yield point 
%Ely p = Percentage elongation at yield point 
EnY.p. = Energy at yield point 
E = Modulus of elasticity 
CTu = Break strength 
%E10 = Percentage elongation at break 

Correlation of Young's Modulus E and Tensile Strength from 

Theory and Experiments 

A number of theoretical and empirical equations aimed at 

prediction of properties of the mixtures are known. The 

applicability of most of these formulas is limited to differ-

ent concentration regions and types of mixtures. 
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Figure 38. Elastic modulus as a function of composition for 
injection-molded samples of PBT + y % PLC in both direction 
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Miscible polymer mixed with polymer blends form single-

phase materials as a result of the presence of specific 

interactions between the constituents; see, for instance, 

Malik and Prud'homme (6). It is expected that the mechanical 

properties of the miscible blends will follow or exceed the 

values predicted by the rules of mixing such as: 

E = 4>x E1 + <|>2 E2 (6.2.2) 

Here E is the modulus while ^ represent the volume fraction 

of the i-th component. An equation of the same form is 

believed to be applicable to the tensile strength. In certain 

cases and for certain blend compositions the mechanical 

properties can assume values even higher than the corre-

sponding properties of either polymers in the unblended state. 

Specific interactions between blend components cause volume 

contractions on mixing and loss in free volume of the blends 

leading to higher modulus and strength than predicted by 

Eq. 6.2.2. 

Immiscible polymeric blends form multiphase materials and 

often exhibit poor mechanical properties as a result of poor 

adhesion between the phases. Mechanical properties of immisci-

ble blends normally fall below those predicted by the rule of 

mixing Eq.6.2.2, but the inverse rule of mixing 

A = h, + hi 
E Ex E2 

(6.2.3) 
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is sometimes applicable. 

Partly miscible blends (or immiscible but compatible 

blends) represent an intermediate situation in terms of the 

phase dispersion between those of miscible and immiscible 

blends. Partly miscible blends also show separate phases, 

however, under proper phase dispersion and mixing conditions 

while partly miscible blends often exhibit mechanical proper-

ties between the values obtained by these two rules or else 

follow closely Eq. 6.2.2 (7). "Proper phase dispersion" refers 

here to the number and sizes of domains of dispersed phase 

such as PLC-rich islands. This problem is currently under 

study by molecular dynamics computer simulations (8). 

As can be seen, the moduli and the tensile strength 

obtained do not follow the rule of mixtures (linear behavior) 

due to the different orientation levels observed in the 

morphology studies ,(5) . 

The elongation at yield, Figure 39, decreases with the 

increasing amount of the PLC and is dependent on the PLC-

induced anisotropy. The elongation values are consistently 

higher along the direction parallel to flow than perpendicu-

larly to the flow. This means that the PLC addition has made 

the engineering polymer stiffer but more brittle, particularly 

so in the perpendicular direction. 
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6.3 Polypropylene + PET/0.6PHB Blends 

Differential Scanning Calorimetry (DSC) 

The thermal properties of PP + PET/0.6PHB blends were 

studied using DSC. Figure 40 compares the DSC thermograms of 

blends of four different concentrations of the PLC: 5, 10, 15 

and 20 weight %. The only transition clearly observed in the 

DSC is the melting point Tm of the PP. The Tg of the PET in the 

PLC phase cannot be detected by the DSC since its concentra-

tion is low and the corresponding thermal effect small. No 

glass transition temperature could be detected for the PP 

since it is not within the temperature range used in the DSC; 

however, as described below, it was detected by DMTA. 

The pure PP was processed in two ways: by injection 

molding and compression molding. The compression-molded 

samples showed endothermic single peaks at the PP melting 

temperature. By contrast, the injection molded samples display 

two endothermic peaks in the first run; these peaks are not 

present in the second run after the remelting process. 

Consequently, the multiple-peaked pattern can be related to 

melting and subsequent recrystallization process during 

heating. 

PP can crystallize in different structural modifications 

and hence displays polymorphic behavior reported by several 

authors (9-13). Specifically, PP can crystallize in the 

thermodynamically stable crystalline a form (monoclinic), the 

metastable p form (hexagonal) and a smectic form, believed to 
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Figure 40. DSC results for PP + y % PLC with varying y: 
• y = 0, * y = 5; • y = 10; • y = 15; • y = 20. 
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be only partly ordered compared to the a and P forms (11-13) . 

The smectic form is only obtained on fast quenching of 

pure PP from the melt below 0°C and its content is dependent 

on quenching temperature and sample geometry. A y form was 

also observed (14,15) with a triclinic unit cell, but this has 

been obtained only at high pressures or for low molecular 

weight PP samples. The polymorphic modifications observed 

result from different processing conditions. Changes in the 

temperature, pressure, stress or crystallization conditions 

can affect the conversion of one crystalline form to another. 

The melting behavior of PP has been studied by many investiga-

tors (16-21) . A common finding of these studies is the 

observation of multiple fusion endotherms under certain 

conditions due to the presence of various crystal forms. 

Samuels (21) has found that multiple melting peaks in PP arise 

when certain minimum orientation of the non-crystallizable 

chains is achieved. 

To characterize the molecular orientation in injection 

molded samples, two types of flow are considered: shear flow 

and elongational flow. The lower temperatures of the walls of 

the mold cause inhibition of the near-surface layers and their 

breakdown into the shear and longitudinal modes leading to 

different morphologies. When moving from the wall region to 

the center, that is from shear to elongational flow, the 

polymorphic forms of the product are chiefly determined by the 

different orientation levels. The outer layer typically 
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represents a highly oriented sample while the core layer might 

be less oriented. The formation of crystals of the a and |3 

forms can be related to the different degrees of orientation 

of the samples. 

The DSC curves of the injection molded samples indicate 

the presence of different crystal structures (a and |3 forms) ; 

the observed peak temperatures are listed in Table XVII. The 

low temperature endothermic peak can be attributed to the 

melting of the (3 crystals, and the higher temperature endo-

thermic peak represents the melting of the a form. The 

transformation of p form crystals into the a form, at tempera-

tures above the melting point of the former, has been estab-

lished by several researchers (16,21,22) who have conducted 

extensive studies on the unit cell of |5-PP. They concluded 

that the fi-to-a transformation must occur through a melt 

recrystallization process since the two unit cells are so 

different. 

In the second run, after annealing for 20 min. at 280°C 

to erase any previous thermal history, reorganization can 

occur during melting of metastable crystals and only the 

thermodynamically more stable crystalline form remains; hence 

we observe in DSC a single endothermic peak. The total area 

under the melting peaks, i.e. the enthalpy of fusion, is found 

to remain almost the same in the first and the second run. 

This observation suggests that the total crystallinity of the 

sample is not affected. 



180 

TABLE XVII 

THERMAL PROPERTIES OF PP + PET/0.6PHB BLENDS 
DSC RESULTS 

First Run Second Run 

% T xm AH £ T xm AH F % xc 
PLC °c J-g"1 °c J' g" i 

0.00 165 180 74 172 74 44.8 

5.00 174 179 69 168 69 44.0 

10.0 170 175 69 168 70 47.0 

15.0 171 176 69 168 70 49.8 

20.0 166 69 162 70 53 .0 

The compressed samples have only one crystalline form 

since no orientation is developed during the process. Evident-

ly these samples are characterized by the most stable struc-

ture. 

The addition of PLC results in a decrease of Tm by more 

than 10°C for 20 % PLC added. Although the effect is not 

large, this decrease suggests that the PP and PLC are partly 

miscible at 20 % per weight of PLC. 

Equation 6.3.1 below was used to calculate the degree of 

crystallinity of the PP in the blends. The enthalpy change 

associated with the Tm transition for the PP in the blends was 

normalized to the fraction of the PP present. That is: 

(6.3.1) 
*c = 

A Ht 
(1 -y) .AHf 

Here AH°£ is the enthalpy of fusion of perfectly crystalline 
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PP = 165.23 J* g"1 (6.94 kJ-mol"1 of repeating unit) (23) . AH£ is 

the experimentally obtained enthalpy of fusion per mole of 

repeat unit, and y = weight fraction of the PLC in the blend. 

The values of the experimentally measured enthalpy 

changes and resulting crystallinities are listed in Table 

XVII. Although the enthalpy increment is almost constant with 

increasing PLC concentration, normalization to the fraction 

(1-y) of PP present shows that the crystallinity of PP 

increases when the PLC is being added. The effect is similar 

to that observed in PBT-containing blends and discussed in 

Section 6.2. 

Dynamic Mechanical Thermal Analysis (DMTA) 

Tan 8 vs. temperature curves for PP, pure PET/0.6PHB and 

PP + y(PET/0.6PHB) blends where y = 5, 10, 15, 20 wt. %, are 

shown in Figure 41 for the frequency a> = 1.0 Hz. Two transi-

tions can be observed. The lower temperature process is 

described in the literature as the Tg or p relaxation of PP 

(24) while that at higher temperatures as the ac relaxation. 

The latter has been associated with a shearing process between 

specific crystalline planes (25) or paracrystal-crystal 

transition from the smectic phase to the monoclinic system 

(26) . A comparison of the curves for pure PLC and pure PP 

shows that the Tg of the PET in the PLC overlaps with the ac 

relaxation of the PP at 70 °C. Hence the appearance of a 

shoulder at that region for the blends. The secondary relax-

ation temperature Tp of the PET in the PLC, that is the broad 
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weak band centered at -60°C (27), is not detected in the 

blends due to the relatively small concentrations of the PLC 

in the blends. 

In Table XVIII, Tg of PP and Tg of PET in the PLC phase 

plus the ac relaxation temperature of PP are listed for all 

the concentrations studied, measured at the maximum in tan 8 

vs. temperature curves, for three different frequencies. For 

example, Figure 42 shows tan 8 and the storage modulus E' vs. 

temperature for the three frequencies (0=1, 3 and 10 for y 

= 10 % PET/0.6PHB. 

It can be observed that the Tg of PP is frequency-depen-

dent. As can be seen in Figure 43, the activation energy is 

constant in the temperature range studied, since there is a 

straight line relationship between the logarithm of the 

frequency 0) and the inverse temperature. The ac relaxation 

temperature is not dependent on the frequency. 

The Tg of the PP exhibits a small decrease with increas-

ing PLC concentration, suggesting again partial miscibility of 

the minor and major phase components. The interpretation of 

the displacement of the ac + Tg of the PET in the PLC may be 

complicated by the overlap of these two transitions. It is 

known (28) that the magnitude and position of the ac peak of 

PP both depend on thermal history. The peak can move to higher 

temperature with annealing; from this evidence McCrum (28) 

drew the hypothesis that the properties of the ac relaxation 

depend on crystal morphology. Since the degree of crystallini-
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ty changes with increasing PLC as detected by DSC, this could 

be the reason of the shift of this relaxation. One can observe 

that this transition becomes more prominent at higher PLC 

concentrations. 

TABLE XVIII 

THERMAL PROPERTIES OF PP + PET/0.6PHB 
DMTA RESULTS 

% PLC 0) Tg pp E ' IgpgT E ' 
+0C cpp 

Hz °C GPa °C GPa 

Ea at 
I'gPP 

kJ* mol"1 

0.00 

1 9.5 1.85 70.0 0.45 

3 11.0 1.85 70.0 0.47 

10 13.5 1.85 70.0 0.50 

381 

5.00 

1 7.0 2.0 70.0 0.50 

3 10.0 2.0 70.0 0.52 

10 12.5 1.95 70.0 0.55 

277 

10.00 

1 7.0 2.15 68.0 0.52 

3 10.5 2.10 68.0 0.52 

10 12.5 2.05 68.0 0.60 

270 

15.00 

1 5.0 2.17 66.0 0.50 

3 5.5 2.10 66.0 0.50 

10 8.0 2.10 66.0 0.55 

367 

20.00 

1 4.0 2.30 66.0 0.57 

3 8.0 2.25 66.0 0.62 

10 10.0 2.20 66.0 0.65 

487 
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Figure 42. Tan 8 and storage modulus E' as a function of 
temperature for PBT + 20 weight % PLC for three different 
frequencies. Tan 8: • 1.0 Hz; * 3.0 Hz; • 10.0 Hz; E': 
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Figure 43. Relationship between log CO and reciprocal tempera-
ture for the glass transition temperature of pure PP. 

Phase Diagram PP + y(PET/0.6PHB) 

The phase diagram is presented in Figure 44. In general, 

an increase in PLC concentration reduces both Tg and Tm of PP. 

Several regions are apparent, as summarized in Table XIX. 

TABLE XIX 

PHASE DIAGRAM FOR PP + y(PET/0.6PLC) 

Regions Phases 

I PP glass 
PET glass 

PP 
PHB 

crystalline 
islands 

II PET glass 
PP crystalline PHB islands 

III quasi liquid PET 
PHB 

crystalline 
islands 

IV isotropic liquid PHB islands 
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From this phase diagram one can infer that the processing 

temperature range appropriate for the melt-processable EP + 

PLC blends is located in the region IV. 

Dynamic Mechanical Properties 

The storage modulus E' vs. temperature curves at 1.0 Hz 

for PP and PP + y % PET/0.6PHB blends containing y = 5, 10, 

15, 20 % are shown in Figure 45. The values of E' are summa-

rized in Table XVIII for the transition temperatures reported 

there. From the graphs, one can observe that the modulae E' 

increase with the PLC concentration. This is a consequence of 

the increase in crystallinity of the EP, as deduced by the DSC 

analysis and also - more importantly - with the appearance of 

the fibrillar and island morphology (5) due to the LC compo-

nent (PHB) in the PLC. 

The concentration dependence of the modulus suggests that 

higher crystallinity and better orientation are achieved at a 

PLC concentration of 20 %, resulting in reinforcement. The 

second effect observable is a shift to a higher temperature of 

the modulus decline; this means that an increase of thermal 

stability occurs in the blends as compared to pure PP. 

The storage modulus E' values show a rapid decrease 

between the Tg of PP and the Tg of the PET in the PLC phase + 

ac relaxation temperature of PP, where the transition from the 

glassy to the rubbery states occurs. 



189 

• 
Q. 
O 

LL! 

— 1 0 0 0 100 

Temperature/°C 

200 

Figure 45. Variation of the storage modulus E' with tempera-
ture for PP + y % PLC blends: -- y = 0; -• * • - y = 5; _ y = 10; 
... y = 15; -•- y = 20. 
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Tensile Tests 

Figure 46 shows a typical load-to-elongation curve for 

the PP + 15 % PLC that was converted to the stress-strain 

curve as described in Section 3.6. 

The mechanical properties of PP + PLC blends for speci-

mens oriented perpendicularly and parallel to the flow are 

summarized in Table XX. 

TABLE XX 

MECHANICAL PROPERTIES OF PP + PET/0.6PHB BLENDS 

% Dir. ®Y.P. %E1yp. E n • Y.P. E <*u %E1„ 
PLC MPa in* l b MPa MPa 

0 Per. 14.87 8.75 12.70 367.2 10.08 13 .07 

5 Per. 14.28 6.05 7.35 449.2 8.60 7.70 

10 Per. 12.86 4.70 5.50 449.0 8.41 4.70 

15 Per. 10.75 4.05 4.10 448.7 6 . 2 6 4.50 

20 Per. 9.37 2.45 1.95 449.7 4.95 3 .26 

0 Par. 14.89 10.60 12.95 368.3 10.12 28.82 

5 Par. 15.42 7.85 11.90 413.0 10.23 13.78 

10 Par. 15.61 6.70 9.75 457.2 10.71 10.05 

15 Par. 12.48 4.70 5.30 464.9 9.39 5.35 

20 Par. 11.99 4.10 3.90 469.0 8.26 4.65 

Dir. = Direction of the sample orientation, where: 
Per. = Perpendicular and Par = parallel 
CJy.p. = Tensile strength at yield point 
%Ely_p_ = Percentage elongation at yield point 
EnY_p_ = Energy at yield point 
E = Modulus of elasticity 

= Break strength 
%Elu = Percentage elongation at break 
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Figure 46. The load-elongation curve for a blend of PP + 15 % 
PLC. 

Figure 47 shows the tensile strength and % elongation at 

the yield point versus the PLC concentration. The tensile 

strength behavior is complex. The samples oriented parallel to 

the flow show a maximum for the PLC content of about 10 % and 

then a decrease. By contrast, no maxima are observed for the 

samples oriented perpendicularly, and the tensile strength 

decreases with increasing PLC concentration. These results 

suggest that the tensile strength of the blends are influenced 

not only by the PLC orientation, but also by the interfacial 

adhesion between PP and PLC. It appears that there is a 

critical composition value beyond which the liquid crystalline 
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polymer no longer acts as a self-reinforcing species. This 

could be attributed to poor dispersion and/or lack of adhesion 

between the two polymers at higher concentration of PLC. 

Morphology studies (5) indicate that the adhesion between the 

two phases is better for samples oriented parallel to the flow 

at low PLC concentrations. As the polymers are not miscible or 

partially miscible, the adhesion between the two or more 

phases affects the properties of the blends. PLC does not mix 

well with PP so the blends consist of at least two separate 

phases. The PLC appears in the matrix in the form of islands 

or fibers depending on the PLC content and the orientation 

during processing (5). 

It is observed in Figure 47 that the elongation at yield 

decreases as the PLC content is increased, in both parallel 

and perpendicular directions. The addition of PLC apparently 

changes the material response from ductile to brittle. 

Figure 48 shows the tensile modulus vs. PLC content, for 

samples parallel and perpendicular to the flow. In both 

samples the modulae are substantially enhanced over that of 

pure PP when increasing PLC concentration up to 10%, and then 

remain practically constant. Anisotropy in the mechanical 

properties of the blends is also observed since the modulae of 

the samples oriented parallel to the flow are higher than 

those oriented perpendicularly. The increase in modulae with 

PLC content can be attributed to better orientation, more even 

distribution of the PLC fibrils and islands and, of course, to 
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function of composition for injection-molded samples of PP + 
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Figure 48. Elastic modulus as a function of composition for 
injection-molded samples in direction both parallel and 
perpendicular to the flow. ± parallel; • perpendicular. 
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the presence of the reinforcing LC sequences in the chains. 

The PLC component distinctly contributes to the improve-

ment of the tensile modulus and the tensile strength of the 

blends with PLC content higher than 10 %. These results 

indicate that the partial miscibibility (or compatibility) of 

the blends decreases with PLC content beyond 10 %. The extent 

of orientation manifested in the tensile modulus values and 

the interfacial adhesion between the two phases as well as to 

the PLC orientation determine the tensile strength. 

6.4 Polyvinylidene Fluoride and PET/0.6PHB blends 

Differential Scanning Calorimetry (DSC) 

The DSC thermograms of the pure PVDF and PVDF + PLC 

blends obtained in the second heating run are shown in 

Figure 49. Only one transition associated with the melting 

point of PVDF is evident. The Tg of PVDF cannot be observed 

because this occurs at temperatures below the temperature 

range examined in these experiments. The Tg of the PET 

constituent of the PLC was difficult to detect; the enthalpy 

change of the glass transition for the pure PET is small and 

the concentration of this component in the blends is low. The 

melting point the of PVDF component in the blends is indepen-

dent of the composition, which suggests that there is no 

miscibility with PLC. The melting temperatures obtained by DSC 

are summarized in Table XXI. Although PVDF crystallizes in 

three different forms, form I (|5) , form 11(a), and form III(y) 



196 

A 

o "O 
c LU 

/ 

105 155 205 

Temperature/°C 
255 

fT=eof9^ ySC= ,y y
%

 =
PL2C

0
With y 



197 

(29), only one crystalline form was detected by DSC. PVDF is 

stable at high temperatures and retains its crystal structure 

up to the melting point. 

The degree of crystallinity of the PVDF in the blends was 

calculated using Eq. 6.3.1. The enthalpy of fusion of 100 % 

crystalline PVDF H°f = 104 J* g
_1 (that is 6.7 kJ-mol"1 of the 

repeating unit) (30) . The enthalpy change associated with the 

melting transition of PVDF in the blends was normalized to the 

fraction of the PVDF present. Values of the experimentally 

measured enthalpy change and resulting crystallinities are 

listed in Table XXI. The almost constant values of crystalli-

nity constitute a further evidence for the immiscibility 

between the blend components. 

TABLE XXI 

THERMAL PROPERTIES OF PVDF + PET/0.6PHB BLENDS 
DSC RESULTS 

% PLC T AM AH£ % xc 
°c J- g"1 

0.00 178 53.2 51 

5.00 179 48.7 49 

10.00 178 47 .7 51 

15.00 179 46.2 51 

20.00 178 42.9 51 
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Dynamic Mechanical Thermal Analysis (DMTA) 

DMTA was used to study the transitions in the blends at 

the molecular level. Figure 50 shows the temperature depen-

dence of the dynamic mechanical properties for PVDF + 20 % PLC 

at frequencies CO = 1.0, 3.0, and 10.0 Hz. Figure 51 compares 

the plots of tan 8 against temperature at the frequency 

CO = 1.0 Hz during heating, for pure components and blends. The 

thermal spectra as a function of temperature can be interpret-

ed as follows. The first peak at -34.5°C corresponds to the Tg 

of PVDF. The second transition that is seen as a shoulder at 

67°C can be attributed to the Tg of the PET phase in the PLC. 

As can be seen, this transition is missing in pure PVDF while 

it is observed as a large peak for the pure PLC at the same 

temperature. The third transition at around 81°C is the ac 

relaxation temperature of the PVDF, related to motion and/or 

structural changes in the crystalline phase. Above 140°C 

values of tan 8 increased gradually with increasing tempera-

ture, which can be related to the melt behavior of PVDF. 

Temperatures of the different transitions and the values of 

the storage modulus E' at those temperatures are summarized in 

Table XXII. 

The Tg of the PVDF is virtually uninfluenced by the 

presence of the liquid-crystalline copolyester. The same 

applies to the Tg of the PET phase of the PLC. These facts 

confirm the incompatibility of the two components - as already 

revealed by the DSC analysis. However, the ac relax 
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Figure 50. Tan 8 and storage modulus E' as a function of 
temperature for PVDF + 20 weight % PLC for three different 
frequencies. Tan 8: • 1.0 Hz; * 3.0 Hz; • 10.0 Hz. E': • 
1.0 Hz; A 3.0 Hz; O 10.0 Hz. 
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Figure 51. DMTA results for PVDF + y % PLC with varying y. 
Tan 8 as a function of temperature: o y = 0; a y = 5; 
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TABLE XXII 

THERMAL PROPERTIES OF PVDF + PET/0.6PHB 
DMTA RESULTS 

% 

PLC 

® TgpvDF E' TgPET E' T^ 

Hz °C Gpa °C Gpa °C 

Ea at 
TgPVDF 
kJ* mol"1 I !

 
o
 

!
 

o
 

1 -34.5 2.58 --- 0.57 81.0 

3 -33.5 2.60 --- 0.60 83.5 

10 -31.0 2.55 --- 0.65 85.0 

299.9 

o
 

m
 

1 -36.5 1.40 67.0 0.28 81.0 

3 -35.5 1.50 67.0 0.28 83.5 

10 -33.0 1.50 67.0 0.30 85.0 

294 .1 

o
 

o
 

1 -36.5 1.52 67.0 0.45 81.0 

3 -34.0 1.52 67.0 0.45 83.5 

10 -32.0 1.52 67.0 0.45 85.0 

240.9 

15.0 

1 -36.5 1.55 67.0 0.47 97.0 

3 -35.5 1.55 67.0 0.52 104.0 

10 -31.5 1.47 67.0 0.52 109.0 

246.7 

20.0 

1 -36.0 2.82 67.0 0.90 97.0 

3 -34.0 2.90 68.0 0.85 104.0 

10 -31.5 2.85 68.0 0.90 109.0 

298.6 

ation is composition-dependent, occurring at progressively 

higher temperatures for y = 5 to 20 % PLC. This behavior is 

not completely understood. It may be associated with some kind 

of interaction between the two constituents. 

The Tg of the PVDF increases with increasing frequency. 

The activation energy for this process calculated as before 

from Arrhenius plots is independent of the PLC concentration. 

This strongly suggests that the PLC segments do not affect the 
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molecular motion of the segments in the amorphous phase. 

Figure 52 shows a typical example of the Arrhenius plot, in 

this case for the PVDF + 15 % PLC blend. 

<?> 0.6 

0.0041 4 0.0041 6 0.00418 

K/T 

0.00420 0.00422 

Figure 52. Relationship between log CO and reciprocal tempera-
ture for the glass transition temperature of the pure PVDF. 

Thermal Mechanical Analysis (TMA) 

TMA was used as a method complementary to DSC and DMTA to 

determine whether or not the blends are miscible. The thermo-

mechanical measurements were made in the expansion mode using 

a force of 10 mN. The temperature range of 30 to 200°C, was 

covered at the rate of lC^C'min"1 in a helium atmosphere. 

Figure 53 compares the TMA scans for the pure PVDF and PVDF + 
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y % PLC for y = 0, 5, 10, 15, and 20 weight %. Table XXIII 

lists the thermal transitions found. 

The two transitions detected were unchanged with increas-

ing PLC content, suggesting once again that there is no 

miscibility between the two components. The DMTA glass 

transition temperatures of the PET phase in the PLC measured 

at frequencies between 1.0 and 10.0 Hz are somewhat higher 

than the static ones determined by TMA. 

TABLE XXIII 

THERMAL PROPERTIES OF PVDF + PET/0.6PHB BLENDS 
TMA RESULTS 

% Tg PET I'm PVDF 

PLC °c °c 
o o 58 167 

5.0 56 167 

o o 56 167 

15.0 56 168 

20.0 57 167 

Phase Diagram PVDF + y(PET/0.6PHB) 

The diagram, based on the results obtained by DSC, DMTA 

and TMA, is presented in Figure 54. In general, both Tg and Tm 

of PP and Tg of PET are independent of the PLC concentration. 

Several regions can be distinguished as summarized in Table 

XXIV. 
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Figure 53. TMA results for PVDF + y % PLC with varying y. 
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Figure 54. Phase diagram of PVDF + PET/0.6PHB. Symbols: • Tm 
PVDF; O Ts PVDF; I Ta PVDF; a Tg PET; • Tg PVDF. 



206 

TABLE XXIV 

PHASE DIAGRAM FOR PVDF + y(PET/0.6PLC) 

Regions Phases 

I PVDF glass PVDF crystalline 
PET glass PHB islands 

II PVDF crystalline PET crystalline 
PET glass PHB islands 

III quasi-liquid PVDF crystalline 
PET crystalline PHB islands 

IV quasi-liquid PVDF a crystalline 
PET crystalline PHB islands 

V quasi liquid 
PET crystalline PHB islands 

VI isotropic liquid PET crystalline 
PHB islands 

One can conclude from this phase diagram that the 

processing temperatures range appropriate for the melt-

processable PVDF + PLC blend is located in the region VI. 

Dynamic Mechanical Properties 

The mechanical properties of injection molded blends were 

measured with the dynamical mechanical thermal analyzer. The 

results are shown in Figure 55. It may be seen that addition 

of PLC up to 15 % decreases the storage modulus E while the 

modulus increases for 20% PLC. As mentioned earlier, DSC, DMTA 

and TMA studies do not indicate miscibility of the two 

components and thus one can expect no improvement in the 

mechanical properties when the minor PLC phase is not fibril-

lar and the interfacial adhesion is poor. The increase of the 
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modulus for 20% PLC can be explained by the formation of 

islands and fibers at that composition. There is a certain 

minimum concentration of the reinforcing PLC that must be 

present for the formation of fibrils and islands. This problem 

is considered in connection with the statistical-mechanical 

theory of Flory for rigid rod systems (31) extended to PLCs 

(32). Morphological observations (5) indicate that this is a 

valid explanation. 

Tensile Tests 

Figure 56 is a typical load-to-elongation curve for the 

PBT + 20 % PLC converted to stress-strain curved as described 

in Section 3.6. Table XXV summarizes the results of the 

mechanical tests. 

Figure 57 illustrates the tensile strength and percent of 

elongation at the yield point of the PVDF + PLC blends as a 

function of the PLC content. As a consequence of the immisci-

bility, the addition of the high modulus PLC to PVDF results 

in decreasing the tensile strength since that property is more 

sensitive to adhesion between the components. The elongation 

tends to decrease somewhat with increasing PLC content. The 

elongation at yield is lower for the samples perpendicular to 

the flow than for the parallel ones. 

The effect of the PLC concentration on the tensile 

modulus can be seen in Figure 58. The modulus for samples 

oriented perpendicularly to the flow decreases with increasing 

PLC concentration while it increases for parallel samples. The 
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Figure 56. The load-elongation curve for a blend of PVDF + 
10 weight % PLC. 

enhancement in the modulus for the latter can be explained by 

the presence of the PLC in islands and fibrils oriented in the 

direction of flow causing an effective reinforcement. 

The results demonstrate that the blends of thermoplastic 

polymers with small amounts of PLC can be conveniently used 

for injection molding processing operations. In some cases, 

besides preserving the good processing characteristics, the 

addition of the PLC has been shown to lead to appreciable 

improvements of mechanical properties of the blends. 
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TABLE XXV 

MECHANICAL PROPERTIES OF PVDF + PET/0.6PHB BLENDS 

% Dir. ® Y . P . %EIy.p. En . y . p . E <*u %E10 
PLC MPa in* ib MPa MPa 

0 Per. 25.87 8.75 20.1 455.0 19.78 14.75 

5 Per. 22.04 6.10 11.2 480.0 18.57 6.50 

10 Per. 16.13 4.40 5.2 393 .0 13 .28 4.80 

15 Per. 13 .71 3 .95 4.2 386.2 13 .71 4.35 

20 Per. 13.56 3 .85 4.1 374.7 11.05 4.30 

0 Par. 26.44 10.45 46.6 458.9 21.14 17.90 

5 Par. 25.09 8.25 18.6 490.0 17 .88 12 .50 

10 Par. 23.59 6.80 13.1 520.5 20.69 7.10 

15 Par. 22.26 5.75 9.3 538.6 17 .24 5.75 

20 Par. 21.85 5.10 9.2 545.2 18.62 5.70 

Dir. = Direction of the sample orientation, where: 
Per. = Perpendicular and Par = parallel 
cjy.p. = Tensile strength at yield point 
%E1Y p = Percentage elongation at yield point 
EnY P = Energy at yield point 
E x = Modulus of elasticity 
CJu = Break strength 
%Elu = Percentage elongation at break 

6.5 Areas of Future Research 

The results of this study together with reports in the 

literature, suggest the need for further research to achieve 

a more effective use of PLCs as self-reinforcing components in 

blends. Two areas that particularly deserve further investi-

gations are: compatibility of the PLCs with amorphous polymers 

with the aim of achieving better interfacial adhesion and 

control of molecular orientation of PLCs. 

Better interfacial adhesion may be achieved by utilizing 
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function of composition for injection-molded samples of PVDF 
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Figure 58. Elastic modulus as a function of composition for 
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block copolymers with segments capable of specific interac-

tions and/or chemical reactions with the PLC constituents. 

Another possible approach to improve the interfacial adhesion 

is annealing a for long time, as discussed for the PC + 

PET/0.6PHB blends. 

Techniques for enhancing the formation of PLC fibrillar 

morphology rather than islands and methods for controlling 

orientation during processing should be developed in order to 

use the PLCs more effectively as reinforcing constituents in 

polymeric blends. 
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CHAPTER VII 

CONCLUSIONS 

Phase behavior of a thermotropic polymer liquid crystal 

(PLC) PET/0.6PHB and its binary blends with engineering 

polymers (ETs) were studied by DSC, DMTA and TMA. Phase 

diagrams were constructed from the results. The mechanical 

properties of the blends were studied. Thus, relationships 

emerge between the phase diagrams, thermal stability and 

mechanical properties of PLC + ET pairs. The conclusions 

reached include the following: 

1. The phase diagrams of PLC and PLC + EP systems are fairly 

complex; some regions contain four coexisting phases. The 

complexity of the phase diagrams is a consequence of 

several factors. First, for PLC-containing systems non-

equilibrium phases ought to be included. Some such 

phases, at low temperatures in particular, exhibit high 

longevity, apparently because of the presence of the 

rigid constituents. Second, the relative rigidity of LC 

sequences produces orientations even in weak shearing or 

other (magnetic or electric) fields. Third, limited 

miscibility between the components is a rule in PLCs and 

PLC-containing systems. 

2. The phase diagram should be determined first. The 

processing conditions leading to materials with desired 
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properties can then be defined on the basis of the 

diagram. In particular, the optimum processing tempera-

ture can be determined from the phase diagram. At this 

temperature the engineering polymer should be in the 

isotropic melt and the liquid crystal polymer should form 

anisotropic islands. The sample must be quenched before 

relaxation of the oriented liquid crystal phase occurs. 

When the phase diagram shows miscibility of an EP with 

PLC, mechanical reinforcement of the EP occurs. Thus the 

phase diagram itself provides information about mechani-

cal performance. 

Blends of EP with small amounts of PLCs can be conve-

niently used for injection molding operations. In some 

cases, besides providing good processing characteristics, 

and mechanical reinforcement, the addition of the PLC has 

appreciably improved thermal properties of the blends. In 

particular, thermal stability at elevated temperatures 

has been so improved. 

The results obtained with a given blend cannot be 

directly extended to other PLC-based blends. The influ-

ence of the PLC on the mechanical properties depends on 

the polymers used and the PLC concentration. The addition 

of the PLC to a polymer can increase, decrease or have 

little effect on the tensile strength. The effects are 

believed to be directly related to the miscibility, the 

interfacial properties and the extent of development 
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during molding of fibrillar and approximately spherical 

structures. 
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