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The results from this study, on a few commercial and model metastable beta titanium
alloys, indicate that the growth restriction factor (GRF) model fails to interpret the grain growth
behavior in the additively manufactured alloys. In lieu of this, an approach based on the classical
nucleation theory of solidification incorporating the freezing range has been proposed for the first
time to rationalize the experimental observations. Beta titanium alloys with a larger solidification
range (liquidus minus solidus temperature) exhibited a more equiaxed grain morphology, while
those with smaller solidification ranges exhibited columnar grains.

Subsequently, the printability of two candidate beta titanium alloys containing eutectoid
elements (Fe) that are prone to beta fleck in conventional casting, i.e., Ti-1Al-8V-5Fe (wt%) or
Ti-185, and Ti-10V-2Fe-3Al (wt%) or Ti-10-2-3, is further investigated via two different AM
processing routes. These alloys are used for high-strength applications in the aerospace industry,
such as landing gears and fasteners. The Laser Engineered Net Shaping and Selective Laser
Melting (the two AM techniques) results show that locally higher solidification rates in AM can
prevent the problem of beta fleck and potentially produce B-titanium alloys with significantly
enhanced mechanical properties over conventionally cast/forged counterparts. Further, the detailed
investigation of microstructure-mechanical property relationships indicates that the precipitation
or formation of non-equilibrium secondary phases like o or ® in these commercial systems can be
advantageous to the mechanical properties. The influence of process parameters on the evolution
of such secondary phases within the B matrix grains has also been rationalized using a FEM-based

multi-physics thermo-kinetic model that predicts the multiple heating-cooling cycles experienced



by the layers during the LENS deposition. Overall, the results indicate that Ti-1-8-5 and Ti-10-2-
3 are promising B-Ti alloys for AM processing. Further, the results also demonstrate the ability to
tune the microstructure (secondary phase precipitation and grain size) via changes in the process
parameters to achieve desirable mechanical properties, obviating the need for any secondary post-
processing.

The understanding obtained through this work can be coupled with the concept of B-phase
stability prediction, via parameters like bond order (Bo), the energy level of metal d-orbital (Md),
Mo equivalency, etc., to design novel beta titanium alloys with the desired microstructures tailored

via AM for structural applications.
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CHAPTER 1
INTRODUCTION

This chapter provides an outline of the overall work in this thesis.

Chapter 2 provides the background and a brief overview of relevant literature, including
the current study's motivation. Additionally, each chapter also contains a section on the literature
review specific to that chapter.

Chapter 3 provides the experimental procedure and techniques adopted in the current study.
Additionally, each chapter also contains a section on experimental details specific to that chapter.

Chapter 4 analyzes the evolution of grain morphology and texture in a few commercial and
model metastable beta titanium alloys processed using additive manufacturing. Analytical models
based on the fundamentals of the solidification process, i.e., the Growth restriction factor (Q)
model and the solidification range aspect from homogenous nucleation, are also discussed in this
chapter to rationalize the experimental observations.

Chapter 5 discusses the additive manufacturing of Ti-1Al-8V-5Fe (all in wt%), focusing
on the intra-granular o/m precipitation and its impact on tensile properties. Additionally, the
microstructure and mechanical properties from the conventionally processed counterpart, i.e., As-
received + B-solutionized condition, are also presented to compare and contrast with the additively
manufactured alloy.

Chapter 6 discusses the additive manufacturing of the Ti-10V-2Fe-3Al (all in wt %) alloy,
emphasizing the influence of laser additive processing on the evolution of the B+® and B+a
microstructures and their attendant impact on deformation behavior. Secondly, an approach to
recover the TRIP/TWIP effects and strain hardenability in the AM processed alloy via a B-solution

treatment is also presented. Finally, the microstructure and mechanical properties of the



conventionally manufactured counterparts, i.e., As-received and As-received + [B-solutionized
conditions, are investigated to compare and contrast with the additively manufactured Ti-10-2-3.

Chapter 7 summarizes this work. A discussion on the future work has also been included.



CHAPTER 2
LITERATURE REVIEW
2.1 Introduction
The first part of the chapter provides a general understanding of titanium and its alloys,
including certain aspects of titanium metallurgy like alloy classification, the effect of alloying
addition on phase stability and possible phase transformations, etc. The second part discusses

additive manufacturing techniques for titanium alloys, including the applicability and challenges.

2.2 History of Titanium

William Gregor from Cornwall, Great Britain, discovered titanium in 1791, called initially
mechanite (named after the place where it was discovered). A German chemist, Klaproth, gave the
name titanium (derived from Greek mythological deities, Titans), four years later to its first
discovery. He independently synthesized titanium from rutile, a mineral found in Hungary.
However, considerable amounts of titanium were only extracted after the invention of the Kroll
process by Milhelm Justin Kroll in 1940. The original Kroll process utilized TiCls and calcium to
extract titanium. Later, a modified version was proposed during World War Il replacing calcium
with magnesium which is used today [1,2]. This modified version of Kroll process is shown below:

TiCls (liquid) + 2Mg (liquid) = 4Ti (solid) + 2 MgCl (liquid) (1)

48

Titanium has two allotropes and five isotopes (Ti 1s the most abundant (73.8%)) and is
the ninth most abundant element found on earth’s crust [3,4]. However, due to the high free energy
of formation, titanium has never been found in its pure state. Additionally, the extraction of

titanium from its mineral ores is rather difficult and expensive compared to iron.



2.3 Physical Metallurgy

Titanium has an atomic number of 22 and a mass number of 47.867 and belongs to the
Group IV transition metals (according to IUPAC nomenclature)[5]. It has an electronic
configuration of 1s?2s*2p%3s?3p®3d?4s®, and the incomplete 3d-shell enables it to form a
substitutional solid solution with most elements having a size difference of £20%. It has a melting
point of 1678 °C, higher than the most widely used structural metals such as aluminum, iron, and
nickel. Besides, compared to these metals, it (titanium) exhibits the highest specific strength with
a yield strength of 1GPa and a density of 4.5 gm/cc. It has relatively low electrical and thermal
conductivity and is paramagnetic [6]. A comparison of some essential properties of a few generally
used structural metals is shown in Table 2.1.

Table 2.1: Comparison of properties of commonly used structural materials

Melting

Room Yield

Metais | Temp | | straeture | Temp | Stres | B | i
Titanium 1670 882(a2>P) hep—>bee 115 1 4.5 Very high
Iron 1538 912(a>7y) bee>fee 215 1 7.9 Low
Nickel 1455 - fee 200 1 8.9 Medium
Aluminum 660 - fce 72 0.5 2.7 High
2.4 Phases

Titanium alloys can exist in different phases depending on temperature, pressure, cooling
rates, and alloying elements. Depending on the thermal history, i.e., whether steady-state
conditions have reached during thermal processing, these phases can be either equilibrium or non-
equilibrium. While o and B phases are the two major equilibrium phases, the major non-
equilibrium phases are o’, o, ®, B’ and the recently “discovered” O’ phase. The following section

provides a brief description of each of them.



2.4.1 Equilibrium Phases
2.4.1.1 Alpha (o)

Titanium exists as a hexagonal close-packed phase (hcp) in its pure form at ambient
temperature and pressure conditions [7]. It exhibits the space group, P63/mmc, lattice parameters,
a= 2.95& and c= 4.68A. It has a c/a ratio of 1.567, which is lower than the ideal c/a ratio of 1.633
for the Acp systems. This deviation from ideal condition results in a change of primary slip system
from traditional basal (0001) to the close-packed <11-20> direction on the prismatic plane {10-
10}. The addition of alloying elements plays a significant role in the phase stability of the titanium
alloys. Interstitial elements like C, O, Al, La, Ge, B, N, etc., are identified to increase the 3 transus
stabilizing the o phase. Amongst the a stabilizers, oxygen and nitrogen form peritectic systems
with titanium, while aluminum, boron, lanthanum, etc., form peritectoid systems. The effect of
these o stabilizers is expressed in terms of aluminum equivalency by using the following
equation[8]:

[Al]eq=[Al] + 0.17[Zr] + 0.33[Sn] + 10[O] (2)

The o phase can be further classified based on the morphology and size scale: (a) colony
a, (b) basketweave a, (c) globular a. The colony type o phase is obtained via slow cooling while
the basketweave type o phase is achieved via fast cooling. The critical difference is that the latter
forms multiple variants while the former forms only a single variant. The Globular a phase doesn’t
form while cooling but can form when the system is thermomechanically processed. The o phase
formed can also be distinguished based on the nucleation site. The alpha that nucleates at the prior
beta grain boundary and grows alongside wetting the grain boundary is called grain boundary
alpha[9].

In contrast, the alpha that nucleates at the grain boundary but extends into the beta grain is



intergranular alpha. The intergranular alpha is also known as Widmanstatten. Lastly, the alpha that
nucleates either homogenously within the beta grains or heterogeneously at the defects such as
vacancies or dislocations, or metastable phases such as omega and beta’ is known as intragranular

alpha. Each of the types above has a specific influence on the mechanical behavior of the alloys.

2.4.1.2 Beta (B)

Pure titanium exists as a bce beta phase at high temperatures. As mentioned earlier, the
allotropic transformation from the hcp alpha phase to the bee beta phase occurs at 883 °C. It
exhibits the space group Im-3m, the lattice parameter, a= 3.32A’, and can be envisaged by
positioning two atoms at (0,0,0) and (2, ', 2) locations in the unit cell. In contrast to the alpha
phase, the beta phase is less densely packed with a packing factor of 68%, which results in a more
severe vibration of atoms. Therefore the structure is stable at elevated temperatures|[7].

The addition of certain alloying elements lowers the beta transus temperature of the
titanium alloys and stabilizes the beta phase. Molybdenum, vanadium, niobium, iron, tantalum,
chromium, nickel, etc., are currently being used as beta phase stabilizers. These transition
elements, similar to titanium, have partially filled d-shells. Whether or not there is a eutectoid
reaction existing at sufficient elevated temperatures, these alloying elements are further divided
into beta-isomorphous (Mo, V, Nb, Ta, etc.) and beta eutectoid (Fe, Cr, Mn, etc.). Hydrogen falls
under the beta eutectoid category with low eutectoid temperature and high diffusivity. Analogous
to the alpha phase stability, the beta phase stability is expressed using the following equivalency
equation and which is given in terms of molybdenum :

[Mo]eq = [Mo] +[0.2]Ta + 0.28 [Nb] + 0.4[W] + 1.25[Ni] + 1.7 [Mn]

+0.67[V] + 1.25[Cr] + 1.7[Co] + 2.5[Fe] 3)



There are six closest-packed {011} planes and four close-packed <111> directions in 3 Ti.
Due to its metastability at room temperatures, measuring the room temperature elastic and shear
moduli isn't easy. However, the elastic modulus can be measured as a function of composition by
adding B stabilizers to retain the B phase at room temperature. The addition of B phase stabilizers
lowers the elastic modulus of the titanium alloys. The {110}, {112}, and {123} planes with <111>
burgers direction constitute the slip systems in 3 titanium, which is identical to the observed slip
systems in common body-centered cubic metals. Besides, certain  titanium alloys deform via
twinning. The {332}<113> and {112}<111> twin systems are most commonly observed twin

systems [1,10].

2.4.2 Non-Equilibrium Phases

Non-equilibrium or metastable phases are typically formed when the time for long-range
diffusion of atoms (to develop an equilibrium phase) is inadequate to reorganize themselves from
one stable phase to another. Thus atoms instead rearrange themselves either by shear or shuffle
leading to the formation of non-equilibrium phases. These phases are a result of a compromise
between thermodynamics and the kinetics of the transformation. The following describes some of

these non-equilibrium phases.

2421 Alpha’ (0’) Martensite

The Ti alloys with low concentrations of beta stabilizers form the o’ martensite phase upon
quenching from the beta phase field. The o’ martensite is an hcp phase exhibiting P63/mmc space
group. Depending upon the concentration of the solute elements, the morphology of this phase can
differ from colonies to laths or lenticular or twinned structures. The transformation of the beta

phase into the o’ martensite starts at the o' martensite start temperature, i.e., Ms (a')), and finishes



with a 100% transformation at the o’ martensite finish temperature (Mf (a’)). These two lines, i.e.,
Ms and M, are typically close together in the phase diagram. The Ms temperature depends on the

beta phase stability; It decreases with an increase in the beta phase stability[11-13].

2422  Alpha” (a’’) Martensite

The Ti alloys with low to medium concentrations of beta stabilizers such as Mo, Nb, Ta,
and W, etc., exhibit the formation of the o’’ martensite. Disparate to the o’ martensite that only
forms during the rapid quenching, the a’> martensite can also form due to applied external stress.
Therefore, it is also termed stress-induced martensite (SIM). It exhibits an orthorhombic structure
with a Cmcm space group. The o’ martensite exhibits an orthorhombic structure halfway between
the hcp a and bee B. The hexagonal structure could be visualized as a particular case of an
orthorhombic structure where the a/c ratio equals V3. The addition of alloying elements increases
the constraints for forming hexagonal structures, and thus, martensites with the orthorhombic
structure are formed. The Ms for o’” martensite is lower than o’ martensite and, therefore, is more
challenging to develop during quenching. The surprising aspect is that the hardness of o’ is

significantly lower than o’ or even the [ phase [8,14].

2.4.2.3 Omega (®)
The formation of omega phase in titanium alloys occurs under three main circumstances :
(a) At high enough concentrations of beta stabilizers, the alloy completely retains its 3
phase and does not form ao’/a’” upon quenching from a beta phase field. However, the shear
transformation leading to martensite is replaced by a shuffle reaction leading to @ phase formation.
This is classified in the literature as athermal or quenched-in . 1t is difficult to resolve these fine-

scale athermal o precipitates using scanning electron microscope (SEM). However, they can be



detected using the selected area diffraction patterns obtained via transmission electron microscope
(TEM)[15-17].

(b) When titanium alloys with a sufficient amount of beta stabilizers are subjected to an
annealing heat treatment between the temperatures, 100°C to 500°C, o phase tends to precipitate
within the beta matrix. This phase is more commonly known as isothermal @. The size scale and
morphology of isothermal ® are dependent on the temperature, hold time and the quench rate
associated with the annealing heat treatment. It is observed that the size scale and volume fraction
of isothermal ® increases with an increase in the hold time and a decrease in the quench rate. The
beta stabilizers are continuously rejected into the beta matrix during the formation of isothermal
o , leading to a solid state compositional partitioning across the P/w interface, which is not
observed in the case of athermal ® [16,18,19].

(c) When certain titanium alloys are deformed at room temperature under high pressure,
the @ phase forms within the beta matrix. Reports on metastable model 3 Ti alloys, Ti-Cr, and Ti-
V, exhibited an increase in the phase fraction of @ phase upon deformation[20-22].

Table 2.2 summarizes the crystallographic information for the phases that are relevant to

the present work.

Table 2.2: Crystallographic data of significant phases in titanium

Lattice
Phase Space Group | Structure | Parameters (A)
a=2.95
o P63;/mmc hep =4 68
§ Im3m bcc a=3.32
a=4.625
® P6/mmm Hexagonal =2 813
a=3.01
a" Cmem orthorhombic b=4.91
c=4.63
) a=2.921
a P63/mmc hep =4.669




2.5 Classification of Titanium Alloys
Titanium alloys are broadly classified into o, o/ and P alloys based on the type and

amount of alloying additions.

2.5.1 o Alloys

Pure titanium and its alloys with a stabilizers that exhibit stable hcp (a) crystal structure at
room temperatures are classified as o alloys [9]. These alloys show reasonable yield strength, good
toughness, and better high-temperature creep, oxidation resistance, and weldability. Besides, the
absence of the ductile-brittle transformation makes them suitable for cryogenic applications. These
are further classified into fully-a and near-a alloys. The commercially pure (c.p.) titanium and its
alloys with Al, O, Sn, or Zr (e.g., Ti-O, Ti-5A1-2.5Sn) additions fall under the category of fully-a
alloys. They exhibit a combination of equiaxed and widmanstétten o microstructure for moderate
cooling rates. The higher cooling rates promote the formation of a'martensite. While the creep
resistance of these alloys is superior, the yield strength and formability are inferior, which led to
the development of near-a alloys[7]. The near a alloys contain small amounts (<2 wt%) of beta
stabilizers like Mo, Nb, and V.etc. They also contain Si in minor quantities, mainly added to
compensate for the loss of creep strength due to the small amounts of B phase. Ti-8Al-1Mo-1V,
Ti- 6Al-5Zr-0.5Mo-0.25Si (IMI685), Ti-6Al-2Sn-4Zr-2Mo and Ti-11Sn-2.25A1-5Zr-1Mo-0.2Si

(IM1679) are some of the commercially developed near- a alloys[13].

2.5.2 o/B Alloys
The alloys that typically exhibit dual-phase o+ microstructure upon cooling from a beta
phase field are known as a/p alloys. Obtaining a single-phase 3 microstructure is impossible in

these alloys, irrespective of the cooling rates. Various microstructures such as colony (where o
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laths of single variants are formed), basketweave (where a laths of multiple variants are formed),
and bimodal (where equiaxed a is formed) can be tailored in these alloys via thermomechanical
processing. These alloys usually contain 4-6 wt% of beta stabilizers and possess the strength of
o alloys and ductility of B alloys[23—-25]. Therefore, their creep properties are in between o and
f alloys. Ti-6Al-4V is the most widely used o/f alloy. This high-strength alloy is currently used
for aircraft engine components like turbine blades and compressor spools. An extra-low interstitial
version of the same. i.e., Ti64 ELI is used in orthopedic implants due to the low modulus and
superior osseointegration characteristics. Generally, the o/ alloys are used for various armor,

petrochemical, and biomedical industry applications [1].

2.5.3 B Alloys

B-Ti alloys typically contain sufficient concentrations of beta stabilizing elements like Mo,
V, Cr, Fe, Mn, etc., to reduce the Ms below ambient temperature, and therefore retain their body-
centered cubic (bcc, PB) structure and do not form o’ martensite when quenched from above the j3-
transus temperatures[26]. Depending on whether there is a eutectoid compound present at
sufficient elevated temperatures, they are further classifications: (a) B-isomorphous alloys
containing elements like Mo, V, Nb, Ta, etc. (b) B-eutectoid alloys containing elements like Fe,
Cu, Cr, Mn, etc. These alloys are of widespread interest for many applications due to their lower
elastic modulus, higher specific strength, enhanced fracture toughness, and augmented fatigue
resistance compared to other a+f3 Ti alloys[27-29]. There are a number of different commercially
available metastable B-Ti alloys like Ti-10V-2Fe-3Al (Ti-1023), Ti-1AI-8V-5Fe (Ti-185), Ti-
13V-11C-3Mo, Ti-15Mo-3Al-3Nb-0.2Si (known as B-21S) and Ti-3Al-8V-6Cr-4Mo-4Zr (known

as Beta-C). One of the main challenges in processing -rich Ti alloys containing eutectoid
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elements like Fe and Cu is the beta flecking. The segregation of the beta stabilizers (beta flecking)
during the conventional processing (casting) deteriorates the mechanical properties [8,30-32].
Additive manufacturing techniques with rapid cooling rates can potentially prevent this problem

[33].

2.6 Additive Manufacturing

Additive manufacturing, popularly known as 3D printing, is a technology used to
manufacture parts by layer by layer deposition. It has grown and changed hugely in the past three
decades since the first development of the process in 1986 [34]. The idea of AM of metals
(commonly known as metal 3D printing) has been developed based on a technique where polymers
are selectively melted layer by layer using a low-power laser to build a three-dimensional structure
[35,36]. Though metal 3D printing techniques have made decent progress since then, issues like
reproducibility of microstructure, processing conditions, development of feedstock materials, etc.,
have somewhat limited its applications. Understanding the various processes currently employed
to 3D print metals and the associated challenges is critical for establishing AM as a successful tool
in production. The first patented and copyrighted AM technique to print polymers using a powder
bed feedstock is selective laser sintering (SLS). Manriquez et al. became the first to adopt the SLS
technique to 3D print a metal alloy from powders in 1990 [37]. Today, the method to print metals
based on a powder bed feedstock is more conveniently referred to as selective laser melting (SLM)
as complete melting of the metal powders is achieved while printing. Shortly after SLS was
patented, a group of researchers from MIT patented a process called ‘three-dimensional printing,’
which employs inkjet printing to deposit binder [38]. Since the word ‘3D printing’ became
standard media to qualify all the various techniques under the umbrella of AM, the MIT method

became popular as binder jetting.
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Binder jetting can be also be used to manufacture metal parts, in addition to polymers. The
directed energy deposition (DED) process is another class of printing, where the feedstock is
directly deposited into the laser melt pool, unlike the SLM process. Some of the machines under
this class (DED) work on the wire as feedstock, where the metal wire is constantly supplied to the
melt pool. In 1995, Sandia National Laboratory developed a somewhat different way of depositing
the feedstock; the metal feedstock in powders was blown into the laser melt pool [39]. This
technique was commercialized and trademarked as Laser Engineered Net Shaping (LENS), a
subset of DED [40]. Sheet lamination is the last major category of metal AM; metal feedstock in
sheets is welded together to build a 3D part [41-43]. Several methods are employed to join the
sheets together, like ultrasonic welding coupled with computer numerical control (CNC) milling,
initially developed and patented by Dawn White in 1999[44].

ASTM F42 Committee defines additive manufacturing as “a process of joining materials
to make objects from 3D model data, usually layer upon layer”, in contrast to subtractive

manufacturing methodologies [45].

2.6.1 Classification

Many different methods are employed to manufacture metal 3D parts from various
feedstock materials, like powder, sheets, or wires. Every technique, irrespective of the heating
source used, must consolidate the feedstock into a solid part. This can be accomplished by either
melting or solid-state joining of the feedstock. According to the ASTM F42 committee, there are
seven classifications of the additive manufacturing process; out of them, four belong to metal

manufacturing:

1. Powder bed fusion (PBF)

e Selective laser melting (SLM)
e Electron beam melting (EBM)
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2. Direct energy deposition (DED)
e [Laser
o Powder fed
o Wire fed
e Electron beam
o Powder fed
o Wire fed
3. Binder jetting
e Infiltration
e Consolidation
4. Sheet lamination

e Ultrasonic additive manufacturing (UAM)

Amongst the above mentioned manufacturing techniques, the most popular ones are PBF
and DED. In the powder bed fusion process (PBF), the feedstock is a static powder bed, and the
primary heat sources can be either laser or electron beams. In comparison, a similar classification
applies to the DED process as well. However, it is further subclassified based on the type of

feedstock employed.

2.6.1.1 Powder Bed Fusion

The powder bed fusion techniques, as the name suggests, include all the processes where
focused energy such as electron beam or laser beam is used to sinter or melt a layer of a powder
bed selectively. Melting can be preferred over sintering for metals and alloys. The laser also melts
parts of previous layers during the melting of the current layer, which improves the adhesion and
overall build quality with less porosity. A schematic of the SLM process is shown in Figure 2.1
[46]. In the SLM process, the substrate provides mechanical support to the build material. It is
bolted down to the piston head, which allows it to move in a negative Z direction as the part is

built. The piston below the feed container moves in the positive Z direction providing excess
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powders to be displaced over the substrate via recoater/rake blade as shown in the schematic. The
substrate also plays a crucial role by providing a thermal path to dissipate the heat during the
fabrication process. Like the DED process, the scan strategies and processing conditions such as
laser power, laser scan speed, hatch spacing, and layer thickness affect the build quality and

microstructure.

Powder

Feed
container

Fixed substrate ——
Piston

Removable substrate —— head

Build cylinder

Figure 2.1: A schematic of SLM process [46]

2.6.1.2  Directed Energy Deposition

In the direct energy deposition (DED) process, as the name suggests, a feedstock of either
wire or powder is deposited onto a melt pool, generated via an electron beam or a laser beam, or a
plasma beam. The most commonly used DED technique is Laser Engineered Net Shaping
(LENS™), the relevant equipment is manufactured, e.g., by Optomec Inc. EOS manufactures a
direct metal laser sintering (DMLS) system [47]. A schematic of the LENS process is shown in
Figure 2.2. The LENS process requires a powder feeder, a build platform with a substrate plate,

and a system of lenses and mirrors to manipulate the laser beam. In this process, the powders are
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transported by inert gases via nozzles onto the build platform. A melt pool is generated via the
laser beam, and the powder flows through the nozzles, deposits on the substrate, or the previously

deposited layer. This process is repeated to fabricate the final 3D components.
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Figure 2.2: Schematic of LENS process

Besides, DEDs are also classified based on whether the deposition head moves while the
workpiece is stationary or the deposition head is fixed, and the workpiece moves. This feature
results in DED techniques having a significant advantage over PBF systems since they can
fabricate large build volumes and refurbish damaged or worn parts[48—50]. The other primary
advantage DED techniques, LENS to be specific, currently have over PBF techniques is that they
can manufacture functionally/compositionally graded samples [51-57]. This is because of the
ability to have two or more feeders of the feedstock material. By controlling the flow of the
materials from different powder feeders at different rates, functionally/compositionally graded

samples can be built.
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2.6.2 Challenges Associated with Additive Manufacturing

One of the significant challenges of DED techniques is the poor surface finish. Post-
processing, like filing/polishing, is required in almost all cases to enhance the surface finish before
actual application. While SLM techniques can produce high-quality parts with an excellent surface
finish, they are limited by the build dimensions and are significantly slower. Irrespective of the
AM technique employed, the additively manufactured metal parts suffer from inherent issues like
porosities, residual stresses, growth of columnar grains with significant texture along the build
direction, .etc, which still need to be resolved before they can be applied on a large scale for
fabrication[47,58]. Besides, the AM processed parts also exhibit inconsistent microstructures
along the build direction and precipitation of non-equilibrium secondary phases that could either
be advantageous or disadvantageous to the mechanical properties [S9—-61]. SEM images showing
the lack-of-fusion pore and a gas pore are presented in Figure 2.3 [62]. A proper process parameter
optimization can eliminate porosity and produce defect-free parts. However, the growth of
columnar grains with significant texture along the build direction, as shown in Figure 2.4 [63],
leads to anisotropy in properties, cannot be controlled entirely via process parameters, and remains

an active research area.

Figure 2.3: SEM images showing the two different kinds of porosity in AM parts [62]
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Build direction (N,)

Figure 2.4: Columnar nature of beta grains in AM processed Ti-64 [63]
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CHAPTER 3
EXPERIMENTAL AND PROCESSING METHODS
3.1 Introduction
This chapter briefly introduces the introduction of alloys, equipment used in the current

study, and the experimental procedure followed.

3.2 Fabrication of Alloys
3.2.1 Selective Laser Melting (SLM)

A powder bed fusion (PBF) system, AconityMIDI, equipped with a 1IKW laser, was used
for fabricating Ti-10V-2Fe-3Al (all in wt.%). A schematic of the SLM process is shown in Figure
2.1. The scan strategy and the processing parameters employed for fabrication will be presented

in the respective chapters.

3.2.2 Laser Engineered Net Shaping (LENS™)

The LENS™ 750 system by Optomec® was used to fabricate a few model (Ti-20wt%V
and Ti-12wt% Mo) and commercial beta titanium alloys (TIMETAL18, TNZT, TIMETALZ21S,
Ti-185, Ti-1023). This is a powder feed system equipped with four powder feeders, a 1500W Yb
Laser manufactured by IPG, and an Argon control system from RTI Products. The essential
components of the LENS™ can be seen in Figure 2.2. The specific compositions and the

processing conditions used to fabricate the deposits will be presented in the respective chapters.

3.2.3 As Received Commercial Alloys
The majority of the fabrication shown in this work is performed using Optomec LENS™
750 system. However, two commercial alloys, Ti-10V-2Fe-3Al, and Ti-1Al1-8V-5Fe (all in wt.%)

in forged condition have been obtained from ATI corporation for comparing the microstructures
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and mechanical properties from conventional processing with the additively manufactured

counterparts.

33 Processing Tools
This section provides a general overview of the tools used to make the samples, complete

the heat treatments, and metallographic techniques for the microstructural investigation.

3.3.1 Electric Discharge Machine and Diamond Saw

The samples described in the previous section need to be of specific shape and size to
perform mechanical tests or do particular heat treatments. As such, the diamond saw and an electric
discharge machine (EDM) were used. A Mitsubishi FX-10 Wire EDM, KENT USA (WSI-200)
EDM, and an Allied High Tech Products Inc. Techcut4TM diamond saw cut the additively and
conventionally manufactured alloys into desired dimensions. The wire EDM cuts the sample by
passing a high voltage through a thin brass wire that machines the piece with very low dimensional
tolerances. The codes can be modified according to the final geometry that is desired. On the other
hand, small coupons were cut using a low-speed diamond saw when sample size tolerances and

sample geometry were not a limiting factor.

3.3.2 Heat Treatments

Heat treatments were done on select conditions to tailor specific microstructures. Further
details of each heat treatment will be discussed in the respective chapters. Heat treatments were
mainly done in an atmosphere of argon gas to prevent oxidation of the samples. Besides, the
samples were wrapped in pure titanium foils to further minimize surface oxidation. After the aging
treatment, samples were water quenched to get the required fast cooling rates: the samples were

rapidly pulled out of the furnace and directly dropped into a bucket of water kept nearby.
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3.3.3 Mechanical Polishing and Conventional Methods for SEM and TEM Sample Preparations

Standard metallographic techniques involving mechanical polishing using 120 to 1200 grit
SiC abrasive paper were followed. The samples were then polished using 1 pum alumina solution
followed by 0.05 um colloidal silica solution on a cloth. Final polishing using 0.02 pum silica
solution was carried out in Beuhler VibroMet2. After VibroMet polishing, the samples were

cleaned in an ultra-sonicator using acetone to remove any debris on the surface from polishing.

34 Characterization Tools
Once the sample preparation was completed using the techniques above, the

metallographic characterization was done using the various methods mentioned below.

3.4.1 X-Ray Diffraction

The preliminary analysis of the microstructure is performed by X-ray diffraction (XRD)
using Rigaku Ultima X-ray diffractometer with 1.54 A Cu-Ka radiation and scattering angle in the
range of 20° to 90°. Additionally, synchrotron transmission X-ray diffraction experiments were
performed on the 11-ID-C beam-line (105.5 keV, A = 0.1173 A) of the Advanced Photon Source
(APS) at Argonne National laboratory (ANL) on select specimens with approximate dimensions
Smm x5 mm x 1 mm (thickness). A CeO; standard (NIST diffraction intensity standard set: 674a)
was used to calibrate the distance between the sample and the 2D detector, the detector tilting
angle, and the position of the beam center. The scattered radiation was collected on a Perkin Elmer
2D detector system. The 2D diffraction data were integrated and converted to an intensity vs. two-

theta (20) plot using the program Fit-2D.

3.4.2 Scanning Electron Microscopy (SEM)

A FEI Nova NanoSEM 230 equipped with a field emission gun was used for the
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microstructural analysis. The SEM is equipped with an Everhardt Thornley Secondary Electron
Detector (ETD), a charged couple detector, and a detachable solid state backscattered electron
detector (BSE). Furthermore, energy dispersive spectroscopy (EDS) with a SiLi detector was used
to measure the chemical composition of the alloys. The SEM was also equipped with a Hikari
Super Electron Backscattered Diffraction (EBSD) detector to get the orientation/crystallographic
data of the samples. The sample is tilted to angle ~70° before the camera is inserted to obtain the
OIM™ data. Data collection was done using the EDAX TEAM software, and all the analysis was

performed using the TSL OIM™L.-8 software.

3.4.3 SEM-Focused Ion Beam (FIB)

An FEI DualBeam™ (FIB/SEM) Nova 200NanoLab with FEG source was chosen to
prepare the TEM and 3-D Atom Probe specimens. The instrument has a Ga ion beam source for
milling, an Omniprobe Autoprobe for the nanomanipulation, and a gas injection system (GIS) to
deposit Pt. For TEM, a lift-out of dimensions ~15x2x5 mm was initially prepared with the help of
the omniprobe micromanipulator in FIB. This 2 mm thick sample was subsequently thinned to
dimensions ~50-100 nm in multiple steps by progressively reducing the voltage and/or current of
the Ga ion beam in the dual-beam FIB. For APT, depending on the number of needles required, a
lift-out of dimensions (12-20)x3x4 mm was prepared. This lift-out was then sectioned equally and
deposited onto four to six Si microtips and subsequently milled to obtain conical needles with ~100

nm diameter at a depth of ~100 nm from the vertex.

3.4.4 Transmission Electron Microscopy (TEM)
For all alloys studied, a FEI™ Tecnai G2 F20 transmission electron microscope (TEM)
with a Schottky field-emission gun operating at 200 kV was used to record selected area diffraction

patterns (SADP), bright-field and dark-field images. In addition, scanning transmission electron
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microscopy (STEM) analysis was conducted to investigate the microstructure of some samples. A

high angle annular dark-field (HAADF) detector was used for STEM imaging.

3.4.5 3-D Atom Probe Tomography (3D-APT)

Cameca Local Electrode Atom Probe (LEAP 5000XS) instrument was used in the current
study to obtain detailed compositional information. This instrument has a depth resolution of ~0.1
nm and a lateral resolution of 0.2 nm. The APT device was operated at a temperature of 30 K,
pulse rate of 200 kHz, and a detection rate of 0.005-0.01 ion/pulse in laser mode with laser pulse
energy of 50 nJ. IVAS 3.8.4 or AP Suite 6 software was used to analyze the APT data. The mass
spectrum for APT reconstructions was calibrated based on the bulk compositions obtained from
SEM-EDS. H and Ga contamination from APT chamber and FIB have not been indexed in the

mass spectrum for comparison purposes.

3.5 Modeling Tools
3.5.1 Pandat™

PANDAT™ software (2016), from CompuTherm LLC, is an integrated computational tool
to calculate phase diagrams and simulate solidification curves. Using PanEngine, Gibbs free
energy of every phase can be calculated applying specific thermodynamics parameters. These
parameters are used to fit the experimental data to fit the simulated models. The database that was
used in this dissertation was PanTitanium, and the parameters were taken from the Scientific Group
Thermodata Europe (SGTE) compilation by Dinsdale. In the current work, Pandat was used mainly
in the following aspects:

1. Plot solidification curves for various beta titanium alloys presented in the dissertation

2. Calculate B transus temperatures for Ti-1AI-8V-5Fe and Ti-10V-2Fe-3Al (all in wt%)
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3.5.2 COMSOL Multiphysics Modeling

The thermo-kinetic effects associated with DED-based LENS processed Ti-185, a multi-
track multi-layer 3D thermal model was developed using the finite element method with a
quiet/active element activation approach using commercial COMSOL Multiphysics® software.
The 3D thermal model for LENS process is developed using following assumptions-

1. The thermo-physical properties related to substrate and powder are considered to be
isotropic

2. Due to the lack of availability of temperature-dependent thermo-physical properties of

Ti-185 in the open literature, its average temperature-dependent thermo-physical
properties were considered by considering its constituent elements [64].

3. The powder addition during the deposition process is considered to be homogenous
and approximated using a quiet/active element approach [65], in which addition of
material is realized by activating a new group of elements at the beginning of new layer
fabrication.

For the sake of simplicity, melt pool hydrodynamics (melt pool formation and the impact
of powder particles on the melt pool) is disregarded in the present model. Detailed information on

the same is provided in Chapter 5.

3.6  Mechanical Testing Tools
3.6.1 Mini-Tensile Tester

Tensile testing was performed on specimens with gauge length ~5 mm, width ~1.0 mm,
and 0.7-1 mm thickness. All samples were polished as detailed in 3.3.3 and cleaned thoroughly
before testing. The testing was performed using a customized mini tensile testing machine with a
load cell capacity of 500 1bs and a linear variable displacement transformer (LVDT) extensometer.
The tensile samples were tested at room temperature under quasi-static conditions at a strain rate
of 10357, The tensile tests were performed on at least three samples for each condition to ensure

statistical accuracy.
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CHAPTER 4
UNDERSTANDING THE EFFECT OF SOLUTE ELEMENTS ON THE EVOLUTION OF

EQUIAXED AND COLUMNAR GRAINS IN AM PROCESSED BETA TITANIUM ALLOYS
4.1 Introduction

Metal additive manufacturing (AM) is one of the rapidly advancing processing techniques.
The layer-by-layer processing and the use of fine metal powders in AM, make the fabrication of
parts with complex designs simple, easy, and energy-efficient. The AM processed parts also show
enhanced mechanical and functional properties compared to the conventionally processed
counterparts [58,66—69]. The improved properties reported are due to unconventional and unique
microstructures arising from extremely rapid thermo-kinetics associated with AM processes. The
thermal gradients and cooling rates in these processes are significantly higher than conventional

castings. Based on the type of AM process, the cooling rates and thermal gradients can vary from

102 to 106§ and 10° to 107 %, respectively [58]. For instance, the cooling rate reported for the
laser cladding process is 102§ [70]and for Laser Engineered Net Shaping (LENS) process is in

between 103 and 106§ [58,71-73]. Further, the thermo-kinetics, i.e., cooling rates and thermal

gradients associated with the melt pools (caused by laser/electron beam), can be modified by
changing the process parameters, thereby providing scope for tuning the microstructures for
desired mechanical and functional properties [68]. However, tuning the microstructure requires a
comprehensive understanding of the mechanisms behind the microstructural evolution. While
there are other interesting aspects of microstructural evolution, such as solid-state phase
transformations leading to secondary phase precipitation that occurs during the reheating of
previously deposited layers, this chapter mainly focuses on understanding the nucleation and

evolution of equiaxed versus columnar grains during solidification (liquid-solid transformation) in
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additively processed metastable [ Ti alloys.
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It is believed that virtually all AM processes involving complete melting of the metal
powders produce significantly textured (<001>) columnar grains along the build direction, which
are deleterious to the mechanical properties [58,74]. Therefore, controlling the growth and texture
of columnar grains becomes crucial for the AM processed alloys. The high cooling rates and
thermal gradients are believed to be the factors that critically favor the formation of
dendritic/columnar microstructures during solidification (Fig. 4.1) [75]. The epitaxial growth of

the subsequent layers from the preceding layer, which is partially remelted due to the provided
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Figure 4.1: G vs V curve for various processing techniques [75]
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energy density, further promotes the formation of columnar grains. Although theoretically, it may
seem possible to achieve equiaxed dendrites by optimizing the process parameters, it is practically
impossible as the condition of partial remelting of previous layers has to be met for proper fusion
between layers for defect-free dense parts (Fig. 4.1).

The columnar to equiaxed transition (CET) of grains has been discussed for decades in the
conventional casting of metallic alloys [76—83]. As per Interdependence Theory [84], (a) AT,
critical undercooling required for nucleation; (b) A7cs, the extent of constitutional supercooling
ahead of solid-liquid interface; (c) x4, the average spacing between potential nucleation sites;
determine the final size and morphology of the grains. It is intuitive that a small ATy, large A7cs,
and a small x,; favor the formation of refined equiaxed grains. However, among these factors, the
rate of development of constitutional supercooling (A7cs) is believed to have the most significant
effect on grain refinement and therefore is discussed in detail in the following section [75].

During solidification of alloys, a differential partitioning of solute elements between solid
and liquid phases occurs, leading to either accumulation or depletion of solute at the solid-liquid
interface [85-89]. Such segregation around the growing solid nucleus results in constitutional
supercooling (ATcs) of the liquid ahead of the interface. Thus, the constitutional supercooling of
the liquid results in the activation of many potent nucleation sites, furthering the nucleation of
equiaxed dendrites. This leads to the Columnar to Equiaxed transition of the grains. Growth
restriction factor (Q) has been proposed initially to quantify the extent of the constitutional
supercooling developed due to the segregation of a single solute element in binary alloys [89-91]
and is expressed by the following equation:

Q = mCy(K — 1)

where m is the liquidus slope in a linear phase diagram, k is the equilibrium solute partition
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coefficient, and Cy is the solute content in the alloy melt.

The growth restriction factor (GRF) model has been significantly developed to evaluate
aspects such as potency and shape of the inoculants, final grain size, etc. [87,88,92-95]. Recently,
Qian et al. have proposed an analytical model based on Q for predicting the final grain size in
conventionally cast ingots [96]. The estimation of Q in ‘single solute element’ systems (binary
alloys) is straightforward and demonstrated successfully by many literature studies [87,88,97,98].
However, the same is not valid for ‘multiple solute element’ systems, and several different
approaches have been discussed in the literature. Desnain et al. were the first to extend the GRF
model to multi-component systems [99]. They express the Q for multi-component systems, Qy pin,
as a summation of binary Q values obtained for all solute (i) elements individually with respect to
the solvent element.

Qs pin = 2 Qpini = X Mpin,i( Kpini — 1)Co,i

This approach is crude and disputed by a few as it grossly overestimates the value of Q and
disregards any multicomponent interaction between solute elements. A slightly better
approximation of Q based on multi-component phase diagrams has been suggested by Quested et
al. [100].

Qi = 2m; (ki — 1)Co;

_ (or,
™= \ac,,

>(j:ati)consl:.

— CS’i "

K; = :
oGy

Since, composition gradient in the liquid near the interface is not known, C;; = Cy;
In this approach, m; values are directly obtained from the pseudo-binary phase diagrams

simulated for each solute element (i), keeping other solutes constant (j # i), i.e., the slope of the
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liquidus line at I for the solute element (i) is taken as m; . Similarly, K; values are also calculated

from the pseudo-binary phase diagrams using the above expression. Though this approach appears
to be more realistic than the method suggested by Desnain et al., it is cumbersome. It requires
thermodynamic software and a reliable database for all the elements considered in the alloy system
to simulate the multiple pseudo-binary phase diagrams. A more straightforward approach has been
recently suggested by Schmid-Fetzer et al., in which they denote the multicomponent growth

restriction factor as Q. o [101].

_ (6 (ATCS))

true = —ajg o = mCy(K — 1)

AT¢cs = m(Cy — Cp)

The initial rate of development of constitutional supercooling with a fraction of solid
formed (fs) has been derived and expressed as a true growth restriction factor, Q.- Though the
idea of using the initial rate of development of constitutional supercooling has been previously
mentioned by Easton and St. John in their work [88], Schmid-Fetzer et al. were the first ones to
practically demonstrate its applicability in Al and Mg alloys. They also claim that this approach
can be extended to a wide range of alloy systems without any difficulties. It should be noted that
the concept of GRF was initially proposed for alloys (both single-solute and multiple-solute
elements) that are processed using conventional casting techniques where the cooling rates and
thermal gradients are significantly lower compared to additive manufacturing (AM) techniques
(Fig. 4.1).

Significant research in the last decade has been focused on extending the GRF model to

predict the grain size and morphology in additively manufactured alloys [102—107]. Although

29



Schmid and Fetzer’s approach seems more reliable, no reports have been found in AM literature
using this approach. Surprisingly, Desnain’s method, which is rudimentary and overestimates the
value of Q, has been extensively used. This raises critical concerns regarding the applicability of
the GRF model to interpret the nucleation and growth behavior of the grains in AM processed
alloys. However, it should be noted that overall, the number of reports examining the effect of
solute elements on grain morphology evolution in AM processed alloys is still scant. Therefore,
there is a need to comprehensively understand and validate the GRF model for AM processed
alloys. The current chapter analyses the evolution of grain morphology and texture in a few
commercial and model metastable beta () titanium alloys. Growth restriction factors (Q) in each
case have been determined using the abovementioned approaches. The results indicate that the
Growth restriction factor (Q) model fails to interpret the grain growth behavior in the alloys
considered. Alternatively, a method based on solidification range has been proposed for the first
time to rationalize the same. Altogether, this paper provides insights into understanding the effect
of solute elements on the evolution of equiaxed and columnar grains in AM processed beta

titanium alloys.

4.2  Experimental Procedure

The elemental powders for Ti, V, Mo, C, Si, and B were procured from Alfa Aesar, USA
and the pre-alloyed powders for commercial alloys, TIMETAL 18 (Ti-18), TNZT, Ti-185 and
TIMETAL 21S (B-21S) were procured from TOSOH, SMD, USA. The compositions (in wt. %)
of the nine different beta-Ti alloys that are additively manufactured are listed in Table 4.1.

Table 4.1: Composition in wt. % of the nine different beta-Ti alloys that are additively manufactured

Alloy | Composition
Ti-20V Ti-20 wt.% V
Ti-12Mo Ti-12 wt% Mo
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Alloy | Composition

TIMETALIS (Ti-18) Ti-5.5 wt.%Al-5 wt.%Mo-5 wt.%V-2.4w.%Cr-0.75wt.%Fe-0.15wt.%0
TNZT Ti-35 wt.%Nb-7 wt.%Zr-5 wt.%Ta

TIMETAL 218 (b-21S) | Ti-15 wt.%Mo-3 wt.%Nb-2.7 wt.%A1-0.2 wt.%Si

Ti-185 Ti-1 wt.%Al-8 wt.%V-5 wt.%Fe

Ti-18-0.5B (Ti-18)- 0.5 wt.%B

Ti-18-0.5C (Ti-18)- 0.5 wt.%C

Ti-18-0.5Si (Ti-18)- 0.5 wt.%Si

The Optomec LENS-750 system equipped with IPG YLS-1500 fiber laser system (with a
maximum power output of 1500 W) was used for the depositions in this study. They were carried
out with a single powder hopper loaded with the feedstock powders listed in Table 4.1. The
processing parameters used to fabricate these ten alloys were: 600 W laser power; 0.5 mm diameter
laser beam on the sample surface; 12.7mm/s laser scan speed; 0.254 mm vertical layer spacing;
0.381 mm hatch width with 90° rotation in the hatch direction between layers. These combinations
of laser parameters provided input energy fluence of 94.48 J/mm?. The input energy fluence/energy
density was calculated using the expression E = P/V X D, where P is the laser power, V is the
scan speed, and D is the laser beam diameter. The oxygen level in the glove box was maintained
below 10 ppm to fabricate composite blocks of dimensions of 25.4 mm x25.4 mm x25.4 mm. The
deposited builds were then separated from the Ti64-seed plate, and subsequently, two thin sections
(parallel and perpendicular to the build direction) were sliced using a KENT USA (WSI-200)
electric discharge machine (EDM) for microstructural analysis.

X-ray diffraction studies for the LENS deposited samples were performed using (1.54
CuKa) line of Rigaku Ultima III X-ray Diffractometer. The as-deposited samples were polished
using standard metallographic techniques followed by the final polishing in 0.05-pum colloidal
silica in a Buehler Vibromet2 for microstructural characterization. A FEI Nova NanoSEM 230

was used for the microstructure, phase, and compositional analysis of the as-deposited composites.
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TSL-OIM™ software was used for generating inverse pole figure (IPF) and texture maps from
the electron backscattered diffraction (EBSD) data. Thermodynamic modeling of the solidification
curves (temperature versus the fraction of solid formed (fs)) was performed using PANDAT™

software (from CompuTherm) installed with a Ti database.

43 Results

EBSD scans were performed along the build direction on the as-deposited Ti-20V (model
B Ti alloy) to determine the texture and morphology of the grains. The obtained inverse pole figure
(IPF) maps and texture plots (bottom left inset) are shown in Figure 4.2(a). The IPF maps clearly
show the presence of long-columnar grains along the build direction of the Ti-20V deposit.
Besides, the texture plot (in the inset) reveals a significant <001> 3 type texture along the build
direction in the columnar grains. The XRD spectra obtained from the top surface of the Ti-20V
deposit is shown in Figure 4.2(b). Only one peak corresponding to (002)p has been indexed, which
further corroborates with the EBSD data (indicating the presence of significant <001>/<002> 3
texture). Figure 4.2(c) shows the solidification curve for the Ti-20V alloy simulated using
PANDAT™ software. The solidification range of Ti-20V alloy has been predicted to be ~10°C.
Similarly, the IPF maps with texture plots (in the inset) and the solidification curves obtained for
the as-deposited Ti-12Mo (model alloy) and Ti-18 (commercial alloy) are shown in Figure 4.3 (a
& b), and (¢ & d), respectively. Both the alloys, Ti-12Mo and Ti-18 clearly exhibit long columnar
grains with significant <001> texture along the build direction. The solidification ranges were
found to be ~110°C in Ti-12Mo and ~125°C in Ti-18. The impact of the solidification range on the

evolution of grain morphology and texture is analyzed in the discussion section of this paper.
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Figure 4.2: (a) IPF map with texture plot (in the inset) obtained along the build direction (b) XRD
spectra obtained from the top surface (perpendicular to the build direction) of LENS processed Ti-
20V. (¢) Solidification curve for the same alloy simulated using PANDAT™ software
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Figure 4.3: IPF map with texture plot (in the inset) obtained along the build direction for LENS
processed (a) Ti-12wt%Mo (c¢) Ti-18 commercial alloy. Solidification curves simulated using
PANDAT™ software for (b) Ti-12wt%Mo (d) Ti-18 commercial alloy.
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Figure 4.4: (a) IPF map with texture plot (in the inset) obtained along the build direction (b) XRD
spectra obtained from the top surface (perpendicular to the build direction) of LENS processed
TNZT alloy. (c) Solidification curve for the same alloy simulated using PANDAT™ software
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Figure 4.5: (a) IPF map with texture plot (in the inset) obtained along the build direction (b) XRD
spectra obtained from the top surface (perpendicular to the build direction) of LENS processed b-
21S alloy. (c¢) Solidification curve for the same alloy simulated using PANDAT™ software.
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Figure 4.7: IPF map with texture plot (in the inset) obtained along the build direction for LENS
processed (a) Ti-18-0.5B (c¢) Ti-18-0.5C (e) Ti-18-0.5Si. Solidification curves simulated using
PANDAT™ software for the LENS processed (b) Ti-18-0.5B (d) Ti-18-0.5C (f) Ti-18-0.5Si
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The IPF maps with texture plot (bottom left inset) obtained along the build direction of as-
deposited TNZT (commercial alloy) are shown in Figure 4.4(a). Unlike, Ti-20V, Ti-12Mo and Ti-
18 which exhibit fully columnar grains, TNZT exhibits mixed columnar-equiaxed grains along the
build direction. However, it should be noted that the grain sizes (at various regions along the build
direction) observed in the TNZT is less than 350 um which is significantly lower as compared to
the grain sizes in the other three alloys, Ti-20V, Ti-12Mo and Ti-18 (grain size >1.5 mm).
Additionally, the TNZT alloy exhibits moderate <001>f texture along the build direction, as
revealed by the texture plot (inset in Fig. 4.4(a)). The XRD spectra obtained from the top surface
of the deposit, shown in Figure 4.4(b) confirms the presence of the same, i.e., moderate
<001>/<002>p type texture along the build direction. Figure 4.4(c) shows the solidification curve
for the TNZT alloy simulated using PANDAT™ software. The solidification range of TNZT alloy
has been predicted to be ~225°C. The IPF maps with texture plot (bottom left inset) obtained along
the build direction of as-deposited B-21S (commercial alloy) are shown in Figure 4.5(a). Similar
to TNZT, B-21S exhibits mixed columnar-equiaxed grains along the build direction. However, the
texture plot shown in Figure 4.5(a) (inset) and the XRD spectra obtained from the top surface of
the deposit shown in Figure 4.5(b) do not reveal any significant <001>/<002>f type texture along
the build direction. Figure 4.5(c) shows the solidification curve for the 3-21S alloy simulated using
PANDAT™ software. The solidification range of B-218S alloy has been predicted to be ~300°C.

The IPF maps with texture plot (bottom left inset) obtained along the build direction of as-
deposited Ti-185 (commercial alloy) are shown in Figure 4.6(a). Ti-185 alloy exhibited fully
equiaxed grains along the build direction as opposed to mixed columnar-equiaxed grains observed
in TNZT and B-218 alloys, and fully columnar grains in Ti-20V, Ti-12Mo and Ti-18 alloys. Further,

the texture plot shown in Figure 4.6(a) (inset) and the XRD spectra obtained from the top surface
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of the deposit shown in Figure 4.6(b) do not show any signs of <001>/<002>f3 type texture along
the build direction. This is in sharp contrast with the observations in the other five alloys which
showed moderate to high <001>[ texture along the build direction. Figure 4.6(c) shows the
solidification curve for the Ti-185 alloy simulated using PANDAT™ software. The solidification
range of Ti-185 alloy has been predicted to be ~490°C.

Further, to examine the effect of inoculants like carbon, boron and silicon in restricting the
grain growth, 0.5 wt% of the same elements were individually added to Ti-18 commercial pre-
alloyed powders prior to the deposition. The IPF maps with texture plots (bottom right inset)
obtained from the middle region along the build direction of Ti-18-0.5B, Ti-18-0.5C and Ti-18-
0.5S1 are shown in Figure 4.7 (a), (¢) and (e), respectively. All the three alloys clearly exhibit fully
equiaxed grains without any significant <001>f texture along the build direction. It should be
noted that, the grain morphology changes from fully columnar observed in Ti-18 (Fig. 4.3(c)) to
fully equiaxed observed in the inoculant containing alloys, Ti-18-0.5B, Ti-18-0.5C and Ti-18-
0.5Si indicating a significant effect of the inoculant elements in the grain refinement. Figure 4.7

(b), (d) and (f) show the solidification curves for the Ti-18-0.5B, Ti-18-0.5C and Ti-18-0.5Si

TTM

alloys, respectively simulated using PANDA software. The solidification ranges for Ti-18-

0.5B, Ti-18-0.5C and Ti-18-0.5Si alloys have been predicted to be ~395°C, ~300°C, and ~340°C,

respectively.

4.3.1 Calculation of Growth Restriction Factors (Q)
Growth restriction factors for all the alloys considered in the study were calculated using
two approaches: (a) Desnain’s approach, referred as Qy pin; (b) Schmid and Fetzer’s approach,

referred as Q10
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43.1.1 Calculation of Qy pin

As mentioned in the introduction section of the chapter, the growth restriction factor for
multi-component systems, Qy p;, 1s expressed as a summation of binary Q values obtained for all
solute (i) elements individually with respect to the solvent element.

Qs pin = X Qbini = X Mpin,i( Kpini — 1)Co,i

The kpin; and my;,; are directly obtained from the binary phase diagrams of solute
clement (1) with the solvent element which is Ti (in the current study). Cy ; is taken as the weight
percent of the solute element (i) in the alloy [99,101]. The values of m and K for various elements
have been obtained directly from the literature and the product, My, ; (Kpin; — 1) for each
element (i) is listed in Table 4.2 [103]. The calculation of Growth Restriction Factors (Qy p,) for

all the alloys considered in the current study are shown in Table 4.3.

Table 4.2: Calculated m(k — 1) values for elements in titanium

Element (i) Mpini (Kpini — 1)
AV 0
Fe 3.8
Mo 4.5
Nb 2.5
Si 21.7
B 66
Ta 0
Zr 0.3
Cr 1.5
O 0
378
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Table 4.3: Calculation of Growth Restriction Factor (Qxyin) for all the additively processed alloys
Alloy | Q3 bin

Ti-20V Qs pin = Moinv(kpiny — 1)Coy =0(20)=0

Ti-12Mo Qy pin = Mbinmo(kpinmo — 1)Como =4.5(12)=54

Qs bin = Mbinai(kpin a1 — 1)Co,a1 + Moinmo(kpinmo — 1)Como™

Mpinv(Kpiny — 1) Coy+ moincr(Kpin,cr — D Cocrt Mbinre(Kpinre — 1)Copet
Mpino(kpino — 1)Co o= 0(5.5)
+5(4.5)+0(5)+1.5(2.4)+3.8(0.75)+0(0.15)=28.95

TIMETALIS (Ti-18)

Qs pin =mbinNo(Kpinnp — 1) Conp + Mbinz(kpin,zr — 1) Co zr+

TNZT Moina(Kpinra — 1)Cora= 2.5(35)+0.3(7)+5(0) =89.6

Qs pin = Mbinai(kpinar — 1)Coar + Mbinmo(kpinmo — 1) Como™
Mpin,si(kpin,si — 1)Co,si T MbinNo(kpinnp — 1) Conp= 2.7(0)+
15(4.5)+3(2.5)+0.2(21.7) = 79.34

TIMETAL 218 (b-
219)

Qs pin = Moinai(kpin a1 — 1) Co a1 + Mbinv(Kpiny — D) Coy+

Ti-185
1 Mpin re(Kpin,re = 1)Co,re= 0(1)+0(8)+3.8(5)=19

Qs bin = Mbinai(Kpin a1 — 1)Co,a1 + Mbinsto(Kpinmo — 1) Conmo™t

mbin,V(kbin,V - 1)C0,V+ mbin,Cr(kbin,Cr - 1)CO,Cr+ mbin,Fe(kbin,Fe - 1)CO,Fe+
Mpin,o(kpino — 1)Coo+ Myins(kping — 1)Cop = 0(5.5)
+5(4.5)+0(5)+1.5(2.4)+3.8(0.75)+0(0.15)+0.5(66)=61.95

Ti-18-0.5B

Qs pin = Mbinai(kpin a1 — 1)Co,ar + Mbinmo(Kpinmo — 1)Como™

Mpin(kpiny — 1) Coy+ Moin.cr(Kpincr — 1) Cocr+ Mbinre(Kpinre — 1)Copet
Mpino(kpino — 1)Coo+ Mbinc(Kpinc — 1) Coc = 0(5.5)
+5(4.5)+0(5)+1.5(2.4)+3.8(0.75)+0(0.15)+0.5(378)=217.95

Ti-18-0.5C

Qs bin = Mbinai(Kpin a1 — 1)Co,a1 + Mbinsto(Kpinmo — 1) Conmo™

Mpinv(Kpiny — 1) Coy+ moincr(Kpin,cr — D Cocrt Mbinre(Kpinre — 1)Copet
Mpino(kpino — 1)Coo+ Mbinsi(Kpin,si — 1) Cosi = 0(5.5)
+5(4.5)+0(5)+1.5(2.4)+3.8(0.75)+0(0.15)+0.5(21.7)=39.8

Ti-18-0.5Si

4312 Calculation of Q ¢y,

As previously mentioned, this approach of estimating Q is believed to be simpler and more
realistic than the method suggested by Desnain et al. i.e., Qy pin. In this approach the initial slope
of development of constitutional supercooling (AT¢s) with respect to the fraction of solid formed

is assumed to be the growth restriction factor, Qirue.
0(ATcs)
Qtrue = (—CS) = ml,(K - 1)
0fs

fs—0
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ATes = m(Co — C1)

The solidification curves simulated using PANDAT™ provides the profile of liquidus
temperature (Tr) with change in the fraction of solid formed (fs) (e.g., Fig. 4.2(c)). ATcs is the
maximum available undercooling, which is the positive temperature difference to liquidus point
(Tr) at Co [101]. Since the solidification curves are generated at Co, the change in the range of
constitutional supercooling AT ¢cs with increase in fs can be calculated directly from the raw data.
It should be noted that AT ¢s is maximum initially (at fs— 0) and slowly decreases with an increase
in the fraction of solid formed (fs) and vanishes at fs— 1. For instance, the change in range of
constitutional supercooling AT¢s with an increase in fs calculated for Ti-185 alloy is shown in
Figure 4.8. The initial slope of this curve, i.e., slope determined for the region where 0< fs <0.01
(at fs— 0) is the true growth restriction factor, Quue, Which is found out to be 29.387 in this alloy
(Fig. 4.8). Similarly, the Qe values have been determined for the rest of the alloys following this

procedure, and the values have been listed in Table 4.4.
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Figure 4.8: The change in range of constitutional supercooling AT cs with increase in fs calculated for
Ti-18S5 alloy
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Table 4.4: Summary of the experimental observations and estimated Growth Restriction Factors (Q)
for all the alloys that are additively manufactured in the present study

Growth Restriction

Grain Morphology Ef))(‘)tll:: Soliltiilflilcg:::tion Factor (Q)
Qs bin Qtrue

Ti-20V Long, columnar Strong ~10°C 0 2.55
Ti-12Mo Long, columnar Strong ~110°C 54 75.92
Ti-18 Long, columnar Strong ~125°C 28.95 18.53
TNZT Columnar-equiaxed mixed Moderate ~225°C 89.6 133.20
b-21S Columnar-equiaxed mixed Moderate ~300°C 79.34 42.23
Ti-185 Fully equiaxed Weak ~490°C 19 29.38
Ti-18-0.5B Fully equiaxed Weak ~395°C 61.95 61.76
Ti-18-0.5C Fully equiaxed Weak ~300°C 217.95 47.60
Ti-18-0.5Si | Fully equiaxed Weak ~340°C 39.8 26.13

44  Discussion

The experimental observations (grain morphology and texture) and the estimated Growth
Restriction Factors (Q) for the nine alloys are summarized in Table 4.4. The alloys Ti-20V, Ti-
12Mo, and Ti-18 exhibited long columnar grains with significant <001>f texture along the build
direction. While TNZT and B-21S showed mixed columnar-equiaxed grains with moderate
<001>p texture along the build direction. Among the nine alloys, Ti-185, Ti-18-0.5B, Ti-18-0.5C,
and Ti-18-0.5S1 are the only ones that exhibited fully equiaxed grains with randomized texture
along the build direction. According to the GRF model, a high Q value indicates the formation of
fine equiaxed grains, and a low Q value suggests the formation of long columnar grains in any
given alloy. It is clear from the summary presented in Table 4.4 that the Q values estimated using
both approaches do not explain the grain morphologies observed in the alloys considered in the
present study. For instance, Ti-12Mo with a Qe value of 75.92 and a Qy p;, value of 54 exhibits

long columnar grains along the build direction instead of the predicted equiaxed grains. Similarly,
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Ti-185 alloy with relatively lower Q values exhibits fully equiaxed microstructure along its build
direction.

GRF (Q) model analyzes the effect of solute elements in restricting the growth of already
formed grains in conventionally cast ingots. In other words, this theory is entirely based on the
assumption that there is some previously developed solid in the liquid melt, i.e., fs # 0 to begin
with. It mainly focuses on the secondary nucleation events that occur due to the constitutional
supercooling of the liquid ahead of the growing solid disregarding the aspects of primary
nucleation resulting in the formation of the initial solid in the liquid melt. It should be noted that
constitutional supercooling arises from the solute element segregation, which is profound in
conventional casting due to the significantly slower cooling rates.

On the other hand, the highly rapid thermokinetics in the Additive manufacturing processes
limit/arrest the segregation of solute elements by not providing enough time for the elements to
diffuse across the solid-liquid interface. Therefore, the concept of the development of
constitutional supercooling and subsequent secondary nucleation events that lead to equiaxed
microstructures may not be valid for AM-processed alloys. In such cases, the final microstructure
is determined mainly by the primary nucleation events that occur in the liquid melt, i.e., at fs = 0.
It is understood from the fundamentals of solidification in metal/alloy systems that a critical level
of undercooling (AT.) is required to form a stable spherical solid nucleus within the liquid melt.
To be specific, the solidification process occurs only when the regions in the liquid melt overcome

the critical free energy barrier (AG") barrier. Based on homogenous nucleation theory [108], the

critical free energy barrier (AG") barrier can be defined as shown below:

[167T(VSL)3(Tm)2]

AG* =
3(AT:)?(AHp)?
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N~ A X exp (
where AG* is the critical nucleation barrier; ysp is the liquid|solid interfacial free energy per unit
area; T(m) is the melting temperature; AT, is the critical undercooling; AHn, is the latent heat of
fusion; N is the nucleation rate; A is a constant based on diffusivity;K is Boltzman constant; T is
the temperature of the liquid metal/alloy

From the above expressions, it is evident that the critical barrier for nucleation (AG")
decreases with an increase in the level of undercooling (AT.), which in turn increases the rate of
nucleation (N). A higher nucleation rate (N) leads to a higher number density of stable spherical
nuclei. The hard impingement with the neighboring grains (growth of stable nuclei leads to the
formation of grains) suppresses the extent of grain growth and results in an equiaxed
microstructure. The solidification/freezing range of the alloy plays a crucial role in governing the
primary nucleation behavior. The rapid cooling rates in AM processes provide scope for attaining
higher levels of undercooling (AT.) in alloys with large solidification/freezing ranges prior to the
onset of the solidification process. This increases the propensity to form equiaxed microstructure
in such alloys compared to those with smaller solidification/freezing ranges. The alloys in the
present study that are characterized by small solidification ranges (< 150°C), i.e., Ti-20V, Ti-
12Mo, and Ti-18, exhibit fully columnar grains with strong <001>f3 type texture along the build
direction. While, the alloys with medium solidification ranges (150-300°C), i.e., B-21S and TNZT,
exhibit mixed columnar-equiaxed grains with moderate <001>f type texture along the build
direction. On the other hand, the alloys with large solidification ranges (> 300°C), i.e., Ti-185,
Ti-18-0.5B, Ti-18-0.5C, and Ti-18-0.5S1, exhibit fully equiaxed grains without any noticeable

texture along the build direction. It is worth mentioning that the addition of inoculant elements like
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carbon, boron, and silicon has significantly increased the freezing/solidification range for Ti-18
alloy (Fig. 4.7) which led to the change in grain morphology from fully columnar in Ti-18 to fully
equiaxed in Ti-18-0.5B, Ti-18-0.5C, and Ti-18-0.5S1 alloys. Besides, it is also evident from the
summary Table 4.4 that the texture developed in the AM processed alloys is entirely dependent on
the grain growth, i.e., the long columnar grains tend to exhibit <001> 3 type texture as opposed to

no preferred texture exhibited by finer equiaxed grains.

4.5  Conclusions

This chapter mainly investigates the effect of solute elements on the evolution of equiaxed
and columnar grains in AM processed beta titanium alloys. Nine different alloys were chosen for
this study and were fabricated using LENS process, a laser based DED technique. The
microstructural aspects such as grain morphology and texture in the build direction were
investigated for all the nine alloys. Ti-20V, Ti-12Mo, Ti-18 exhibited long columnar grains with
significant <001>p texture in the build direction. TNZT, and B-21S exhibited mixed columnar-
equiaxed grains with moderate <001>f texture. While Ti-18-0.5B, Ti-18-0.5C, Ti-18-0.5Si and
Ti-185 revealed equiaxed grains with random texture along the build direction. The Growth
restriction factor (Q) in each alloy has been determined using two approaches, (a) Schmid and
Fetzer’s approach (reliable) and (b) Desnain’s approach (rudimentary), to understand the effect of
alloying elements on the grain morphology and texture observed in these alloys. The results
presented indicate that Growth restriction factors (Q) that are originally developed for
conventional casting techniques (both the approaches) fail to interpret the grain growth behavior
in the AM processed B-Ti alloys. Alternatively, an approach based on fundamentals of

homogenous nucleation and freezing range has been proposed to rationalize the observations.
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CHAPTER 5
ADDITIVE MANUFACTURING OF COMMERCIAL
BETA TITANIUM ALLOY: Ti-1AI-8V-5Fe*

5.1 Introduction

Metastable B-Ti alloys, typically containing substantial amounts of one or more beta
stabilizing elements like Mo, V, Cr, Fe, Cu, Mn, etc., are of widespread interest for many
applications due to their lower elastic modulus, higher specific strength enhanced fracture
toughness and augmented fatigue resistance as compared to other a+f Ti alloys [109—113]. There
are a number of different commercially available metastable B-Ti alloys like Ti-10V-2Fe-3Al (Ti-
1023), Ti-1Al-8V-5Fe (Ti-185), Ti-13V-11Cr-3Al, Ti-15Mo-3Al-3Nb-0.2Si (known as -21S)
and Ti-3A1-8V-6Cr-4Mo-4Zr (known as Beta-C) [27,114,115]. These alloys typically retain their
body-centred cubic (bcc, B) structure and do not from o’ martensite when quenched from above
the B-transus temperatures. However, precipitation of other phases like a (alpha) and metastable ®
(omega) within the B matrix is possible during ageing of these alloys below their B-transus
temperature, which has been shown to further enhance their mechanical properties [14,109]. Ti-
185 due to its high strength and fatigue life [8], is currently being utilized for fastener applications
in the aerospace industry, with a microstructure consisting of grain boundary and intra-granular «
precipitates within the f grains [114]. Although the commercial 3 Ti alloys like Ti-185 and Ti-
1023 contain higher amounts of low-cost alloying elements like Fe, they are not extensively used

due to the strong micro-segregation of Fe that occurs during conventional ingot casting [116—118].

* This chapter is reproduced in its entirety from M.S.K.K.Y. Nartu, S. Dasari, A. Sharma, S.A. Mantri, S. Sharma,
M. V. Pantawane, B. McWilliams, K. Cho, N.B. Dahotre, R. Banerjee, Omega versus alpha precipitation mediated
by process parameters in additively manufactured high strength Ti—1 AI-8V—-5Fe alloy and its impact on mechanical
properties, Mater. Sci. Eng. A. (2021) 141627, https://doi.org/10.1016/j.msea.2021.141627 with permission from
Elsevier.
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This micro-segregation, also known as the beta-fleck effect [117], results in large variations in
composition eventually leading to the precipitation of undesired brittle phases in these alloys. For
instance, the yield strength and strain to failure of Ti-1023 alloys is shown to decrease from 1176
to 1036 MPa and 6% to 1%, respectively, due to the effect of B-flecks [119]. A slight increase in
volume fraction or the size of B-flecks leads to a significant decrease in the low cycle fatigue (LCF)
and strain to failure in these alloys [32]. The fracture toughness is also shown to be significantly
affected by the presence of B-flecks [30,120,121]. The beta flecks once formed, are difficult to
eliminate. Hot forging in the B-phase field is found to be ineffective in eliminating the chemical
inhomogeneities arising during the conventional processing of these alloys [32]. Long-term
annealing can be performed as an alternative to eliminate the B-flecks and to homogenize the
metastable B-Ti alloys [109]. However, this additional post processing may increase the cost of
fabrication considerably and therefore is not industrially viable.

Powder metallurgy (P/M) based routes have been successfully employed for processing Ti-
185 reducing the beta fleck problem [122]. Though Joshi et al. [122] have reported an enormous
tensile strength of 1655 MPa with 4-6% ductility, the processing is tedious and expensive. Devaraj
et al. [123] demonstrated an innovative low cost thermo-mechanical processing route to achieve
high strength in P/M fabricated Ti-185. Recently, Azizi et al. [124] have successfully fabricated
Ti-185 via SLM (Selective Laser Melting, a powder-bed based laser additive manufacturing (AM)
technique), without any significant Fe segregation and minimal porosity. Additionally, other B-Ti
alloys, that suffer from the [B-fleck problem during conventional processing, have been
successfully processed using additive manufacturing techniques such as laser engineered net
shaping (LENS) and Wire arc additive manufacturing (WAAM) [60,120,125]. Therefore, AM

could be particularly attractive for fabricating B-Ti alloys (containing eutectoid elements) such as
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Ti-185 [126], preventing the B-fleck problem, owing to the smaller meltpool inherently rapid
solidification rates [127].

However, AM processed Ti alloys, including B-Ti alloys, often suffer from growth of
columnar grains and development of a strong <001>f texture along the build direction
[47,55,61,128—132]. This results in anisotropic mechanical properties [133—138]. Previous reports
indicate that either by promoting the nucleation rates in the molten pool or by modifying the
kinetics/thermodynamics of solidification, fine [} grains with equiaxed morphology and
randomized texture can be obtained, leading to better mechanical properties [59,139-149].
However, these investigations are rather limited in number and there is still a need to
comprehensively understand the process-microstructure-property relationships for additively
manufactured B-Ti alloys. The objective of this study is to evaluate the microstructure and
mechanical properties of LENS processed Ti-185 focusing on the 3 grain morphology, intra-

granular o/ precipitation, and their impact on tensile properties.

5.2 Experimental Procedure
5.2.1 Materials and Methods

An Optomec LENS-750 was used for fabricating Ti-185 on a Ti-64 seed plate. In order to
eliminate the problem of compositional differences arising due to elemental powder blends, pre-
alloyed powders of Ti-185 were procured from Tosoh SMD, Inc. for this study. The pre-alloyed
powder has been characterized in detail and the results are shown in Figure 5.1. Thus, Figure 5.1(a)
shows a backscatter SEM image of the power particles, revealing the near perfect spherical
morphology of these electrode induction melting inert gas atomization (EIGA) processed powders.

Figure 5.1(b) shows the particle size distribution with an average size ~ 92um. Figure 5.1(c) shows
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the x-ray diffraction pattern from these powders establishing the single [ phase in these powders

prior to laser additive processing.
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Figure 5.1: a) SEM of pre-alloyed Ti-185 powder with inset showing the higher magnification image,
(b) particle size distribution, (c) XRD of Ti-185 powder showing single phase p-bec peaks.

A 1500 W Nd: YAG laser that produces near-infrared radiation at a wavelength of 1.064 um was
used for the deposition. Three different laser powers, i.e. 300, 400 & 500 W were used for the
fabrication. The other processing parameters were maintained unchanged and were: 0.5 mm laser
beam on the sample surface; 12.7mm/s laser scan speed; 0.254 mm vertical layer spacing; 0.381

mm hatch width with 90° rotation in the hatch direction between layers. These combinations of
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laser parameters provided input energy densities of 47.24 J/mm?, 62.99 J/mm? & 78.74 J/mm? to
fabricate blocks of dimensions of 25.4 mm x25.4 mm x25.4 mm. The oxygen level in the glove
box was maintained below 10 ppm during deposition of the alloys. The deposited builds were
then separated from the seed plate and subsequently sliced into two sections along the build
direction using a KENT USA (WSI-200) electric discharge machine (EDM). One of the sections
was utilized for machining specimens (perpendicular to the build direction) for tensile property
measurements and the other section was utilized for microstructural analysis. The dimensions of
the tensile specimens were: gauge length ~ 5 mm, width ~ 1 mm and thickness ~ 0.7-1 mm.
Additionally, a bar of dimensions 50 mm length, 8 mm width, and about 9 mm height were
sectioned from a conventionally cast/forged slab of Ti-185. The bar was encapsulated in quartz
tube backfilled with argon and then solutionized at 900°C for 30 min and water quenched to room
temperature; this condition will be hereafter referred to as bulk solutionized (BS) condition.
Tensile specimens were machined from samples in the BS condition and the tests for both BS and
LENS processed samples were performed at a strain rate of 10~/s. At least three tensile specimens
were tested for each condition, the median values of tensile strength and ductility were reported.
The microstructures for both LENS processed and BS conditions were characterized using
a FEI Nova NanoSEM 230, equipped with electron backscattered diffraction (EBSD) and energy
dispersive spectroscopy (EDS) detector. OIM™ software was used for generating texture plots
from the EBSD data. Further, TEM foils for the selected conditions were prepared inside a FEI
Nova 200 Nanolab dual-beam Focused ion beam (FIB/SEM) and were characterized using FEI
Tecnai G2 F20 ST S/TEM, a transmission electron microscope (TEM operating at 200 kV)
outfitted with a (scanning transmission electron microscopy—energy dispersive spectroscopy)

STEM-EDS detector. Atom probe tomography was performed using Cameca LEAP 5000XS
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operating at a temperature of 30 K, pulse rate of 200 kHz, and a detection rate of 0.005-0.01
ion/pulse in laser mode with laser pulse energy of 50 nJ. AP Suite 6 software was used to analyze
the APT data. The mass spectrum for APT reconstructions was calibrated based on the bulk
compositions obtained from SEM-EDS. Multiple APT reconstructions were used to measure the
oxygen concentration. The AM processed Ti-185 alloys, reported in the present study, had an
oxygen concentration in the range of 0.05- 0.13 wt.% which appears to be similar to that of
conventionally processed Ti-185 (wherein the oxygen concentration is reported to be between 0.25
- 0.5 wt.% [7]). H and Ga contamination from APT chamber and FIB have not been indexed in the
mass spectrum for comparing chemical composition of different phases. The frequency and radial
distribution analysis of select element(s) were obtained from a volume of 30x30x40 nm?® exported

from the original APT reconstruction.

5.2.2 Computational Process Modelling

In order to appraise the thermo-kinetic effects associated with DED-based LENS processed
Ti-185, a multi-track multi-layer 3D thermal model was developed using the finite element method
with a quiet/active element activation approach on commercial COMSOL Multiphysics®
software. The 3D thermal model for LENS process is developed using following assumptions-

1. The thermo-physical properties related to substrate and powder are considered to be
isotropic

2. Due to the lack of availability of temperature-dependent thermo-physical properties of
Ti-185 in the open literature, its average temperature-dependent thermo-physical
properties were considered by considering its constituent elements [64].

3. The powder addition during the deposition process is considered to be homogenous
and approximated using a quiet/active element approach [65], in which addition of
material is realized by activating a new group of elements at the beginning of new layer
fabrication.

4. For the sake of simplicity, melt pool hydrodynamics (melt pool formation and the
impact of powder particles on the melt pool) is disregarded in the present model.
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The heat transport phenomenon was calculated using the energy conservation equation
described below-
aT _ 9 (, OT a (, aT a (, 0T
pCo 5 =5z (k52) + 35 (k5y) + 55 (k) M
where p is material density (kg/m3), C,is specific heat (J/kg.K), k is thermal conductivity

(W/m.K), and x, y, z are the coordinates in the reference system. The laser beam parameter and
optical properties of the material are listed in Table 6. The above equation was solved on a 3D
configuration, with the following thermal boundary conditions involving the following details. The
heat imparted by the laser beam acts on the top surface, which is considered to be a boundary heat
source (heat flux, quaser), thus the thermal boundary condition for the top surface can be surmised

by following equation [50].

oT
k (%) = Qiaser — h[T — Tamb] - EG[T4 - T;mb] (2)
On the rest of the boundaries, the convective heat transfer between substrate and air is considered

by the following equation:

k (Z—Z) = —h[T = Tam] 3)
The initial boundary condition for the entire computational domain is described by the following
equation:
To = Tomp = 293 K 4)
Unlike SLM [150,151]in DED-based LENS process, the powder particles are entrained co-
axially along the laser beam over the substrate surface [152]. In light of this, the following aspects
are considered in choice of surface heat flux in the present manuscript-

1. Fraction of laser energy is absorbed by the inflight-powder particles and the rest is
supplied to the substrate [152,153].

2. For the sake of simplicity, heat transfer due to molten/unmolten particle impact on melt
pool has been disregarded.
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3. Laser melt pool interaction at the substrate interface can be considered as a surface heat
flux owing to sufficiently low optical penetration depth of liquid Ti (=100 nm) for
infrared laser beam (A=1.06 um) [154]

Therefore, laser heat flux in LENS process can be described as a boundary heat source
according to the following equation [155,156]:

2Qn —2(x—vgt)?+y?
dlaser — 12 exp( 2 ) ®)
l

T
where Q represents the laser power, 1 corresponds to the fraction of total laser energy absorbed by
the substrate. r; represents the laser beam radius and vy is the scanning speed of deposition head.
The second term corresponds to convective heat transfer in which h is the heat transfer coefficient
and Tg,p 1S ambient temperature. The last term represents radiative losses where € is the
emissivity, 6 is the Stephen-Boltzmann’s constant (5.67x10~% W/m/K*).

In the present computational model, the element activation method employed a fixed mesh
for both the substrate and deposited material for a given layer, in which the mesh elements were
initially in-active, which were activated once the material deposition took place [40,157]. The in-
active elements were assigned sufficiently low value of thermal properties to suppress heat
transfer. The material deposition/activation was tracked through the position of laser beam. Once
the laser beam passed through the centroid of a given element, the element was activated and its
thermal properties were switched to actual properties of Ti-185. The above process was iterated to
felicitate layer by layer fabrication. For the interest of space, additional extensive details regarding
the thermal analysis of a multi-track multi-layer AM similar to what was employed in the present
work are not included in this manuscript., however such details can be learned from the recent
publications of the authors [158—160].

The above equations were solved on a 3D geometrical configuration using the values of

the relevant parameters listed in Table 5.1 and with a fixed track length of 6 mm for each of the
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experimental parameters mentioned earlier.

Table 5.1: Laser beam parameters and optical properties of the material

Parameters | Values
Laser beam diameter (pm) 500
Laser power (W) 300, 500
Laser scanning speed (mm/s) 12.7
Absorptivity 0.432
Emissivity 0.6
Heat transfer coefficient of air (W/m?.K ) 15
a h Deposited
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Figure 5.2: (a) Mesh sensitivity of the developed thermal model w.r.t minimum element size (b)
meshed computational geometry employed for thermo-kinetic model

Each element in the computational domain was activated after its exposure to the moving
laser beam, assuming homogenous layer addition in the DED process. To obtain realistic thermal
evolution, the model considers the deposition of 5 tracks up to the 7™ layer. The 3D geometry is
configured with free tetrahedral meshes with a minimum element size of 50 pm, and a temperature-
dependent adaptive meshing approach is employed to maintain the computational time of less than
1 hour. Figure 5.2 illustrates a variation of maximum temperature with increasing minimum

element size (Fig. 5.2(a)) along with the image of meshed computational domain (Fig. 5.2(b)). For
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minimum element size of 25 and 50 um, the temperature variation is less than 5K, hence 50 um
mesh size was selected for adequate computational time. The equations were solved using a direct
PARADISO solver with relative and absolute tolerance as 102 and 10" respectively. The model

was computed on an Intel(R) Xeon (R) (Gold 6252 CPU @2.10 GHz-190 GB) processor.

53 Results and Discussion
5.3.1 Tensile Properties and Basic Microstructure/Phase Characterization Using SEM and XRD

The engineering stress-strain curves for the various conditions of Ti-185 are shown in
Figure 5.3(a). The LENS processed, 300 W condition shows the highest yield strength (YS) of
~1230 MPa followed by 400 W (~1200 MPa) and then the 500 W (~1000 MPa) condition. Besides,
all three LENS processed conditions exhibit tensile ductility in the range of 5-7%. For comparison,
the same alloy was conventionally processed (cast and homogenized) followed by solution
treatment in the single  phase field and water quenched. The tensile properties of this bulk
solutionized condition are also shown in Figure 5.3(a), revealing a YS of ~960 MPa similar to the
500 W condition. All the LENS processed samples for different process parameters, exhibited
mechanical properties as good as, if not better than the bulk solutionized condition of the
conventionally processed Ti-185 alloy.

Low magnification SEM backscatter images of the LENS deposited 300 W and 500 W
conditions as well as the BS condition are shown in Figure 5.3 (b), (d) and (f), respectively and
the corresponding high magnification images are also shown in Figure 5.3 (c), (e) and (g),
respectively. The microstructure in both LENS processed conditions appear to be largely a single
(B) phase. No obvious signs of Fe segregation/f} flecking are observed in any of these conditions.

Further, the high magnification SEM image (Fig. 5.3(c)) shows fine scale (possibly o) precipitates

in the grain interiors and a thin wetting layer of these precipitates (possibly o) along the grain
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boundaries in case of the 300 W condition, while the microstructure of the 500 W condition (Fig.
5.3(e)) appears to be similar but with negligible amount of (o) phase in the grain interiors. The BS

condition exhibits a single () phase microstructure (Fig. 5.3(f) and (g)).
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Figure 5.3: (a) Engineering stress-strain curves at room-temperature for the various conditions of
Ti-185 alloy. SEM backscattered images showing the microstructures of (b,c) 300 W, (d,e) 500 W and
(f,g) Bulk Solutionized (BS) conditions of the same alloy.
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Figure 5.4: XRD patterns that have been acquired with the x-ray beam incident on the plane normal
to the deposition/build axis of (a) 500 W and (b) 300 W conditions of LENS manufactured Ti-185

alloy.

X-ray diffraction (XRD) patterns from the 500 W and 300 W samples are shown in Figure.
5.4 (a) and (b) respectively. These XRD patterns have been acquired with the x-ray beam incident
on the plane normal to the deposition/build axis of the LENS processed samples. The entire set of
XRD peaks observed in case of the 500 W sample, shown in Figure 5.4(a), can be consistently

indexed based a single  (BCC) phase. However, in case of the 300 W sample, in addition to the
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principal XRD peaks corresponding to the f matrix, there are a number of additional smaller peaks
corresponding to the o phase. These XRD results are consistent with the SEM observations.
Additionally, it should be noted that the 8 peaks in both the 500 W and 300 W processed samples,
have similar intensity ratios as observed in case of the XRD pattern acquired from the Ti-185
powders, shown in Figure 5.1(c). This establishes that the LENS processed samples do not exhibit
any significant 3 texture.

With the objective of rationalizing the higher yield strength in case of the 300 W condition
as compared to the 500 W condition, TEM and atom probe tomography (APT) analysis of both
conditions was carried out. Foils for TEM analysis were made from the grip sections of the tensile

specimens of both 500 and 300 W conditions and, the results are presented in Figures 5.5 and 5.7.

5.3.2 Detailed Microstructural Characterization of 500W Processed Condition

Figure 5.5(a) shows the selected area diffraction pattern (SADP) corresponding to the 500
W condition. This [110]s zone axis pattern clearly shows the presence of characteristic ®
reflections at 1/3 and 2/3 [112]p locations. These » reflections are an outcome of the orientation
relation (OR) between o and B, i.e. [2110]w || [011]B and [0001]w || [111]B. This is evident from
the key figure corresponding to this diffraction pattern shown in (a) of Appendix A. A low
magnification (Fig. 5.5(b)) and a high magnification (Fig. 5.5(c)) dark-field TEM image, recorded
from the two variants visible in this diffraction pattern, as highlighted with the yellow circle in
Figure 5.5(a), revealed the presence of ® precipitates of dimension ~5-10 nm. A high-resolution
TEM image is shown in Figure 5.5(d) revealing the atomic scale ® and B structures, and the fully-
coherent w/p interface. The near complete collapse of the adjacent {111} BCC planes within the ®

regions is visible similar to previous reports [15,161-164]. While these o precipitates can form

congruently (compositionally invariant with the 3 parent phase) during the quenching of the alloy,
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since the LENS process involves multiple heating-cooling cycles of the same layer, it is likely that
these precipitates undergo low temperature annealing, resulting in possible compositional
partitioning between the ® precipitates and the B matrix. The possibility of such compositional
partitioning between the 3 and ® phases in the 500 W condition has been investigated via APT.
The APT reconstructions shown in Figure 5.6 (a) and (b), reveal a nearly homogeneous distribution
of Ti and V atoms/ions, respectively. Additionally, a frequency distribution analysis was carried
out by dividing this reconstruction into voxels of 100 ions, and the experimental distribution was
compared with a simulated binomial distribution for the Ti ions/atoms, shown in Figure 5.6(c).
Additionally, a radial distribution plot (RDF), constructed using Ti ion/atom at the center, shown
in Figure 5.6(d), reveals a higher number of Ti-Ti like bonds close to the Ti center. This
comparison reveals early stages of partitioning between the B and ® precipitates in the 500 W
condition, though it is very difficult to quantitatively estimate the composition difference between
these two phases. Based on the sharp change in slope at ~4 nm in radial distribution plot, the size
of omega particles can be estimated to be ~8 nm, which is in agreement with the TEM results. This
early stage of B/ compositional partitioning is potentially responsible for the marginally higher
tensile yield strength observed in case of the 500 W processed Ti-185 alloy as compared to a 3
solution treated and water-quenched condition of the same alloy processed via conventional
processing (casting plus thermo-mechanical processing), as shown in Figure 5.3(a). Thus, the
rejection of f3 stabilizing elements, such as V and Fe from the ® precipitates, could potentially lead
to an increase in the elastic modulus and strength of these precipitates, leading to higher yield
strength of the alloy. Such effects have been the subject of discussion in multiple recent

publications on other 3 Ti alloys [165].

58



Figure 5.5: TEM of 500 W condition: (a) Selected area diffraction pattern (SADP) obtained via [110]g
zone axis showing the presence of characteristic ® reflections at 1/3 and 2/3 [112]g locations. (b) Low
magnification and (c) high magnification dark-field TEM images, recorded
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Figure 5.6: APT of 500 W condition: (a) Tiion map (b) V ion map (¢) Frequency distribution analysis
of Ti comparing the observed distribution with binomial (d) Bulk normalized concentration vs
distance plot for Ti, obtained using radial distribution function.
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5.3.3 Detailed Microstructural Characterization of 300 W Processed Condition

Figure 5.7(a) shows a [110]s zone axis selected area diffraction pattern from the 300 W
condition. Unlike the case of 500 W condition, the additional spots in this diffraction pattern do
not lie along the 1/3 and 2/3 [112]g locations, and therefore do not correspond to ® precipitates.
Rather these additional reflections correspond to multiple variants of a precipitates and attendant
double diffraction effects. This is evident from the key figure corresponding to this diffraction
pattern shown in (b) of Appendix A. A dark-field image shown in Figure 5.7(b), recorded from
the set of reflections outline in Figure 5.7(a), clearly reveal the presence of fine scale o precipitates
within this microstructure. These fine scale a precipitates are ~500 nm -1 um in size. The expected
Burgers orientation relationship, between o and 3 phases, [0001]a || [011]B and [1120]a || [111]P
can be confirmed by the diffraction pattern shown in Figure 5.7(a). High-resolution TEM images
of this microstructure are shown in Figure 5.7 (¢), (d) and (e). Figure 5.7(c) shows the atomic
structure of the a/p interface recorded along the [0001]a || [011]B viewing axis. Characteristic
atomic scale ledges or steps are clearly visible along this interface, similar to those reported in case
of these interfaces in other conventionally processed metastable 3 Ti alloys, such as Ti-5SAI-5V-
5Mo-3Cr (or Ti-5553)[166—169]. The atomic structure within the BCC 3 matrix, viewed along the
[111] direction is shown in Figure 5.7(d), while the atomic structure of the HCP a phase, viewed
along the [0001] direction is shown in Figure 5.7(e). The bright field TEM image, shown in Figure
5.7(f), captures a prior B grain boundary decorated with coarser grain boundary o precipitates (or
allotriomorphs) and uniformly distributed finer scale o precipitates within the grains. The
compositional partitioning between the o precipitates and the B matrix is shown via HAADF-

STEM EDS maps in Figure 5.7(g). These maps clearly show that the a precipitates which are
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largely depleted in both Fe and V, but only marginally enriched in Al.

prmm——

“B-Matrix

Figure 5.7: TEM of 300 W condition: (a) Selected area diffraction pattern (SADP) obtained via [110]g
zone axis showing the presence of characteristic a reflections. (b) Dark-field image recorded from the
set of reflections highlighted with yellow circle in (a). (c) High Resolution TEM image showing the
atomic structure of the a/p interface recorded along the [0001]a || [011]p viewing axis. HR-TEM
image showing the atomic structure within the (d) BCC B matrix, viewed along the [111] direction
and within (¢) HCP o phase, viewed along the [0001] direction. (f) Bright field TEM image and (g)
HAADF-STEM EDS maps showing compositional partitioning between o precipitates and the p
matrix.

Detailed APT analysis has been carried out on samples extracted from the 300 W condition,

and the results are shown in Figure 5.8. Figure 5.8(a) shows a relatively higher magnification dark-
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field TEM image, recorded using an a reflection in the diffraction pattern, and shows two distinct
variants of a plates. Figure 5.8 (b) and (c) show high magnification views of sections of Figure
5.8(a), with two different boxes highlighted in these images. The box marked A in Figure 5.8(b)
shows a broad face of an a plate in close proximity of the corner of a second a plate, while the
box marked B in Figure 5.8(c) highlights the corner of another a plate with large ledges. Figure
5.8(d) shows an APT reconstruction capturing sections of two fine scale intra-granular
o precipitates, which have been delineated with isoconcentration surfaces (or isosurfaces)
constructed for V = 5 at%. This APT reconstruction appears to be quite similar to the region
marked by box B in the TEM dark-field TEM image shown in Figure 5.8(b). The compositional
profiles for V, Fe, Al, Si, and O, across the o/ interface on the left side of the reconstruction,
corresponding to the broad face of the a plate, have been plotted as a proximity histogram (or
proxigram) [170] in Figure 5.8(e). A second APT reconstruction is shown in Figure 5.8(f) reveals
the corner of an a plate with large ledges, quite similar to the box marked B in the dark-field TEM
image shown in Figure 5.8(c). The corresponding proxigrams for V, Fe, Al, Si, and O, across this
o/ interface are shown in Figure 5.8(g).

Interestingly, there is a substantial difference in the local B compositions, adjacent to the
o/ interfaces in case of both APT reconstructions. Thus, while the local V content in the 3 phase,
adjacent to the o/p interface, for the broad face of the a plate (shown in Fig. 5.8 (d) and (e)) is
approximately 13at% V, the same value in case of the corner of the a plate (shown in Fig. 5.8(f)
and (g)) is approximately 10at% V. This large difference in the local equilibrium V content in the
B phase can be rationalized based on the Gibb-Thompson effect, or the capillarity effect, arising

from the small radius of curvature at the corner of the a plate. This effect can be easily visualized
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by considering the schematic shown in Figure 5.9, depicting the free energy versus composition

(G-X) plots for the B and a phases.

10 1

Concentration (at.%

68 nm Distance (nm)

Figure 5.8: TEM and APT of 300 W condition: (a) Dark-field micrograph showing alpha laths in the
beta matrix. High magnification dark-field micrographs showing the (b) broad face and (c) ledges at
the corner of alpha laths (d) V 5 at.% iso-concentration surface with V ions showing the broad face
of an alpha lath (indicated by black arrow). (e) Proxigram constructed across V 5 at.% iso-surface
in (d). (f) V 4.3 at.% iso-surface with V ions showing the ledges at the corner of an alpha lath (g)
Proxigram constructed across V 4.3 at.% iso-surface in (f).
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Broad face

Xrx% xF X
Beta stabilizers (Fe,V)

Figure 5.9: Schematic of G-X plots for a and § phases showing the Gibb-Thompson effect.

These schematic plots have been depicted with increasing content of [3 stabilizers (V and Fe in this
case) along the X-axis. This, the B G-X plot is to the right with respect to the oo G-X plots. There
are two a. G-X plots in this figure, with the lower curve corresponding to the broad face of the a
plate and the upper plot corresponding to the corner of the a plate, which has a much smaller radius
of curvature. The common tangents for both the o G-X plots and the B G-X plots have also been
shown in Figure 5.9. Based on the points of common tangency, where the tangent touches the G-
X plot, it is evident that the composition of § matrix in local equilibrium with the broad face of the
o plate, is substantially enriched in B stabilizer content, as compared to the matrix in local
equilibrium with the corner of the a plate. This explains the experimentally observed higher V

content in the  matrix in local equilibrium with the broad face of the plate, as compared to the

corner of the plate.
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5.3.4 Rationale for Precipitation of a Plates in Case of the 300 W Processed Condition: Multi-
Physics Modeling

As mentioned earlier, the fine-scale a phase precipitation was detected in the grain interiors
of Ti-185 deposited at 300 W, whereas it was hardly exhibited by the sample deposited at 500 W
(Figs. 5.3 and 5.4). This discrepancy was analyzed using a thermokinetic model presented earlier,
which predicted the temporal and spatial distribution of temperature during DED fabrication. A
location lying in the first laser track of first layer was probed for its temperature variation during
the fabrication of the sample with multiple laser track deposition in each layer. Corresponding
thermal history consisting of multiple thermal cycles at a given location is presented in Figure 5.10
(a) and (b) at laser power 300 W and 500 W, respectively. Under a given process-inherent thermal
cycle treatment, the probed location melts (at 1580°C predicted using PANDAT™ software)
during fabrication of the first layer and does not remelt during successive thermal cycles. The
peak temperature of the probed location (thermal cycle C1) during deposition of the first track of
second layer reaches above the P transition temperature (737°C predicted using PANDAT™
software) and again during fabrication of the first track of third layer (thermal cycle C2). The
probed location during a cooling event of thermal cycle C2 experiences a cooling rate of 831°C/s
and temperature drops to minimum 264°C before the next thermal cycle. Such thermokinetics is
likely to cause the nucleation of the a phase in the interiors of B as the temperature, thereafter,
oscillates around 350 °C during the fabrication of successive layers. On the other hand, the same
probed location during fabrication at 500 W, reached B transition at several thermal cycles until
fabrication of the 6™ layer (Fig. 5.10(b)), which might have caused frequent precipitation and
dissolution of o precipitates. In addition, during fabrication of the 7™ layer, the temperature
fluctuated around 650°C, and considering the heat accumulation effect seen with the thermal cycle

(Fig. 5.10(b)), it is likely to retain a reduced fraction of a precipitates in 500 W, as seen earlier in

65



Figures 5.3(e) and 5.4(b).
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Figure 5.10: Thermal history consisting of multiple thermal cycles at a given location analyzed using
a thermokinetic model for (a) 300 W and (b) S00 W condition of LENS manufactured Ti-185 alloy.

5.3.5 Origin of Higher Yield Stress in 300 W Processed Condition and Deformation Mechanisms

The higher YS observed in 300 W condition, as compared to the 500 W condition, can be
primarily attributed to the presence of fine scale a precipitates in the 300 W condition. A TEM
sample was extracted from the tensile tested Ti-185 300 W condition and the results are shown in
Figure 5.11. The origin of this higher yield strength is a Hall-Petch type strengthening by o

plates/laths which result in a shorter slip-length and hence dislocation pile-up at the alpha/beta
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interface. The back-stress originating from such a pileup requires a higher resolved stress along
the primary slip plane for continuing glide of dislocations, which translates into a higher yield
strength. The commonly observed slip systems in these alloys are {110}, {113} and {123}, all
with (111) type burger vector. In the present case, a TEM sample was extracted from the Ti-185
300 W condition, tensile tested to fracture. A dark-field TEM image from this sample is shown in
Figure 5.11(a) with a higher magnification image in Figure 5.11(b). Both these images indicate
homogenous dislocation activity within the 3 matrix. Since the foil has been prepared from a
fractured sample, considerable dislocation activity is evident. At this level of plastic strain, some
dislocation activity within the a plates/laths is also evident, which is shown by a dark-field TEM

image from one such plate, in Figure 5.11(d).

Figure 5.11: TEM of tensile tested 300 W condition: (a) Low magnification and (b) High
magnification dark-field TEM images indicating homogenous dislocation activity within the 3
matrix. (c¢) Diffraction pattern showing orientation relationship between Beta matrix and alpha
precipitates, [110]g||[0001],. (d) High magnification dark-field TEM image showing the dislocation

activity within the o plates/laths.
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54 Conclusions

The directed energy deposition based LENS process was employed to successfully deposit
a metastable B-Ti alloy prone to beta fleck effect, Ti-185, with three different deposition powers.
The as-processed Ti-185 alloy did not exhibit any Fe segregation/f flecking for all three deposition
powers. Besides, the as-processed conditions, exhibited very good tensile properties better than
the conventionally cast/forged and solutionized counterparts. The key points of this paper have
been briefly summarized below:

1. LENS processed Ti-185 exhibits a fine-grained equiaxed microstructure for a range of
deposition powers (energy densities) which can be rationalized based on the alloy’s large
solidification range as compared to other Ti-V based alloys with smaller solidification ranges,
exhibiting strongly developed columnar grains.

2. The size of the equiaxed B grains can be tuned via the LENS/AM process parameters,
with lower laser power (or energy density) promoting finer scale grains as compared to higher
powers.

3. Using a lower laser power (300 W) or energy density (47.24 J/mm?), leads to fine scale
intra-granular a precipitation within the equiaxed 3 grains, while a higher laser power (500 W) or
energy density (78.74 J/mm?) results in o formation within the equiaxed B grains. This is a direct
demonstration of the ability to tune o or @ precipitation within the grains of 3 Ti alloys, via
systematic variations in the AM process parameters.

4. The o precipitates forming in the 500 W condition are fully coherent with the B matrix
and exhibit early stages of compositional partitioning with respect to the matrix. The fine scale a
plates/laths forming in case of the 300 W condition are nanometer in size scale, homogeneously

distributed, and exhibit a Burgers orientation relationship with the B matrix grains. Atomic scale

68



ledges are clearly visible at the B/a interfaces. Interestingly, both STEM-EDS as well as APT
results indicate that while the a plates reject a substantial amount of V and Fe, there is a much
lower degree of Al enrichment within these plates. Additionally, the APT results also revealed, for
the first time, the influence of the Gibbs-Thompson effect (local curvature at the B/a interfaces)
on the local equilibrium near the interface. Thus, the local V content within the 3 matrix, adjacent
to the broad face of an a plate/lath was significantly higher as compared to the local V content
adjacent to the corner of an a plate/lath.

5. The influence of process parameters on the nature of second phase formation within
the  matrix grains, oo or ®, has been rationalized using a multi-physics thermo-kinetic model
which predicts the multiple heating-cooling cycles experienced by the layers during the LENS
deposition.

6. The refined precipitation of o plates/laths within the equiaxed B grains result in a
substantial enhancement in the yield and ultimate tensile strengths of the as-processed alloy, with
the yield stress exceeding 1.2 GPa. The deformation microstructure reveals a high density of
homogenous dislocation activity within the  matrix and some limited activity within the o
plates/laths.

Overall, the results indicate that Ti-185 is a promising  Ti alloy for AM processing.
Further, the results demonstrate the ability to tune the microstructure via changes in the process
parameters, to achieve desirable tensile properties, obviating the need for any secondary post

processing.
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CHAPTER 6
ADDITIVE MANUFACTURING OF COMMERCIAL
BETA TITANIUM ALLOY: Ti-10V-2Fe-3Al1*

6.1 Introduction

Traditionally Ti alloys have been known for their high specific yield strengths, but rather
poor strain hardenability and uniform elongation [7,14]. This has been well-established for both
o/ Ti alloys such as Ti-6Al-4V as well as metastable B alloys, such as Ti-5A1-5V-5Mo-3Cr (with
an o+p microstructure) [171,172]. Recently, a number of metastable B-Ti alloys have been
developed that exhibit high strain hardenability and uniform elongation attributable to deformation
or strain-induced twinning or martensite formation also referred to as twinning induced plasticity
(TWIP) and/or transformation induced plasticity (TRIP), versus traditional deformation via slip
[165,173—178]. As an example, the commercially available Ti-10V-2Fe-3Al (wt.%) (hereon
referred to as Ti-10-2-3) alloy falls under the category of strain transformable B-Ti alloys
exhibiting TRIP/TWIP effects [179]. Invariably, these strain-transformable 3-Ti alloys suffer from
rather low yield strengths. Similarly, low modulus B-Ti alloys used for biomedical applications
also suffer from low yield strengths [112,171]. Therefore, there is a need for the compositional
and microstructural design of Ti alloys with higher yield strength while maintaining their strain-
transformable attributes. The other major advantages of using B-Ti alloys are their tunable nature,
wherein, the microstructure and subsequently mechanical behavior can be altered by varying the

thermo-mechanical processing. By controlling the secondary precipitate phases like omega or

* This chapter is partly reproduced from S.A. Mantri, M.S.K.K.Y. Nartu, S. Dasari, A. Sharma, P. Agrawal, R.
Salloom, F. Sun, E. Ivanov, K. Cho, B. McWilliams, S.G. Srinivasan, N.B. Dahotre, F. Prima, R. Banerjee,
Suppression and reactivation of transformation and twinning induced plasticity in laser powder bed fusion additively
manufactured Ti-10V-2Fe-3Al, Addit. Manuf. 48 (2021) 102406,
https://doi.org/https://doi.org/10.1016/j.addma.2021.102406, with permission from Elsevier.
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alpha, within the parent f-matrix, including their shape, size, and morphology a wide range of
mechanical properties can be achieved [112,180—182].

While metal additive manufacturing (AM) has been extensively used for processing o/ Ti
alloys, such as Ti-6Al-4V, there are relatively fewer investigations on AM processing of
metastable B Ti alloys which have been attracting some recent attention [ 183—187]. While Ti-6Al-
4V is an excellent alloy for many applications, there is a need to explore new titanium alloy
systems, especially B-Ti alloys, in order to exploit the unique advantages which AM offers over
conventional casting techniques; such advantages include faster cooling rates and complex
multiple heating/cooling cycles [74,188]. Faster cooling leads to higher solidification rates which
can then be exploited to process alloys which have been traditionally difficult to cast into typical
ingots due to segregation problems. These include a class of B-Ti alloys, more specifically systems
containing P-eutectoid elements such as Fe and Cu, that lead to solute-segregation issues
commonly referred to as the “beta fleck” problem [1,32,171]. Recent literature on this has shown
that the higher cooling rates obtained via AM processing can successfully overcome this issue
[124,125,186,189].

Conventionally processed Ti-10-2-3 alloy provides an excellent combination of deep
hardenability, good strength and ductility, and fracture toughness relative to Ti-6Al-4V and has
therefore been one of the most widely used B-titanium alloys in the aerospace industry [171]. There
have been reports of micro-segregation due to the presence of Fe in this system, which could
possibly lead to property variability. As mentioned before, the higher cooling rates accessible
during AM processing is a potential solution to the problem of “beta fleck” and has been recently
demonstrated [189—191]. Early work by Duerig et al [179] provided the groundwork in

understanding the mechanical behavior and phase transformations of conventionally processed Ti-
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10-2-3 alloy. The presence of orthorhombic stress induced martensite (SIM) was noted in their
work, which has since been confirmed by other researchers [176,192]. More recent studies focused
on understanding the various factors influencing the formation of the SIM in this alloy [193—-195].
While there have been a few previous studies on AM processed Ti-10-2-3 [190,196], they are very
limited in addressing transformation-induced plasticity. The present work on additive
manufacturing of the Ti-10-2-3 alloy, focuses on the influence of laser additive processing on the
evolution of the B+w/B+a microstructures, their attendant impact on deformation behavior, and an
approach to recover the TRIP/TWIP effects and strain hardenability in the AM processed alloys
via a B-solution treatment. Additionally, the microstructure and mechanical properties of the
conventionally manufactured counterparts, i.e., As-received and As-received + B-solutionized

conditions, are investigated to compare and contrast with the additively manufactured Ti-10-2-3.

6.2 Experimental Procedure
6.2.1 As Received Alloy

The conventionally processed Ti-10-2-3 was obtained from ATI corporation (will be
hereon referred to as “As-received (AR) condition”) for comparing the microstructures and
mechanical properties with the additively manufactured counterparts. Two bars of dimensions 20
mm length, § mm width, and about 3 mm height were sectioned from the material. One of the two
bars was [-solution annealed at 900°C for 30 min and then quenched in water; this condition will
be hereafter referred to as “AR + B-solutionized condition.” Mini tensile specimens of 5 mm gauge
length and 1 mm gauge width were machined using KENT USA (WSI-200) EDM from both the
conditions (AR and AR + B-solutionized) and uniaxial tensile tests were performed at a strain rate
of 107%/s. At least three tensile specimens were tested for each condition, and the median values of

tensile strength and ductility are reported. Samples from these conditions, i.e., grip sections of
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tensile specimens, were polished to an average surface finish of 0.02 um for microstructural
analysis. Imaging and Electron backscatter diffraction (EBSD) analysis was performed in an FEI-
Quanta Nova-Nano SEM 230. OIM™ software was used to produce the inverse pole figure (IPF)

maps and Phase maps from the EBSD scans.

6.2.2 Laser Engineered Net Shaping ™ (LENS)

An Optomec LENS-750 was used for fabricating Ti-10-2-3 on a Ti-64 seed plate. In order
to eliminate the problem of compositional differences arising due to elemental powder blends, pre-
alloyed, gas atomized Ti-10V-2Fe-3Al (wt. %) obtained from Tosoh SMD Inc. The average
powder size for this process was between 15-45 um. A 1500 W Nd: YAG laser that produces near-
infrared radiation at a wavelength of 1.064 um was used for the deposition. Two different laser
powers, i.e., 400 & 500 W, were used for the fabrication. The other processing parameters were
unchanged: 0.5 mm laser beam on the sample surface; 12.7mm/s laser scan speed; 0.254 mm
vertical layer spacing; 0.381 mm hatch width with 90° rotation in the hatch direction between
layers. These combinations of laser parameters provided input energy densities of 62.99 J/mm? &
78.74 J/mm? to fabricate blocks of dimensions of 25.4 mm x25.4 mm x25.4 mm. The oxygen level
in the glove box was maintained below ten ppm during the deposition of the alloys.

The deposited builds were then separated from the seed plate and subsequently sliced into
two sections along the build direction using a KENT USA (WSI-200) electric discharge machine
(EDM). One of the sections was utilized for machining specimens (perpendicular to the build
direction) for tensile property measurements, and the other section was used for microstructural
analysis. The dimensions of the tensile specimens were: gauge length ~ 5 mm, width ~ 1 mm, and
thickness ~ 0.7-1 mm. Uniaxial tensile tests for both 400 and 500 W LENS processed Ti-10-2-3

were performed at a strain rate of 10/s. At least three tensile specimens were tested for each
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condition, the median values of tensile strength and ductility were reported. Imaging for the LENS

processed Ti-10-2-3 samples was performed in an FEI-Quanta Nova-Nano SEM 230.

6.2.3 Selective Laser Melting

A powder bed fusion (PBF) system, AconityMIDI, equipped with a 1IKW laser, was used
to print an 18 mm* 18 mm*18 mm cube. The same pre-alloyed powders procured from TOSOH,
SMD Inc. were utilized for the SLM fabrication of Ti-10-2-3. An island scan strategy was
employed with a laser power of 150W and a scan speed of 800mm/sec, with a hatch width of 60
microns and layer thickness of 30 microns. A continuous flow of Ar (30 Ipm) was deployed into
the process chamber in order to maintain the O2 level below 10ppm.

Following the fabrication, the build was sectioned into two parts using KENT USA (WSI-
200) EDM. One of the samples was solutionized at 900 °C/30 min, and then water quenched. Phase
analyses via X-ray diffraction were done using a Rigaku Ultima III X-ray diffractometer for the
samples, both before and after the deformation. An FEI Nova NanoSEM, coupled with an Energy
Dispersive Spectroscopy (EDS) and a Hikari Super Electron Backscattered Diffraction (EBSD)
detector, was used for scanning electron microscopy and composition analyses. Site-specific
samples for TEM analyses were prepared using an FEI Nova NanoLab 200™ focused ion beam
(FIB). Transmission electron microscopy (TEM) was carried out in an FEI Tecnai F20-FEG TEM
operated at 200 kV. EM-based OIM - PED was carried out using a NanoMEGAS system. The
parameters were set at C2 aperture of 30 um, the spot size of around 2 nm (spot size of 8 on the
FEI system), camera length of 135 mm and step size of 10 nm. The data acquired using TOPSPIN
3.0 software was analyzed by ACOM software. In addition, nanometer-scale compositional
analysis of the same samples was done using a 5000XS Camera LEAP 3D atom probe tomography

(APT) operated at 30K with a pulse fraction of 20% and a detection rate of 0.5 in Laser mode.
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Tensile specimens were extracted from both the as-fabricated (AF) and solutionized (AF +
B-solutionized) plates, perpendicular to the build direction. The tensile tests were performed under
uniaxial tension at a strain of 10%/sec. A custom-built mini-tensile machine with an LVDT (linear
variable displacement transformer) extensometer was employed for strain measurements. The
tensile samples had a gauge length of Smm and cross-section of 1.25mm*1.25mm. For each
condition, a total of three specimens were strained to failure, following which fracture analyses

were performed on the deformed surfaces.

6.3 Results and Discussion
6.3.1 Microstructure and Mechanical Properties of Conventionally Processed Ti-10-2-3 Alloy

The low magnification and high magnification SEM backscatter images from the As-
received (AR) and As-received + B-solutionized (AR+ B-soln) conditions are presented in Figure.
6.1 (a & b) and (c & d), respectively. The As-received (AR) condition exhibits a dual-phase a+f3
microstructure (Fig. 6.1 (a) and (b)), with two different morphologies for the alpha precipitates
(equiaxed and lath-like). However, the wavy and irregular o/ interfaces (outlined with a yellow
circle in Figure 6.1(b)) instead of straight interfaces possibly indicate that the lath-like morphology
in the coarser precipitates is an outcome of coarsening followed by coalescence of the equiaxed
alpha precipitates. The dissolution of the alpha precipitates, i.e., a single-phase (3) microstructure,
can be observed after f—solutionizing heat treatment, as shown in Figure 6.1(c) and (d).

The engineering stress versus plastic strain curves for the AR and AR+ -soln conditions
are shown in Figure 6.2. The as-received (AR) condition exhibits a YS of 960 MPa, significantly
higher than 500 MPa revealed by the As-received + [-solutionized (AR+ [-soln) condition. The

remarkably higher YS observed in the AR condition compared to the AR+ -soln condition could
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be mainly due to the presence of a precipitates (within the B matrix) in the former condition.

Conventionally processed Ti-10V-2Fe-3Al
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Figure 6.1: The Low and High magnification SEM backscatter images for (a,b) As-received (AR) and
(c,d) As-received and b-solutionized (AR+ b-soln) Ti-10-2-3

—— As-—received (AR)
—— AR + =Solutionized

1000

m-/x

K00
700
m_/f//,_\
Sm_

Engineering Stress (MPa)

. . , . .
0.0 0.1 0.2 0.3 0.4
Plastic Strain

Figure 6.2: Engineering stress versus plastic strain curves for conventionally processed Ti-10-2-3
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This could also be why the significantly lower ductility (~17%) was observed in the AR condition.
Further, the AR+ B-soln condition exhibits a noticeably higher strain hardening, curs - oys of 220
MPa, compared to 75 MPa shown by the AR condition. The discrepancy in the strain hardening
behavior between the two conditions is analyzed by investigating the post-tensile-deformation
microstructures. EBSD analysis was performed on the gauge sections of the tensile samples; the
IPF and corresponding phase maps obtained for AR and AR+ B-soln conditions are represented in
Figure 6.3 (a & b) and (c & d), respectively. While there was no indication of stress-induced
martensite (SIM, o) [197,198] formation in the AR condition (Fig. 6.3(b)), there is a substantial
formation of SIM (o) in the AR+ B-soln condition (Fig. 6.3(d)), based on these phase maps. This
observation is not unusual since Ti-10-2-3 with a single  phase is expected to exhibit stress-
induced martensitic transformation and TRIP effects, based on multiple previous reports on

conventionally processed alloys [179,199,200].

Conventionally processed Ti-10V-2Fe-3Al - Deformed microstructures

Figure 6.3: The IPF and corresponding phase maps obtained for (a,b) As-received (AR) and (c,d) As-
received + b-solutionized (AR +b-soln) conditions of conventionally processed Ti-10-2-3
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6.3.2 Microstructure and Mechanical Properties of LENS Processed Ti-10-2-3 Alloy

The low and high magnification SEM backscatter images from the 400 W and 500 W
conditions of the LENS processed Ti-10-2-3 are presented in Figure 6.4 (a & b) and (¢ & d),
respectively. Both the conditions exhibit fine-scale a precipitates along the B—grain boundaries
and also within the B—grain interiors. The o precipitates in the 400 W sample appear to be
substantially coarser than 500 W condition. However, irrespective of the laser power employed,
the LENS processed Ti-10-2-3 exhibited significantly finer (o) precipitates than the
conventionally processed, As-received (AR) condition (Fig. 6.1 (b)). Further, the LENS processed
conditions exhibited true lath/plate-like morphology for the a precipitates, while the As-received

(AR) condition exhibited equiaxed morphology.

LENS processed Ti-10V-2Fe-3Al
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Figure 6.4: The Low and High magnification SEM backscatter images for (a,b) 400 W and (c,d) 500
W conditions of LENS processed Ti-10-2-3
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Figure 6.5: Engineering stress versus plastic strain curves for LENS processed Ti-10-2-3

The engineering stress versus plastic strain curves for the 400 W and 500 W conditions of
the LENS processed Ti-10-2-3 are shown in Figure 6.5. Both the conditions exhibit similar values
for the YS (~1220 MPa) despite the significant differences in the size scale of the a precipitates

(Fig. 6.4). Figure 6.4 (b) and (d) are analyzed using Image]™

software (shown in Appendix B) for
the area fraction of the a precipitates. The a phase/area fraction was estimated to be ~59% in the
400 W condition and ~38% in the 500 W condition. It is generally believed that an increase in the
phase fraction of secondary phases would increase the YS of any alloy (Precipitation
Strengthening) [201,202]. The size scale of the precipitates follows the exact opposite trend [203].
Therefore, the possible enhancement in the Y'S in the 400 W condition due to the increase in phase
fraction of a precipitates (to ~59% compared to ~38% in 500 W) is compensated by the increase
in the size scale of the same precipitates. Besides, the slightly lower ductility observed in the 500

W condition (~5.3%) compared to the 400 W condition (~6.5%) could be due to the finer and

sharper secondary (o) phase present in the former condition that acts as stress-concentration sites
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during uniaxial tensile testing. Besides, the LENS processed Ti-10-2-3 owing to the finer a
precipitates, exhibited significantly higher YS (~1220 MPa, Fig. 6.5) than the conventionally
processed Ti-10-2-3, i.e., As-received (AR) condition (960 MPa, Fig. 6.2). It is worth mentioning
that the LENS processed Ti-10-2-3 exhibited dual-phase o+ microstructures resulting in lower
strain hardening values, curts - oys of ~90 MPa, which is nearly identical to the As-received (AR)
condition (~75 MPa). The lower observed strain hardening values and the EBSD analysis on the
post deformation microstructures for the AR condition (Fig. 6.3) possibly indicate that neither of

the LENS processed conditions deformed via TRIP/TWIP during the uniaxial tensile deformation.

6.3.3 Microstructure and Mechanical Properties of SLM Processed Ti-10-2-3 Alloy

The initial microstructures of the as-SLM fabricated (AF) samples are shown in Fig 6.6(a)
and (b), corresponding to EBSD inverse pole figure (IPF) + image quality (IQ) and kernel average
misorientation (KAM) plots from in-plane sections of the samples. Sectioning has been carried out
perpendicular to the build axis for these in-plane sections. The in-plane view was chosen since the
mechanical testing was carried out with the tensile axis lying in-plane. Arrows indicating the
tensile testing direction have also been shown in the EBSD IPF maps. The starting condition of
the AF sample shows single-phase B grains, which are square in shape with ~75 pm sides, in this
two-dimensional view. The morphology of the grains can be attributed to the island scan strategy
used during the deposition, as reported in previous studies [204,205]. While the island scan
strategy has been recommended for its ability to lower the residual stresses in the system during
the PBF process, the KAM maps indicate a significant amount of retained residual stresses [47,58].
Tensile mechanical testing was carried out on this condition, and the results are shown in Fig
6.6(c). The AF sample showed a very high value of yield strength (YS), ~850MPa, but virtually

no ductility. It should be noted that three tensile samples were tested, and Fig 6.6(c) shows a
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representative engineering stress-strain plot. Following the tensile testing, the surface of the tensile
samples clearly exhibited slip lines corresponding to very limited plastic deformation, as revealed
by SEM images (Fig 6.6(d)). There was no indication of stress-induced martensite (SIM, a”)
[178,198] formation in the deformed AF Ti-10-2-3 samples, based on these SEM images. This
observation appeared to be unusual since Ti-10-2-3 with a single B phase is expected to exhibit
stress-induced martensitic transformation and TRIP effects, based on multiple previous reports on
conventionally processed alloys [179,199,200]. Therefore, to understand the deformation behavior
and the lack of formation of SIM in AF Ti-10-2-3, further analysis of this sample were carried out

via both TEM and Atom Probe Tomography (APT).
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Figure 6.6: Starting microstructures of the As-fabricated sample shown via EBSD IPF (a) and KAM

maps (b), (c) Engineering stress vs engineering plastic strain plot of the AF sample, (d) deformed
surface of the AF sample showing slip lines.

Fig 6.7 (a) shows the dark field TEM (dark-field) image of the sample obtained from the
grip section of one of the tensile specimens prepared from the AF alloy. The [011]3 SADP(inset)
clearly exhibits additional reflections arising from the o phase at 1/3 and 2/3 {112} positions.

These o reflections are an outcome of the orientation relationship between the ® (space group:
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P6/mmm) and B (space group: Im-3m) phases: [11-20]w || [011]B and [0001]w || [111]B (Banerjee
and Williams 2013). Fig 6.7(b) shows the raw Al and V ion maps from an APT reconstruction
from the AF sample, clearly showing nanometer-scale pockets depleted in both these elements.
These V and Al depleted pockets are indicative of isothermal o precipitates since while the a phase
rejects V and is enriched in Al, the ® phase rejects out both Al and V. The 8 at. %V- isosurface
was constructed in the APT reconstruction to more clearly delineate the w precipitates. A proximity
histogram (or proxigram) analysis was carried out to quantify elemental partitioning across o/
interfaces. The proxigram, shown in Fig 6.7(d), revealed that these ® precipitates are depleted in
V, Fe, and Al. The V content within ® precipitates is ~4 at. %, while the surrounding § matrix is

enriched, ~12 at. % or 13.5 wt. %.
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Figure 6.7: As-fabricated sample (a) DFTEM showing o precipitates, inset shows the [011] SADP
from which DFTEM was obtained, (b) raw ion maps of Al and V showing pockets of ® precipitates,
(¢) V-isosurface and the proximity histogram (d) showing the compositional changes between o/p
phases.
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Fig 6.8 also shows another region within the same TEM sample and another APT
reconstruction from the AF Ti-10-2-3 sample. The dark-field TEM in Fig 6.8 (a) shows the
presence of very fine scale o precipitates within this sample. This is also confirmed by the presence
of reflections at 2 {211} position in the [113]3 SADP (inset). While o reflections are also present
in the SADP, the dark-field TEM was recorded using only the a reflection. In contrast, a higher
magnification dark-field TEM images encompassing all the reflections (w at 1/3 and 2/3 {211}
and o at /2{211]B) is shown in Fig 6.8(b). The inset shows the same [113]3 SADP as shown in
Fig 6.8(a). The o particles are about 2-5 nm in diameter and exhibit a near-spherical morphology,
while the a precipitates exhibit a lath or plate-like morphology with the long axis being ~40-50nm.
APT ion maps in Fig 6.8(c) show both the @ and a precipitates. While the Al and V depleted
pockets correspond to ® precipitates, the a lath is enriched in Al while being depleted in V, as
marked in the Fig 6.8 (c). A 4.45 at. %V- isosurface further allowed quantifying the elemental
partitioning across the o/p interface based on a proximity histogram (or proxigram) analysis. The
calculated proxigram, shown in Fig 6.8(d), indicated that the a precipitate is depleted of Fe and V
while being enriched in Al. The a precipitates are depleted in V (~ 1 at. % V), while the
surrounding B-matrix is V-rich with ~ 10 at. %. These results establish that the o precipitates in
the AF condition of the Ti-10-2-3 alloy are no longer quenched-in or athermal w precipitates, i.e.,
inheriting the composition of the parent B matrix (congruent with the f matrix). Rather, these are
isothermal w precipitates exhibiting a rejection of V, Fe, and Al. This change in the composition
of  precipitates leads to a corresponding change in the composition of the B matrix, especially
leading to an increase in the V content, consequently increasing the B-phase stability of the matrix.
These effects are bound to influence the deformation mechanisms and mechanical properties in

this sample and will be discussed in more detail in subsequent sections [174,175,206].
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Additionally, it should be noted that rejection of solute elements (V, Fe, Al) from the isothermal
o precipitates, most likely occurs during the multiple reheating cycles during the AM processing
[207]. Therefore, the AF sample was compared with a B-solution annealed condition of the same
sample, i.e., the as-fabricated sample annealed at 900 °C for 30mins followed by water quenching.
This condition will be henceforth referred to as B-soln. This heat-treatment is also expected to
alleviate the residual stresses in the system, arising from AM processing, and could potentially
recrystallize the B grains in the microstructure [208]. The overall bulk composition obtained from

the APT analysis is shown in Table 6.1.
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Figure 6.8: As-fabricated sample (a) DFTEM showing fine scale a precipitates, inset shows the [113]
SADP from which DFTEM was obtained, (b) DFTEM showing both ® precipitates and fine scale a
precipitates, inset shows the [113] SADP from which DFTEM was obtained, (c) raw ion maps of V
and Al showing ® and o precipitates (d) V-isosurface and proximity histogram showing the
compositional changes between a/f§ phases.
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Table 6.1: Composition of the As-SLM fabricated (AF) Ti-10-2-3 alloy from Atom Probe
Tomography

Element | Ti | % Fe | Al | o
At. % 83.2 3.87 133 475 63
Wt. % 85.7 9.72 16 276 22

6.3.4 Reactivation of Transformation and Twinning Induced Plasticity in Additively
Manufactured Ti-10-2-3 Alloy

6.3.4.1 Microstructure and Mechanical Properties of SLM Processed + 3 Solutionized Ti-10-
2-3 Alloy

Similar to the AF condition, following the B-solutionizing, the in-plane microstructure of
the sample was investigated. B-solutionizing of the as-fabricated alloy resulted in a significant
change in the grain structure as observed in the EBSD IPF map shown in Fig 6.9(a). Along with
an overall increase in the grain size, to ~350 microns, there is also a notable change in their
morphology. The solutionizing treatment also worked in terms of relieving the residual stresses
present in the as-fabricated condition, as can be seen in the KAM map in Fig 6.9(b). The [011](
SADP, shown in the inset, and the corresponding dark-field TEM image clearly reveal the presence
of  precipitates even after the B-solutionizing heat-treatment (Fig 6.9(c)). These observations are
consistent with results reported in the literature on conventionally processed Ti-10-2-3 alloy
[179,209]. Following the B-solutionizing, tensile testing was carried out on these samples. Similar
to the case of the AF condition, three samples of the B-solutionized condition were tensile tested
and the engineering stress-strain plot showing the values closest to the average are shown in Fig
6.10(a).

In contrast to the AF sample, the B-soln sample exhibits an excellent combination of
strength, strain-hardenability, and ductility, especially for an AM processed B-Ti alloy. With YS

~500MPa and UTS ~1 GPa, the difference between UTS and YS is quite significant (~500 MPa),
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with a 6% tensile strain-to-failure. Fig 6.10(b) puts in context the high strain-hardening (difference

between UTS and YS) achieved in this alloy, compared to the other Ti alloys processed via AM.
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Figure 6.9: Starting microstructure of the B-solutionized sample, (a) EBSD IPF map, (b) KAM map,
(c¢) DFTEM image showing w-athermal and the SADP from where the DFTEM were captured.
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Figure 6.10: Engineering stress-strain curves of the p-soln conditions. Inset shows the true stress v
true strain curve along with the corresponding strain-hardening rates of the f-soln sample, (b) Ashby
plot comparing the strain hardening of the current alloy with other AM processed Ti-alloys, (¢) SEM
micrographs of the deformed surface showing SIM () across multiple length scales (d) XRD of the
two conditions before and after deformation. Additional peaks of a” were noted in the f-soln
condition post deformation.

As evident from this plot, the strain-hardening is more than double the nearest alloy. Ti-6Al-4V
which is the most commonly used alloy for AM, shows a maximum strain-hardening of ~175MPa,
compared to ~5S00MPa observed in the present case. The inset in Fig 6.10(a) shows the true stress
— true strain tensile curve, and the corresponding work-hardening rate has a value of ~15000 MPa.
While previous reports have talked about a high rate of work hardening in other B-Ti alloys [210],

the values reported here are higher in comparison. Interestingly, the work-hardening plot also
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exhibits clear humps as a function of true strain. These humps have been previously attributed to
the TRIP/TWIP effect in B-Ti alloys [177,211] and warrant further investigation. Preliminary SEM
imaging, Fig 6.10(c), of the deformed surface clearly shows the presence of stress-induced
martensite (SIM (a”)). It is interesting to note that the formation of a” occurs across multiple length
scales. Within the primary network of o plates, secondary a” plates are also seen, and these have
been highlighted in Fig 6.10 (c) [212-214]. Fig 6.10(d) shows the XRD of both conditions, before
and after deformation. Before deformation, both AF and B-soln conditions exhibited peaks from
only single B phase. Post deformation, while there were no additional peaks observed for the AF
sample, additional reflections, indicating the presence of the a” phase are evident in the B-soln
condition. The presence of additional peaks of a” (112), a” (022) and o (114) are marked in this
XRD pattern. In order to understand the high value of strain-hardening observed in this condition,
SEM-EBSD and TEM studies have been further carried out to investigate the deformation behavior
of the B-soln sample.

Fig 6.11 shows the EBSD analysis, post deformation, of the B-soln sample. Fig 6.11(a)
shows the schematic of the tensile sample and the locations selected for EBSD analysis. The IPF
and phase maps from these locations are shown in the series, Figs 6.11(b)-(e). A significant change
in the overall phase fraction of a” is observed in these different regions. This is possibly due to the
orientation of the grains and the consequently the Schmid factor. Similar observations have been
previously reported by Lilensten et al [215]. Multiple intersections of a” laths can be observed in
the IPF images (marked with arrows) and at these intersections, significant shear displacements
are visible, which are indicative of strain localization as discussed in previous reports [47]. Based
on these analyses, two regions were further investigated in further detail, coupling EBSD at higher

magnification and TEM analysis; (1) region which had 36% a” and (ii) region which has 93% a”.
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Figure 6.11: (a) schematic of the tensile sample post fracture, and corresponding EBSD maps ((b),
(¢), (d), (e)) from the different locations indicated on the schematic.

The EBSD IPF+IQ map and discrete pole figures in Figure 6.12 leads to more insights into
the deformation behavior. Area of interest 1, shown in Figure 6.12(a), shows the intersection of
two stress induced martensite laths. The discrete plots confirm the existence of the standard OR
between B and a”, i.e. {110} // (001)a [213]. It is also interesting to note that two distinct o”
laths also have the standard twin relation of {111}a” as can be seen in the discrete plot labeled 3.
Area of interest 2 shows the presence of twins inside the martensite lath. These are most probably
transformation twins formed during the formation of stress-induced martensite laths [211,216] also

share a {111}a” plane. These are generally labeled as type I twins [217].
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Figure 6.12: EBSD IPF+IQ maps of sample which had 37% a” showing two areas of interest and
their corresponding discrete plots identifying orientation relationships.

The regions of the retained parent § matrix in this area of the tensile sample, corresponding
to 36% of o’ and 64% of B (shown in Fig. 6.11(c)), have been further investigated via site-specific
TEM examination. An approximate area from where the FIB lift-out was extracted has been
indicated with a box in Figure 6.12 and the bright-field TEM image of this TEM sample is shown
in Fig 6.13(a). Two regions highlighted in this area have been further investigated and
corresponding magnified images are shown in Figs 6.13(b) (Region 1) and 6.13(e) (Region 2)
respectively. Region 1 shows the presence of a band, on which further conventional diffraction
and precession electron diffraction (PED) analysis was carried out. The PED data shown in Fig
6.13(d) shows the 1Q + IPF, and IQ + phase map. The phase map clearly indicates the presence of
the o’ phase within the B matrix. Even at this scale, multiple intersections of these o’ laths can be
noted. The diffraction patterns from the three different locations marked in Fig 6.13(d) are shown

below. These were obtained using the Acom software after the data collection via the Topspin 3.0
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software. As can be seen, the three diffraction patterns show the orientation relationship between
the B matrix and o” laths, i.e. [113]B || [112]a”. This was also confirmed by the conventional TEM
selected area diffraction pattern, shown in Fig 6.12(c), recorded along the [113]p ZA. The
additional spots in this diffraction pattern also confirm the presence of a”. The retained B regions,
highlighted by the orange box (Region 2), also exhibit interesting features, especially with respect
to the o precipitates. The shearing of these precipitates influences the deformation behavior and

mechanical properties of this B-soln sample, as compared to the as-fabricated sample.

Reégion 1

Figure 6.13: TEM analysis of the site-specific sample from region which had 37% ¢” in Fig 6.11.
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The discrete pole figures corresponding to the different a” variants and the adjacent P
matrix phase have been plotted in the figure. Similar to sample which had 36% a”, the two areas
of interest showed different variants of o’ laths as well as internal twinning within these martensite
laths. With respect to area of interest 1, the expected{001}a”//{011} orientation relationship
between the o variants and the adjacent  matrix is noted, while also showing twin relation along
{111}a” plane. With respect to area of interest 2, Figure 6.14(e) shows the pole figures for a thick
o’ lath and the internal twin present within this lath. These pole figures clearly establish that the

that internal twinning is of the {111} type [209,217].
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Figure 6.14: EBSD IPF+IQ maps of sample which had 93% a&” showing two areas of interest and
their corresponding discrete plots identifying orientation relationships.

TEM analysis was also carried out on a sample extracted from within the area of interest 2
as shown in Figure 6.14(a). As noted earlier, this region is closest to the fracture site, i.e., 93% a”.
This TEM sample (Fig 6.15(a)) predominantly comprised a single thick primary o lath, which

shows internal hierarchical features. Two specific regions have been highlighted in Figure 6.15(a).
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Fig 6.15(b) corresponding to highlighted region in red, exhibits an internal twin within the primary
o’ lath. Furthermore, within this primary twin, there are finer scale secondary twins as shown in
Figure 6.15(b). The corresponding selected area diffraction pattern from the lath, encompassing
the twins, is shown in Fig 6.15(c) and confirms the primary twin orientation with additional spots
corresponding to the internal secondary twinning. Interestingly, in the magnified view of the
highlighted region in green, shown in Fig 6.15(e), a small patch of the parent B-matrix along with
stress induced martensite laths was noted. The DFTEM images shown in Fig 6.15(¢e) and (f) are
taken from the spots highlighted in Fig 6.15(d). The high strain-hardening observed in the AM
fabricated plus B-soln Ti-10-2-3 alloy can be attributed to this hierarchical microstructure
containing stress-induced martensite laths of different size scales coupled with hierarchical internal

twinning within these a” laths [194,208].

* direction

Figure 6.15: TEM analysis of the site-specific sample from region which had 93% o” in Fig 6.6.
Hierarchical features including first and second generations twins formed within the stress induced
martensite lath can be seen.
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APT studies were also performed on the B-solutionized sample. The raw ion maps shown
in Fig 6.16 (a-c) do not exhibit any discernible pockets devoid or enriched in any of the solute
atoms. Additionally, frequency distribution analysis was performed on the raw data of the V ions
and compared to a theoretical binomial distribution (representing a random distribution). The
concentration of V was calculated in every 100 ion bins, and the V-rich section of the histogram
frequency vs. V concentration is plotted in Figure 6.16(d). Additionally, the binomial distribution
has also been shown in the same plot and both the distributions are almost identical. Therefore,
APT could not detect composition partitioning in the -solutionized condition. However, as shown
in Figure 6.8(c), this microstructure consists of a very high number density of fine scale ®
precipitates within the  matrix, and the APT results establish that these quenched-in precipitates

are athermal w precipitates which inherit the composition of the parent B matrix.
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Figure 6.16: APT of B-soln sample, raw ion maps of (a) Ti, (b) V, and (c¢) Al does not show any
partitioning, which is further corroborated by LBM plot (d)
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6.3.4.2 Comparison of the Microstructure and Mechanical Properties of SLM Processed and
SLM Processed + —Solutionized Ti-10-2-3

The experimental observations indicate a substantial difference between the deformation
behaviors of the AF and B-soln conditions of the SLM processed Ti-10-2-3 alloy, with exceptional
strain hardening resulting from stress-induced martensite formation or TRIP effect in case of the
latter condition. Possible reasons underlying this difference, based on previous reports in the
literature, include differences in the grain size and morphology [218-221], and the chemical
composition of the parent f matrix [60,125,174]. Previous reports on the Ti-10-2-3 and other
metastable -alloys, emphasize the effect of grain size on the triggering stress required for stress-
induced martensite formation. This triggering stress has been reported to initially decrease with an
increase in grain size, reaching a minimum value, and subsequently again increase with a further
increase in grain size [219]. Comparing the AF and B-soln conditions in the present case, while the
grain size increases from ~100 microns to ~350 microns, these grain sizes are too large to exhibit
any significant difference in the triggering stress for the TRIP effect. The chemical composition
of the B-phase is another important factor in determining the degree of metastability of the 3 phase
and consequently the deformation behavior of B-Ti alloys [174,206]. With an increase in the 8
phase stability, the deformation behavior changes from TRIP to TWIP, and finally to dislocation
slip. A previously reported investigation has shown that in case in a binary Ti-12Mo alloy, a change
in the chemical composition of the parent -matrix phase, due to Mo partitioning between the
matrix and isothermal o precipitates, leads to a change in the deformation behavior from
TRIP/TWIP to slip [174,180,222]. Similar observations were also made by Lai et al. in their work
on Ti-25Nb-0.7Ta—2Zr (at. %) alloy [206]. The SLM processed AF Ti-10-2-3 alloy, in the present
study, undergoes multiple heating-cooling cycles during AM processing, which could potentially

lead to a change in the chemical composition of the B matrix due to partitioning of alloying
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elements between § and o, thus causing the sample to deform via slip, and not via TRIP/TWIP.

The APT results indicate that while the B phase in case of the AF sample contains ~12at%
V, after B-solutionizing the alloy contains ~9.3at% V. While this is a measurable difference in the
chemical composition of the B-matrix, it is not sufficiently large to be solely responsible for
changing the deformation behavior, unlike the previous report on the Ti-12Mo alloy [174].
Therefore, the role of the ® precipitates on the deformation behavior and mechanical properties
needs to be considered. Based on the APT results (AF and B-soln), while the isothermal ®
precipitates contain ~4at% V in case of the AF condition, the athermal ® precipitates contain
~9.3at% V in case of the B-soln condition.

There has been a substantial amount of discussion in the literature on the role of ® phase
precipitates on the plasticity, deformation behavior, and tensile properties of titanium alloys. It has
been well-established in many previous reports that athermal or quenched-in o precipitates, which
inherit the composition of the parent  matrix, are typically not detrimental to plastic behavior.
Therefore, titanium alloys with such athermal o precipitates are often quite ductile and exhibit
good strain-hardenability [180,182,222]. Contrastingly, it has been reported that in cases where
there is a compositional partitioning between the B and ® phases, referred to as isothermal ®
precipitates, there is often an increase in yield strength, accompanied by a severe loss of ductility
[174,206,223,224]. Despite these previously reported experimental observations, the underlying
mechanism leading to such increase in yield strength, but accompanied with loss of ductility, is
not well understood. Lai et al in a recent study on Ti-Nb-Zr-Ta alloys, indicates the role of Nb
content on the shear modulus of ® precipitates, and subsequently the deformation behavior of the
alloy [206]. We noticed a similar effect in the current system, wherein the densely distributed ®

particles in the AF condition act as barriers for the transformation induced plasticity effect by
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suppressing the martensite formation. A combination of that and the formation of the o precipitates
and some fine scale a precipitates due to the multiple reheating cycles, leads to an enrichment of

the B-stabilizers in the parent B-matrix, subsequently causing the sample to deform via slip.

6.3.5 Influence of Laser Additive Processing on the Microstructure and Mechanical Properties
of Ti-10-2-3 Alloy

The results presented in sections 6.3.2 and 6.3.3 indicate that the microstructure and
mechanical properties of the LENS (DED) and SLM (PBF) processed Ti-10-2-3 are noticeably
different. The LENS processed Ti-10-2-3 exhibited dual-phase (B+a) microstructure with fine-
scale a precipitates homogeneously distributed within the p—matrix (Fig. 6.4). In contrast, the
SLM processed Ti-10-2-3 showed dual-phase (B+®) microstructures with ultrafine-scale hard
isothermal-w precipitates uniformly formed within the B-matrix (Fig. 6.7). Consequently, the
uniaxial-tensile properties of these two differently processed alloys were also different. The LENS
processed alloy shows remarkably higher YS and ductility than the SLM processed counterpart.
However, both of these alloys show significantly lower strain hardening values, similar to
conventionally processed, As-received (AR) Ti-10-2-3 alloy. Thus, neither additively
manufactured alloys exhibited any signs of TRIP/TWIP under uniaxial tensile deformation.
Although both LENS and SLM processes fall under the laser-based additive manufacturing
category, they are fundamentally different. The former utilizes a dynamic powder-fed (via inert
gas) system, while the latter uses a static powder-bed system to fabricate the alloys. Therefore, the
radically different microstructures between LENS and SLM processed alloys could be mainly due
to inherently different thermo-kinetics associated with the respective process.

Figure 6.17 summarizes the mechanical properties of various conditions investigated as a

part of the current work. The Y'S and ductility are shown in the X and Y axes, respectively. At the

97



same time, the strain hardening values (difference between UTS and YS) are represented by the

numbers listed (near the respective data points) in the plot.

1300
1 .91]
1200 +
| LENS processed
{As-fabricated)
1100
1 J
= .
= 1000 e
= 4
F‘ED 900 - 0 ['{.rn'.'f.nriunuf{v_prm'r.\'ﬁ d
= ] - fAs -received)
¢ 800 JSLM processed
‘EFJ. |(As-fabricated)
=
S 700
- 4
600 -
500
' . 220
SO0 SLM processed _ _ m
| (As-fabricated + ﬁ' —solutionized) Conventionally processed
{As-received + J —solutionized)
4["] I ' I ! I i I i I B I T |
0 5 10 15 20 25 30 35

Ductility (%)

Figure 6.17: Summary of mechanical properties for Ti-10-2-3 fabricated via various manufacturing
techniques
6.4 Conclusions

Summarizing, this chapter investigates the microstructure and mechanical properties of a
commercial B-Ti alloy, Ti-10V-2Fe-3Al (wt. %), processed via two different additive
manufacturing routes, SLM and LENS. In addition, the conventionally processed alloy is also
investigated to compare and contrast with the additively manufactured Ti-10-2-3. The
conventionally processed Ti-10-2-3 in the as-received state showed dual-phase (o+f)
microstructures with two different kinds of o precipitates, i.e., coarser ones with equiaxed

morphology and finer ones with lath-like morphology. The LENS processed alloy showed similar
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microstructures but with only a single kind of lath-like a precipitates which are substantially more
refined than the as-received alloy. Unlike the other two conditions, the SLM processed Ti-10-2-3
exhibits an entirely different microstructure: a dual-phase (B+ isothermal ®») microstructure.
Among the three conditions, the LENS processed showed the highest YS of ~ 1220 MPa,
followed by conventional (~960 MPa) and SLM (~850 MPa). While the LENS and conventionally
processed alloys showed reasonable tensile ductility, the SLM processed alloy showed virtually
no ductility. Interestingly, after the SLM processed alloy was subjected to a B-solutionizing
treatment, it exhibited substantial recovery of tensile ductility coupled with very high strain
hardening (tensile strength minus yield strength ~500MPa) and a significantly high strain
hardening rate ~15000. The extraordinarily high strain hardening rate in SLM processed + [-
solutionized Ti-10-2-3 alloy can be attributed to relatively thick stress-induced martensitic o”
laths/plates, exhibiting a hierarchical internally twinned microstructure, comprising multiple
generations of deformation-induced twins. The recovery of the TRIP effect in this alloy after the
B-solutionizing treatment can be attributed to the reversal from hard non-shearable isothermal ®
precipitates in the as SLM processed condition, to softer shearable athermal o precipitates in the
B-solutionized state. Exploiting the TRIP effect in AM processed Ti alloys via process parameter
optimization can substantially increase tensile strength and uniform ductility in this critical class

of lightweight, high-strength engineering alloys.
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CHAPTER 7
CONCLUSIONS AND FUTURE WORK

7.1 Conclusions

The growth of columnar grains and development <001>f texture along the build direction
during fabrication is one of the significant challenges associated with the Additive Manufacturing
of Ti alloys. One of the key objectives of this work is to understand this challenge associated with
additive manufacturing. Nine different metastable f Ti-alloys were fabricated using Laser
Engineered Net Shaping (LENS) process to understand the influence of various alloying elements
on the evolution of columnar grains with <001> texture. The microstructural aspects such as grain
morphology and texture in the build direction were investigated for all nine alloys. Ti-20V, Ti-

12Mo, Ti-18 exhibited long columnar grains with significant <001>f texture in the build direction.

TNZT and B-218S revealed mixed columnar-equiaxed grains with moderate <001>f texture. While
Ti-18-0.5B, Ti-18-0.5C, Ti-18-0.5S1, and Ti-185 exhibited equiaxed grains with randomized
texture along the build direction. The following analytical models based on the fundamentals of
the solidification process were investigated to rationalize the experimental observations:

1. Growth restriction factor (GRF) Model: (a) Schmid and Fetzer’s approach (reliable)
and (b) Desnain’s approach (rudimentary but extensively used)

2. Solidification Range aspect from the theory of homogenous nucleation (AT = liquidus
temp. —solidus temp.)

The first approach investigated, i.e., the GRF model, was initially developed for
conventional casting methods, and significant efforts have been focused on extending the concept
of GRF to AM. The GRF model fails to interpret the grain growth behavior in the alloys considered
in the present study. Alternatively, the second approach based on the solidification range of the

alloys has been proposed for the first time to rationalize the observations. The larger solidification
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ranges coupled with rapid cooling rates involved in the LENS process allow the alloy melt to attain
higher levels of undercooling before the onset of nucleation (primary nucleation events, at fs=0),
which increases the tendency to form an equiaxed microstructure with randomly textured grains.
The secondary objective of the work is to understand the microstructural evolution and
microstructure-mechanical property relationships in additively manufactured commercial B-Ti
alloys, Ti-1-8-5, and Ti-10-2-3. These alloys are used for high-strength applications in the
aerospace industry, such as landing gears and fasteners. They contain eutectoid elements (Fe) and
are prone to beta flecking, making them challenging to fabricate via conventional manufacturing
techniques. The current LENS and SLM processing results show that locally higher solidification
rates in AM can prevent the problem of beta flecking and potentially produce B titanium alloys
with significantly enhanced mechanical properties over conventionally cast/forged counterparts.
Detailed microstructural characterization was performed in each alloy to understand the
microstructural evolution and their attendant impact on the deformation behavior. The influence
of process parameters on the nature of second phase precipitation within the B matrix grains for
Ti-1-8-5 alloy, a or m, has also been rationalized using a multi-physics thermo-kinetic model that
predicts the multiple heating-cooling cycles experienced by the layers during the LENS deposition.
Overall, the results indicate that Ti-1-8-5 and Ti-10-2-3 are promising -Ti alloys for AM
processing. Further, the results demonstrate the ability to tune the microstructure (secondary phase
precipitation and grain size) via changes in the process parameters to achieve desirable mechanical

properties, obviating the need for any secondary post-processing.

7.2 Future Work
The phase fraction of o phase in the LENS fabricated Ti-10-2-3 alloy was estimated to be

~59% in the 400 W condition and ~38% in the 500 W condition. Also, the size scale of the o
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precipitates in the 500 W condition appeared to be substantially more refined than the 400 W

condition. The future work relevant to this study is as follows:
1. Rationalizing the discrepancy in the phase fraction and size of the a precipitates
between the two conditions (400 and 500 W) by simulating the multiple heating-

cooling cycles experienced by the layers during the LENS deposition using the same
COMSOL multi-physics thermo-kinetic model used for Ti-1-8-5.

2. Investigating the deformed microstructures of these conditions using TEM to
understand the effect of size scale and phase fraction of the a precipitates on the
observed mechanical properties.

Also, the results presented in chapter 4 explain the role of alloying elements on the
evolution of columnar and equiaxed grains during the additive processing of beta titanium alloys.
Coupling this understanding with the concept of beta phase stability prediction via parameters like
bond order (Bo), the energy level of metal d-orbital (Md), Mo equivalency, etc., to design a novel
beta titanium alloy with the desired microstructures for structural applications will be an interesting

future study.
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APPENDIX A

SUPPLEMENTARY FIGURE FOR CHAPTER 5
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Diffraction patterns showing orientation relationship between (a) Beta matrix and Omega phase,
[110]4/|[2110],, and (b) Beta matrix and alpha phase, [101]|[[0001],

104



APPENDIX B

SUPPLEMENTARY FIGURE FOR CHAPTER 6
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LENS processed Ti-10V-2Fe-3Al- After ImageJ™ processing

3
5
2

ImageJ™

processed SEM images highlighting the alpha precipitates in red, obtained from 500 W
and 400 W conditions of the LENS fabricated Ti-10-2-3 alloy
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