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RECENT ADVANCES IN ORDERED INTERMETALLICS

C. T. LIU _ _o_

 eram cs a ora oy,

This paper briefly summarizes recent advances in intermetallic research and development.
Ordered intermetallics based on aluminides and silicides possess attractive properties for
structural applications at elevated temperatures in hostile environments; however, brittle fracture
and poor fracture resistance limit their use as engineering materials in many cases. In recent
years, considerable efforts have been devoted to the study of the brittle fracture behavior of
intermetallic alloys; as a result, both intrinsic and extrinsic factors governing brittle fracture have
been identified. Recent advances in first-principles calculations and atomistic simulations further
help us in understanding atomic bonding, dislocation configuration, and alloying effects in

"intermetallics. The basic understanding has led to the development of nickel, iron, and titanium
aluminide alloys with improved mechanical and metallurgical properties for structural use.
Industrial interest in ductile intemaetallic alloys is high, and several examples of industrial
involvement are mentioned.

INTRODUCTION

Ordered intermetallics based on aluminides and silicides constitute a unique class of metallic
materials for structural use at elevated temperatures in hostile environments. Their promising
properties include excellent elevated-temperature strength, resistance to oxidation and corrosion,
and relatively low density and high melting point [1-12]. However, most intermetallics exhibit
brittle fracture and low ductility at anabient temperatures, and poor fracture resistance and limited
fabricability restrict their use as engineering materials in many cases. The recent search for new
high-temperature materials has stimulated a great deal of interest in development of ordered
intermetallics for structural use. The progress made during the past 10 years has been recorded in
several proceedings and books:

1. High-Temperature Ordered Intermetallic Alloys I. II. II. and IV, cd. Koch et al., 1985;
Stoloff et al., 1987; Liu et al., 1989; and Johnson et al., 1991; respectively [1-4];

2. High TemperatureAluminides and Intermetallics, cd. Whang et al., 1990 and 1992 [5,6];
3. IntermetallicCompounds m Structureand Mechanical Properties, cd. Izumi, 1991 [7];
4. Ordered Intermetallics--Physical Metallur_ and Mechanical Behavior, cd. Liu et al., 1992

[8];
5. Microstructure/Property Relationships in Titanium Aluminides and Alloys, cd. Kim and

Boyer, 1991 [9];
6. The Deformation Behavior of Intermetallic SuDerlattice Compounds, Yamaguchi and

Umakoshi, 1990 [10];
7. OrderedIntermetallics, Liu et al., 1990 [11]; and
8. Ordered Alloys, cd. Stoloff, 1984 [12].

At present, there is world-wide interest in ordered intermetallics; as a result, many new
results have been generated each year. Because of page limitation, a systematic review of the
recent progress on ordered intermetallics is not feasible in this brief paper. Consequently, this
paper will include only some highlights of the recent progress made in understanding brittle
fracture behavior and improving the mechanical properties of intermetallic alloys at ambient and
elevated temperatures. Readers are urged to go over the invited papers in this MRS proceedings
[13], which provide comprehensive reviews of recent progress m different alloy systems and
property areas. A number of intermetallic systems have been developed to the stage where they
are ready for engineering use, and examples of industrial interest and potential use of these

intermetallics are also briefly mentioned in this paper. [_,.,_,,__,:",P!}_(_,_ _
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IRON ALUMINIDES AND ENVIRONMENTAL EFFECTS

Iron aluminides based on Fe3A1 (D03) and FeA1 (B2) have excellent oxidation and
corrosion resistance because they are capable of forming protective oxide scales at elevated
temperatures in hostile environments [14]. In addition, these aluminides offer low material cost,
low density, and conservation of strategic elements (such as chromium). The major drawbacks
of the aluminides are their poor ductility and fracture resistance at ambient temperatures and their
poor strength and creep resistance at temperatures above 600"C. The aluminides were known to
be brittle at room temperature for more than 40 years; however, the major cause of their
brittleness was not identified until recently [15].

Recent studies have shown that Fe3A1 and FeA1 aluminides are intrinsically quite ductile
and that the poor ductility commonly observed in air tests is caused mainly by an extrinsic
effect-environmental embrittlement [15,16]. The effect of test environment on tensile properties
is shown in Fig. 1 for FeAI containing 36.5 at. % Al. The yield strength is insensitive to
environment, and the ultimate tensile strength correlates v'ith the tensile elongation, which

'depends strongly on test environment. The aluminide had ductilities of 2% in air, 6% in vacuum,
and 17.6% in dry oxygen. The water-vapor test confirmed the low ductility found in the air tests,
indicating that moisture in air is the embrittling agent. The increase in ductility from 2 to 18% is
accompanied by a change in fracture mode from transgranular cleavage in air to mainly grain-
boundary separation in dry oxygen. This observation suggests that cleavage planes in FeAI are
more susceptible to embrittlement than are the grain boundaries.

Environmental embrittlement has been explained by the following chemical reaction:

2Al + 3H20 _ A120 3 + 6H. (1)

The reaction of moisture in air with aluminum atoms at crack tips results in the generation of
high-fugacity atomic hydrogen that rapidly penetrates into crack tips and causes severe
embrittlement. The fact that the yield strength is insensitive to ductility and test environment is
consistent with the mechanisms of hydrogen embrittlement observed in other ordered intermetallic
,alloys [17-25]. The highest ductility is generally obtained in dry oxygen environment (rather than
in vacuum) because oxygen reacts with the aluminum to form aluminum oxide directly [26],
thereby suppressing the moisture/aluminum reaction and the generation of atomic hydrogen in
Eq. 1'

2xM + yO 2 _ 2MxOy. (2)
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Fig. 1. Effect of test environment on the room-temperature ductility and fracture behavior of
FeA1 (36.5 at. % Al) [111.



lt should be noted that tile nlaximurn degree of moisture-induced hydrogen embrittlement occurs
around ambient temtx:ratures 127]. At higher temperatures less hydrogen is concentrated at crack
tips, and in situ protective oxide films can form more readily on specimen surfaces, while at
lower temperatures the aluminum-moisture reaction is slowed, and the equilibrium moisture
content in air also is lowered.

The environmeptal sensitivity of FeA1 is markedly reduced when the aluminum
concentration is higher than 38 at. % [28-30]. For Fe-43 at. % Al, the ductility is ahnost nii in air
as well as in dry oxygen; ali specimens fail intergranula_rly. The lack of an environmental effect is
explained by the fact that grain boundaries in FeA1 alloys with Al > 38% ,are intrinsically brittle.
Therefore, environmental embrittlement and intrinsic grain-boundary brittleness must both be
recognized in order to establish strategies for reducing overall brittleness, lt has been
demonstrated that the intrinsic grain-boundary brittleness in FeAI, as well as other intermetallics,
can be alleviated by microalloying with boron [28,29], which tends to segregate to the boundaries
and enhance their cohesive strength.

Similar air embrittlement has been observed in Fe3AI alloys [16,31-34]. The moisture-
..induced hydrogen affects not only tensile properties, but also the fatigue and crack growth
behaviors [33]. Under cyclic loading conditions, vacuutn or oxygen environments raise the
fatigue threshold and reduce crack growth rates at ambient temperatures (Fig. 2).

The understanding of the cause of brittleness in FeAI and Fe3A1 has led to new directions in
the design of ductile iron-aluminide alloys. The schemes used to improve the ductility of the iron
a_luminides include [14,35,36]'

(1) formation of protective oxide scales on surfaces by alloying with chromiurn and/or
preoxidizing in air,

(2) refinement of grain structure by themaomechanical treatment;
(3) refinmnent of grain structure by second-phase particles, such as formation of zirconium

borides and carbide by alloying with Zr, B, and C;
(4) enhancement of grain-boundary cohesion by microalloying with boron; and
(5) reducing hydrogen solubility and diffusivity by alloying additions (possibly boron).

Figure 3 compares the tensile curve of binary Fe3A1 with ductile Fe3AI (28 at. % Al) alloys
developed by both themlomechanical treatment and alloying additions [14]. The ductile Fe3AI
alloys showed a high ductility of 16% when tested in air at room temperature. The strength of
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Fig. 2. Effect of test environment on fatigue-crack-growth
rate (daJdN) of a D03-Fe3AI alloy (FA-129:Fe-
28Al-5.0Cr-0.5Nb-0.2C, at. %) tested at room
temperature [33].
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Fig. 3. Comparison of the stress-strain curve of binary
Fe3AI (28 at. % Al) with ductile Fe3AI alloys
developed by thermomechanical treatment and
alloying additions [14]. Ali specimens were tested
at room temperature in air.

The grain boundary in binary .'qi3A1 was considered to be intrinsically brittle mainly
because no appreciable impurities at grain boundaries had been detected by Auger analyses
[38-40]. In 1991, Liu et al. [41,42] had made a first attempt to link brittle intergranular fracture
with environmental embrittlement in binary Ni3Si and Ni3AI. Table 1 shows the tensile
properties of recrystallized polycrystalline Ni3A1 alloys produced by repeated cold forging and
1000°C annealing. The aluminides containing 23.5 to 24% Al showed only 2.5 to 2.6%
elongation in air but 7.2 to 8.2% in dry oxygen, an increase in ductility by a factor of-3. These
results clearly demonstrate that binary Ni3A1 alloys are prone to environmental embrittlement at
room temperature. Thus, the extrinsic factor---environmental embrittlement--is a major cause of
low ductility and brittle intergranular fracture in binary Ni3AI [41].

The environmental embrittlement is apparently not the sole source of grain-boundary
brittleness in Ni3AI, because the elimination of the environmental effect by testing in dry oxygen
does not lead to extensive ductility (e.g. > 30%) and suppression of intergranular fracture in
Ni3AI. Another factor governing the brittle intergranular fracture is the poor grain-boundary
cohesion due to high ordering energy and the large difference in electronegativity and valence
electron between nickel and aluminum atoms [43-47]. Atomistic simulation calculations suggest

that the high ordering energy in Ni3A1 red,uces atomic relaxation in the grain-boundary region and
causes a formation of columnar cavities, which serve as suitable sites for nucleation and growth
of intergranular cracks [48-51 ]. This is illustrated in Fig. 4, where the calculated structure of the
Y-= 29 (520)/[001] symmetrical tilt boundaries in weakly ordered Cu3Au is compared with that in
strongly ordered Ni3AI. The formation of the cavities is visible along the grain boundary in
Ni3AI.

lt is difficult to assess the relative importance of the two causes of brittle grain-boundary
fracture in Ni3AI. Takasugi et al. [20] first reported the environmental effect on ductility
reduction in beryllium-doped Ni3AI, but not in binary Ni3A1 (24% Al). The Ni3AI alloy doped

. with 1 at. % Be showed a tensile ductility of 5% in vacuum but 1% in air. On the other hand, no
environmental effect was detected in cast binary Ni3A1, which exhibited very limited plastic
deformation at room temperature. Manganese at a level of 15 at. % was added for enhancement
of the grain-boundary cohesion in Ni3AI [53]. Masahashi et al. [53] found that the tensile
ductility of Ni3(AI,Mn) is highly susceptible to environmental embrittlement at room temperature
at different strain rates. Note that the environment effect was thought previously to be associated
with the ternary alloying additions added to Ni3AI (rather than in connection with binary Ni3AI)
und the recent finding of a clear environmental effect in fabricated and recrystallized Ni3AI and
Ni3Si [41,42].

_



Table I. Effect of test environment on room-temperature tensile properties of binary Ni3AI
(Ni-23.5% Al) and Zr-doped Ni3AI (Ni-22.65%-0.26% Zr)

Ultimate tensile
Test environment Tensile ductility Yield strength strength

(%) (MPa) (MPa)

Ni-23.5% Ai [41]

Air 2.5 193 230
Oxygen 8.2 194 351

Ni-22.65% AI-0.26% Zr [54]

Water 8.7 322 528
Air 13.2 324 661

Oxygen 50.6 326 1451

_a_ _)

Fig. 4. Calculated structures of the I2 = 29 (520)/[001] symmetrical tilt boundaries in:
(a) Cu3Au and (b) Ni3AI projected onto the (001) plane. In these figures atoms are
depicted as shaded circles of two different sizes. The larger circles correspond to Au or
Al and smaller circles to Cu or Ni, respectively. The shading distinguishes two
different (002) layers in the [001] period [50].

More recently, George et al. [54] have studied the environmental effect in a carefully
prepared Ni3AI alloy with the composition of Ni-22.65% AI-0.26% Zr, where zirconium was
added to enhance the grain-boundary properties. In this case, the polycrystaUine material was
prepared from recrystallization of cold-worked single crystals. As shown in Table 1, the
polycrystalline specimens exhibited a room-temperature tensile ductility of 8.7 in water,
13.2% in air, and 50.6% in oxygen. These results demonstrate that, by adding zirconium to
eliminate the intrinsic source of grain-boundary brittleness, the Ni3AI alloy becomes very
sensitive to test environment. The ductility increases from 8.7 to 50.6% by testing the alloy in a
dry environment. Moisture-induced hydrogen environment has been observed in many other L12
intermetallics, including Ni3Si [42], Ni3(Si,Ti) [55], Co3Ti [52], and (Fe,Co)3V [56,57] alloys.

Boron has been found to be most effective in improving the tensile ductility of Ni3AI
(<25% Al) tested in air at room temperature [38,58]. In view of the recent finding of
environmental embrittlement, the ductilizing effect of boron was reassessed by testing boron-
doped Ni3AI (24% Al) in various environments. As shown in Table 2 [59], ali specimens,
including the one tested in water, are ductile with tensile elongation more than 35% and fracture
in a transgranular mode. These results indicate :hat boron-doped Ni3A1 is not sensitive to test
environment at room temperature, consistent with the early data reported by Takasugi ct al. [20].
Thus, boron is effective in eliminating environmental embrittlement in Ni3AI. Since boron and
hydrogen both occupy interstitial sites, it is reasonable to assume t_hatthe strong segregation of



Table II. Effect of test environment on room-temperature tensile properties of B-doped
Ni3AI(24% Al)[59]

Test Elongation Strength (MPa)
environment (%)

Yield Ultimate

Oxygen 42.8 289 1315
Air 39.3 280 1241
Water 36.8 288 1120

boron to Ni3A1 grain boundaries would block the diffusion of hydrogen along the boundaries and
-thus alleviate hydrogen embrittlement. Boron-free Ni3AI (24% Al) showed a ductility of only
7.2% in dry oxygen while boron-doped Ni3A1 exhibited 50.6%. This comparison suggests that
boron segregation also enhances the grain-boundary cohesion in Ni3AI.

The Ni3AI phase is capable of dissolving substantial alloying additions that strongly affect
the mechanical and metallurgical properties of Ni3AI. Recent alloy design efforts have led to the
development of Ni3Al-base alloys with the following composition range for structural use at
elevated temperatures in hostile environments [60-62]:

Ni-14 to 18A1-6 to 9Cr-1 to 4Mo-0.01 to 1.5Zr/Hf-0.01 to 0.20B (at. %) (3)

lr,, these aluminide alloys, chromium at a level of 6 to 9% is added for reducing environmental
embrittlement in oxidizing environments at elevated temperatures. Zirconium and hafnium
additions are most effective in improving the high-temperature strength via solid-solution
hardening effects. Molybdenum additions are added for improving strength at ambient and
elevated temperatures. Microalloying with boron reduces moisture-induced hydrogen
embrittlement and enhances grain-boundary cohesive strength, resulting in sharply increased
ductility at ambient temperatures. In some cases, moderate amounts (<20%) of cobalt and iron
are added to replace Ni, and AI and Ni, respectively, in order to further improve hardness and
corrosion resistance [63,64]. The alloys with optimum properties usually contain 5 to 15 vol %
of the disordered _' phase, which has the beneficial effect of reducing environmental
embrittlement in oxidizing atmospheres and improving creep properties at elevated temperatures.

Cast aluminide alloys usually possess a coarse grain structure which lowers the yield
strength at ambient temperatures. The strength can be effectively increased by alloying with
molybdenum via solid-solution hardening. The aluminide alloys prepared by investment casting
possess good mechanical properties. The strength of a cast Ni3AI alloy (IC-221M: Ni-15.9AI-
8.0Cr-0.8Mo-I.0Zr-0.03B, at. %) is comparable to the superalloy IN-713C at room temperature
but is much higher at higher temperatures (e.g., 1000"C). The high-cycle fatigue life of IC-221M
is longer than that of IN-713C by more than two orders of magnitude at 650"C in air [65]. The
cast aluminide alloys usually have a tensile elongation of 10 to 30% at room and elevated
temperatures.

Limited effort has been devoted to the development of single crystals and directionally

solidified Ni3AI alloys. Han et al. [66] have recently developed a strong Ni33,,Al-basealloy
prepared by directional solidification (DS). The alloy (density = 7.91 g/cm ) has a simple
composition of Ni-16.3AI-8.2Mo-0.2B (at. %), with molybdenum as the major solid-solution
strengthener, lt has a yield strength of 990 MPa at 700"C, 600 MPa at 1000"C, and 520 MPa at
1050°C, ali of which appear to be higher than those of existing nickel-base superalloys in single-
crystal or DS forms. Table 3 shows that the Ni3AI alloy is better than PWA 1422 in creep
resistance at high temperatures, particularly above 1000"C. The excellent mechanical properties
of the Ni3AI alloy are attributed mainly to solid-solution hardening by molybdenum and second-
phase strengthening by 15 to 20% _, phase (with a lattice misfit of 1.24% between _ and ?
phases). Tl',is result has demonstrated the possibility of the development of promising Ni3AI-
base alloys for structural applications above 1000"C. Additional development work is certainly
needed for further optimizing the alloy composition and properties.



Table III. Comparison of creep properties of an advanced DS Ni3AI alloy (Ni-16.3AI-8.24Mo-
, 0.26B, at. %) with a strong commercial alloy PWA 1422 (Ni-11.23A1-11.89Cr-4.93Co-3.95Ta-

1.76Ti-l.29W, at.%) (data from [66])

Creep condition Rupture life (h)

Temperature Stress Ni3A1alloy PWA 1422
(*C) (MPa)

760 765 190 100
1040 137 170 100
1100 88 254 43

NiAi AND MINOR ALLOY ADDITIONS

Nickel aluminide containing more than about 41 at. % Al starts to form a single-phase
ordered B2 structure based on the body-centered cubic (bcc) lattice. In terms of thermophysical
properties, B2 NiA1 offers more potential for high-temperature applications than L12 Ni3AI
[67-70]. It has a higher melting point (1638"C), a substantially lower density (5.86 g/cmZ), a
higher Young's modulus (294 GPa), and a distincdy higher thermal conductivity (76 W/m-K) at
ambient temperatures. In addition, NiA1 has excellent oxidation resistance at high temperatures.
In the 1950s and 1960s, NiAI alloys were employed as coating material for hot components in
corrosive environments. The oxidation resistance of NiAI can be further improved by alloying
with yttrium and other refractory elements such as zirconium and hafnium [71,72].

The structural use of NiA1 suffers from two major drawbacks: poor fracture resistance at
ambient temperatures and low strength and creep resistance at elevated temperatures. Single
crystals of NiA1 are quite ductile in compression, but both single-crystal and polycrystalline NiAI
appear to be brittle in tension at ambient temperatures. The nickel aluminide exhibits mainly
<100> slip, rather than <111> slip as commonly observed for bcc materials [73-75]. The
insufficient deformation modes, poor cleavage resistance, and brittle grain-boundary fracture [76]
are ali considered to be the major causes of low tensile ductility in NiAI. The aluminide shows a
sharp increase in ductility above 400"C and becomes very ductile above 500"C at conventional
strain rates [77,78]. In general, hot fabrication of NiAI at elevated temperatures presents no
major problems. The brittle grain-boundary fracture in polycrystaUine NiAI can be readily
suppressed by microaUoying with boron; however, the suppression of intergranular fracture does
not lead to increase in ductility as found by George and Liu recently [76].

Because of the excellent high-temperature capability of Ni.Al, considerable effort has been
devoted to understanding brittle fracture and improving mechanical properties of NLAIduring the
past years. A striking result was reported recently by Darolia et al. [69,79], who observed that
the tensile ductility of <110> single-crystal NiAI can be substantially increased by alloying with
less than 1% of alloying additions. As shown in Fig. 5, the room-temperature tensile ductility of
<110> NiA1 (a soft orientation) is increased from 1% to as high as 6% by adding about 0.2 at. %
Fe. The ductility decreases sharply when the iron content is more than 0.4%. A similar effect,
but smaller in scale, is observed for molybdenum and gallium. The ductilizing effect of iron and
molybdenum is not detected in polycrystalline NiAI [80], possibly because of strain
incompatibility at grain boundaries in association with the deformation of NiAI polycrystals.
However, molybdenum-modified NiAI with a wrought microstructure showed a room-
temperature ductility higher than that of unalloyed NiAI [80].

Hack, Brzeski, and Darolia [81] have recently reported some interesting results that
contribute to our basic understanding of deformation and fracture in single-crystal NiAI. Their
study indicates that the fracture resistance of <110> crystals can be dramatically improved by
controlled heat treatments. The NiA1 crystals furnace-cooled from a homogenization treatment at
1300"C exhibited a tensile elongation of 1% and a fracture toughness of 2.4 MPa m 1/2 at room
temperature. Surprisingly, the room-temperature ductility increas_ to 7% and the toughness
went up to 16.7 MPa ml/z when NiAI crystals were reheated to 400 C followed by air cooling.
The beneficial effect of the 400"C heat treatrt_ent disappeared as the specimens were cooled down
slowly inside a furnace. Hack et al. [81] attribute the low ductility and poor toughness of
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"Fig. 5. Significant improvement in room-temperature tensile
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gallium and molybdenum [69].

toughness at room temperature, and their poor fracture resistance is mainly caused by an extrinsic
effect--strain-aging embrittlement by interstitial impurities [82]. Based on this embrittling
mechanism, it is expected that the fracture resistance of NiAI crystals can be effectively improved
by either reducing the interstitial content or scavenging interstitials by certain alloying additions.
Certainly, further research should be directed to this area.

Because of strong affinity between nickel and aluminIum atoms, NiAI can dissolve only
limited amounts of solutes, with a solubility limit typically less than a couple of percents. A
number of investigators have found that NiAI in single-crystal or polycrystal forms can be
effectively hardened by adding <1% solutes. Recently, Noebe, Bowman, and Nathal [70] have
compiled the solute-solution hardening data, which are shown as a function of solute radii in
Fig. 6. The interstitial elements [76] boron and carbon and the substitutional elements [70,83]
yttrium, zirconium, molybdenum, and lanthanum ali have a hardening rate (Aoy/Ac) > 1500 MPa
per solute atom percent. For instance, alloying with 1% Zr increases the yield strength (Oy) of
NiAI by 400 MPa (58 ksi). Note that, because of the extremely low solubility limit of cei'tain
elements, the hardening effect detected in many NiAI alloys actually comes from precipitation of
fine second-phase particles, as shown by atom-probe imaging [84] and other microstructural
analysis [70,80,83].
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ooool_"i;'""k'q _' -_l" I'"b't""_*"*'] achieving high strength and creep

5ooo e I : resistance in NiAI alloys by
--,_ L_ . z, controlling crystal orientation and
"d : j alloying additions [80,85]. The

,ooo " '_ remaining problem for structural
o. . use of NiAI alloys is their poor
"" _ooo _ impact resistance at ambient and

[ elevated temperatures. NiAI
"_"1'_ e" , _. _o t alloys typically show a fracture\ ' toughness of 4 to 6 MPa m 1/2 at/2000

c , room temperature [70,81,86].

'__<____. They generally have extensive

,o0o : _' tensile ductilities above 600"C at
conventional strain rates;

0 -. , . • ' • ' • however, their impact resistance
ooo oo_ o_o o_s o2o o2s remains poor at elevated

0oldschmidt Rodil (nrn) temperatures. The poor fracture
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resistance is possibly related to the fact that ali thermally activated deformation processes
operating at elevated temperatures are suppressed by high strain-rate deformation [70,87,88],
such as impact testing.

7 TITANIUM ALUMINIDES AND MICROSTRUCTURAL CONTROL

Titanium aluminides based on D022-TiA13, _,-TiAI, and ot2-Ti3AI possess some unique
properties for structural applications, particularly for aerospace and aeronautic industries
[9,11,89]. 'Fhis is due to their sufficiently low material density and high retention of strength and
creep resistance at elevated temperatures. TiA13-base trialuminide alloys with the L12 crystal
structure are of current interest; however, these alloys remain brittle in tension at ambient
temperatures [90,91]. The poor fracture resistance simply keeps these alloys outside the realm of
engineering materials, and there is no indication of breakthroughs in this area at present. Ti3AI-
base alloys (such as Ti-24Al-11Nb and Ti-24Al-10Nb-3V-1 Mo) and composites, on the other
hand, suffer mainly from structural instability and cracking problems when exposed to hostile
environments under cyclic loads [9,92,93]. Currently, most efforts on titanium aluminides have
been focused on _,-TiA1alloys which commonly contain up to 20% of the 0_2-Ti3Al phase. The
-'),-base alloys are superior to ot2-base alloys because of their higher elevated-temperature
strength, better oxidation resistance, and relatively lower material density.

First-principles total-energy quantum mechanical calculations have been advanced to the
stage that they are able to help us in understanding the fundamental deformation behavior, in
addition to the prediction of phase stability, of order intermetallics [8,94]. Recently, Fu and Yoo
[95-99] have calculated elastic constants, shear-fault energies, Griffith's cleavage strength, and
point defects in TiAI and other intermemllics, using the full-potential linearized augmented plane-
wave (FLAPW) method. Table 4 summarizes the calculated results of elastic constants and
shear-fault energies for TiA1. Since no experimental data are reported at the present, the
calculated elastic constants are the only set of data available for single-crystal TiA1. The
calculated shear and bulk moduli of TiA1 agree well with the experimental ones, indicating the
accuracy of the calculations. The high shear anisotropy (C44/C66) reflects the formation of
strong p-d bonds between titanium and aiuminum atoms. The twin-boundary energy in TiAI is
quite low as compared with other calculated shear-fault energies. This is consistent with the
experimental observation of twinning deformation active in TiAI alloys tested at various
temperatures [100-102]. Thus, the first-principles calculations are effective in predicting the
fundamental mechanical behavior in TiA1 as well as other ordered intermetallics.

Table IV. Calculated elastic constants (Cii), bulk modulus (B), shear modulus
(G), and shear fault eneigies for TiAI [991

Elastic constants (10 ll N/m 2) Bulk (1011 N/m 2) Shear (1011 N/m 2)

Cll C12 C13 C33 C44 C66 B G

z

1.90 1.05 0.95 1.85 1.20 0.50 1.25 0.70

,, 'I

Shear fault energies (mJ/m 2)

APB(010) APB(111) SISF SESF TWIN

430 510 90 80 60



Yamaguchi and his associates [10,100,101,103] have conducted a systematic study of the
mechanical properties of polysynthetically twinned (PST) TiA1 crystals (Ti-49 at. % AI) produced
in an optical-floating zone furnace. The crystals have a two-phase structure containing 7 (the
main phase) and or2 (the minor phase) lamellae. The_.'/and or2 lamellae have the orientation
relationship of (111) _,//(0001)or2 and [li()] _,//<1120> 0.2, where (111) in the T-phase is
assigned to be parallel to the lamellar boundaries. Figure 7 shows a plot of the room-temperature
yield strength as a function of the angle 0 between the lamellar lx_undaries and tensile axis [100].
The orientation of two crystal groups (1) and (2) is indicated in the stereographic projection of
tensile axis orientations shown in Fig. 7. The yield strength depends strongly on the angle 0, but
the orientation dependence is not exactly symmetrical with respect to 0 = 45". The variation of
yield strength with 0 can_be explained by the two main deformation modes (i.e., the true
twinning of the {111 }<[ 112] type and slip on {111 }<[ 110]), both of which are operational for
the hard and easy modes of deformation.

The tensile elongation to fracture is also strongly dependent on the angle 0, as indicated in
Fig. 8 [100]. A tensile elongation as large as 20%, which is far larger than other reported values
for TiAl-base alloys, has been obtained for the soft orientation with 0 =31". Fracture occurs in a
brittle manner, independent of the ductility. PST crystals failed mainly along various lamellar

-6oundaries in the 7-phase, except for the 0 = 0" crystal where fracture occurs across the lamellar
boundaries. It is interesting to note that polycrystalline duplex structures produced from master
ingots used for preparation of PST crystals exhibited an average eiongation of 1 to 2%, which is
in good agreement with the reported room-temperature ductilities for nearly stoichiometric TiAI.

Mechanical properties of TiAI alloys are sensitive to alloy composition and microstructure.
A great amount of development work has been focused recently on improving the mechanical
properties of TiAI alloys by alloying additions and microstructural control [9-11,100,102].
These efforts have led to the development of TiAl-base alloys with the following general
compositions (at. %) for structural uses at elevated temperatures [104]:

Ti-(46-49)Al-(0-3)(Cr, Mn, V) -(0.5-6)(Nb, W, or Mo)-(0-1)(Si, B, N, Ni, etc.). (4)

The TiA1 alloys with 46 to 49% A1 commonly contain the a2 phase, the amount of which
depends on aluminum concentration, heat treatment, and microstructural control. Cr, Mn, and V
at levels up to 3% are added to enhance the ductility of TiAI through different proposed
mechanisms including promotion of twinning, reduction in the c/a ratio, and lowering of
aluminum level in the T-phase, etc. Nb, W, and Mo are effective in improving the strength and
oxidation resistance of TiAI alloys at elevated temperatures. Alloying with up to 1% of Si, B, N,
and Ni generally enhances alloy castability and refines the grain structure. Silicon additions are
also reported to be beneficial for oxidation resistance.

o: Grou_-Iintens_n B O Group-1
•: Grou9.2tntenaon N [_

_oo 20 A _ 0 _ • Group2

cO 0

^ _ • o D

u_ 400 o
_ _0 o 0

._ ! B c ," • •

>- 2oo i_ z i_
I'%

i

fl_

0 30 60 90
0 ' 1 1, 1 t I 1 1 _ 1. l

0 30 6O 90

E_(degree)
E](degree)

Fig. 7. Plot of the room-temperature yield Fig. 8. Plot of the room-temperature tensile
strength of PST TiA1 crystals tested elongation of PST TiAI crystals as a
in tension as a function of the angle function of the angle _ [100].

[100].



Figure 9 schematically illustrates the relations between microstructure and tensile
properties/fracture toughness at room temperature. Microstructures in TiA1 alloys are expressed

' in terms of the relative w)lume fractions of equiaxed gamma (G), fully lamellar structure (L), and
duplex structure of G and L (G + L). The grain size and microstructures can be controlled by
thermomechanical treatment, with feature temperatures corresponding to various phase stabilities
in the Ti-AI system. The general trend in Fig. 9 indicates that the G+L microstructure with a fine
grain size gives the best tensile ductility (-4%) but lowest fracture toughness (-10 MPa ml/2).

On the other hand, the fully lamell_, (L) structure with a coarse grair size gives almost the highest
fracture toughness (-30 MPa m 1/'-) but the lowest tensile ductility r,<1%). Also, the TiA1 alloys
with a coarse lamellar structure generally exhibit excellent creep resistance at elevated
temperatures.

The inverse relationship between tensile ductility and fracture toughness at room
temperature provides a challenge to materials engineers for microstructural design of TiAI alloys.
To date, Kim and his associates [102,104,105] have made significant progress in modifying the
lamellar structure by innovative thermomechanical treatment or processing. The desired
naicrostructures should be close to nearly fully lamellar structure with a finer grain size. Table 5
compares expected mechanical properties from designed microstructures with duplex and fully

lamellar structures ,n TiA1 alloys based on the compositions shown in Eq. (4). Limited results
generated so far have demonstrated the feasibility of achieving optimum properties from designed
microstructures.

r_ r_ rp INDUSTRIAL INTEREST AND3O

" [_,-_"_'7 POTENTIAL USE OF
_.-_- ! INTERMETALLIC ALLOYS

20 t Recent research and development efforts

i _"__ _ on ordered intermetallics have resulted insubstantial improvement in their mechanical

_0 _ and metallurgical properties. The intermetallic
i _ alloys with improved properties offer

_ _ advantages over many conventional materials
: _, for structural applications at elevated

0 _ _i

temperatures in hostile environments. As
compared with Ni-base

. superalloys, Ni3A1 alloys developed so far
o O,L ,_ have better fatigue resistance, better oxidation

M_osrRucru_ resistance, relatively lower density, and higher

Fig. 9. Schematic relations among
microstructure (G, G+L, L), grain
size, fracture toughness and tensile
properties of TiAI alloys [102].

Table V. Effect of microstructure on mechanical properties of TiAI alloys
with compositions listed in Eq. (4) [104]

Plastic

Microstructure YS UTS Elong. KIC _r_, Creep
(MPa) (MPa) (%) (MPa m-,--)

_DRu_lexa 350 to 550 400 to 650 1.5 to 3.5 10 to 15 Moderate290 to 450 300 to 500 0.2 to 0.9 22 to 35 Excellent
Designed c 450 to 600 500 to 720 0.6 to 2.5d 20 to 30d Very goodd

aDuplex: A mixture of equiaxed gamma and lamellar structures.
bFL: Fully lamellar structure.
CDesigned: Designed microstructure_nearly lamellar structure with a finer grain size.
dExpected values.



high-temperature strength under high strain-rate deformation [60-62,66]. Iron-aluminide alloys
• with excellent oxidation and corrosion resistance and low material density and cost are superior to

ferritic steels and austenitic stainless steels for many structural applications [14]. NiAl alloys
possess better oxidation resistance, lower material density, higher melting point, and better
thermal conductivity than nickel-base superalloys [70]. In comparison with titanium-base alloys,
"ftitanium aluminide alloys offer the advantages of lower material density and better elevated-
temperature strength and oxidation resistance [9,11,102]•

The unique properties of many intermetallic alloys have drawn attention recently from
industries for structural applications. At present, the successful development of intermetallic
alloys is critically dependent on industrial participation in material processing, data base
generation, and structural utilization of these alloys as hot components in engineering systems. A
brief description of the current industrial interest and potential use of the intermetallic alloys is
outlined below:
1. Diesel-engine turbocharger rotors: Cummins Engine Company, PCC Airfoils, and

Oak Ridge National Laboratory (ORNL) are jointly pursuing the use of Ni3AI alloys for
turbocharger rotors in diesel .engine trucks [106]. The aluminide alloy IC-221M (Ni-15.9 A1-
8.0 Cr-0.8 Mo-l.0 Zr-0.03 B, at. %) with a good castability has been selected for this

. application. Aluminide rotors have been successfully produced by investment casting at PCC
(Fig. 10). This tastable aluminide alloy is expected to replace IN-713C with the major

. benefits of improved fatigue life and potential for lower cost.
2. Higl_-temperature dies and molds: The good high-temperature oxidation resistance, together

with excellent strength at high strain rates, 'makes Ni3AI alloys attractive as die material for
isothermal forging and mold material for glass processing. At present, Ni3AI alloys are being
evaluate,.l for these applications in several companies [106].

3. Furnace fixtures for heat treating auto parts: Because of its resistance to carburizing and
oxidizing atmospheres, the Ni3AI alloy IC-221M is currently being evaluated by General
Motors (Saginaw Division) and ORNL for use as a fixture material for heat treatment of auto
parts in high-temperature furnaces. The Saginaw Division has the world's largest heat-
treatment facility with a heat-treatment capability of about 6000 tons per day. The HU alloy
(Fe-40 Ni-20 Cr-2.5 Si-2.0 Mn-0.5 Mo-0.4 C, wt %) is currently used for furnace fixtures,
which cracked badly after ~500 thermal cycles. Ni3AI alloy furnace fixtures have been
successfully made by sand casting, and the evaluation of their performance is in progress
[1071.

4. Rollers for steel slab heating furnaces: The high-temperature strength, together with good
oxidation and corrosion resistance of Ni3AI alloys, can produce significant savings in energy
costs by not requiting water cooling and in material costs by extending the life four to six
times over the current material in use [106].

Fig. 10. Ni3Al-alloy turbocharger rotor made by investment casting [106].



5. Turbine blades for jet-engine applications: General Electric has a major effort on developing
single-crystal NiAI alloy turbine blades for new-generation jet-engine applications
[69,85,108]. The NiAl-base alloys are selected because of their good high-temperature
capability, low material density, high stiffness, and excellent thermal conductivity. Figure 11
shows a high-pressure turbine blade machined from a single-crystal NiAI alloy ingot. The
NiA1 alloys developed so far have adequate high-temperature strength and creep resistance,
and further improvement in fracture toughness and impact resistance at ambient and elevated
temperatures is being pursued.

6. Lightweight auto parts: Toyota Motor Corporation has reported a dramatic reduction in grain
size of cast TiA1 alloy ingots by additions of _>0.3wt % N [109]. Toyota is now developing
lightweight auto parts using grain-refined TiA1 alloys.

7. Vanes, blades, and turbocharger rotors for engine applications: Several companies including
Ishikawajima-Harima Heavy Industries (IHI) are currently developing and processing TiAI-
base alloys for engine applications [109]. Various engine parts made from TiAl alloys are
successfully fabricated by innovative casting methods. Figure 12 shows various

. turbocharger rotors, turbine blades, and vanes made from TiA1 alloys containing Fe, V, and
B and fabricated at lH/. The beneficial effects of these elements are mentioned in the
paragraph describing the TiA1 alloy compositions [see F_xt. (4)].

BRIEF SUMMARY AND REMARKS

At present, there is world-wide interest in research and development of ordered intermetallic
alloys for structural use at elevated temperatures in hostile environments. As a result, a great deal
of knowledge has been gained in understanding physical metallurgy and mechanical behavior of
intermetallic alloys based on nickel, iron, and titanium aluminides. The alloy design efforts have
led to the developn_ent of useful intermetallic alloys based on Ni3AI, NiA1, Fe3Al, FeAl, Ti3AI,
and TiAI systems for structural applications. Industrial interest in these intermetallic alloys with
improved mechanical and metallurgical properties is high, and several examples of industrial
involvement in processing and utilization of these intermetallic alloys are mentioned. Currently,
the knowledge and experience gained from the aluminide development have been
extended to silicides and other intermetallic systems, including disilicides (e.g., MoSi 2)
[110,11 1], Al5 compounds (e.g., Nb3A1) [112,113], Laves-phase (e.g., Cr2Nb) [114,115]
alloys, etc.

Ordered intermetaUics have been employed
or have the potential to be used in many other
areas besides structural applications [11].
Molybdenum disilicide has been used
commercially as electrical heating elements in
high-temperature furnaces since 1956 [116].
NiTi alloys, referred to as Nitinol [117-119],
are currently the major shape-memory material
for systems control in the building,
automobile, and automation industries.
Considerable efforts are now being devoted to
the development of new shape-memory alloys

p based on intermetallics (e.g., NiAI/Ni3AI) for
use at temperatures above ambient (>100°C)
[120]. Many ordered intermetallics possess
special attractive properties for magnetic,
optical, and electronic applications. A
prominent example is the use of NdFel4B 2 as

_.._ ahardmagnetic material for high-energyapplications

Fig. 11. A high-pressure turbine blade machined from a single-crystal NiAI ingot [108].



Fig. 12. Cast turbocharger rotor, turbine blade and turbine vane made from TiAI alloys (doped
. with Fe, V, B) and fabricated at IHI [109].

[121,122]. Epitaxially grown CoSi 2 and NiSi2 are used in novel devices like the metal base
transistors and the permeable base transistors [123]. A-15 compounds such as Nb3Sn and
Nb3AI are attractive as superconducting materials for industrial applications. It is our hope that
the knowledge and experience gained from the development of structural intermetallic alloys will
be applied to improve the performance of non-structural intermetallic materials in the coming
years.
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