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NiTi-based shape memory alloys (SMAs) offer a good combination of high-strength, 

ductility, corrosion resistance, and biocompatibility that has served them well and attracted the 

attention of many researchers and industries. The alloys unique thermo-mechanical ability to 

recover their initial shape after relatively large deformations by heating or upon unloading due to 

a characteristic reversible phase transformation makes them useful as damping devices, solid 

state actuators, couplings, etc. However, there is a need to increase the temperature of the 

characteristic phase transformation above 150 °C, especially in the aerospace industry where 

high temperatures are often seen. Prior researchers have shown that adding ternary elements (Pt, 

Pd, Au, Hf and Zr) to NiTi can increase transformation temperatures but most of these additions 

are extremely expensive, creating a need to produce cost-effective high temperature shape 

memory alloys (HTSMAs). Thus, the main objective of this research is to examine the relatively 

unstudied NiTiZr system for the ability to produce a cost effective and formable HTSMA. 

Transformation temperatures, precipitation paths, processability, and high-temperature oxidation 

are examined, specifically using high energy X-ray Diffraction (XRD) measurements, in NiTi-20 

at.% Zr. This is followed by an in situ XRD study of the phase growth kinetics of the favorable 

H-phase nano precipitates, formed in NiTiHf and NiTiZr HTSMAs, based on prior thermo-

mechanical processing in a commercial NiTi-15 at.% Hf HTSMA to examine the final 

processing methods and aging characteristics. Through this research, knowledge of the 

precipitation paths in NiTiZr and NiTiHf HTSMAs is extended and methods for characterization 

of phases and strains using high energy XRD are elucidated for future work in the field. 
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CHAPTER 1 

INTRODUCTION 

1.1 Motivation 

NiTi-based shape memory alloys (SMAs) offer a good combination of high-strength, 

ductility, corrosion resistance, and biocompatibility that has served them well and attracted the 

attention of many researchers and industries. Through this attention, there are now many 

applications for NiTi SMAs in the engineering, medical, and aerospace industries [1-9]. However, 

there still exist an upper limit to the maximum transformation temperature, 115 °C [9], for the 

characteristic reversible phase transformation that limits SMAs and their potential in other 

applications, mainly in the aerospace industry currently. Therefore there is a drive to increase 

transformation temperatures above this threshold into the high temperature shape memory alloy 

(HTSMA) regime, ≥ 150 °C. Previous research has shown that by adding ternary additions to NiTi, 

specifically Au, Pt, Pd, Hf, and Zr, the characteristic phase transformations can be increased well 

above 150 °C [10-12]. 

The majority of these drastically increase the cost of production making them essentially 

worthless for any kind of commercial application, with the exception being Hf and Zr. At the 

current time, NiTiHf alloys outperform NiTiZr alloys in almost all relevant SMA merits [10, 13], 

i.e. recoverable strain, maximum stress, transformation temperatures, thermal stability etc., but 

99.5 % pure Hf is still about 10 times the cost of comparable Zr and twice as dense, 13.2 g/cm3 to 

6.52 g/cm3. Knowing this there are at least two significant advantages to developing NiTiZr based 

HTSMAs over the other known options, that is cheaper and lighter devices. However, NiTiZr 

alloys are known to be difficult to process and thus NiTiHf alloys have seen the most research and 

NiTiZr is still relatively unstudied while the NiTiHf alloys have matured much faster. 
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Accordingly, the main body of this work is aimed at a systematic study of NiTiZr 

HTSMAs, specifically with very high 20 at.% Zr. Since the literature is sparse for NiTiZr alloys, 

especially when Zr contents are at the upper limit for the shape memory effect, the first question 

addressed is the effect of minor composition changes in the Ni-content on the stress-free phase 

transformation and precipitation characteristics. Next, the formability and oxidation characteristics 

need to be studied to assess, proper rolling temperatures and how the alloy will respond to the high 

temperatures seen during forming processes. In the last section, the focus shifts slightly to the 

much more studied NiTiHf HTSMAs as the analogous link between NiTiZr and NiTiHf alloys has 

been established in the dissertation. There exists no literature that addresses whether prior forming 

methods and the effects the on the overall precipitation of the nanoscale H-phase. Therefore, a 

commercial NiTiHf HTSMA from ATI Specialty Alloys and Components in a cold and hot rolled 

condition are examined and the effects of the prior thermo-mechanical treatment on the 

precipitation of the advantageous nanoscale phase in Ni-rich NiTiHf/Zr are describes regarding 

rate of formation, coarsening, texture, and lattice strain. Lastly, high-energy x-ray studies are 

sparse, and none exist characterizing the precipitation in situ of NiTiHf and NiTiZr HTSMAs and 

thus it is valuable to directly observe their growth and link this to increases in transformation 

temperatures. Doing so increases the knowledge in the field of HTSMAs and elucidates the effects 

of processing on the formation of the overall microstructure in the alloys. 

 

1.2 Contributions of Dissertation 

This dissertation provides many contributions to the understanding, processing, and 

precipitation of NiTiZr/Hf HTSMAs. The contributions of each of the three studies will be briefly 

discussed. 
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In Chapter 4, three NiTi-20 at.% Zr alloys are investigated with the intent to quantify the 

change in transformation temperatures due to slight changes in Ni-content with high amounts of 

Zr substituting on Ti sites in the NiTi crystal structure. Much of the previous research has focused 

on lower amounts of Zr and mainly on the Ti-rich side of equimolar, with relatively few studies 

being performed in Ni-rich compositions and none, to the authors knowledge, with the intent to 

look at the same Zr-content with minor changes in the Ni-content. Thus it was determined that an 

initial study should be fully focused on the maximum amount of Zr possible in the NiTi-matrix 

and varying the Ni-content by plus and minus 0.2 at. % of 50 at.% Ni. This  was needed to 

understand the composition control necessary for producing any alloy with high Zr-content and 

how each would respond separately to heat treatments. By using diffraction methods, both ex situ 

and in situ during the aging, the phases are quantified and the cause of transformation temperature 

shifts due to aging is directly reported. Thus, the generally stress-free transformations, crystal 

structures, and aging properties of the NiTi-20 at.% Zr are reported. 

In Chapter 5, the oxidation paths for NiTi-20 at.% Zr are studied and reported for the first 

time. It is observed that a complex oxidation layer is formed at different temperatures and that 

through this a highly Ni-rich layer is formed thus inhibiting rolling and changing alloy composition 

in the near surface region. Hot rolling characteristics in air and proper rolling temperatures for 

NiTiZr alloys are determined and examples are given. 

Chapter 6 investigates the formation, growth, and coarsening of the advantageous 

nanoscale H-phase is observed in situ at different temperatures and prior thermos-mechanical 

processing for the first time. Rates for the formation and approximate incubation time and energy 

are estimated for their formation. Lattice strains due to the formation are also quantified. The 

difference between aging at 550, current peak age temperature, and 650 °C is quantified with 



4 
 

respect to phase fraction, size, and strain. Through the work it is believed that the peak age 

conditions could be achieved through much shorter aging times at 650 °C. In addition, the prior 

rolling conditions is shown to have little effect on the overall formation or coarsening of the 

nanoscale phase since it is a diffusion based process and the large Hf atoms move through the 

structure slowly. Methods for investigating, identifying and tracking the nanoscale H-phase by 

diffraction are discussed so that other researchers can easily identify the phase using these methods 

in future experiments. 

 

1.3 Arrangement of Dissertation 

 The contents of this dissertation are separated into 7 full chapters and an appendix, which 

are arranged as follows. 

Chapter 1 serves as an introduction and discusses the motivation, contributions, and 

arrangement of the dissertation. Chapter 2 introduces the basic concepts for shape memory alloys 

(SMAs), discusses the metallurgy of binary NiTi, and gives a brief overview of ternary additions 

to NiTi-based SMAs that are known to increase transformation temperatures (TTs). Chapter 3 

discusses the main analytical methods used to characterize the HTSMAs, differential scanning 

calorimetry and synchrotron X-ray diffraction, with a brief discussion of diffraction data analysis 

at the end of the chapter. Chapter 4 presents the first area of research conducted for the dissertation. 

In this chapter, 3 separate NiTi-20 at.% Zr alloys are examined with respect to minor composition 

changes in at. % Ni-content. Specifically looking at aging conditions and how each responds 

regarding TT change and precipitate phase growth. Chapter 5 takes one of the alloys studied in 

Chapter 4, the equimolar composition because its relative insensitivity to aging, and identifies 

phase and oxide growth that would occur during high temperature thermo-mechanical processing. 
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Attempts at hot rolling at different temperatures are also presented with varying degrees of success. 

Chapter 6 investigates the effects of prior thermo-mechanical processing on the formation of the 

advantageous nanoscale phase, H-phase, by diffraction methods and discusses sources of TT 

increase as well as relative lattice strain/texture evolution during the aging process. Chapter 7 

discusses the overall conclusions and future work. Finally, the appendices present extra figures not 

discussed in the body of work including as-cast structures, visible oxide scales, and the full strain 

analysis from chapter 6.  
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CHAPTER 2 

BACKGROUND AND LITERATURE REVIEW 

2.1 Short History of Shape Memory Alloys 

Shape memory alloys (SMAs), materials that can “remember” a specific set shape, have 

become important technological materials for numerous applications in the medical, aerospace and 

other technological fields. The unique shape memory effect (SME) was first reported in the Au-

Cd system by Ӧlander in 1932 [14, 15]. Other alloy systems that displayed the same effect were 

soon discovered, Cu-Zn [16], Cu-Al [17, 18], and In-Tl [19, 20], but it wasn’t until Chang et al. 

[21] in 1951 proposed and demonstrated that the rubber-like behavior seen by Ӧlander in Au-

47.5Cd was due to a reserve transformation from the less ordered orthorhombic phase (martensite) 

to the higher order cubic parent phase (austenite). However these alloys, and by association, and 

the shape memory effect did not see much attention from researchers until the discovery of near 

equiatomic Ni-Ti alloys by Buehler et al. [22] at the Naval Ordinance Laboratory, hence the 

common name Nitinol. In contrast to the earlier systems, Ni-Ti alloys show impressive mechanical 

properties, good corrosion resistance, and excellent biocompatibility that made them suitable for 

many applications. 

Although binary NiTi SMAs are now being used in countless medical and engineering 

applications such as smart actuators, couplings, electrical connectors, fasteners, valves, stents, 

circuit breakers, orthopedic and cardiovascular devices [1, 7] to name a few, they suffer from the 

inability to produce the desired mechanical response at higher temperatures above 150 °C. This 

therefore limits it ability in the aerospace industry specifically on certain applications such as solid-

state actuation devices. Thus, in recent years researchers have set out to increase the temperature 

range available to produce the SME by adding ternary additions, i.e. NiTi-X alloys [10]. Ternary 



7 
 

NiTi-X high temperature shape memory alloys (HTSMAs) will be discussed in detail in section 

2.5, but first general metallurgical principles of binary NiTi SMAs will be presented to build a 

solid foundation before extending to these ternary compositions, specifically NiTiZr and NiTiHf. 

 

2.2 Reversible Phase Transformations 

 Shape memory alloys get their unique thermo-mechanical properties from a characteristic 

solid-solid reversible phase transformation [23]. This solid-solid phase transformation is a 

martensitic transformation and thus requires no diffusion of the atomic species but rather a 

directional shear and/or rotation of the higher symmetry parent crystal structure (austenite) to 

produce the lower symmetry daughter structure (martensite) upon cooling. In practice, martensitic 

transformations are observed in many systems but often they are not easily reversible due to the 

rapid cooling required to form the martensitic phase. This is the case in common carbon steel 

alloys. However, in SMAs the phase transformation is fully reversible allowing easy 

transformation between the austenitic and martensitic structure. The details and effects of this 

reversible phase transformation will now be discussed. A full review of shape memory metallurgy 

and characteristics was done by Otsuka et al. [23] and the reader is directed here for a more 

thorough review, here we discuss the major aspects of NiTi-based SMAs. 

 

2.2.1 Shape Memory Effect and Pseudoelasticity 

 Figure 2.1 schematically shows the transformation paths and the “memory” mechanism 

associated with the reversible phase transformation in SMAs. SMAs have 5 basic thermos-

mechanical paths of transformation between the three potential structures (austenite, twinned 

martensite, and detwinned martensite). 
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(1) Cooling of austenite causing a transformation to twinned martensite  

(2) Heating of twinned/detwinned martensite causing a transformation to austenite 

(3) Loading of twinned martensite causing a transformation to either another twinning 
structure or detwinned martensite 

(4) Loading of austenite causing a transformation to stress induced martensite (SIM) 

(5) Unloading of SIM causing a transformation to austenite 

Before further discussion, it should be noted that the only path not reversible in one step is the 

formation of a twinned martensite from a detwinned martensite. Each path will now be discussed 

in further detail to explain how the shape memory effect and pseudoelasticity deformation are 

attributed to this reversible phase transformation. 

 
Figure 2.1. Three potential matrix microstructures and thermo-mechanical transformation paths 
available in SMAs. 
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Starting with scenarios (1) and (2) presented in Figure 2.1, the martensitic phase change 

can be induced by cooling (1) the sample below a characteristic temperature, known as the 

martensitic transformation temperature (TT), and then the austenite structure can be fully restored 

by simply heating (2) the alloy above the other characteristic temperature, known as the austenite 

TT which is slightly higher than the martensite TT. In this case, the martensitic phase 

transformation results in the formation of a twinned martensite to accommodate the martensitic 

structure without having a large macroscopic dimensional change.  

Next, we can start with the assumption that the material is in the martensitic state at room 

temperature and therefore results in a twinned martensite (TM) microstructure prior to a loading 

cycling (3). In this scenario, the TM in the SMA will first mechanically deform elastically, like 

most materials, until a critical stress is approached. Once this critical value is reached, the TM will 

begin to detwin to compensate for the strain produced during the loading cycle (3) and produce a 

“detwinned” martensite (DM). Once the structure is fully detwinned, then normal plastic 

deformation of martensite will begin. This microstructural change is schematically shown in 

Figure 2.1 up until beginning of plastic deformation. This leaves a large macroscopic shape change 

in the material due to elongation of the twinning structure; however, if the material is unloaded 

and heated (4) back above the austenite TT, it will immediately return to its undeformed state as 

austenite and upon cooling (1) back to room temperature will again return to the TM structure 

prior to loading. This is the shape memory effect (SME), illustrated schematically in Figure 2.2(a). 

The material can be loaded (3), then heated (4), and finally cooled (1) to return to its pre-deformed 

geometry and matrix microstructure. 

Now suppose that the material is in the austenite phase at room temperature prior to 

loading. When a load is applied (5), the alloy will first deform the austenite phase elasticity 
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according to Hooke’s law, and then at a critical value the formation of stress induced martensite 

(SIM) will be thermodynamically favorable within the material. Since the martensitic 

transformation is by a shear-like mechanism, this transformation can be assisted by the presence 

of stress and therefore it is possible to form the martensitic structure above the martensite TT. This 

mechanism will propagate through the alloy until the alloy exhibits a fully DM structure. Upon 

unloading (4), the alloy will immediately transform back into the austenitic shape and return to its 

pre-deformed geometry. This is pseudoelasticity (PE), the ability for SMAs to recover large 

amounts of strain due to reversible stress-induced phase transformation, Figure 2.2(b). However, 

it should be noted that the pseudoelastic effect will no longer appear once the SMA is too far above 

the austenite TT (Md), Figure 2.2(c), and the loading/unloading sequence will be like normal 

plastic deformation. The physical meaning of Md is the martensite dead or deterrence temperature 

and is the temperature where the intersection of critical slip and transformation induced plasticity 

crosses, i.e. where slip of the austenite is more favorable than stress induced martensite. 

 
Figure 2.2. Schematic stress-strain curves of SMAs with increasing temperature illustrating the 
response (a) at low temperatures below the martensitic TT (Mf) martensitic to produce the shape 
memory effect (SME), (b) at higher temperature above the austenite TT (Af) to produce 
pseudoelasticity (PE), and (c) at a temperature too high (Md) to promote the formation of stress 
induced martensite (SIM) causing now normal plastic deformation. 
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2.2.2 Austenite-to-Martensite Phase Transformation in NiTi SMAs 

 The full crystallographic details of the austenite-to-martensite phase transformation will 

not be discussed here, but a general overview will be presented. For a more in depth discuss the 

reader is again directed to Otsuka et al. [23] and the reference provided in their text. 

 The austenite structure in NiTi SMAs is a cubic B2 structure and the martensite is generally 

a monoclinic B19’ structure, structural details discussed in section 2.4. This diffusionless 

transformation from the cubic B2 lattice to the monoclinic B19’ lattice is visualized in Figure 2.3.  

 
Figure 2.3. Schematic representation of the lattice change from the (a) parent B2 cubic lattice to 
the (b) B19’ martensite lattice. The blue lines in (a) represent four B2 cubic unit cells and the red 
lines outline a tetragonal lattice. In (b) a shear is applied to produce the dashed green cell which is 
the monoclinic B19’ lattice. The notations 𝒊𝒊, 𝒋𝒋, 𝒌𝒌, and ao refer to the parent lattice and 𝒊𝒊′, 𝒋𝒋′, 𝒌𝒌′, a, 
b, c and β refer to the martensite lattice. 
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If the B2 lattice is expanded to four times its volume in the X and Y directions, it is possible to 

draw a tetragonal lattice through the cell, Figure 2.3(a). This redrawn lattice specifically makes a 

face centered tetragonal unit cell when considering the basis positions in the B2 structure, but to 

understand the lattice shift the basis positions have been removed from Figure 2.3. In Figure 2.3(b) 

the delineated tetragonal cell is still outlined in red, but the true monoclinic lattice (green dashed 

outline) is the point of interest. During the transformation, the [100]p direction shrinks to become 

the a parameter, the [110]p direction shrinks to become the b parameter in the martensite, and the 

[011]p direction expands to form the c parameter in the martensite. In addition, a shear is produced 

to cause the change in the β angle on the (011)p plane in the [100]p direction which produces a 

change from 90° to 96.8°. This creates the final monoclinic lattice seen in Figure 2.3(b).  

 It’s important to note that when the B2 phase transforms into the B19’ martensite there is 

no macroscopic shape change; however, a microscopic volume change is produced because of the 

unit cell change. Since there are 12 variants of the martensitic structure based on the orientation to 

the parent B2 lattice [23], it is possible for the material to accommodate the microscopic shape 

change in lattice without creating a macroscopic shape change in the part. This large strain is 

accommodated by the formation of twins in the microstructure, which can be classified into three 

major types based on their origin: (1) lattice invariant twins, (2) variant accommodation twins, and 

(3) deformation twins. Lattice invariant twins exist without causing a change in the martensite 

crystal, while variant accommodation twins are formed when sets of martensite variants cause 

large elastic strain within the matrix that can be relieved by other variants. Deformation twins are 

caused when the alloy is deformed above a certain stress level.  
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2.3 Phase Diagram and Compositional Effects of Binary NiTi  

 The physical metallurgy of binary NiTi SMAs is now well understood and has been 

extensively researched in regard to compositional effects, precipitation mechanisms, and 

mechanical behavior. However, this was not always the case and the current phase diagram was 

under debate until the late 1980s [23]. Figure 2.4 shows the now accepted phase diagram for binary 

NiTi published by Massalski et al. [24] with an inset showing the metastable equilibrium between 

the NiTi phase and the favorable Ni4Ti3 precipitates [25], which is discussed in detail in a later 

section.  

 
Figure 2.4. Phase diagram of the NiTi alloy system by Massalaski [24] with an inset of the phase 
equilibrium between the B2 NiTi and Ni4Ti3 phases [23, 25] 
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Mainly looking in the near equitomic region and its phase fields, i.e. where the NiTi phase 

exists bound by the Ti2Ni and Ni3Ti phases boundaries, the solubility of both Ni and Ti are minimal 

at room temperature in the NiTi phase but can be pushed to approximately 5 at. % Ni at 1000 °C. 

This is important when considering heat-treatment of NiTi alloys to change the shape memory 

characteristics of the alloy but this was not fully understood at first. Investigation of the phase 

diagram began in 1950 when Duwez and Taylor [26] first observed and reported the decomposition 

of the NiTi into Ti2Ni and Ni3Ti at 800 °C and their findings were confirmed by Poole and Hume-

Rothery [27] in 1955 through a thorough examination of the solubility limits of the Ti and Ni 

species in the NiTi phase and suggested that the Ti-rich phase boundary was much steeper than 

the Ni-rich phase boundary. Later Purdy and Parr [28] used high temperature X-ray diffraction 

techniques coupled with metallography to confirm the much steeper Ti-rich phase boundary and 

reported that the NiTi phase extended to lower temperatures. Lastly they also reported a reversible 

phase transformation at 36 °C, which was the first report of the martensitic phase transformation 

in NiTi alloys although the authors did not use the term martensitic transformation. Debates of the 

phase diagram continued for several years and took the efforts of many researchers, but two 

consensuses were finally established: (1) the solubility line on the Ti-rich side is near vertical and 

(2) the solubility on the Ni-rich phase boundary is insignificant after 500 °C. It should be noted 

that the dotted line at 1090 °C represents an order-to-disorder transition from the B2 (CsCl 

structure) to a normal BCC structure, which has been observed not to exist by Ren et al. [29, 30] 

using transmission electron microscopy (TEM) and electron probe X-ray microanalysis (EPMA). 

Another important aspect of the phase diagram is the ability to predict the precipitation 

certain phases into the microstructure based on composition. Using Figure 2.1, it is indicated that 

having a slightly Ti-rich composition allows for the precipitation of Ti2Ni precipitates while having 
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a slightly Ni-rich composition can allow for the formation Ni3Ti precipitates. However, as 

researchers were investigating the equilibrium phase diagram, they reported two intermediate 

phases, Ni4Ti3 and Ni3Ti2, on the Ni-rich side of the equimolar composition [31-33]. Although the 

equilibrium phase diagram does yield valuable phase information, it only considers 

thermodynamics of the system without regard to kinetics thus it does not predict the formation of 

these intermediate phases. Although the inset in Figure 2.1 illustrates the metastable phase 

equilibrium between the Ni4Ti3 precipitates and the NiTi phase it is generally not included in a 

phase diagram.  

 
Figure 2.5. TTT diagram for Ti-52Ni describing the aging behavior from Nishida et al. [34]. 
 

To consider kinetics and precipitation routes, metallurgist use time-temperature-transformation 

(TTT) diagrams to help predict final microstructures under non-equilibrium aging conditions. 

Binary Ti-rich alloys only allow for the formation of unfavorable Ti2Ni type precipitates and thus 

will not be discussed further. Ni-rich alloys however undergo a complex aging situation based on 

temperature and holding time. Nishida et al. [34] carried out an in depth study of the precipitation 
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of Ti-52Ni and proposed that at lower aging temperatures the precipitation path of Ni-rich binary 

NiTi SMAs is characterized by Ni4Ti3 →  Ni3Ti2 → Ni3Ti. This information is summarized in the 

TTT diagram of Figure 2.5. 

As discussed above minor composition changes, i.e. Ti-rich or Ni-rich of equimolar, in 

binary NiTi SMAs vastly change the aging mechanisms seen in the alloy, but it also has a major 

impact on transformation temperatures (TTs) of the reversible phase change. Figure 2.6 shows the 

beginning of the martensitic start (Ms) temperature based on nominal at. Ni % percentage based 

on the experiments performed by Frenzel et al. [35].  

 
Figure 2.6. Effect of the nominal Ni content on the measured Ms temperature. Figure adapted from 
Frenzel et al. [35] 
 

There exist 2 regions pertaining to the Ni-content effect: (1) the plateau on the Ti-rich which 

extends until approximately 49.75 at. % Ni and (2) the region after the “knee” of the curve where 

TTs begin to drop with increasing Ni-content. In the second region, a linear relation exists between 

the approximate range of 49.75 - 50.75 at. % Ni which gives a change in the Ms values of -83 °C 

/ at. % Ni. After this, the curve begins to drop extremely quickly into the low temperature range. 



17 
 

The perks of this trend are that NiTi SMAs can be easily engineered by composition to produce 

either the SME or pseudoelasticity based on the requirements of the desired application. Further, 

heat treatments can be employed (specifically in Ni-rich compositions) to induce the growth of the 

secondary phases to produce a change in the overall NiTi matrix composition and therefore shift 

these TTs as desired. These two concepts together, i.e. precipitation mechanisms and nominal 

matrix composition, allow for binary NiTi SMAs to be highly engineerable materials that can serve 

a wide range of applications. 

 

2.4 Crystal Structures of Primary and Precipitate Phases in Binary NiTi SMAs 

 The following section will give a brief overview of the crystallography of the primary and 

precipitate phases in binary NiTi SMAs. An in-depth understanding of the crystallographic 

information of the phases possibly present in NiTi alloys allows for their identification through 

diffraction methods and can reveal underlying mechanisms associated with the alloys 

performance. First a summary of the crystallographic information of the phases is given in Table 

2.1 and then a description of each follows. 

Table 2.1. Summary of common phases in binary NiTi alloys. 

Phase Crystal system Space group Lattice constants Reference 

Austenite 
B2 NiTi Cubic Pm3m a = 0.3015 nm [36] 

Martensite 
B19’ NiTi Monoclinic P21/m 

a = 0.2892 nm 
b = 0.4108 nm 
c = 0.4646 nm 
β = 97.78° 

[37] 

Ti2Ni Cubic Fd3m a = 1.132 nm [23] 

Ni3Ti Hexagonal P63/mmc a = 0.5101 nm 
c = 0.8307 nm  [38] 

  
(table continues) 

  



18 
 

Phase Crystal system Space group Lattice constants Reference 

Ni3Ti2 Tetragonal 
Orthorhombic 

(I4/mmm)t 
 
(Bbmm)o 

at = 0.3095 nm 
ct = 1.3585 nm 
ao = 0.4398 nm 
bo = 0.4370 nm 
co = 1.3544 nm 

[39] 

Ni4Ti3 Rhombohedral R3 a = 0.6704 nm 
α = 113.8 °  [40-42] 

 

2.4.1 Austenite Phase – B2 NiTi 

 The higher order and high temperature stable austenite phase of NiTi is a B2 ordered (CsCl 

type, space group: Pm3m) cubic structure with a lattice constant of a = .3015 nm [36] at room 

temperature, as shown in Figure 2.7. This phase allows for pseudoelasticity in SMA if kept stable 

at the loading temperature, which must be below Md, by the formation of stress-induced martensite 

during the loading process. In addition, upon heating deformed martensitic stable SMAs into the 

austenitic phase region, the alloy will produce the SME and return to its original shape provide the 

deformation is kept in the fully recoverable range. 

 
Figure 2.7. Austenite B2 crystal structure of the NiTi phase. Created using Arcte © 2015 Jesse 
Smith. 
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2.4.2 Martensite Phase – B19’ NiTi 

 The martensitic structure of binary NiTi was under debate due for some time after its 

discovery due to lack of a martensitic single crystal. However, Kudoh et al. [37] employed the use 

of the 4-circle diffractometer and confirmed the space group to be P21/m with lattice parameters a 

= 0.2892 nm, b = 0.4108 nm, c = 0.4646 nm, and β = 97.78°, shown in Figure 2.8. This structure 

was later confirmed with first principle calculations [43, 44] to be the lowest ground state energy 

and most stable when compared to previous atomic parameters. Thus, the B19’ monoclinic 

martensitic structure of NiTi was established. 

 
Figure 2.8. Martensitic B19’ crystal structure of the NiTi phase as established by Kudoh et al. [37]. 
Created using Arcte © 2015 Jesse Smith. 
 

2.4.3 Ti2Ni Precipitates 

 The Ti-rich Ti2Ni precipitates are seen in Ti-rich binary NiTi SMAs due to the near vertical 

solubility line on the Ti-side causing a decomposition of the alloy into a two phase Ti2Ni + NiTi. 

The structure is a large 96 atom cubic unit cell with space group of Fd3m with a lattice constant 

of a = 1.132 nm [23], illustrated in Figure 2.9. In addition, these phase readily accept oxygen to 
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form Ti4Ni2Ox oxides, with the same structure as the non-oxide phase, which are difficult to 

remove once formed in the microstructure and have detrimental effects on the mechanical 

properties of the alloys. Therefore, their formation is generally unwanted and avoided whenever 

possible.  

 
Figure 2.9. The crystal structure of the cubic Ti2Ni precipitate phase with lattice constant of a = 
1.132 nm. Created using Arcte © 2015 Jesse Smith. 
 

2.4.4 Ni3Ti and Ni3Ti2 Precipitates 

 The Ni3Ti phase is characterized by a hexagonal with space group P63/mmc and DO24 type 

crystal structure with lattice constants of a = 0.51010 nm and c = 0.83067 nm [38], shown in Figure 

2.10. While this is the thermodynamically stable equilibrium phase in Ni-rich NiTi alloys, it is 

generally not suited for standard applications. The Ni3Ti2 phase was rarely been studies as it is a 

metastable phase between the favorable Ni4Ti3 precipitates and the equilibrium Ni3Ti phase; 

however, Hara et al. [39] studied the phase in detail by adding Cu to stabilize the structure and 

formed (Ni,Cu)3Ti2. Through this work it was determined that precipitate phase shows a 
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martensitic transformation as with the high temperature phase having a tetragonal structure (space 

group: I4/mmm) with lattice constants of a = 0.3095 nm and c = 1.3585 nm, while the lower 

ordered low temperature phase has an orthorhombic structure (space group: Bbmm) with lattice 

constants of a = 0.4398 nm, b = 0.4370 nm, and c = 1.3544 nm. Both structures are generally 

unwanted in Ni-rich binary NiTi alloys due to their poor mechanical properties but new high Ni-

content (above 55 at. % Ni but below approximately 65 at. % Ni) alloys are now being studied for 

tribological applications due to their high hardness and good corrosion resistance [45]. 

 
Figure 2.10. The Ni3Ti phase displaying the hexagonal DO24 type ordered structure. Created using 
Arcte © 2015 Jesse Smith. 
   

2.4.5 Ni4Ti3 Precipitates 

 Thus far, Ni4Ti3 precipitates have been the most technological important secondary phase 

in binary NiTi alloys due to its ability to greatly alter the mechanical properties and shape memory 

properties in Ni-rich NiTi alloys [46-53] [38, 54]. The phase exhibits a rhombohedral structure 

with a space group of R3 and contains 6 Ti and 8 Ni atoms per unit cell, Figure 2.11. The lattice 
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constants are generally accepted as a = 0.6704 nm and α = 113.8 ° [40-42] as determined 

independently by Tadaki et al. [52] and Saburi et al. [51]. Due to the crystallography relationships 

of the B2 structure and the Ni4Ti3 precipitates, an orientation relationship of (001) Ni4Ti3│(111)B2 

and [010] Ni4Ti3│[2�1�3]B2. The effect of this relationship is that the Ni4Ti3 precipitates are available 

in 8 variants that can be sorted in pairs related to the {111} B2 planes. In addition, this generally 

causes the precipitates to grow in a lenticular shape homogenously distributed throughout the B2 

matrix. 

 
Figure 2.11. The crystal structure of Ni4Ti3 phase with a R3 rhombohedral unit cell with lattice 
constants a = 0.6704 and α = 113.8 °. Created using Arcte © 2015 Jesse Smith. 
 

2.5 Ternary NiTi-X High Temperature Shape Memory Alloys 

 Ternary additions to NiTi alloys are known to drastically alter the shape memory response 

and TTs [6, 10, 23]. Although many elements have been added to binary NiTi, the focus will be 

on those that increase TTs into the HTSMA regime, Af above 150 °C. This limits the following 

review to: (1) Ni-site substitutions: Au, Pt, and Pd [55, 56] and (2) Ti-site substitutions: Hf, and 

Zr [57]. Each is briefly discussed in the following sections. A summary table is listed in Table 2.2. 

  



23 
 

Table 2.2. Summary of NiTi-X HTSMAs 

NiTi-X Transformation path TT range 
(°C) εrec (%) Major 

Precipitates Comments 

Au 
B2 → B19’ 
B2 → R 
B2 → B19 

RT-600 2- 3 % 
Ti3Ni 
Ti(Au0.66Ni0.33)2 
Ti3Au 

High cost, low 
work output,  

Pt B2 → B19’ > 10 % Pt 
B2 → B19 < 10 % Pt RT-1100 2 - 3 % 

P-phase 
PL-phase 
(Ni,Pt)3Ti2 

High cost, good 
corrosion 
resistance, good 
work output 

Pd B2 → B19’ > 10 % Pd 
B2 → B19 > 10 % Pd RT-530 6 - 7 % 

(Ni,Pd)3Ti2 
(Ni,Pd)4Ti3 
P1-phase 

High cost, good 
workability, 
good work 
output 

Hf B2 → B19’ RT-400 3 - 4 % 
(Ti,Hf)2Ni 
H’-phase 
H-phase 

Moderate cost, 
good 
workability, 
High work 
output 

Zr B2 → B19’ 
B2 → B19 RT-250+ 2 - 3 % 

(Ti,Zr)2Ni 
H’-phase 
H-phase 

Poor 
workability, 
low cost 

 

2.5.1 NiTi-Au 

 By 1970, near equiatomic TiAu alloys were known to exhibit a high temperature B2 

structure and undergo a reversible martensitic structure into an orthorhombic B19 structure at room 

temperature before Au was reported to be added to binary NiTi. In addition, it showed remarkably 

high TTs, approximately 600 °C [58]. However, the effect of Au in the binary NiTi was first 

reported by Eckelmeyer [59] in 1976. By substituting in Au for Ni, Ti50Ni48Au2, Eckelmeyer 

reported an increase in recovery temperature from binary NiTi of approximately 21 °C/at. %. Some 

researchers have studied the effects of Ni substituting in TiAu alloys [60-62] and have observed 

that increasing Ni content, and by association decreasing Au, content led to lower transformation 
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temperatures and that these alloys form Ti3Ni L21-type and Ti(Au0.66Ni0.33)2 tetragonal precipitates 

[61]. The inverse of this, Au substituting for Ni in NiTi SMAs, has also been studied by several 

research groups. Khachin et al. [63] studied the effects of Au additions to binary NiTi and observed 

that the stability of the B19’ structure was going to lower temperatures while the B19 orthorhombic 

martensite was pushing to higher temperature and that the transition occurred around 10 at. % Au, 

in which a two-stage transformation was observed. Buenconsejo et al. [64] studied the effect of 

annealing temperature of NiTi-Au sputter deposited thin films and observed a composition and 

annealing temperature dependence on the transformation path, either B2 → R, B2 → R → B19’, 

and B2 → B19. Zhang et al. [65] examined thermal hysteresis values in bulk NiTiAu and correlated 

that to the transformation stretch middle eigenvalue, λ2, to create low hysteresis alloys similar to 

Cui et al. [66]. Kayani et al. [67] studied the precipitation behavior of Ti50Ni30Au20 and 

Ti50Ni20Au20Cu10 and showed the formation Ti3Au precipitates. However, to date NiTi-Au 

HTSMAs, specifically with lower Au content than Ni, are relatively unstudied and there is still 

much work to be done. Although, the high price and the poor cyclical stability [60] of NiTi-Au 

severely limits it practical applications and thus will likely remain unattractive for the foreseeable 

future.  

 

2.5.2 NiTi-Pt 

 Like NiTi-Au, NiTi-Pt HTSMAs exhibit high TTs that reach temperatures of 1000 °C when 

approaching the binary TiPt alloys [68]. Since there is a competition between the two martensitic 

structures (B19’ in NiTi and B19 in TiPt), the initial addition of Pt causes a drop in TTs until 

approximately 10-15 at. % Pd; however, once the B19 orthorhombic structure becomes 

thermodynamically favorable, TTs begin to increase linearly with increasing Pt content. An 
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interesting point with NiTi-Pt alloys is that TTs do not drop sharply when moving away from 

stoichiometry on the (Ni,Pt)-rich side. Instead, the (Ni,Pt)3Ti phase readily occurs during cooling 

from high temperatures. Stress free shape memory properties for NiTi-Pt HTSMAs [69, 70] is not 

nearly as mature as their NiTi-Pd counterparts [10], but instead the focus has been on the constant 

stress thermal cycling behavior [71-74]. NiTi-Pt alloys show reasonably good work output and 

reversibility on the Ni-rich side of equimolar, but significant irreversible strain on the Ti-rich side 

[74]. Above 500 °C, exhibit no useful work output since martensite reorientation is far above the 

yield stress [71. The oxidation behavior has also been reported in detail by Smialek et al. [Smialek, 

2007 #153, 73]. Precipitate phase in NiTi-Pt HTSMAs include the P-phase, PL-phase [75], and 

(Ni,Pt)3Ti2 [76] in near equiatomic and slightly Ni-rich compositions. These phases, specifically 

the PL-phase strongly influence the TTs, dimensional stability, and the transformation strain and 

has a close structural connection with the B2 lattice [10, 75].  

 

2.5.3 NiTi-Pd 

 NiTi-Pd alloys, like Au and Pt, also derived their potential from the work of Donkersloot 

[58] on binary studies of Ti-alloys. Based on this, Pd was added in place of Ni to NiTi alloys to 

increase TTs and showed remarkable success. However, the substitution of Pd into Ni sites exhibits 

a parabolic trend with a local minimum at approximately 10 at. % Pd, although the exact 

composition is under debate [4, 70, 77]. This trend is caused by a change in martensitic structure 

from the monoclinic B19’ at low Pd concentrations to the orthorhombic B19 exhibited by TiPd, 

TiPt, and TiAu. NiTi-Pd alloys have seen a large amount of research over the years with the initial 

focus of improving their high temperature shape memory behavior and shifting to work output and 

dimensional stability of recently. The work by Otsuka et al. [78] first reported the poor shape 
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memory recovery of TiPd HTSMAs and presented three possible mechanisms for improving its 

shape memory behavior which have been exploited with varying degrees of success: (1) solid 

solution strengthening [4, 79-84], (2) thermo-mechanical processing [85-88] [82, 83, 89], and (3) 

precipitation strengthening [79, 82, 83, 89-91].  Shimizu et al. [91] specifically studied NiTi-Pd 

alloys on both sides of equiatomic and confirmed the low solubility of Ti and much higher 

solubility of Ni with adverse effect of lower TTs, like binary NiTi. However, this was followed up 

by Nagasako et al. [92] and observed that Ni-rich precipitates, (Ni,Pd)3Ti2 and (Ni,Pd)4Ti3, could 

be formed within to the matrix to increase transformation temperatures  and introduce precipitation 

strengthening. Recently Yang et al. [93] studied the precipitate phases in Ni-rich NiTiPd HTSMAs 

and observed that aging at low temperatures for short times allows for the formation of the P1-

phase, similar to NiTiPt alloys, prior to the formation of (Ni,Pd)4Ti3. Currently research is focused 

on the load biased thermal stress cycling experiments [71, 81, 94, 95] to allow for better 

understanding of the SMA response in real applications.  

 

2.5.4 NiTi-Hf 

 NiTiHf HTSMAs have shown the most progress and have undergone significant research 

during their development. A thorough review of NiTiHf based SMAs has been given by Karaca et 

al. [13] and the reader is pointed to this reference for a full comprehensive source on the state of 

work in NiTiHf HTSMAs, but a short overview will be given here. NiTiHf alloys are considered 

the best case for NiTi-based HTSMAs because of their relatively low cost, decent workability [96], 

and excellent shape memory characteristics. Initial, research focused on Ti-rich compositions due 

to their higher transformation temperatures [97] but these suffered from poor workability [12] and 

bad cyclic stability [98]. Early work by König et al. [99] helped produce a pseudo-phase diagram 
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based on the composition of sputtered Ti-rich NiTiHf alloys and found that four different 

precipitates exist HfNi(Ti), Ti2Ni(Hf), Hf2Ni(Ti), and Laves phases. In addition, König set the 

limits on the reversible phase transformation to Ni contents above 40 at.% and Hf contents below 

30 at. %. These precipitates have been observed by numerous researchers in both Ti-rich [100-

102] and Ni-rich compositions [103, 104]. Meng et al. [103] studied the effects of aging 

temperature on Ti-rich NiTi-Hf and showed that the shape memory properties could be improved 

by controlling precipitate size to 20-40 nm, but larger precipitates had adverse effects such as 

incomplete shape recovery. Current research has shifted the focus to Ni-rich composition due to 

the formation of a nanoscale precipitate first reported by Meng et al. as Ni4(Ti, Hf)3 [103, 105] that 

improved shape memory properties and characteristics. However, current work has accepted this 

as the “H-phase” precipitate observed by numerous researchers [13, 76, 105-117] and will be 

discussed in the next section. The mechanical properties of NiTiHf alloys have been investigated 

by many researchers [103, 105, 112, 118-124] and have shown that the material can exhibit good 

properties through training, aging, composition control, and microstructural control. The fatigue 

properties have also been studied[125] leading an alloy that is now on the verge of commercial 

development for some applications but large scale production, ease of formability, and 

composition control still remain as challenges for full scale implementation. 

 

2.5.5 NiTi-Zr 

While NiTiHf HTSMAs are currently being heavily investigated due to their ease of 

processability and excellent shape memory characteristics, it’s worth noting that Hf still costs ten 

times the price of Zr and is twice as dense; meaning that producing acceptable NiTiZr HTSMAs 

would allow for cheaper and lighter devices, two of the most important aspects in the aerospace 
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industry. A pseudobinary phase diagram adapted from Eremenko et al. [126] is given in Figure 

2.12. It was observed that alloys up to 30 at. % Zr showed the B2 structure, while further additions 

began to favor formation of the orthorhombic NiZr structure of the CrB type. Some works for the 

ternary phase diagram have been published, but most focus on the formation of quasicrystals at 

certain compositions. The reader is directed to Gupta [127] for further discussion on the full ternary 

phase diagram. The beneficial effects of Zr additions to Ni-Ti were first reported by Eckelmeyer 

et al. [59] in 1976 and later expanded by Adu Judom et al. [97] and Hsieh et al. [128, 129] to 

include higher atomic percentages while still maintaining the characteristic austenite-to-martensite 

phase transformation, up to 25 at. % Zr when substituting for Ti and the amounts of Ti and Zr sum 

to above 51 at. %. Early research focused on Ti-rich compositions due to their higher TTs but soon 

proved to be too brittle, exhibited poor thermal stability, and formed a large number of 

intermetallic phases such NiTiZr Laves phase, Ni7(Ti,Zr)2, Ni10(Ti,Zr)7,and NiZr [128, 130]; 

however, recent research has shifted to Ni-rich compositions due to the formation of nanoscale 

precipitates first recognized by Sandu et al. [107, 108]. Since it’s indexing by Han et al. [109], 

hence the common name “H-phase”, in a NiTiHf HTSMA, numerous group have reported and 

characterized the same structure in both NiTiHf and NiTiZr HTSMAs [13, 76, 105-117]. Most 

notably Yang et al. [76] who performed high resolution S/TEM and atomic modeling to verify the 

stability of the orthorhombic structure in Ni-rich NiTiHf, but spectrum of compositions has been 

reported for the phase most notably with respect to the Ti:(Zr/Hf) ratio while maintaining a 

Ni:(Ti,Hf/Zr)approximately equal 1-1.2:1 [76, 109, 114-117]. By this point, NiTiZr HTSMAs 

have slowly been disregarded not only due to their initial failures but also due to the rapid success 

of comparable Hf alloys, although Evirgen et al. [110, 111] studied the microstructural and shape 

memory effects of slightly Ni-rich NiTiZr and showed that the addition of these nanoscale 
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precipitates of the appropriate size could not only increase TTs but also the shape memory 

properties and thermal stability of the alloys. Relatively little work has been done on NiTiZr alloys 

compared to NiTiHf due to the rapid successes of Hf based alloys and thus leaves large opportunity 

for future research and improvements.  

 
Figure 2.12. Pseudobinary phase diagram for NiTi and NiZr 
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CHAPTER 3 

EXPERIMENTAL TECHINQUES 

3.1 Differential Scanning Calorimetry 

The characterization of transformation temperature (TT) in all alloys was performed by 

differential scanning calorimetry (DSC) measurements. Below a short explanation of the working 

principles and experimental methods used for this text will be discussed along with how data is 

processed for the characterization of TTs in SMAs. 

3.1.1 DSC Working Principles 

Differential scanning calorimetry, or DSC, is a thermo-analytical technique which 

measures the difference in heat flux required to increase the temperature of a sample with respect 

to a reference sample. During the experiment, the temperature of both the sample and reference 

are held nearly identical throughout; however, if the sample material goes through a physical 

transformation then the amount of heat flux required to maintain the temperature equilibrium of 

the reference and the sample will either decrease or increase. Depending on the type of 

transformation, this change can cause an endothermic, a reaction that absorbs heat, or exothermic, 

a reaction that releases heat, response in the sample both of which are detected by a change in the 

DSC signal from a relatively flat line to the development a peak. This peak can be sharp or broad 

depending on the speed and homogeneity of the reaction. Thus, DSC measurements are able to 

capture the characteristic temperatures of physical transformations and the amount of energy 

required to complete the transformation, i.e. enthalpy change. DSC measurements are used in 

numerous applications to characterize crystallization temperatures, melting temperatures, 

dissolution temperatures, glass transitions, and oxidation stability to name a few.  
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Figure 3.1 shows a schematic of a DSC furnace setup to better illustrate the experimental 

environment of the sample and reference material. Heat is flowed across the furnace disk and the 

temperature is measure through the pans. A feedback system is used to maintain temperature 

equilibrium between the sample and the reference as a user defined temperature profile is executed, 

usually a linear heating rate. Though out the temperature profile, the differential heat flux is 

recorded and plotted over time or temperature depending on the desired output.  

 
Figure 3.1. Schematic DSC furnace illustrating sample positions, furnace disk, heat flow directions 
and thermocouple locations. 
 

3.1.2 Transformation Temperatures in SMAs 

 Since DSC can detect phase transformations quickly and efficiently, it is now regarded as 

one of the primary methods for characterizing TTs in SMAs. The main two reversible 

transformations, i.e. martensite-to-austenite and austenite-to-martensite, are characterized by four 

particular temperatures associated with the peaks observed from the DSC measurement. These 

points are illustrated in the example DSC curves in Figure 3.2 and defined as As, Af, Ms, and Mf 
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or the austenitic start, austenitic finish, martensitic start, and martensitic finish respectively. These 

temperatures are defined by drawing tangent lines from the baseline and connecting it with the 

tangent lines following the slope of the DSC peak, see Figure 3.2 for schematic detail. Occasionally 

the peak positions, Ap and Mp, are also reported but these are more sensitive to experimental 

parameters such as heating and cooling rate therefore should be taken with slight caution. 

 
Figure 3.2. Example DSC curves illustrating the four main temperatures used to describe the 
characteristic reversible phase transformation in SMAs. The martensite-to-austenite 
transformation is characterized by As and Af, while the austenite-to-martensite transformation is 
characterized by Ms and Mf. The peak position for both transformations are also denoted, Ap and 
Mp. 
   

3.1.3 Experimental Methods 

 A Netzsch DSC 204 F1 Phoenix unit equipped with a CC 300 controller and 60 L LN2 

dewar to allow for temperatures as low as -150 °C was used to investigate TTs, Figure 3.3. Prior 

to acquiring experimental data, the unit was calibrated at a rate of 10 °C/min using a standard 

calibration set provided by Netzsch to cover a temperature range of –64.5 °C to 420 °C. DSC 
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sample were prepared by mechanical sectioning with a low speed saw to an approximate weight 

of 20-40 mg. Samples were mechanically pressed into an aluminum pan and pierced to allow for 

any gases to escape during testing cycle. An empty aluminum pan was also produced and pierced 

to be used as a reference sample during the measurement. All samples were heated at a rate of 10 

°C/min in a range of -100 °C to 500 °C while flowing helium at a rate of 20 mL/min as a purge 

and protective gas. All measurements were started with an initial cooling cycle first to avoid any 

aging effects in the first cycle. Samples were then cycled between 2-10 times to check initial TTs 

and the overall thermal stability of the transformation as a function of repeated transformation. 

Data was processed using Netzsch Proteus analysis software to find As, Af, Ap, Ms, Mf, and Mp 

and then re-plotted using a standard graphing programs. 

 
Figure 3.3. Netzsch DSC 204 F1 Phoenix with CC 300 controller and 60 L LN2 dewar. 
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3.2 Synchrotron Radiation X-ray Diffraction 

 The major method of characterization used for this study is high-energy synchrotron 

radiation X-ray diffraction (SR-XRD) in transmission geometry. SR-XRD allows for high 

resolution structural studies in a wide range of environments. Due to the large “hutch” sizes, 

sample environments and experimental geometries can be tailored for very specific in situ or ex 

situ investigations. In addition, beam conditions can also be tuned to produce high quality data for 

almost any sample type. In the following sections, a brief overview will be given starting with 

principles of X-ray diffraction and Bragg’s Law followed by the production of X-rays by 

synchrotron radiation and finally a discussion on 2-D diffraction along with experimental setup 

and standard data analysis procedures.  

 

3.2.1 X-ray Diffraction and Bragg’s Law 

 Diffraction methods allow for identification of chemical compounds from their crystalline 

structure, not from their composition of chemical elements. This allows for the determination of 

different phases in the material that have the same chemical composition but different crystal 

structures. Specifically, diffraction also allows for qualitative or quantitative phase, strain, texture, 

particles size analysis, and many other properties related to crystal and microstructure depending 

on the setup. In general, the investigation of crystalline structures incorporates the use of either X-

rays, electrons, or neutrons with X-rays being the most common and the focus of the work 

presented in this document, therefore the rest of this discussion will be focused on X-ray diffraction 

specifically. 

 X-ray is the term for electromagnetic radiation that has high energies and short 

wavelengths. Looking at the electromagnetic spectrum in Figure 3.4 shows specifically why X-
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rays can be used in the determination of crystal structures. This is because the wavelength is on 

the order of the atomic lattice spacing for solids, i.e. 0.2 nm or 2 Å. Therefore, the conventional 

range of wavelengths for diffraction studies is between 0.05 nm and 0.25 nm depending on the 

structure of the material and the source available, although smaller wavelengths can be used when 

higher energies are needed.  

 
Figure 3.4. The electromagnetic spectrum illustrating the relationship between wavelength and 
energy. 
 

When an X-ray impinges on a solid material, a portion of the X-ray beam is scattered in all 

directions by the electron cloud associated with each atom or ion that lies in the beam’s path. Every 

atomic site causes a scattering of the X-ray; thus, the scattered waves create an interference pattern 

that can either cancel out or reinforce the intensity of the now scattered X-ray. Now considering 

the scattering of X-rays by a periodic arrangement of atoms, i.e. a crystal structure, a representative 

pattern of the atomic arrangement of atoms will be produced based on the intensity and location 

of the “in phase” or constructive interference pattern of the scattered waves. The basic law of 

diffraction, called Bragg’s Law is the following: 

 𝑛𝑛𝜆𝜆 = 2𝑑𝑑 sin 𝜃𝜃 (3.1) 
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Bragg’s Law can be derived by the following method and examination of Figure 3.5. 

Simply by calculating the traveled path difference between the incident beam 1 and 2 and then 

setting this equal to an integral number of wavelengths, i.e. coherent scattering between the 

diffracted beams 1ꞌ and 2ꞌ, result becomes Bragg’s Law. For the case in Figure 3.5, path difference 

traveled by wave 2 is equal to the lines 𝐷𝐷𝐷𝐷���� and 𝐷𝐷𝐸𝐸����.  The distance 𝐷𝐷𝐷𝐷���� is equal to 𝐷𝐷𝐸𝐸���� and can be 

related to the diffraction angle, θ, and the interplanar spacing distance between lattice planes A 

and B, d, by the trigonometric function 𝐷𝐷𝐷𝐷���� = 𝑑𝑑 sin 𝜃𝜃. Lastly, the final form of Bragg’s Law can 

be written as 𝐷𝐷𝐷𝐷���� + 𝐷𝐷𝐸𝐸���� = 𝑛𝑛𝜆𝜆 = 2𝑑𝑑 sin𝜃𝜃, exactly the result for Bragg’s Law.  

 
Figure 3.5. Schematic of Bragg diffraction from lattice planes A and B. The path difference 
between the incident and diffracted beam is equal to 𝐷𝐷𝐷𝐷����  +  𝐷𝐷𝐸𝐸����  =  2𝐶𝐶𝐷𝐷����  sin𝜃𝜃. 
 

 Crystal planes are represented by bright spots or peaks in diffraction patterns that satisfy 

Bragg’s Law and create constructive interference of the diffracted beam. By applying Bragg’s Law 

to a peak, a direct measure of the lattice spacing in a crystal structure can be measured. In real 

materials, Bragg’s Law is being satisfied by several planes in three dimensions creating an array 

of bright spots. This array of bright spots has become known as the reciprocal lattice and is unique 



37 
 

to the structure and atomic positions of the atoms, where each bright spot is a representation of a 

specific crystallographic plane with Miller indices (hkl). An understanding of the reciprocal lattice 

is useful for interpretation of the collected diffraction pattern. 

 The reciprocal lattice is an array of points in an imaginary reciprocal space that directly 

relates to the real crystal lattice in real space by the following relationship: 

 𝒂𝒂∗ ⊥ 𝒃𝒃 and 𝒄𝒄,𝒃𝒃∗ ⊥ 𝒂𝒂 and 𝒄𝒄, 𝒄𝒄∗ ⊥ 𝒂𝒂 and 𝒃𝒃 (3.2) 

Where a*, b*, and c* are the unit vectors of the reciprocal lattice and a, b, and c are the unit vectors 

in the real lattice. In addition, the two following relationships are also true for determining 

directions and distances in the reciprocal lattice, respectively. 

 𝒅𝒅ℎ𝑘𝑘𝑘𝑘∗ = ℎ𝒂𝒂∗ + 𝑘𝑘𝒃𝒃∗ + 𝑙𝑙𝒄𝒄∗ ;  |𝒅𝒅ℎ𝑘𝑘𝑘𝑘∗ | =  �
𝟏𝟏
𝒅𝒅ℎ𝑘𝑘𝑘𝑘

� (3.3) 

Where 𝒅𝒅ℎ𝑘𝑘𝑘𝑘∗  is equal to a vector describing a direction in the reciprocal lattice, h, k, l, are points in 

the reciprocal lattice that represent specific (hkl) planes, and 𝒅𝒅ℎ𝑘𝑘𝑘𝑘 is the interplanar spacing of the 

(hkl) plane in the crystal. For a more thorough review on the reciprocal lattice and its relationship 

to the crystal structure, the reader is directed to the numerous written on crystallography and 

diffraction techniques. Also, concepts such as the Ewald sphere will not be discussed here but can 

also be very helpful in graphically interpreting the reciprocal lattice and Bragg’s Law at the same 

time and leads to the same results for the diffraction of crystals.  

 

3.2.2 Laboratory X-ray Diffraction Instrumentation 

 The function of a diffractometer is to detect the diffracted X-rays from a material and 

record the intensity as a function of the diffraction angle (2θ) as the detector and source move 

across an arc. Figure 3.6 presents a schematic representation of the geometry in a standard Bragg-

Brentano diffractometer. In this type of diffractometer, the sample is held at a constant location 
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and both the source and detector are coupled in an arc to measure diffracted X-ray intensities at 

different 2θ values. By doing so, a 1-dimensional diffraction pattern can be obtained for the 

specific orientation of the sample. Rotating the sample along the laboratory Z-axis, i.e. the 

direction normal to the sample surface allows for the collection of different orientation and is 

known as an ω-rotation. This can lead to different results between diffraction patterns if the 

statistical grain count is low or the sample is textured, in addition doing multiple ω-rotation can 

lead to a pole figure used texture analysis of samples. 

 
Figure 3.6. A schematic representation of a Bragg-Brentano diffractometer. 

 

 An example of the data collected using a standard Bragg-Brentano diffractometer is given 

in Figure 3.7. In the example, three different NiTi-20 at.% Zr (the same alloys presented in Chapter 

4 and 5) were measured and while all the diffraction data gives the correct martensitic B19 ꞌ 

structure, it is observed that there exist major differences in the texture or intensity of the 

reflections between all three samples. This creates an inherent disadvantage in laboratory XRD 

measurements. That is depending on the sampling area, very different results can be obtained if 

the material exhibits any texturing or large of grains creating low statistics. When measuring 

powders, these issues are not as apparent, but in bulk materials, especially NiTi alloys which show 
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texturing due to the mechanisms of the shape memory effect, they can be extremely misleading. 

Other disadvantages include low spatial resolution, high divergence of the monochromatic x-ray, 

limited to reflection geometries, low penetration depths, and slow data acquisition due to the low 

brilliance of standard X-ray tubes. Much of these limitations can be overcome using high-energy, 

high-brilliance sources such as those generated by synchrotron radiation. 

 
Figure 3.7. Example laboratory XRD measurements on three NiTi-20at.% Zr alloys. All diffraction 
patterns show a fully martensitic B19ꞌ microstructure but vary vastly in texture due to the small 
sampling window in a 1-dimensional diffraction pattern. 
 

3.2.3 Synchrotron Radiation 

 Synchrotron radiation is caused when a moving charge, generally electrons, at relativistic 

speeds follows a curved trajectory. The phenomenon was first observed at the GE Research 

Laboratory in 1947 on a 70-MeV electron synchrotron with a donut-shaped transparent electron 

tube proposed by Pollack. Soon after the observation spectral and polarization properties of the 

beam were being characterized [131, 132]. Since its discovery, synchrotron radiation facilities 
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have now matured into dedicated sources for high resolution characterization of materials and their 

properties. This development is generally divided into the following generations: 

1. First Generation: Parasitic operation and storage rings 

2. Second Generation: Dedicated sources 

3. Third Generation:  Optimized for brightness 

4. Fourth Generation: Hard X-ray free-electron laser (FEL) 

First generation sources such the Synchrotron Ultraviolet Radiation Facility, SURF, were 

known as parasitic sources because the accelerators they relied on were initial built for high-energy 

or nuclear physics research. However, once researchers realized the potential of synchrotron based 

techniques there became a high demand for access. This led to the introduction of the second 

generation sources that were dedicated facilities for the production of synchrotron radiation, which 

helped to bring the imbalance between demand and availability into balance. In addition, during 

this generation major strides were made in beam brightness by optimization of the storage-ring 

lattice, i.e. arrangement of dipoles, quadrupole, and sextupole magnets, and by the addition of 

insertion devices such as wigglers and undulators over the original bending magnets. These 

insertion devices produced even higher fluxes and better coherency over the previous generation. 

Currently, the third generation of sources are now in use, such as the Advanced Photon Source in 

Argonne National Laboratory, and can generate much higher electron energies ( >6 GeV) and even 

brighter X-ray beams by the addition of longer straight sections for undulators before sample 

interaction. The fourth generation sources, free electron laser (FEL) sources, are still in the 

research and development phase, but these are projected to be able to obtain peak brightness many 

orders of magnitude higher than the current generation and pulse lengths on the femtosecond scale 

with a fully coherent beam. Figure 3.4 shows the spectral brightness for several X-ray sources to 
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illustrate the advantage of SR X-ray sources which show many orders of magnitude greater 

brightness over conventional sources. 

 
Figure 3.8. Spectral brightness for different X-ray sources showing the high brightness available 
when using synchrotron radiation [131]. 

 

3.2.4 Debye-Scherrer 2-D Diffraction 

The high-brightness, low divergence and high energies available at SR based sources allow 

for improved diffraction experiments such as high-resolution and time-resolved experiments not 

possible using standard XRD. One of the main advantages when studying bulk material is the 

ability to set up experiments in transmission geometry and record the diffraction pattern, Debye-

Scherrer diffraction cone, on a two-dimensional area detector rather than only a single dimension 

diffraction pattern as generally collected in normal laboratory environments. This area pattern is 
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called a Debye-Scherrer diffraction ring and can have a variety of looks based on texture/crystallite 

size and amount. Figure 3.9 shows example data from an area detector for various NiTiZr/Hf alloys 

exhibiting different degrees of homogeneity of the intensity profile of the Debye-Scherrer 

diffraction rings. In Figure 3.9(a), a “spotty” diffraction ring is shown indicating the low sampling 

volumes of grains within the irradiated volume with a texture associated with those grain as the 

reflections are generally limited to certain azimuthal angles in specific directions. Figure 3.9(b) 

shows a different case with finer grains producing a clean diffraction signal but highly aligned 

reflections indicating a texture and specifically a rolled texture with the martensite (001) planes 

parallel to the rolling direction. Last example, Figure 3.9(c), presents a hot extruded NiTiHf alloy 

that underwent recrystallization and now resembles a fine powder diffraction pattern, i.e. 

homogenous intensity at all azimuthal angles and fine rings. The red areas in Figure 3.9 show the 

approximate sampling area for conventional XRD and now direct observation of the problems 

possible are apparently specifically in (a) and (b) where it would be entirely possible and likely to 

miss phases present and misinterpret texture information.  

 
Figure 3.9. Example Debye-Scherrer diffraction patterns displaying various degrees of texture and 
grain sampling in NiTiHf/Zr alloys examined in (a) Chapters 4, 5 and (b) Chapter 6, (c) will not 
presented. All samples display a B19ꞌ martensitic structure. The red box outlines the approximate 
sampling area of conventional laboratory XRD. 
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A comparison between conventional XRD and high-energy SR-XRD, specifically the 

advantages using large user facilities when possible on the data acquired. As discussed earlier, 

texture information can be lost when only sample in one dimension. In addition, phase information 

can also be lost if the phase is either sparse in crystallite amount or textured along certain 

crystallographic orientations. Data acquisition times are also a major advantage in SR-XRD 

measurements. While convention XRD takes on the order of hours to produce high quality, large 

2θ range patterns, SR-XRD can produce better results in less than a second due to the high 

brightness of the beam with respect to convention X-ray tubes. Other advantages include lower 

backgrounds, low divergence angles of the incident beam, higher energies, and generally large 

sample sizes creating a higher resolution diffraction that allows for the detection of minor phases 

and more precise lattice measurements. The last advantage that will be discussed is the tunable 

beam properties of SR-XRD, i.e. beam size and energy. Sub-micron beam sizes are easily possible 

and thus experiments can focus on specific areas of the sample allowing for high resolution 

diffraction mapping and therefore phase and potential strain mapping of samples. One such map 

is presented in Figure 3.10, which shows the phase and strain mapping of a Ti-alloy after friction 

stir processing. It’s clear that the high-resolution SR-XRD data can yield valuable information not 

possible using convention diffraction techniques.  
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Figure 3.10. Phase and strain mapping of a friction stir processed titanium alloy illustrating the 
advantages of SR-XRD for phase and strain mapping using area diffraction measurements. 
 

3.2.5 Experimental Setup 

For the purpose of the experiments in these studies, SR-XRD was used to examine phase 

and oxide changes in NiTiZr, Chapters 4 and 5, and NiTiHf, Chapter 6, HTSMAs during high 

temperature aging cycles while collecting diffraction patterns throughout the temperature profiles. 

Figure 3.11 presents a schematic of the beam line experiments. After the electrons are oscillated 

to produce X-rays, the beam is then monochromated. A guard slit is placed in in-line after the 

monochromatic beam to protect the user from radiation exposure during setup and to avoid 

accidental exposure to samples. After this guard slit, the beam is then defined in size/shape by the 

defining slit. Once the beam is defined for energy, brightness, size, and shape, it will now enter 

the experimental area and pass through an ion chamber where the initial intensity of the beam is 

recorded. The beam interacts with the sample and the diffraction pattern is produced and collected 

by an area detector placed down-stream at a set, calibrated distance. The transmitted portion of the 
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beam, or the portion not diffracted by the sample, passes directly through the sample and is stopped 

by a beam stop, generally a thick piece of Pb or another high X-ray absorption material, to save 

the detector from overexposure. In addition, the transmitted intensity is recorded down-stream the 

sample prior to the beam stop. 

  
Figure 3.11. Schematic of the experimental setup for in situ heating and cooling experiments. The 
accelerated electrons from the synchrotron are oscillated by the undulators/wigglers to produce the 
characteristic bright and highly coherent X-ray beam where the energy is set. 
 

The furnace used for the in situ experiments is a Linkam Stage TS1500, Figure 3.12, 

capable of reaching 1500 °C and allowing for gas flow through the sample during heating creating 

the specific environment desired. The furnace features a Kapton window that is X-ray transparent 

to avoid inclusion of non-sample phases in the diffraction pattern. The exact heating profiles and 

beam conditions for each experiment will be discussed in the separate chapters as they are sample 

dependent and thus require different explanations for each measurement.  

 
Figure 3.12. Linkam TS1500 furnace used in SR-XRD in situ heating experiments. Allows for 
heating of small samples up to 1500 °C and flowing gas environments (http://www.linkam.co.uk/). 
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3.2.6 General Data Analysis for Area Detectors 

A general procedure for the data analysis of two-dimensional diffraction data acquired by 

an area detector will be given in this section. In this dissertation this was performed using Fit2D 

[133] and a custom MATLAB code [134]. An outline of the procedure is listed below: 

1. Acquire data from a standard sample (CeO2, Si, LaB6, etc.) in the geometry and beam 
conditions for the given experiment. 

2. Calibrate and correct detector parameters such as beam center, sample-to-detector 
distance, and tilt corrections using Fit2D or another powder diffraction software. 

3. Convert polar coordinates (radial distance and azimuthal angle) diffraction pattern 
coordinates to a Cartesian coordinate system (where x = radian distance, y = azimuthal 
angle, and color scale = intensity). 

4. Verify the standard sample exhibits “straight” reflections, not “wavy”, in the Cartesian 
transformed pattern to check beam center and detector tilt corrections. Adjust 
parameters as needed to “fix” diffraction pattern. 

5. Convert x-axis from radial pixels to 2θ/d-spacing using trigonometric relationship and 
Bragg’s Law. 

6. Integrate 2-D Cartesian diffraction pattern to produce a 1-D diffraction pattern over a 
set number of azimuthal angles between 1-360° bin size, will produce between 360 and 
1 output spectra depending on bin size. 

7. Fit 1-D spectra using a pseudo-Voigt function for the desired peaks and output desired 
values, i.e. shape factor, FWHM, θ, intensity, d-spacing, etc. 

8. Produce sin2 𝜓𝜓 plots to verify standard or to obtain d0, unstrained lattice spacing, for 
strained samples. Adjust lattice spacing accordingly. 

9. Perform further quantitative analysis if desired for phase fraction, bi-strain, Rietveld 
refinement, particle size, lattice relief, etc.  

Examples of the three different transforms (raw data, Cartesian transform, and 1-d 

integration) are shown in Figure 3.13 for a NiTi-at.% 15 Hf, Chapter 6 of this dissertation. Often, 

quantitative phase fraction and lattice parameters are done using a Rietveld refinement. Rietveld 

fitting of a diffraction pattern is the simultaneous least-squares fitting of all diffraction peaks 

within a given 2θ or d-spacing range. Generally this is done using commercial or open source 
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software, such as GSAS [135], FullProf [136], or MAUD [137], and tutorials can be found at 

various websites or user manuals. However, to the author’s knowledge, no open source software 

is available for the calculation of residual strain by the bi-strain approximation. Therefore, a short 

review of the method and equations will be given.  

 
Figure 3.13. Examples of the three transformations during the analysis of the area diffraction data. 
 

 Strain/stress analysis by diffraction involves the measure of the d-spacing along the 

azimuthal angle, η, and comparing to the unstressed lattice spacing, d0, obtained during the sin2 𝜓𝜓 

analysis. Basic approach follows the methods outline in Noyan et al. [138]. A sin2 𝜓𝜓 analysis is 

easily performed on a 2-d area detector as the angle ψ is related to η for 0 ≤ η ≤ π/2 by 𝜓𝜓 =  𝜂𝜂 +

 𝜃𝜃𝑏𝑏 cos 𝜂𝜂 and variations for π/2 ≤ η ≤ 2π outlined in Almer et al. [139] and the then plotted against 

the fit radial spacing of the reflection. Plotting the same reflections at many different strained states 

results in the intersection of the lines at a given ψ-value, which can be converted into an invariant 

azimuthal angle η0. From here d0 is easily calculated and be used in the fundamental lattice strain 

equation to find the absolute strain at a given η using: 

 𝜀𝜀(𝜂𝜂) =
(𝑅𝑅0 − 𝑅𝑅(𝜂𝜂))

𝑅𝑅0
 (3.4) 

 
From these values the two axial strain components in the sample, ε11 and ε22, can easily be 

calculated as the vertical and horizontal directions depending on the orientation of the loading or 
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prior processing. The bi-strain assumption assumes that the material is under bi-axial stress state 

and thus there is no shear stress component in the σ13 and σ23. If this is true, the sin2 𝜓𝜓 analysis will 

produce a linear curve. A non-linear curve is an indication that the material is (1) under a tri-axial 

stress state, (2) there exist a strain gradient through the irradiated volume and/or (3) the material 

is heavily textured [138]. Non-linear sin2 𝜓𝜓 plots complicate the analysis, but using the 

fundamental strain equation, the strain values can be calculated in the six principle directions by 

solving: 

 
𝜀𝜀𝜑𝜑𝜑𝜑 =  𝜀𝜀11 cos2 𝜑𝜑 sin2 𝜓𝜓 + 𝜀𝜀12 sin 2𝜑𝜑 sin2 𝜓𝜓 + 𝜀𝜀22 sin2 𝜑𝜑 sin2 𝜓𝜓 

+ 𝜀𝜀13 cos𝜑𝜑 sin 2𝜓𝜓 + 𝜀𝜀23 sin𝜑𝜑 sin 2𝜓𝜓 + 𝜀𝜀33 cos2 𝜓𝜓 
(3.5) 

 
where 𝜀𝜀𝜑𝜑𝜑𝜑 is the measured strain in φ and ψ and  𝜀𝜀𝑖𝑖𝑖𝑖 are the strain tensor components in the sample 

coordinates [138]. The strain tensor can be further simplified following the methods outlined in 

He et al. [140] to yield the equation: 

 𝜀𝜀𝜑𝜑𝜑𝜑 = ln �
𝑠𝑠𝑠𝑠𝑛𝑛 𝜃𝜃0
𝑠𝑠𝑠𝑠𝑛𝑛 𝜃𝜃

� =  𝜀𝜀11𝑓𝑓11 + 𝜀𝜀12𝑓𝑓12 +  𝜀𝜀22𝑓𝑓22 +  𝜀𝜀13𝑓𝑓13 +  𝜀𝜀23𝑓𝑓23 + 𝜀𝜀33𝑓𝑓33 (3.6) 

 
where ln �𝑠𝑠𝑖𝑖𝑠𝑠 𝜃𝜃0

𝑠𝑠𝑖𝑖𝑠𝑠 𝜃𝜃
� determines the diffraction cone distortion due to strain and 𝑓𝑓𝑖𝑖𝑖𝑖 are strain 

coefficients determined by the matrix operation: 

 𝐅𝐅 = 𝐌𝐌𝑆𝑆𝑆𝑆(𝜔𝜔,𝜓𝜓,𝜑𝜑)●𝐌𝐌𝐷𝐷𝐷𝐷(𝜼𝜼,𝜽𝜽) (3.7) 

 
where 𝐌𝐌𝑆𝑆𝑆𝑆(𝜔𝜔,𝜓𝜓,𝜑𝜑) is the sample orientation matrix and 𝐌𝐌𝐷𝐷𝐷𝐷(𝜼𝜼,𝜽𝜽) is the experimental diffraction 

cone matrix [140]. Once calculated, the strain for each crystallography plane can be tracked during 

in situ during mechanical, thermal, or other experimental environments.  
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CHAPTER 4 

EFFECT OF NI-CONTENT ON THE TRANSFORMATION TEMPERATURES IN NITI-20 

AT. % ZR HIGH TEMPERATURE SHAPE MEMORY* 

4.1 Abstract 

The effect of Ni-content on phase transformation behavior of NiTi-20 at. % Zr high 

temperature shape memory alloy (HTSMA) is investigated over a small composition range, i.e. 

49.8, 50.0, and 50.2 at. % Ni, by differential scanning calorimetry (DSC), high-energy synchrotron 

radiation X-ray diffraction (SR-XRD), scanning electron microscopy (SEM), and transmission 

electron microscopy (TEM). All samples show a monoclinic B19’ martensitic structure at room 

temperature. It is shown that even with these small variations in Ni-content the alloy shows vastly 

different transformation temperatures and responds drastically different to aging treatments at 550 

and 600 °C. Lastly, a discussion on H-phase composition with respect to bulk composition is 

presented. 

4.2 Introduction 

To the author’s knowledge, there has yet to be a systematic study that examines how small 

changes in Ni-content of near equimolar compositions in NiTiZr HTSMAs can affect precipitation, 

TTs, transformation stability, and microstructure. It is the intent of this study to fill this void and 

to elucidate precipitation regions based on composition and aging temperature by examining three 

NiTi-20 at. % Zr HTSMAs with small changes in Ni-content. The three HTSMAS are 

subsequently characterized by differential scanning calorimetry (DSC), scanning electron 

*This entire chapter is reproduced from Carl, Matthew, Jesse D. Smith, Brian Van Doren, and Marcus L. Young.
"Effect of Ni-Content on the Transformation Temperatures in NiTi-20 at.% Zr High Temperature Shape Memory 
Alloys." Metals 7, no. 11 (2017): 511. DOI: 10.3390/met7110511. Copyrights retained by authors. 
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microscopy (SEM), transmission electron microscopy (TEM), and high-energy synchrotron X-ray 

diffraction (SR-XRD). 

 

4.3 Materials and Methods 

Three 200 g ingots of NiTi-20 at. % Zr with Ni-content of 49.8, 50.0, and 50.2 at. % 

(referred to Ni-lean, equimolar, and Ni-rich, respectively, throughout the paper) were arc-melted 

in an inert argon environment using high purity elemental Ni, Ti, and Zr at ATI Specialty Alloys 

and Components and supplied to the University of North Texas for further investigation. The as-

cast ingots were then sectioned into approximate 7 × 7 × 45 mm3 strips and solutionized at 1000 

°C for 1 hr in air to remove any casting effects and subsequently mechanically polished to remove 

the formed oxide layer. Rolling of alloys was not attempted because all three compositions 

exhibited gross cracking during water quenching after solutionizing treatment. Solutionized 

samples were then sectioned into 7 × 7 × 1 mm3 slices, so that aging at 550, 600, and 800 °C for 

various times could be examined under the same starting metallurgical conditions. Aging at 550 

°C was chosen since it is the generally accepted peak aging temperature for Ni-rich NiTiHf/Zr 

HTSMA [106, 110, 115]. Aging at 600 °C was chosen since this will increase the precipitation 

rate. Aging at 800 °C was chosen to investigate possible precipitation during hot rolling 

applications. 

TTs were examined using a Netzsch differential scanning calorimetry (DSC) 204 F1 

Phoenix at a heating rate of 10 °C/min while under a helium environment to negate oxidation. 

Sample weights were kept between 20-30 mg and then thermally-cycled from 50-400 °C. In 

addition, some samples were cycled 10 times to assess stability of the transformation. The 

austenitic and martensitic start, peak, and finish temperatures (As, Ap, Af, Ms, Mp, and Mf 
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respectively) represent the onset, peak position and the end of the transformation peaks measured 

in the DSC experiments. 

High-energy synchrotron radiation X-ray diffraction (SR-XRD) measurements were 

collected at the Advanced Photon Source (APS) in Argonne National Laboratory at the sector 11-

ID-C beam line in transmission mode with a sample thickness of approximately 1 mm. For ex situ 

experiments, Debye-Scherrer diffraction patterns were taken at a beam energy of approximately 

105.1 keV and rectangular beam size of 0.3 x 0.3 mm2 for an exposure time of 0.5 seconds/frame 

incorporating 8 summed frames for approximately 4 seconds total exposure time for each 

measurement. Diffraction data was collected using a Perkin Elmer amorphous silicon detector, 

which was positioned approximately 1.8 m from the sample and calibrated using Ce2O powder. 

For in situ experiments, Debye-Scherrer diffraction patterns were continuously collected as the 

sample was heated from 30 to 550 °C at a rate of 30 °C/min and held for 3 hours to observe 

precipitate growth. These measurements were recorded at a beam energy of 105.1 keV with a beam 

size of 0.5 × 0.5 mm2 for an exposure time of 0.1 seconds/frame incorporating 100 summed frames 

for an approximate total exposure time of 10 seconds for each diffraction pattern. A 2 mm stainless 

steel block was placed in front of the beam before the sample to act as an absorber to prevent 

overexposure of the diffraction patterns. Data analysis was performed using a combination of 

Fit2D [133], custom MATLAB code [134], Fiji [141], an imageJ package, for qualitative phase 

analysis, and MAUD [137], Materials Analysis Using Diffraction, for Rietveld refinement of the 

lattice parameters. Powder diffraction data for binary NiTi B19’ (PDF number: 03-065-0145) [37] 

was used as a starting point for refinement of NiTiZr martensitic phase. Ti2Ni phase structural 

parameters were obtained from the COD database [142](COD ID: 2310267 [143]) and H-phase 

parameters were obtained from Yang et al. [76] and used for identification of XRD reflections. 
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Scanning electron microscopy (SEM) was performed using a Hitachi TM3030. Samples 

were etched with a 26mL glycerol, 6 mL concentrated HNO3, and 1mL concentrated HF solution 

for 5 seconds. Area fraction was calculated using a total image area of 0.25 mm2 and measuring at 

least 3000 particles for each alloy. Transmission electron microscopy (TEM) samples were 

prepared using the lift-out method on an FEI Nova 200 Nanolab dual beam SEM/focused ion beam 

(FIB) and thinned to an appropriate thickness for TEM imaging. High angle annular dark field 

scanning TEM (HAADF-STEM) images were collected using an FEI Techai G2 F20 S-Twin 

200keV field-emission S/TEM equipped with an EDS system to allow for compositional analysis. 

The HAADF detector specifically allows for Z-contrast imaging in STEM mode so that 

precipitation could easily be identified within the martensitic matrix. 

 

4.4 Results 

4.4.1 Differential Scanning Calorimetry (DSC) for Transformation Temperatures 

Figure 4.1(a-c) shows the DSC data over two thermal cycles for the Ni-lean, Equimolar, 

and Ni-rich samples, respectively. In the solutionized condition, the Ni-lean alloy exhibits the 

highest TTs, followed by the equimolar alloy and then the Ni-rich alloy. After aging at 550 and 

600 °C, all three alloys show different responses with respect to changes in TTs. For the Ni-lean 

case, both the austenitic and martensitic phase transformation peaks continually fall to lower 

temperatures and slightly broaden with increasing aging times. The Ni-rich alloy exhibits the 

opposite trend with respect to TTs position. As aging times increase, TTs also increase while a 

peak broadening is also observed. The equimolar alloy is observed to be less sensitive to aging 

effects with only minor changes in the DSC curves despite what aging treatment is employed. The 
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one exception to this is the 550 °C for 1 hour (lowest temperature and shortest time); a two-stage 

transformation is observed at this heat treatment. 

 
Figure 4.1. Offset Raw DSC data for the (a) Ni-lean, (b) equimolar, and (c) Ni-rich alloys showing 
TTs as a function of heat treatment. 
 

Figure 4.2(a-c) shows the transformation peak positions, specifically Af and Ms, from DSC 

measurements over 10 thermal cycles for the solutionized, 550 °C for 3 hours, 600 °C for 1 hour, 

and 600 °C for 6 hours conditions for the Ni-lean, equimolar, and Ni-rich alloy, respectively. For 

the rest of this article, we will define a stable transformation as a temperature drop less than 0.5 

°C between consecutive cycles for both Af and Ms. Using this criterion and examining the 

solutionized conditions, it is observed that the Ni-lean and equimolar exhibit a stable phase 

transformation after only three heating cycles, while the Ni-rich achieves stability after 8 thermal 

cycles. Aging the Ni-lean and equimolar samples does not affect the overall stability of the 

transformation with all three aging treatments showing a transformation temperature stabilization 

after 3-4 heating cycles. 
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Figure 4.2. TT position acquired from DSC thermal cycling data for the (a) Ni-lean, (b) equimolar, 
and (c) Ni-rich alloys over 10 heating and cooling cycles. Only Af and Ms are shown for clarity, 
however both As and Mf show a similar trend in all cases. 
 

For the Ni-rich sample, all three heat treatments again reach transformation stabilization after 8 

heating cycles, similar to the solutionized sample, but the overall transformation temperature drop 

for the Af, i.e. the transformation temperature at cycle one minus cycle ten, is approximately 15 

°C less for all three heat treatments, 39.5 °C for the solutionized and approximately 25 °C for the 
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heat-treated samples. Overall, the Ni-lean and the equimolar samples show much better stability 

in TTs than the Ni-rich sample no matter which heat treatment schedule is performed.  

 

4.4.2 Microstructural and High Energy SR-XRD Analysis 

Figure 4.3(a-c) shows SEM images of the Ni-lean, equimolar, and Ni-rich alloy, 

respectively, in the solutionized condition. The micrographs indicate a mostly martensitic structure 

with the presence of (Ti,Zr)2Ni or (Ti,Zr)4Ox type precipitates in all the samples, black phases in 

the micrographs. These will be discussed as (Ti,Zr)2Ni precipitates for the remainder of this article. 

The area fraction of the (Ti,Zr)2Ni precipitates increases with decreasing Ni-content and the size 

of the precipitates also increases slightly with the Ni-lean showing a higher distribution of large 

particles. Other conditions, are not shown due to a lack of change associated with the micrographs 

at SEM resolution and therefore will no longer be discussed. 

 
Figure 4.3. Backscattered electron (BSE) micrographs of the solutionized conditions for the (a) 
Ni-lean, (b) equimolar, and (c) Ni-rich alloys. All alloys show a similar martensitic structure with 
increasing amounts of the (Ti,Zr)2Ni precipitates (black phase) scattered within the martensitic 
matrix as (Ti,Zr) amount is increased. Calculated % area fraction is given in the bottom left of 
each micrograph. 
 

 Figure 4.4(a-c) shows both the full Debye-Scherrer diffraction patterns and the 

corresponding 1-D integrated diffraction pattern from ex situ experiments for the solutionized 

conditions of the Ni-lean, equimolar and Ni-rich alloy, respectively. The calculated lattice 

parameters using a Rietveld refinement fitting method are also given. All three alloys show similar 
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results that indicate a fully monoclinic B19’ structure and residual texture, i.e. oriented diffraction 

spots, associated with the casting process. In addition, all of the diffraction patterns appear ”spotty” 

due to the small beam size in relation to the grain size although enough grains are being irradiated 

to confirm that the alloys exhibit polycrystalline behavior. Based on SEM images, it is estimated 

that approximately 2500 grains, martensitic lathes, are within the irradiated volume. Lastly, the 

only notable second phase present is a (Ti,Zr)2Ni peak centered at 2.26 Å, which is observable in 

all the samples but is highest in intensity in the Ni-lean case, Figure 4.4(a). No residual austenite 

is detected in any of the solutionized conditions. 

 
Figure 4.4. SR-XRD diffraction data from ex situ experiments including both the full Debye-
Scherrer diffraction pattern and the integrated normalized 1-D diffraction pattern collected  for the 
(a) Ni-lean, (b) equimolar, and (c) Ni-rich in the solutionized condition. Confirms the B19’ 
martensitic structure present in all three alloys at room temperature. Selected martensite peaks 
indexed for clarity and calculated lattice parameters obtained by the Rietveld method also included 
in each graph. 
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Figure 4.5(a-c) shows integrated 1-D diffraction patterns from ex situ experiments, which 

have been normalized and offset, for the 550 °C for 3 hours, 600 °C for 6 hours, and 800 °C for 3 

hours heat treatment conditions for the Ni-lean, equimolar and Ni-rich case. Looking at the Ni-

lean case, Figure 4.5(a), it is observed that a sharp peak is apparent between the martensitic fingers 

at approximately 2.19 Å and is indexed to be residual austenite residing in the martensite matrix.  

 
Figure 4.5. SR-XRD integrated normalized 1-D diffraction patterns from ex situ experiments for 
select heat treatment conditions for the (a) Ni-lean, (b) equimolar, and (c) Ni-rich condition 
illustrating different precipitation growth. The appearance of residual austenite is evident in some 
of the conditions (peak at 2.19 Å indicated with a triangle). Growth of the (Ti,Zr)2Ni precipitates 
is not obvious in any of the samples (peak at 2.25 Å indicated by a star), while H-phase growth is 
observed in the Ni-rich alloy by the appearance of a broad peak (peak at 2.21 Å indicated by a 
circle). 
 

This peak is most prevalent in the 550 °C for 3 hours and least visible in the 600 °C for 6 hour 

condition, which is most likely due to the small interaction volume associated with the micro-beam 

used to collect the diffraction data in addition to the low intensity, spotty nature of the residual 
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austenite throughout the matrix. The main point of interest however is tracking the (Ti,Zr)2Ni 

precipitate phase, e.g. small peak at 2.25 Å. From the diffraction patterns taken during ex situ 

experiments, it is not readily obvious that any meaningful change in amount of precipitates can be 

observed. Figure 4.5(b) shows the diffraction data for the equimolar alloy. No observable phase 

growth is observed at any condition when the alloy is treated at 550 °C or 600 °C for any amount 

of time. However, once the temperature is raised to 800 °C for 3 hours, the same peak for the 

residual austenite at 2.19 Å is observed. Figure 4.5(c), the Ni-rich 1-D diffraction data, a different 

broad peak is observed, centered at 2.21 Å, in the diffraction data when the alloy is treated at 550 

°C or 600 °C. This peak has been indexed as the nano-strengthening H-phase seen in other NiTiZr 

and NiTiHf HTSMAs compositions [106, 109, 110, 114, 115, 117] using the basis positions from 

Yang et. al [76]. Once increasing the temperature to 800 °C, the presence of the broad H-phase 

peak is no longer observed, but rather the sharp residual austenite peak at 2.19 Å is observed 

instead. 

 Figure 4.6(a-c) shows HAADF-STEM images for the 600 °C 6 hour heat treatment for the 

Ni-lean, equimolar, and Ni-rich alloys, respectively. For the Ni-lean case, a low contrast image is 

observed with no major precipitation on the sub-micron scale. The inset in Figure 4.6(a) shows 

small localized grain boundary precipitation on the martensitic lathes of the nanoscale H-phase 

and confirmed by EDS measurements, although this was the only location on the entire TEM liftout 

where these precipitates were observed. The equimolar alloy, shows a few (Ti,Zr)2Ni precipitates 

but no major amount of precipitation; however, small pockets of H-phase along the martensitic 

lathes are observed. These are evident by the bright white spots in the micrographs due to the 

higher atomic concentration of Zr with respect to the matrix. The Ni-rich alloy exhibits an 

appreciable concentration of the lenticular H-phase precipitates on the order 130 ± 50 nm in length 
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and 35 ± 8 nm in width homogenously dispersed throughout the martensitic matrix. In addition, 

two large (Ti,Zr)2Ni precipitates are also observed. 

 
Figure 4.6. Representative HAADF-STEM images for the (a) Ni-lean, (b) equimolar, and (c) Ni-
rich alloys after a 600 °C 6 hour heat treatment. The bright white lenticular phase are the H-phase 
due to its higher Zr content with respect to the matrix and the large dark phase seen in (b) and (c) 
correspond to (Ti,Zr)2Ni precipitates. Inset in (a) shows the only small pocket of H-phase 
precipitates within the Ni-lean martensitic matrix. In both (b) and (c) it is observed that (Ti,Zr)2Ni 
and H-phase precipitates are in the material, with more H-phase growth in the (c) Ni-rich alloy. 
 

 
Figure 4.7. Average measured composition of the observed H-phase precipitates over nominal at. 
Ni content obtained with from EDS measurements. 
 

 Figure 4.7 presents the measured average composition for the observed H-phase 

precipitates over the nominal Ni-content. It should be noted that only three H-phase precipitates 

were observed in the entire Ni-lean TEM liftout and only approximately 15-20 were found in the 

equimolar TEM liftout. The measured composition of the H-phase gives an approximate at. % 
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Ni:(Ti,Zr) ratio of 1:1 for all three alloys but the relative amount of Ti and Zr appears to deviate 

when Ni-content is above 50 at. % with a 10 at. % increase in Zr-content for the measured 

precipitates in the Ni-rich alloy. 

 Figure 4.8(a-c) shows the integrated normalized 1-D diffraction patterns from in situ SR-

XRD experiments for the Ni-lean, equimolar, and Ni-rich alloys, respectively, at 550 °C for 0, 1, 

2, and 3 hours of the isothermal hold in the d-spacing range of 2.00 to 2.75 Å. XRD measurements 

collected during in situ experiments were performed with a slightly larger beam size, with respect 

to the diffraction data collected during ex situ experiments, to improve grain statistics. In addition, 

in situ measurements allow for observation of the phase evolution at a single location on the 

samples and therefore remove any area dependent errors that can be produced using a micro-beam 

for ex situ measurements. In all cases, a small amount of the Ti2O and hexagonal Ti2ZrO are 

observed. Also, a small reflection originating from TiC is observed and likely was formed during 

casting of the alloys. Al2O3 peaks are also observed, but these are due to the insulation in the 

furnace used during the experiment. For the Ni-lean alloy, it is evident from the relative intensity 

of the austenite (110) and the (Ti,Zr)2Ni (422), that there exist a larger fraction of the (Ti,Zr)2Ni 

precipitates within the irradiated volume upon initially reaching 550 °C (0 hour diffraction pattern) 

than is observed in either the equimolar or Ni-rich alloy. It is observed that the relative intensity 

of the austenite (110) and the (Ti,Zr)2Ni (422) is changing with time due to the decrease in intensity 

of the austenite (110) peak because of orientation changes within the B2 phase within the 

interaction volume, while the intensity of (Ti,Zr)2Ni (422) peak is relatively the same throughout 

the duration. As time is increased, the intensity of the other two (Ti,Zr)2Ni reflections shown in 

Figure 4.8 grow, that is the (511) at 2.16 Å and the (331) at 2.57 Å, throughout the duration of the 

experiment. This observation can be explained as the (Ti,Zr)2Ni phase does not act like a 
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homogenous powder phase as it is in a low volume fraction. In the equimolar alloy, there exists an 

initial amount of the (Ti,Zr)2Ni precipitates but no major growth of the (Ti,Zr)2Ni phase is 

observed within the 3 hours of the experiment. The Ni-rich alloy also shows an initial amount of 

(Ti,Zr)2Ni precipitates but with a much lower intensity with respect to both the Ni-lean and 

equimolar alloys. As the sample is heated, little change is observed with regards to phase 

precipitation. 

 
Figure 4.8. Integrated normalized 1-D diffraction patterns from the in situ SR-XRD experiments 
for an isothermal hold at 550 °C at 0, 1, 2, and 3 hours over the d-spacing range 2 - 2.75 Å for the 
(a) Ni-lean with insets of the peak growth of the (331) and (511) for the (Ti,Zr)2Ni phase, (b) 
equimolar, and (c) Ni-rich condition illustrating different precipitation and oxide growth. Al2O3 
reflections correspond to the insulation in the furnace. 
 

 Figure 4.9(a-c) shows the integrated normalized 1-D diffraction patterns from the in situ 

SR-XRD experiments for the Ni-lean, equimolar, and Ni-rich alloys, respectively, at 550 °C for 0, 
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1, 2 and 3 hours of the isothermal hold in the d-spacing range 3.4 – 3.8 Å with an inset of the 0 

and 3 hours stacked to emphasize the change. 

  
Figure 4.9. Integrated normalized 1-D diffraction patterns from the in situ SR-XRD experiment 
for an isothermal hold at 550 °C at 0, 1, 2, and 3 hours over the d-spacing range 3.4 – 3.8 Å for the 
(a) Ni-lean, (b) equimolar, and (c) Ni-rich condition. The only measureable phase growth is due 
to the formation of the nanoscale H-phase precipitates. The insets allow for better visualization of 
the subtle change caused by the formation of the precipitate phase and in (c) the growth of the peak 
intensity over time is shown. 
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In this d-spacing range, it is possible to independently observe the growth of (206)/(220) H-phase 

reflections, centered at 3.57 and 3.61 Å respectively. It is clear, that no measureable growth is 

observed in either the Ni-lean or equimolar but a small broad hump becomes visible as aging 

proceeds in the Ni-rich alloy indicating the growth of the H-phase precipitates. The peak is 

observed to be very low in intensity and extremely broad in the aging condition due to the volume 

fraction and size scale associated with its formation. 

 

4.5 Discussion 

4.5.1 Transformation Temperatures and Precipitation with Respect to Ni-Content 

Figure 4.10(a) shows a plot of the transformation temperatures of the solutionized 

condition vs nominal Ni at. %. It’s important to note the sharp drop in TTs from the Ni-lean, 49.8 

at. % Ni, to the Ni-rich, 50.2 at. % Ni, composition. There is an approximate 110 °C change in 

both the austenitic and martensitic TTs. When compared with previous research for binary NiTi 

of similar compositions (Ni49.8Ti50.2 and Ni50.2Ti49.8) only an approximate 36 °C change [144] is 

seen over this composition range. This confirms that strict composition control during production 

is even more important in NiTiZr HTSMAs than in conventional binary NiTi SMAs due to the 

inclusion of the Zr atoms substituting on the Ti-sites in the B19’ and B2 structures. All the alloys 

investigated in this study respond very differently when aging at 550 °C and 600 °C. For brevity, 

only the peak positions for the two characteristic phase transformations, Ap and Mp, will be 

discussed but other TT metrics, i.e. As, Af, Ms, and Mf follow the same trends.  

Starting with the Ni-lean case, TTs drop as the alloy is aged at 550 °C and 600 °C. At 550 

°C, a continual drop in both the Ap and Mp is observed from 1- 3 hours with a maximum drop of 

25 °C and 31 °C for the Ap and Mp, respectively, after aging for 3 hours. When the temperature is 
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increased to 600 °C, the drop in TTs almost completely levels off after a 3 hour heat treatment 

with a drop of approximately 30 °C and 33 °C for the Ap and Mp, respectively. The drop in TTs 

can be explained by the formation of the (Ti,Zr)2Ni precipitates, as confirmed by the SR-XRD 

patterns from the in situ experiment presented in Figure 4.8(a), which upon their formation or 

coarsening will cause the depletion of Ti from the martensitic matrix, therefore, creating a slightly 

higher Ni-content in the B19’ structure, which is directly proven to drop TTs in Figure 4.10(a). It 

can be concluded that the precipitation/coarsening rate of (Ti,Zr)2Ni precipitates is faster at 600 

°C than at 550 °C, although no in situ data was collected at 600 °C, since the TTs drop at 600 °C 

for 1 hour and 550 °C for 3 hours is approximately the same, 25 °C for the Ap and 30 °C for the 

Mp, In addition, precipitation of the (Ti,Zr)2Ni phase is observed at 800 °C, thereby confirm its 

growth stability in the range of 550 – 800 °C. 

 
Figure 4.10. Transformation temperatures for the (a) solutionized and (b) aged at 600 °C for 6 
hours over the nominal at. Ni content. As the non-equimolar alloys are aged, the matrix 
composition moves closer to equimolar values therefore shifting transformation temperatures to 
overall closer values. 
 

Aging the equimolar alloy show little change, with only slight drops, e.g. 5 °C and 4 °C for 

the Ap and Mp respectively and this behavior is confirmed by the in situ experiment in Figure 

4.8(b), in the TTs peak position observed when heat treating at 600 °C for 6 hours. The exception 

to this is the 550 °C for 1 hour in which a multi-step transformation is observed. This is generally 
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attributed to grain boundary precipitation or an intermediate R-phase transformation in binary NiTi 

alloys [145] and this is most likely the cause in this instance as H-phase grain boundary 

precipitation has been directly observed in HAADF-STEM image for the 600 °C for 6 hours heat 

treatment, Figure 4.6(b). Once the fine precipitates grow larger, the effect is no longer observed 

since the precipitate density along the grain boundaries has decreased due to coarsening [146]. The 

volume fraction of these H-phase precipitates is so small and therefore no major changes in TTs 

peak position are observed. In addition, there is likely some co-precipitation of the (Ti,Zr)2Ni 

precipitates throughout the alloy due to local changes in composition throughout the bulk thereby 

leaving the B19’ matrix composition relatively unaffected.  

The Ni-rich alloy responds by increasing TTs upon heat treating at 550 °C and 600 °C. The 

maximum temperature increase observed is 28 °C and 22 °C for the Ap and Mp, respectively, due 

to the 600 °C 6 hour treatment. The reason for this temperature increase can be attributed to the 

formation of the Ni-rich nano-scale H-phase observed in the SR-XRD data collected during both 

ex situ and in situ experiments, Figure 4.5(c) and Figure 4.9(c) respectively, and the HAADF-

STEM micrograph, Figure 4.6(c), which cause a Ni depletion in the B19’ martensitic matrix. In 

addition, the homogenous distribution of the nano-scale H-phase, like Ni4Ti3 in binary NiTi, 

creates strain fields in the martensitic matrix that also aid in increasing transformation temperatures 

[23, 106, 110, 111]; however, this amount of change in TTs is already achieved between 2-3 hours 

at 600 °C, so it is likely that further heat treatments are causing coarsening of the precipitates rather 

an increase in phase amount. Aging at 550 °C has the same effect, but an obviously slower 

precipitation rate as the TTs observed at 550 °C for 3 hours never fully reach the maximum 

observed when aging at 600 °C. This observation leads to the conclusion that the equilibrium 
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volume fraction has yet to be reached and longer aging times at 550 °C can produce slightly higher 

TTs than what is reported in this article. 

It should be noted that the ex situ experimental data (Figure 4.5) did not lead to solid 

experimental evidence with regards to the precipitation paths and the shifts in TTs. This can be 

attributed to the small interaction volume, the changing of the observation point, the low volume 

fraction change of the precipitates, and the high amount of reflections present due to the martensitic 

structure. All these factors together make it difficult to see the minor changes happening within 

the martensitic matrix due to the aging conditions. This result speaks to the limitations of 

experimental techniques to determine relative change in such compositionally dependent alloys, 

even with high resolution SR-XRD. Although there is still value in presenting the data as not only 

does it show limitations, but also provides a link to the DSC experimental data and the aging 

conditions. The main conclusion, however, comes from the in situ experimental data (Figures 4.8 

and 4.9) that Ni-lean alloys can shift TTs to lower temperature by aging due to the formation of 

(Ti, Zr)2Ni (causing depletion of Ti from the matrix) and Ni-rich alloys can shift TTs to higher 

temperature by aging due to the formation of H-phase (causing depletion of Ni from the matrix). 

Figure 4.10(b) presents the aged at 600 °C 6 hour samples over the nominal Ni at. %. 

Examining the peak position of both the austenitic and martensitic transformation, it is observed 

that the transformation temperatures are much closer than in the previously solutionized condition. 

In this condition there is now only a 50 °C and 65 °C for the Ap and Mp, respectively, because of 

the now closer B19’ matrix compositions. It is evident that as the alloys are heat treated they are 

slowly moving toward an equimolar composition in the martensite and therefore TTs are moving 

closer together with respect to the solutionized condition. 
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Examining the thermal stability of the phase transformation with respect to Ni-content 

(Figure 4.2), the Ni-lean and equimolar samples exhibit a much more stable transformation 

regardless of the heat treatment. This can be explained since the precipitation reactions have a 

much smaller effect at the cycling temperature. Cycling was performed up to 500 °C, allowing for 

the Ni-rich sample to potentially undergo changes in the H-phase size and amount. This is not the 

case in the Ni-lean sample as the formation of (Ti,Zr)2Ni precipitates are generally already large 

(greater than 1 micron) and therefore do not cause changes in the TTs due to the dispersion of 

nano-precipitates which induce a strain field in the martensite matrix and the precipitation rate of 

the (Ti,Zr)2Ni precipitates is slow at this temperature; however, in the Ni-rich alloy, cycling to 500 

°C can cause meaningful changes in the microstructure of the material and therefore the material 

is different from the previous cycle in regards to amount and internal strain produced by the nano-

precipitation of H phase. The equimolar alloy shows little sensitivity to aging at 550 °C and 600 

°C, therefore the phase transformations are already stable after only 2-4 thermal cycles. 

 

4.5.2 Aging at 550 °C and 600 °C vs. Annealing at 800 °C 

It has already been previously discussed that the precipitation reactions and sensitivity at 

550 °C and 600 °C are very different in the Ni-lean, equimolar, and Ni-rich compositions even 

over the small composition range examined in this study; however, it is worth discussing that as 

temperature is increased by solutionizing or heat treating, the alloys begin to behave more 

similarly. Looking specifically at the 800 °C SR-XRD results presented in Figure 4.5(a-c), it is 

observed that all three alloys show very similar diffraction patterns. At this temperature, the Ni-

rich alloy shows the same sharp peak associated with the formation of residual austenite and does 

not show the broad peak associated with the growth of the H-phase. The lack of precipitation of 
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the H-phase at 800 °C 3 hour condition can also be deduced by assuming that transformation 

temperatures would either 1) show little change or 2) drop slightly because of the relaxation of 

residual strain due to casting. Although the data is not presented in this work, DSC was performed 

on the Ni-rich 800 °C 3 hour sample, Ap = 220 °C and Mp = 150 °C, and it was confirmed that TTs 

slightly decreased from the solutionized condition, Ap = 221 °C and Mp = 170 °C. Therefore, it is 

concluded that the formation of the nano-scale H-phase can be avoided or already formed nano-

scale H-phase can be removed by annealing at temperatures greater than 800 °C for Ni-rich NiTiZr 

HTSMAs. 

 

4.5.3 Composition of the H-Phase 

Figure 4.6(a-c) shows that there is an appreciable volume fraction of lenticular precipitates 

homogenously dispersed in the matrix of the Ni-rich alloy that is not apparent in either the Ni-lean 

or Equimolar composition. EDS analysis confirms that the composition of the precipitate is 

consistent with the H-phase reported by other researchers [76, 109, 114-117], i.e. a slightly Ni-rich 

precipitate, as expected. As noted earlier, the formation of H-phase precipitates was also observed 

in both the Ni-lean and equimolar alloys, but only in small clusters centered along the grain 

boundaries of the martensitic lathes. As expected, these clusters were more prevalent in the 

equimolar alloy, due to the slightly higher Ni-content, but still were not in a significant amount. 

However, EDS analysis was performed on the precipitates for each alloy, Figure 4.7, and the 

results suggest that the H-phase has a variable (Ti,Zr) composition based on the alloy composition. 

This variable Zr content change would adjust the Zr content in the matrix as the precipitates form, 

but it has been shown that changes in Zr content only affect TTs by 0.17 °C/0.1 at. % Zr [97] 

therefore this effect is muted by the changing Ni content which as shown in this article results in 
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an approximate 27.5 °C/0.1 at. % Ni in the range studied. Hornbuckle et al. [117] investigated the 

possibility of compositionally dependent H-phase based on heat treatment time and found no 

statistical difference but stopped short of examining alloy composition with respect to H-phase 

composition. However, reported results of H-phase composition have differed vastly since its 

discovery leading to the hypothesis that H-phase could have a composition range depending on 

the alloy studied [76, 109, 114-117]. Our results appear to support this position, but more rigorous 

methods (i.e. atom probe tomography) are needed to completely verify this hypothesis. 

 

4.6 Conclusions 

Three different NiTi-20 at. % Zr alloys with varying Ni-content were created and characterized 

using DSC, SR-XRD, SEM, and TEM. Based on analysis of the data, the following conclusions 

were made: 

1. Small changes in at. % Ni have a dramatic effect on the TTs of the NiTi-20 at. % Zr 

system, even more so than in binary NiTi. From 49.8 - 50.2 at. % Ni, a drop of the 110 °C of the 

Af is observed while in binary the same composition range only changes the Af by approximately 

36 °C meaning composition control is even more crucial in the NiTi-20 at.% Zr system. 

2. TTs can be tuned for a given application through aging treatments. The Ni-rich alloy, 

50.2 at. %, can be shifted to higher transformation temperatures due to the formation of nanoscale 

H-phase precipitates, while the Ni-lean alloy can be shifted to lower transformation temperatures 

due to the formation of (Ti,Zr)2Ni precipitates. In both Ni-lean and Ni-rich cases, precipitation 

results in moving the martensite matrix composition toward the equimolar composition. The 

equimolar alloy however shows little response to aging. 
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3. The Ni-rich alloy forms fine nanoscale H-phase precipitates when aging at lower 

temperatures, i.e. 550 and 600 °C, but these precipitates no longer form when temperature is 

increased, i.e. 800 °C. Although equimolar and Ni-lean alloys do not show an appreciable amount 

of H-phase, some local pockets due exist along martensitic grain boundaries. 

4. H-phase is shown to shift compositional with changes in Ni-content. Specifically by 

increasing the Zr content in the precipitate from 30 at. % to 40 at. % Zr in the equimolar and Ni-

rich respectively. This behavior helps explain the wide range of H-phase compositions reported in 

the literature in both NiTi-Hf and -Zr alloys. 
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CHAPTER 5 

IN SITU SR-XRD STUDY ON PHASE AND OXIDE GROWTH DURING A HIGH 

TEMPERATURE CYCLE OF A NITI-20 AT.% ZR HTSMA* 

5.1 Abstract 

Ternary additions to binary NiTi shape memory alloys (SMAs) are known to significantly 

affect the characteristic martensite-to-austenite phase transformation, i.e. decrease or increase 

transformation temperatures (TTs). High temperature shape memory alloys (HTSMAs) can be 

created by adding Au, Pt, Pd, Hf, or Zr to binary NiTi in appropriate amounts; however, the 

majority of these ternary additions are exceedingly expensive, unfortunately making them 

impractical for most commercial applications. Zr is the exception of the group, but it is often 

disregarded because of its poor workability and thermal stability. In an effort to find a temperature 

range that allows for the potential workability of NiTiZr alloys in normal atmosphere environments 

and to gain understanding as to the cause of failure during processing, a NiTi-20 at.% Zr was 

subjected to a thermal cycle ranging from RT to 1000 °C with short 15 minute holds at select 

temperatures during both heating and cooling while simultaneously collecting high energy 

synchrotron radiation X-ray diffraction measurements. This study provides valuable insight into 

the kinetics of precipitation and oxide formation and its relationship to processing. In addition, 

scanning electron microscopy was performed on five isothermally held each to examine 

precipitation and oxide structure and growth. 

*This entire chapter except for the section 5.5.4 is reproduced from Carl, Matthew, Brian Van Doren, and Marcus L.
Young. "In Situ Synchrotron Radiation X-ray Diffraction Study on Phase and Oxide Growth during a High 
Temperature Cycle of a NiTi-20 at.% Zr High Temperature Shape Memory Alloy." Shape Memory and 
Superelasticity: 1-12. DOI: 10.1007/s40830-018-0149-0 with permission from Springer. 
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5.2 Introduction 

NiTiZr alloys still suffer from an inability to be easily processed into a usable geometry, 

e.g. rods or wires. Mild success has been achieved with hot rolling, but the poor ductility leads to 

early initiation of cracking, as evident by micro-fractures throughout the material and on the 

surface. It is hypothesized that the inability to efficiently roll these alloys is a two-fold problem: 

1) high sensitivity to compositional changes resulting in shift in the TTs and the inclusion of 

different phases that tend to be brittle and 2) the difficulty in determining a rolling temperature 

which inhibits or prevents the formation of second phase precipitates and detrimental oxide growth 

[104, 147].  

The oxidation characteristics of binary NiTi under various conditions have been thoroughly 

researched [148-155] and under normal conditions, up to approximately 600 °C, can be described 

by the eventual formation of a porous TiO2 layer above a Ni-rich sublayer between the oxide and 

the bulk material resulting in Ni-rich precipitates such as Ni3Ti, Ni4Ti, and solid solution Ni. As 

temperature is increased, to above 700 °C, NiO and NiTiO3 start to form in addition to the TiO2. 

Although there is some work on the oxidation characteristics of NiTiHf [156], to the authors’ 

knowledge there has been no such report for NiTiZr HTSMAs. In this study, we examine a 

temperature range for processing which can lead to better workability of NiTiZr alloys and 

addresses some of the causes of failure during processing, i.e. oxidation growth and phase 

separation. In this effort, a NiTi-20 at.% Zr was subjected to a thermal cycle ranging from RT to 

1000 °C with short 15 minute holds at select temperatures during both heating and cooling while 

simultaneously collecting high energy synchrotron radiation X-ray diffraction (SR-XRD) 

measurements. In addition, scanning electron microscopy equipped with energy dispersive 

spectroscopy was performed on isothermally held samples at 600, 700, 800, 900, and 1000 °C for 
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30 minutes each, respectively, to examine cracks prior to rolling and oxide and near oxide 

structures. Lastly, attempts at rolling in air at these temperatures are also presented and discussed. 

 

5.3 Methods 

A 200 g ingot of Ni50Ti30Zr20 was arc-melted in an inert Ar environment using high purity 

elemental Ni, Ti, and Zr at ATI Specialty Alloys and Components and supplied to the University 

of North Texas for further investigation. The as-cast ingots were sectioned and solutionized at 

1000 °C for 1 hr in air to remove any casting effects and mechanically polished to remove surface 

oxide layers and produce a metallic surface. Scanning electron microscopy (SEM) was performed 

to examine the oxide structure prior to removal and revealed a complex layered structure with 

highly segregated layers of Zr oxides, Ti-Ni oxides, Ti-Zr oxides, and Ti oxides at the surface 

which led to the development of this study. The affected area was approximately 150 µm from the 

surface.  Figure 5.1 shows the differential scanning calorimetry (DSC) results on the as-

solutionized Ni50Ti30Zr20 alloy. It is observed that the NiTi-20 at. % Zr alloys demonstrate a 

characteristic one-step phase transformation at 281 °C, 293 °C, 243 °C, and 228 °C for the As, Af, 

Ms, and Mf, respectively. High-energy SR-XRD measurements were collected at the Advanced 

Photon Source (APS) in Argonne National Laboratory at the sector 11-ID-C beam line. Diffraction 

patterns were taken at beam energy of approximately 105.1 keV with a rectangular beam size of 

0.3 × 0.3 mm2 and irradiated for 10 seconds for each measurement. Samples were heated in a 

furnace at a rate of 30 °C/min under flowing Oxygen environment to mimic the “open” air heating 

situation experienced by the alloy during conventional hot rolling processes. A schematic for the 

synchrotron radiation X-ray diffraction (SR-XRD) experiment is shown in Figure 5.2. Diffraction 
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images were collected using a Perkin Elmer amorphous silicon detector positioned approximately 

1.8 m from the sample and calibrated using a standard Ce2O powder.  

 
Figure 5.1. DSC results from the as-solutionized Ni50Ti30Zr20 showing a one-step transformation. 
 

 
Figure 5.2. Schematic of SR-XRD experimental setup. 

 

As illustrated in the schematic profile of the heating and cooling SR-XRD experiment in 

Figure 5.3, sample was heated from room temperature up to 700, 800, 900, and 1000 °C with 15 

minute holds, followed by cooling to 900, 800, and 700 °C with 15 minute holds at each 

temperature, and then cooled to room temperature. Diffraction measurements were continuously 

collected over the entire temperature profile. Data analysis was performed using a combination of 
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Fit2D [133], custom MATLAB code [134], MAUD software (materials analysis using diffraction) 

[137], and Fiji [141], an ImageJ package, for qualitative phase analysis. Powder diffraction data 

for binary NiTi B19’ (PDF number: 03-065-0145) [37] was used as a starting point for refinement 

of NiTiZr martensitic phase. Ti2Ni (COD ID: 2310267 [143]), ZrO2 (COD ID: 1522143 [157]), 

and TiZrO4 (COD ID: 1538358 [158]) phase structural parameters were obtained from the COD 

database [142]. “Spotty” Debye-Scherrer diffraction rings were observed due to the small beam 

size in relation to the large grain size formed during casting and further solutionization making 

quantitative phase fraction analysis difficult due to the low grain statistics and, therefore, will not 

be presented. A separate set of five solutionized samples were heated ex situ to 600, 700, 800, 900, 

and 1000 °C for 30 minutes each, respectively, and then studied further using a Hitachi 

TM3030Plus tabletop SEM equipped with an Oxford Instruments X-stream-2 energy dispersive 

spectroscopy (EDS) system for imaging and elemental analysis, respectively, of the oxide layers 

developed after each hold temperature. Samples were cut into 3.5 x 1 x 0.46 mm3 strips and rolling 

experiments were done at 600, 700, 800, 900, and 1000 °C by initial placing the alloy in the furnace 

for 15 minutes to saturate the sample then passed through the rolling mill. After each pass a short 

5 minute heating was performed to bring the sample back to the working temperature. This was 

continued until the obvious initiation of cracks was apparent and the samples failed. 

 
Figure 5.3. Schematic profile of the in situ heating and cooling SR-XRD experiment. 
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5.4 Results 

5.4.1 Synchrotron Radiation X-ray Diffraction (SR-XRD) 

Figure 5.5 shows the Debye-Scherrer diffraction rings and the corresponding 1-D 

integrated diffraction pattern of the as-solutionized material prior to testing. It is evident, even with 

the low grain statistics, that the solutionized material still exhibits a textured microstructure from 

the arc-melting process. This is clear by the inhomogeneous intensity profiles of the martensitic 

reflections rather than a continuous ring as produced by a powder. The direction of the texture 

shows the aligning of the M (100) plans in the direction of solidification and resembles a rolled 

martensitic NiTi material with the (100) planes being aligned in the direction of rolling. The 

material exhibits an almost fully monoclinic B19’ structure (a = 4.925 Å, b = 4.075 Å, c = 3.077 

Å, and β = 103.93°) with a small amount of (Ti,Zr)2Ni present in the irradiated volume. 

 
Figure 5.4. Normalized 1-D integrated diffraction pattern from the as-solutionized NiTiZr alloy at 
room temperature prior to heating and cooling cycle. Full Debye-Scherrer diffraction rings shown 
in upper right corner, exhibits a large grained textured martensitic structure (B19’ structure – “M”) 
evident by “spotty” inhomogeneous diffraction rings. Small amount of (Ti,Zr)2Ni precipitates, 
“P1”, is also visible. Lattice parameters obtained by the Rietveld method are also presented in red. 
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Figure 5.5(a) shows 1-D integrated diffraction patterns at the beginning (0 minutes) and 

end (15 minutes) of 700 °C isotherm. At this point, the material has transformed into fully 

austenitic (B2) state with small amounts of (Ti,Zr)2Ni/(Ti,Zr)4Ni2O, which will be referred as 

(Ti,Zr)2Ni for the remainder of this paper. Upon holding for 15 minutes at 700 °C, a slight increase 

in the main reflections associated with the Ti2Ni phase is observed. In addition, a new asymmetric 

peak appears centered around 2.90 Å with relatively low intensity that has been indexed as 

monoclinic ZrO2. No other noticeable growth occurs. 

Figure 5.5(b) shows the 1-D integrated diffraction patterns at the beginning (0 minutes) 

and end (15 minutes) of 800 °C isotherm. At 0 minutes, a noticeable broadening of the indexed 

monoclinic ZrO2 is seen around 2.95 Å indicating the potential development of another oxide phase 

as the material is being heated. However, after 15 minutes at 800 °C this small developing peak is 

overshadowed by the quick development of another much larger peak around 2.98 Å. This peak is 

believed to be associated with the growth of TiZrO4, Srilankite. This orthorhombic oxide phase 

grows rapidly over the 15 minutes studied at 800 °C. Also, the growth of (Ti,Zr)2 begins to develop 

much faster than compared to 700 °C.  

Figure 5.5(c) shows the 1-D integrated diffraction patterns at the beginning (0 minutes) 

and end (15 minutes) of 900 °C isotherm. A noticeable growth of the monoclinic ZrO2 is seen by 

the increase of the peak centered on 2.90 Å and the appearance of another ZrO2 peak at 3.17 Å. In 

addition, the rapid growth of (Ti,Zr)2Ni is also observed during this segment.  

Figure 5.5(d) shows the material at the beginning (0 minutes) and end (15 minutes) of the 

final temperature segment, 1000 °C. Once the alloy reaches this temperature, little change is 

observed in the diffraction pattern. Again, a slight increase is seen in the amount of measurable 
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ZrO2 and a small increase in the (Ti,Zr)2Ni type precipitates. Overall, little difference is in the 

diffraction results from 900 °C to the end of the 1000 °C temperature segments.  

 
Figure 5.5. Normalized 1-D integrated diffraction patterns from the sample at the (a) 700 °C, (b) 
800 °C, (c) 900 °C, and (d) 1000 °C isothermal hold at time = 0 min, black-lower line, and at time 
= 15 min, red-upper line. The sample exhibits an almost fully B2, “A” austenitic structure with 
(Ti,Zr)2Ni type precipitates “P1”, monoclinic ZrO2 “O1” and TiZrO4 “O2”. The small Al2O3 
signal comes from the insulation in the furnace. 
 

Figure 5.6 shows the diffraction pattern, both the full Debye-Scherrer pattern and the 1-d 

integrated diffraction pattern at room temperature after the heating and cooling cycles. The 

material has again returned to the martensitic state with some (Ti,Zr)2Ni. However, now reflections 

from the oxide growth are seen and some amount of austenite is measured in the pattern as well 

evident by the A (011) peak at 2.17 Å. This indicates that in the irradiated volume the material has 

not fully undergone a complete transformation. Further investigation of the cooling ramp reveals 
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that the majority of the material transformed from the austenitic phase to the martensitic phase at 

approximately 213 °C. 

 
Figure 5.6. Normalized 1-D integrated diffraction pattern collected after heating and cooling cycle 
at room temperature. Full Debye-Scherrer diffraction ring shown in upper right corner. New fine 
rings are visible related to the growth of the oxide phases. Small amounts of (Ti,Zr)2Ni precipitates, 
“P1”, and residual austenite “A” are also visible. 
 

5.4.2 Scanning Electron Microscopy (SEM) 

Figure 5.7(a-e) shows the evolution of the oxide structures after 30 minutes at 600, 700, 

800, 900, and 1000 °C, respectively. At 600 °C (Figure 5.7a), a single macro layer is observed and 

is composed of at least two distinct oxide phases in a fine fractal branch-like structure. These oxide 

phases are too fine to resolve independently using EDS analysis with the SEM system. Table 5.1 

presents EDS data from the Layers observed for the 600, 700, and 800 °C samples. The 900 and 

1000 °C samples were not included due to the segregation and complexity associated with the 
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oxidation. The overall composition of the layer produced at 600 °C is measured to have an 

approximate stoichiometry Ni(Ti,Zr)O1.25. The oxide has a thickness of approximately 15 µm on 

average and exhibits cracks that penetrate all the way to the bulk material. 

 
Figure 5.7. SEM images of the oxide structures resulting from 30 minutes isothermal holds at (a) 
600, (b) 700, (c) 800, (d) 900, and (e) 1000 °C, respectively. The evolution of the complex layered 
structure is clearly observable temperature. Measurement on the right side of the image show the 
total affected zone increasing with increasing temperature. At 800 °C, phase separation of the bulk 
begins to occur due to diffusion of the different cation species. 
 

Figure 5.7(b) shows the developed oxide structure at 700 °C after the 30 minute hold. The 

macroscopic structure of the oxide is composed of at least two distinct layers characterized mainly 

by a significant increase in oxygen content, Table 5.1. In addition, the morphology of the layers 

differs. The top surface layer, Layer 2 in Table 5.1, exhibits a layered morphology running parallel 

to the surface, while the near bulk layer, Layer 1 in Table 5.1, looks like the fine fractal branch-

like structure observed in the 600 °C sample. In addition, Layer 1 in the 700 °C sample has a 
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similar stoichiometry of the layer seen in the 600 °C with slightly lower oxygen content. The total 

affected area measures approximately 42 µm with the surface layer on average 8 µm thick and the 

sub-layer measuring 34 µm. EDS line scans were performed and it is observed that the oxygen 

content is slightly increasing as the measurement position is moved from the bulk to the surface; 

however, at the Layer 1 and Layer 2 interface a slope change in the oxygen content is apparent. 

Ignoring the oxygen content, the ratio of (Ti,Zr) to Ni atomic % remains at approximately 50:50 

across the layer interface. Again, fine scale perturbations in the BSE image suggest that the layers 

are multiple oxides in both Layer 1 and 2.  

Figure 5.7(c) shows the oxide growth at 800 °C after 30 minutes. Holding at this 

temperature yields an interesting result of not only the segregated oxide structure, but also a pre-

oxide segregation of the matrix phase. Figure 5.8 presents a schematic of the developed pre-oxide 

and oxide structure to help with the description of the results. The total affected zone (including 

the pre-oxide zone and all oxide layers) exhibits a thickness of approximately 44 µm, which is 

only slightly larger than that observed in the 700 °C sample. The pre-oxide zone is approximately 

10 µm thick and exhibits a morphology of fine needles then progresses into globular nodes near 

the first oxide, Layer 1. The oxide structure now exhibits at least 4 distinct macro layers that will 

be discussed in order starting from the matrix to the surface, i.e. Layer 1 to Layer 4. After the phase 

segregation region, Layer 1 is a thin layer (approximately 2 µm) of a (Zr, Ti)-rich oxide which is 

almost entirely depleted of Ni. Layer 2 (13 µm thick) is similar to the layer observed in the 600 °C 

sample and Layer 1 in the 700 °C sample, but the perturbations in the BSE image appear larger 

and more defined as the oxides are segregating apart.  However, they are still not larger enough to 

properly distinguish using the EDS system. Thus, the composition presented in Table 5.1 is still 

an overall composition of the segregated oxides. Layer 3 (16 µm thick) is similar to the Layer 2 
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observed in the 700 °C sample. Again, the oxide segregation in this region is more defined and is 

beginning to become resolvable using EDS mapping, which will be discussed later. Layer 4 is thin, 

3 µm, but exhibits streaks of a Ni-rich oxide near the surface surrounded by Ti- and Zr-oxides; 

however, due to its flaky morphology, because of mounting and polishing procedures, it was not 

possible to get a statistically relevant EDS measurement for Table 5.1 and therefore is not reported.  

 
Figure 5.8. Schematic of the pre-oxide and oxide structure specifically at 800 °C. The same 
nomenclature is used for the 900 and 1000 °C samples. Pre-oxide, inter-needle, and pre-
segregation labels used to explain the EDS measurements in Table 5.2. 

 
Table 5.1. EDS composition of oxide layers 

600 °C  Layer 1 Layer 2 Layer 3 Layer 4 

 Ni at. % 31.2 (0.9) - - - 

 Ti at. % 18.3 (1.3) - - - 

 Zr at. % 12.2 (1.0) - - - 

 O at. % 38.3 (1.5) - - - 
700 °C  Layer 1 Layer 2 Layer 3 Layer 4 

 Ni at. % 34.8 (2.1) 25.1 (1.2) - - 

 Ti at. % 19.2 (1.0) 15.7 (0.1) - - 

 Zr at. % 13.2 (0.1) 10.8 (1.2) - - 

 O at. % 32.8 (1.1) 48.4 (1.4) - - 
800 °C  Layer 1 Layer 2 Layer 3 Layer 4 

 Ni at. % 14.5 (1.0) 32.8 (0.8) 25.1 (1.2) n/a 

 Ti at. % 24.2 (1.1) 17.2 (0.4) 15.7 (0.1) n/a 

 Zr at. % 18.4 (1.6) 12.9 (0.6) 10.8 (0.2) n/a 

 O at. % 43.0 (1.3) 37.1 (1.3) 48.4 (1.4) n/a 
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Table 5.2. EDS composition of phase segregation near oxide structure 

 Ni at. % Ti at. % Zr at. % 

Needles 59.74 (0.41) 16.98 (0.89) 23.27 (0.95) 

Pre-oxide layer 57.38 (0.43) 34.79 (0.56) 7.83 (0.57) 

Inter-needles 55.32 (0.24) 33.26 (0.81) 11.42 (0.84) 

Pre-segregation layer 54.11 (0.13) 27.24 (0.16) 18.66 (0.11) 

Bulk material 48.91 (0.37) 29.89 (0.23) 21.20 (0.35) 

 

Figure 5.9(a-c) shows the EDS maps for the 800, 900, and 1000 °C samples, respectively. 

When examining specifically the EDS map for the 800 °C sample (Figure 5.9a), it is confirmed 

that Layer 1 is a Zr,Ti-rich oxide that is depleted of Ni. Layer 2 does not show any noticeable 

segregation. Layer 3 exhibits thin streaks of Ni-rich oxides and pockets of Ni-depleted oxides and 

an overall increase in oxygen content with respect to Layers 1 and 2. Layer 4 is highly segregated 

and shows pockets of Ni-oxide, Ti-oxide and Zr-oxide. The pre-oxide segregation is not resolvable 

at this stage. 

Figure 5.9(d) shows the oxidation structure grown at 900 °C for 30 minutes. At this point, 

the oxide structure segregates out into its separate components, but the overall affected area of 

approximately 45 µm thick does not change much. The pre-oxide phase segregation is observed 

but has grown significantly in to large needles protruding into the matrix about 13 µm in depth. 

Oxide segregation has also become much clearer with the different layers showing sharp 

boundaries. Like the 800 °C sample, it appears that at least 4 “macro” layers exist. Layer 1 consists 

of both Zr and Ti-oxides and is approximately 5 µm thick. The following layers measure 7, 14, 

and 9 µm for Layer 2, Layer 3, and Layer 4, respectively.  
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Figure 5.9. EDS mapping of the oxide structures resulting from 30 minute holds at (a) 800, (b) 
900, and (c) 1000, respectively. Clear oxide and phase segregation is observed at all temperatures 
and the invasion of oxygen is stopped by the ZrO2 barrier layer produced during the initial oxide 
formation. Note: Image (c) rotated 90 degrees to keep aspect ratio and a closer scale size to the 
two other conditions. 
 

The EDS map from the 900 °C sample (Figure 5.9b) allows for a more complete 

understanding of the pre-oxide and oxide segregation. Starting with the pre-oxide structure, the 

needles exhibit a Zr-rich and Ti-lean composition with respect to the bulk composition. Layer 1 

again shows that almost all the Ni has been removed from this region and a thin layer of 

predominately Ti-oxide is observed directly after the matrix segregation, followed by a thicker 

layer of primarily Zr-oxide with spots of Ti-oxide scattered intermittently. Layer 2 shows larger 

clusters of Ni-rich oxides with small amounts of Ti-oxide. At this resolution, the Zr appears to not 

exhibit a preference and is homogenously distributed within this layer. Layer 3 show the opposite 

trend, where large amounts of mainly Ti-oxide with streaks of the Ni-based oxide run parallel to 

the surface. As with layer 2, Zr does not show any noticeable preference in which oxide phase it 

chooses to sit. Layer 4 shows a segregated oxide structure with an initial layer of mainly Ti/Zr 
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oxide, followed by large streaks of Ni-oxide which run parallel to the surface and scattered Ti/Zr 

oxide in between the Ni-oxide streaks. 

Figure 5.7(e) shows the oxide structure grown after 30 minutes at 1000 °C. The affected 

depth rapidly increases to 94 µm in thickness, which is twice that observed in the 900 °C sample, 

with a third of the depth coming from the pre-oxide matrix segregation, 35 µm. At this temperature, 

the oxide structure has segregated into 7 distinct layers and each will be discussed in the following 

paragraph. 

Figure 5.9(c) shows the EDS mapping of the pre-oxide and oxide structures. The pre-oxide 

segregation confirms the results observed in the 900 °C sample, with the needles being Zr-rich and 

Ti-lean. In this case, Layer 1 consists of a Ti-oxide layer which is depleted of Ni and Zr. Layer 2 

is composed of a thin line of Ni-oxide with needles of Zr and Ti-oxides breaking across the layer. 

Layer 3 consists of a large amount of Zr-oxide needles surrounded by pockets of Ti-oxide. It should 

be noted that these needles of Zr-oxide extended into previously discussed Layers 1 and 2 but are 

predominately present in this region. In addition, this region is entirely depleted of Ni. Layer 4 

shows a rejection of Ti and the formation of a complex Zr/Ni-oxide or fine scale segregation too 

small for the SEM/EDS resolution. Much of the Ni in layer 5 is removed and the return of a mixed 

distribution Ti/Zr-oxide is observed. Both Ni and Zr in layer 6 have been almost entirely removed 

leaving a relatively thick layer of Ti-oxide just below the surface layer. A mixed oxide structure 

in layer 7, or the surface, is again prevalent showing the same Ni-oxide streaking and in addition 

streaks of Ti and Zr-oxides scattered throughout the final layer. 
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5.5 Discussion 

5.5.1 Oxide, Pre-Oxide Structure and Processing Temperatures 

An overview of the SR-XRD diffraction results is shown in Figure 5.10. From these 

overlapped 1-D diffraction patterns, it becomes evident when certain phases and oxides begin to 

grow in appreciable volume fractions. At first, the oxides showing in the bulk diffraction data may 

seem counter-intuitive as it is only present on the surface region; however, this can be explained 

because the oxide growth is substantial enough in relation to the sample size used (approximately 

0.7 mm thickness) and SR-XRD signals are characterized by low background. In addition, the 

measurements are taken in a transmission mode, allowing for the interaction of the oxide phases 

on both sides of the sample which allows for measurable signal to be observed. The clear peak 

growth after 15 minutes at 700 °C of the monoclinic ZrO2 phase, although small, helps to establish 

when the oxide layers begin to segregate out into their native oxides. It is likely that, although not 

directly seen at the SEM resolution, there are multiple native oxides existing in the two-layer oxide 

structure that is produced after short times at 700 °C and potentially in the single layer structure at 

600 °C, supported by perturbations in the BSE presented in Figure 5.7(b). As temperature is 

increased, this segregation becomes more visible in the diffraction results as well as direct imaging 

with the SEM.  
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Figure 5.10. Normalized 1-D integrated diffraction patterns after the 15 minute isothermal holds 
at each temperature for the (a) full d-spacing range and (b) a detailed view of the d-spacing between 
2.6 – 3.5 Angstrom. Black = 700 °C, red = 800 °C, green = 900 °C, and purple = 1000 °C, 
respectively. 
 

At 800 °C, introduction of the second oxide (Srilankite) is directly measured in the 

diffraction results although hard to differentiate in the SEM due to the in ability to effectively 

separate the oxides and measure their compositions. After holding at 800 °C for 15 minutes, no 

measurable new phases are observed to form in the diffraction. At first this may seem counter-
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initiative when comparing to the SEM images and EDS mapping in Figures 5.7 and 5.9, but by 

more closely examining the measured affected oxide-zone it is relatively unchanged until 1000 °C 

is reached; suggesting that the main oxidation of the alloy happens very quickly and then a barrier 

is produce against further oxidation. Once this barrier, which appears to be ZrO2, is formed oxygen 

has trouble penetrating deeper into the matrix and therefore most of the change occurs as 

coarsening of the native oxides already formed from the initial interaction between the oxygen and 

surface. However, a negative side-effect of this Zr-rich barrier is the introduction of a local 

compositional change at the matrix-oxide interface and therefore leads to local phase segregation 

that propagates further into the matrix as alloy experiences longer times at higher temperatures. 

Table 5.2 shows the local composition of the phase segregation region, nomenclature explained in 

Figure 5.8. This phase separation is due to the formation and segregation of the oxide structure, 

but what isn’t as clear is that this segregation is locally stripping the NiTiZr HTSMA of its Zr 

content in large quantities both by formation of a large monoclinic ZrO2 oxide barrier and by local 

phase segregation into an intermetallic Zr/Ni-rich non-shape memory phase. In addition between 

the needles and the Zr-oxide barrier, there exist a Ti- and Ni-rich, with respect to the matrix, line 

of a non-oxide phase that appears to be a layer of Ni3(Ti,Zr)2, based on composition measurements 

in Table 5.1. If this is a layer of the Ni3(Ti,Zr)2 type precipitates, which are seen in binary NiTi 

and Ni-rich NiTiHf alloys , these precipitates would result in an increase in strength but also a 

decrease in ductility at the near surface. When considering rolling of the alloy, this will likely lead 

to cracking on the surface which will further propagate into the matrix and eventually cause 

premature failure of the alloy Therefore, to potentially create a processable NiTiZr alloy, the alloy 

phase segregation must be avoided or at least minimized. From the SR-XRD and SEM data 

presented, it is thought that this “ideal” processing temperature ranges between 700 and 800 °C, 
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the temperature at which pre-oxide phase segregation is first noticed, and still must not be exposed 

to these temperatures for long times (i.e. less than 30 minutes) in normal atmospheric conditions. 

However, it should be mentioned that typical rolling processes vary in time and temperature 

substantially based on the starting state of the material, deformation rate, and final product desired. 

Thus, the experiments may not be representative for all conditions or applications. Generally, with 

all production methods, the alloy must be heated to the working temperature, and thus will 

experience some time at high temperature prior to working. The authors selected 15 minutes for 

in situ experiments to allow for some growth while under significant time constraints at the 

synchrotron facility, and 30 minutes for ex situ experiments to allow for enough growth to be 

detectable by the SEM/EDS system. In practice, these times would differ to allow for full heat 

saturation of the material prior to rolling depending on the size of the initial material. Lastly other 

meaningful factors can contribute to poor workability such as initial microstructure, deformation 

rate, composition, and rolling method employed, which leaves significant research left to fully 

understand and develop methods for NiTiZr HTSMA production. In addition, the holding profiles 

for the in situ and ex situ experiments are slightly different, Figure 5.3 explains the in situ 

experiment holding profile, while the ex situ experiments were performed as single isothermal 

holds, which more closely corresponds with normal production methods. This could lead to 

differences between the two sets of results presented in this manuscript as a major shift exists in 

oxide development between 700 - 800 °C, or where appreciable phase segregation begins, meaning 

that if the phase segregation never occurs at 700 °C, even over long holding times, then likely the 

ZrO2 barrier never forms and oxidation takes a different path from the higher temperature. This is 

not likely as diffraction results show the formation of ZrO2 at 700 °C. Longer isothermal holding 
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times need to be investigated to fully understand the entire chain of oxide development in these 

alloys. 

 

5.5.2 Segregation of Oxide Structure and Diffusion 

The segregated oxide structure and the order of occurrence are also of interest. At 600 °C, 

the single macro layer exhibits a thickness of approximately 16 µm and EDS results give an 

approximate stoichiometry of (Ti,Zr)NiO. As temperature is increased to 700 °C, this layer grows 

to approximately 34 µm in addition to forming another layer at the surface of approximately 8 µm 

thick. This second layer has a composition of (Ti,Zr)NiO2, indicating a transition in oxygen content 

which is likely associated with the formation of different types of oxides which is potentially 

confirmed by the morphology of the two layers, i.e. the dendritic structure of layer 1 and the 

parallel to the surface streaky pattern in the surface layer, layer 2. Once 800 °C is reached, the 

segregation pattern is apparent. The ZrO2 has pushed to the bulk material side of the oxide layer, 

while the Ni- and Ti-oxides prefer to be near the surface. This phenomenon is explained as follows: 

The enthalpy of formation of the native oxides favors the growth of ZrO2 (-1023.16 kJ/mol) [159] 

and Ti2O (-938.72 kJ/mol) [159] over NiO (-239.74 kJ/mol) [160], but for this to occur the oxygen 

must diffuse into the material from the surface and the cation, in this case Zr and Ti, must diffuse 

upward to the surface. It has been shown that during oxidation of binary NiTi, a TiO2 scale is 

formed on the surface that acts as a protective layer against further oxidation while the Ni diffuses 

inward into the matrix creating a Ni-rich near oxide structure, Ni3Ti precipitates [161]. Similarly, 

in this study, a Ti-oxide and Ni-oxide structure are observed at the surface, but they do not readily 

grow after the ZrO2 has grown to an appreciable thickness. Since Ti is smaller than Zr, it can 

readily diffuse upward through the matrix and meet the oxygen to quickly from TiO2 at the near 
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surface. The Zr cations move slower through the matrix, due to their larger size, and thus do not 

arrive at the surface as rapidly and therefore a layer of Ti-oxide is formed on the surface. However, 

as the oxygen diffuses further in the material and the Ni is diffusing inward while Ti and Zr move 

upward at different rates, a layer of ZrO2 begins to form. Once this layer is formed, it becomes 

difficult for new Ti-cations to reach the surface as they must diffuse through the ZrO2 layer. 

Therefore, a buildup of Ti and Ti-oxide are observed just below the protective ZrO2, Figure 5.9(c). 

At this point, the near oxide structure of the bulk material has significantly changed with respect 

to the nominal composition. The Ni atoms have slowly diffused inward and created a Ni-rich 

composition like what is observed in binary NiTi [162]. This is the cause of the phase segregation. 

The now super-saturated bulk material segregates into a two-phase system of Ni-Zr rich needles 

surrounded by a Ti-Ni rich phase that is continually pushing further into the bulk as more Ni 

diffuses inward and Ti/Zr diffuse toward the surface. Eventually, the stresses and pores created by 

the diffusion of the Ni atoms above the ZrO2 interface cause the surface oxides to delaminate from 

the rest of the material as seen in Figure 5.11. This pattern of oxide segregation has also been 

reported in NiTiHf alloys [156]. 

 
Figure 5.11. Oxide delamination after 30 minutes at 1000 °C. Oxide structure falls off at the ZrO2 
interface, leaving a hard scale on the surface and subsurface region caused by alloy segregation. 
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5.5.3 Effect of Segregation on Reverse Transformation 

From Figure 5.6, it is evident that there is now exists a noticeable amount of residual 

austenite still left in the material after the oxidation cycle even though the sample wasn’t highly 

stressed or quenched. This can be explained by the inward diffusion of the Ni and the outward 

diffusion of the Zr. It is well established that increasing Ni-content lowers transformation 

temperatures in binary NiTi, and even more so in ternary NiTiZr alloys [144, 147]. Therefore, as 

NiTiZr alloys begin their oxidation routines, the local Ni-rich compositional layer, measured as 

high as approximately 60 at. % Ni, is significantly affecting the stoichiometry of the shape memory 

material at the near surface. This leads to the phase segregation seen in the micrographs presented 

in Figure 5.7, but the effect this has on the reverse transformation back to the martensitic state is 

not observed. Now that there is a mixture of the near surface non-transforming phases, a layer of 

Ni-rich shape memory material, and the approximate nominal bulk composition, a non-complete 

phase transformation is observed through the irradiated volume; however, most of the material still 

transforms as expected, i.e. as a high temperature shape memory alloy at approximately 213 °C. 

This phenomenon, like those presented earlier, can lead to detrimental effects on the processing of 

NiTi-Zr HTSMAs, as there exist many interfaces with varying degrees of compliance when large 

stresses are introduced.    

 

5.5.4 Rolling of NiTi-20 at.% Zr 

 Rolling was performed at 600, 700, 800, 900, and 1000 °C. Figure 5.12 shows all 5 samples 

after rolling. The 700, 800, and 900 °C sample performed the best during rolling experiments. 

Although it appears that the 900 °C performed the best as it has a highest thickness reduction, but 

it is a bit of a misrepresentation of the data as the 900 °C was allowed to crack to a much greater 
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degree but initiation of the cracks happened earlier during the rolling procedure, during the 3rd pass 

through the rollers. Table 5.3 presents the thickness reduction achieved and a description of the 

visible oxide formed during the rolling of equimolar NiTi-20 at.% Zr. While none of the sample 

performed well enough for any real rolling application, it is clear that rolling in the temperature 

range between 700-900 °C produces the best results and with prior microstructural control to 

remove some of the casting effects, it is likely possible to produce formable NiTi-20 at.% Zr alloys 

following proper procedures and composition control. 

 
Figure 5.12. Equimolar NiTi-20 at.% Zr after rolling at 600, 700, 800, 900, and 1000 °C 

 
 Figure 5.13 shows the rolling of the three alloys presented in Chapter 4 of this dissertation 

and illustrates the formability with respect to Ni-content. It’s clear that as Ni-content increase, the 

formability increases due to the lack of hard H-phase precipitates forming within the austenitic 

matrix and thus decreasing the flow stress.  
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Table 5.3. Measured thickness reduction and oxide description 

Temperature (°C) 600 700 800 900 1000 
% Thickness 

Reduction 6.34 15.86 15.98 37.96 8.69 

Oxide color/visual 
examination 

Black/blue 
tint, some 
brown, 
EDM cut 
still visible 
 

Dark gray/ 
black matte, 
homogenous 
growth 
 

Silvery gray, 
lighter than 700 
°C sample, 
homogenous 
growth 
 

Flat side – 
silvery gray 
with tints of 
green and 
brown on 
edges.  
 
 
Curved side – 
green silvery 
tint with 
patches of 
brown 
 

Flat side – 
silvery gray 
with clear 
distinction of 
brown to green 
near edges.  
 
Curved side – 
matte green, 
bright, patches 
of dark reddish 
brown in defect 
zones (i.e. 
crevices) 
 

 

 
Figure 5.13. Rolling of three NiTi-20 at.% Zr alloys at 800 °C in the as-cast condition. 

 

5.6 Conclusions 

A NiTi-20 at.% Zr HTSMA was subjected to in situ SR-XRD measurements during a 

thermal cycle ranging from RT to 1000 °C with short 15 minute holds. In addition, ex situ 

examination using SEM/EDS of the different oxide scales created at temperatures between 600-

1000 °C for 30 minutes were investigated, leading to the following conclusions: 
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1. In the SR-XRD experiment, a detectable amount of ZrO2 begins to form after only 15 

minutes at 700 °C, while at 800 °C a second oxide is detected which has been indexed as TiZrO4. 

In addition, the growth of (Ti,Zr)2Ni happens much more rapidly after 800 °C. This implies that 

ideal rolling temperatures may lie between 700-800 °C for equimolar NiTiZr alloys. 

2. A complex segregation of the oxide takes place which is attributed to the formation 

enthalpy of the different oxides and the relative diffusion rates of the cation species, meaning, that 

although Zr-oxide formation enthalpy is lower it is not the surface oxide because Ti oxide can 

diffuse more rapidly through the original matrix. However, once a barrier of ZrO2 is formed below 

the Ti-oxide/Ni-oxide layers, the ZrO2 can form more rapidly at the expensive of the other oxides 

since they cannot diffuse as quickly through this barrier. 

3. Ni atoms diffuse inwardly creating a Ni-rich layer just below the oxide structure. This 

Ni-rich layer, in conjunction with the ZrO2, cause a local phase separation into a layer of Ni3(Ti,Zr) 

followed by a Zr/Ni-rich needle structure between a Ti/Ni-rich phase depleted of Zr ahead of the 

nominal base material composition that can extend deep into the bulk. As a result of this 

segregation, a nonhomogeneous reverse transformation is observed and a detectable amount of 

austenite can be measured in the final diffraction pattern although the bulk of the material still 

transforms as expected.  

4. Based on these results, it is recommended that NiTi-Zr alloys should be kept below 800 

°C to avoid phase separation at the surface and the formation of (Ti,Zr)2Ni-type precipitates, but 

above 700 °C to maintain formability when trying to hot deform in a normal oxygen environment. 
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CHAPTER 6 

HIGH-ENERGY SR-XRD MEASUREMENTS DURING IN SITU AGING OF A NITI-15 

AT.% HF HIGH TEMPERATURE SHAPE MEMORY ALLOY 

6.1 Abstract 

NiTiHf high temperature shape memory alloys (HTSMAs) have begun to show 

considerable progress in their ability to be manufactured and are now on the cusp of becoming 

viable alloys for use in the aerospace industry, mainly as actuation devices. By aging the alloys at 

intermediate temperatures between 450 and 700 °C, Ni-rich NiTiHf alloys form the H-phase, a Ni-

rich nanoscale precipitate which can used to strengthen the alloy and improve the shape memory 

response. However, precipitate phase evolution and growth has not yet been studied in-situ nor 

have the effects of previous thermo-mechanical processing on their formation. In this study, H-

phase precipitate formation is observed experimentally in-situ during aging of a Ni-rich NiTiHf 

alloy using high energy synchrotron radiation X-ray diffraction (SR-XRD). The effects of prior 

thermo-mechanical treatments, i.e. hot and cold rolling, on its formation rate and coarsening rate 

are compared. It is shown that growth of the H-phase can be observed in-situ using SR-XRD and 

the H-phase formation rate seems to exhibit linear growth when aging at 550 °C while increasing 

the temperature to 650 °C shows a logarithmic trend that plateaus after approximately 1 hour of 

aging.  Other properties such as incubation time, austenite lattice strains, texture evolution, and 

overall comparison between hot and cold rolling are discussed. New potential peak age conditions 

are suggested based on the diffraction data. 

6.2 Introduction 

As discussed in Chapter 2, much work has been performed on Ni-rich NiTiHf alloys and 
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the alloy are now on the verge of becoming commercial available and viable alloys in higher 

temperature applications. Although it is known that the nanoscale H-phase is advantageous to the 

mechanical properties in many ways [10, 13]. Its formation has never been observed in situ. 

Therefore, in this study high energy synchrotron radiation X-ray diffraction (SR-XRD) 

measurements are used to observe the formation and growth of the phase during an isothermal 

hold at 550 and 650 °C. In addition, no prior literature has examined the effects of prior forming 

method on the H-phase precipitate formation. Thus, a NiTi-15 at.% Hf alloy has been hot and cold 

rolled prior to aging and the conditions are compared throughout the duration of the aging process. 

Through this a more comprehensive understanding of the H-phases formation rates and coarsening 

characteristics are provided and prior rolling conditions necessary for optimal microstructure can 

be determined. Also, the lattice strains associated with the H-phase formation are determined and 

the affected crystallographic planes presented. Lastly, DSC measurements are conducted at 

specific times during the aging process and correlated to the diffraction data. 

 

6.3 Methods 

An ingot of NiTi-15 at. % Hf was vacuum arc-melted in an inert argon environment using 

high purity Ni, Ti, and Hf at ATI Specialty Alloys and Components (Albany, OR). The ingot was 

then subsequentially cut and rolled into strips down to an approximate thickness of 1 mm, using 

both hot rolling (HR) and cold rolling (CR) methods. Two small strips of approximately 5 × 2 cm2 

were cut and sent to the University of North Texas for further examination. High-energy 

synchrotron radiation X-ray diffraction (SR-XRD) measurements were performed at the Advanced 

Photon Source (APS) in Argonne National Laboratory at the sector 11-ID-C beam line. Diffraction 

patterns were collected at a beam energy of 105.1 keV. A rectangular beam size of 0.3 × 0.3 mm2 
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was used for an exposure time of 0.1 seconds/frame. A total of 200 frames were then summed 

together to give approximately 20 seconds of total exposure time for each measurement. 

Diffraction data was collected using a Perkin Elmer amorphous silicon detector. The sample-to-

detector distance was approximately 1.8 m. The diffraction data was calibrated using a CeO2 

powder. Samples were aligned with the rolling direction perpendicular to the beam and then heated 

in a flowing argon environment at 30 °C/min using a small furnace aligned in the beam path to 

two distinct temperatures, 550 °C and 650 °C, for 4 and 3.5 hours, respectively, for a total of four 

experimental conditions CR 550, HR 550, CR 650, and HR 650 and then allowed to cool at a rate 

of 30 K/min. Experimental details are schematically illustrated in Figure 6.1. Diffraction data 

analysis was performed using a combination of Fit2D [133], custom MATLAB code [134], and 

Fiji [141], an imageJ package, for phase analysis. Rietveld diffraction peak fitting was performed 

using the open source Maud software [137] on representative diffraction patterns to find lattice 

parameters.  

Transformation temperatures (TTs) were examined using a Netzsch differential scanning 

calorimetry (DSC) 204 F1 Phoenix at a heating rate of 10 K/min while under a helium environment 

to reduce oxidation. Sample weights were kept between 20-30 mg and then thermally cycled three 

times from -50-500 °C. 

Vickers hardness measurements were performed for 10 seconds at a force of 1kgf. Data 

presented is an average of 10 measurements and error bars correspond to the standard deviation of 

the measurements. 

Transmission electron microscopy (TEM) samples were prepared using the lift-out method 

on an FEI Nova 200 Nanolab dual beam SEM/focused ion beam (FIB) and thinned to an 

appropriate thickness for TEM imaging. High angle annular dark field scanning TEM (HAADF-
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STEM) images were collected using an FEI Techai G2 F20 S-Twin 200keV field-emission S/TEM 

equipped with an EDS system to allow for compositional analysis. The HAADF detector 

specifically allows for Z-contrast imaging in STEM mode so that precipitation could easily be 

identified within the martensitic matrix. 

 

 
Figure 6.1. A schematic of the a) SR-XRD experimental details illustrating beam conditions and 
b) heating/cooling profiles for the experiment 
 

6.4 Results 

6.4.1 Differential Scanning Calorimetry (DSC) and Vickers Hardness Measurements 

Figure 6.2(a-d) shows the DSC curves for the four different conditions (CR 550, HR 550, 

CR 650, and HR 650, respectively) that were examined. Each figure illustrates the transformation 

temperatures over three cycles for 10 different aging conditions starting from as-received (0 
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minutes) up to 210 minutes at the specific temperature. Transformation temperatures in shape 

memory alloys are usually described using 6 different positions seen in the DSC peaks. Those 

positions are labeled as the austenitic start (As), austenitic peak (Ap), austenitic finish (Af), 

martensitic start (Ms), martensitic peak (Mp), and martensitic finish (Mf), where the start is the 

beginning of transformation, the peak is the peak of the transformation peak in DSC, and the finish 

is the end of the transformation. The material exhibits relatively high transformation temperatures 

in comparison to binary NiTi, as illustrated in Figure 6.2(a-d) in the DSC curves for the as-received 

material in the initial hot and cold rolled conditions. It is observed that the cold rolled NiTiHf 

displays a higher temperature for As, Ap, and Af and broader austenitic transformation than the 

hot rolled sample [23]. However, upon the completion of the first heating and cooling cycle, the 

materials show similar transformation path in subsequent heating and cooling cycles due to the 

reorientation of the strained martensitic lathes after completing a heating and cooling cycle [23]. 

It should be noted that transformation temperatures increase from the 2nd and 3rd cycle in the as-

received condition. The common trend between all the conditions is that as aging time is increased, 

transformation temperatures increase and both the martensitic and austenitic transformations 

sharpen. In addition, transformation temperatures increase with each cycle rather than decrease as 

expected with the training cycles likely due to the formation or coarsening of the H-phase 

precipitates at 500 °C and pulling some Ni from the matrix phase. This indicates that cycling to 

this high of a temperature induces a permanent change in the microstructure. Comparing the 550 

and 650 °C cases for either of the rolling conditions, it is observed that the 550 °C condition have 

a two-step transformation during the austenitic transformation through all aging times, while the 

650 °C condition shows only a single step transformation after approximately 60 minutes of aging.  

The cause of multi-step transformations in NiTi [145] and NiTiHf [146] alloys have been described 
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by other researchers and the reader is guided to those references if they are interested, but the 

physical consequences are not overly important to the alloy in applications as the multi-step 

transformations happen in a relatively short temperature window. 

 
Figure 6.2. DSC data at intermittent times during the aging process for the four conditions: (a) cold 
rolled aged at 550 °C, (b) cold rolled aged at 650 °C, (c) hot rolled aged at 550 °C, and (d) hot 
rolled aged at 650 °C. Samples were cycled from -50 to 500 °C for cycle 1 (black curves), 2 (green 
curves), and 3 (red curves). 

 

Figure 6.3 presents Vickers hardness measurements of the samples at different aging times. 

It is apparent from the graph that significant hardening has been achieved during the aging of the 
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samples. In the case of the 650 °C conditions, the hardness begins to fall after 15 minutes showing 

that the material has reached an overaged state rather quickly. In to the case of the 550 °C 

condition, the hardness remains nearly constant for the duration of the aging until 240 minutes 

where it drops rapidly due to overaging. 

 
Figure 6.3. Vickers hardness measurements of the CR and HR samples for aging times at 550 and 
650 °C, respectively 
 

6.4.2 Synchrotron Radiation X-Ray Diffraction Measurements (SR-XRD) 

For the purpose of brevity, a full explanation of only the CR at 550 °C for four hours will 

be fully discussed in this section, and then changes from this condition will be elucidated to make 

comparisons with the three other conditions; however, the starting conditions of the cold and hot 

rolled samples will also be discussed to present any differences in the initial diffraction data. 



104 
 

6.4.2.1 Initial Room Temperature Martensite and Heating from RT to Hold T  

Figure 6.4(a-c) shows one quarter of the Debye-Scherrer diffraction patterns for the CR 

550 condition at three different stages during the in situ SR-XRD experiment, the initial room 

temperature (RT) pattern, the first pattern when the material reaches 550 °C, and the RT pattern 

after aging, respectively.  A high amount of texture, i.e. oriented diffraction rings, in both the 

martensitic and austenitic phases is evident in the Debye-Scherrer diffraction patterns due to the 

rolling process, which is expected. Examining Figure 6.4(a), the martensitic phase is highly aligned 

with the (001) planes in the rolling direction as is the case for binary NiTi [163]. Figure 6.5(a-c) 

presents the 1-d integrations over the entire Debye-Scherrer diffraction pattern for the CR 550 

condition in the initial room temperature (RT) pattern, the first pattern when the material reaches 

550 °C, and the RT pattern after aging, respectively. Figure 6.5(a) clearly shows that the 

microstructure consists of predominantly of martensite with a small amount of residual austenite. 

The Rietveld diffraction peak fitting confirms this result, showing a martensitic volume fraction 

which is greater than 99%. It should be mentioned that the initial RT diffraction patterns for the 

hot rolled samples exhibit the same texture with the cold rolled showing slightly more diffuse 

diffraction peaks indicating a large amount of strain in the martensitic structure. Table 6.1 presents 

the refined lattice parameters to four significant figures for the as-received and longest aging times 

(210 and 240 mins) samples from the in situ SR-XRD experiments. It is difficult to produce more 

exact data as the strained and textured martensitic phases create “wavy” reflections causing a 

significant broadening in the integrated 1-d diffraction patterns and thus decreasing the resolution 

of the overall measurement. 
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Figure 6.4. One quarter of the Debye-Scherrer diffraction patterns of the CR 550 condition at (a) 
room temperature (RT) before aging, (b) initially reaching 550 °C, and (c) RT after aging. Rolling 
direction (RD) and transverse direction (TD) indicated on the Debye-Scherrer diffraction pattern. 
The austenite (A), martensite (M), and H-phase (H) reflections labeled with the appropriate (hkl) 
planes. 
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Figure 6.5. Integrated 1-d lineouts over the entire Debye-Scherrer diffraction pattern for the CR 
550 condition at (a) room temperature (RT) before aging, (b) initially reaching 550 °C, and (c) RT 
after aging. The austenite (A), martensite (M), and H-phase (H) reflections labeled with the 
appropriate (hkl) planes. 

 

Table 6.1.  Rietveld refinement of the B19' martensite phase before and after aging at 550 and 650 
°C in the cold rolled and hot rolled conditions. 

 Cold Rolled Hot Rolled 
 As-received 550 °C 240 

min 
650 °C 210 

min 
As-

received 
550 °C 240 

min 
650 °C 210 

min 
a 

(Å) 4.846 (0.01) 4.846 (0.01) 4.839 (0.01) 4.845 (0.09) 4.840 (0.03) 4.839 (0.01) 

b 
(Å) 4.095 (0.02) 4.117 (0.01) 4.113 (0.01) 4.101 (0.08) 4.122 (0.02) 4.113 (0.01) 

c 
(Å) 3.045 (0.02) 3.019 (0.01) 3.036 (0.01) 3.044 (0.02) 3.032 (0.01) 3.036(0.01) 

          

beta 
(°) 103.0 (0.5) 103.2 (0.2) 103.1 (0.2) 102.8 (1.0) 103.5 (0.4) 103.8 (0.1) 
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Although not shown here, SR-XRD patterns from the heating ramp show that the austenitic 

finish temperature occurs at approximately 320 °C for the cold rolled material. This result is 

significantly different from the value measured using DSC, Af = 218 °C; however, it is possible 

that a very small fraction of the martensite is still being measured or the detector has a slight 

residual “memory” of the reflections still on the detector from the prolonged exposure during the 

initial heating. Regardless, this does not have any real effect on the rest of the measurement or the 

overall shape memory properties of the alloys. This high transformation temperature, when 

compared to the hot rolled samples (Af = 180 °C measured by diffraction and Af = 146 °C by 

DSC), is due to the higher residual strain in the lattice associated with the CR process and upon 

first heating will drop dramatically as the martensite will reorient into a less strained morphology 

during cooling [23], which is confirmed by the DSC measurements presented in the previous 

section. 

Observing the growth of the H-phase during the heating ramp from RT to the hold 

temperature, by the methods discussed in the next section, allows for the observation of the initial 

nucleation/growth. Figure 6.6(a-b) presents the fitted H-phase (220)/(206) and the particle size vs. 

temperature for the CR 550 °C condition. It is observed that there is likely a small amount of 

residual H-phase present in the material likely due to the homogenization treatment before cold 

rolling. As the alloy is heated, it is shown that there exists a small reflection from the H-phase 

(220)/(206) present in the initial room temperature pattern that increases linearly at slow rate. 

However, a step-change is observed in the estimated particle size between 175 – 230 °C. 

Examination of the hot rolled samples also shows a similar phenomenon between the 120 – 200 

°C, but the peak intensity also shows a step change rather than a linear trend. 
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Figure 6.6. Fitted intensity and calculated estimated particle size in nm for the CR 550 °C condition 
during the initial ramp up to 550 °C. 
 

6.4.2.2 Isothermal Holding of Samples at 550 °C 

Figure 6.4(b) presents one quarter of the Debye-Scherrer diffraction pattern upon initially 

reaching the isothermal holding temperature of 550 °C for the cold rolled sample, which will be 

the focus of the discussion from this point forward. The sample exhibits a fully austenitic and 

textured structure due to the rolling process. The texture shows that the (110) and the (200) planes 

align along the rolling direction and transverse direction, respectively, as like previous results on 
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binary NiTi [163]. The phase of interest in the current study is specifically the H-phase, which has 

been structurally described by Yang et al. [76] and reported by many other researchers in NiTiZr 

and NiTiHf alloys [13, 106, 109-112, 114, 115, 117]. Upon reaching the aging temperature, there 

exist a small but measurable amount of H-phase evident by the isolated (220)/(206) peak centered 

on 3.58 Å that can be used for intensity and shape fitting of the peak, thus, providing a 

representative measurement of amount and size of the H-phase.  

 
Figure 6.7. 1-d integration of the CR 550 °C sample at 0, 10, 20, 30, 40, 50, and 60 minutes. It is 
shown that there exist a small reflection from the H-phase (220)/(206)  upon reaching the initial 
holding temperature. As time is increased, the peak grows indicating a growth of the H-phase 
precipitates. The column in (b) shows the background corrected fitted intensity for the peak. 
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Figure 6.7(a-b) shows the integrated 1-d diffraction patterns at 10 minute intervals for the 

first 60 minutes of heating during the isothermal hold at 550 °C for the cold rolled sample from d-

spacing range 1 - 4 Å and 3.4 – 3.8 Å, respectively. It is clear that a reflection from the H-phase 

does exist already and is growing as the alloy is held at temperature. A linear background in the 

peak region was defined, and then the peak was fit to a pseudo-Voigt function from which the 

shape, intensity, FWHM, and center were found. The fitted peak intensity to 3 significant figures 

for each diffraction pattern is presented in Figure 6.7(b) as well to further confirm the change as it 

may be difficult to completely elucidate visually from the raw data. Analyzing every peak 

subsequently throughout the duration of the measurement leads to the ability to track the H-phase 

growth over the duration of the experiment. 

 
Figure 6.8. The fitted H-phase intensity for both the CR 550 and 650 °C conditions. 
 

As illustrated in Figure 6.8, the fitted peak intensity for both the cold rolled 550 and 650 

°C displays an upward trend over the entire duration of the in situ experimental diffraction data. 

At both temperatures, the intensity of the H-phase (220)/(206) reflection is approximately the same 
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at the beginning of the isothermal holding temperatures, but obviously slightly higher at 650 °C 

due to the increased time required to reach the aging temperature. In the case of the 550 °C aging, 

the peak intensity climbs at a slow parabolic rate throughout the duration of the experiment, while 

the 650 °C aging rapidly increases in the initial 10 minutes of aging then levels off and begins to 

grow at a similar rate to that of the 550 °C case. 

Equation 6.1, the Scherrer equation [164] [165], allows for the estimation particle size of a 

crystalline phase based on the full width half maximum (FWHM) of an observed reflection by: 

 𝜏𝜏 =  
𝐾𝐾𝜆𝜆

𝛽𝛽 cos 𝜃𝜃
 (6.1) 

where τ is the particle size, λ is the incident wavelength, β is the integral breadth of the reflection 

in radians, θ is the Bragg angle, and K is a dimensionless shape factor which is set to equal to 0.89 

for a spherical particle. The integral breadth, β, of a Gaussian distribution can be related to FWHM 

by the following equation: 

 𝛽𝛽 = � 
𝜋𝜋

4 ln 2
𝐸𝐸𝐹𝐹𝐹𝐹𝐹𝐹 (6.2) 

Furthermore, the observed integral breadth (obs) must be corrected for the intrinsic instrument 

broadening (ins) at the appropriate Bragg angle using a standard sample, the calibration is shown 

in Figure 6.9, by Equation (6.3): 

 𝛽𝛽𝑜𝑜𝑏𝑏𝑠𝑠2 =  𝛽𝛽𝑠𝑠𝑖𝑖𝑠𝑠𝑠𝑠/𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑖𝑖𝑠𝑠
2 +  𝛽𝛽𝑖𝑖𝑠𝑠𝑠𝑠2  (6.3) 

where βsize/strain is the broadening associated with the particle size and residual strain. In this case, 

since the particles are expected to be on the order of less than 100 nm and only one reflection is 

fitted, it is assumed that the majority of the broadening is due to the small size of the H-phase 

precipitates. With more visible reflections, it would be possible to separate the size and strain 

portions of the broadening by using a Williamson-Hall type analysis [166]. 
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Figure 6.9. Fitted FWHM for a CeO2 standard used as a calibration to correct the β term in equation 
6.1. 

 

Figure 6.10 shows the full results of the particle size analysis for the CR 550, CR 650, HR 

550, and HR 650 conditions. The data shows two separate trends. The first trend is that when aging 

at 550 °C, the particles do not seem to coarsen during the duration of the experiment and the second 

trend is that aging at 650 °C creates a positive linear trend of particle size with respect to aging 

time.  

Along with tracking the H-phase precipitate growth, lattice strains and changes in the 

austenitic structure are also tracked by fitting peak intensity, shape, and position with respect to 

azimuthal angle in the 2-d diffraction pattern. The fitting of the austenite peaks will be presented 

and discussed in the next section with respect to the growth and coarsening of the H-phase 

precipitate in the austenitic matrix. 

Figure 6.4(c) presents one quarter of the Debye-Scherrer pattern and Figure 6.5(c) shows 

the integrated 1-d lineout for the CR 550 °C at room temperature after aging, respectively. The 
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diffraction pattern exhibits a structure mainly consisting of martensite with some amount austenite 

and H-phase. Since the H-phase forms structurally off of the austenite, it is difficult to separate the 

main peaks in the two structures, the austenite (110) and the H-phase (040)/(515). In addition, 

texture associated with the rolling process still exists after the entire heating/holding/cooling 

process. 

 
Figure 6.10. Calculated estimated particle size in nm for all four conditions. K = 0.89 

 

6.5 Discussion 

6.5.1 H-Phase Growth Rate and Transformation Temperature Change at 550 and 650 °C 

Figure 6.11 presents the intensity ratio of the H-phase (220)/(206) and the austenite (100), 

i.e. H(220)/(206):A(100). The ratio is defined as: 
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𝐼𝐼𝐻𝐻(220)

𝐼𝐼𝐴𝐴(100)
 (6.4) 

The ratio is arbitrarily set to zero intensity at the beginning of the hold time to show only the 

growth rate during the isothermal holding at 550 and 650 °C, respectively. The shift in intensity 

required to set the value to zero is larger in the 650 °C samples than in the 550 °C samples due to 

the increased time associated with initial heating ramp, but only by an absolute value of 0.006 and 

therefore effectively does not change the overall data. As illustrated in Figure 6.11, the H-phase 

precipitates form more rapidly at 650 °C than at 550 °C, which is expected. Based on the data 

presented in Figure 6.11, curve fitting equations can be generated for the four different conditions 

and are presented in Table 6.2 along with the R-squared values. The aging at 650 °C conditions 

are best fit using a logarithmic function, while the aging at 550 °C conditions are best fit using a 

quadratic function. Although this seems like a major difference between the two conditions, it is 

not as drastic as it first appears. Closer examination of Figure 6.11 reveals that, after approximately 

50 minutes, the rate of change of the intensity ratio, i.e. the slope, becomes approximately the same 

whether aging at 550 or 650 °C. This result leads to the hypothesis that the main difference is 

actually the incubation time, around 1 minute for 650 °C and 8 minutes for 550 °C, for the 

precipitates to reach the critical size for the phase to form at a measureable rate. After this initial 

incubation, the increase in weight fraction over time, which is directly related to the plotted 

intensity ratio, becomes similar although the 650 °C case does grow slightly faster even after the 

initial incubation time. Thus, it is likely that an initial segregation or clustering of the appropriate 

atoms by diffusion is happening before the complete nucleation of the H-phase precipitates. This 

idea has been proposed by other researchers as well and defined as an H’-phase [115]. Overall 

incubation energy (Qinc) for this incubation process from the two conditions, i.e. CR 550 and CR 

650, can be calculated and yields a value of 131 kJ/mol. 
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Figure 6.11. The intensity ratio from the H-phase (206)/(220) : austenite (100) for the CR 550, CR 
650, HR 550, and HR650 samples on a log(time) scale. 
 

Table 6.2. Equation fitting of H-phase (206)/(220) : austenite (100) intensity ratio from Figure 
6.11. 

 CR 550 HR 550 CR 650 HR 650 

y(x) = -9.17e-7x2 + 4.66e-6x + 
0.0409 

-4.47e-7x2 + 3.26e-4x + 
0.0403 

0.0267ln(x) + 
0.0317 

0.0256 ln(x) + 
0.026 

R2 0.97 0.93 0.96 0.96 
 

Thus far, only the kinetics of precipitation has been discussed without mentioning 

thermodynamic factors. The stability of the H-phase was discussed in Chapter 4 and it was 

determined that there was dissolution of the particles at 800 °C, meaning the phase will not 



116 
 

nucleate or grow above this temperature. From the thermodynamics point of view, as the sample 

is aged further below the dissolution temperature, or higher undercooling values, the driving force 

for nucleation increases and therefore one would expect faster nucleation at 550 °C rather than 650 

°C; however, the opposite is observed in the SR-XRD data. The data and the thermodynamics 

prediction can be reconciled by two potential mechanisms. The first is that the particles do nucleate 

faster in the 550 °C but are too small to be measured by the diffraction data and the second, which 

is the position of the author, is that the temperature is at or close to the nose of the time-

temperature-transformation curve at 650 °C and slightly below it at 550 °C. In the second case, the 

reason for the slower nucleation rate despite the higher driving force due to larger undercooling is 

because the nucleation is a diffusion-based process and thus slower at 550 °C rather than at 650 

°C; however, more work, specifically more temperatures, are needed to confirm the dominant 

mechanism. 

Figure 6.12(a-b) presents the austenitic and martensitic peak positions for the second cycle 

with respect to aging time on a log(time) scale. Doing so results in a linear trend and fitting shows 

that the slopes being close in all four conditions, approximately 22, 18, 18, and 15 °C / log(min) 

for the Ap for aging at 550 °C and 650 °C and the Mp for aging at 550 °C and 650 °C, respectively. 

It is observed that there is little difference between the hot rolled and cold rolled conditions with 

respect to transformation temperatures. These results at first glance can be startling as the 

difference between hot rolling and cold rolling is dramatic on a microstructural level in general; 

but since the H-phase precipitation is a diffusion-based process and that the large Hf atoms move 

slowly through the structure to the Ti or Ni species regardless of prior working condition, it does 

not have a large noticeable change in the formation rate of the H-phase precipitates. 
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Comparing the results from Figure 6.12 and 6.13, it is shown that the formation of H-phase 

is directly responsible for the increase in transformation temperatures observed in Ni-rich NiTiHf 

and NiTiZr alloys as many researchers have suggested [106, 109, 111, 114, 115, 117]. With the 

unique data set produced by the in situ experiment presented here, it is clearly observed that both 

the weight fraction, intensity ratio given in Figure 6.11, and the transformation temperatures 

increase at a linear rate, for the two aging temperatures examined here, when aging time is plotted 

on a log scale regardless of prior mechanical processing, i.e. hot or cold rolling. Previous 

researchers [106, 109, 111, 114, 115, 117] have suggested that the increase in transformation 

temperatures is a mixture of the matrix composition change and the inherent strain associated with 

the formation of the precipitates; however, looking at Figures 6.10, 6.11, and 6.12, the case can be 

made that the compositional change in the matrix is the driving force in the transformation 

temperature change for NiTiHf and NiTiZr alloys as the H-phase precipitates pull Ni from the 

martensitic matrix. The material will alleviate more lattice strain at 650 °C within the austenitic 

matrix (which will be shown true in section 6.5.3), and therefore, the lattice strain in the martensitic 

matrix at lower temperature. Also, at 650 °C there will be less average strain between martensitic 

lathes as the precipitates coarsen. Therefore, when the material is aged at 550 °C, due to the higher 

strain resisting the austenitic transformation; it would indicate a noticeable difference in the rate 

of transformation temperature change between the 550 and 650 °C conditions. However, 

examining Figure 6.11, it is shown that the intensity ratio climbs at approximately the same rate 

after the initial incubation process. In addition, it was observed in Figure 6.10 that the precipitates 

coarsen at 650 °C and coarsen less at 550 °C, thus the H-phase precipitation at 550 °C results in a 

larger number of smaller precipitates and therefore more inherent strain. Thus, since it is observed 

that the transformation temperatures increase at approximately the same rate regardless of aging 
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temperature and prior working condition, the main driving force for this change must be the 

compositional change in the matrix. This hypothesis makes sense as it has been shown in other 

work that even minor changes in Ni-content create large differences in solutionized NiTiHf [13] 

and NiTiZr [147] alloy transformation temperatures implying that they are incredibly composition 

sensitive even more composition sensitive than binary NiTi [144]. 

 
Figure 6.12. The (a) austenitic peak (Ap) temperature and the (b) martensitic peak (Mp) temperature 
for CR 550, CR 650, HR 550, and HR 650 samples at various times during the aging profiles. 



119 
 

6.5.2 H-Phase Size with Respect to Temperature and Prior Rolling Condition 

Figure 6.10 presents the estimated particle size of the H-phase based on the FWHM of the 

fitted peak. It is clear that the particle size increases slowly during aging at 650 °C, while it is 

observed that the FWHM remains stable during aging at 550 °C, suggesting that the particle size 

is constant. Although the absolute size is likely not an entirely accurate estimate, the trends are 

valid. Figure 6.13(a-c) present a high angular annular dark field scanning transmission microscopy 

(HAADF-STEM) image of the hot rolled sample aged at 550 °C for 210 minutes, 650 °C for 15 

minutes, and 650 °C for 210 minutes. HAADF-STEM imaging specifically creates an image that 

produces a Z-contrast, atomic number. As shown in Figure 6.13(a), a large density of spherical H-

phase particles exists on the order of approximately 10-15 nm with a higher amount of Hf than the 

matrix phase, which is the case observed in H-phase precipitates in previous studies [106, 110, 

111, 115, 117]. Examining Figure 6.13(b), aging at 650 °C for 15 minutes yields a similar result 

with a large density of spherical 10-15 nm H-phase particles dispersed throughout the martensitic 

matrix. However, in Figure 6.13(c), hot rolled aged at 650 °C for 210 minutes, the H-phase 

precipitates have grown larger. The H-phase now measures approximately 63 ± 16 nm in the long 

axis and 23 ± 5 nm in the short axis, and exhibit a lenticular shape. From Figure 6.13(a-c) it is 

observed that aging at 550 °C causes little coarsening and thus is the basis for the peak age as 

described by others [106, 110, 112, 115]. However, it is seen that a similar microstructure can be 

produced by aging at 650 °C for 15 minutes due to the shorter incubation time associated with the 

higher temperature. Thus this supports the in situ SR-XRD results. Although the estimate from 

SR-XRD is approximately 3 times the size of the actual particles in the 550 °C for 210 minutes 

and 650 °C for 15 minutes, 63.7 ± 3.1 nm, this deviation in values makes sense as strain, sample 

thickness, and particle size all contribute to the FWHM and in this case cannot be decoupled. 
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Comparing the hot rolled and cold rolled conditions using the SR-XRD data, it is observed that 

the cold rolling conditions produce slightly smaller particles than the hot rolled conditions. When 

the hot rolled material is aged at 550 °C, the estimated precipitate size is 63.7 ± 3.1 nm throughout 

the duration of the experiment, while the cold rolled material aged at 550 °C yields an estimate of 

approximately 56.8 ± 3.2 nm. The same trend is observed in the samples aged at 650 °C; the hot 

rolled samples exhibit larger estimated particles size at the end of the experiment (approximately 

80.9 ± 1.0 nm), while the cold rolled samples show slightly smaller sizes (78.3 ± 1.0 nm). 

  

 
Figure 6.13. . HAADF-STEM image for the hot rolled at (a) 550 °C for 210 minutes and (b) 650 
°C for 15 minutes and (c) 650 °C for 210 minutes of aging.  The white particles correspond to 
the H-phase precipitates. The arrows show examples of the H-phase precipitates. 
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6.5.3 Lattice Change Measurements in the B2 Austenite Phase 

Figure 6.14(a-d) presents the relative lattice strain change for the austenite (100), (110), 

(111), and (210) planes for the four conditions: CR 550, CR 650, HR 550 and HR 650.  

 
Figure 6.14. Relative lattice strain for the austenite (a) (100), (b) (110), (c) (111), and (d) (210) 
planes for the four conditions: CR 550, CR 650, HR 550, and HR 650. 
 

The relative lattice strain was calculated as the mean fit strain with the L0 being the initial pattern 

at time = 0 minutes during the isothermal hold. The two common trends between all of the 

conditions are: (1) the cold rolled conditions change more rapidly and to a greater degree along all 

planes and (2) the relative lattice strain change is greater during aging at 650 °C than at 550 °C. 

Both of these results are expected as the cold rolled samples have more initial strain to potentially 

relieve, which can be relieved more rapidly at higher temperatures, provided no other precipitation, 

transformation, or recrystallization is activated. While the austenite (100) planes show an expected 
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result of the lattice spacing shrinking over the holding time, the other austenitic planes show a few 

interesting deviations from the expected result. The HR 650 condition in the austenite (110), (111), 

and (210) planes shows an initial enlargement of the lattice followed by a rapid shrinking. Since 

this phenomenon occurs in all three of these austenite planes, the rest of the discussion will be 

focused on the austenite (111) plane as it is seen in both the hot rolled and cold rolled samples 

when aging at 650 °C. 

Figure 6.15(a-b) presents two separate graphs of the hot and cold rolled samples aged at 

650 °C related to relative lattice strain of the austenite (111) plane and a) the intensity ratio of the 

H-phase (206)/(220):Austenite(100) and b) the particle size.. Examination of these two graphs 

reveals that the initial jump relative lattice strain corresponds well with the initial incubation time 

for the H-phase precipitates in both cases, while the subsequent fall is associated with the 

coarsening of the H-phase precipitates and linear growth of the intensity. Through these 

observations, it is suggested that the initial rise in lattice strain is due to the relatively rapid 

nucleation of a large number of H-phase precipitates of small size that create a large strain within 

the austenitic matrix but is quickly relieved as the particle size begins to increase. Further 

examination of the 550 °C conditions also reveals an increase in the lattice strain as more small H-

phase precipitates from within the austenitic matrix but do not grow. As a last point, the relative 

lattice strain in the austenite (100) plane does not show the same trend because the H-phase grows 

off of the (100) lattice planes and is fully coherent with that plane [76]. 

Bi-strain analysis was also performed but no trends were apparent within the data sets that 

were different from the relative lattice strain analysis. Therefore, these will not be discussed but 

instead will be presented in appendix C and the reader is directed to this if they wish to see the 

results. 
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Figure 6.15. (a) The offset intensity ratio and the relative lattice strain vs. log(time) and (b) the 
estimated particle size and the relative lattice strain vs. log(time) for the CR and HR 650 °C 
conditions. 
 

6.5.4 Texture Change in the Austenite during the Isothermal Holding 

As already presented early, the materials become almost indistinguishable after aging at 

550 °C and the same is true for the 650 °C conditions regardless of either hot rolling or cold rolling. 

To further quantify and look for any changes in the austenitic structure during aging, the intensity 

profile vs. the azimuthal angle of the full Debye-Scherrer diffraction patterns can be examined. 

Figure 6.16(a-b) shows the CR 550 and 650 °C intensity profile at the being and end of the hold 
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for the austenite (100) peak. From this data, it can be concluded that both aging at 550 and 650 °C 

is below the recrystallization temperature and neither results in a change of the prior rolling texture. 

The intensity profiles before and after aging are identical within statistical error, indicating that 

any benefit from the textured structure is retained even after aging at 650 °C for 240 minutes. In 

addition to the precipitates forming within the entirety of the grain boundary, it should be noted 

that the H-phase precipitates also act as boundaries and/or obstacles in the recrystallization 

process, thereby explaining why there is not a measurable change in the texture during the aging 

profile.  

 
Figure 6.16. Intensity profile of the austenite (100) with respect to azimuthal angle for (a) the cold 
rolled 550 °C  and (b) hot rolled 650 °C at the beginning of the hold time (solid black line) and the 
end of the hold time (dashed red line). 
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6.6 Conclusions 

SR-XRD measurements were collected during in situ aging at two distinct temperatures, 

550 °C and 650 °C, of a NiTi-15 at. % Hf alloy after cold and hot rolling. The following 

conclusions can be made: 

1) The nanoscale H-phase precipitate present in Ni-rich NiTi-Hf/Zr can be observed in 

situ using X-ray diffraction, even though the main peak observed by other researchers is directly 

under the austenite (110) plane. Although subtle and low in intensity, the (206)/(220) H-phase 

planes are isolated from both the B19’ and B2 planes allowing for identification and by logarithmic 

plotting of the intensity to enhance visibility. 

2) The increase in transformation temperatures observed due to the formation of the H-

phase is primarily due to the compositional change in the matrix associated with the rapid depletion 

of Ni as more H-phase particles are formed within the structure. 

3) Growth of the H-phase behaves slightly parabolic, almost linear, when aging at 550 °C, 

over the entire 240 minutes studied in this experiment, while the behavior exhibits a logarithmic 

growth rate at 650 °C for the 240 minutes examined. In addition, the H-phase intensity ratio, which 

can be related to weight fraction, is equal to the peak condition intensity ratio, 550 °C for 210 

minutes, after only approximately 15 minutes when aging temperatures are increased to 650 °C 

and double at the end of the 240 minutes. However, the main difference in the growth rate is the 

initial incubation time of the H-phase precipitates which happens much more rapidly during aging 

at 650 °C. 

4) By estimation of particle size using the Scherrer equation, it is observed that there is 

little to no coarsening of the H-phase during aging at 550 °C for 240 minutes, while a linear 
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coarsening is observed during aging at 650 °C, leading to an approximate 25-30 % increase in 

precipitate size after 210 minutes, from 70 nm to 90 nm spheres. 

5) The SR-XRD results indicate that prior rolling conditions little effect on the H-phase 

growth or coarsening rate. However, cold rolled samples due show a small decrease in overall size 

compared to hot rolled samples. In addition, there is no measureable texture change due to aging 

at either 550 or 650 °C indicating that both of these temperatures are well below the 

recrystallization temperature. 

6) As expected, the cold rolled samples exhibit larger lattice strains and higher 

transformation temperatures during the first thermal cycle; however, relief of strain occurs at a 

much faster rate when aging at 650 °C. In addition, most of the lattice planes show a linear relief 

of hydrostatic lattice strain at 550 °C, while the relief is much more rapid at 650 °C and exhibits a 

parabolic shape, which is most prominent in the cold rolled sample aged at 650 °C. 

7) An initial expansion of the lattice spacing of the austenite (111) plane exists that is 

believed to be attributed to the relatively rapid nucleation of a large number of H-phase precipitates 

of small size that create a large strain within the austenitic matrix but is quickly relieved as the 

particle size begins to increase at 650 °C. A similar phenomenon is observed at 550 °C but much 

less pronounced since the H-phase is nucleating much more slowly. 
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CHAPTER 7 

CONCLUSIONS AND FUTURE WORK 

7.1 Conclusions 

In the present study, differential scanning calorimetry (DSC) and high-energy X-ray 

diffraction (XRD) have been used to investigate the stress-free transformation temperatures (TTs), 

precipitation paths, high temperature oxidation, and formability of NiTi-20 at.% Zr. In addition, 

formation and coarsening rate of the H-phase precipitate in cold and hot rolled Ni-rich NiTi-at.% 

Hf have been examined in situ by X-ray diffraction. 

In the first part of this work, the effects of Ni-content in NiTi-20 at.% Zr on the 

transformation temperature were studied and precipitate phases delineated as a function of 

temperature and composition. It was determined that small changes in the at.% Ni have a dramatic 

effect on the TTs in the ternary NiTi-Zr system. A small change from 49.8 – 50.2 at. % Ni in NiTi-

20 at.% Zr, causes a drop of 110 °C in the Af temperature which when compared to binary NiTi of 

the same Ni-content is approximately 3 times as sensitive, the binary NiTi systems Af drops 36 °C 

over the same range. This drastic drop implies that compositions control is even more important 

in NiTi-Zr alloys as Zr content is increased. However, the positive side of this conclusion is that 

TT can be tuned over a large range for a wide array of applications depending on the desired effect 

and environment. It was directly shown through in situ XRD measurements and High resolution 

scanning transmission microscopy that slightly Ni-rich compositions exhibit the formation of a 

similar H-phase precipitate seen in NiTiHf system {ref] causing an increase in TTs as Ni-content 

is pulled from the matrix phase and into the precipitates. However, these precipitates can be 

removed from the structure by annealing at 800 °C. In slightly Ni-lean alloys, TTs lower when the 

alloys are aged as the formation of (Ti,Zr)4Ni2Ox type precipitates are favorable over the H-phase, 
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thus pulling Ti from the matrix phase and causing the decrease in TTs. Equimolar composition do 

not respond much to aging and thus TTs are relatively unchanged. This leads to the hypothesis that 

both the Ni-rich and Ni-lean alloys are slowly pushing towards the equilibrium composition, 

approximately equimolar. Lastly, small amount of the H-phase were observed in all three 

compositions (Ni-lean, equimolar, and Ni-rich) and it was found that the H-phase exhibits a 

variable composition with respect to matrix composition explaining the wide array of reported 

compositions in NiTiHf and NiTiZr studies. 

 Following the first study, the equimolar composition (Ni50Ti30Zr20) was specifically 

examined to determine potential for conventional rolling processes in air. Using high-energy XRD, 

phase and oxide growth were measured in situ at different temperatures and it was observed that 

temperatures above 900 °C caused the formation of multiple detrimental oxide phases and the 

rapid growth of (Ti,Zr)4Ni2Ox, implying that rolling temperatures should be kept below 900 °C. 

Further examination of the oxidation characteristics using SEM showed that temperatures at or 

above 800 °C  for 30 minutes caused the selective oxidation of Ti and Zr, mainly Zr, creating a 

large rise in Ni-content at the near oxide surface, up to 60 at.% Ni-content with the matrix at 50 

at. %. This large change promotes phase segregation at the oxide/bulk interface into a two phase 

region composed of the shape memory matrix and the hard (Ti,Zr)3Ni2 type precipitates. This hard 

two phase region and the complex oxide scales create a lack of hot formability in NiTi-20 at.% Zr 

and thus rolling temperatures must be kept below 800 °C to avoid oxidation and thereby phase 

segregation. However, a layer of ZrO2 formed at the bulk/oxide interface acts as a barrier for further 

oxidation due to the relative diffusion of Ti and O through the ZrO2 and likely can be used to slow 

further oxidation if promoted correctly. During rolling attempts of the other alloys, i.e. the Ni-rich 

and Ni-lean compositions in Chapter 4, it was observed that Ni-lean compositions roll the easiest 
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and Ni-lean the worst. This is explained by the formation of hard H-phase precipitates growing 

rapidly at 700 °C and the surface oxidation/phase segregation at 800 °C, meaning that there is an 

ideal temperature between the two that will yield the best results. 

 Since there was difficulty in processing the alloys presented in Chapter 4 and 5, commercial 

Ni-rich NiTi-15 at.% Hf alloys both cold and hot rolled were produced by ATI Specialty Alloys 

and Components were examined to investigate the precipitation of the H-phase in situ using XRD 

based on two temperatures and prior rolling condition. It was found that the growth of the 

nanoscale H-phase, although subtle, could be measured and tracked during the aging. It was 

determined that prior working method had little effect on the formation or coarsening rate of the 

H-phase, but cold rolling allowed for the precipitation of slightly smaller precipitates. It was also 

determined that the main difference in the formation rate between aging at 550 and 650 °C is the 

length of the incubation period for the precipitates to start nucleating which was approximately 8 

times longer at 550 °C. However, the coarsening characteristics are very different as the 

precipitates coarsen very little at 550 °C and continually coarsen at 650 °C. In addition, the 

nucleation of the H-phase precipitates cause a lattice expansion in the austenite (110), (111), and 

(210) planes which is relieved as the particles coarsen over time. Lastly, it is directly determined 

that the main driving force for the change in TTs due to the formation of the H-phase precipitates 

is the composition change associated with their formation.  

 

7.2 Future Work 

 Further work on NiTiZr and NiTiHf based HTSMAs is still needed to fully understand the 

processability and precipitation of the nanoscale H-phase which will facilitate their ability to be 
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produced as commercial options as cost-effective HTSMAs. Some recommendations for future 

work are listed below: 

1. It was shown that minor improvements can be made in the processability of NiTi-20 

at. % Zr alloys by rolling in the recommended temperature range (700-800 °C), however the effect 

of Zr content and other alloying elements, specifically Cu and Nb, on the processability has never 

been investigated to the author’s knowledge. Lower amounts of Zr will definitely increase the 

processabiltiy of the alloy and it is hypothesized that by adding small amounts of ductile Nb to the 

alloy, the processability would increase due to segregated pockets of Nb taking the plastic load 

during forming. Although this will likely lower transformation temperatures and work output it 

can be offset by thermo-mechanical treatments. Adding Cu is hypothesized to stabilize the 

transformation over many cycles, overcoming the poor dimensional stability associated with 

NiTiZr alloys. 

2. Once crack-free and solutionized samples can be produced, mechanical testing of the 

NiTi-20 at.% Zr alloys needs to be performed to fully characterize the shape memory properties 

under load and high temperatures as a function of Ni-content. Also, merits such as Md, the 

temperature at which stress induced martensite can no longer happen, should be investigated and 

characterized. 

3. Long term aging (days to months) studies at working temperatures (200-350 °C) for 

NiTiHf and NiTiZr to characterize changes in microstructure and shape memory properties over 

time. 

4. Mechanical testing, isobaric and isothermal loading, of Ni-rich NiTi-15 at.% Hf to 

investigate shape memory properties and relate to SR-XRD data. 
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5. Characterize the fatigue properties, actuation fatigue [125] and pseudoelastic fatigue, 

of Ni-rich NiTi-15 at.% Hf when the alloy is aged at 550 °C for 210 minutes and 650 °C for 15 

minutes. 

6. Load partitioning study using in situ SR-XRD on peak aged and overaged Ni-rich 

NiTiHf or NiTiZr alloys to determine how the H-phase and the matrix phase distribute the load as 

a function of H-phase particle size. 

7. Atom probe tomography study of H-phase composition with respect to Ni-content in 

Ni-rich, Equimolar, and Ni-lean NiTiZr/Hf alloys. 



133 

APPENDIX A  

CHAPTER 4 EXTRA FIGURES



134 
 

 
Figure A.1. DSC data for three NiTi-25at. % Zr alloys. None of the alloys show a phase 
transformation implying that somewhere between 20-25 at. % Zr is the upper limit for a NiTiZr 
HTSMA. 

 
 

 
Figure A.2. As-cast microstructure for the three NiTi-20 at.% Zr alloys. 
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Figure A.3. As-cast DSC data for the three NiTi-20 at.% Zr alloys. 

 

 
Figure A.3. Cracks observed after water quenching from 1000 °C. 
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Figure A.4. SEM (left: secondary electron, right: backscattered electron)  imaging and EDS line 
scan of oxide growth during homogenization at 1000 °C of the Ni50Ti30Zr20. Other NiTi-20at.% 
Zr alloys show a similar result. 

 
 

Table A.1. Average EDS measurements of NiTi-20 at.% Zr alloys 

Sample 
Wt. % At. % 

Zr Ti Ni Zr Ti Ni 

Ni50.2Ti29.8Zr20 30.97 22.11 46.92 21.21 28.85 49.94 

Ni50Ti30Zr20 30.69 22.20 47.10 21.00 28.93 50.07 

Ni49.8Ti30.2Zr20 30.35 22.83 46.82 20.71 29.66 49.63 
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Figure B.1. EDS line scan across the oxide at 600 °C showing a close to homogenous oxide 
growth. 

 

 
Figure B.2. EDS line scan of the oxide formed at 700 °C. A clear transition between the two 
layers is seen by the change in slope of the O and Ni-lines.  
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Figure C.1. Initial cold and hot rolled samples at room temperature prior to any aging. 

 

 
Figure C.2. One quarter of the Debye-Scherrer pattern at 550 °C for 0 min and 240 min. 
Measured H-phase reflection highlighted with red arrows. 
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Figure C.3. Room temperature diffraction patterns after aging at 550 °C for the hot and cold 
rolled conditions. 

 

 
Figure C.4. Room temperatures diffraction patterns for the cold rolled material before and after 
aging at 550 °C for 240 minutes.  
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Figure C.5. (a) Fitted intensity and (b) calculated estimated particle size in nm for the HR 550 
°C condition during the initial ramp up to 550 °C. 
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Figure C.5. Lattice strain analysis of the Austenite (100) in the four different conditions. 
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Figure C.6. Lattice strain analysis of the Austenite (110) in the four different conditions. 
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Figure C.7. Lattice strain analysis of the Austenite (111) in the four different conditions. 

 
 

 
Figure C.8.  Comparison of representative metrics at literature peak age (550 °C for 210 minutes) 
and aging at 650 °C for 15 minutes. 
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