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ABSTRACT 

A Laves phase of iron and tantalus was utilized to obtain good 

rooa £sd elevated temperature properties in Iron based, non-carbon-

containing, body centered cubic alloys containing 1 at. pet. Ta and up 

to 7 at. pet. Cr. The rooa temperature eabrittlesent resulting from 

the heterogeneous precipitation of the Laves phase at grain boundaries 

and other preferred sites was overcooe by the use of an allotroplc 

phase change to spheroldize the precipitate. The mlcrostructure of 

spheroidlzed Fe-Ta-Cr alloys vas characterised by a uniforo distribution 

of alnost spherical particles of the Laves phase in a matrix with 

irregular grain boundaries. The dislocation substructure of spheroidized 

Fe-Ta-Cr alloys consisted of subgrains and tangled networks. A high 

density of dislocations, which were not In all cases pinned by 

precipitate particles, was present in the alloys. Short-tine yield 

and ultinat? tensile strengths of Fe-Ta-Cr alloys decreased very slowly 

with increase in test te^ierature upto 600°C, but showed a considerable 

drop at higher temperatures. Short-tits tensile properties were not 

very sensitive to changes in heat treating procedure. Results of 

constant load creep anil stress rupture tests conducted at several 



temperatures and stresses indicated that the rupture and ireep s! reneths 

of spheroidized alloy Tt7Cr (1 at . per. Ta, 7 a t . oct. Cr) were Iiluher 

than those ot several cocnsercial fe r r i t ic s tee l s containing dispersions 

of chroialuEi and/or taolybdemna carbides, but lower than those of f e r r i t i c 

s t ee l s containing significant aoounts of refractory metals such as 

tungsten and vanadium. Transmission electron microscope studies of the 

substructure of crept specimens indicated that pa r t i a l recovery of the 

or iginal substructure and additional precipitat ion of the Laves phase 

occurred during creep at H00°F (593°C) and 1200°F (649°C). The 

substructure was characterized by well developed suhgrains, a low 

dislocation density, jogged dislocations, dislocation pile-ups at 

prec ip i ta te par t ic les , and considerable pinning of subgrain l<uumlarle& 

and dislocations by the precipi ta te part icles that were originallv 

present, and the par t ic les that precipitated homogeneously during 

creep. Structural observations, ceasured apparent activation energy 

for creep, and estimated s t ress sensi t ivi ty of steady state creep rates 

suggested that creep of al loy Ta7Cr uas a cu l t i s t ep process with two 

or core independent oechanisms In paral le l . Fracture surface observations 

of BpeciEens tested at several constant loads and teisperatures indicated 

that fracture was in i t ia ted by void formation and growth around 

prec ip i ta te par t ic les . At 1200'F (649°C) void formation and growth 

occurred preferentially around particles at grain boundaries resulting 

in intergranular in i t i a t ion of cracks. The information gained from the 

investigations on Fe-Ta-Cr alloys was supplemented bv inforcation 

available in the l i t e ra tu re to develop a Fe-Ta-Cr-Mo alloy. The 
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rupture and creep strengths of alloy Ta7CrMo with I at. pec. Ta, 

7 at. pet. Cr, anl 0.5 at. pet. Mo were considerably higher than 

the rupture and creep strengths of alloy Ta7Cr. 
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I. INTRODUCTION 

In recent years, a steady uoward trend In the temperature of 

operation of equipment in petroleum refineries, power generation 

equipment, aircraft engine components, and similar applications has 

called for th'i development of heat-resistant alloys that can withstand 

ever increasing temperatures. In the past, the development of such 

materials has been an empirical process based on trlal-and-error, and 

Involving the making and testing of hundreds of alloy compositions. 

This approach Is no longer feasible because the complexity of material 

requirements in modern technology make the approach too uneconomical 

and time-consuming to be practicable. Therefore, an allov design 

approach Is needed that involves an application of the basic principles 

of materials science, maximum use of Information available in the 

literature, and trrtn-tTmim cost of material preparation and testing. 

Moat commercially available creep resistant materials derive 

their strength from a uniform dispersion of a second phase which 

hinders the movement of dislocations. In addition, particles of the 

dispersed j**iase retard recovery, probably by anchoring the tangL 

networks of dislocations which are either originally present, or s 

produced as a result of creep deformation. In creep resistant rerritic 

steels, the dispersion almost invariably consists of one or more tvpes 

of carbides, whereas in high nickel content superalloys, a large volume 

fraction of the dispersed phase is an internetallie compound, such 

as Ni_(Al,Ti). The particle size, morp'.iuiogy, distribution and 

volume fraction of the second phase, the degree of its coh .encv with 
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the matrix, and the nschanical properties of the matrix all affect die 

creep resistance of dispersion strengthened alloys. The thermal 

stability of the second phase, and of matrix structure are additional 

factors that have a significant influence on elevated temperature 
1 creep resistance. 

The composition, morphology and crystal structure of carbides 

tend to change slowly at elevated temperatures and this often results 

In an increase in creep rate. One example of this is found in the case 

of 0.1C-lCr-0.5Mo steel. The commonly used heat treatment for this 

steel results in a dispersion of M-C type carbide. On long time 

exposure to an elevated temperature, the carbides M7C, and Mo-,C develop 

gradually with the eventual formation of Mj-C which causes a considerable 
2 decrease in creep resistance. 

Another problem that is frequently encountered in elevated 

temperature steels arises from the need to design for oxidation 

resistance. Chromium additions are usually employed for this purpose. 

In steels, increasing chromium additions favor the formation of carbides 

M7C3 and H23Cf;. Neither of these carbides imparts appreciable 
3-5 strengthening at elevated temperatures. In addition, the carbide 

M7C3 has a high coarsening rate which further reduces creep 

resistance. Colbeck and Rait found a continuous decrease in the 

creep strength of chromium-vanadium steels as the chromium content 

was increased from 1 to 8 pet. On the other hand, worthwhile 

improvements in oxidation resistance at 600°C are not obtained in 
4 5 ferritic steels until about 7 pet. chromiuu is present. ' Such alloys. 
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therefore, have inherently low creep strength due to the presence of 

the carbide M7C,. Other attendant problems in ferritic steela are 

graphitization and temper embrittlemenf.. It is apparent from the 

above discussion that the several problems that are encountered in 

the use of ferritic steels for elevated temperature applications are 

caused by the presence of carbides. Therefore, it would be desirable 

to eliminate carbides from these steels and devise alternative means 

of enhancing elevated temperature creep strength. The use of 

intermetallic compounds is an obvious possibility since several of 

these compounds are very stable as indicated by their high melting 

points, and are known for their strengthening effects in iron when 

present as dispersions. 

The concept of using intermetallic compounds, rather than carbides, 

for enhancing elevated temperature strength is decades old, but progress 

towards a realization of this concept has been slow. The status of 

such work waa summarized recently by Decker in his paper on nickel-base 

superalloys. The compound Ni (Al,Ti) plays an important strengthening 

role in these alloys, but carbon in amounts ranging from 0.05 to 0.15 pet. 

is considered to be essential for high temperature strength. Experiments 

in which carbon was reduced to very low levels in superalloys resulted 

in "...sharply reduced creep life and ductility...." This was a 

rather surprising conclusion since it is known that the carbides that 

form in superalloys very frequently nucleate at grain boundaries. 

In general, intermetallic compounds are more resistant: to eruvth 

than carbides because their growth requires diffusion of substitutional 

alloying atoms through the matrix whereas carbides can undergo changes 
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in size, composition and morphology by the interstial diffusion of 

carbon, in addition to the diffusion of carbide forming alloying 

elements. A primary difficulty in the elimination of carbides and the 

use of intermetallic compounds has been the tendency of the latter to 

precipitate heterogeneously at grain boundaries and other preferred 

sites, which leads to severe room temperature embrittlement. The 

effect of Intermetallic compounds such as the sigma phase have been 
6 7 8 

reported by Decker and Floreen, Decker and Mihallsin, et al. There 

was general agreement that the presence of sigma phase lowered both 

stress-rupture strength and room temperature ductility. Decker also 

summarized the status of knowledge about the effects of the Laves phase 

in superalloys. He conduced that in general, when the Laves phase 

is present In significant amounts, it ".... can degrade room temperature 

ductility with little effect on creep properties." A similar conclusion 
9 has been made on the effect of the Laves phase in ferrltic alloys. 

The results from the present Investigation showed, however, that with 

microstruetural control, satisfactory values of room temperature 

strength and ductility, as well as good creep and rupture strength, 

could be attained in very low carbon iron alloys strengthened with 

the Laves phase Fe_Ta. Some of these results were reported in an 
,, 10 earlier paper. 

Recently it was demonstrated by Jones, et al. that the brictle-

ness due to the presence of a continuous grain boundary netuork of the 

Laves phase 7e Ta in binary Fe-Ta alloys was overcome by the use of 

a simple heat treatment leading to spheroiaization of the precipitate 

phase at the grain boundaries and within the grains. Spheroidization 



of the Laves phase resulted in considerable enhancement of root tenperj-

ture duct i l i ty and elevated temperature strength of Fe-Ta alloys. Sub­

sequent investigations of Fe-Ta alloys containing various amounts of 

chromium indicated that Che phase transtormations and s t ructural features 
P of Fe-Ta-Cr alloys were similar to those of binary t'e-Ta j l loys . 

One objective of the present investigation was to develop elevated 

temperature alloys using a dispersion of the Laves phase in a non-

carbon-containing body centered cubic iron matrix. An understanding and 

application of basic principles of materials science and ilit usi.- ul 

large amounts of information available in the l i te ra ture were Instru­

mental in the development of Fe-Ta-Cr alloys of the present lnvesrieatinn. 

The phase transformations that occurred in the al loys, and the resulting 

ndcroatructures were studied. .4. second oblective was to examine 

the relat ion between mechanical properties and s t ructure . Short time 

tens i le mechanical properties and long time creep and s t ress rupture 

tes ts were conducted on the alloys in which microstructural features 

were varied by changes in the heat treating procedure. The mechanical 

properties were compared with those of several commercially available 

s tee ls . 

An examination of substructure and precipitate distr ibution of 

the alloys before and after creep t e s t s , the determination of apparent 

activation energy for creep and an estimation of the s t ress sensit ivity 

of steady s t a t e creep rates were carried out in order to investigate 

the mechanism of creep in dispersion-hardened t 'erri t ic alloys. Fracture 

surface morphology was examined after specimens were tesLed in short 

time tension and in creep. The large amount of information obtained 
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on the behavior of alloys of the present investigation i s believed to 

be beneficial for the developnent of other iron alloys using intcruetal l ic 

cocpounds, rather than carbides, for attaining elevated tecperature 

strength. 
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1 1 . EXPERIMENTAL PROCEDURE 

A. Alloy P r e p a r a t i o n and Process ing 

The a l l o y s in Che p re sen t i n v e s t i g a t i o n were prepared using high 

p u r i t y raw m a t e r i a l s . The i ron used was Clidden A-104 e l e c t r o l y t i c 

i ron wi th a pur i ty of 99.94 p e t . E l e c t r o l y t i c a l l y depos i t ed chromium 

with a p u r i t y of 99.95 p e t . was used. Tantalum and molybdenum rods of 

99.9 p e t . i n i t i a l pu r i t y were given three pass zone ref-' .iing t reatments 

p r i o r t o u s e . Heats of approximate ly 20 lbs were i nduc t i on melted in 

an argon atmosphere, cas t in heavy copper molds and subsequent ly 

annealed i n vacuum for 3 days a t 1100°C. The chemical compositions of 

the a l l o y s a r e l i s t e d in Table I . 

The i n g o t s were forged a t 1100°C in to p l a t e s 3 i n . by 9/16 in . 

c ross s e c t i o n . Creep specimen b lanks 9/16 i n . by 9/16 i n . in cross 

s e c t i o n and 3 5/8 i n . long were cu t out of these p l a t e s . For t e n s i l e 

specimen b lanks the 9/16 i n . t h i c k p l a t e s were f u r t h e r reduced by 

r o l l i n g a t 1000°C to a t h i cknes s of 7/32 i n . , and b lanks 7/32 i n . by 

5/8 i n . in c ro s s s ec t i on and 2 7/8 i n . long were cu t o u t . 

B. Heat Treatment 

Specimen blanks were s u r f a c e ground to remove the oxide l ayer and en­

capsu la ted i n quar tz tubes which were previously evacuated and back f i l l ed 

with argon. The heat t r e a t i n g procedure consis ted of one hour so lu t ion 

t reatment followed by hot wate r quenching, aging followed by a i r cooling 

and s p h e r o i d i z i n g followed by a i r cool ing . The complete heat t r e a t i n g 
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procedure is schecati'-al I >• sketched In FiR. 1 for alleys T.ilCr .ind 

Ta7Cr. The alia:- Ta/CrMo va^ ilsc hear rrr-atcd in the sar.t r.anner except 

for the difference th.it the solution tr^atim: temperature vas n50°C. 

A molten bath it ."ClC"' --a:. n.= ea "or aging the sperln-.cn hlaiirs. 

Protective stainless sf.c, Hags vere used to enclose the blanks during 

the spheroid I::lni; t r<'ot nc-.i . 

Investigations of structure and mechanical properties were carried 

out for se.veral variations in the heat treating procedure shown In 

Fig. I. The variations consisted of changes In the time and temperature 

of the spheroidIzing treatr-ent, and also the addition of cold working 

treatments before aging and after spheroidizlng. The several different 

heat treatments are described in Table II. 

C. Shert_-Tir.e Tensile Testing 

Sheet tensile specimens of one inch gage length, a thickness of 

0.2 in., and a test section '-rldth of 0.125 In. u-ere grnunH from the 

heat treated specir.en blanks. A sketch of the specimen Is shown In 

Fig. 2. The specimens were loaded through alignlnE pins In the wide 

ends of the specimens. Tensile tests at temperatures from 22°C to 

700°C were carried out using an Instron. The strain rate employed was 

0.04 per minute. For the elevated temperature tests, the instron vas 

outfitted with a controlled atccsphere ,-hacber surrounded hv a three-

zone resistance furnace. Pover inputs to the three ;otie> were iiidepeud-

ently controlled. Specimen temperature wad neasure^i b'-' tfTte thurnio-

couples attached to the specimen, one at each end o E the raue serf ion and 

one in the middle of the gage length. A temperature gradient of les* than 

http://th.it
http://sperln-.cn
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2°C was attained along the specimen gage section bv proper control of 

the currents in the three zones. '11 elevated temperature tests were 

carried out in an argon atmosphere. The total elongation was measured 

between two fine scracch narks, one at each end of the cage length. 

The yield strength was obtained by the 0.2% offset method. Prior to 

loading, the specimens were held at the test temperature for one hour 

to Insure uniformity of temperature in the gage section. 

D. Creep and Stress Rupture Testing 

Constant load creep and stress rupture tests were carried out on 

round specimens with threaded ends and a gage section diameter of 

0.25 in. A sketch of the specimen is shown in Fig. 3. A 0.357 In. 

diameter shoulder was provided between each tud of the gage section 

and the threaded grip portion. A pair of diametrically opposite 

1/16 in. deep drills on each shoulder facilitated the use of an 

axtensenseter. The extensotmter was fitted with dial gages graduated 
-4 In 10 in. for measurement of extension. The specimen and extensom-

eter assembly is shown in Fig. 4. The assembly formed a part of the 

specimen train in the SATEC Model M-3 creep tester fitted with a 

Model F6-1 furnace and a reactor-type current proportioning system for 

temperature control. The load was applied by means of a lever arm with 

a 16:1 ratio. A mercury switch facilitated automatic leveling of the 

lever arm so that an axial load with minimum eccentricity uas maintained 

during the entire test. Specimen temperature was measured hv two 

thermocouples, one attached to each end of the specimen gage section. 

The temperature gradient along the gage section was less than 3°C. 
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P r io r to load ing , apeclEens were soaked ior one hour at the tes t 

ceEpera tu re . Creep strai.ru>, rupture times and s teady s t ace creep 

r a t e s were de tera ined frOE each t e s t . 

E. S t r u c t u r a l Analysis 

SpeclcoiB for opc lca l cecal lagraphy were prepared by isechanlcal 

g r ind ing and po l i sh ing followed by chenJcal e t c h i n g . The e tching 

s o l u t i o n used was R a i l i n g ' s Reagent containing 5 go- of CuCl.,, 

100 ml of HC1, 100 ml. of e thvl alcohol and 100 ml. of wa te r . 

Specimens for X-ray ana lys i s were prepared by mechanical grinding 

followed by chemical p o l i s h i n g to remove the deformed layer r e s u l t i n g 

from mechanical g r ind ing . A s o l u t i o n containing a 1:1 mixture of 

H,P0, and H,0 7 and a few drops of HF was used for chemical po l i sh ing . 

The specimens were examined in a Norelco X-ray d i f f t a c tome te r using 

CuK r a d i a t i o n and a c r v s t a l roonochrotaator to reduce the r luorescent a 

r a d i a t i o n . 

F. Microhardness Keasurepents 

Measurements of Vickers microhardness were cade on meta l lographica l 

po l i shed and e tched specimens us ing a diamond pyramid inden tor and a 

load of 2 kg . At l eas t f ive neasurecents were cade on each specimen 

and an average was cakes . 

G. Transmission Electron Hlcroacupy 

Thin f o i l s far t ransmiss ion e lec t ron microscopy were prepared Dy 

the twin j e t e l e c t r o p o l i s h i n g technique using a s o l u t i o n ccnta ining 20 ru 

p e r c h l o r i c acid and 80 pe t . a c e t i c ac id . Pr ior Co e l e c c r o n e H s h i n r , 

http://strai.ru


0.020 i n . th ick s l i c e s of the n-.aterial vert- chemical ly thinned to 

0.003 i n . i n a so lu t ion con ta in ing ft p.:r. hydrof luor ic ac l . ' anil 94 p e t . 

hydrogen pe rox ide . Siemens-I and Hitachi iit-125 microscopes , operated 

a t 100 kV, were used for examination of thin f o i l s . 

P r e c i p i t a t e d i s t r i b u t i o n s were s tudied also hy t r ansmiss ion e l ec t ron 

microscopy of carbon r e p l i c a s . Specimens for r e p l i c a t i o n were 

E e t a l l o g r a p h i c a l l v po l i shed , etched ami cleaned with extreme precaut ions 

to insure a c lean ind s c r a t c h - f r e e surface with minimum deformation. 

Carbon was deposi ted in a vacuum evapora tor , a grid was sc r ibed in the 

carbon l a y e r and r e p l i c a s were e x t r a c t e d by chemically d i s s o l v i n g the 

base o c t a l . A so lu t^ -n con ta in ing 10 pe t . MCI in e t h y l a lcohol was used 

for e x t r a c t i o n . The r e p l i c a s were r insed in three s t a g e s , f i r s t in 

e thy l a l c o h o l , then in a 1:1 mixture of e thyl a lcohol and water , and 

f i n a l l y , i n wa te r . They were picked up on 200-niesh copper g r i d s and 

dr ied b e f o r e examination in the e l e c t r o n microscope. 

H. Scanning E lec t ron Microscopy 

F r a c t u r e sur faces of s h o r t - t i m e t e n s i l e specimens and of creep 

specimens were examined i n the JEOLCO JSM-U3 scanning e l e c t r o n microscope 

operated a t 25 kV. Frac ture s t u d i e s in the scanning e l e c t r o n nicroscope 

were suppleEented by o p t i c a l ne t a l l og raphy of l o n g i t u d i n a l sec t ions of 

t e s t specimens near and away fron the fractured ends . The long i tud ina l 

s ec t ions were taken c lose to the specimen axis and were ground, 

pol ished and etched for me ta l log raph ic examination. 
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III. ALLOY DEVELOPMENT 

A. The Fe-T^ System 

The iron-rich portiun of the Fe-Ta binary phase diagram, which 

has been accurately determined by Sinha and Hume-Rothery Is shown 

in Fig. 5. On the Iron-rich side, there are three solid solutions 

of tantalum in iro:i, namely, the low temperature body centered cubic 

solid solution &, the intermediate temperature face centered cubic 

solid solution >, and the high temperature body centered cubic solid 

solution 6. Tile maximum solid solubility of tantalum in iron uccurs 

in the & phase field, and is 2.8 at.pet. at 1440(2)°C. The ' ph;ist-

decoirgposea eutectoidaliy at 1 2 3 9 ( T 3 ) ° L by the reaction, 

6(1.1 at.pet. Ta) •* Y CO. 5 at.pet. Ta) + Fe^Ta 

The Y phase reacts peritectoidally with Fe Ta at 972(±3)°C by the 

reaction, 

Y(0.3 at.pet. Ta) + Fe Ta - a(0.6 at.pet. Ta) . 

The solubility of tantalum in a iron decreases with a decrease 

in temperature from 972°C but the solvus curve has not been determined. 

The compound Fe To is a Laves phase with the hexagonal MgZn (C14) type 

crystal structure and a melting point of 1775°C. Hansen showed 

a stoichiometric composition for the Fe-Ta T.aves nhase, hut suggested _nat 

it may exist in a range of homogeneity somewhat similar to the Laves 

phase in the Fe-Nb system. On the basis of his theoretical analysis 

of phase stability, Brewer predicted that the Laves phase in the 

Fe-Ta system should be stable over a composition range of 25 to ib at.pet. Ta. 
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Latt ice parameter data of Jones and Jones, et a l . on the compound 

in equilibrium with the a solid solution indicated that the interplanar 

spacings of the compound Bere approximately the same as those of Fe_Ta_. 
19 Based on the results of X-ray and electron diffract ion, Jones, et a l . 

concluded that the Laves phase in the Fe-Ta system was stable over a 

range of compositions. 

B. Precipitation of the Laves Phase in Pe-Ta Alloys 

The phase diagram of the Pe-Ta system indicates that if a super­

saturated solid solution can be obtained by quenching an elevated 

temperature solid solution, then i t should be possible to at tain 

precipi ta t ion hardening by subsequently aging the supersaturated solid 

solution. 

The resul t s of extensive investigations of the precipitation of 

the Laves phase in Fe-Ta alloys with tantalum contents ranging from 
18 19 

0.5 to 2.5 a t . pet. were reported by Jones and Jones, et a l . The 

alloys were solution treated at 1400°C for 1 hour and water quenched 

prior to aging at 600°C, 700°C and 800°C for several time intervals. 

The var ia t ion of hardness with aging time was character is t ic of 

prec ip i ta t ion hardening. As the aging time was increased, hardness 

f i r s t increased, reached a peak, and then decreased. Peak hardnesses 

were observed at decreasing aging times with increasing aging temperature. 

Precipi ta t ion occurred in a heterogeneous fashion. An almost continuous 

grain boundary network of precipi ta te was observed in the solution 

treated condition. Precipitat ion occurred in the grains during aging. 

The grain boundary precipi tate network was not significantly affected 

by the aging treatment. The aged alloys were extremely b r i t t l e 
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due to the large grain size and the grain boundary precipitate network. 

The room temperature tensile elongation of allovs with 1 and 2 a t .ne t . 

Ta was vir tual ly negligible and the fracture surfaces of tens i le specimens 

shewed features characteris t ic of transgranular cleavage in i t ia ted by 
19 cracks in the grain boundary precipitate network. 

C. Enhancement of Ductili ty in Fe-Ta Alloys 

The grain boundary precipitation of the Laves phase in Fe-Ta alloys 

waa apheroidized using an allotropic phase change. When the aged 

alloys were heated in the (Y -•- Fe.Ta) phase field, ci solid solution 

transformed to Y and the Fe.Ta precipi ta te at grain boundaries and 

within the grains spheriodized. In iron alloys containing 1 a t . pe t . Ta, 

hot atage experiments in the scanning electron microscope showed that 

heat treating for 10 minutes in the (Y + Fe Ta) phase field resulted in a 

structure with a uniform dispersion of Fe_Ta par t ic les , and the grain 

boundaries of the pr ior 5 structure were no longer readily noticeable. 

On cooling back to room temperature, y transformed to a by a t rans­

formation believed to be similar to the massive transformation observed 
20 in several Iron a l loys . The microstructure consisted of a uniform 

dispersion of about 3 vol .pet . of almost spherical part icles of Fe^Ta 

in a matrix of the a solid solution with irregular grain boundaries. 

The spheroidizing treatment considerably enhanced the duct i l i ty of 

Fe-Ta alloys (as exhibited by an inccease In room temperature tensi le 

elongation and the chanee in fracture surface morphology from 

cleavage to dimpled rupture). A room temperature yield strength 

of 40,800 psi and a fracture elongation of 30 pet. were observed 

for the Fe-1 a t .pe t . Ta alloys spheroidized for 10 min-at 1100°C 
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following one hour aging at 700CC. Elevated temperature tensile 

tests indicated that a large fraction of the room temperature yield 

strength was retained upto a test temperature of about 600°C. Further 

increase in test temperature resulted in a sharp decrease in yield 

strength. 

D. Development of Fe-Ta-Cr Alloys 

Two major limitations of Fe-Ta alloys with respect to their 

possible practical utilization for elevated temperature applications 

were: 1) the high phase transformation temperatures that necessitated 

high temperature heat treatments, and 2) inadequate oxidation 

resistance. Preliminary investigations indicated that at 700° C in an 

oxidizing atmosphere, the weight gain of the Fe-lTa alloy was about 
22 30 pet. of that of pure iron. The addition of the element chromium 

was expected to minimize both the above limitations. 
23 An examination of the binary Fe-Cr phase diagram indicated 

that increasing chromium additions to iron continuously lowered the 

Y*& phase transformation temperatures. The Ct+y transformation tempera­

ture, on the other hand, was lowered by chromium additions up to about 

7 pet., but was raised by further additions of chromium. It seemed 

reasonable to expect that qualitatively, a similar trend would be observed 

on addition of chromium to Fe-Ta alloys, though the magnitudes of the 

changes in phase transformation temperatures, and the amounts of 

chromium additions needed to achieve those changes might be difterent 

in the binary Fe-Cr and the ternary Fe-Ta-Cr alloys. 
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The enhancement of ox ida t i on r e s i s t ance r e s u l t i n g from chromium 

a d d i t i o n s to i ron i s a wel l known phenomenon. S tudies of the oxidat ion 

behavior of Fe-Cr a l loys have ind ica ted that a t 1000°C, the weight 

loss due to ox ida t ion decreases s i g n i f i c a n t l y with chromium addi t ions 

up to about 7 p e t . , then remains approximately cons tan t t i l l about 
24 12 p e t . Cr, and decreases again to very low values a t 16 p e t . Cr. 

A s i m i l a r e f f e c t of chromium a d d i t i o n s may be expected In Fe-Ta-Cr 

a l l oys though the magnitude of the e f fec t may be d i f f e r e n t from that 

In b ina ry Fe-Cr a l l o y s . 

The f a c t o r s discussed above led to the development of t e rnarv 

Fe-Ta-Cr a l l o y s Ta5Cr (1 a t . p e t . Ta and 5 a t . p e t . Cr) and Ta7Cr 

(1 a t . p e t . Ta and 7 a t . p e t . C r ) . In both a l l o y s , the tantalum content 

was l i m i t e d to 1 a t . p e t . , s i n c e h igher or lower tanta lum con ten t s 

were expected to r a i s e the tempera tures needed to a t t a i n the s ing le 

phase 6 I n t h e f i r s t s t ep of t he hea t t r e a t i n g cyc le shown In Fig. 1. 

Meta l log raph lc s t u d i e s of specimens of Ta5Cr and Ta7Cr s o l u t i o n 

t r e a t e d fo r one hour a t s e v e r a l temperatures and water quenched 

Ind i ca t ed t h a t a s t r u c t u r e u i t h a s i n g l e phase 6 and a g r a i n boundary 

envelope of the Laves phase was obtained at lower s o l u t i o n t r e a t i n g 

tempera tures i n the t e rnary Ta5Cr and Ta7Cr a l loys than in the 

b inary Fe- lTa a l l o y . A more d e t a i l e d study of the t ranformat ion 
l n 

behavior of Fe-Ta-Cr a l l o y s has been repot ted e lsewhere . The present 

i n v e s t i g a t i o n was mostly confined to the s t r u c t u r e and e levated tempera­

tu re p r o p e r t i e s of Ta5Cr and Ta7Cr a l loys and t h e i r subsequent modifica­

t i o n s i nvo lv ing a l loy ing a d d i t i o n s of molybdenum. 
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rv. RESULTS AND DISCUSSION 

A. Phase Transformations and H i c r o s t r u c t u r e s of Fe-Ta-Cr Alloys 

As mentioned i n an e a r l i e r s e c t i o n , increas ing chromium conten ts 

up to 7 a t . pe t . lowered the phase t ransformat ion tempera tures i n a l l oys 

of i ron c o n t a i n i n g 1 a t . p e t . t an ta lum. The temperature t o a t t a i n 

s i n g l e phase 6 was lowered by 60°C wi th add i t ion of 5 a t . p e t . Cr to 

Fe-1 a t . p e t . Ta a l l o y , and by 90°C w i t h add i t ion of 7 a t . p e t . Cr. In 

subsequent i n v e s t i g a t i o n s , one hour s o l u t i o n treatment a t 1320°C was 

employed for b o t h T35Cr and Ta7Cr a l l o y s . The s o l u t i o n t r e a t e d samples 

were quenched i n ho t wate r . The m i c r o s t r u c t u r e s of s o l u t i o n t r e a t e d 

and quenched a l l o y s were c h a r a c t e r i z e d by la rge gra ins (approximately 

1 mm in average diameter) an an almost continuous g ra in boundary network 

of p r e c i p i t a t e . When the s o l u t i o n t r e a t e d a l loys were aged a t an 

e leva ted t empera tu re , a d d i t i o n a l p r e c i p i t a t e formed w i th in the g r a i n s , 

and t h e r e was no n o t i c e a b l e change i n t he gra in boundary network of 

p r e c i p i t a t e . Microhardness measurements on samples aged for s e v e r a l 

time i n t e r v a l s a t 700°C showed t h a t t h e hardness f i r s t i nc r ea sed with 

i nc reas ing aging t i m e , reached a maximum, and then decreased . Time to 

a t t a i n peak ha rdnes s was 40 min. for bo th Ta5Cr and Ta7Cr aged a t 700°C. 

The v a r i a t i o n of hardness wi th aging time a t 700°C i s shown i n F ig . 6 

for the Ta7Cr a l l o y . The m i c r o s t r u c t u r e of the a l loy i n the peak 

hardness cond i t i on i s shown in F i g . 7 . 

In F ig . 8 i s shown the t r ansmiss ion e l ec t ron micrograph of a 

carbon e x t r a c t i o n r e p l i c a from a peak aged specimen of a l l o y Ta7Cr. 

The p r e c i p i t a t e p a r t i c l e s were mostly rod shaped, though some almost 
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apherical par t ic les were also observed. Relatively long lines of 

precipi ta te par t ic les were frequently observed. These were attributed 

to preferred nucleation of precipi ta tes on dislocations. Transmission 

electron microscopy of chin foils of similar alloys shoved that the 

precipitate f i r s t formed coherently, then lost Its coherency by the 

formation of (100 > tvpe dislocation loops, which, in turn, acted as 

s i tes for preferred nucleatlon and growth of precipitates during 

subsequent aging. 

X-ray diffractometer studies made on specimens of allov Ta7Cr, 

aged for 40 hrs- at 700°C, indicated that the interplanar spacings of 

the precipi ta te were very nearly those of Fe 7Ta,. The stoichiometric 

composition of Fe_Ta„ is within the range of compositions (25 to 35 

a t . pet .) predicted by Brewer for the Laves phase in Fe-Ta alloys. 

In discussions that follow, the prec ip i ta te in the alloys of the current 

investigation i s referred to as the Laves phase, or as Fe_Ta, the 

stoichiometric composition of which i s the basis for the Laves Dhase. 

When the aged alloys were heated to 1100°C, the matrix transformed 

to the face centered cubic solid solution y, and both the grain boundary 

precipi tate and the precipitate within the grains spheroidized. On 

cooling from the y phase field, the matrix transformed to a, with a 

refinement of the grain size. The microstructure of alloy Ta7Cr after 

a 10 min. spheroidizing treatment at 1100°C followed bv a i r cooling is 

shown in Fig. 9̂  The structure was characterized bv a fine distribution 

of the Laves phase in a matrix of a grains with irregular boundaries. 

The irregular grain boundaries resulted from the transformation of 
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Y to a during cooling from 1100°C. The transformation was believed 

to be similar to the massive transformation that has been observed 
21 in several iron-base al loys. In subsequent investigations on 

similar a l loys , i t was shown that the transformation of a •* y on 

heating was time and temperature dependent, and these studies are 

reported elsewhere. 

Transmission electron micrograph of a carbon extraction replica 

taken from a specimen of alloy Ta7Cr spheroidized at 1100°C for 10 min. 

is shown in Fig. 10. I t was evident that after the spheroidizing 

treatment the precipitate par t ic les in the alloy were almost spherical 

and formed a homogeneous d is t r ibu t ion . Particle sizes ranging from 

about 0.03 U to about 0.3 v were observed. 

Transmission electron micrograph of a thin fo i l specimen of alloy 

Ta7Cr, spheroidized at 1100°C for 10 min. following solution treating 

and aging (Heat Treatment T- l ) , i s shown in Fig. 11. The alloy 

exhibited a la th- l ike structure similar to that observed in several 

low carbon or non-carbon-containing iron-based alloys which undergo a 

massive transformation from austeni te to fe r r i te . * The substructure 

within the la ths was characterized by a high dislocation density. In 

Fig. 12(a) i s shown a high magnification bright field micrograph of the 

same alloy. A lath boundary i s indicated by ABCDEFG. The selected 

area that i s outlined by the image of the aperture in Fig. 12(a) 

gave two superimposed single crys ta l patterns. The bright field image 

was obtained after t i l t i ng the specimen to get a two-beam diffracting 

condition in the lath above the boundary CD. The operating g-vector 

was [011] as shown in Fig. 12(a). The dislocation substructure 



- 2 0 -

consisted of tangled networks (aa in the area around P) and a ce l l - l ike 

s tructure with high density of dislocations at cel l walls (at 0) . Tn 

Fig. 12(b) i s shown the bright field imaEe of the area In FIE- 12(a) 

when the operating g-vector was [031]. A ce l l - l ike structure Is 

evident in the area R in Fig. 12(b). In Fig. 13(a) i s shown a bright 

field micrograph from another area of the foi l which again I l lus t ra tes 

the several substructural features discussed above. Dislocation 

networks (at P) and the l a th - l ike structure are clearly observed in 

Fig. 13Xa). A diffraction pat tern taken from the selected area Imaged 

in the bright field micrograph of Fig. 13(a) is shown in Fig. 13(b). 

The boundary AB in Fig. 13(a) was a high angle boundary and accordingly 

the diffraction pattern consisted of two superimposed single crvstal 

pa t terns , with reflections denoted by 1, 2 and 3 belonging to one 

pattern, and 4 and 5 belonging to the other. On careful observation 

the matrix spot 3 was resolved into two closely spaced matrix spots 

indicating that in the ce l l - l ike substructure discussed ear l ie r , the 

ce l l boundaries were low angle boundaries. 

An examination of Fig. 11 indicated that prec ip i ta te particles 

were almost spherical and were uniformly distr ibuted. This observation 

supported the conclusion made ear l ie r in this section from an examina­

tion of the precipite dis t r ibut ion in carbon extraction replicas 

(Fig. 10). As was the case in Fig. 10, precipitate par t ic les ranging 

in diameter from 0.03 y to 0.3 y were observed in Figs. 11, 12 and 13. 

I t was shown la ter that fracture surfaces of tensi le and creep 

specimens contained par t ic les of size as high as 4 u. 
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In short, the matrix of alloy Ta7Cr heat treated by process T-l 

was best described as consisting of ferritic laths with a high dis­

location density in the form of tangled networks and subgrains with 

low angle boundaries. The laths themselves were separated by high 

angle boundaries in some cases and low angle boundaries In other cases. 

Similar structures have been observed by other investigators in other 

low carbon iron alloys. The precipitate particles in alloy Ta7Cr 

ranged in diameter from about 0.03 \i to f.bout 4 li and were uniformly 

distributed. Particle-dislocation interactions were observed in some 

areas where the dislocation substructure was pinned by the precipitate 

particles. Examples of this can be seen in Figs. 12 and 13. However, 

there was a high density of unpinned dislocations. 

B. Short-Time Tensile Properties of Fe-Ta-Cr Alloys 
in the Aged Condition, Before Spheroidizing 

The short-time yield strength, ultimate tensile strength and 

percent elongation at fracture of alloy Ta7Cr aged at 700°C for 40 rain. 

are listed in Table III and plotted in Fig. 14 as a function of test 

temperature. Both the yield and ultimate strengths decreased as the 

test temperature increased. The decrease in strength was gradual up to 

a test temperature of about 600°C; at chis temperature the yield 

strength was about 70 pet. of the room temperature value and the 

ultimate tensile strength was about 48 pet. of the room temperature 

value. Both the yield and ultimate tensile strengths decreased more 

rapidly as the test temperature increased. Also associated vich 

the increase in teat temperature uas a decrease in the difference 

between the ultimate tensile strength and the yield strength. From 



these observations i t was evident that the strain hardening rate 

decreased with increase in test temperature. Scanning electron 

fractographs of tensile specimens of the alloy Ta7Cr, aged at 700°r 

for 40 min., tested at various temperatures are shown in Fig. 15. 

The fracture surface of the specimen tested at 22°C [Fig. 15(a)] was 

characterized by flat areas, s teps , and river markings which are typical 

cleavage featirreB. Fracture was apparently ini t ia ted at the grain 

boundary prec ip i ta te envelope and propagated in a transgranular manner. 

Fracture surfaces of specimens tested at 200°C [Fig. 15(b)] , 400°C 

[Fig. 15(c)] and 600°C [Fig. 15(d)] indicated increasingly ductile 

behavior-, and fracture was characterized by predominantly cleavage 

and quasi-cleavage at 200°C, quasi-cleavage and dimpled rupture at 

4G0°C, and predominantly dimpled rupture at 600°C. A large portion 

of the dimpled rupture observed a t 600° C was in i t ia ted by void 

formation a t precipitate-matrix interfaces (Fig. 15(d)). Figure 15(d) 

also shows dimples formed by extensive ductile tearing. Void formation 

and duct i le tearing resulted in a fracture appearance characterized 

by a wide range of dimple s i zes . 

C. Short-Time Tensile Properties of Spheroidized Fe-Ta-Cr Alloys 

The room temperature fracture behavior was changed from b r i t t l e 

to ducti le by the spheroidizing treatment that followed aging. The 

scanning electron fractograph of the tensile specimen of alloy Ta7Cr 

spheroidized at 1100°C for 10 min., and tested at 22°C is shown In 

Fig. 16(a). These was evidence of a significant amount of plastic 

deformation as indicated by dimpled rupture. Dimple formation was 
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almost ent i re ly ini t ia ted by void formation at precipitate-matrix inter­

faces. Typicallv there were large dimples of sizes ranging from 

10 to 25 '.; separated by areas with smaller dimples of sizes 1 'J 

or less . Precipi ta te part icles as large as 4 l. vere observed 

in the larger dimples. Void formation was init iated apparently at 

these larger precipi tate pa r t i c l e s , and plastic flow resulted in the 

growth of the voids to a stage when final failure resulted by failure 

resulted by fai lure of the areas between the large voids. In Fig. 16(b) 

is shown the scanning electron fractogxaph of the tensi le specimen of 

the Ta7Cr a l loy , aged s t 70Q°C for 40 min, and tested at 22°C. The 

change in the fracture behavior that resul ts due to the spheroidizing 

treatment i s clearly evident from a comparison of Fig. 16(a) and (b). 

The short-time tensi le properties of alloy Ta7Cr spheroidized at 1100°C 

for 10 min. af ter aging at 700°C for 40 min are l isted in Table IV and 

plotted in Fig. 17 as a function of tes t temperature. Yield and 

ultimate t ens i l e strengths, and fracture elongation of the spheroidized 

Ta7Cr alloy were higher than those observed for the same alloy in the 

aged condition. The increase in fracture elongation was at t r ibuted to 

the change in precipi ta te morphology and distribution resul t ing from 

the spheroidizing treatment. The higher strength levels were attributed 

to a refinement of the grain size due to the a — v •* a phase change 

cycle that accompanied the spheroidizing treatment (from about I nm in 

the aged condition to about 200 u in the spheroidized condition) 

and the increased dislocation density in the spheroidized a l loys . As 

reported in an ea r l i e r section, examination of thin foils of specimens 
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of alloy Ta7Cr spheroidized at 1100°C for 10 min. showed a high dislocation 

density substructure chat consisted of subgrains and dislocation tangles. 

D. Effect of Variations in the Heat Treating Procedure on the 
Short-Time Tensile Properties of Te-Ta-Cr Alloys 

The mechanical properties of dispersion hardened alloys are normally 

influenced by variables pertaining to the dispersion such as particle 

size, interparticle spacing, nature of the distribution, and the degree 

of coherency of the particles with the matrix. In the Ye—Ta-Cr alloys 

of the present Investigation, changes in heat treating procedure were 

expected to change one or more of the factors listed above. The effect 

of heat treating procedure on short-time tensile properties was 

investigated for alloy Ta7Cr. In Table II several heat treating 

procedures are described, and their designations are listed. The 

influence on the dispersion was expected to be different for the 

several different heat treating procedures. As an example, other 
?7 28 investigators ' have shown that cold working prior to aging Increases 

the nusibeT of nucleation sites, and the precipitate dispersion attained 

on subsequent aging a consists of finer and more closely spaced 

particles than is the case without cold work. The results of short 

time tensile tests at elevated temperatures are listed In Tables V, VI 

and VII for alloy Ts7Cr heat treated according to the procedures 

designated as T-l, T-2, T-3 and T-4 in Table II. Also shown In the 

Tables V-VII are the short-time tensile properties of spheroidized 

Fe-Ta alloy, of alloy Ta7Cr after heat treatment T-0, and of alloy 

Ta5Cr after treatment T-l. The differences in short-time tensile 
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properties resulting from the differences in heat treatments T-l, T-2, 

T-3 and T-A were small in the case of the Ta7Cr allov. In Fig. IB, the 

yield strength of alloy Ta7Cr is plotted as a function of test tempera­

ture for the heat treatments T-l, T-2, T-3 and T-4. It can be seen 

from Fig. 18 that the yield strength data were within a narrow band, 

the width of which continuously decreased at test temperatures above 

about 500°C. At 700°C, the yield strengths were virtually the same 

for the different heat treatments, and the value was the same as that 

for the alloy tested after aging as can be noted from Table V. The 

precipitate morphology and distribution in the aged alloy were con­

siderably different from those in the spheroidized alloys as stated 

in an earlier section. The results discussed above indicated that 

as the test temperature approached 700°C, precipitate distribution and 

morphology did not have a significant influence on short-time yield 

strength, and the nature of the matrix itself was more important. As 
25 29 shown elsewhere ' creep resistance in long time tests was considerably 

affected by precipitate size, distribution and morphology, and matrix 

characteristics. 

The short-time yield strength, at 700°C, of alloys heat treated 

by several different procedures suggested that in the ferritic alloys 

of the present investigation, there was a need to enhance matrix 

strength in such a manner that the enhanced strength would be retaine;! 

at elevated temperatures. It is well known that matrix strength can 

be altered either by changing the matrix substructure or hv alloving 
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a d d i t i o n s . In d i s p e r s i o n hardened a l l o v s with a s tab le p r e c i p i t a t e 

d i spe r s ion i t has been shown that p r e c i p i t a t e p a r t i c l e s serve tn mainta in 

e leva ted temperature s t r e n g t h bv s t a b i l i z i n g the d i s loca t ion 

d i s t r i b u t i o n . The a b i l i t y of a d i s p e r s i o n to s t a b i l i z e the 

d i s l o c a t i o n s u b s t r u c t u r e has heen shown to depend on fac to r s such 

as the p r e c i p i t a t e s i z e , morphology, d i s t r i b u t i o n , volume f r a c t i o n , 
32-34 and s t a b i l i t y . I t was of I n t e r e s t to i n v e s t i g a t e whether the 

Laves phase d i s p e r s i o n in the Ta7Cr a l lov was e f fec t ive in s t a b i l i z i n g 

d i s l o c a t i o n networks and thus in enhancing matrix s t rength at e l eva ted 

t empera tu res . The a l l o v a f t e r sphe ro id i z ing at noo°C for ID n in . was 

cold worked a t room temperature to a 20 pet . reduct ion in th i ckness 

(Treatment T-5 l i s t e d i n Table I I ) . The room temperature v ie ld 

s t r e n g t h was Increased by about 40 p e t . b y the cold working t r e a t m e n t . 

The r e s u l t s of e l e v a t e d temperature t e n s i l e t e s t s on the cold worked 

a l l o y a r e l i s t e d i n Tab le VI I I . Also shown are the e levated temperature 

t e n s i l e p r o p e r t i e s of the same a l l o y b e f o r e the cold working t r e a t m e n t . 

The y i e ld s t r e n g t h s a r e p l o t t e d as a func t ion of t e s t temperature in 

F i g . 19 for both the sphero id ized (Heat Treatment T-1) and sphero id ized 

and cold worked (Heat Treatment T-5) a l l o y s . I t was evident t h a t the 

y i e l d s t r e n g t h of the cold worked a l l oy was higher than that of the alL.y 

wi thout cold work, but as the t e s t tempera tures was increased , the 

d i f f e rence in y ie ld s t r e n g t h between the two decreased. i.t t e s t 

temperatures approaching 700°C, the a l l o y s had approximately the same 

s t r e n g t h . The above r e s u l t s suggested t h a t the d i s loca t ion s u b s t r u c t u r e 

a t t a i n e d by the room temperatures deformation of a l lov Ta7Cr was net 
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s u f f i c i e n t l y s t a b i l i z e d by the p r e c i p i t a t e d i spe r s ion , p a r t i c u l a r l y 

in s h o r t - t i m e t e s t s at temperatures c lose to or h igher than /00°C. 

F. -Stress Rupture P r o p e r t i e s of Alloy Ta7Cr 

Constant load s t r e s s rup tu re t e s t s were conducted a t 900°F (482°C), 

10no°F(538°r) , n o n ° F ( 5 9 3 < T ) , and 12nn°F(fi49°C) on a l l o y Ta7Cr sphe-

ro id ized for 10 min .a t 1100°C fol lowing so lu t ion t rea tment a t 1320°C 

for one hour and aging a t 700°C for <40 mln (Heat Treatment T - l ) . The 

t e s t r e s u l t s a r e summarized in Table IX. Log-log p l o t s of s t r e s s v s . 

rupture time a t 1000CF(538 < ,C) and 1100°F(593°C) a r e shown in F ig . 20. 

The r e l a t i o n between log s t r e s s and log rupture time was l i n e a r a t 

both t e s t t empera tu re s . 

I t was of i n t e r e s t to examine how the s t r e s s rup tu re p r o p e r t i e s 

of a l l o y Ta7Cr compared with consnerclal ly a v a i l a b l e e l e v a t e d temperature 

f e r r i t i c s t e e l s . Commercially a v a i l a b l e f e r r l t i c s t e e l s can be 

divided i n t o t h r e e p r i n c i p a l c a t e g o r i e s : ( i ) low and medium a l l oy 

s t e e l s with low ( l e s s than 5 pe t ) chromium con ten t s , ( i i ) f e r r l t i c 

s t e e l s wi th 5 to 11 pet . chromium, and (111) f e r r i t i c and m a r t e n s i t i c 

s t a i n l e s s s t e e l s with chromium c o n t e n t s of 12 pet. or h i g h e r . 

S t e e l s i n each of the above c a t e g o r i e s have unique p r o p e r t i e s that 

are to be cons idered in s e l e c t i n g the s t e e l s for s p e c i f i c a p p l i c a t i o n s 

in s e r v i c e . All the above s t e e l s a r e used in the annealed , normalized, 

or normalized and tempered cond i t i on in which thev c o n s i s t of d i spe r s ions 

of one or tiore ca rb ides In a matr ix wi th varying amounts ot tempered 

mar t ens i t e , f e r r i t e and p e a r l i t e . 



-28-

Low and medium alloy steels with lov chromium contents are used 

up to about 1100°F(593°C) In applications which demand moderate 

resistance to corrosion and oxidation. A well known steel In this 

group is the 0.3C-lCr-lHo-0.25V steel. In the normalized and tempered 

condition this steel contains a dispersion of vanadium carbide (V.C ) 

and cementite (Fe,C) in a ferritic matrix. ' The excellent elevated 

temperature stress rupture properties of this steel are attributed to 
35 the presence of V.C which is very stable and resistant to growth. 

Insufficient oxidation and corrosion resistance, and relatively high 
37 creep rates particularly at temperatures higher than 1100°F(593°C) 

limit the use of this steel. 

Steels with low chromium contents are inadequate for long time 

service above 1100°F, where scaling becomes very severe. It is well 

known that a marked Increase is attained in resistance to oxidation 
37 38 in air and ateam when steels with higher chromoum contents are used. ' 

Intermediate chromium 8 teels containing 5 to 11 pet. chromium were 

developed to meet oxidation resistance requirements up to temperatures 

as high as 1500°F(816°C). Two conmon steels in this group are the 

0.15C-7Cr-0.5Mo steel and the 0.15C-9Cr-lMo steel. The higher chromium 

contents in these steels result in an increasing tendency to form the 

chromiuja carbide Cr?C, and the alloy carbide M -C . Neither of these 

carbides is as effective as V.C., in enhancing elevated temperature 
A 3 

strength, and as a re su l t , the 0.15C-7Cr-0.5Mo and D.15C-9Cr-lMo s t e e l s 

have lower s t r e s s rupture propert ies than those of the b e s t love^ 
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chromium s t e e l s . However, at temperatures above HOO^F, the higher 

chromium s tee ls have superior oxidation resistance. 

Stainless steels with chromium contents of 12 pet. and higher may 

be hardenable (martensitic) or non-hardenable ( f e r r i t i c ) . AIS1 types 

403, 410 and 422, and Hreek Ascolov are some of the more commonly used 

hardenable scalnless s tee ls . Their prime characterist ics are good 

resistance to attack by many corrosive media and against oxidation at 

elevated temperatures. The types 403 and 410 have the highest elevated 

creep strength among the straight chromium stainless s tee l s (with no 

alloying additions of nickel or refractory elements). Greek Ascoloy 

and the type 422 stainless s teel belong to the group of s ta inless steels 

which are often referred to as the 12 pet.chromium superalloys. They 

differ from other 12 pet.chromium s tee l s of the AISI 400 ser ies prin­

cipally in the i r refractory metal content. The 12 pet. chromium super-

alloys contain alloying additions of molybdenum, tungsten, vanadium 

and other refractory metals. These s tee l s have good elevated temperature 

strength and resistance to oxidation and corrosion. The ab i l i ty of 

these s teels to re ta in good creep resistance at high temperatures i s 

attributed mainly to the s t ab i l i t y of the carbides that form in them. 

The s t ress rupture properties of alloy Ta7Cr were compared with 

the properties quoted in the l i t e r a tu re for typical s tee l s in the 

three categories described above. The results at 10nn°F(S3RcC) and 

1100°F(593°C) are shown in Fig. 21 and Fig. 22 respectively. I t was 

observed that at bot test temperatures, the stress rupture properties 

of alloy Ta.'Cr were lo ' e r than those of 0.3C-lCr-lMo-P.25V s t ee l , tvpe 
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422 stainless s tee l and Greek Ascoloy, but were hieher than those 

of 0.15C-9Cr-lKo s tee l , 0.15C-7Cr-n.5Mo steel and tvpes 403 and 410 

stainless s t e e l s . The 1000 hour rupture stress at 110O°F(593*C) is 

l isted for alloy Ta7Cr and several other steels in Table X. ^rom the 

above resul ts i t was apparent that the s tress rupture properties of 

alloy Ta7Cr were higher than those of steelB of chromium contents 

between 5 and 12 pet. when the dispersion present in those s tee ls con­

sisted only of carbides of chromium and molybdenum. Rupture strength 

of s tee ls containing significant volume fractions of carbides of 

elements such as vanadium and tungsten was much higher than that of 

alloy Ta7Cr. 

Further improvements were attained in the rupture strength of 
99 

alloy Ta7Cr by modifications in the heat treatment" and by alloying 

additions of molybdenum. The influence of molybdenum additions is 

discussed in a l a t e r section. 

F. Creep Rates of Alloy Ta7Cr 

Steady s t a t e creep rates were determined at various s t resses and 

temperatures for alloy Ta7Cr Bpheroidized at 1100°C for 10 min (Heat 

Treatment T - l ) . The results are shown in Table XI. Steady s ta te 

creep rates at 10Q0°K538°C) and 1100°F(593°C) are plotted against 

s t ress on a log-log plot in Fig. 23. A linear relationship was observed 

at both test temperatures. At constant temperature, the relationship 

between s t ress and creep rate was of the form 

. n 
E •» A<J s 
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where e is the steady state creep rate, a Is the nominal stress, and 

A and n are constants. The exponent n, often referred to as the stress 

sensitivity of steady state creep rates, was independent of test 

temperature 3nd was approximately equal to 6.5. The value of n In 

the present investigation was approximately the same as that observed 
39 by Amln and Dorn for a dispersion strengthened steel. 

A measure of creep strength is provided by the stress required 
-4 for a creep rate of 1 * 10 pet-per hour. The values of the stress 

for a creep rate of 1 x 10~ pet. per hour at 1000°F(538°C) and 

1100°F(593°C) for alloy Ta7Cr were determined from Fig. 23 by extra-
-4 polation. The values of stress for a creep rate of 1 * 10 pet. per 

houv at 1000°F(538°C) are listed in Table XII for alloy Ta7Cr (Heat 

Treatment T-1) and several commercially available ferritic steels. ' 

It can be observed from Table XII that the creep strength of alloy 

Ta7Cr was higher than the creep strength of 0. 3C-lCr-lHo-0.25V, 

0.15C-7Cr-0.5Mo and 0.15C-9Cr-lMo steels, and types 403 and 410 

stainless steels, but lower than that of type 422 stainless steel. 

Further improvements in creep strength were attained by modifications 
29 in the heat treating procedure and by alloying additions of molybdenum 

as described in a later section. 

G. Structural Changes in Alloy Ta7Cr During Creep 
at li00°F(593°C) 

Thin foils for electron microscopy were prepared frora a specimen 

of alloy Ta7Cr (Heat Treatment T-1) tested to rupture at 11Q0°F(593 Z) 

and 15,000 psi. The rupture time was 1809 hrs. 'roils were taken from 
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the specimen gage section well awav from the necked region at the 

fracture surface. Transmission electron microscopic examination of the 

foils indicated several structural changes that occurred as a result 

of exposure to the creep conditions stated above. The bright field 

micrograph in Fig. 24 shows a distribution of an extremely fine 

precipitate in addition to the coarser precipitate distribution that 

was present in the specimen before creep (Figs. 10-13). The finer 

particles which precipitated on exposure to stress and temperature in 

the creep tests were mostly of diameters less than 0.03 ;.. Another 

illustration of precipitation that occurred during creep is seen In 

Fig. 25(a) which shows a micrograph of a foil taken from another area 

of the same creep specimen. In Fig. 25(b) is shown the diffraction 

pattern obtained from the selected area enclosed by the image of the 

aperture in Fig. 25(a). The matrix was in a two-beam diffracting 

condition with a g-vector of [110]. The reflections A, B and C 

corresponded to an interplanar spacing of 2.40 A which was in close 

agreement with the spacing for the (1120) planes of the Laves phase 

precipitate that was present in the alloy before creep testing. The 

dark field micrograph of the reflection B is shown in Fig. 25(c) 

where several fine precipitate particles reversed contrast. These 

observations and other measurements of interplanar spacines from elec­

tron diffraction patterns showed that the compound that pre:ipttJited 

during creep was the same Laves phase that was nrieinallv present in 

alloy Ta7Cr, An examination of the plot of creep strain vs.time, 

shown in Fig. 26, did not show anv discontinuities in the steady state 

region. Therefore it was concluded that the precipitation occurred 
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during the tertiary stage of creep. In other alloys, similar precipita-
41 tions during creep has been found to result in strengthening. In 

alloy Ta7Cr the precipitation during creep was possibly responsible 

for a prolonged life in the third stage of creep. The specimen tested 

at 1100°F(593°C) and 15,000 psi had a total rupture like of 1«09 hrs, 

out of which the third stage of creep alone accounted for about 1400 hrs. 

as can be noted from Fig. 26. However, it was not possible to conclude 

that the precipitations during creep prolonged the third stap.e life by 

a strengthening effect because the depletion of solid solutions alloying 

in the matrix and consequent increase in ductilitv could also lead 
42 to a prolonged third stage life. 

Examination, by transmission microscopy, of substructure of the 

specimen crept at 1100°F(593°C) and 15,000 psi revealed that there was 

a considerable decrease in dislocation density during creep. It was 

obvious that the lath-like structure that was present before creep 

underwent recovery during the creep test, and a subgrain structure 

developed. The boundaries of the subgrains were thinner and less 

ragged as comp;red to the boundaries before creep, and were pinned 

by precipitate particles. The above features are illustrated in 

Fig. 27. There was evidence of several types of precipitate-dislocation 

interactions. Both coarse and fine precipitate particles seemed to 

play an important role in pinning the dislocation substructure. Coaise 

particles were effective in pinning both individual dislocations and 

subgrain boundaries, whereas fine particles effectively pinned individual 

dislocations. Figure 28 shows a bright field image in a two-beam 
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diffracting condition with [211] as the main diffracted beam. The 

boundaries AB, AC and AD are low angle boundaries. The micrograph 

shows several dislocation segments that are pinned by coarse precipitate 

particles (as the segment PQ) and those which are pinned by fine 

particles precipitated duTlng the creep test (as the segment RS). 

Similar features are also noted in Fig. 29 which shows a bright field 

image of the same area as in Fig. 28, but in a two-beam diffracting 

condition with g = [112] as the operating reflection. More illustrations 

of dislocation pinning by coarse particles are shown in Fig. 30. In 

Fig. 31 an array of piled up dislocations is indicated at A. Figure 32 

shows dislocation segments which give the appearance of jogs (at A, 

B and C) . Jogged dislocations have also been observed by Wilcox and 
33 Clauer in Ni-ThO, alloys subjected to elevated temperature creep. 

H. Structural Changes in Alloy Ta7Cr During 
Creep at 120D°F (649°C) 

Foils taken from a specimen of alloy Ta7Cr (Heat Treatment T-l) 

tested at 1200°F (649°C) and 11,000 psi were examined in the electron 

microBcope. The rupture time under these creep conditions was 119 hrs. 

The bright field image shown in Fig. 33(a, indicated that the structure 

was characterized by a low dislocation density, and consisted of 

subgrains with relatively regular boundaries. The boundaries were 

pinned by precipitate particles. The micrograph in Fig. 33(a) was 

taken after tilting the foil to get a two beam diffracting condition 

with g = [211] as the operating reflection. The diffraction pattern 

shown in Fig. 33(b) was obtained from the selected area indicated 
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by the image of an aperture in Fig. 33(a). Dislocation pile-ups 

and dislocations pinned by precipitate particles are indicated at 

A and B respectively in Fig. 33(a). More examples of dislocation 

pile-ups are shown in Fig. 34 at A, B and C. Tr. Fig. 35 is shown 

another illustration of dislocation pinning by precipitate particles 

(near A). An illustration of pinning <_f subgrain boundaries by 

precipitate particles is shown in Fig. 36. A feature that was 

characteristic of specimens crept at 1200°F (649°C), and which was 

not observed in specimens crept at 1100°F (593tlC) was evidence of 

deformation at boundaries that were pinned by precipitate particles. 

Example of this are shown in Fig. 37 at A, B and C. This suggested 

that these boundaries were tending to move away from precipitate 

particles possibly by a sliding process which is also a characteristic 
31 of elevated temperature creep in TD nickel. This hypothesis was 

additionally supported by the distorted region at the triple point 

at D in Fig. 37. 

Another important structural feature of the specimen crept at 1200°F 

(649°C) was the absence of fine prec ip i ta te particl-js that were observed 

in the specimen crept at 1100°F(593°C). In Fig. 38 are shown structures 

of alloy Ta7Cr (a) after Heat Treatment T-l, hefore creep tes t ing , 

(b) after test ing to rupture (1809 hrs . ) at 1100°F(593°C) and 15,000 psi , 

and (c) after tes t ing to rupture (119 hrs) at 1200°F(649°C) and 11,000 ps i . 

A comparison of the three structures indicated differences in the 

precipitate d is t r ibut ions . On exposure to creep conditions a t 1100°F 

(593°C) there was precipitation of fine part icles of the Laves phase 

while par t ic les originally present before creep were re la t ively unaltered. 
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In the specimen exposed to creep at 1200°F (649°C) no fine particles 

were observed, and the precipitate distribution consisted of a large 

numheT of coarse particles. It was concluded tnat particles precipitated 

during creep at 1200°F (649°C) coarsened at relatively high rates. 

I. Mechanism of Creep in Fe-Ta-Cr Alloys 

Over the last decade or two there have been several attempts to 

develop qualitative and quantitative analyses of the creep behavior 

of dispersion hardened materials. It seems appropriate to review 

these theories before any conclusions are arrived at with regard to 

the mechanism of creep in the Fe-Ta-Cr alloys of the present investi«3-

tion. 
43 44 

Weertman and Ansell and Weertman proposed a q u a n t i t a t i v e 

analys is fr-r creep in coarse grained dispersion hardened materials 

baaing t h e i r analys i s on the concept that climb, e i t h e r of s i n g l e 

di s loca t ions or of d i s l o c a t i o n l o o p s , over p a r t i c l e s of the dispersed 

phase was the ra te -contro l l ing s t ep in s teady s t a t e c r e e p . Under 

these cond i t ions , the ac t iva t ion energy for creep should be equal to 

the a c t i v a t i o n energy for s e l f d i f f u s i o n in the ma t r ix , and creep race 

should vary with s t r e s s l i n e a r l y a t low s t r e s s e s , he p r o p o r t i o n a l to 

the fourth power of s t r e s s a t i n t e r m e d i a t e s t r e s s e s , and vary 

exponen t i a l ly with s t r e s s a t high s t r e s s e s . These f e a t u r e s are not 

i n agreement wi th most exper imenta l obse rva t ions . Some agreement 

between p r e d i c t e d and observed s t r e s s dependence was observed bv 
45 Ansel l and L e n e l , bu t , in g e n e r a l , experimentally observed s t r e s s 

dependence i s much higher than t h a t p r e d i c t e d . *"* In a d d i t i o n , 



-17-

experimentally observed activation energies for creep in dispersion 

hardened inaterials are much higher than the activation energies for 
31 44,47 48 matrix self-diffusion. ' ' The descrepency between predicted 

and observed activation energies in as-extruded dispersion hardened 

aluminum alloys was qualitatively explained bv Ansell and V.'eertman on 

the assumption that in these alloys, the rate-controlling step was 
44 the generation of dislocations at grain boundary sources. Ansell 

and Lenel concluded from their experiments on recrystallized SAP tvpe 

alloys that dislocation climb was the i ite-controlling step and the 

descrepency between observed and predicted creep rates could be 

explained if the density of active dislocation sources in the allovs 
45 

was lower than that assumed ' .1 the analysis of Ansell and Weertman. 

No conclusive structural observations were presented to show the 

presence or absence of grain boundary dislocatan sources or the density 

of active dislocation sources. 
31 Wilcox and Clauer studied the creep behavior of thoriated nickel 

both above and below 0.5 t (absolute meltine point). At temperatures 
m 

below 0.5 T , they observed elongated dislocation loops attached to m 

ThO particles, and suggest- that the loops were formed bv cross slip 

of dislocations around Tf particles leaving prismatic loops around 

the particles. They concluded that the main mechanism of creep was 

cross slip of dislocations around dispersed ThO, Darticles. The cross 

slip mechanism was able to explain the stress dependent activation 

energies that were observed. However, there was no conclusive evidence 

to explain the observed stress dependence of creep rate at temperatures 



- 3 R -

below 0.5 T . Tn the same allovs at temceratures above 0.5 T , Wilcox m ' in 

and Clauer showed that the major contribution to the plast ic creep 

s t ra in was from grain boundary s l iding, but with this mechanism i t was 

not possible to explain the high activation energy and the s t ress 

sensi t ivi ty of creep ra tes . Rased on their results and those of 
49 50 33 

Takahashi, et a l . ' Wilcox and Clauer suggested that the s t ress 

sensi t ivi ty of creep rates was a structure dependent parameter, and 

increased as the effective grain size or subgrain size decreased. This 

i ea was extended l a t e r to explain the high temperature creep behavior 

of recrystall ized Ni-ThO_ alloys based on a modified climb mechanism. 

Sidey and Wilshire attributed the creep resistance of the dispersion 

hardened alloy Nimonic 80A primarily to the retardation of recovery 

by pa r t i c les , and on this basis , qual i tat ively explained the observed 

high activation energy for c _eep and the high stress sens i t iv i ty of 

creep r a t e s . A similar theory has also been proposed by Lagneborg. 

Another recent attempt at explaining the high activation energy 

and stress sens i t iv i ty of creep rarss in dispersion hardened materials 

i s based on the existence of a s t ress f ield arising from the presence 
52 of surface tension forces at particle-matrix interfaces. The s tress 

field results in enhancement of creep strength bv resisting both glide-

controlled and climb-controlled dislocation motion. The presence of 

surface tension matrix strains at particle-matrix interfaces was, 

however, not conclusively shown. Moreover, the analvsis was based 

on the assumption that the surface tension force was the sane as the 

surface energy. The validity of this assumption has been questioned. 
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It is readilv evident from the ahove review that the observed 

structural features, activation energies for creep and stress 

sensitivities of creep rates of dispersion hardened materials are 

not always in agreement with proposed creep models. In the same 

material, a single model Is ahle Co explain onlv some, but not nil, 

of the experimental observations. Tt was of interest to examine the 

applicability of proposed creep models to the spheroidized allov Ta7Cr 

of the present investigation. 

The discussion of experimental results related to the elevated 

temperature deformation of alloy Ta7Cr can be broadlv divided into two 

aspects—mechanical testing, and microstructural studies. 

With regard to mechanical testing, it was stated in an earlier 

section that log-log plots of stress vs. steady state creep rates 

yielded a stress sensitivity exponent of n = 6.5, which was slightly 
54 higher than the value n = 4 to 5 observed for most solid solutions. 

Apparent activation energy for creep at 1000°F (538°C) was measured 

by creep testing a single specimen according to the method that has 

been used by other investigators in the past. ' A constant stress 

of 25,000 psi was used and the test temperature was cycled from about 

985°F (530°C) to about 1015°F (546°C) , allowing the specimen to reach 

steady state at each temperature before the temperature was changed. 

The apparent activation energy for creep was calculated from the 

relation, 
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where E , and E _ were steady s t a t e creep rates at absolute temperatures s i s2 
T and T °K respectively and 0 was the apparent activation energv at 

the temperature T , where avg 

2 T T 
T _ 1 2 avg T, + T„ 

1 2 

In the current investigation, T «= 811°K (1000°F). The calculated 
avg 

average value of Q was 94,650 cal/mole, which was considerably higher 

than the value reported by Ishida, et al. for creep in pare iron. 

Ishida, et al. also indicated that the value they ob ained for the 

activation energy for creep in pure iron was in close agreement with 

the activation energy for self-diffusion in pure iron, i.e. 68,000 cal/ 

mole. Therefore, the apparent activation energy for creep in allov 

Ta7Cr was higher than that for creep in pure iron, and for self-

diffusion in pure iron. As stated earlier, values of apparent activa­

tion energy considerably higher than those for matrix self-diffusion 

have been observed in the creep of other dispersion strengthened 
. . , 31,44,47,48 materials. ' ' 

The structural changes during creep, and the ohserved activation 

energy and stress sensitivity of creep rate in alloy Ta7Cr appeared to 

indicate that there was no single rate-controlling step during creep 

at 1100°F (593°C). If dislocation climb was the onlv rate-controlling 

factor, then the apparent activation energv for creep would be expected 

to be equal to the activation enerey for self-diffusion In the matrix. 
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As was stated ea r l i e r , the apparent activation energy for creep in 

alloy Ta7Cr was higher than the activation energy for self-diffusion. 

This indicated that creep models based on dislocation climb as the 
12-34 43-45 only rate controll ing step were not applicable to alloy 

Ta7Cr. The generation of dislocations at grain boundary dislocation 
44 sources in the manner suggested bv Ansell and Weertman was not 

required for creep deformation to occur in alloy Ta7Cr since there 

was a high density of mobile dislocations in the alloy before creep, 

as was shown in Figs. 12 and 13. Creep models based on cross s l ip 
31 33 of piled up dislocations ' as the only rate-controlling process 

were not applicable to alloy Ta7Cr since the activation energv for 

cross s l ip ^controlled creep generally never exceeds the activation 

energy for self-diffusion in the matrix. 

The high values of measured apparent activation energy and stress 

sensi t iv i ty exponent in addition to the several substructural features 

suggested that creep in alloy Ta7Cr involved two or more processes 

acting in p a r a l l e l . Multistep reactions in creep have been proposed 

by several other invest igators. Gilbert and Munson suggested 

that creep can occur by two, and possibly more, steps acting in 

para l le l . In the i r investigation, the steps were: CI) I n i t i a l glide 

of dislocations leading to pile-ups at barr iers , and subsequent creep 

by a mechanism based on dislocation climb at thermal jogs, (2) Glidt-

of dislocations result ing in dislocation intersection and iog formation, 

and subsequent climb of Jogged dislocations; both log formation anri 

climb are aided by temperature and s t r e s s , and (3) Climb of dislocations 
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by vacancy diffusion in the matrix. They concluded that these different 

steps could act independent of each other in paral le l , and thus lead 

to apparent creep activation energies higher than the act ivation energy 

for matrix self-diffusion. The experimental results of the present 

investigation suggested that creep of alloy Ta7Cr possibly involved 

paral lel and independent steps similar to those proposed by Gilbert 

and Munson. In this alloy the Laves phase part icles formed effective 

barriers to dislocation glide leading to dislocation pile-ups and 

substructure pinning as was discussed ea r l i e r . I t was also probable 

that at 1200°F (649°C), grain boundary deformation contributed to 

creep deformation and constituted ar. additional step in p a r a l l e l . 

Evidence of grain boundary deformation was presented in an earHer 

section. Observations indicating intergranular nucleation of voids 

leading to intergranular cracks are discussed in the section on creep 

fractures. 

J . Effect of Alloying Additions of Molybdenum 
on the Creep Properties of Alloy Ta7Cr 

The study of tensi le and creep propert ies, and the examination 

of s t ruc tura l features of specimens of alloy Ta7Cr before and after 

creep test ing indicated that p a r t i a l recovery of dislocation sub­

structure occurred in the alloy. This was particularly evident in 

specimens exposed for a long time (1809 hrs) at 1100°F (593°C) and 

for a re la t ive ly shorter time (119 hrs) at 1200°F (649°C). I t was of 

interest to examine if further alloying by solid solution strengthenine 

would enhance creep strength by retarding recovery. Molybdenum was 

chosen as the alloying element for this purpose, since i t is well 
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known t h a t molybdenum a d d i t i o n s a r e very e f f e c t i v e i n a t t a i n i n g 

s o l i ^ s o l u t i o n s t r eng then ing i n e l e v a t e d temperature a l l o y s and the 

s t r eng then ing so a t t a i n e d i s r e t a i n e d a t e levated t empera tu re s . 

The a d d i t i o n of 0.5 atom pet Mo to a l loy Ta7Cr, l e a d i n g to the 

a l loy Ta'^rMo, caused a cons ide rab l e change in the k i n e t i c s of the 

a+y t r a n s f o r m a t i o n . The t r ans fo rmat ion exhibi ted a unique t ime-
25 temperature dependence which i s d i scussed in d e t a i l e l s ewhe re . At 

the sphe ro id i z ing temperature of 1100°C, a 10 min hold time was not 

s u f f i c i e n t for complet ion of the cr*-y t rans format ion . A t r ea tment 

cons isc ing of t h r e e repeated h e a t i n g and cooling cycles between room 

temperature and 1100°C, however, r e s u l t e d i n completion of the 

t r aa s fo rma t ion . During each cyc le a specimen was held a t 1100°C 

ror 15 min. b e f o r e i t was a i r cooled t o room temperature . The creep 

and s t r e s s r u p t u r e p r o p e r t i e s d i s c u s s e d i n t h i s s e c t i o n for a l l o y 

Ta7CrMo were f o r t h e sphero id iz ing t r ea tmen t of th ree 15 min .cyc le s 

a t 1100°C fo l lowing one hour s o l u t i o n t r e a t i n g a t 1350°C and one hour 

aging t o a t t a i n peak hardness a t 700°C. 

In F i g . 39 i s shown the p l o t of s t r e s s vs rupture t ime a t 1100°F 

(593°C) for a l l o y Ta7CrMo. Also shown i n the f igure a r e the r e s u l t s 

for a l l o y Ta7Cr and the p r o p e r t i e s quoted i n the l i t e r a t u r e for 

s e v e r a l commercial s t e e l s . I t was ev iden t t ha t the a l l o y Ta7CrMo had 

considerably h ighe r rup ture s t r e n g t h than a l l oy Ta7Cr. The r u p t u r e 

s t r eng th approached t h a t of Greek Ascoloy. 
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The plot of applied s tress vs. steady state creep r a t e of alloy 

Ta7CrMo Is shown in Fig. 40 for a t es t temperature of 1100°F (593°C). 

Also shown i s a similar plot for alloy Ta7Cr (Heat Treatment T- l ) . 

The higher creep strength (lower creep rates) of alloy Ta7CrMo compared 

to that of al loy Ta7Cr i s clearly evident. The s t ress for a creep 

s ta te of 1*10~ pct/hr at 1100°F (593°C) for alloy Ta7CrMo was determined 

from Fig. 40, and was 15,000 ps i . This value is compared in Table XIII 

with the values for alloy Ta7Cr and several commercial f e r r i t i c 

s t ee l s . ' The comparison revealed that the creep strength of alloy 

Ta7CrMo was only s l ight ly lower than that of type 422 s ta in less s tee l . 

Additional Improvements attained in the creep properties of allov 

Ta7CrHo by modifications in the heat treating procedure are reported 
. . 25,29 

elsewhere. 

K. Mechanism of Fracture of Alloy Ta7Cr Tested in Creep 

In Fig. 41 are shown scanning electron fractographs of specimens 

of alloy Ta7Cr (Heat Treatment T-l) tested at 100n°F (538°C) and a 

constant s t r e s s of 42,500 p s i . The rupture time at th is s t r ess was 

3.5 h r s . An examination of the fractograph shown in Fig. 41(a) revealed 

dimpled rupture typical of a ducti le fracture mode. There were 

two ranges of dimple s izes , large and small. The large dimples were 

associated with voids around prec ip i ta te particles of diameter 

approximately 1 u to 4 y, The areas between large dimples conslatc'J 

of small dimples, a number of which were associated with voids wand 

small preciptate part icles of less than 1 u diameter. A small dimple 

formed around a small precipi ta te par t ic le is indicated bv an arrow 
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in Fig. 41(b). Another feature that i s observed in Fig. 41 is evidence 

of ductile tear ing, which also resulted in a dimpled appearance 

(Fig. 41(a)). The observations suggested that fracture of the specimen 

tested at 1000°F (538°C) and 42,500 psl was ini t iated by failure of 

the precipitate-matrix interface. Interface failure resulted In the 

formation of voids. When voids occupied a large fraction of the 

specimen cross sectional area, the remaining area failed bv ductile 

tearing. 

As the s t ress was decreased at 1000°F (538°C), rupture time 

increased, and th is resulted in changes in the overall fracture 

appearance. Scanning electron fractographs of specimens of alloy 

Ta7Cr tested at 1000°F (538°C) at several indicated constant stresses 

are shown in Fig. 42. The rupture times at the various s t resses are 

also indicated in Fig. 42. I t was noted that with increase in rupture 

time, the extent of ductile tearing decreased, and a larger portion 

of the fracture surface exhibited large dimv'es nucleated at precipitate 

par t ic les . As shown in Fig. 42(d), the fracture surface of the specimen 

of alloy Ta7Cr tested at 1000°F (538°C) and 27,000 psi to give a 

rupture time of 1181 hrs consisted almost entirely of large (at A) and 

small (at B) dimples nucleated at precipi ta te par t ic les . There was 

no evidence of intergranular fai lure in specimens of alloy Ta7Cr 

(Heat Treatment T-l) tested at 1000°F (538°C). 

Scanning electron fractographs of specimens of alloy Ta7Cr 

(Heat Treatment T-l) tested at several constant stresses a t 1100°F 

(593°C) revealed fracture features similar to those in specimens 
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tested at 10Q0°F (538°C). In Fig. 43 are shown scanning electron 

fractographs of the alloy tested at 1100°F (593°C) and 15,000 psi. 

The rupture time for the specimen was 1809 hrs. Large dimples formed 

by void nucleation and growth around precipitate particles are clearly 

seen in Fig. 43(a). Small dimples, also formed by void nucleation 

and growth around precipitate particles are shown in Fig. 43(b) in 

the area around A. There Is no evidence of intergranular failure in 

Fig. 43. However, an examination, by optical metallography, of 

longitudinal sections of the gage length of the creep specimen indicated 

that void nucleation and growth did occur at grain boundaries in some 

parts of the specimen. Examples of these voids are shown by arrows in 

Fig. 44(a) and (b). Apparently these voids did not play an important 

role in final fracture. 

A large number of intergranular voids were noted in a specimen 

of alloy Ta7Cr (Heat Treatment T-1) tested to rupture at 1200°F (649°C) 

and 11,000 psi. The rupture time under these conditions was 119 hrs. 

Figure 45 shows an optical micrograph of a longitudinal section of the 

fractured speciaen. Intergranular voids are indicated by arrows In 

Fig. 45. Scanning electron fractographs of the same specinen are 

shown in Fig. 46. Dimpled rupture caused by void nucleation and 

growth around precipitate particles was evident as in the case of 

specimens tested at 1000°F (538°C) and 1100°F (593°C). In addition, 

there was evidence of intergranular failure caused by crack initiation 

and growth at grain boundaries and triple points, as Indicated by 
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arrows in Fig. 46(b) and (c). Several investigators have reported 

that at high temperatures, deformation at grain boundaries and triple 

points leads to void formation at second phase particles and ledges 

at these locations. Subsequent growth of these voids during creep 

leads to the formation of cracks. Final failure then occurs hv 

transgranular crack propagation. 

In summary, fracture of spheroidized alloy Ta7Cr in stress rupture 

tests at temperatures 1000-1200°F (538-649°C) occurred by formation 

and growth of voids around particles of the Laves phase. Larger 

particles appeared to play the major role in crack initiation. Voids 

formed intergranularly in long time tests at 1100°F (593°C) , but 

did not cause intergranular fracture. On the other hand, extensive 

intergranular void formation at 1200°F (649°C) significantly contributed 

to crack initiation and final fracture. 
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V. SUMMARY AND CONCLUSIONS 

The s t r e n g t h e n i n g e f f e c t of t h e L a v e s p h a s e in Fe-Ta a l l o v s w a c 

u t i l i z e d t o d e v e l o p c r e e p r e s i s t a n t b o d v c e n t e r e d c u b i c i r o n a l l o v s 

c o n t a i n i n g 1 a t . p e t . Ta and up t o 7 a t . p e t . C r . P r e c i p i t a t i o n of 

t h e Pe -Ta L a v e s p h a s e l e d t o c o n s i d e r a b l e h a r d e n i n g of F e - T a - C r a l l o y s , 

b u t p r e c i p i t a t i o n o c c u r r e d h e t e r o g e n e o u s l y a t g r a i n b o u n d a r i e s and 

o t h e r p r e f e r r e d s i t e s , l e a d i n g t o room t e m p e r a t u r e e m b r i t t l e m e n t . The 

e m b r i t t l e n s n t was o v e r c o m e by u s i n g a n a l l o t r o p i c p h a s e t r a n s f o r m a t i o n 

t o s p h e r o i d i z e t h e L a v e s p h a s e p r e c i p i t a t e a t t h e g r a i n b o u n d a r i e s 

and w i t h i n t h e g r a i n s . The s t r u c t u r e o f a s p h e r o i d i z e d a l l o y T a 7 C r , 

c o n t a i n i n g 1 a t . p e t . Ta and 7 a t . p e t . C r , was c h a r a c t e r i z e d hv a 

u n i f o r m d i s t r i b u t i o n of a l m o s t s p h e r i c a l p a r t i c l e s of t h e F e - T a Laves 

p h a s e i n a b o d y c e n t e r e d c u b i c m a t r i x w i t h i r r e g u l a r g r a i n b o u n d a r i e s . 

P a r t i c l e d i a m e t e r s o f t h e p r e c i p i t a t e r a n g e d from 0 . 0 3 t o 4 ' J . 

E x a m i n a t i o n b y t r a n s m i s s i o n e l e c t r o n m i c r o s c o p y r e v e a l e d a l a t h - l i k e 

s u b s t r u c t u r e w i t h i r r e g u l a r s u b g r a i n s and t a n g l e d d i s l o c a t i o n n e t w o r k s 

i n t h e l a t h s . The d i s l o c a t i o n s u b s t r u c t u r e was p i n n e d I n a few-

I n s t a n c e s b y t h e p r e c i p i t a t e p a r t i c l e s , b u t a h i g h d e n s i t y o f u n p i n n e d 

d i s l o c a t i o n s was p r e s e n t . 

Bo th t h e a g e d , and aged and s p h e r o i d i z e d Fe-Ta-Cr a l l o ' . ' s m a i n t a i n e d 

c o n s i d e r a b l e f r a c t i o n s of t h e i r room t e m p e r a t u r e v ' ie ld and u l t i m a t e 

s t r e n g t h s up t o a t e s t t e m p e r a t u r e o f a b o u t 600°C. At t e m p e r a t u r e s 

h i g h e r t h a n a h o u t 600°C , t h e y i e l d and u l t i m a t e t e n s i l e s t r e n g t h s 

d e c r e a s e d s h a r p l y . V a r i a t i o n s I n t h e h e a t t r e a t i n g p r o c e d u r e , i n v o l v i n g 

c o l d w o r k i n g b e f o r e a g i n g , and r e p e a t e d c y c l i n g be tween room t e m p e r a t u r e 
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and the spheroidizing temperature, did not cause significant changes in 

short-time tensi le properties of alloy Ta7Cr, par t icular ly at test 

temperatures in the neighborhood of 7f)0°C. A substructure developed 

by cold working the spheroidized Ta7Cr alloy was not effectively 

retained by the alloy at temperatures higher than about 70fl°C. 

Constant load creep and s t ress rupfrre tests were conducted on 

spheroidized alloy Ta7Cr at several stresses and temperatures. The 

results indicated that , in general, the rupture strength of alloy 

Ta7Cr was higher than that of f e r r i t i c steels containing 5 to 12 pet. 

Cr and strengthened by dispersions of chromium and molybdenura carbides, 

but lower than that of f e r r i t i c s tee ls containing significant amounts 

of vanadium and tungsten as solid solution strengtheners and carbide 

formers. The s tee l 0.3C-lCr-lMo-0.25V had a higher rupture strength, 

but lower creep strength than al loy Ta7Cr at 1000°F (538°C). 

Transmission electron microscopic examinations of the substructure 

of crept specimens of allov Ta7Cr revealed dislocation pi le-ups , .iogs, 

and a well developed subgrain structure with low dislocation density 

within the subgrains. In long time exposures at 1100°F (593°C) and 

1200°F (649°C) precipitation of the Laves phase occurred during •• -f-->. 

The par t ic les that were observed in a specimen tested in creep at 

1100°F'(59J"C) were of diameters less than about 0.03 u. Both the 

coarser prec ip i ta te part icles originally present, and the finer 

part ic les precipitated during creep were found to act as pinning points 

for individual dislocations and subgrain boundaries and possibly 

played an important role in retarding the complete recoverv cf dislocation 
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s u b s t r u c t u r e . Specimens t e s t e d in creep at 1200°F (649°C) showed 

evidence of grain boundary deformation. 

The measured apparent a c t i v a t i o n energv for creep of a l loy Ta7Cr 

was h ighe r than the a c t i v a t i o n energy for s e l f d i f fu s ion in i ron , and 

the es t imated value of the s t r e s s s e n s i t i v i t y exponent was higher than 

the va lue observed for i r o n . These obse rva t ions , and a study of the 

s t r u c t u r a l changes during creep suggested tha t the creep of a l lov 

Ta7Cr involved two or more independent r a t e - c o n t r o l l i n g prucesses in 

p a r a l l e l . 

So l id s o l u t i o n a l l oy ing a d d i t i o n s of small amounts of molybdenum 

cons ide rab ly improved the rup tu re s t reng th and creep r e s i s t a n c e of 

a l l o y Ta7Cr. 

Examination of the f r a c t u r e surfaces of specimens t e s t e d to rup ture 

a t s e v e r a l cons tan t loads and temperatures i n d i c a t e d tha t f rac ture 

occurred by nuc lea t ion and growth of voids around p a r t i c l e s of the 

Laves phase p r e c i p i t a t e , l e a d i n g to d u c t i l e f a i l u r e cha rac t e r i zeo by 

a dimpled f r a c t u r e appearance. P a r t i c l e s of d iameters 1 . to i L 

appeared to play a more predominant ro le in f r a c t u r e i n i t i a t i o n than 

f i n e r p a r t i c l e s . 

Examintaion, by o p t i c a l microscopy, of l o n g i t u d i n a l sec t ions of a 

creep specimen t e s t ed to r u p t u r e in 1809 hrs a t 1100°F (59 3°C) and 

15,000 p e l revealed i n t e r g r a n u l a r c racks , but these c racks did not 

p ropaga te to cause i n t e r g r a n u l a r f r a c t u r e . A combination of o p t i c a l 

and scanning e l ec t ron microscopy showed that i n t e r g r a n u l a r void 

n u c l e a t i o n and crack formatr'.on were extensive in specimens tes ted 
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under creep conditions at 1200°F (649°C), and final fracture resulted 

due to the propagation of several intergranular cracks. 
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Table I . Chemical Compositions of Alloys 

Compositions 
Alloy 

Designation Wt. Pec. At. Pet. 

Ta Cr Ho Fe Ta Cr Mo Fe 

Ta5Cr 3.18 A.57 Bal 1 5 - Bai 

Ta7Cr 3.18 6.40 Bal 1 7 - Bal 

Ta7CrMo 3.17 6.38 0.84 Bal 1 7 0.5 Bal 
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Table II. Heat Treatments and Designations 

Heat Treatment 

Solution treated at 1320°C for 1 hour, and aged at 
700°C for 40 minutes. 

Solution treated at 1320°C for 1 hour, aged at 700°C 
for 40 minutes, and spheroidized at 1100°C for 
10 minutes. 

Solution treated at 1320°C for 1 hour, aged at 700CIC 
for 40 minutes, and cycled 3 times between 1100°C 
and 22°C. Holding time at 1100°C was 10 minutes each 
time. 

Solution treated at 1320°C for 1 hour, cold rolled 
to a 50 pet. reduction in thickness at 22°C, aged at 
700°C for 40 minutes, and spheroidized at 1100°C For 
10 minutes. 

Solution treated at 1320°C for 1 hour, aged at 700°C 
for 2 hours, and spheroidiaed at 1100°C for 10 
minutes 

Heat treated as for T-l, and cold rolled at 22°C to 
a 20 pet. reduction in thickness. 
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Table I I I . Short- t ime t e n s i l e mechanical p r o p e r t i e s of a l loy ia7Cr 

aged for 40 minutes a t 700°C (Heat Treatment T-r)). 

Test Temp. , 
°C 

22 

200 

400 

600 

700 

Yield Strength, Ultimate Tensile Fracture Elongation, 
Psl Strength, Psi Pet. 

43,500 79,100 13.2 

38,700 64,600 15.1 

35,200 54,700 17.8 

30,300 37,700 22.4 

21,800 24,300 27.1 
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Table IV. Sbort-tlme tensi le mechanical properties of alloy Ta7Cr 

spheroidized for 10 minutes at 1100°C (Keat Treatment T-1). 

Test Temp. , Yi eld Strength, Ultimate Tensile Fracture 
°C Psi Strength, Psi Eli ongation, Pet 

22 61,300 81,700 20.7 

200 55,900 67,800 17.8 

400 54,900 62,500 14.0 

600 44,200 46,400 18.4 

700 20,500 21,900 24.4 
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Table V. Short-time tensile yield strength of Fe-Ta-Cr alloys at 
room and elevated temperatures. 

Alloy Heat 
Treatment 

Test Temperature (°C) and 0.2 Pet. Offset Yield 
StrenRth (pal) Heat 

Treatment 
22 200 400 600 700 

Ta5Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Fe-lTa 

T-l 

T-0 

T-l 

T-2 

T-3 

T-4 

T-l 

44,800 

43,500 

61,300 

64,000 

58,100 

63,900 

38,000 

35,700 

38,700 

55,900 

58,100 

34,500 

34,000 

35,200 

54,900 

53,200 

47,200 

30,000 

27,600 

30,300 

44,200 

38,800 

41,500 

41,500 

26,000 

19,000 

21,800 

20,500 

23,500 

23,200 

16,000 

Data from Jones, et al. The heat treatment was T-l except that 
the solution treating temperature was 1400°C and the aging time was 
1 hour. 
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Table VI. Short-time ultimate tensile strength of Fe-Ta-Cr alloys at 

room and elevated temperatures. 

Alloy Heat 
Treatment 

Test Temperature (°C) and Ultimate Tensile 
Strength (psl) 

Alloy Heat 
Treatment 

22 200 400 600 700 

Ta5Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

T-l 

T-0 

T-l 

T-2 

T-3 

T-4 

74,500 

79,100 

81,700 

82,900 

84,200 

81,200 

56,600 

64,600 

67,800 

68,300 

49,000 

54,700 

62,500 

60,300 

59,500 

34,700 

37,700 

46,400 

43,000 

43,700 

43,500 

19,800 

24,300 

21,900 

24,200 

23,900 
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Table VII. Fracture elongation of Fe-Ta-Cr alloys In short-time 

tensile tes ts at roon and elevated tenrperatures. 

Alloy Heat 
Treatcent 

Test Tenperature (°C) and Fracture Elongation 
(pet) Alloy Heat 

Treatcent 
22 200 400 600 700 

Ta5Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

Ta7Cr 

T-l 

T-0 

T-l 

T-2 

T--3 

T-4 

24.8 

13.2 

20.7 

24.2 

15.2 

18.8 

20.0 

15.1 

17.8 

18.1 

18.2 

17.8 

14.0 

14.7 

18.1 

29.8 

22.4 

18.4 

2i.3 

20.5 

16.3 

32.3 

27.1 

24.4 

34.7 

26.3 
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Table VIII. Short-tine tensi le nechanical properties of alloy Ta7Cr 

In the spheroidized (TreatEsnt T-1) and spheroidized and 

cold rolled (Treatment T-5) conditions. 

Test 
Tenp., 
"C 

Yield Strength, Psl 
— • - I 

Ultimate Tensile 
StrenRth, Psi 

Fracture 
Elongation. Pet. Test 

Tenp., 
"C Treatnent 

T-1 
Treatoent 

T-5 
Treatnent 

T-1 
Treatnent 

T-5 
Treatcent 

T-1 
Treatment 

T-5 

22 

200 

400 

600 

700 

61,300 

55,900 

54,900 

44,200 

20,500 

86,800 

81,600 

75,100 

50,800 

23,700 

81,700 

67,800 

62,500 

46,400 

21,900 

88,500 

81,900 

76,100 

51,200 

26,300 

20.7 

17.B 

14.0 

18.4 

24.4 

11.2 

11.1 

11.1 

11.4 

12.6 
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Table IX. S t re s s rup ture p r o p e r t i e s of a l l oy Ta7Cr spherolclized at 

1100°C for 10 a i n u t e s (Heat Treatment T -1 ) . 

Tes t Tecp . , °P S t r e s s , Pal Rupture Tine , Hra. 

900(482°C) 40,000 Did not rupture In 
1272 Hrs. 

1000(538°C) 27,000 
35,000 
38,000 
40,000 

1,181 
385 
185 
140 

42,500 3.S 

1100(593°C) 10,000 

15.0CC 
20,000 
25,000 
29,000 
30,500 

Did not rupture ln 
1200 Hrs. 

1,809 
142 
27 
14 
1.3 

1200(649°C) 11,000 119 
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Table X. The 1000 hour r u p t u r e s t r e s s a t 1100°F(593°C) for a l loy 

Ta7Cr and conmercial s t e e l s . 

1000 Hour Rupture 
Alloy S t r e s s , Ps l 

Ta7Cr 16,000 

0.3C-lCr-lKo-0.25V S t e e l 36,900 

0.15C-9Cr-lMo S t e e l 14,100 

0.15C-7Cr-0.5Mo S t e e l 13,300 

403 and 410 S t a i n l e s s 14,300 

Greek Ascoloy 27,500 

422 S t a i n l e s s 33,800 
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Table XI. Steady state creep rates of alloy Ta7Cr spheroidized at 

1100°C for 10 minuter (Heat Treatment T-1). 

40, ,000 

38, ,000 

35, ,000 

30 ,500 

27 ,000 

Test Temp.,°F Stress, Psi Steady State Creep Rate, 
10~ 5 Pct/Hr 

900(482°C) 40,000 No steady state reached. 
After 1272 hrs. at stress, 
the creep rate still 
decreasing. 

1000(538°C) 40,000 28.80 
13.72 

(a) 11.80 

(b) 15.00 

8.45 

(a ) 2.84 

(b) 4 .20 

U00(593°C) 20,000 129.80 
15,000 21.20 
10,000 1.44 

1200(649°C) 11,000 791 
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-4 "•"able XII. Stress for a creep rate of 1*10 pct/hr 
at 1000°F (538°C) for alloy Ta7Cr and 
and cossaercial steels. 

Alloy Stress for Creep Rate of 
1*10~4 Pct/Hr. 

Ta7Cr 22,400 

0.3C-lCr-lKo-0.25V Steel 16,700 

0.15C-9Cr-lMo Steel 12,500 

0.15C-7Cr-0.5Mo Steel 8,800 

403 and 410 Stainless 10,000 

Greek Ascoloy 

422 Stainless 39,000 
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Table XIII. Stress for a creep rate of 1^10~ pct/hr at 1100°F(593°C) 

for alloy Ta7Cr, Ta7CrMo and commercial steels. 

Stress for Creep Rate of 
Alloy m o " 4 Pct/Hr. 

Ta7Cr 9,400 

Ta7CrMo 15,000 

0.3C-lCr-lKo-0.25 Steel 

0.15C-9Cr-lMo Steel 6,300 

0.15C-7Cr-0.5Mo Steel 4,000 

403 and 410 Stainless o.OOO 

Greek Ascoloy ± 

422 Stainless 19,000 

Creep strength very low and not quoted as It changes with time 
during the test. 



- 7 1 -

FIGUKE CATIONS 

Fig . 1 A t y p i c a l heat t r e a t i n g cycle for the t'e-Ta-Cr and Fe-Ta-Cr-Mo 

a l l o y s of the p re sen t i n v e s t i g a t i o n . 

Fig. 2 Schematic skatch of a shee t t e n s i l e specimen used for s h o r t -

t ime t e s t s a t room and e l eva t ed tempera tures . 

Fig. 3 Sketch of a creep specimen used in the p r e s e n t i n v e s t i g a t i o n . 

F ig . A Schematic diagram of the specimen and ex tc i some te r assembly for 

c reep and s t r e s s r u p t u r e t e s t s . 

F ig . 5 I r o n - r i c h po r t i on of t he equ i l ib r ium phase diagram of the Fe-Ta 

sys tem. 

F ig . 6 The v a r i a t i o n s of the room temperature microhardness of a l loy 

Ta7Cr e i t h aging time a t 700°C. The a l loy was s o l u t i o n t r ea ted 

a t 1320°C for one hour and hot water quenched p r i o r to aging. 

F ig . 7 O p t i c a l micrograph showing the mic ros t ruc tu re a l l o y Ta7Cr s o l u t i o n 

t r e a t e d a t 1320°C for one hour and aged a t 700°C for 40 minutes. 

F ig . 8 Transmiss ion e l e c t r o n micrograph of a carbon r e p l i c a showing the 

Laves phase p a r t i c l e s e x t r a c t e d from a l l oy Ta7Cr. The a l loy was 

s o l u t i o n t r e a t e d a t 1320°C f o r one hour, quenched, and aged a t 

700°C for 40 minutes p r i o r to e x t r a c t i o n of p r e c i p i t a t e . 

F ig . 9 O p t i c a l micrograph showing the micros t ruc tu re of a l l o y Ta7Cr 

sphe ro id i zed a t 1100°C for 10 minutes. (Heat Treatment T- l . ) 

F ig . 10 Transmiss ion e l e c t r o n micrograph of a carbon r e p l i c a showing the 

Laves phase p a r t i c l e s e x t r a c t e d from a l loy Ta7Cr spheroidized 

a t 1100°C for 10 minutes . (Heat Treatment T - l . ) 
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1 1 . Transmission e l e c t r o n micrograph of a t h in f o i l specimen of 

a l l o y Ta7Cr (Heat Treatment T-l) showing a uniform d i s t r i b u ­

t i o n of almost s p h e r i c a l p a r t i c l e s of the Laves phase in a 

mat r ix cha rac te r i zed by a l a t h - l i k e s u b s t r u c t u r e . 

12. Transmission e l e c t r o n micrographs of a t h i n f o i l specimen of 

a l l o y Ta7Cr (Heat Treatment T-l) under two-beam d i f f r a c t i n g 

cond i t i ons with o p e r a t i n g g-vectors of [Oi l ] in (a) and [031] 

in ( b ) . 

13. Transmission e l e c t r o n micrographs of a t h in f o i l specimen of 

a l l o y Ta7Cr (Heat Treatment T - l ) : 

(a) Bright f i e ld showing the d i s l o c a t i o n s u b s t r u c t u r e 

(b) Selected area d i f f r a c t i o n pa t t e rn obta ined from the area 

enclosed by the image of the ape r tu re i n ( a ) . Matrix 

r e f l e c t i o n s of {110} type are marked 1,2,4 and 5. 

14. Effect of t e s t t empera ture on the sho r t - t ime y i e ld s t r e n g t h , 

u l t i m a t e t e n s i l e s t r e n g t h , and f rac ture e longa t i on of a l loy 

Ta7Cr (Heat Treatment T-O). 

15 . Scanning e l e c t r o n f rac togranhs of a l loy Ta7Cr (H-iat Treatment 

T-D) t e s t ed in s h o r t - t i m e t e n s i l e t e s t s a t (a) 22°C; (b) 200°C; 

(c) 400°C, and (d) eOO'C. 

16. Scanning electron fractographs of alloy Ta7Cr tested in short-

time tensile tests at 22°C following (a) Heat Treatment T-l 

and (b) Heat Treatment T-O. 

17. Effect of test temperature on the short-time vield strength, 

ultimate tensile strength, and fracture elongation of alloy 

Ta7Cr (Heat Treatment T-l"). 
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Fig. 18. Yield strength vs. test temperature for alloy Ta7Cr heat treated 

by processes T-l, T-2, T-3 and T-4. 

Fig. 19. Yield strength vs. test temperature for spheroldized (Heat 

Treatment T-l), and spheroidized and cold worked (Heat Treatment 

T-5) alloy Ta7Cr. 

Fig. 20. Stress vs. rupture tine at test temperatures 1000DF (538°C) and 

1100°F (593°C) for alloy Ta7Cr (Heat Treatment T-l). 

Fig. 21. Stress vs. rupture time st 1000°F (538°C) for alloy Ta7Cr (Heat 

Treatment T-l). Also shown are the results reported in the 

literature (37) for 0.3C-lCr-lMo-0.25V steel, 0.15C-9Cr-lMo 

steel, AISI types 403, 410 and 422 stainless steels, and 

Greek Ascoloy. 

Fig. 22. Stress vs. rupture time at 1100°F (593°C) for the alloys 

mentioned in Fig. 21. 

Fig. 23. Stress vs. steady state creep rate of alloy Ta7Cr (Heat Treatment 

T-l), at test temperatures indicated. 

Fig. 24. Transmission electron micrograph of a thin foil specimen of alloy 

Ta7Cr (Heat Treatment T-l) tested in creep at 1100°F (593°C) 

and 15,000 psi, showing the precipitate distribution. 

Fig. 25. Transmission electron micrographs of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1100°F 

(593°C) and 15,000 psi: 

(a) Bright field image. 

(b) Selected area diffraction pattern obtained from the area 

enclosed by the image of the aperture in (a). Reflections 

A, B and C are from the laves phase precipitate. 

Matrix reflection (110)M is marked. 
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(c) Dark field image of the reflection B showing reversal of 

contrast at precipitate particles. 

Fig. 26. Plot of strain vs. time at 1100°F (593°C) and 15,000 psi for 

alloy Ta7Cr (Heat Treatment T-l) . 

Fig. 27. Transmission electron micrographs of thin foil specimens of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1M0°F 

(593°C) and 15,000 psi. A well developed subgrain structure 

was observed with lo'/ dislocation density in the grain 

interiors. Pinning of subgrain boundaries and dislocations 

by precipitate particles was evident. 

Fig. 28. Bright field transmission electron micrograph of a thin foil 

specimen of alloy Ta7Cr (Heat Treatment T-l), tested in creep 

at 1100°F (593°C) and 15,000 psi. The g-vector for the two-

beam condition was [211] as indicated. Dislocation pinning 

by both small and large Laves phase particles was noted. 

Fig. 29. Bright field image of the area in Fig. 28 for a two-beam 

condition with g = [112] as indicated. 

Fig. 30. Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1100°F 

(593°C) and 15,000 psi, showing dislocations pinned by fine 

and coarse precipitate particles. 

Fig. 31. Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1100°F 

(593°C) and 15,000 psi, showing a dislocation pile-up at A. 
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32 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1100°F 

(593°C) and 15,000 psi, showing dislocation jogs at A, B and 

C. 

33 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1200°F 

(649°C) and 11,000 psi: 

(a) Bright field image for a two-beam case with § = [211]. 

(b) Selected area diffraction pattern obtained from the 

area enclosed by the image of the aperture in (a). 

Matrix reflection (211)„ is marked. n 

34 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1200°F 

(649°C) and 11,000 psi, showing dislocation pile-ups at A, B 

and C. 

35 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1200°F 

(649°C) and 11,000 psi, showing pinning of dislocations by 

precipitate particles near A. 

36 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1200°F 

(649°C) and 11,000 psi, showing pinning of subgrain boundaries 

by precipitate particles. 

37 Transmission electron micrograph of a thin foil specimen of 

alloy Ta7Cr (Heat Treatment T-l), tested in creep at 1200°F 

(649°C) and 11,000 psi, showing evidence of deformation at 

boundaries pinned by precipitate particles (at A, B and C). 
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38 Transmission electron micrographs of thin foil specimens of 

alloy Ta7Cr: 

(a) After hejt treatment T-l 

(b) After testing* to rupture at 1100°F(593°C) and 15,000 psl 

(c) After testinE to rupture at 1200°F(fi4()°C) and 11,000 psi 

39 Stress vs. rupture tine at 1100°F (593°C) for alloy Ta7CrHo, 

spheroidized by 3 cycles of a - y •+ a transformation 

following solution treating and aging. Also shown are the 

experimental results for alloy Ta7Cr, and the results re­

ported in the literature (37) for 0. 3C-lCr-lMo~0. 25V 

steel, 0.15C-9Cr-lMo steel, AISI rvpes 403, 410, and 

422 stainless steels and Greek Ascoloy. 

40 Stress vs. steady state creep rate at 1100°F (593°C) for alloy 

Ta7CrKo, spheroidized by 3 cycles of a -» y - a transformation 

following solution treating and aging. Also shown are the 

experimental results on alloy Ta7Cr. 

41 Scanning electron fractographs of a specimen of alloy Ta7Cr 

(Heat Treatment T-l) tested to rupture at 1000°F (538°C) and 

42,500 psi. 

42 Scanning electron fractographs of specimens of alloy Ta7Cr 

(Heat Treatment T-l) tested to rupture at 1000°F (5!S°C) and 

several indicated stresses: 

(a) 42,500 psi (rupture time = 3.5 hrs) 

(b) 40,000 psi (rupture time = 140 hrs) 

(c) 38,000 psi (rupture time = 185 hrs) 

(d) 27,000 psi (rupture time = 1181 hrs) 
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43. Scanning e lectron fractographa of a soeclnen of a l loy Ta7Cr 

(Heat Treatment T-l ) t e s ted to rupture at 1100°F (593°C) and 

15,000 p s l . P.upture t i e s = 1809 hrs . 

44 . Optical micrographs of a longitudinal s e c t i o n of a specimen 

of a l loy Ta7Cr (Heat Treataent T-l) tes ted to rupture at 

1100°F (593°C) and 15,000 p s i . Intergranular voids are 

Indicated by arrows. 

45. Optical Dlcrograph of a longitudinal s e c t i o n of a specimen of 

a l l o y Ta7Cr (Heat Treatment T-l) tested to rupture at 1200°F 

(649°C) and 11,000 p s i . Intergranular voids are indicated 

oy arrovs. 

46. Scanning electron fractographs of a specimen of alloy Ta7Cr 

(Heat Treatment T-l) tested to rupture at 1200°F (649°C) and 

11,000 psi. The rupture tine was 119 hrs. Arrows indicate 

cracks at grain triple points. 
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