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ABSTRACT

A Laves phase of iron and tantalun was utilized to obtain good
roon <nd elevated temperature properties in iron based, non-carbon-
containing, body centered cubic alloys containing 1 at. pct. Ta and up
to 7 at. pct. Cr. The room texmperature embrittlement resulting from
the heterogeneocus precipitation of the Laves phase at grain boundaries
and other preferred gites was overcome by the use of an allotropic
phase change to spheroidize the precipitate. Tha microstructure of
spherdidized Fe-Ta-Cr alloys was characterized by a unifornm distribution
of almost spherical particles of the Laves phase in a matrix wita
irregular grain boundarfes. The dislocation substructure of spheroidized
Pe~Ta~Cr alloys consisted of subgrains and tangled networks. A high
density of dislocations, which were not in all cases pinned by
precipitate particles, was pregent in the alloys. Short-~tire yield
end ultimate tensile ctrengths of Fe-Ta—Cr alloys decreased very slowly
with increase ir test tecperature upto 600°C, but showed a considerable
drop at higher terparatures. Short-time tensile properties were not
very seusitive to changes in heat treating procedure. Results of

constant load creep and etress rupture tests conducted at several
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temperatures and stress:8 Indicated that the rupture and vreep streneths
of sphernidized alloy Te7Cr (1 at. prt. Ta, 7 at. oct. Cr) were higher
than thoge ot several cormercial ferritic sceels containing dispersions
of chromiun .and/or wolybdenum carbides, but lower than those of ferritic
steels containing significant amounts of refractory metals such as
tungsten and vanadium. Trausoission electron microscope studies of the
gubgtructure of crept specimens indicated that partial recoverv of the
original substructure and additional precipitation of the Laves phase
occurred during creep at 1100°F (593°C) and 1200°F (649°C). The
subgtructure was characterized by well developed subgraing, a low
dislocation density, }ogged dislocations, dislocation plle-ups at
precipitate particles, and considerable pinning of subgrain boundarfes
and dislocations by the precipitate particles that were originallv
pregent, and the particles that precipitsted homogeneously during

creep. Structural observations, ceasured apparent activarion energy

for creep, and estimated stress gsensitivity of steady state creep rates
suggested that creep of alloy TalCr was a multistep process with rwo

or wore independent mechanisms in parallel. Fracture surface observations
of specimens tected at severazl comstant loads and temperatures indicated
that frecture was initiated by void formaticn and growth around
precipitate particles. At 1Z00’F (649°C) void formation and growth
occurred preferentizlly around particles at graim boundaries resulting
in intergranular initiation of cracks. The information gained from the
investigations on Fe-Ta-Cr alloys was supplemented by information

avallable in the literature tc develop a Fe-Ta-Cr-Mo alloy. The
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rupture and creep strengths of alloy Ta7CrMo with 1 at. pct. Ta,
7 at. pct. Cr, ani 0.5 at. pct. Mo were considerably higher than

the rupture and creep strengths of alloy Ta7Cr.
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I. TINTRODUCTION

In recent years, a steady upward trend in the temperature of
operation of equipment in petroleum refineries, power generation
equipment, aircraft engine components, and similar applications has
called for th: development of heat-resistant alloys that can withstand
ever increasing temperatures. In the pagt, the development of such
materials has been an empirical process based on trial-and-error, and
inveolving the making and testing of hundreds of alley compositions.
This approach 1s no longer feasible because the complexity of material
requirements in modern technology make the approach tco uneconomical
and rime-consuming to be practicable. Therefore, an allov design
approach is nzeded that involves an applicaticn of the basic principles
of materials science, maximm uge of information available in the
literature, and minimum cost of material preparation and testing.

Most commercially available creep resistant materials derive
their strength from a uniform dispersion of a second phase which
hinders the movement of dislocations. In addition, particzles of the
disperged rhase retard recovery, probably by anchoring the tangl
networks of dislecations which are either originally present, or &
produced as a result of creep deformation. Im creep resistant ferritic
steels, the dispersion alwmost invariably consists of one or more tvpes
of carbides, whereas in high nickel content superallovs, a large volume
fraction of the dispersad phase 1s an intermetallic compound, such
es Nia(Al,Ti). The particle size, morpuclogy, distribution and

volume fraction of the second phase, the degree of {rs coh. . ency with



the matrix, and the mechanical properties of the matrix all affect the
creep resistance of dispersion strengthened alloys. The thermal
stabllity of the second phase, and of matrix structure are additignal
factors that have a significant influence on elevated temperature
creep resistance.l

The composition, morphology and crystal structure of carbides
tend to change slowly at elevated temperatures and this often results
in an increase in creep rate. One example of this i3 found in the case
of 0.1C-1Cr-0.5Mo steel. The commonly used heat treatment for this
ateel results in a dispersion of H1C type carbide. On long time
exposure to an elevated temperature, the carbides PHCa and M02C develop
gradually with the eventual formation of HEC which causes z considerable
decrease in creep rESistance.z

Another problem that 1s frequently encountered in elevated
temperature steels arises from the need to design for oxidation
resistance. Chromiumr additions are usually employed for this purpose.
In steels, Increasing chromium additions favor the formation of carbides
MyC3 and M23C6.3 Neither of these carbides imparts appreciable
strengthening at elevated temperatures.3_5 In addirion, the carbide
M;Cq has a high coarsening rate which further reduces creep
resisl:z-mce.s_5 Colbeck and Rait3 found a continuous decrease in the
creep strength of chromiumvanadium steels as the chromium content
was increased from 1 to 8 pct. On the other hand, worthwhile
improvements in oxidation resistance at 600°C are not obtained in

4
ferritic steels until about 7 pct.chroemiuw: is present.4’5 Such alloys,




therefore, have inherently low creep strength due to the presence of
the carbide H7C3. Other attendant problems in ferritic steels are
graphitization and temper embrittlement. It is apparent from the
above discussion that the several problems that are encountered in
the use of ferritic steels for elevated temperature applications are
caused by the presence of carbides. Therefore, it would be desirable
to eliminate carbides from these steels and devise alternative means
of enhancing elevated tempersture creep strength. The use of
intermetallic compounds is an <bvious possibility since several of
these compounds are very stable as 1ndicated by their high melting
points, and are known for their strengthening effects in iron when
present as diepersions.6

The concept of using intermetallic compounds, rather than carbides,
for enhancing elevated temperature strepgth is decades old, but progress
towards a realization of this concept has been slow. The status of
such work was summarized recently by Decker in his paper on nickel-base
superalloys.7 The compound Nia(Al,Ti) plays an important s‘rengthening
role in these azlloys, but carbon in amounts ranging from 0.05 to 0.15 pct.
is considered to be essential for high temperature strength. Experiments
in which carbon was reduced to very low levels in superalloys resulted
in "...sharply reduced creep 1ife and ductility...."7 This was a
rather surprising conclusion since it is known that the carbides that
ferm in superalloys very fregquently nucleate at grain boundaries.7

In general, intermetallic compounds are more resistant to <rowth
than carbides because their growth requires diffusion of substitutional

alloying etoms through the matrix whereas carbides can undergo changes



in size, composition and wmorphology by the interstial diffusion of
carbon, in addition to the diffusion of carbide forming alloying
elements. A primary difficulty in the elimination of carbides and the
use of intermetallic compounds has been the tendency of the latter to
precipitate heterogeneously at grain boundaries and other preferred
sites, which leads to severe room temperature embrittlement. The
effect of intermetallic cowmpounds such as the sigma phase have been
reported by Decker and Floteen,6 Decker7 and Mihalisin, et al.a There
was general agreement that the presence of sigma phase lowered both
stresg-Tupture strength and room temperature ductility. Decker7 also
sumarized the status of knowledge about the effects of the Laves phase
in superalloys. He concluged that in general, when the Laves phase
18 present in significant amounts, it ".... can degrade room temperature
ductility with little effect on creep properties.” A similar conclusion
has been made on the effect of the Laves phase in ferritic alloys.9
The results from the present imvestigation showed, however, that with
microstructural control, satisfactory values of room temperature
strength and ductility, as well as good creep and rupture strength,
could be attained in very low carbon iron alloys strengthened with
the Laves phase FezTa. Some of these results were reported in an
earlier paper.10

Recently it was demonstrated by Jones, et al.ll that the brittle-
ness due to the presence of a continuous graln boundary network of the

Laves phase Fe,Ta in binary Fe-Ta alloys was overcome by the use of

2

a simple heat treatment leading to spherolaization of the precipitate

phase at the grain boundaries and within the gralns., Spheroidization



of the Laves phase resulted in considerable enhancement of room tempera-
ture ductilicy and elevated temperature strength of Fe-Ta alloys. Sub-
sequent investigations of Fe-Ta alloys containing various amounts of
chromium indicated that the phase transformations and structural features
of Fe-Ta-Cr alloys were simllar to those aof binary Fe-Ta dll())’ﬁ.lz

One cbjective of the present investigation was to develop elevated
temperature alloys using a dispersion of the Laves phase in a non-
carbon-containing body centered cubic iron matrix. An understanding and
application of basic principles of marerials science and the usv ol

large emounts of information available in the lirerature were i(nstru-

mental in the development of Fe-Ta-Cr alloys of the present invesrieation.

The phase transformations that occurred in the alloys, and the resulting
microstructures were studied. A second ohiective was to examine
the relation between mechanical properties and structure. Short time
tensile mechanical properties and long time creep and stress rupture
tests were conducted on the alloys in which microstructural features
were varied by changes in the heat treating procedure. The wmechanical
properties were compared with those of several commercially available
steels.

An examination of substructure and precipitate distribution of
the alloys before and after creep tests, the determination of apparent
activation energy for creep and an estimarion of the stress sensitivity
of steady state creep rates were carried cut in crder to invascigate
the mechanism of creep in dispersion-hardened ferritic alloys. Fracture
surface morphology was examined after specimens were tested in short

time tensicn and in creep. The large amownt of information ocbtained



on the behavior of alloys of the present investigation {s believed to
be beneficial for the development of other {ron alloys using intermetallic
compounds, rather than carbides, for attaining elevated tecperature

strength.



I1, EXPERIMENTAL PROCEDURE

A. Alloy Preparation and Processing

The alloys in the present investigation were prepared using high
purity raw materialsa. The iron used was Glidden A-104 electrolyric
iron with a purity of 99.94 pct. Electrolytically deposited chromium
wvith a purity of 99.95 pct. was used. Tantalum and molybdenum rods of
99.9 pet. initial purity were given three pass zone ref?.iing treatments
prior to use. Heats of approxzimately 20 lbs were Induction melted in
an argon atmosphere, cast in heavy copper molds and subsequently
annealed in vacuum for 3 days at 1100°C. The chemical compositions of
the alloys are listed im Table I.

The ingots were forged at 1100°C into plates 3 in. by 9/16 in.
cross Ssection. Creep specimen blanks 9/16 in. by 9/16 in. in cross
section and 3 5/8 in. long were cut out of these plates. For tensile
specimen blanks the 9/16 in. thick plates were further reduced by
rolling at 1000°C to a thickness of 7/32 in., and blanks 7/32 in. by

5/8 in. in cross section and 2 7/8 in. long were cut out.

B. Heat Treatment

Specimen blanks were surface ground to recove the oxide layer and en-

capsulated in quartz tubes which were previously evacuated and backfilled
with argon. The heat treating procedure consisted of one hour sulution
treatment followed by hot water quenching, aging followed by air cooling

and spheroidizing followed by air cooling. The complete heat treating
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procedurs is schematicallv sketehed (o Fip. 1 for alleys TaSCr and

TaiCr. The allov Ta7CrMe was

in the same manner except

for the difference that the sclutlon (reat

-

ng temperature was 1350°(,

x

A melren bath st TO0T

or aglng the specimen hlanks.
Protective stainless stee, bhags wwere used to enclose the blanks during
the spheroidizing treatnest.

Investigations of structure and mechanical propertievs were varrfed
aut for several varlations in the hear treating procedure shown in
Fig. .. The variations consisted of changes in the time and temperature
of the spheroidlizing treatment, and also the addition of cold working
treatments before aging and arter spheroidizing. The several different

heat rreatments are descriked in Table TI1.

Sheet tensile specimens of one inch gape length, a thickness of
0.2 in., and a test gection width of 0.125 in. vere ground from the
heat treated specimen hlanks. A sketcih of the specimen is shown in
Fig. 2. The specirmens were loaded through aligning pins in the wide
ends of the specimens. Tensile tesrs at temperatures from 22°C to
700°C were carried out using an Instron. The strain rate emploved was
0.04 per minure. For the elevated temperature tests, the Instron was
outfitted with & contreolled atmesphere -hapher surrounded by a three-
zone resistance furnace. Power inputs to the three zones were independ-
ently controlled. Speclmen temperature was measured by three thermo-

couples atrached to the gpecimen, one at each end of the rage secrion and

el

one in the middle of the gage length. A temperature gradient of less than
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2°C was attained along Lhe specimen gage section bv proper control of
the currents in the three zones. *11 elevated temperature rests were
carried out {in an argon atmosphere. The total elongarion was measured
between two fine scratch warks, one at esch end of the gage length.
The yield strength was obcained by the 0.2% offset method. Prior to
loading, the specimens were held at the test temperature for one hour

to insure unifarmity of temperature in the gape section.

D. Creep and Stress Rupture Testing

Constant load creep and stress rupture tests were carried out on
round epeclrens with threaded ends and a gage section diameter of
9.25 in. A sketch of the specimen 1s shown in Fip. 3. A& 0.357 in.
alameter shoulder was provided tetween each eud of the gage section
and the threaded pgrip portion. A pair of diametrically opposite
1/16 in. deep drills on each shoulder facilitated the use of an
extengometer. The extensomtter was fitted with dial gages graduvated
in 10_4 in. for measurement of extension. The specimen and extensom-
eter asgsewbly is shown in Fig. 4. The assembly formed a part of the
specimen train in the SATEC Model M-3 creep tester fitted with a
Model F6-1 furnmace and a reactor-type current proportioning svstem for
temperature control. The load was applied by means of a lever arm with
a 16:1 ratio. & mercury switch facilitated automatic leveling cof the
lever arm so that an axial load with wminimum eccentricity was maintained
during the euntire test. Specimen temperature was measured by two

thermocouples, one attached to each end of the specimen gage section.

The temperature gradient along the gape section was less than 3°C.
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Prior to loading, speclzens were scaket for one hour at the test
tepparature. C(reep strains, cupture times and steasdy state creep

rates were determined from each rest.

E. Structural Analysis

Specicens for oprical metallography were preparcd by mechanical
grinding and polishing foliowed by chemical etching. The etching
golution used wes Kalling's Reagent containing 5 gm- of CuCl,,

100 ml of HC1l, 100 ml.of ethw! alcohol and 1NN ml. of water.
Specimens for X-ray analysls were prepared by mechanical grinding
followed by chemical polishing to remove the deformed layer resulting
from mechanical grinding. A solution containing a l:1 mixture of
B3P0_,‘ and 3202 and & few drops of HF was used for chemical polisiicg.
The speclmens ware examined in 2 Norelco X-ray diffractometer using

CuKu radiation and a crystal monochromator to reduce the rluorescent

radiation.

F. Micronardness Measurepents

Measurerents of Vickers microhardness were made on metallographically
polished and etched specimens using @ diamond pyramid indentor and a
load of 2 kg. At least five measurerents were made on cach specimen

and an average was taken,

G. Transmissicn Electron Microscuopy

Thin foils for transmisesicn electron microscopy were prepared by
the twin jet electropolishing techaique using a solution centaining 20 ner.

perchloric acld and BOnct. ac=tic acld. Prior to elecrtropeiishine,
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0.020 in. thick slices of the material were chemicallv thinned to

0.003 1n. in a solution containlng A put. hvdrofluoric acid and 94 pet.
hydrogen peroxide. Si{emens-I and Hitachi HU-125 microscopes, operated
at 100 kV, were used for examination of thin foils.

Precipitate distributions were studied also by transmission electron
microscopy of carbon replicas. Specimens for replication were
cetallographically polished, etched and cleaned with extreme precautions
to Insure s clean ind scratch-free surface with mini{mum deformation.
Carbon was depcsited in a vacuum evaporator, a grid was scribed in the
carbon layer and replicas were extracted by chemically dissolving the
base metal. A soluti-n containing 19 pct. HC1 in ethyl alcohol was used
for extraction. The replicas were rinsed in three stages, first in
ethyl alcohol, then in a 1:1 mixture of ethyl alcohol and water, and
finally, in water. They were picked up on 200-mesh copper grids and

dried before examination in the electron microscope.

H. Scanning Electron Microscopy

Practure surfaces of short-tire tensile specimens and of creep
specirens were examined in the JEOLCO JSM-U3 scanning electron microscope
operated at 25 kV. Fracture studies in the scanning electron microscope
were supplermented by optizal metallopraphy of lonzitudinal sections of
test specimens near and away from the fractured ends. The longitudinal
sections were taken close to the specimen axis and were ground,

polished and etched for metallographic examination.



IIT. ALLOY DEVELOPMENT
A. The Fe-Tuy System
The fron-rich portiun of the& Fe~Ta binary phase diagram, which

has been accurately determined by Sinha and Hume—Rotherylj is shown
in Fig. 5. On the fron-rich side, there are three solid solutions
of tantalum in iro:, namely, the low temperature body centered cubic
solid solution %, the Intermediate temperature face centered cubic
solid solurion 7, and the high remperature body centered cubic solid
solution &. The maximum solid solubility of tantalum in irun uccurs
in the 6 phase field, and is 2.8 at.pct. at l440(-2)°C. The * phasc

decorposes eutectoidally at 1239(z3)°C by the reaction,
6(l.1 at.pct. Ta) = Y(0.5 at.pct. Ta) + Fe,Ta

The Y phase reacts peritectoidally with Fe Ta atr 972(*3)°C by the

2

reaction,
Y(0.3 at.pct. Ta) + FeZTa - (0.6 at.pct. Ta)

The solubility of tantalum in & iron decreases with a decrease
in temperature from 97Z°C but the solvus curve has not been determined.

The compound Fe,Ta is a Laves phase with the hexagonal MgZn,(Cl4) type

crystal structurelA and a melring point of 1775°C.15 Hansenl5 showed

2

a stoichiometric composition for the Fe-Ta j.aves nhase, bhut sugegested _nat
it may exist in a range of homogeneity somewhat similar to the Laves
phase in the Fe-Nb system.lﬁ On cthe basis of his theoretical analysis

of phase stability, Brewetl7 predicted that the Laves phase in the

Fe-Ta system should be stzble over a composition range of 213 to 35 at.pct. Ta.
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Lattice parameter data of .Ionesl8 and Jones, et al.19 on the compaound
in equilibrium with the a s0lid solution indicated that the interplanar

spacings of the compound were approximately the same as thaose of Fe,Ta

773
Based on the results of X-ray and electron diffraction, Jones, et al.19
concluded that the Laves phase in the Fe-Ta system wag stable over a

range of compositionms.

B. Precipitation of the Laves Phase in Fe-Ta Alloys

The phase diagram of the Fe-Ta system indicates that if a super-
saturated solid solution can be obtained by quenching an elevated
temperature solid solution, then it should be possible to attain
precipitation hardening by subsequently aging the supersaturated solid
solution.

The results of extensive imvestigations of the precipitation of
the Laves phase in Fe-Ta alloys with tantalum contents ranging from
0.5 to 2.5 at. pct. were reported hy Jones18 and Jones, et al.19 The
alloys were solution treated at 1400°C for 1 hour and water quenched
prior to aging at 600°C, 700°C and 800°C for several time intervals.

The varlation of hardness with aging time was characteristic of
precipitation hardening. As the aging time was increased, hardness

first increased, reached a peak, and then decreased. Peak hardnesses
were obmerved at decreasing aging times with increasing aging temperature.
Precipitation occurred in a heterogeneous fashion. An almost conrtinuous
grain boundary network of precipitate was observed in the solution
treated condition. Precipitation occurred in the grains during aging.

The grain boundary precipitate network was not significantly affected

by the aging treatment. The aged alloys were extremely brittle
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due ta the large grain size and the grain boundary precipitate netwerk.
The room temperature tensile elongation of allovs with 1 and 2 at.pct.

Ta was virtually negligible and the fracture surfaces of tensile specimens

showed features characteristic of transgranular cleavage initiared by

cracks in the grain boundary precipltate netuork.19

C. Enhancement of Ductility in Fe-Ta Alloys

The grain boundary precipitation of the Laves phase in Fe-Ta alloys
was spheroidized using an allotropic phase change.11 When the aged
alloys were heated in the (y + FezTa) phase field, % solid solution
transformed to v and the PezTa precipitate at grain boundaries and
within the grains spheriodized. In iron alloys containing 1 at.pct. Ta,
hot stage experiments in the scanning electron microscope shawed that
heat treating for 10 minutes in the (v + FeZTa) phase field resulted in a
gtructure with a uniform dispersion of FeZTa particles, and the grain
bouadaries of the prior & structure were no longer readily noticeable.
On cooling back to room temperature, ¥ transformed to o by a trans-
formation balieved to be similar to the massive transformation observed
in geveral iron alloys.zo The microstructure consisted of 2 uniform
dispersion of about 3 vol.pct. of almost spherical particles of FezTa
in a matrix of the o solid solution with irregular grain boundaries.

The spheroldizing treatment considerahly enhanced the ductilitv of
Fe-Ta glloys (as exhibited tv an inccease in room temperature tensile
elongaticn and the chanee in fracture surface morphology from
cleavage to dimpled rupture). A room temperature yield strength

of 40,800 psi and a fracture elongation of 30 pct. were observed

for the Fe-l at.pct. Ta alloys spheroidized for 10 min.at 1100°C
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following one hour aging at 700°C. Elevated temperature rensile

tests indicated that a large fraction of the room temperature yield
strength was rerained upto a test temperature of abour 600°C. Further
increase in test temperature resulted in a sharp decrease in yvield

strength.

D. Development of Fe-Ta-Cr Alloys

Two major limitations of Fe-Ta alloys with respect to their
possible practical utilization for elevated temperature applications
were: 1) the high phase transformation temperatures that necessitated
high temperature heat treatments, and 2) inadequate oxidation
resistance. Preliminary investigations indicated that at 7N0°C in an
oxidizing atmosphere, the weight gain of the Fe-1Ta alloy was about
30 pct. of that of pure itou.22 The addition of the element chromium
was expected to minimize both the above limitations.

An examination of the bilmary Fe~Cr phase diagtam23 indicated
that increasing chromium additlons to iron continuously lowered the
¥+§ phase transformation temperatures. The oy transformation tempera-
ture, on the other hand, was lowered by chromium additions up to about
7 pct., but was raised by further additions of chromium. It seemed
reasonable to expect that qualitatively, a similar trend would be observed
on additica of chromium to Fe-Ta alloys, though the magnitudes of the
changes in phase transformation temperatures, and the amounts of
chromium additions needed to achieve those changes might be difrerent

in the binary Fe-Cr and the ternary Fe-Ta-Cr alloys.
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The enhancement of oxidation resistance resulting from chromium
additions to iron is a well known phenomenon. Studies of the oxidation
behavior of Fe-Cr alloys have indicated that at 1000°C, the weight
loss due to oxldation decreases significantly with chromium additions
up to about 7 pct., then remains approximately constant till about
12 pct. Cr, and decreases apain to very low values at 18& pct. Cr.24
A similar effect of chromium additions may be expected in Fe-Ta-Cr
alloys though the magnitude of the effect may be different from that
in birary Fe-Cr alloys.

The factors discussed above led to the development of ternmarv
Fe-Ta~Cr alloys Ta5Cr (1 at.pct. Ta and 5 at.pct. Cr) and Ta’Cr
(1 at.pct. Ta and 7 at.pct. Cr). In both alloys, the tantalum content
was limited to 1 at.pct., since higher or lower tantalum contents
were expected to ralse the temperatures needed to attainm the single
phase § in the first step of the heat treating cvcle shown in Fig. 1.
Metallographic studles of specimens of Ta5Cr and Ta7Cr solution
treated for one hour at several temperatures and water quenched
indicated that a sgtructure with a single phase & and a grain boundary
envelope of the Laves phase was obtained at lower solution treating
temperatures im the ternmary Ta5Cr and Ta7Cr allovs than in the
binary Fe-1Ta alloy. A more detailed study of the tranformation
behavior of Fe-Ta-Cr alloys has been reported elsewhere.lz The present
investigation was mostly confined to the structure and elevated tempera-
ture propertles of Ta5Cr and Ta7Cr allovs and their subsequent modifica-

tions involving alloving additions of molybdenum.
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IV. RESULTS AND DISCUSSION

A. Phage Transformations and Microstructures of Fe-Ta—-Cr Allovs

As mentioned in an earlier section, increasing chromium contents
up to 7 at. pct. lowered the phase tramsformation teuwperatures in alloys
of iron containing 1 at. pct. tantalum. The temperature to attain
single phase § was lovered by 60°C with eddition of 5 at.pct. Cr to
Fe-1 at.pet. Ta alloy, and by 90°C with addition of 7 at.pct. Cr. In
subsequent investigations, one hour solution treatment at 1320°C was
employed for both Ta5Cr and Ta7Cr alloys. The solution treated samples
were quenched in hot water. The microstructures of solution treated
and quenched alloys were characterized by large grains (approximately
1 mm in average diameter) an an almost continuous grain boundary network
of precipitate. When the solution treated alloys were aged at an
elevated temperature, additiomal precipitate formed within the grains,
and there was no noticeable change in the grain boundary network of
precipitate. Microhardness measurements on samples aged for several
time intervals at 700°C showed that the hardness first increased with
increzsing aging time, reached a maximm, and ther decreased. Time to
attaln peak hardness was 40 miun for both Ta5Cr and Ta7Cr aged at 700°C.
The variation of hardness with aging time at 700°C is shown in Fig. 6
for the Ta7Cr alloy. The microstructure of the alloy im the peak
hardness condition is shown in Fig. 7.

In Fig. B is shown the transmission electron micrograph of a
carbon extraction replica from a peak aged specimen of alloy Ta7Cr.

The precipitate particles were wostly rod shaped, though some almost
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spherical particles were also observed. Relatively long lines of
precipitate particles wvere frequentlv observed. These were attributred
to preferred nucleation of precipitares on dislocations. Transmission
elect ron microscopy of thin folls of similar alloys showed that the
precipitate first formed coherently, then lost its coherency by the
formation of (100 ) tvpe dislocation loops, which, i{n turn, acted as
gites for preferred nucleation and growth of precipitates during
subgequent aging.25

X-ray diffractometer studiess made on specimens of allov TaCr,
aged for 40 hrs. at 700°C, indicated that the interplanar spacings of

the precipitate were very nearly thase of Fe7Ta The stoichiometric

3
compogition of Fe7Ta3 is within the range of compositions (25 to 35
at. pet.) predicted by Breuer17 for the Laves phase in Fe-Ta allovs.
In discuasions that follow, the precipitate in the alloys of the current
iovestigation is referred to as the Laves phase, or as FezTa, the
stoichiometric composition of which is the basis for the Laves phase.
When the aged alloys were heated to 1100°C, the matrix transformed
to the face centered cubic solid solution Y, and both the grain boundary
precipitate and the precipitate within the grains spheroidized. On
cooling from the Y phase fleld, the matrix transformed to n, with a
refinement of the graln size. The microstructure of allov Ta7Cr after
a 10 min. spheroidizing treatment at 1100°C followed bv air cooling 1s
shown in Fig. 9. The structure was characterized bv a fine distribution
of the Laves phase in a matrix of o grains with irregular boundaries.

The irregular grain boundaries resulted from the transformation of
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Y toe a during cooling from 1100°C. The transformation was believed
to be similar to the massive transformation that has been observed
in several iron-base alloys.21 In suhsequent irvestigations on
similar alloys, 1t was shown that the transformation of a ~ ¥ on
heating was time and temperature dependent, and these studies are
reported elsewhere.25

Transmission electron micrograph of a carbon extraction replica
taken from a specimen of alloy Ta7Cr spheroidized at 1100°C for 10 min.
1s shown in Fig. 10. It was evident that after the spheroidizing
treatment the precipitate particles in the alloy were almost spherical
and formed a homogeneous dist. ibution. Particle sizes ranging from
about 0.03 1 to about 0.3 u were observed.

Transmission electron micrograph of a thin foll specimen of alloy
Ta7Cr, spheroidized at 1100°C for 10 min.following solution treating
and aging (Heat Treatment T-1), is shown in Fig. 11. The alloy
exhibited a lath-like structure similar to that observed in several
low carbon or mon-carbon-contalning iron-based allovs which undergo a

masgive transformation from azustentte to ferrite.21‘26

The substructure
within the laths was characterized by a high dislocation densitv. 1In
Fig. 12(a) is shown a high magnification bright field micrograph of the
same alloy. A lath boundary is indicated by ABCDEFG. The selected

area that is outlined by the image of the aperture in Fig. 12(a)

gave two superimposed single crvstal patterns. The bright field image
was obtained after tilting the specimen to get a two-beam diffracting

condition in the lath above the boundary CD. The operating g-vector

was [011] as shown in Fig. 12(a). The dislocation substructure



consisted of tangled networks (as in the area around P) and a cell-like
structure with high density of dislocations at cell walls (at 0). Tn
Fig. 12(b) 1s shown the bright field image of the area in Fig. 12(a)
when the operating g-vector was [031}. A cell-like structure is
evident in the area R in Fig. 12(b). 1In Fig. 13(a) 1s shown a bright
field micrograph from another area of the foll which again {llustrates
the several substructural features discussed above. Dislocation
networks (at P) and the lath-like structure are clearly observed in
Fig. 13Ya). A diffractionm pattern taken from the selected area imaged
in the bright field micrograph of Fig. 13{a) is shown in Fig. 13(b).
The boundary AB in Fig. 13(a) was a high angle boundary and accordingly
the diffraction pattern consisted of two superinposed single crvstal
patterns, with reflections denoted by 1, 2 and 3 belonging to one
pattern, and 4 and 5 belonging to the other. On careful observation
the matriz spot 3 was resolved into two closely spaced matrix spots
indicating that in the cell-like substructure discussed earlier, the
cell boundaries were low angle boundaries.

An examination of Fig. 11 indicated that precipitate particles
were almost spherical and were uniformly distributed. This chservation
supported the conclusion made earlier in this section from an examina-
tion of the precipite distribution in carbon extraction replicas
(Fig. 10). As was the case in Fig. 10, precipitate particles ranging
in diameter from 0.03 u to 0.3 u were observed in PFigs. 11, 12 and 13.
It wags shown later that fracture surfaces of tensile and creep

specimens contailned particles of size as high as & u.



In short, the matrix of alloy Ta?Cr heat treated by process T-1
wag best described as counsisting of ferritic laths with a high dis-
locatisn density in the forw of tangled nerworks and subprains with
low angle boundaries. The laths themgelves were separated by high
angle boundaries in some cases and low angle houndaries in other cases.
Similar etructures have been observed by other investigators 1in other
low carbon iron alloys.26 The precipitate particles im alloy Ta7Cr
ranged in diameter from about 0.03 u to sbout & y and were uniformly
distributed. Particle-dislocation interactions were observed in some
areas where the dislocation substructure was pinned by the precipitate
particles. Examples of this can be seen iIn Figs. 12 and 13. However,

there wags a high density of unpinned dislocations.

B. Short-Time Tensile Properties of Fe-Ta-Cr Alloys
in the Aged Condition, Before Spheroidizing

The short-time yleld gstrength, ultimate tensile strength and
percent elongation at fractuve of alloy TalCr aged at 700°C for 40 min.
are listed in Table III and plotted in Fig. 14 as 2 function of test
temperature. Both the yield and ultimate strengths decreased as the
test temperature Increased. The decrease in strength was gradual up to
a test temperature of about 600°C; at this temperature the yield
strength was about 70 pct.of the room temperature value and the
ultimate tensile strength wag about 48 pct. of the room temperature
value. Both the yleld and ultimate tensile strengths decreased more
rapidly as the test temperature increased. Also associated with
the increase in test temperature was a decrease in the difference

between the ultimate tensile strengrh and the vield strength. From




these observations it was evident that the strain hardening rate
decreased with increase in test temperature. Scanning electron
fractographs of tensile aspecimens of the allov Ta7Cr, aged at 7N0°C

for 40 min., tested at various temperatures are shown in Fig. 15.

The fracture surface of the specimen tested at 22°C [Fig. 15(a)] was
characterized by flat areas, steps, and river markings which are typical
cleavage features. Fracture was apparently initiated at the grain
boundary precipitate envelope and propagated in a transgranular manner.
Fracture surfaces of specimens tested at 200°C [Fig. i5(b)], 400°C
[Pig. 15(c)] and 600°C {Fig. 15(d)] indicated increasingly ductile
behavior. and fracture was characterized by predominantly cleavage

and quasi-cleavage at 200°C, quasi-cleavage and dimpled rupture at
400°C, and predominantly dimpled rupture at 600°C. A large portion

of the dimpled rupture observed at 600°C was initiated by void
formation at precipitate-matrix interfaces (Pig. 15{(d)). Figure 15(d)
also shows dimples formed by extengive ductile tearing. Void formatiom
and ductile tearing resulted in a fracture appearance characterized

by a wide range of dimple sizes.

C. Short-Time Tensile Properties of Spheroidized Fe-Ta-Cr Alloys

The room temperature fracture behavior was changed from brittle
to ductile by the spheroidizing treatment that followed aging. The
scanning electron fractograph of the tensile specimen of alloy Ta7Cr
spheroidized at 1100°C for 10 min., and tested at 22°C is shown in
Fig. 16(a). These was evidence of a significant amount of plastic

deformation as indicated by dimpled rupture. Dimple formation was



almost entirely initiated by voild formation at precipitate-matrix inter-
faces. Typlicallv there were large dimples of sizes ranging from

10 ro 25 : separated by areas with smaller dimples of sizes 1 u

or less. Precipitate particles as large as 4 |. were observed

in the larger dimples. Void formation was initiated apparently at

these larger precipitate particles, and plastic flow resulted in the
growth of the volds to a stage when final failure resulted by failure
resulted by failure of the areas between the large voids. 1In Fig. 16(b)
ig shown the scanning electron fracteograph of the tensile sgpecimen of
the Ta7Cr alloy, aged gzt 700°C for 40 min, and tested at 22°C. The
change 1in the fracture behavior that results due to the spheroidizing
treatment 1s clearly evident from a comparison of Fig. 16(a) and (b).
The short-time tensile properties of alloy Ta7Cr spheroidized at 1100°C
for 10 min. after aging at 700°C for 40 min are listed in Table IV and
plotted in Fig. 17 as a function of test temperature. Yield and
ultimpte tensgile strengths, and fracture elongation of the spheroidized
Ta7Cr alloy were higher than those observed for the same alloy in the
aged condition. The increase in fracture elongation was attributed to
the change in precipitate morphology and distribution resulting from

the spheroidizing treatment. The higher strength levels were attributed
to a refinement of the grain slze due to the # — v + o phase change
cycle that accompanied the spheroidizing treatment (from about I mm in
the aged condition to about 200 v in the svheroidized condirion)

and the increased dislocation density in the spheroidized alloys. As

reported in an earlier section, examination of thin foills of specimens
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of alloy Ta7Cr spheroidized at 1100°C for 1% min.showed a high dislocarion

density substructure that consisted of subgrains and dislocation tangles.

D. Effect of Varlations in the Heat Treating Procedure on the
Short-Time Tensgile Properties of Fe-Ta-Cr Alloys

The mechanical properties of dispersion hardened alloys are normally
influenced by variables pertailning to the dispersion such as particle
size, interparticle spacing, nature of the distribution, and the degree
of coherency of the particles with the matrix. 1In the Fe-Ta-Cr alloys
of the present imvestigation, changes in heat treating procedure were
expected to change one or wore of the factorg listed above. The effect
of heat treating procedure on short-time tensile properties was
investigated for alloy Ta7Cr. In Table IT several heat treating
procedures are described, and thelr designations are listed. The
influence on the dispersion was expected to be different for the
geveral different heat treating procedures. As an example, other

investigator527’28

have shown that cold working prior to aging increases
the number of nucleation sites, and the precipitate dispersion attained
on subgequent aging a consists of finer and more closely spaced
particles than 1s the case without cold work. The results of short

time tensile tests at elevated temperatures are listed in Tahles V, VI
and VIY for alloy Te7Cr heat treated according to the procedures
designated as T-1, T-2, T-3 and T-4 in Table IT. Alsc shown in the
Tables V-VII are the short-time tensile properties of spheroidized

Fe-Ta alloy,ll of alloy Ta7Cr after heat trzatment T-0, and of alloy

Ta5Cr after treatment T-l. The differences in shorr-time tensile



properties resulting from the differences in heat treatments T-1, T-2,
T-3 and T-4 were small in the case of the Ta7Cr allev. In Fig. 1R, the
yield strength of alloy Ta7Cr is plotted as a function of test tempera-
ture for the heat treatments T-1, T-2, T-3 and T-4. It can be seen
from Fig. 18 that the yield strength data were within a narrow band,
the width of which continuously decreased at test temperatures above
about 500°C. At 700°C, the yield strengths were virtually the same

for the different heat treatments, and the value was the same as tnat
for the alloy tested after aging as can be noted from Table V. The
precipitate morphology and distribution in the aged alloy were con-
giderably different from those in the spheroidized alloys as stated

in an earlier section. The results discussed above indicated that

as the test temperature approached 700°C, precipitate distribution and
morphology did not have a significant influence on short-time vield
strength, and the nature of the matrix itself was more important. As

shown elsewhere25'29

creep resistance in long time tests was considerably
affected by precipitate size, distributinn and worphology, and matrix
characteristics.

The short~time yield strengrh, at 700°C, of alloys heat treated
by several different procedures suggested that in the ferritic alloys
of the present investigation, there was a need te enhance matrix
strength in such 3 manner that the enhanced strensth would he retained

at elevated temperatures. It is well known that matrix strengrh can

be altered either by changing the matrix substructure or hv alloving



additions. 1In dispersion hardened allovs with a stable precipitate
dispersion it has heen shown that precipitate particles serve tes maintain
elevated temperature strength by stahilizine the dislocation
distribution.Bo_]A The ability of a dispersion to stabilize the
dislocation substructure has been shown to depend on factors such

as the precipitate size, morphologv, distribution, volume fraction,

and stability.jz_z& It was of interest to investigate whether the

Laves phase dispersion in the Ta7Cr allov was effective in stahilizing
dislocation networks and thus in enhancing matrix strength at welevated
temperatures. The allov after spheroidizing ar 1100°C for 1M min.was
cold worked at room temperature to a 20 pct. reduction in thickness
(Treatment T-5 listed in Table TI). The room temperature vield

strength was increased by about 40 pct.by the cold working treatment.
The results of elevated temperature tensile tests on the cold worked
alloy are listed in Table VIII. Also shown are the elevated temperature
tensile properties of the same alloy before the cold working treatment.
The yield strengihs are plotted as a function of test temperature in
Fig. 19 for both the spheroidized (Heat Treatment T-1) and spheroidized
and cold worked (Heat Treatment T-5) alloys. Tt was evident that the
yield strength of the cold worked alloy was higher than that of the alloy
without cold work, but as the test temperatures was increased, the
difference in vield strength between the two decreased. At test
temperatures approaching 700°C, the zllovs nad approximatelv the same
strength. The above results suggested that the dislocation substructure

attained by the room temperatures deformation of allov Ta7Cr was nct



sufficiently stabilized by the precipitate dispersion, particularly

in short-time tests at temperatures close to or higher than /00°C.

F. Stress Rupture Properties of Alloy TalCr

Constant load gtress rupture tests were conducted at 900°F (482°C),
1000°F(538°CY, 1100°F(593°C), and 12N0°F(A49°C) on allov Ta7Cr sphe-
roidized for 10 min.at 1100°C following solution treatment at 1320°C
for one hour and aging at 700°C for 40 min (Heat Treatment T-1). The
test results are summarized Iin Table IX. ULog-log plots of stress vs.
rupture time at 1NN0°F(538°C) and 1100°F(591°C) are shown in Fipg. 20.
The relation between log stress and log rupture time was linear at
both test temperatures,

It was of interest to examine how the stress rupture properties
of alloy Ta7Cr compared with commercially available elevated temperature
ferritic steels. Commercially available ferritic steels can be
divided into three principal categories: (1) low and medium alloy
steels with low (less than 5 pct) chromium contents, (i1i) ferritic
steels with 5 to 11 pct.chromium, and (11i) ferritic and martensitic
stainless steels with chromfum contents of 12 pct. or higher.

Steels in each of the above categories have unique properties that
are to be considered in selecting the steels for specific applications
in service. All the above steels are used in the annealed, normalized,
or normalized and tempered condition in which thev consist of dispersions
of one or more carbides in a matrix with varying amounts of tempered

marténsite, ferrite and pearlite.
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Low and medium alloy steels with lov chromium conterts are used
up to about 1100°P(593°C) in applications which demand moderate
resistance tn corrosion and oxidation. A well known steel in this
group 1s the 0.3C-1Cr-1Mo-0.25V steel. In the normalized and tempered
condition this steel contains a dispersion of vanadium carbide (VACJ)

35,36 The excellent elevated

and cementite (Fe3C) in a ferritic matrix.
temperature stress rupture properties of this steel are attributed to
the presence of V4C3 which 1s very stable and resistant to grthh.35
Ingufficient oxidation and corrosion resistance, and relatively high
creep rate537 particularly at temperatures higher than 1100°F(593°C)
limit the use of this steel.

Steels with low chromium cuntents are inadequate for long time
gervice above 1100°F, where scaling becomes very severe. It is well
known that a2 marked increase 1s attained in resistance to oxidation
in air and steam when steels with higher chromoum contents are used.:”‘38
Intermediate chromium steels containing 5 to 11 pct.chromlium were
developed to meet oxidation resistance requirements up to temperatures
ag high as 1500°F(816°C). Two common steels in this group are the
0.15C-7Cr-0.5Mo steel and the 0.15C-9Cr-1Mp steel. The higher chromium
contents in these steels result in an increasing tendency to form the
chromium carbide Cr7C3 and the alloy carbide MZBCG'S Neither of these

carbideg is as effective as V4C3 in enhancineg elevated temperature

strength, and as a result, the 0.15C-7Cr-0.5Mo and 0N.15C-9Cr~1Mo steels

have lower stress rupture properties than those of the best lower



chromium steels. However, at temperatures above 11N00°F, the higher
chromium steels hzve superior oxidation resistance.

Stainless steels with chromium contents of 12 pct. and higher may
be hardenable (martensitic) or non-hardenable (ferritic). AISI types
403, 410 and 422, and freek Ascolov are some of the more commonly used
hardenghle stainless steels. Their prime characteristics are sood
resistance to attack by many corrosive media and against oxidation at
elevated temperatures. The types 403 and 410 have the highest elevated
creep strength among the straight chromium stainless steels (with no
alloying additions of nickel or refractory elements). Greek Ascoloy
and the type 422 stainless steel belong to the group of stainless steels
which are often referred to as the 12 pct.chromium superalloys. They
differ from other 12 pct.chromium steels of the AISI 400 series prin-
cipally im their refractory metal content. The 12 pct. chromium super~
alloys contain alloying additions of molybdenum, tungsten, vanadium
and other refractory metals. These steels have good elevated temperature
strength and resistance to oxidation and corrosion. The ability of
these steels to retain good creep resistance at high temperatures is
attributed mainly to the stability of the carbides that form ir them.

The stress rupture properties of alloy Ta7fr were compared with
the properties quoted in the literature37 for typical steels in the
three catepories described above. The results at 10NN°F(53R°C) and
1100°F(593°C) are shown in Fig, 21 and Fip. 22 respectively. It was
obgerved that at bot test temperatures, the stress rupture proverties

of alloy Ta’Cr were lc rer than those of 0.3C-1Cr-14o-0.25V steel, tvpe
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422 gtainiess steel and Greek Ascolov, but were higher than those
of 0.15C-9Cr~1Mo steel, 0.15C~7Cr-N.5Mo steel and tvpes 4M13 and 410
stainless steels. The 1000 hour rupture stress at 110N°F(593°C) is
listed for alloy TalCr and several other steels in Table X. From the
above rtesults 1t was apparent that the stress rupture properties of
alloy Ta?Cr were higher than those of steels of chromium contents
between 5 end 12 pct.when the dispersion present in those steels con-
gisted only of carbides of chromium and molybdenum. Rupture strength
of steels containing significant volume fractions of carbides of
elements such as vanadium and tungsten was much higher than that of
alloy Ta7Cr.

Further improvements were attained in the rupture strength of
alloy Ta7Cr by modifications in the heat treatment29 and bv alloying
ddditions of molybdenum. The influence of molybdenum additions is

discussed in a later section.

F. Creep Rates of Alloy TalCr

Steady state creep rates were determined at various stresses and
temperatures for alloy TalCr spheroldized at 1100°C for 10 min (Heat
Treatment T~-1). The results are shown in Table XI. Steadv state
creep rates at 1000°F (538°C) and 1100°F(593°C) are plotted against
strese on a log~log plot in Fig. 23. A Ilinear relationship was ohserved
at both test temperatures. At constant temperature, the relationship

between stress and creep rate was of the form

= AT
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where és is the steady state creep rate, J7 is the nominal stress, and
A and n are constants. The exponent n, often referred to as the stress
sensitivity of steady state creep rates, was Independent of test
temperature and was approximately equal to 6.5. The value of n in
the present investigation was approximately the same as that otserved
by Amin and Dorn39 for a dispersion strengthened steel.

A measure of creep strength 18 provided by the stress required
for a creep rate of 1 » 10-4 pct. per hour. The values af the stress
for a creep rate of 1 x 10-4 pct. per hour at 1000°F(538°C) and
1100°F(593°C) for alloy Ta7Cr were determined from Fig. 23 by extra-—
polation. The values of gtress for a creep rate of 1 * 10-4 pct. per
hour at 1000°F(538°C) are listed in Table XII for alloy Ta7Cr (Heat
Treatment T-1) and several commercially available ferritic steels.37’A0
It can be observed from Table XII that the creep strength of alloy
TalCr was higher than the creep strength of 0.3C-1Cr-1Mo-0.25Y,
0.15C~7Cx~0.5Mo0 and 0.15C-8Cr-1Mo steels, and types 403 and 410
stainlegs steels, but lower than that of type 422 stainless steel.
Further improvements in creep strength were attained by modifications
in the heat treating procedure29 and by alloying additions of molvbdenum

as described in a later section.

G. Structural Changes in Alloy Ta7Cr During Creep
at 1100°F(593°C)

Thin foils for electron microscopy were prepared from a specimen
of alloy Ta7Cr (Heat Treatment T-1) tested to rupture at 11A0°F(563 2)

and 15,000 psi. The rupture time was 1809 hrs. ‘roils were taken from



the specimen gage section well awav from the necked region at the
fracture surface. Transmisslon electron microscopic examination of the
foils indicated several structural changes that occurred as a result
of exposure to the creep conditions stated above. The bright field
micrograph in Fip. 24 shows a distribution of an extremely fine
precipitate in addition to the coarser precipitate distribution that
was present in the specimen before creep (Figs. 10-13). The finer
particles which precipitated on exposure to stress and temperaturv in
the creep tests were mostly of diameters lessg than 0.03 i.. Another
illustration of precipitation that occurred during creep is seen in
Fig. 25(a) which shows a micrograph of a foil tsken from another area
of the same creep specimen. TIn Fig. 25(b) 1s shown the diffraction
pattern obtained from the selected area emclosed by the image of the
aperture in Fig. 25(a). The matrix was in a two-beam diffracting
condition with a g-vector of [110]. The reflections A, B and C
corresponded to an interplanar spacing of 2.40 A which was in close
agreement with the spacing for the (1120) planes of the Laves phase
precipitate that was present in the alloy before creep testing. The
dark field micrograph of the reflection B is shown in Fig. 25(c)
wvhere several fine precipitate particles reversed contrast. These
observations and other measurements of Interplanar spacines from elec-
tron diffraction patterns showed that the compound that pre:ipitated
during creep was the same Laves phase that was orieinally present in
alloy Ta7Cr. An examination of the plot of creep strain vs.time,
shovn in Fig. 26, did not show anv discontinuities in the steady state

region. Therefore it was concluded that the precinitation occurred
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during the tertiary stage of creep. TIn other alloys, similar precipita-

tions during creep has been found to result in strengthening.Al In

alloy Ta7Cr the precipitation during creep was possibly responsible

for a prolonged life in the third stage of creep. The specimen tested

at 1100°F(593°C) and 15,0NN" psi had a total rupture like of 1809 hrs,

out of which the third stape of creep alone accounted for about 1400 hrs.

as can be noted from Fig. 26. However, it was not possible to conclude

that the precipitations during creep prolonged the third stage life by

a strengthening erfect because the depletion of solid solutions alloying

in the matrix and consequent increase in ductilitv could also lead

to a prolonged third stage life.l‘2
Examination, by transmission microscopy, of substructure of the

specimen crept at 1100°F(593°C) and 15,000 psi revealed that there was

a comsiderable decrease in dislocation density during creep. It was

obvious that the lath-like structure that was present before creep

underwvent recovery during the creep test, and a subgrain structure

developed. The boundaries of the subgrains were thinner and less

ragged as comp:red to the boundaries before creep, and were pinned

by precipitate particles. The above features are illustrated in

Fig. 27. There was evidence of several types of precipitate-dislocation

interactions. Both coarse and fine precipitate particles seemed to

play an important role in pinning the dislocation substructure. Coaise

particles were effective in pinming both individual dislecations and

subgrain boundaries, whereas fine particles effectively pinned individual

dislocations. Figure 28 shows a bright field image in a two-beam
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diffracting condition with [2I1] as the main diffracted beam. The
boundaries AB, AC and AD are low angle boundaries. The micrograph

shows several dislocation segments that are pinned by coarse precipitate
particles (as the segment PQ) and those which are pinned by fine
particles precipitated during the creep test (as the segment RS).
Sim!lar features are also noted in Fig. 29 which shows a bright field
image of the same area as in Fig. 28, but in a two-beam diffracting
condition with g = [112] as the operating reflection. More illustrationms
of dislocation pinning by coarse particles are shown in Fig. 30. In
Fig. 31 an array of plled up dislocatlons is indicated at A. Figure 32
shows dislocation segments which give the appearance of jogs (at A,

B and C). Jogged dislocations have also been observed by Wilcox and

Clauer in Ni-—ThO2 alloys subjected to elevated temperature creep.33

H. Structural Changes in Alloy Ta7Cr During
Creep at 1200°F (649°C)

Foils taken from a specimen of alloy Ta7Cr (Heat Treatment T-1)
tested at 1200°F (649°C) and 11,000 psi were examined in the electron
microscope. The rupture time under these creep conditions was 119 hrs.
The bright field image shown in Fig. 33(a, indicated that the structure
was characterized by a low dislocation density, and consisted of
subgrains with relatively regular boundaries. The boundaries were
rinned by precipitate particles. The micrograph in Fig. 33(a) was
taken after tilting the foil to get a two beam diffracting condition
with E = [211] as the operating reflection. The diffraction pattern

shown in Fig. 33(b) was obtained from the selected area indicated



~35~

by the image of an aperture in Fig. 33(a). Dislocation pile-ups

and dislocations pinrned by precipitate particles are indicated at

A and B respectively in Fig. 33(a). More examples of dislocation
pile-ups are shown in Fig. 34 at A, B and C. TIr Fig. 35 1s shown
another 1llustration of dislocation pinning by precipitate parcicles
(rear A). An illustration of pinning .f subgrain boundaries by
precipitate particles 1s shown in Fig. 36. A feature that was
characteristic of specimens crept at 120N°F (649°C), and which was
not observed in specimens crept at 11N0°F (593°C) was evidence of
deformation at boundaries that were pinned by precipitate particles.
Example of this are shown in Fig. 37 at A, B and C. This suggested
that these boundaries were tending to move away from precipitate
particles possibly by a sliding process which is also a characteristic
of elevated temperature creep in TD nicke1.31 This hypothesis was
additionally supported by the distorted region at the triple point
at D in Fipg. 37.

Another important structural feature of the specimen crept at 1200°F
(649°C) was the absence of fine precipitate particlas that were observed
in the specimen crept at 1100°F(593°C). 1In Fig. 38 are shown structures
of alloy Ta7Cr (a) after Heat Treatment T-1, hefore creep testing,

(b) after testing to rupture (1809 hrs.) at 1100°F(593°C) and 15,000 psi,
and (c) after testing to rupture (119 hrs) at 1200°F(649°C) and 11,000 psi.
A comparison of the three structures indicated differences in the
precipitate distributions. On exposure to creep conditions at 1100°F
(593°C) there was precipitation of fine particles of the Laves phase

while particles criginally present before creep were relatively unaltered.
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In the specimen exposed to creep at 1200°F (649°C) no fine particles
were observed, and the prercipitate disrribution consisted of a large
number of coarse particles. It was concluded that particles precipitared

during creep at 1200°F (649°C) coarsened at relatively high rates.

I. Mechanism of Creep in Fe-Ta-Cr Alloys

Over the last decade or two there have been several attempts to
develop qualitative and quantitative analyses of the creep hehavior
of dispersion hardened materials. It seems appropriate tn review
these theories before any conclusions are arrived at with regard to
the mechanism of creep in the Fe-Ta-Cr allays of the present investiwva-
tion.

Weettmanl'3 and Ansell and Weettman44 proposed a quantitative
analysis for creep 1n coarse trained dispersion hardened materials
basing thelr analysis on the concept that climb, either of single
dislocations or of dislocation loops, over particles of the dispersed
phase was the rate-controlling step In steady state creep. lUnder
these conditions, the activation energv for creep should he equal ro
the activation energy for self diffusion in the matrix, and creep rate
should vary with stress linearly at low stresses, he proportional to
the fourth power of stress at intermediate stresses, and vary
exponentially with stress at high stresses. These features are not
in agreement with most experimental observations. Some agreement
between predicted and ohserved stress dependence was ohserved hv
Ansell and Lenel,45 but, in general, experimentally obhserved stress
31-34,46

dependence is much higher than that predicted. In addition,
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experimentally observed acrivaticn energles for creep in dispersion
hardened materials are much higher than the activation energiles for

LT
matrix self—diffusion.31’46'~ -48

The descrepency hetween predicted
and observed activation energies in as-extruded dispersion hardened
aluminum alloys was qualitatively explained bv Ansell and Yeertwman on
the assumption that in these alloys, the rate-controlling step was
the generation of dislocations at grain boundary sources.44 Ansell
and Lenel concluded from thelr experiments on recrystallized SAP twvpe
alloys that dislocation climb was the rite-controlling step and the
descrepency between observed and predicted creep rates could be
explained 1f the density of active dislocation sources 1in the allovs
was lower than that assumed “ 1 the analysis of Ansell and \nleertu-nav::.l45
No conclueive structural obgervations were presented to show the
presence or absence of grain boundary dislocaton sources or the density
of active dislocation sources.

Wilcox and Clauer31 studied the creep behavior of thoriarted nickel
both above and below 0.5 Tm (absolute melting point). Ar temperatures
below 0.5 Tm, they observed elongated dislocation loops attached to
ThO2 particles, and sugpest- that the loops were formed by cross slip
of dislocations around T! particles leaving prismatic loops around
the particles. They concluded that the maln mechanism of creep was
cross slip of dislocations around dispersed ThO2 particles. The cross
B8lip mec.anism was able to explain the stress dependent activarion

energies that were observed. However, there was no conclusive evidence

to explain the observed stress depdndence of creep Tate at temperatures
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below 0.5 Tm, In the same alloys at temperatures above 0.5 Tm, Wilcox
and Clauer showed that the major contribution to the plastic creep
atrain was from grain boundary sliding, but with this mechanism it was
not possible to expla#n the high activation energy and the stress
sengltivity of creep rates. Rased on theilr results and those of

Takahashi, et al.l'g'50

Wilcox and Clauetlj suggested that the stress
sensitivity of creep rates was a structure dependent parameter, and
increased as the effective graln size or subgrain size decreased. This
1 ea was extended later to explain the high temperature creep behavior
of recrystallized Ni—ThO2 alloys based on a modified cliwmb mechanism.
Sidey and Wilshire46 attributed the creep resistance of the dispersion
hardened alloy Nimonic 80A primarily to the retardation of recoverv
by particles, and on this basis, qualitatively explained the observed
high activation energy for c-eep and the high stress sensitivityv of
creep rates. A similar theory has also been proposed by Lagneborg.51
Another recent attempt at explaining the high activation energy
and stress sensitivity of creep rarss in dispersion hardened materials
18 based on the existeace of a stress field arilsing from the presence
of surface tenglon forces at particle-matrix interfaces.52 The stress
field results in enhancement of creep streungth bv resisting both glide-
controlled and climb~controlled dislocation motion. The presence of
surface tension matrix strains at particle-matrix irterfaces was,
however, not conclusively shown. Moreover, the analvsis was based
on the assumption that the surface tension force was the same as the

53
surface energy. The validitv of this assumption has been questioned.
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It 1= readilv evident from the ahove review that the ohserved
structural features, activation energies for creep and stress
sensitiviries of creep rates of dispersion hardened materials are
not always in agreement with proposed creep models. In the same
material, a single model Is able to explain onlv some, but not all,
of the experimental observations. It was of interest to examine the
applicability of proposed creep models to the spheroidized allov Ta/Cr
of the present Investipai'on.

The discussion of experimental results related to the elevated
temperature deformation of alloy Ta7Cr can be broadlv divided into two
aspects--mechanical testing, and microstructural studies.

With regard to mechanical testing, it was stated in an earlier
section that log-log plots of stress vs. steady state creep rates
vielded a stress sensitivity exponent of n = 6.5, which was slightly
higher than the value n = 4 to 5 observed for most solid solutions.SA
Apparent activation energy for creep at 1000°F (538°C) was measured
by creep testing a single gpecimen according to the method that has

been used by other imvestigators in the past.ss‘s6

A constant stress
of 25,000 psl was uged and the test temperature was cvcled from about
985°F (530°C) to about 1015°F (546°C), allowing the specimen to reach

steady state at each temperature before the temperature was changed.

The apparent activation energy for creep was calculated from the

relation, ;
. 82
R fn +«--
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where EE and EsZ were steady state creep rates at absolute temperatures

1
Tl and Tan respectively and Qa was the apparent activation energv at

the temperature T , where
avg

In the current investipation, Tavg = 811°K (1N00°F). The calculated
average value of Qa was 94,650 cal/mole, which was considerably higher
than the value reported by Ishida, et al. for creep in pure iron.56
Ishida, et al. also indicated that the value they ob ained for the
activation energy for creep in pure iren was in close agreement with
the activation energy for self-diffusion in pure iron, i.e. 68,000 cal/
mole. Therefore, the apparent activation energy for creep in allov
Ta7Cr was higher than that for creep in pure iron, and for self-
diffugsion in pure iron. As stated earlier, values of apparent activa-
tion energy considerably higher than those for matrix self-diffusion
have been observed in the creep of other dispersion strengthened
materials.3l’44’47’48

The structural changes during creep, and the ohserved activation
energy and stress sensitivity of creep rate in alloy Ta7Cr appeared to
indicate that there was no single rate-controlling step during creep
at 1100°F (593°C). If dislocation climb was the onlv rate—-controlling

factor, then the apparent activation energv for creep wculd be expected

to be equal to the activation energv for self-diffusion in the matrix.
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As was stated earlier, the apparent activation energy for creep in
alloy Ta7Cr was higher than the activation energy for seli-diffusion.
This indicated that creep models based on dislocation climb as the
only rate controlling step32_35'43—45 were not applicable to alloy
Ta7Cr. The generation of dislocations at grain boundary dislocation
gources in the manner suggested by Ansell and Weertman44 was not
required for creep deformation to occur in alloy Ta7Cr since there
was a high density of mobile dislocations in the alloy before creep,
as was shown in Figs. 12 and 13. Creep models based on cross slip

of piled up dislocsti0n531’33

as the only rate-controlling process
were not applicable to alloy Ta7Cr since the activation energv for
cross glipcontrolled creep generally never exceeds the activation
energy for self-diffusion in the matrix.

The high valuec of measured apparent activation energy and stress
sensitivity exponent in additiom to the several substructural features
suggested that creep in alloy Ta7Cr imvolved two or more processes
acting in parallel. Multistep reactions in creep have been proposed
by several other inVestigators.57_60 Gilbert and Munson60 suggesred
that creep can occur by two, and possibly more, steps acting in
parallel. 1Im their investigation, the steps were: (1) Tnitial glide
of dislocations leading to pile-ups at barriers, and subsequent creep
by a mechanism based on dislocation climb at thermal ,ogs, (2) Glide
of dislocations resulting in dislocation intersecticn and jog formation,

and subsequent climb of jopged dislocations; both jog formation and

climb are ailded by temperature and stress, and (3) Climb of dislocations
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by vacancy diffusion in the matrix. They concluded that these different
steps cauld act independent of each other in parallel, and thus lead

to apparent creep activation energles higher than the activation energy
for matrix self-diffusion. The experimental results of the present
investigation suggested that creep of alloy Ta7’Cr possibly involved
parallel and independent steps similar to those proposed by Gilbert

and Hunson.60 In this alloy the Laves phase particles formed effective
barriers to dislocation glide leading to dislocation pile-ups and
substructure pinning as was discussed earlier. 1t was also probable
that at 1200°F (649°C), grain boundary deformation comtributed to

creep deformation and constituted ar. additional step in parallel.
Evidence of grain boundary deformation was presented in an earlier
section. Observations indicating intergranular nucleation of voids
leading to intergranular cracks are discussed in tte section on creep

fractures,

J. Effect of Alloying Additions of Molybdenum
on_the Creep Properties of Alloy TalCr

The study of tensile and creep properties, and the exzmination
of structural features of speclmens of alloy Ta’Cr before and after
creep testing indicated that partial recoverv of dislocation sub-~
structure occurred in the allay. This was particularly evident in
specimens exposed for a long time (1809 hrs) at 1100°F (593°C) and
for a relatively shorter time (119 hrs) at 1200°F (649°C). It was of
interest to examine 1f further alloying by solid solution stremgthenine
would enhance creep strength by retarding recovery. Molybdenum was

chosen as the alloying element for this purpose, since it is well
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kmm‘nsl-65 that molybdenum additions are very effective in attaining

s0l11) solution strengthening in elevated temperature alloys and the
strengthening so attained is retalned at elevated temperatures.

The addition of 0.5 atom pct Mo to alloy TalCr, leading to the
alloy Ta7’"rMo, caused a considerable change in the kinetics of the
a+y transformation. The transformation exhibited a unique time~
temperature dependence which is discussed in detail e15euhere.25 At
the spheroidizing temperature of 1100°C, a 10 min hold time was not
sufficient for completion of the o>y tramsformation. A treatment
conaiscing of three repeated heating and cooling cycles between room
temperature and 1100°C, however, resulted in completion of the
trassformation. During each cycle a specimen was held at 1100°C
for 15 min. before it was ailr cooled to room temperature. The creep
and stress rupture properties discussed in this section for alloy
Ta7?CrMo were for the spheroidizing treatment of three 15 mir.cycles
at 1100°C following one hour solution treating at 1350°C and one hour
aging to attain peak hardness at 700°C.

In Fig. 39 is shown the plot of stress vs rupture time at 1100°F
(593°C) for alloy Ta7CrMo. Also shown in the figure are the results
for alloy Ta7Cr and the properties quoted in the 11teraturej7 for
several commercial steels. It was evident that the alloy Ta7CrMo had
considerably higher ruprure strength than alloy Ta7Cr. The rupture

strength approachéd that of Greek Ascoloy.
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The plot of applied stress vs.steady state zreep rate of alloy
Ta7CrMo 1is shown in Fig. 40 for a test temperature of 110U°F (593°C).
Algo shown is a similar plot for alloy Ta7Cr (Heat Treatment T-1).

The higher creep strength (lower creep rates) of alloy Ta7CrMo compared
to that of alloy Ta7Cr is clearly evident. The stress for a creep

state of 1x10_4 pet/hr at 1100°F (593°C) for alloy Ta7CrMo was determined
from Fig. 40, and was 15,000 psi. This value is compared in Table XIII
with the values for alloy Ta7Cr and several commercial ferritic

steels.37’40

The comparison revealed that the creep strength of alloy

TalCr¥o was only slightly lower than that of type 422 stainless steel.
Additional improvements attained in the creep properties of allov

Ta7CrMo by modifications in the heat treating procedure are reported

elsewhere.zs’29

K. Mechanism of Practure of Alloy Ta7Cr Tested in Creep

In Pig. 41 are shown scanning electron fractographs of specimens
of alloy Ta7Cr (Heat Treatment T-1) tested at 1000°F (538°C) and a
constant stress of 42,500 psi. The rupture time at this stress was
3.5 hrs. An examination of the fractograph shown in Fig. 41(a) revealed
dimpled rupture typical of a ductile fracture mode. There were
two ranges of dimple sizes, large and small. The large dimples were
assoclated with volds around precipitate particles of diameter
approximarely 1 u to 4 u. The areas between large dimples consisted
of small dimples, a number of which were associated with voids 3—nund
small preciptate particles of less than 1 u diameter. A small dimple

formed around a small precipitate particle is indicated bv an arrow
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in Fig. 41(b). Another feature that 1s observed in Fip. 41 is evidence
of ductile rearing, which alsa resulted {in a dimpled appearance

(Fig. 41(a)). The observations suggested that fracture of the specimen
tested at 1000°F (538°C) and 42,500 psi was initiated by failure of

the precipitate-matrix interface. Interface failure resulted in the
formation of voids. When voilds occupiled a large fraction of the
specimen cross sectional area, the remaining area failed bv ductile
tearing.

As the stress was decreased at 1000°F (538°C), rupture time
increased, and this resulted in changes in the overall fracture
appearance. Scanning electron fractographs of specimens of alloy
Ta7Cr tested at 1000°F {538°C) at several indicated constant stresses
are shown in Fig. 42. The rupture times at the various stresses are
also indicated in Fig. 42. It was noted that with increase in rupture
time, the extent of ductile tearing decreased, and a larger portion
of the fracture surface exhibited large dim; es nucleated at precipitate
particles. As shoun in Fig. 42(d), the fracture surface of the specimen
of alloy Ta7Cr tested at 1000°F (538°C) and 27,000 psi to give a
rupture time of 1181 hrs copnsisted almost entirely of large (at A) and
small {at B) dimples nucleated at precipitate particles. There was
no evidence of intergranular failure in specimens of alloy Ta7Cr
(Heat Treatment T-1) tested atr 1000°F (538°C).

Scanning electron fractographs of specimens of alloy Ta’Cr
(Heat Treatment T-1) tested at several constant stresses at 1100°F

(593°C) revealed fracture features similar to those in specimens
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tested at 1000°F (538°C). 1In Fig. 43 are shown scanning electron
fractographs of the alloy tested at 1100°F (593°C) and 15,000 psi.

The rupture time for the specimen wag 1809 hrs. Large dimples formed
by void nucleation and growth around precipitate particles are clearly
seen in Fig. 43(a). Small dimples, also formed by void nucleation

and growth around precipitate particles are shown in Fig. 43(b) in

the area around A. There is no evidence of intergranular failure in
Fig. 43. However, an examination, by optical metallographv, of
longitudinal sections of the gage length of the creep specimen indicated
that void nucleation and growth did occur at grain boundaries in some
parts of the specimen. Examples of these voids are shown by arrtows in
Fig. 44(a) and (b). Apparently these voids did not play an important
role in final fracture.

A large number of intergranular voids were noted in a specimen
of alloy Ta7Cr (Heat Treatment T-1) tested to rupture at 1200°F (649°C)
and 11,000 psi. The rupture rime under rhese conditions was 119 hrs.
Figure 45 shows am optical micrograph of a lomgitudinal section of the
fractured specimen. Intergranular voids are imdicated by arrows im
Fig. 45. Scanning electron fractographs of the same specimen are
shown in Pilg. 46. Dimpled rupture caused by void nucleation and
growth around precipitate particles was evident as in the case of
specimens tested at 1000°F (538°C) and 1100°F (593°C). In addition,
there was evidence of intergranular failure caused by crack initiation

and growth at grain boundaries and triple points, as lndicated by
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arrows in Fig. 46(b) and (c). Several iuvestigators66 70 have vreported

that at high temperatures, deformation at grain boundaries and triple
points leads to voild formatiom at second phase particles and ledges
at these locations. Subsequent growth of these voilds during creep
leads to the formation of cracks. Final failure then occurs by
transgranular crack propagation.

In summary, fracture of spheroidized alloy Ta7Cr in stress rupture
tests at temperatures 1000-1200°F (538-649°C) occurred by formation
and growth of voids around particles of the Laves phase. Larger
particles appeared to play the major role in crack initiarion. Voids
formed intergranularly in long time tests at 1100°F (593°C), but
did mot cause intergranular fracture. On the other hand, extensive
intergranular vold formation at 1200°F (649°C) significantly contributed

to crack initiation and final fracture.



V. SUMMARY AND CONCLUSIONS

The strengthening effect of the Laves phase in Fe-Ta allovs wae
utilized to develop creep resistant bodv centered cubic iron allovs
containing 1 at.pct. Ta and up to 7 at,pct. Cr. Precipitation of
the Fe-Ta Laves phase led to considerable hardening of Fe-Ta-Cr allovs,
but precipitation occurred heterogeneously at grain boundaries and
other preferred sites, leading to room temperature embrittlement. The
embrittlement was overcome by using an allotropic phase transformation
to spheroidize the Laves phase precipitate at the grain boundaries
and within the grains. The structure of a spheroidized alloy TalCr,
contalning 1 at.pct. Ta and 7 at.pct. Cr, was characterized bv a
uniform distribution of almost spherical particles of the Fe-Ta Laves
phase in a body centered cubic matrix with irregular grain boundaries.
Particle diamsters of the precipitate ranged from 0.03 to 4 u.
Examination by transmission electron microscopy revealed a lath-like
substructure with irregular subgrains and tangled dislocation networks
in the laths. The dislocation substructure was pinned in a few
instances by the precipitate particles, but a high density of unpinned
dislocations was present.

Both the aged, and aged and spheroidized Fe-Ta-Cr allovs maintained
considerable fractions of thelr room temperature vield and ultimare
strengths up to a test temperature of about 600°C. At Temperatures
higher than ahout A00°C, the vield and ultimate rensile streneths
decreased sharply. Variations in the heat treating procedure, iavolviag

cold working before aging, and repeated cvcling between room temperature
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aad the spheroidizing temperature, did not cause significant changes in
short~time tensile properties of alloy Ta7Cr, particularly at test
temperatures in the neighborhood of 790°C. A substructure developed
by cold working the spheroidized Ta7Cr alloy was not effectively
retained by the alloy at temperatures higher than about 700°C.

Constant load creep and stress rupture tests were conducted on
spheroidized alloy Ta7Cr at several stresses and temperatures. The
results indicated that, in general, the rupture strength of allov
Ta7Cr was higher than that of ferritic steels containing 5 to 12 pct.
Cr and strengthened by dispersions of chromium and molybdenum carhides,
but lower than that of ferritic steels containing significant amounts
of vanadium and tungsten as solid solution strengtheners and carbide
formers. The steel 0.3C-1Cr-1Mo-0.25V had a higher rupture strength,
but lower creep strength than alloy Ta7Cr at 1000°F (538°C).

Transmission electron microscoplc examinations of the substructure
of crept specimens of allov Ta7Cr revealed dislocation pile-ups, jogs,
and a well developed subgrain structure with low dislocation deasity
within the subgrains. In long time exposures at 1100°F (593°C) and
1200°F (649°C) precipitation of the Laves phase occurred during i3,
The particles that were shserved in a specimen tested in creep at
1100°F "(592%C) were of dlameters less than about 0.03 1. Both the
coarser precipitate particles originally present, and the finer
particles precipitated during creep were found to act as pinnine points
for individual dislocations and subgrain boundaries and possihlv

played an important role in retarding the complete recoverw cf dislocation
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substructure. Specimens tested 1n creep at 120M°F (649°C) showed
evidence of grain boundary deformation.

The measured apparent activation energv for creep of alleoy Ta7Cr
was higher than the activation energy for self diffusion in lron, and
the estimated value of the stress sensitivity exponent was hipher than
the value observed for iron. These observations, and a study of the
structural cihanges during creep suggested that the creep of alloy
Ta7Cr involved two or more independent rate-controlling prucesses in
parallel,

Solid solution alloying additions of small amounts of molvbdenum
considerably improved the rupture strength and creep resistance of
alloy Ta7Cr.

Examination of the fracture surfaces of specimens tested to rupture
at several constant loads and temperatures ladicated that fracture
occurred by nucleation and growth of voids around particles of the
Laves phase precipitate, leading to ductile failure characterizec by
a dimpled frzcture appearance. Particles of diameters 1 . to 4 .
appeared to play a more predominant role in fracture initiatiom thacn
finer particles.

Examintaion, by optical microscopy, of longitudinal sections of a
creep specimen tested to rupture in 1809 hrs at 1100°F (593°C) and
15,000 psi revealed intergranular cracks, but these cracks did not
propagate to cause intergranular fracture. 4 combination of oprical
and scanning electron microscopyv showed that intergranular void

nucleation and crack formation were extensive in specimens tested
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under creep conditions at 1200°F {649°C), and final fracture resulted

due to the propagation of several intergranular cracks.
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Table I. Chemical Compositions of Alloys
Compositions
Alloy

Designation We. Pcc. At. Pct.

Ta Cr Mo Fe Ta Cr Mo Fe
Ta5Cr 3.18 4.57 - Bal 1 5 - Bal
Ta7Cr 1.18 6.40 - Bal 1 7 - Bal
Ta7CrMo 3.17 6.38 0.84 Bal 1 7 G.5 Bal
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Table II, Heat Treatments and Designations

Heat Treatment

Designation

Solution treated at 1320°C for 1 hour, and aged at
700°C for 40 minutes.

T-0

Solution treated at 1320°C for 1 hour, aged at 700°C
for 40 winutes, and sphercidized at 1100°C for
10 minutes.

Solution treated at 1320°C for 1 hour, aged at 700°C
for 40 minures, and cycled 3 times between 1100°C

and 22°C. Holding time at 1100°C was 10 minutes each
time.

Solution treated at 1320°C for 1 hour, cold rolled
to a 50 pct.reduction in thickness at 22°C, aged at
700°C for 40 minutes, and spheroidized at 1100°C for
10 minutes,

Solution treated at 1320°C for 1 hour, aged at 700°C
for 2 hours, and spheroidized at 1100°C for 10
minutes

Heat treated as for T-1, and cold rolled at 22°C to
a 20 pct. reduction in thickness.
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Table IIT. Short-time tensile mechanical properties of alloy Ta7Cr

aged for 40 minutes at 700°C (Heat Treatment T-7).

Test Temp. , Yield Strength, Ultimate Tensile Fracture Elongation,

°c Psi Strength, Psi Pct.
22 43,500 79,100 13.2
200 38,700 64,600 15.1
400 35,200 54,700 17.8
600 30,300 37,700 22.4

700 21,800 24,300 27.1
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Table IV, Short-time tensile mechanical properties of alloy Ta7Cr

spheroidized for 10 minutes at 1100°C (Peat Treatment T-1).

Test Temp., Yield Strength, Ultimate Tenaile Fracture
°C Psi Strength, Psi Elongation, Pct.
22 61,300 81,700 20.7
200 55,900 67,800 17.8
400 54,900 62,500 14.0
600 44,200 46,400 18.4

700 20,500 21,900 24.4




Table V. Short-time tensile yield stremgth of Fe~Ta-Cr alloys at
room and elevated temperatures.
Test Temperature (°C) and 0.2 Pct.0ffset Yield
Alloy Tr::i;enc Strength (psi)
22 200 400 600 700
TaSCr T-1 44,800 35,700 34,000 27,600 19,000
TalCr T-0 43,500 38,700 35,200 30,300 21,800
Ta7Cr T-1 61,300 55,900 54,900 44,200 20,500
TaJCr T-2 64,000 58,100 53,200 38,800 23,500
Ta7Cr T-3 58,100 - 47,200 41,500 23,200
Ta7Cr T-4 63,900 - - 41,500 -
Fe—lTa* -1 38,000 34,500 30,000 26,000 16,000

* 21
Data from Jones, et 3al.

The heat treatment was T-1 except that

the solution treating temperature was 1400°C and the aging time was

1 hour.
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Table VI. Short-time ultimate tensile strength of Fe~Ta-Cr alloys at

room and elevated temperatures.

Test Temperature (°C) and Ultimate Tensile
AL Heat Strength (psi)
oy Treatment

22 200 400 600 700
Ta5Cr T-1 74,500 56,600 49,000 34,700 19,800
TaCr T-0 79,100 | 64,600 | 54,700 | 37,700 | 24,300
Ta7Cr T-1 81,700 67,800 62,500 46,400 21,900
TalCx T-2 82,900 68,300 60,300 43,000 24,200
Ta7Cr T-3 84,200 - 59,500 43,700 23,900
Ta7Cr T-4 81,200 - - 43,500 -
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Table VII. Fracture elongation of Fe-Ta-Cr alloys in short-time

tensile tests at room and slevated temperatures.

Test Temperature (°C) and Fracture Elongation

Aloy Treﬂgg;nt {pet)

. 22 200 400 600 700
Ta5Cr T-1 24.8 20.0 18.2 29.8 32.3
TalCr T-0 13.2 15.1 17.8 22.4 27.1
TalCr T-1 20.7 17.8 14.0 18.4 24.4
TalCr T-2 24.2 18.1 14.7 2i.3 3.7
TalCr T--3 15.2 - 18.1 20.5 26.3
TalCr T-4 18.8 - - 16.3 -
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Table VII1. Short-tice tensile mechanical properties of alloy TalCr
in the spheroidized (Treatment T-1) and spheroidized and

cold rolled (Treatment T-5) conditioms.

—1
Test Yicld Strength, Psi Ulcimate Tensile Fracture
Tecp., Strength, Psi Elongation, Pct.
°C Treatment| Treatment| Treatuent |[Treatment {Treatment |Treatment
T-1 T~5 T-1 T-5 T-1 T=-5
22 61,300 86,800 81,700 88,500 20.7 11.2
200 55,900 81,600 67,800 81,900 17.8 11.1
400 54,900 75,100 62,500 76,100 14.0 11.1
600 44,200 50,800 46,400 51,200 18.4 11.4
700 20,500 23,700 21,900 26,300 244 12.6
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Table IX. Stress rupture properties of alloy Ta7Cr spheroldized at

1100°C for 10 minutes (Heat Treatment T-1),.

Test Tewmp., °F

Streas, Ps{

Rupture Time, Hrs.

900(482°C) 40,000 Did not rupture {n
1272 Hrs.
1000(538°C) 27,000 1,181
35,000 385
38,000 185
40,000 140
42,500 3.5
1100(593°C) 10,000 Did nmot rupture in
1200 Hrs.
15,040 1,805
20,000 142
25,000 27
29,000 14
30,500 1.3
1200(649°C) 11,000 119
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Table X. The 1000 hour rupture stress at 1100°F(593°C) for alloy

Ta7Cr and cormercilal steels,

1000 Hour Rupture

Alloy Stress, Psi

TalCr 16,000
0.3C-1Cr-1Mo-0.25V Steel 36,900
0.15C-9Cr-1Mo Steel 14,100
0.15C~7Cr-0.5Mo0 Steel 13,300
403 and 410 Stainless 14,300
Greek Ascoloy 27,500

422 Stainless 33,800
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Table XI. Steady state creep rates of alloy Ta7Cr spheroidized at

1100°C for 10 minutes (Heat Treatment T-1).

Test Temp.,°F Stress, Psi Steady Stgte Creep Rate,
10" Pct/Hr
900(482°C) 40,000 Ko steady state reached.

Afrer 1272 hrs. at stress,
the creep rate still

decreasing.

1000(538°C) 40,000 28.80
38,000 13.72

35,000 (a) 11.80

(b) 15.00

30,500 8.45

27,000 (a) 2.864

(b) 4.20

1100(593°C) 20,000 129.80
15,600 21.20

10,000 1.44

1200(649°C) 11,000 791
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Table XII. Stress for a creep rate of 1*10—4 pct/hr
at 1000°F (538°C) for alloy Ta?Cr and
and commercial steels.

Alloy

Stress for Creep Rate of
1%10~% Pct/Hr.

Ta7Cr

0.3C~1Cr-1¥o-0.25V Steel
0.15C-9Cr~1Mo Steel
0.15C-7Cr~-0,5M0 Steel
403 and 410 Stainless
Greek Ascoloy

422 Stainless

22,400
16,700
12,500

8,800
10,000

39,000
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Table XIII. Stress for a creep rate of lYIO-A pet/hr at 1100°F(593°C)

for alloy Ta7Cr, Ta7CrMc and comuercial steels.

Stress for Creep Rate of

Alloy 1x10”% Pet /Hr.
Ta7Cr 9,400
Ta7CrMo 15,000

0.3C~1Cr-1Mo-0.25 Steel _—

0.15C-9Cr-1Mo Steel 6,300
0.15C-7Cr-0.5Mo Steel 4,000
403 and 410 Stainless 4,000
Greek Ascoloy ———*
422 Stainless 19,000

*
Creep strength very low and not quoted as it changes with time
during the test.
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FIGURE CAPTIONS
A typical heatr treating cycle for the V'e-Ta-Cr and Fe-Ta-Cr-Mo
alloys of the present investigation.
Schematic skztch of a sheet tensile gpecimen used for short-—
time tests at room and elevated temperatures.
Sketch of a creep specimen used in the present investigation.
Schematic diagram of the specimen and extecsometer assembly for
creep and stress rupture tests.
Iron-rich portiom of the equilibrium phase diagram of the Fe-Ta
system.
The variations of the room temperature microhardness of alloy
Ta7Cr with aging tiwe at 700°C. The alloy was solution treated
at 1320°C for one hour and hot water quenched prior to aging.
Optical micrograph showing the microstructure alloy Ta7Cr solstion
treated at 1320°C for one hour and aged at 700°C for 40 minutes.
Transmission electron micrograph of a carbon replica showing the
Laves phase particles extracted from alloy Ta7Cr. The alloy was
solution treated at 1320°C for one hour, quenched, and aged at
700°C for 40 minutes prior to extraction of precipitare.
Optical micrograph showing the microstructure of alloy Ta7Cr
spheroidized at 1100°C for 10 minutes. (Heat Treatment T-1,)
Transmission electron micrograph of a carbon replica showing the
Laves phase particles extracted from alloy Ta7Cr spheroidized

at 1100°C for 10 minutes. (Heat Treatmeant T-1.)



Fig. 11.

Fig. 12.

Fig. 14.

Fig. 15.

Fig. 16.

Fig. 17.

Tran.missicn electron micrograph of a thin foil specimen of

alloy Ta7Cr (Heat Treatment T-1) showing a uniform distribu-

ticn of almost spherical particles of the Laves phase in a

matrix characterized bv a lath-like substructure.

Transmission electron wicrographs of a thin foill specimen of

alloy TalCr (Heat Treatment T-1) under two-beam diffracting

conditions with operating g-vectors of [011] in (a) and [031]

in (b).

Transmission electron micrographs of a thin foil specimen of

allov Ta7Cr (Heat Treatment T-1):

(a) Bright field showing the dislocation substructure

(b) Selected area diffraction pattern obtained from the area
enclosed by the image of the aperture in (a). Matrix
reflections of 7110} tvpe are marked 1,2,4 and 5.

Effect of test temperature on the short-time yield strength,

ultimate tensile strength, and fracture elongation of alloy

Ta7Cr (Heat Treatment T-0).

Scanning electron fractographs of alloy Ta7Cr (H:at Treatment

T-0) tested in short-time temsile tests at (a) 22°C; (b) 200°C:

(c) 400°C, and (d) 600°C.

Scanning electron fractographs of alloy Ta7Cr tested im short-

time tensile tests at 22°C following (a) Heat Treatment T-1

and (b) Heat Treatment T-0.

Effect of test temperature on the short-time vield strength,

ultimate tensile strength, and fracture elongation of alloy

Ta7Cr (Heat Treatment T-1%.
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Yield strength vs. test temperaturz for alloy Ta’Cr heat treated

by processes T-1, T-2, T-3 and T-4.

Yield strength vs. test temperature for spheroidized (Heat

Treatment T-1), and spheroidized and cold worked (Heat Treatment

T~5) alloy Ta7Cr.

Stress vs. rupture time at test temperatures 1000°F (538°C) and

1100°F (593°C) for alloy Ta7Cr (Heat Treatment T-1).

Stress vg. rupture time at 1000°F (53B°C) for alloy Ta7Cr (Heat

Treatment T-1). Also shown are the results reported in the

literature (37) for 0.3C-1Cr~1Mo-9.25V steel, 0.15C~-9Cr-1Mo

ateel, AISI types 403, 410 and 422 stainless steels, and

Greek Ascoloy.

Stress vs. rupture time at 1100°F (593°C) for the alloys

mentioned in FPig. 21.

Stress vs. steady state creep rate of alloy Ta’Cr (Heat Treatment

T-1), at test temperatures indicated.

Transmission electron microgreph of a thin foil specimen of alloy

Ta7Cr (Heat Treatment T-1) tested in creep at 1100°F (593°C)

and 15,000 psi, showing the precipitate distributionm.

Transmission electron micrographs of a thin foil specimen of

alloy Ta7’Cr (Heat Treatment T-1), tested im creep at 1100°F

(593°C) and 15,000 psi:

(a) Bright field image.

(b) Selected area diffraction pattern obtained from the area
enclosed by the image of the aperture in (a). Reflectionms
A, B and C are from the Laves phase precipitate.

Matrix reflection (110)M 1s marked.
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(c) Dark field image of the reflection B showing reversal of
contrast at precipitate particles.
Plot of strain vs. time at 11NN°F (593°C) aud 15,000 psi for
alloy Ta7Cr (Heat Treatment T-1).
Transmission electron micrographs of thin foll specimens of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1100°F
(593°C) and 15,000 psi. A well developed subgrain structure
was observed with lowv dislocation density in the grain
interiors. Pinning of subgrain boundaries and dislocations
by precipitate particles was evident.
Bright field transmigsion electron micrograph of a thin foil
specimen of alloy Ta7Cr (Heat Treatment T-1), tested in creep
at 1100°F (593°C) and 15,000 psi. The g-vector for the two-
beam condition was [2IT] as indicated. Dislocation pinning
by both small and large Laves phase particles was noted.
Bright field image of the area im Figz. 28 for a two-beam
condition with g = [112] as indicated.
Transmission electron micrograph of a thin foil specimen of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1100°F
(593°C) and 15,000 psi, showing dislocations pinned by fine
and coarse precipitate particles.
Transmission electron micrograph of a thim foll specimen of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1100°F

(593°C) and 15,000 psi, showing a dislocation pile-up at A.
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Transmission elactron micrograph of a thin foil specimen of
alloy TalCr (Heat Treatmeat T-1), tested in creep at 1100°F
{593°C) and 15,000 psi, showing dislocation jogs at A, B and
c.
Transmission electron micrograph of a thin foil specimen of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1200°F
(649°C) and 11,000 psi:
(a) Bright field image for a two-beam case with g = [211].
(b) Selected area diffraction pattern obtained from the

area enclosed by the image of the aperture in (a).

Matrix reflection (211)H is marked.
Transmission electron micrograph of a thin foil specimen of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1200°F
(649°C) and 11,000 psi, showing dislocation pile-ups at A, B
and C.
Transmission electron micrograph of a thin foil specimen of
alloy Ta’Cr (Heat Treatment T-1), tested in creep at 1200°F
(649°C) and 11,000 psi, showing pinning of dislocations by
precipitate particles near A.
Transmission electron micrograph of a thin foil specimen of
alloy Ta7Cr (Heat Treatmeat T-1), tested in creep at 1200°F
(649°C) and 11,000 psi, showing pinning of subgrain boundaries
by precipitate particles.
Transmission electron micrograph of a thin foil specimen of
alloy Ta7Cr (Heat Treatment T-1), tested in creep at 1200°F
(649°C) and 11,000 psi, showing evidence of deformation ar

boundaries pinned by precipitate particles (at A, B and C).
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Fig. 38 Transmission electron micrographs of thin foil specimens of

alloy Ta7Cr:
(a) After heat treatment T-1
(b) After testing to rupture at 1100°F(593°C) and 15,000 pst
(c) After testing to rupture at 1200°F(R49°C) and 11,000 psi

Pig. 39 Stress vs. rvupture ctime at 1100°F {593°C) for alloy TalCrMo,
spheroidized by 3 cycles of a - v + a transformation
following solution treating and aging. Alsn shown are the
experimental results for alloy Ta7Cr, and the results re-
ported in the literature (37) for 0.3C-1Cr-1Mo~N.25V
steel, 0.15C-9Cr-1Mo steel, AISI tvpes 403, 410, and
422 stainless steels and Greek Ascoloy.

Fig. 40 Scress vs. steady state creep rate at 1100°F (593°C) for alloy
Ta7CrMo, spheroidized by 3 cycles of 2 + ¥ = 2 transformation
following solution treating and aging. Also shown are the
experimental results on alloy Ta7Cr.

Fig. 41 Scanning electron fractographs of a specimen of alloy TalCr
(Heat Treatment T-1) tested to rupture at 1000°F (538°C) and
42,500 psi.

Fig. 42 Scanning electron fractographs of specimens of alloy TalCr
(Heat Treatment T-1) tested to rupture at 1000°F (573°C) and
several indicated stresses:

(a) 42,500 psi (rupture time = 3.5 hrs)
(b) 40,000 psi (rupture time = 140 hrs)
(c) 38,000 psi (rupture time = 185 hrs)

(d) 27,000 psi (rupture time = 1181 hrs)



Pig. 43.

Fig. 44.

Fig. 45.
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Scanning electron fractographs of a specicen of alloy TaZCr
(Heat Treatment T-1) tegted to rupture at 1100°F (593°C) and
15,000 psi. Pupture time = 1809 hrs.

Optical micrographs of a longitudinal section of a specimen
of alloy Ta7Cr (Heat Treatment T-1) tested to rupture at
1100°F (593°C) and 15,000 psi. Intergranular voids are
indicated by arrous.

Optical oicrograph of a longitudinal section of a specimen of
alloy Ta7Cr (Heat Treatment T-1) tested to rupture at 1200°F
(649°C) and 11,000 psi. Intergranular voids are indicated
by arrows.

Scanning electron fractographs of a specimen of alloy Tai’Cr
(Heat Treatment T-1) tested to rupture at 1200°F (649°C) and
11,000 psi. The rupture time was 119 hrs. Arrows indicate

cracks at grain triple points.

e
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