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Over the last few decades, body-centered-cubic (bcc) beta (β) titanium alloys have 

largely been exploited as structural alloys owing to the richness in their microstructural features. 

These features, which lead to a unique combination of high specific strength and ductility, 

excellent hardenability, good fatigue performance, and corrosion resistance, make these alloys 

viable candidates for many applications, including aerospace, automobile, and orthopedic 

implants. The mechanical properties of these alloys strongly depend on the various phases 

present; which can be controlled by thermomechanical treatments and/or alloy design. The two 

most important and studied phases are the metastable ω phase and the stable α phase. The present 

study focuses on the microstructural evolution and the mechanical behavior of these two phases 

in a model β-Ti alloy, binary Ti-12wt. %Mo alloy, and a commercial β-Ti alloy, β-21S. 
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CHAPTER 1  

INTRODUCTION 

 

Since its discovery in 1791, titanium has been a prized metal owing to its combination of 

good strength, toughness, ductility, low density, and excellent corrosion resistance. It wasn’t until 

after World War II that the interest in using titanium for wide range of applications piqued, and 

the subsequent development of these alloys started [1]. The excellent corrosion resistance nature 

of titanium alloys makes it a viable candidate for usage in the chemical industry, especially in the 

presence of oxidizing acids. The combination of low density and high strength leading to a high 

specific strength make these alloys ideal for aerospace applications. The biomedical field is 

another major field which requires low density, high strength, and good corrosion resistance [1] 

[2]. Titanium alloys not only have the aforementioned properties, but also excellent 

biocompatibility which makes them more ideal than stainless steels and Co-based alloys [3] [4] 

[5]. 

Depending on the alloy composition, titanium alloys can be broadly classified into α, α/β, 

and β alloys. Recently, there has been a huge interest in the β titanium alloys as they seem to offer 

a much wider microstructural freedom compared to the more widely used α/β alloys. The first 

commercially used β-Ti alloy was Ti-13V-11Cr-3Al which was used as an airframe alloy for the 

SR-71 Blackbird [6]. Since then, Ti-3Al-8V-6Cr-4Mo-4Zr (β-C), Ti-10V-2Fe-3Al, Ti-15V-3Al-

3Sn-3Cr, Ti-5Al-5V-5Mo-3Cr, etc. have been developed, and mainly used in aerospace 

applications.  As such, a number of researchers have worked on understanding and improving the 

microstructural features and their subsequent influence on the mechanical properties of these 

alloys either by changing the alloying elements or via a series of thermomechanical treatments.  
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The mechanical properties of these β alloys depend a lot on the precipitate phases forming 

in them. The size scale, morphology, and the volume fraction of these precipitates influence the 

physical and mechanical properties. It is therefore important to understand the formation, growth, 

and the mechanical behavior of these precipitate phases. 

While most of the recent work has been focused on α formation and its influence on the 

mechanical properties, not much has been reported in terms of the microstructural and mechanical 

features of ω phase based microstructures [7] [8]. The present work discusses both the precipitate 

phases in terms of their formation, evolution and their subsequent influence on the mechanical 

properties, at both room and elevated temperatures. Two β-Ti alloys have been chosen: (i) a binary 

Ti-12wt. %Mo alloy, (ii) a commercially available β-Ti alloy, Timetal-21S (henceforth referred to 

as β-21S), with a nominal composition of Ti-15Mo-3Nb-2.7Al-0.2Si (all in wt. %). This 

commercial alloy was originally provided in form of the sheets by TIMETAL Corporation, and 

later on ATI provided the same alloy in block form. The binary alloy was cast in house. Although, 

the two alloys do appear to be similar in terms of Mo equivalency, the slight difference in the 

percentages of Mo and the other alloying additions results in a considerable difference in 

microstructural evolution and mechanical behavior.  

The dissertation is divided into eight chapters, with three main chapters. Chapter 2 gives a 

general background information of titanium in terms of its development, the physical metallurgy, 

phases present and their transformations, and briefly discusses the categories of commercial 

titanium alloys. Finally, the influence of alloying additions on the aforementioned phase 

transformations will also be mentioned. Following this, Chapter 3 gives the experimental details 

relevant to the present dissertation work.  
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In the next three chapters, 4 through 6, the results and discussions based on the findings of 

this work will be presented. Chapter 4 talks about the formation and the evolution of the athermal 

and isothermal ω phases in the binary Ti-12wt. %Mo alloy. Following this, the mechanical 

behavior of these microstructures, tested at room and elevated temperatures is shown. The effect 

of β phase stability on the deformation behavior is then discussed. Chapter 5 also talks about the 

formation and the evolution of the athermal and isothermal ω phases in the commercial β-21S 

alloy and the mechanical behavior at room and elevated temperatures. The Portevin-Le Chatelier 

(PLC) like effect observed in these alloys at elevated temperature is also discussed. Finally, the 

formation of the stable α phase in the commercial β-21S alloy will be shown in Chapter 6. The 

influence of precursor phases, like the metastable ω phase, on the formation of fine scale α 

precipitation is briefly examined. The results and discussion is then concluded by showing the 

mechanical properties of this β+α microstructure.  

The final chapter, 7, summarizes the entire work presented. A list of future investigations 

is also provided.    
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CHAPTER 2  

 LITERATURE REVIEW 

 

2.1 Introduction 

In this chapter a general background of titanium and its alloys will be provided. The first 

part of the chapter gives an overview of the titanium metallurgy; categories of alloys, different 

phases present, the effect of alloying elements, and the possible phase transformations. The second 

part discusses the mechanical behavior of bcc alloys generally, and β- titanium alloys specifically.   

2.2 History of Titanium  

First discovered in 1791 by William Gregor in Cornwall, England, titanium was originally 

called mechanite (after the location where it was found). Four years later it was named titanium; 

after the Greek mythological deities, “Titans”, by a German chemist, Klaproth. He had 

independently isolated titanium from a mineral produced in Hungary known as rutile. But it wasn’t 

until the early part of 20th century that a significant amount of titanium could be extracted. Milhelm 

Justin Kroll, a chemist from Luxemburg, utilized TiCl4 and calcium to isolate titanium. Later, at 

the beginning of World War II, a modified version of this, using magnesium instead of calcium 

was perfected, and is still used to date. This process is called the Kroll’s process [1] [2] [9].  

                 TiCl4 (gas) + 2Mg (liquid)  4Ti (solid) + 2 MgCl2 (liquid)             (1) 

There are two allotropic forms and five naturally occurring isotopes of this element; Ti46
 

through Ti50, with Ti48
 

being the most abundant (73.8%). Titanium ranks as the ninth most 

abundant element in the earths’ crust and the seventh most abundant metal. However, neither pure 

state titanium nor ore of high concentration titanium has ever been found in nature. Besides, the 

processing of titanium is rather difficult [1] [2].  
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2.3 Physical Metallurgy of Titanium  

Titanium belongs to the Group IV transition series (according to IUPAC nomenclature), 

with an atomic number of 22 and mass number of 47.867 amu. The electronic configuration of 

1s22s22p63s23p63D24s2 leaves an incomplete 3D-shell which enables it form solid solutions with 

most substitutional elements with a size factor ±20%.  

The melting point of titanium in its elemental form is 1678 oC, which is much higher than 

the more commonly used “structural materials” like iron, nickel, or aluminum.  Also, compared to 

the aforementioned materials, pure titanium shows the best specific strength with a density of 4.5 

gm/cc and the yield strength of pure Ti reaching 1GPa. It is paramagnetic in nature and has 

relatively low electrical and thermal conductivity. Table 2-1 shows these and some other important 

characteristics of titanium compared to other commonly used structural materials.  

Table 2-1 : Comparison of properties of commonly used structural materials [1] 

Properties Titanium Iron Nickel Aluminum 

Melting Temperature ( oC) 1670 1538 1455 660 

Allotropic Transformation ( oC) 882(βα) 912(γα) - - 

Crystal Structure bcchcp fcc bcc fcc fcc 

Room Temperature E(GPa) 115 215 200 72 

Yield Stress (GPa) 1 1 1 0.5 

Density(gm/cc) 4.5 7.9 8.9 2.7 

Corrosion Resistance Very high Low Medium High 
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2.4 Phases of Titanium 

Depending on various factors like temperature, pressure, cooling rates, and alloying 

elements, titanium can exist in different phases. Broadly, these phases can be classified as 

equilibrium and non-equilibrium, depending on whether enough time has been given for these 

phases to reach steady-state conditions [1] [10] [11]. The two major equilibrium phases are the α 

and β phases, while the major non-equilibrium phases are α’, α”, ω, β’ and the recently 

“discovered” O’ phase [1] [2] [12]. A brief description of each of them follows. 

2.4.1 Equilibrium Phases 

2.4.1.1 Αlpha (α)  

Titanium in its pure form, at ambient temperature and pressure exists as a hexagonal close 

packed phase (hcp).  It has the space group P63/mmc with the lattice parameters a= 2.95Ǻ and c= 

4.68Ǻ, which gives us the c/a ratio of 1.567. This is less than the ideal c/a ratio of 1.633 for the 

Figure 2-1: Phase diagram showing the important stable and metastable phases in β titanium 

alloys. Equilibrium phase boundaries are marked in bold while the metastable ones are shown 

using dotted lines [123] 
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hcp crystals. Therefore, the main slip system changes from the traditional basal (0001) to the close 

packed <11-20> direction on the prism plane {10-10}.  

The presence of alloying elements plays a huge role on the phase stability of these alloys. 

Alloying elements such as Al, B, C, O, La, Ge, N, etc. are known to increase the β transus, thus 

stabilizing the α phase [1]. In the periodic table these elements are noted as interstitials. While 

oxygen and nitrogen form peritectic systems with titanium, other elements like aluminum, boron, 

lanthanum, etc. form peritectoid systems. The effect of these α stabilizers can be expressed in terms 

of aluminum equivalency by using the following equation [9]: 

[Al]eq = [Al] + 0.17[Zr] + 0.33[Sn] + 10[O]       (2) 

The α phase when precipitated is usually classified according to the morphology and their 

size scale: (a) colony α, (b) basketweave α, (c) globular α. While colony type α is formed via slow 

cooling, the basketweave are achieved via fast cooling. The other major difference is that the 

former forms from a single variant, while the latter is due to cluster of various variants. Globular 

α requires some amount of pre-worked system [9].  

The α phase can also be divided on the basis of the their nucleation site. The α which 

nucleates along the grain boundary and grows alongside it is called grain boundary α. The α which 

nucleates at the grain boundary, but grows into the β grain is known as intergranular α. This α is 

known as Widmanstatten or basketweave structure. Finally, the α which nucleates within the β 

grain because of defects such as vacancies or dislocations, or metastable phases such as ω and β’ 

are known as intragranular α. Each of these types have specific influence on the mechanical 

behavior of the alloys [1].  
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d

Figure 2-2: (a) unit cell showing the crystal structure of hcp α, (b) colony microstructure, (c) 

basketweave microstructure (d) bimodal microstructure with globular α [1] [124] 
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2.4.1.2 Beta (β)  

The high temperature allotrope of titanium is the β phase. As discussed before, the 

transformation from the hcp α phase to the bcc β phase takes place at 883 oC in a pure titanium 

system. It has the space group Im-3m with the lattice parameter a= 3.32Ǻ, and can be defined by 

two atoms sitting at (0, 0, 0) and (1/2, 1/2, 1/2) positions in the unit cell.  Unlike the α phase, the 

β structure is more open (packing factor of 68%), leading the atoms to vibrate more severely, and 

therefore more stable at the elevated temperatures.  

Similar to the α phase, adding certain alloying elements, leads to the lowering of the β 

transus of the titanium alloys, thus stabilizing the β phase. The most commonly used alloying 

metals for this are molybdenum, vanadium, niobium, iron, tantalum, chromium, nickel, copper, 

etc. These are all transition elements, and like titanium have unfulfilled or partially filled d-electron 

bands. Depending on whether or not there is a eutectoid compound present at sufficient elevated 

temperature, these alloying elements are further divided β-isomorphuos (Mo, V, Nb, Ta, etc.) and 

β eutectoid (Fe, Cu, Cr, Mn, etc.) Hydrogen is also a β eutectoid system with low eutectoid 

temperature and high diffusivity. Similar to the α stabilizers, the β stabilizers also have an 

equivalency equation and this is given in terms of molybdenum [1] [11].  

[Mo]eq = [Mo] + [0.2]Ta + 0.28 [Nb] + 0.4[W] + 1.25[Ni] +  1.7 [Mn] 

+ 0.67[V] + 1.25[Cr] + 1.7[Co] + 2.5[Fe]…                            (3) 

β Ti has six close packed planes belonging to the {011} family and four close packed 

directions belonging to <111> family. It is difficult to accurately measure the room temperature 

elastic and shear moduli of pure β Ti due to its high temperature stability. The elastic modulus, 

however, is measured as a function of composition by adding β stabilizers to retain the β phase at 

room temperature. Based on such observations it was found that β phase has lower elastic modulus 
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compared to α phase. The slip systems in β phase consist of {110}, {112}, and {123} planes, all 

with a Burgers vector belonging to the <111> family of directions, which is the same as those 

observed generally in common body centered cubic metals. However, when slipping is hindered 

twinning occurs in the β phase. The different twin systems observed are {332}<113> and  

{112}<111> [1] [2] [13] [14].   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

2.4.2 Non Equilibrium Phases 

Non equilibrium or metastable phases are formed when the time required for diffusion (in 

order to form an equilibrium phase) is insufficient. The atoms instead rearrange either by shear or 

a

b c

Figure 2-3: (a) unit cell showing the crystal structure of bcc β, (b) equilibrium β isomorphous 

phase diagram, (c) equilibrium β eutectoid phase diagram [1] [9] 
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shuffle. In other words, these phases are a compromise between thermodynamics and the kinetics 

of the transformation. The following describes some of these non-equilibrium phases.  

2.4.2.1 α’ 

The α’ phase is a hcp type of martensite more commonly found in pure titanium, α titanium 

or near α titanium alloys. This phase forms instead of the α phase as a result of very fast quenching 

from above the β transus. It belongs to the space group P63/mmc. The morphology of this phase 

depends on the concentration of the solute elements and can vary from colonies to laths, or 

lenticular, or twinned structure. The diffusionless transformation caused by the high quenching 

rate leads to the formation of the α’ phase. The temperature below which α' martensite could be 

formed is called α' martensite start temperature (Ms (α')) and the temperature at which a 100% 

martensitic transformation has occurred, with no retained β phase, is called the martensite finish 

temperature (Mf (α’)). In a phase diagram, these two lines are usually close together. With an 

increase in the β stabilizing elements, the Ms temperature goes down [1] [11] [15] [16].   

2.4.2.2  α” 

When there is an increase in the solute percentage, higher than the α’, the α” martensitic 

transformation takes place. Unlike the α’ martensite, which can only form by quenching, this phase 

can also form via the application of external stress (stress induced martensite). Considering that α'' 

forms only at higher amounts of alloying, it is not surprising that the deformation martensite is 

invariably of the orthorhombic variety which is halfway between the bcc β and the hcp α. With 

increasing β phase stabilizer amount, Ms (α'') temperature decreases rapidly and therefore α'' phase 

is more difficult to form. However, the composition boundary of these two phase formation is 

different for various titanium alloys. It is also necessary to point out that some authors report during 

α'' phase formation, the composition within the plate is not uniform, which indicates phase 
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separation could occur during fast cooling process within α'' phase. Considering the speed of phase 

separation to occur, it could be the spinodal decomposition mode of phase separation rather than 

nucleation and growth mode [1] [11] [16].  

 

 

 

 

 

 

 

 

 

 

 

 

 

2.4.2.3 Omega (ω) 

The ω phase can form either when quenched from the high temperature β phase or under 

high pressure. This phase has also been observed extensively in titanium, zirconium, and hafnium 

alloys, wherein the ω phase formed under high pressure is a stable phase, while the former is 

metastable in nature. The metastable ω phase forms in the titanium alloys, rather than the α’ or α”, 

a

b c

Figure 2-4: (a) Orthorhombic setup of the bcc (left) and hcp (right) (b) α' martensite, (c) α'' 

martensite [122] [15] 
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when the amount of β stabilizers are higher. This can also be defined as a transition phase between 

the α and the β phases, showing a hexagonal crystal structure [17] [18].  

Two types of ω phase are present in the titanium alloys; athermal and isothermal ω. As the 

names suggest, while the former is formed via a diffusionless transformation mechanism when 

quenched in from above the β transus, the latter is formed when there is a solute diffusion taking 

place due to the effect of temperature. For the formation and growth of the isothermal ω phase, the 

samples are usually aged below the ω solvus temperature. Depending on the alloying elements, 

the isothermal ω precipitates are either cuboidal or ellipsoidal in nature. When the misfit between 

the ω phase and the β phase is large, cuboidal precipitates are formed, like in the case of Ti-V 

systems. Conversely, the Ti-Mo system, wherein there is a lower misfit between the two phases, 

ellipsoidal ω formation takes place [1] [11] [17] [18] [19] [20].  

Whilst ω phase in itself has a big influence on the mechanical properties [21] [22] [23] [24] 

it also has a role on the fine scale α precipitation. The present work focuses on both of these aspects 

in a binary and a commercial alloy [25] [26] [27] [28] [29]. 
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a

b

c d

Cuboidal omega Ellipsoidal omega

Figure 2-5 (a) (111) plane of the bcc β structure collapsing to create the hexagonal ω 

structure (b) schematic showing the transition of bcc β structure to partially collapsed trigonal 

ω to full collapse of the hexagonal ω structure (c) cuboidal ω precipitates in high misfit Ti-V 

system, (d) ellipsoidal ω in low misfit Ti-Mo system. [18] [82] [125] 
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2.4.2.4 β’ 

The β’ phase forms in the isomorphous or a monotectoid system with very high amount of 

β stabilizers. Whilst the crystal structure is same as the β bcc phase, a compositional change is 

noted. In the case of the monotectoid systems, β’ is stable at a higher temperature range and 

unstable at the low temperatures. It should be noted here that the nomenclature used, β’, is for a 

solute lean bcc phase [1] [11] [30] [31] [32].  
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2.5 Categories of Titanium Alloys 

As mentioned above, basing on the alloying elements present, the titanium alloys are 

broadly divided into α, α/β, and β alloys. The following section will talk in more detail about the 

same.  

2.5.1 Alpha Alloys   

According to the Titanium Alloys, ASM Handbook [9], “Unalloyed titanium and multi-

component alloys containing insufficient amount of β stabilizers to retain β phase at room 

temperature” are referred to as α alloys. These alloys are characterized by satisfactory strength, 

toughness, creep resistance, and weldability. Furthermore, these alloys are also used for cryogenic 

applications as they are fully hcp, and do not possess a ductile to brittle transformation temperature.  

Some of the examples of commercially used α alloys are Ti-5Al-2.5Sn, Ti-6Al-2Sn-4Zr-2Mo, Ti-

0.8Ni-0.3Mo etc.  

2.5.2 Alpha + Beta (α+β) Alloys 

The α+β alloys, by convention, are defined as having a mixture of the α and the β phases 

at room temperature. In general, these alloys contain about 10-50% of the β phase at the room 

temperature. α + β alloys have good fabricability as well as high room temperature strength, and 

moderate elevated temperature strength. Ti-6V-4Al is the most well-known, and widely used of 

all titanium alloys and it falls under this classification.   

2.5.3 Beta (β) Alloys 

Titanium alloys which retain sufficient amount of the β phase after quenching from above 

the β transus are classified as β-titanium alloys. These alloys exhibit a unique combination of high 

specific strength and ductility, excellent hardenability, good fatigue performance, and corrosion 

resistance. Owing to these properties they are viable candidate for many applications, including 
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aerospace, automobile, and orthopedic implants [5] [33] [34].  The major advantage β alloys have 

over the other categories is in their ability to be hardened to high strength levels via microstructure 

manipulation [35]. The biggest drawback in comparison to the α alloys is the presence of a ductile-

brittle transition temperature, as β is a bcc phase, which makes it unsuitable for low temperature 

applications. The minimum amount of β stabilizers required to prevent the formation of martensite 

when quenched from above the β transus varies from alloying element to another. The following 

table gives us the information in terms of the most commonly used β stabilizers.  

Table 2-2: Amount of β stabilizer required to retain β phase upon quenching [36] 

Alloying Element Vanadium Chromium Iron Molybdenum 

Wt. % required ~16 ~7.5 ~6.5 ~9.5 

 

Usually, the β alloys are described in terms of moly equivalency, described earlier in 

section 2.4.1 (equation 3). Therefore any alloy with the moly equivalency higher than 10 wt. % is 

deemed to be a β alloy.  

  

Figure 2-6: Schematic pseudo-binary phase diagram through a β isomorphous section 
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2.6 Phase Transformations in Titanium Alloys 

Broadly speaking, a phase transformation is defined as the change in the microstate of an 

assembly of interacting atoms as a result of variation in the external constraints. Whilst almost all 

types of solid-state transformations are possible in titanium alloys, the major focus of the current 

project is on the following three main transformations.  

2.6.1 β  α (Diffusional Transformation) 

The nucleation and growth of the α phase from the high temperature β phase is of prime 

importance in titanium alloys. This is because of the dependence of the mechanical properties on 

the size, morphology, and volume fraction of the α phase. These attributes of the α phase depend 

on a multitude of factors; (i) cooling rate from the β transus, (ii) the temperature to which it is 

cooled from above the β transus, (iii) thermomechanical treatment [1] [33] [37] [38].  

Depending on these factors, the size scale, morphology, and volume fraction of the α 

precipitates forming changes widely. As described in section 2.4.1, the α phase forming in titanium 

alloys are broadly classified into three types; (i) allotriomorphs are the α precipitating at the β/β 

grain boundaries, (ii) inter-granular α, which precipitate at the grain boundaries but grow into the 

grains, also known as Widmanstatten α, and (iii) intra-granular α which grows within the β grain 

[39] [40] [41] [42] [43].  

Literature suggests that the β phase grain boundary is the most favorable nucleation site 

for α precipitates. A layer of allotriomorph α phase nucleates and grows along previous β grain 

boundaries. Upon further cooling, parallel Widmanstatten α plates nucleate from β grain boundary 

or grain boundary α layer, and grow into interior of β grain. Widmanstatten α plates will belong to 

one single crystallographic variant upon slow rate cooling and exhibit multiple crystallographic 

orientations upon high rate cooling. When the titanium alloy is aged at a lower temperature within 
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β + α phase range, tiny secondary α laths will nucleate from Widmanstatten α plates and fill the 

retained β phase region between α laths.   

It is important to note here that while being described as a diffusional transformation, β  

α transformation also shows characteristics of displacive transformation [16] [44] [45]. This is 

explained in terms of the nucleating α maintaining an orientation relationship (OR) with the parent 

β matrix. The most commonly observed orientation is the Burgers OR [46] which is given by the 

following relation. 

{0001}α//{011}β ; <11-20>α//<111>β 

The other lesser known OR which were also observed in titanium alloys are the Pitsch-

Schrader, and Potters OR [11]. These are listed below. 

Pitsch-Schrader: (0001)α//{011}β; <11-20>α//<100>β; {1-100}α//{0-11}β 

Potter: (0001)α 2o from {011}β; <11-20>α//<1-11>β; {1-101}α//{110}β 

Usually, the flat surface of the α phase is parallel to (-1100) plane of the α phase and (-112) 

of the β phase. 

  
h2 = 0.90

[1210]a

[110]b//[1010]a

h1 = 1.10

[001]b//[2110]a

h3 = 1.02

[110]b//

[0001]a

[111]b
[111]b

[1120]a

(110)b // (0001)a

η1 =  1.10 

η2 =  0.90   

η3 =  1.02

Lattice distortion

close to IPS 

b a 

transformation

Figure 2-7: Schematic showing the Burgers OR between the β and α phases [11] 
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2.6.2 β  ω (Shuffle Transformation) 

The formation of athermal ω takes place when the metastable β titanium alloys are 

quenched at a very fast rate from above the β transus [47] [48]. Whilst section 2.4.2 discussed 

about the ω phase, this section talks in more detail about the transformation leading to its 

formation. 

The β to ω transition takes place via a displacive shuffle mechanism, in which two 

neighboring {111} atoms layers of every three {111} atoms layers displace to each other into a 

middle plane position. The partial collapse of these planes leads to a trigonal symmetry (initial 

state of the ω phase), while the complete collapse leads to the hexagonal ω phase [1] [18] [19] [47] 

[49]. Similar to the diffusional transformation observed in βα, the shuffle transformation also is 

not arbitrary, but follows a specific orientation relationship. The OR between β and the ω phase is 

given by [18], 

[0001]ω//(111)β ; <11-20>ω//<011>β 

In terms of the lattice parameters, the atomic displacement can be as expressed as ± √3/12 

aβ and ± 1/6 cω [1]. This results in the lattice parameters of β and ω phase being 

aω =√2aβ 

cβ=√3/2aβ 

The initial explanation for the formation of the ω phase was given by de Fontaine using the 

harmonic lattice theory [47] [48]. Later on Cook [50] [51] and Duerig et al. [52] made some 

modification to this theoretical model based on their experimental work. It wasn’t until the early 

90s that the structure was explored in detail using HRTEM by Sukedia et al. [53] [54] [55]. For a 

complete β to ω transformation, the planes on the position “0” and “1” would maintain their 

position, whereas the planes on “1/3” and “2/3” would collapse onto “1/2” position. Because of 
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this, the stacking sequence of the (222)β planes changes from ..ABCABC.. to ..AB’AB’.. . Figure 

2-8 shows the depending on the level of completion to which displacement wave is followed, the 

resulting ω phase will either be hexagonal or trigonal [1]. 

Based on the models discussed above, it could be said that overall the β to ω transformation 

shows the characteristics of both diffusional and displacive transformation. This was also 

suggested by Nag et al. in their studies on Ti-18 wt. %Mo alloy. Further careful compositional and 

structural analysis needs to be in done in order to understand the exact mechanisms behind this 

and role of the amount of β stabilizers required. 

2.6.3 β  α’ or α” (Shear Transformation) 

When the dilute titanium alloys are rapidly quenched in from above the β transus to the 

temperatures below the Ms(α’) or Ms(α”), a martensitic transformation takes place. With an 

increasing amount of the solute content, the transformation changes from the hexagonal α’ to the 

orthorhombic α”. This falls under a diffusionless transformation, wherein no composition change 

Figure 2-8: Schematic showing the extent to which the (222) planes in the bcc lattice collapse; 

resulting ω phase will be trigonal (incomplete) or hexagonal (full collapse) 
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takes place between the β matrix and the forming α’ matrix [1] [9] [16] [56]. Recent reports though 

show that a certain amount of compositional change was noted in formation of α” [11] [57] [58].  

The β to α martensitic transformation is accompanied with an expansion and a contraction 

of the parent β phase. There is a 10% contraction along the [100]β or [2-1-10] α’ ; 10% expansion 

along the [01-1]β or [01-10]α’ ; 1% expansion along [001]β or [0001]α’. The α’ martensite which 

is hexagonal in crystal structure also maintains the common Burgers OR with the parent β phase 

[11] [16]: {0001}α’//{011}β and <11-20>α’//<111>β.  The α” martensite on the other hand, owing 

to its orthorhombic crystal structure, has a completely different OR [11] [16]: [001]α”//[100]β ; 

[010]α”//[110]β; [100]α”//[1-10]β. The lattice parameter of this α” martensite lies between the β 

and the α phase.  

2.7 Phase Stability of β-Ti Alloys 

The deformation mechanisms in β titanium alloys depend a lot on the β phase stability. 

With an increase in the β phase stability, the deformation will change twinning and/or formation 

of stress induced martensite to dislocation slip. Traditionally, this phase stability in the β Ti alloys 

has been described in terms of Mo equivalency (equation 3) i.e. higher in the Mo equivalency, 

more the β phase stability [1] [9] [11]. Recently, the relationship between the phase stability and 

the deformation mechanisms have also been described in terms of the bond order (Bo) and d-

orbital energy levels (Md) [59] [60] [61] [62].  Bo is a measure of the covalent bond strength 

between Ti and an alloying element and Md is the metal d-orbital energy level of alloying 

transition-metal which correlates well with the electronegativity and the metallic radius of 

elements. The decrease in the β phase stability is reflected by a decrease in the Bo or an increase 

in the Md values [59] [61].  
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One of the earliest Bo-Md plot was proposed by Kuroda et al [60] and further developed 

by Abdel-Hady et al. [61]; shown in the Figure 2.9. It has been since developed by many others. 

Whilst the original idea behind the development of this theory was for the superplastic properties, 

especially in the biomedical β-Ti alloys [59] [60] [63], it has since found immense usage in 

understanding the deformation mechanisms of β-Ti alloys [64] [65] [66] [67] [68]. It has since 

been used to develop new alloys wherein they are specifically designed to lie in a region of the the 

Bo-Md plot depending on the nature of the properties required [69] [70] [71] [72]. The two alloys 

used in the present discussion are also shown in the Bo-Md plot.   

  

β-21S

Ti-12Mo

Figure 2-9: Extended Bo-Md diagram in which the β/β + ω phase boundary is shown together 

with the boundaries for Ms = RT and for Mf = RT. The value of the Youngs modulus (GPa) is 

given in parentheses for typical alloys [61]. The two alloys relevant to the present discussion 

are shown in red and blue circles.  
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CHAPTER 3 

EXPERIMENTAL AND PROCESSING METHODS 

3.1 Introduction 

In this chapter, the alloys and equipment used in the current study and the experimental 

procedure followed will be introduced. 

3.2 Fabrication of Alloys 

The following methods were employed for the fabrication of the alloys used in the present 

study. 

3.2.1 Arc Melting 

The Arc 200 Mini Vacuum Arc Melter developed by Arcast Inc. was used to melt the 

alloys. The arc melter was fitted with a button crucible that can melt up to nominally 50 grams of 

metal alloys. The crucible is made of copper and is water cooled to ensure rapid solidification. The 

arc melter uses a consumable tungsten (W) electrode to strike the arc which is used to melt the 

charge. The charge can either be metal powders or metal pellets. Typically pellets are preferred as 

they are less susceptible to be blown away by the plasma arc unlike metal powders which may get 

dispersed due to the plasma arc that can result in weight loss and composition changes. The 

chamber is then pumped to a pressure of about 3*10-4 torr by using a combination of roughing and 

turbo-molecular pumps. Once the desired pressure is achieved, the chamber is then backfilled with 

argon to a pressure of approximately 10-1 torr to facilitate plasma formation when the arc is struck. 

The melt pool is convection stirred by the plasma. The chamber is then backfilled with argon to 

reach ambient pressure and then opened. The alloys are melted multiple times to ensure 

homogeneity in composition. 
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3.2.2  As Received Commercial Alloys 

The majority of the experiments shown in this work have been performed on the alloys Ti-

12 wt. %Mo and β-21S. The Ti-12 wt. %Mo model alloy was given to us by our collaborators from 

France where it was processed using cold crucible levitation melting.  Sheets of β-21S were 

originally obtained from TIMET Company, and later on blocks of β-21S were supplied to us by 

ATI. The alloy was originally developed by TIMET in 1988 to satisfy the need for a foil-producible 

titanium alloy with good high-temperature behavior. The initial target application was for metal 

matrix composites on the National Aerospace Plane program [73] [74] [75]. Over the ensuing 

decades, the plug-and-nozzle assemblies of the Rolls Royce Trent 400 engine on the Airbus A340 

and the Boeing 777 have also been long-standing applications of this alloy [6] [76]. Using β-21S 

instead of Inconel 625 eliminated approximately 164 kg (360 lbs) on the Boeing 777 aircraft. 

Among the alloys’ unique properties is a high resistance to attack by commercial aircraft hydraulic 

fluids over a wide range of temperatures [77] [78] [79]. It has the highest creep resistance of any 

metastable β titanium alloy, although still less resistant to creep than commercial, high-temperature 

near-α alloys. 

Figure 3-1: β-21S plug-and-nozzle assemblies for the Trent 500 engine on the Airbus A340-

500/600 [76] 
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3.3 Processing Tools 

This section gives a general overview of the tools used to make the samples, complete the 

heat treatments, and metallographic techniques for the microstructural investigation.  

3.3.1 Electric Discharge Machine and Diamond Saw 

The samples described in the previous section need to be of specific shape and size in order 

to perform either the mechanical tests or do specific heat treatments. As such, the diamond saw 

and an electric discharge machine (EDM) were used. A Mitsubishi FX 10 Wire Electric Discharge 

Machine (EDM) and an Allied High Tech Products Inc. Techcut4TM diamond saw were used to 

cut the arc melted alloys into desired dimensions prior to, and after subjecting them to heat 

treatments. The wire EDM cuts the sample by passing a high voltage through a thin brass wire that 

machines the sample with very low dimensional tolerances. The codes can be modified according 

to the final geometry that is desired. On the other hand, when sample size tolerances and sample 

geometry were not a limiting factor, small coupons were cut using a low speed diamond saw. 

3.4 Heat Treatments 

Heat treatments were done in order to tailor specific microstructures. Further details of 

each heat treatments will be discussed in the respective chapters.  

Heat treatments at temperatures above 700 oC were done in an atmosphere of argon gas to 

prevent oxidation of the samples. The samples were wrapped in titanium foils and covered with 

titanium sponge. However, for temperatures less than 700 oC, samples were just wrapped in pure 

titanium foils to minimize surface oxidation. In some cases, after the aging treatment, samples 

were water quenched to get the required fast cooling rates. The samples were rapidly pulled out of 

the furnace and directly dropped into a bucket of water kept nearby. 
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In experiments that required step quenching from one temperature to another, a set-up of 

two adjacently placed tube furnaces was used. The two furnaces were initially pre-heated to desired 

temperatures. The samples were then wrapped in titanium foils (or were placed in atmosphere of 

argon gas) and placed on a ceramic boat inside the first furnace. Upon completion of heating at the 

first temperature, the samples were pushed using ceramic push-rods into the second furnace. The 

process took little time, usually less than 5 seconds and hence followed quite closely the desired 

heating cycle. 

A Linseis dilatometer, operating under a helium atmosphere has also been used to carry 

out specific experiments. The samples were cut into cylinders of dimensions 10-12mm in length, 

with a diameter of 5mm. After the initial homogenization at 900 oC/30 minutes, all samples were 

rapidly quenched to room temperature. He gas was used for the rapid cooling of the samples. A 

quenching rate of 100 oC/sec was used for all the heat treatments. The microstructures obtained 

via conventional heat treatments and the dilatometer are noted to be very similar. 

3.5 Conventional Methods for SEM and TEM Sample Preparations 

Standard metallographic techniques involving mechanical polishing using 120 to 1200 grit 

SiC abrasive paper were followed. For the final polishing, 0.05 colloidal silica and a Buehler 

Vibromet polisher were used. The mirror like finish obtained via said techniques resulted in getting 

a very good indexing pattern when EBSD analysis was performed. 

For the TEM sample preparation, the samples were first cut into very thin slices and 

mechanically polished to ~100 microns. Following this, a 3mm disc was extracted via a disk punch. 

A Gatan dimple grinder was used to further thin the sample down to about ~30 microns. Finally, 

a Gatan 691 Precision Ion Polishing System (PIPS) was used to make a perforation in the sample. 

The TEM samples were also made via FIB tools which will be discussed in further sections. 
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3.6 Characterization Tools 

Once the sample preparation was completed using the aforementioned techniques, the 

metallographic characterization was done using the various techniques mentioned below.  

3.6.1 Scanning Electron Microscopy (SEM) 

A FEI Nova NanoSEM 230 equipped with a field emission gun was used for the 

microstructural analysis. The SEM is equipped with an Everhardt Thornley Secondary Electron 

Detected (ETD), a charged couple detector, and a detachable solid state backscattered electron 

detector (BSE). Furthermore, Energy Dispersive Spectroscopy (EDS) with a SiLi detector 

effectively examined the compositions and homogeneity of arc-melted alloys. EDAX Genesis 

software package enabled elemental quantifications. The SEM was also equipped with a Hikari 

Super Electron Backscattered Diffraction (EBSD) detector to get the orientation/crystallographic 

data of the samples. In order to obtain the OM data, the sample is tilted to angle ~70o before the 

camera is inserted. Data collection is done using the EDAX TEAM software and all the analysis 

was performed using the TSL OIM-8 software.  

3.6.2 SEM-Focused Ion Beam (FIB) 

A FEI DualBeam™ (FIB/SEM) Nova 200NanoLab with FEG source was chosen to 

prepare most TEM, and all the 3D Atom Probe samples. The instrument has a Ga ion beam source 

for milling, an Omniprobe Autoprobe for the nano manipulation, and gas injection system (GIS) 

to deposit Pt. Site specific samples were made for specific conditions, wherein, EBSD was 

performed on the samples to pin point the region of interest.  

3.6.3 Transmission Electron Microscopy (TEM) 

For all alloys studied, an FEI™ Tecnai G2 F20 transmission electron microscope (TEM) 

with a Schottky field-emission gun operating at 200 kV was used to record selected area diffraction 
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patterns (SADP), bright-field and dark-field images. In addition, scanning transmission electron 

microscopy (STEM) analysis was conducted to investigate microstructure of some samples. A 

high angle annular dark field (HAADF) detector was used for STEM imaging. 

A FEI TitanTM, FEG 80-300kV S/TEM, at the CEMAS facility The Ohio State University, 

equipped with Cs corrector for the probe, monochromator to reduce the spread of incident beam 

and EDS, EELS spectrometer for the composition analysis was also used where necessary. With 

monochromator and probe aberration corrector, sub- Angstrom probe could be obtained in Titan 

and sub-Angstrom lateral resolution could be achieved. 

3.6.4 3D Atom Probe Tomography (3D-APT) 

Imago Scientific Local Electrode Atom Probe (LEAP 3000X HR) was used in the current 

study to obtain detailed composition information at nano-scale interface region. 0.1 nm resolution 

of composition measurement along the depth direction and 0.2 nm resolution in the lateral direction 

could be achieved. Generally, in 3D atom probe, the dimension of scanned volume is 10-20nm × 

10-20 nm in area and 100-250nm in depth. The time required to run the experiment and accumulate 

the data from this volume might be 20H or more. The raw data will then be used to reconstruct 

and analyze the structure by IVAS software.  

3.7 Modeling Tools 

3.7.1 Pandat™ 

PANDAT™ 8 software (2008), from CompuTherm LLC, is an integrated computational 

tool to calculate phase diagram and to simulate materials properties. Using PanEngine, Gibbs free 

energy of every phase can be calculated applying specific thermodynamics parameters. These 

parameters are used to fit the experimental data to fit the simulated models. The database that was 

used in this dissertation was PanTitanium, and the parameters were taken from the Scientific Group 
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Thermodata Europe (SGTE) compilation by Dinsdale [80]. In the current work, Pandat was used 

mainly in the following aspects: 

1. Calculate β transus temperature of various titanium alloys

2. Plot phase diagrams of binary titanium alloy

3. Plot Gibbs free energy curves of binary titanium alloy at various temperatures

3.8 Mechanical Testing Tools 

3.8.1 Mini-Tensile Tester 

A custom built computer controlled mini tensile testing machine, equipped with a 500 lbs 

load cell, and a LVDT setup was used. Tests were performed under strains of 10-3 and 10-5 per 

second. Elevated temperature testing was done using a split tube furnace which was mounted 

around the specimen grip area. An external thermocouple was also used for calibration. 

Figure 3-2: Mini tensile test assembly [126] 
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CHAPTER 4  

EVOLUTION OF ω PHASE/PRECIPITATES AND ITS INFLUENCE ON MECHANICAL 

PROPERTIES IN BINARY Ti-12WT. %Mo ALLOY 

4.1 Introduction 

This chapter discusses the evolution of ω; from the athermal phase, formed upon quenching 

from above the β transus, to the formation of isothermal ω upon the subsequent aging at a higher 

temperature in the binary Ti-12wt. %Mo alloy. Following this, the mechanical properties of these 

microstructures will be discussed in detail; both at room and elevated temperatures. Finally, the 

effect of β phase stability on the mode of deformation will be discussed.  

4.2 Microstructural Evolution 

To study the microstructural evolution, three conditions have been chosen: (i) β 

solutionized (900 oC/30min +WQ), (ii) aged at 475 oC for 30 minutes, and (iii) aged at 475 oC for 

48H as illustrated in the schematic in Figure 4-1.    

 

 

 

 

 

 

 

 

 

*Parts of this chapter (section  4.3 & 4.4) have been previously published either in part or full from 

S.A.Mantri et al, Scripta Materialia, 2017(130), PP, 69-73. Reproduced with permission from Elsevier.  

Figure 4-1: Schematic diagram showing the heat treatment for the binary Ti-12wt. %Mo alloy 
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4.2.1 Quenched/Athermal ω 

The as received Ti-12wt. %Mo sample was first β solutionized at 900 oC for 30 minutes 

under an argon atmosphere. Following this, the sample was rapidly quenched into water. The SEM 

image shown in the Figure 4-2(a) does not reveal any information regarding the phases present or 

the grain structure of the sample. As such, EBSD was done on this condition to determine the 

starting grain size of the sample. The inverse pole figure (IPF) map presented in Figure 4-2(b) 

shows that the β-solutionized microstructure consisted of huge β grains with an average diameter 

greater than 1mm and no external mechanical processing was done to change the starting grain 

size. This was the starting condition for all the samples.  

  

100 mm

a ETD

b IPF

100 mm

Figure 4-2 SEM image(a) and EBSD IPF map(b) showing the starting grain size after β 

solutionizing heat treatment. 
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4.2.1.1 Transmission Electron Microscopy 

To help us further identify the presence of precipitate phases after β solutionizing (e.g. 

athermal ω), TEM examination was carried out on thin foils extracted from three separate β-

solutionized specimens. A representative selected area diffraction pattern (SADP) recorded along 

the [011]β zone axis is shown in Figure 4-3(a). The [011]β SADP showed intensity maxima at 

1/3and 2/3{112}β typically associated with the ω phase. Such ω reflections are an outcome of the 

orientation relationship between the ω (space group: P6/mmm) and β (space group: Im-3m) phases 

[2-1-10]ω || [011]β and [0001]ω || [-11-1]β [11] [81]. The other thing to note here is the absence 

of any diffuse scattering. This is indicative of the full collapse of the {222}β planes, leading to an 

ideal hexagonal structure [82]. DFTEM image (Figure 4-3(b)) obtained by capturing all the four 

reflections of athermal/quenched ω (encircled in the SADP) show a high density of nano-sized 

precipitates in the β matrix. These precipitates on average were less than 10nm in size.   

 

[011]b

0 011b

211b200b

0111w

0001w

a

100 nm

b

Figure 4-3 Microstructure of β solutionized Ti-12wt. %Mo sample (a)SADP pattern along 

[011]β (b)dark field TEM image showing the athermal ω precipitates obtained using the 

reflections highlighted in (a)   
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4.2.1.2 3D Atom Probe Tomography  

The β-solutionized specimen was further examined with atom probe tomography (APT) to 

look for compositional partitioning within the β matrix.  A 3D reconstructed atom probe tip 

showing a raw ion map of Ti and Mo is shown in the Figure 4-4(a). A qualitative assessment of 

the ion maps did not reveal any discernable partitioning within the β phase. Therefore, Langer-

Baron-Miller (LBM) analysis was performed on the raw data of the Mo ions and statistically 

compared to a theoretical binomial distribution (a random distribution) [83]. The concentration of 

Mo was calculated in every 100 ion bins, and the Mo-rich section of the histogram frequency vs. 

Mo concentration is plotted in Figure 4-4(b). In the same plot the binomial distribution is also 

shown and it can be seen that both the distributions are almost similar. Table 4 shows the 

composition obtained from the atom probe data. The composition was determined using 5 different 

spheres within the reconstruction and averaged out [83]. There was no discernable change from 

the original alloy composition. In other words, the APT could not detect composition partitioning 

in the WQ condition, and for all practical purposes the β-solutionized microstructure can be 

considered as a compositionally homogeneous bcc β matrix.  

Table 4-1: Atom Percent and Weight percent obtained via APT of the β solutionized 

sample 

Ion Atom Percent Weight Percent 

Ti ~93.5 ~88 

Mo ~6.5 ~12 
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Figure 4-4: APT results of the β solutionized sample, (a) 3D reconstructed ion map showing both 

Ti and Mo ions. (b) LBM analysis of the same data set. 

4.2.2 Aged/Isothermal ω  

The β-solutionized specimens were further annealed at 475 oC for 30 minutes and 48H to 

fully develop the isothermal ω precipitates. As mentioned earlier, the β solutionized condition was 

the starting step for these samples. The samples were then wrapped in titanium foil and titanium 

sponge was placed next to the sample to prevent any oxidation. The initial SEM image analyses 

of these samples did not reveal much information regarding the precipitate formation (the grain 

size was the same as shown in the case of the β solutionized sample), and as such, these results are 

excluded from the present discussion. TEM and APT analyses are presented below.  

4.2.2.1 Transmission Electron Microscopy 

The microstructure obtained after 30 minutes of annealing at 475 oC is presented in Figure 

4.5. Similar to the β solutionized condition, the sample was first oriented to [011]β zone axis and 

a SADP was captured. The [011]β SADP exhibited discreet ω reflections at 1/3 and 2/3 {112}β 

positions – similar to the β-solutionized condition, except with a slightly higher intensity (the 
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conditions to obtain the SADP were all maintained the same).  As previously stated, such ω 

reflections are an outcome of the orientation relationship between the ω (space group: P6/mmm) 

and β (space group: Im-3m) phases [11] [81]: [2-1-10]ω || [011]β and [0001]ω || [-11-1]β. The 

DFTEM image obtained by capturing all the four reflections of isothermal ω (encircled in the 

SADP) show a high density of homogeneously distributed ω precipitates in the β matrix. These 

precipitates were noted to in the range of ~35-50nm in size.   

 

 

 

 

 

 

 

The microstructure after 48H annealing is shown in Figure 4-6. Similar to the previous two 

conditions, the [011]β SADP captured showed intensity maxima at 1/3and 2/3{112}β. The 

intensity of the ω spots observed here seemed sharper and more intense compared to the earlier 

cases. This is probably due to the increase size/volume fraction of the ω precipitates. The DFTEM 

image obtained by capturing all the four reflections of isothermal ω (encircled in the SADP) 

showed that the ellipsoidal ω precipitates have coarsened to ~80-100nm in length along the long 

axis. The additional reflections noted in this condition are due to double diffraction.  
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Figure 4-5 Microstructure of β solutionized + 475 oC/30 minutes of Ti-12wt. %Mo sample 

(a)SADP pattern along [011]β (b)dark field TEM image showing the isothermal ω precipitates 

obtained using the reflections highlighted in (a)   
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4.2.2.2 3D Atom Probe Tomography 

Compositional partitioning between the constituent phases, after 30 minutes of annealing, 

was further examined using APT.  The raw ion map of the reconstructed atom probe tip clearly 

showed regions depleted in Mo. These solute depleted regions are identified as ω precipitates, and 

their morphology is depicted as an inset in Figure 4.7, via 85at%Ti iso-concentration surface (or 

isosurface). The diameter of the ω precipitates (~35-50 nm) were consistent with the TEM 

observations (Figure 4-5(b)). The isosurface further allowed us to quantify elemental partitioning 

across ω/β interfaces via a proximity histogram (or proxigrams [83]).  The calculated proxigram, 

presented in Fig 4.7(b), indicated that the ω precipitates are enriched in Ti, but lean in Mo.  

[011]b

0
011b

211b200b

0111w

0001w

a b

100 nm

Figure 4-6: Microstructure of β solutionized + 475 oC/48H of Ti-12wt. %Mo sample (a)SADP 

pattern along [011]β (b)dark field TEM image showing the isothermal ω precipitates obtained 

using the reflections highlighted in (a) 
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Figure 4-7 APT results after 30 minutes of aging at 475 oC (a) 3D reconstructed ion map 

showing both Ti and Mo ions (b) average proxigram showing Mo concentration across β/ω 

interface.  

The solute content of β and ω phases was further investigated using APT for the sample 

aged for 48H and shown in Figure 4-8.  Similar to the 30 minute condition (Figure 4.7), the raw 

ion maps of Ti and Mo after 48H of annealing, indicated that the ω precipitates are solute depleted 

pockets. The coarse ω precipitates are depleted in Mo (~ 2 at. % Mo), while the surrounding β-

matrix is Mo-rich with ~ 16at. % or 27wt. % Mo. These compositions were measured by 

delineating the ω precipitates with an 85at. % Ti isoconcentration surfaces (inset in Fig. 4.8(b)) 

[83] and then measuring a 1D composition profile across the ω/β interface using a cylinder of 

diameter ~ 10 nm.  

Table 4-2: Atom and weight percent obtained via APT of the 475 oC/48H aged sample 

Ion Atom Percent (β) Weight Percent(β) Atom Percent(ω) Weight Percent(ω) 

Ti 84 73 98 96.07 

Mo 16 27 2 3.93 
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Figure 4-8:  APT results after 48H of aging at 475 oC (a) 3D reconstructed ion map showing 

both Ti and Mo ions (b) plot of 1D composition profile indicating Mo partitioning across ω/β 

interfaces (shown with isoconcentration surfaces in inset) 

Thus, the TEM and APT results show that β-solutionizing followed by subsequent 

annealing results in well-developed coarse ω precipitates with substantial compositional 

partitioning between these precipitates and the surrounding β-matrix. 

4.3 Mechanical Properties 

Following the microstructural analysis, the mechanical properties of two conditions: β (β-

solutionized) and β+ω (after 48H of annealing at 475 ºC) were examined by subjecting them to 

tensile quasi-static loading conditions (strain-rate ~10-3s-1 for room temperature and elevated 

temperature testing (at 300 oC)).  This was done in order to fully understand the influence of ω 

phase/precipitates on the mechanical behavior of the materials.  

4.3.1 Room Temperature Testing 

Figure 4-9 shows the tensile test results in the form of engineering stress vs. engineering 

plastic strain curves for the different conditions. The β-solutionized sample tested at room 
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temperature exhibits a pronounced strain hardening, leading to an ultimate tensile strength (UTS) 

of ~ 550 MPa, and a ductility of 35%. In contrast, the specimens pre-annealed at 475 °C/48H (room 

temperature tested) exhibits a significantly higher UTS of 1073 MPa and rather limited ductility 

(< 5%). To summarize in a sentence, the aging resulted in an increase of the ω precipitate size, 

leading to an increase in overall tensile strength, but a reduction in strain to failure.  

To further understand the mechanical behavior, tensile specimens from these conditions 

(β-solutionized and subsequent annealing at 475 ºC for 48H) were mechanically polished, and then 

deformed to failure under tension.  Subsequently, SEM observations were performed near the 

necking region and the fracture surfaces. 

 

 

 

 

 

 

 

 

 

 

 

4.3.1.1 Scanning Electron Microscopy 

Deformation features in the β-solutionized condition after room temperature tensile testing 

are shown in the SEM image in Figure 4-10(a). Surface features indicating the presence of 

Figure 4-9: Engineering Stress-Strain curves of the β solutionized and β solutionized + aged 

(475 oC/48H) samples 
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deformation twins are clearly visible (indicated via arrows in Figure 4-10(a)) [84], and these 

occurred at multiple scales. The inset in Figure 4-10(a) shows a magnified part of one of 

the major twins and, revealed the presence of finer scale minor twins in between the thicker major 

twins. To further understand the deformation mode, the fracture surface was examined, Figure 4-

10(b), and presence of multiple “dimples” was revealed. A higher magnification image of the same 

regions shows “dimples” forming of various length scales. This is in accordance with the literature 

wherein the tensile ductile fracture shows a fracture surface full of “dimples” [21] [85] [22] [13].   
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Figure 4-10: Deformed surface (a) and fracture surface (b) of β solutionized sample after 

fracture. High magnification images are shown in inset 
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In stark contrast to the β-solutionized condition, the annealed (at 475 °C/48H) specimen 

did not show any signs of deformation twinning (Figure 4-11(a)). Deformation in the annealed 

specimens was dominated by slip, which manifested as terraces on the sample surface within 

macroscopic deformation bands. The slip bands were mostly confined within the grains and they 

had a “waviness”; consistent with the deformation modes seen in bcc metals [13] [14] [22] [21]. 

In other words, the annealed specimens deform via primarily dislocation motion, coupled with slip 

localization, at room temperature. The interesting point to note when looking at the fracture 

surface, Figure 4-11(b), though is the similarities with the β solutionized condition. Even though 

mechanical behavior was very different the fracture surfaces looked very similar. The presence of 

dimples was noted even in this case, even though less than 5% ductility was obtained. According 

to Williams et al., this is probably due to the localized plasticity, resulting in the formation of 

microvoids [1] [22] [85]. These microvoids further coalesce to form what we then see as dimples.  
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Figure 4-11 Deformed surface (a) and fracture surface (b) of 475 oC/48H aged sample 

after fracture. High magnification images are shown in inset 
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Following the initial SEM observations, EBSD based analyses was also done in order to 

gain further information about these samples. For the β solutionized condition, the presence of 

twinning was confirmed with electron back-scattered diffraction (EBSD) analysis, which is shown 

in Figure 4-12(a) by overlaying inverse pole figure and image quality maps (IPF + IQ). The twins 

could be indexed as {332}<113> kind - consistent with previous reports of deformation twinning 

in the same alloy [65] [66]. Further work needs to be done in order to ascertain the presence of any 

stress induced martensite, SIM (either α’ or α″), in the deformed samples. This will be talked about 

in the subsequent sections. As mentioned previously, deformation in the annealed specimens, aged 

at 475 oC/48H was dominated by slip, which manifests as terraces on the sample surface within 

macroscopic deformation bands. EBSD-based trace analysis, shown in Figure 4-12(b), of the slip 

lines indicates that these form along the {011}β planes.  

Further analysis of the β solutionized sample, showing the twins, was done from the data 

obtained via EBSD. Figure 4-13(a) shows the EBSD IPF map of the sample with two specific 

regions of interest. Region 1, marked with the red rectangle in Figure 4-13(a) is isolated and shown 
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b solna 475oC/48H

100mm

b 475oC/48H

100 mm

Figure 4-12: EBSD IPF+IQ maps of (a) β solutionized sample (b) 475 oC/48H aged sample 
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in the Figure 4-13(b). Two discrete plots of these regions are also shown and the from these it can 

be seen that the matrix and the twin have an orientation relationship of {113}matrix//{111}twin. This 

is also confirmed via TEM analysis, which will be discussed in detail in the subsequent sections.  

As mentioned previously, while the preliminary analysis did not reveal the presence of any 

stress induced martensite formation, looking closely at the region 2, highlighted using the blue 

rectangle and shown in figure 4-13(c), gives us more insight into this. The discrete plots using the 

two different “phases”, shown in the IPF, reveals the presence of the Burgers orientation 

relationship observed between β and α phases [11] [16]: {0001}α//{011}β ; <11-20>α//<111>β. 

The stress induced martensite, α’, also follows a similar OR to the β phase. Thus, the presence of 

the SIM (α’) is also confirmed which proves the existence of TWIN/TRIP effect in this system 

[16] [65] [66] [72] [86] 
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Figure 4-13: (a) EBSD IPF map showing two ROI (b) ROI-1 showing the OR between the matrix 

and twin plate using discrete plot (c) ROI-2 showing the OR between beta matrix and stress 

induced martensite (α’) 
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4.3.1.2 Transmission Electron Microscopy 

TEM based analyses was also done on the sample which showed the TWIP/TRIP effect to 

fully understand the microstructure. The same sample on which the earlier SEM investigations 

were done was used to make the TEM sample. The sample was made via FIB to get site-specificity 

[87]. Figure 4-14 shows the area from where the sample was made, with figure 4-14(b) showing a 

higher magnification image of the same region. The sample was made in such a way that half of 

the sample was within the twin band, while the other half was from the β matrix. This was done in 

order to also check the effect of deformation twins on the athermal ω precipitates, if any.  

 

Figure 4-14: (a) Backscattered SEM image of deformed β solutionized sample from which the 

TEM lift-out was obtained. (b)High magnification image of the same. 

A low magnification bright-field TEM (BFTEM) image is shown in the Figure 4-15(a). 

Almost the entirety of the lift-out is covered in this image.  The major regions have been marked 

as seen. Two SAD patterns have been collected from the β matrix and the “major” twin region 

without changing any imaging conditions; i.e. selected area aperture width, camera-length, 

condenser intensity and exposure time. As can be seen, the two diffraction patterns were indexed 
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as {113}β for the matrix, and {111}β for the twin. This is in agreement with the earlier EBSD 

observations.  

Following this, each individual region of this sample was further analyzed to get more 

insights into the deformation mechanism of the sample. Figure 4-16(a) shows a higher 

magnification BFTEM image of previous figure. The interesting point of note here is the presence 

of a plate “dividing” the matrix and the “major” twin region. SADP analyses of the sample revealed 
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Figure 4-15: (a) Low magnification BFTEM image of the FIB lift-out showing all the major 

regions of the sample (b) SADP obtained from the matrix, (c) SADP obtained from the “major” 

twin region.  
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the plate to be SIM (α”) [86] [88] [67]. This is further corroborated when we look at the orientation 

relationship between the bcc β matrix and the orthorhombic SIM (α”) plate: [011]β//[001]α”. The 

other thing to note here is the presence of twins within the plate, which has been traditionally 

associated with the SIM (α”) [11] [16] [89].  
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Figure 4-16: (a) BFTEM image showing the major regions of the deformed sample. (b) SADP 

obtained from the undeformed matrix (c) SADP obtained from the stress induced martensite (α”) 

plate. 
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Once it was established that plate was indeed SIM (α”), the focus was on the “major” twin 

region. A close examination of this region revealed the presence of further twinning. From this, it 

can be said that this microstructure exhibited a classic case of hierarchical twinning [90] [91]. 

Another important thing of note here, i.e. within the “major” twin, is the lack of evidence of any 

ω phase. SAD patterns obtained from three different regions along the [011]β phase did not show 

any extra spots corresponding to the ω phase, as was seen in the Figure 4-15. This could probably 

mean that, during the twinning, the ω phase is sheared off and dissolves back in to the β matrix 

[92]. Further analyses using aberration corrected microscopy needs to be done in order to be certain 

of the same.  
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Figure 4-17: SAD patterns obtained from three different regions of the "major" twin region 
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To summarize the room temperature mechanical behavior, the microstructural analysis of 

the room temperature deformed specimens and their corresponding stress-strain plots indicates 

that formation of twins and SIM (α”), the TWIP/TRIP effect, promotes ductility [65] [66] [72] 

[67], and that coarse ω increases strength while substantially reducing ductility, as reported 

previously [21] [22] [24].  

4.3.2 Elevated Temperature Testing 

When tested at 300 °C, the β-solutionized specimens showed three major changes as 

compared to the room temperature test: (i) reduction in UTS (~ 350 MPa), (ii) a noticeable 

decrease in the overall ductility and, (iii) no strain hardening is observed. In comparison, the β 

solutionized and annealed specimen showed a pronounced ductility increase (~ 15%) with respect 

to its corresponding room temperature test. The other point of note regarding the elevated 

temperature tensile tests is the appearance of serrations on the stress-strain flow curves, which 

consist of nearly alternating load drops and rises.  

  

Figure 4-18: Engineering stress-strain plots of β solutionized and β solutionized + aged  

(475 oC/48H) samples at 300 oC 
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4.3.2.1 Scanning Electron Microscopy 

In contrast to the room temperature testing, for both β solutionized as well as β solutionized 

and annealed samples(475 oC/48H), elevated temperature testing produced discernable serrations 

in the stress-strain flow curves of both types of specimens (Figure 4-18), which suggests 

substantial differences in the mechanical response at the two testing temperatures. Therefore, 

microstructures from specimens deformed at 300 °C testing were investigated, and these 

observations are summarized in Figure 4-19 (a) and (b) for β-solutionized and β-solutionized plus 

annealed conditions respectively (475 oC/48H). The SEM images for both conditions showed 

multiple slip bands (indicative of dislocation dominated plasticity) but no indication of twinning 

was observed. The SEM images shown here do not provide sufficient mechanistic understanding 

of the serrations observed in the stress-strain plots. Consequently, the deformed microstructures of 

β-solutionized and the annealed were further examined in detail with TEM.  
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4.3.2.2 Transmission Electron Microscopy 

For this purpose, TEM foils from both conditions were extracted using a dual-beam FIB 

from regions exhibiting maximum shear stress (as shown in Figure 4-19(b)). Figure 4-20 (a) and 

(b) show the dark-field TEM images of deformed β-solutionized and β-solutionized plus annealed 

specimens, respectively, which were recorded by selecting all four ω reflections in the [011]β zone 

axis (shown as insets in the dark-field images). Invariably, “ω-free” channels was observed in both 
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Figure 4-19: SEM images of (a) β solutionized (b) 475 oC/48H aged sample, tested at elevated 

temperature 
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dark-field images, which indicates that ω precipitates irrespective of their size scale, are sheared 

by dislocations during plastic flow at elevated temperatures [93] [94] [95].  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Past studies have indicated that the shearing of ω precipitates forms ω-free channels, and 

causes load-drops in the engineering stress-strain curves [93] [94] [96]. Therefore, the load-drops 

seen in the flow curves of the elevated temperature tested specimens can be correlated with the ω-

free channels (dark-field images shown in Figure 4-20). The corresponding load rises observed in 
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Figure 4-20: DFTEM images showing ω free channels in (a) β solutionized sample (b) β 

solutionized + 475 oC/48H aged sample 



 

 

54 

 

the flow curve serrations presumably formed via dislocation locking mechanisms typically 

reported in systems exhibiting Portevin Le-Chatelier (PLC) effect. Previously reported 

investigation of an ω-forming Ti-15wt. %Mo alloy (comparable to the alloy being investigated 

here) at a range of elevated temperatures had suggested that dynamic re-precipitation of ω within 

the prior ω-free channels (e.g. Figure 4-20 (a) and (b)) could restrict dislocation motion leading to 

the load rises and cause serrations in the tensile flow curves [93]. More recently, it has been 

proposed that hexagonal α phase precipitation within ω-free channels in the β-21S alloy can cause 

similar PLC-like effects [94]. Therefore, there are several possible mechanisms that can explain 

the load-rise seen observed in the present case, and this requires further investigation. Regardless, 

the shearing of ω precipitates at elevated temperature has substantially increased the ductility of 

microstructures containing coarse isothermal ω precipitates, compared to the ductility observed at 

room temperature (from ~ 2% to ~ 25%). Interestingly, the ductility of β-solutionized specimens 

reduced at elevated temperature to ~ 15% from ~ 35% at room temperature. This suggests that the 

TWIP effect (and possibly TRIP) [66], which causes substantial strain-hardening during room 

temperature tensile testing of the β-solutionized Ti-12wt. %Mo alloy, leading to a higher ductility, 

is suppressed during high temperature testing [68]. This is not an uncommon phenomenon, as the 

effect of temperature change on the deformation mode, changing from twin to slip, has been widely 

reported (CRSS for slip at elevated temperatures is lower; easier to slip at elevated temperatures) 

[13] [14] [97].   

4.4 Effect of Phase Stability on Deformation Mode 

Since the development of the electron based approach for the designing of new class of 

titanium alloys by Morinaga et al [59] [98] [61], there has been a large interest in understanding 

the phase transformations and the deformation behavior of the β titanium alloys based on their 
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phase stability. The phase stability here is determined based on two specific values: Bo and Md. 

Bond order (Bo) measures the average covalent bond strength between Ti and an alloying element 

while Md is the average d-orbital energy level calculated on a body-centered cubic cluster.  

Understanding β phase stability is critical since it is intricately associated with the 

deformation behavior of β-Ti alloys [64]. Slip is the most common deformation mechanism 

observed in these alloys [1] [13] [14]. However, few alloy systems like Ti-1023 (Ti-10V-2Fe-3Al) 

are susceptible to deformation induced α″ martensite formation [16] [99] [72], while, on the other 

hand, Ti-15Mo-5Zr deforms via {332}<113> twinning [89]. Recently, however, Sun et al. in their 

work on Ti-12wt. %Mo and Ti-Mo-W [66] [100] [69] have shown that, using Bo-Md plot, both 

these deformation modes could be concurrently activated which would yield better mechanical 

properties. Interestingly, such deformation-Bo-Md correlations are typically limited only to β-

solutionized alloys where the microstructure exhibits no compositional partitioning between the 

coexisting phases. As mentioned previously, recently a lot of alloy design efforts have been based 

on the “d-electron method”– originally proposed by Morinaga et al [59]. This approach aims at 

providing a physical background to the phase stability and phase transformations in titanium alloys 

by connecting the values of two electronic parameters, Bo (the covalent bond strength between Ti 

and alloying elements) and Md (the mean d-orbital energy level concerning electronegativity and 

elements radius) to the stability of the β phase. While the Bo-Md plots obtained from this approach 

can also evaluate the “stability” of the β phase, i.e., for a given concentration of β-stabilizers in the 

alloy, on quenching from the single β phase field, if the β will precipitate secondary phases like ω, 

martensite etc., or will retain its single phase bcc structure, it can also give insights into the 

deformation mode of these alloys. The prevalent deformation mechanisms contributing to the 

tensile response will now be discussed in the context of Bo-Md plots. Figure 4-21 displays a 
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selected region of the phase stability map based on the “d-electron” theory proposed by Morinaga 

et al [59]. The three major partition lines seen here show the martensite start (Ms-RT), martensite 

finish (Mf-RT) and the β/β ω phase boundary. The diagram also indicates the deformation modes: 

slip, twin, or stress induced martensite (SIM), α″, depending on the phase stability regimes. Such 

changes in deformation mechanisms can also be represented via the Mo alloying-vector (Mo 

composition within the β-matrix increases along the arrow direction) as can be seen, which 

intersects different regimes of phase stability. 

Ti-12wt. %Mo in its β-solutionized condition lies in a regime which exhibits both 

deformation twinning and formation of SIM (α″). This leads to the phenomenon of twinning 

induced plasticity (TWIP) and transformation induced plasticity (TRIP), experimentally observed 

in this alloy. However, in the β solutionized and annealed condition of the Ti-12wt. %Mo alloy, 

the composition of the β matrix is no longer Ti-12wt. %Mo, but rather it has changed to Ti-27wt. 

%Mo (refer to section 4.2.2.2)). Therefore, one would expect that for the β matrix, slip would be 

the primary mode of deformation in the annealed condition (Figure 4-21). The Bo-Md plot 

suggests a “twin to slip” transition in the principal deformation mode when the alloy condition 

changes from β-solutionized to β solutionized and annealed (475 oC/48H). Thus, the twin-to-slip 

transition seen in Figure 4-21 clearly indicates that the Bo-Md diagram can be potentially applied 

to predict the operative matrix deformation mechanism in compositionally partitioned multi-phase 

β titanium alloys, such as the β + isothermal ω microstructure being investigated in this study, 

provided the composition of the β matrix is taken into account, rather than the average alloy 

composition.  

However when the samples are tested at elevated temperature tests, this theory fails. This 

is shown by the fact that the β solutionized sample, when tested at 300 oC does not show any twin 
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features, and indeed deforms by slip.  It is possible that the elevated temperature testing could 

cause an increase in the β phase stability, which would lead to change in the deformation mode 

going to slip [72] [67] [68]. It is however difficult to delineate the two effects (CRSS vs phase 

stability). 

However, this clearly indicates that the presently used Bo-Md diagrams fall short of 

predicting deformation mechanisms at elevated temperatures and therefore such diagrams need 

further development.  
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Figure 4-21: Bo-Md plot correlating β-matrix compositions, in the β-solutionized and annealed 

specimens, with predicted deformation mechanisms. 
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4.5 Conclusions 

This chapter describes the characteristics of ω phase in the binary Ti-12wt. %Mo in terms 

of microstructure and mechanical behavior. The phase transformation has been investigated using 

scanning and transmission electron microscopy, and 3D atom probe tomography techniques. The 

structural and morphological evolution from the athermal/quenched ω followed by isothermal ω 

is studied in detail. Specifically, the following conclusions can be drawn: 

1. On quenching from above the β transus the presence of athermal ω was detected in the β 

matrix. The precipitates were less than 10nm in size and from the 3D APT results, it was 

established that they are compositionally similar to the β matrix. 

2. The aging treatment at 475 oC for different time periods resulted in the growth of the ω 

precipitates. The structural growth was tracked using transmission electron microscopy 

wherein the ω precipitates grew from ~35-40nm to about 80-100nm in size along the longer 

axis. 3D APT results showed compositional partitioning following the formation of the ω 

precipitates. The ω precipitates in both conditions rejected Mo.    

3. Following this, the mechanical behavior of these microstructures, tested at room and elevated 

temperatures was discussed. Combined TWIN & TRIP effects were shown in the β 

solutionized sample, while the aged sample deformed via slip. Change in deformation mode 

from twin to slip was noted in the room temperature tests due to the isothermal annealing 

treatment. This was attributed to the change in the β phase stability (composition) which 

occurred during the annealing, due to substantial rejection of Mo from the growing ω 

precipitates.  
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4. When tested at elevated temperature (300 °C), while the β-solutionized plus annealed samples 

follow the commonly observed pattern in many alloys; i.e. increased ductility and lowering of 

UTS, the only β-solutionized specimens showed a reduction in ductility. This has been 

attributed to the suppression of enhanced plasticity and strain-hardening induced by TWIP 

and TRIP effects, observed in room temperature testing, during elevated temperature testing. 

The formation of ω–free channels and the possible dynamic precipitation of new second phase 

precipitates within these ω-free channels, could potentially account for the serrations observed 

in the stress-strain curves during elevated temperature testing. 
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CHAPTER 5  

EVOLUTION OF ω PHASE/PRECIPITATES AND ITS INFLUENCE ON MECHANICAL 

PROPERTIES IN β-21S 

5.1 Introduction 

This chapter discusses the evolution of ω; from the athermal phase, formed upon quenching 

from above the β transus, to the formation of isothermal ω upon the subsequent aging at a higher 

temperature in the commercial β-21S alloy. Following this, the mechanical properties of these 

microstructures will be discussed in detail; both at room and elevated temperatures. 

5.2 Microstructural Evolution 

The samples were first heat treated above the β transus temperature of β-21S, at 900 oC for 

30 minutes followed by water quenching. The choice of β solutionizing temperature was guided 

by the work of Chaudhuri et al. [74] . The samples were further subjected to isothermal annealing 

at 350 oC for periods ranging from 0H to 100H. The schematic of all these heat treatments has 

been shown in Figure 5-1.   

 

 

 

 

 

 

 

*Parts of this chapter (section 5.2 & 5.3.2) have been previously published either in part or full from D 

Choudhuri et al, Scripta Materialia, 2016(124), PP, 15-20. Reproduced with permission from Elsevier. 

Figure 5-1: Schematic showing the heat treatments for β-21S 
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5.2.1 Quenched/Athermal ω 

The as received β-21S sample was first β solutionized at 900 oC for 30 minutes under an 

argon atmosphere. Following this, the sample was rapidly quenched into water. The SEM image 

shown in the Figure 5-2(a) does not reveal any information regarding the phases present or the 

grain structure of the sample. As such, EBSD was done on this condition to determine the starting 

grain size of the sample. The inverse pole figure (IPF) map presented in Figure 5-2(b) shows that 

the β- solutionized microstructure consisted of equiaxed β grains with an average diameter 

94±34μm.  To identify the presence of precipitate phases after water quenching (e.g. athermal), 

TEM examination was carried out on thin foils extracted from three separate β-solutionized 

specimens. 

5.2.1.1 Transmission Electron Microscopy 

A representative selected area diffraction pattern (SADP) recorded along the [011]β zone 

axis is shown in Figure 5-3(a). The [011]β SADP indicated only reciprocal lattice streaking (RLS) 

in addition to the primary bcc β phase reflections.  Recent studies on Ti-Mo, Ti-Mo-Al, Ti-Nb and 

100 mm

a ETD

100 mm

b IPF

Figure 5-2: SEM image (a) and EBSD-IPF map(b) showing the starting grain size after the β 

solutionizing heat treatment 
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Ti-Nb-Zr alloys have suggested that such RLS in β-stabilized Ti-alloys result from instabilities 

within the bcc lattice; leading to the formation of a nanoscale orthorhombic phase in some cases 

[12] [82].   However, the presence of such a phase in β-21S needs further investigation using 

atomistically resolved aberration corrected microscopy [12] [82]. Furthermore, the absence of 

discernable discreet precipitate reflections suggests that either the athermal ω precipitates has not 

formed after water quenching, or the volume fraction of athermal ω is too less to allow sufficient 

sampling.  
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5.2.1.2 3D Atom Probe Tomography  

The β-solutionized specimen was further examined with atom probe tomography (APT) to 

look for compositional partitioning within the β matrix.  Figure 5-4(a-d) shows the raw ion maps 

of Ti, Mo, Al, and Nb in 3D reconstructed atom probe tips. A qualitatively assessment of the ion 

maps did not reveal any discernable partitioning within the β phase. Therefore, Langer-Baron-

Miller (LBM) analysis was performed on the raw data of the Mo ions and statistically compared 

to a theoretical binomial distribution (a random distribution) [83]. The concentration of Mo was 

calculated in every 100 ion bins, and the Mo-rich section of the histogram frequency vs. Mo 

concentration is plotted in Figure 5-4(e). In the same plot the binomial distribution is also shown 

and it can be seen that both the distributions are similar. Table 6 shows the composition obtained 

from the atom probe data. The composition was determined using 5 different spheres within the 

reconstruction and averaged out [83]. There was no discernable change from the original alloy 

composition. In other words, the APT could not detect composition partitioning in the WQ 

condition, and for all practical purposes the β-solutionized microstructure can be considered as a 

compositionally homogeneous bcc β matrix.   

Table 5-1 Atom percent and weight percent obtained via APT of the β solutionized sample 

Ion Atom Percent Weight Percent 

Ti 83.37  78.08 

Mo 8.58 16.11 

Nb 1.20  3.17 

Al 6.01  2.8 

Si 0.84 0.46 

 



 

 

64 

 

 

5.2.2 Aged/Isothermal ω 

The β-solutionized specimens are further annealed at 350 oC for 20H and 100H to fully 

develop the isothermal ω precipitates. The SEM image analyses of these samples did not reveal 
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Figure 5-4: 3D APT reconstructions of raw ion maps of (a)Ti, (b)Mo, (c)Al, (d)Nb (e) LBM 

analysis of the same data set 
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much information regarding the precipitate formation and as such, these results are excluded from 

the present discussion. TEM and APT analyses are presented below.  

5.2.2.1 Transmission Electron Microscopy 

The microstructure obtained after 20H of annealing at 350 oC is presented in Figure 5.5. 

Similar to the β solutionized condition, the sample was first oriented to [011]β zone axis and a 

SADP was captured. The [011]β SADP exhibited discreet ω reflections at 1/3 and 2/3 {112}β 

positions –unlike the β-solutionized condition. As previously stated, such ω reflections are an 

outcome of the orientation relationship between the ω (space group: P6/mmm) and β (space group: 

Im-3m) phases [11] [81]: [2-1-10]ω || [011]β and [0001]ω || [-11-1]β. The DFTEM image obtained 

by capturing all the four reflections of isothermal ω (encircled in the SADP) show homogeneously 

distributed ω precipitates in the β matrix. These precipitates were noted to in the range of ~10-

20nm in size.  The microstructure after 100H annealing is shown in Figure 3. The [011]β SADP 

showed intensity maxima at 1/3and 2/3{112}β typically associated with the ω phase (inset in 
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Figure 5-5: Microstructure of β solutionized + 350 oC/20H minutes of β-21S sample (a) SADP 

pattern along [011]β (b) dark field TEM image showing the isothermal ω precipitates obtained 

using the reflections highlighted in (a) 
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Figure 3(a)).  DFTEM image obtained by capturing all the four reflections of isothermal ω 

(encircled in the SADP) showed that the ellipsoidal ω precipitates have coarsened to ~40nm in 

length.  Additionally, extremely fine (~100nm long and ~8nm wide shown in the inset of Figure 

5-6(b)) lath-like features were also noted alongside ω precipitates.  A closer inspection of the 

[011]β SADP in Figure 5-6(a) revealed faint intensity maxima at 1/2 {112}β (arrow in Figure 5-

6(a)), which corresponds to  hcp α phase. The lower intensity of α reflections, compared to ω 

reflections, is possibly due to comparatively lower volume fraction of α - also consistent with the 

DF image presented in Figure 5-5(a).   

5.2.2.2 3D Atom Probe Tomography 

Compositional partitioning between the constituent phases, after 20H of annealing, was 

further examined using APT.  The raw ion maps of the reconstructed atom probe tips showed 

regions depleted in Mo, Al, and Nb. (circles in Figure 5-8 (b-d)). These solute depleted regions are 

identified as ω precipitates, and their morphology is depicted as an inset in Figure 5-8(e) via 
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Figure 5-6: Microstructure of β solutionized + 350 oC/100H minutes of β-21S sample (a) SADP 

pattern along [011]β (b) dark field TEM image showing the isothermal ω precipitates obtained 

using the reflections highlighted in (a) 
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85at%Ti iso-concentration surface (or isosurface [83]). The diameter of the ω precipitates (~ 10-

20 nm) were consistent with the TEM observations (Figure 5-5(b)). The isosurface further allowed 

us to quantify elemental partitioning across ω / β interfaces via a proximity histogram (or 

proxigrams).  The calculated proxigram, presented in Fig 5-8(e), indicated that the ω precipitates 

are enriched in Ti, but lean in Mo and Al along with other minor elements (e.g. Nb and Si).  A 

summary of APT based compositions of ω and β phases after 20H of annealing are listed in Table 

5-2  

Table 5-2: Compositions of β solutionized + 350 oC/20H aged sample obtained via APT 

 

 

 

 

 

 

 

 

 

Ion Atom Percent (β) Weight Percent(β) Atom Percent(ω) Weight Percent(ω) 

Ti 81.57 75.87 95.30 95.09 

Mo 9.45 17.62 1.64 3.28 

Nb 1.40 2.53 0.15 0.29 

Al 6.47 3.39 1.89 1.06 

Si 1.09 0.59 0.48 0.28 
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Thus, the TEM and APT results demonstrate that 20H of annealing at 350 oC resulted in 

fine scale isothermal ω precipitates, which were depleted of solutes.  

 

The solute content of β and ω phases was further investigated using APT.  Similar to the 

20H condition (Figure 5-8), the raw ion maps of Mo, Al, and Nb, after 100H of annealing, indicated 

that the ω precipitates are solute depleted pockets.  Compositional partitioning across ω/ β 
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Figure 5-7: 3D APT reconstructions of 350 oC/20H showing  raw ion maps of (a)Ti, (b)Mo, 

(c)Al, (d)Nb (e) Proxigram showing the change in the composition between the β and ω phases 



 

 

69 

 

interfaces is plotted via proxigram analysis in Figure 5-9(e) and the relevant ω precipitates are 

depicted with 85 at% Ti isosurface as an inset.  The proxigram quantitatively confirms that ω 

precipitates are depleted in solutes, while surrounding becomes solute-rich.  The proxigram also 

detected a Mo pile-up at the ω/β interfaces, which was evident in the 20H annealed specimen (see 

Figure 5-8(e)). The composition of the ω and β phases were also extracted 100H annealed 

specimen (listed in Table 5-3).  A comparison of the ω and β compositions for the two heat-

treatment conditions (20H and 100 H annealed) did not show any substantial changes in the 

composition of β or ω phases.   

Table 5-3: Compositions of β solutionized + 350 oC/100H aged sample obtained via APT 

 

 

Ion Atom Percent (β) Weight Percent(β) Atom Percent(ω) Weight Percent(ω) 

Ti 81.99  75.93 96.63  96.35 

Mo 9.62  17.86 0.93  1.86 

Nb 1.41  2.53 0.33  0.64 

Al 5.21  2.72 1.58  0.89 

Si 1.77  0.96 0.46  0.27 
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Results from the microstructural characterization are summarized as follows: 

1 β-solutionizing did not result in any observable ω precipitation; the microstructure large 

consists of bcc β matrix. 

2 Isothermal ω precipitates were noted after annealing the β-solutionized microstructure at 

350 ºC for 20 and 100H.  The lengths of these precipitates after 20 and 100H of annealing 

were ~10-20 and ~40 nm respectively.   
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Figure 5-8: 3D APT reconstructions of 350 oC/100H showing  raw ion maps of (a)Ti, (b)Mo, 

(c)Al, (d)Nb (e) Proxigram showing the change in the composition between the β and ω phases 



 

 

71 

 

3 After 100H of annealing, extremely fine scale α precipitation was also noted.  However, 

the volume fraction of such α precipitates was substantially smaller compared to ω. 

4 Results from APT reconstructions further indicated that the overall composition of the β 

matrix remained largely unchanged even after the formation of well-developed ω 

precipitates and substantial partitioning across the ω / β interface (Figures 5-8 and 5-9). 

5.3 Mechanical Properties 

The mechanical properties of the β (β-solutionized) and β+ω (after 20 and 100H of 

annealing at 350 ºC) microstructures were further examined by subjecting them to tensile quasi-

static loading conditions (strain-rate ~10-3s-1 for room temperature, and strain rate of 10-5s-1 for 

elevated temperature testing).   

5.3.1 Room Temperature Testing 

The measured engineering stress-plastic strain plots for the three conditions are presented 

in Figure 5-10. The two extreme conditions, i.e. b-solutionized and b-solutionized+350 oC/100H, 

are presented in figure 5-10 (a) and (b) in terms of engineering and true stress-plastic strain plots.  

Figure 5-10(c) documents the change in the UTS and strain to failure value as a function of the 

annealing time. The representative stress-strain plots show striking resemblance in the tensile 

response of the conditions. After reaching yield point, in each case, the flow curves decrease 

monotonically– indicating the absence of any strain hardening during plastic deformation.  The β-

solutionized condition exhibited an excellent ductility ~30% and a reasonable UTS, ~1000MPa or 

1GPa.  Annealing for 20H at 350 ºC retains the UTS (i.e. ~1GPa), but, compared to the β-

solutionized condition, the ductility reduces to ~20%.  After 100H of annealing, the strength 

increased to ~1172MPa while the ductility reduced to ~15%.  A discussion regarding the 

differences in the UTS between the three conditions will be delayed till a latter section.   
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Regardless, it is also worth pointing out that although 100H of annealing at 350 ºC causes a 

noticeable reduction in ductility (compared to β-solutionized condition), the alloy (containing 

well-developed ω precipitates) still retained an excellent combination of strength and ductility.  
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Figure 5-9: Mechanical behavior of the β-21S samples (a) engineering stress vs strain curve, (b) 

true stress vs strain curve (c) change in mechanical behavior as a function of holding time 
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Thus, the mechanical characterization of the three microstructures allowed us to infer two 

key features regarding role of microstructural constituents on the deformation behavior: 

1. The tensile ductility is reduced after annealing at 350 ºC – from 20 to 100H of annealing, 

while the β-solutionized condition exhibited the maximum ductility.  The reduction in 

ductility may be attributed to the growth of isothermal ω precipitates during annealing.  

Notwithstanding, the ω containing microstructures showed remarkable ductility (ranging 

from ~15-20%) even in the presence of this embrittling phase [22] [21].   

2. The flow curves for all conditions invariably indicated strain-softening, regardless of the 

presence of ω precipitates (specimens annealed at 350 ºC for 20 and 100H).  

These two features were further examined in greater detail in the following sections. For 

this purpose, tensile specimens from the three conditions (β-solutionized and subsequent annealing 

at 350 ºC for 20 and 100H) were mechanically polished, and then deformed to failure under 

tension.  Subsequently, SEM observations were performed near the necking region and the fracture 

surfaces.   

5.3.1.1 Scanning Electron Microscopy 

Deformation features in the β-solutionized condition after room temperature tensile testing 

are shown in the SEM image in Figure 5-11. Extensive slip band formation was noted on the 

deformed surface, and the β grains were noticeably elongated along the tensile stress axis. The slip 

bands were also noted to be continuous across the grain boundaries in several cases (arrows in 

Figure 5-11(a)).  To further understand the deformation mode, the fracture surface was examined, 

Figure 5-11(b), and presence of multiple “dimples” was revealed. This is in accordance with the 

literature wherein the tensile ductile fracture shows a fracture surface full of “dimples” [21] [85] 

[22] [13].   
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Figure 5-10: Deformed (a) and fracture (b) surface of β solutionized condition 

 

Following this, EBSD based analyses was done on the β solutionized sample. For this 

condition EBSD was performed on a region in the gauge section, which was far away from the 

fracture surface (Figure 5-12(a)), since it allowed indexing of the Kikuchi-bands (from the parent 

β-matrix) with higher confidence index.  Figure 5-12(b) shows SEM image of the region of interest 

(ROI) and Figure 5-12(c) shows the superimposed image quality (IQ) and inverse pole figure (IPF) 

map of the ROI.  The IQ + IPF map clearly shows slip on several grains, and two such grains are 

shown in Figure 5-12(d).  Trace-analysis performed on the two grains revealed that the slip-bands 

were predominantly parallel to the {110}β planes of the bcc β-matrix. Figure 5-12(e) compares 

the pre-deformation (Figure 5-2) and post-deformation (Figure 5-12(b)) textures using {001}β, 

{011}β and {111}β pole figures.  The differences in the crystallographic orientations are apparent 

in the two sets of pole figures in Figure 5-12(e)), and the maximum texture intensity changes from 

5.56 to 7.50 after deformation.  The differences in texture in pre and post deformation conditions 

may be attributed to lattice rotations in the elongating β grains during tensile deformation.  Such 

rotations are necessary for maintaining five operative slip-modes (without twining) required for 

100 mm

100 mm

100 mm

a

c

e

100 mm

100 mm

100 mm

0h (b soln)

d

f

b soln +350C/20H

b soln +350C/100H

b

sx



 

 

75 

 

plastic deformation [13] [14].  The evidence of grain rotation is also present as surface 

manifestations near the grain boundary regions in the SEM images in Figures 5-11(a).   

 

Figure 5-11: β solutionized sample : (a) Schematic of the tensile sample showing the ROI (b) 

SEM image of the deformed sample with the area marked on which EBSD was done (c) EBSD 

IPF+IQ map (d)two grains showing the trace analysis (e) texture maps before and after 

deformation of the sample. 

The sample which was aged at 350 oC/20H was analyzed next and the deformed surface 

features were very similar to the β solutionized case: extensive slip bands, and grain elongation 

along the tensile axis (Figure 5-13(a)). However, while there were some instances of slip band 

continuity across the boundaries, it was not as homogeneous as the β solutionized case. Such subtle 

differences between the two conditions suggests the presence of the addition deformation modes 
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in the ω forming systems.   The fracture surface, Figure 5-13(b) however did not reveal any 

differences and exhibited the commonly observed dimple fracture. The presence of the additional 

phases or the loss of ductility does not seem to have a pronounced effect on the fracture surface.  

 

Figure 5-12: Deformed (a) and fracture (b) surface of β solutionized + 350 oC/20H 

 

Similar to the b-solutionized condition, the EBSD analysis for the 20H sample was also 

done away from the fracture site in order to get a higher confidence index (Figure 5-14(a)). While 

Figure 5-14(b) shows the SEM image of the area from which the EBSD was done, 5-14(c) shows 

the IPF+IQ map of the highlighted region in 5-14(b). Trace analysis was performed on 2 grains 

(shown in Figure 5-14 (d)) and as expected the slip lines were noted to be parallel to the {110}b 

planes. As the deformed surface in this condition was very similar to the b-solutionized condition, 

no major differences were noted between the two.  
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Finally, the sample which was aged for 100H at 350 oC was analyzed using SEM+EBSD 

techniques.   The deformation features in the 100H annealed specimen (Figure 5-15(a)), which 

were strikingly different from the β-solutionized and 20 H annealed microstructures.  In this 

condition, the slip-bands were predominantly confined within individual grains (although few 

instances of inter-granular slip-bands was noted), and, interestingly, intragranular cracks (marked 

with dotted ellipses) were noted in few grains.   Thus, Figure 5-11, 5-13, 5-15 suggest that the 
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Figure 5-13: β solutionized + 350 oC/20H:  a) Schematic of the tensile sample showing the ROI 

(b) SEM image of the deformed sample with the area marked on which EBSD was done (c) 

EBSD IPF+IQ map (d)two grains showing the trace analysis  
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prevalent plastic deformation modes are affected by the presence of ω precipitates, and that such 

modes may be accentuated in the presence of coarse well-developed ω particles  

 

Figure 5-14: Deformed (a) and fracture (b) surface of β solutionized and 350 oC/100H sample 

Figure 5-16 and 5-17 show the EBSD analysis of the deformed specimen, which was 

previously annealed for 100H. In this condition,  two ROIs are being shown. The location of these 

ROIs in the gage section are as shown. Figure 5-16(b) is the SEM image of the ROI-1 showing an 

intragranular crack, and Figure 5-16(c) presents that IQ+IPF map of ROI-1. Trace analysis 

revealed that, while slip occurs mainly along the {110}β planes(shown using grain 2 in figure 5-

16(e)),  the crack edges were parallel to the {112}β planes. This suggested that the cracks may 

have formed presumably via shear localization on non-closed packed {112}β planes. Similar 

observations were made in ROI-2, shown in Figure 5-17. The SEM image in 5-17(b) showed 

several intragranular cracks, and the trace analysis revealed these to be along {112}b grain 1 in 

Figure 5-17(d)). The direction of the slip lines, shown using the grain 2 (in Figure 5-17(e)) was 

noted to be {110}β. The EBSD results therefore demonstrate that the presence of well-developed 

ω precipitates clearly influence the operative slip systems during the plastic deformation of the β-

matrix. 
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Figure 5-16: β solutionized + 350 oC/100H:  a) Schematic of the tensile sample showing the ROI 

(b) SEM image of the deformed sample with the area marked on which EBSD was done (c) 

EBSD IPF+IQ map (d) and (e) two grains showing the trace analysis 

Figure 5-15: β solutionized + 350 oC/100H:  a) Schematic of the tensile sample showing the ROI 

(b) SEM image of the deformed sample with the area marked on which EBSD was done (c) 

EBSD IPF+IQ map (d) and (e) two grains showing the trace analysis 
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Finally, the results from SEM and EBSD analysis can be summarized as follows: 

1. Fracture surfaces of all specimens exhibited dimpled features, which indicated that even 

ω containing microstructures experienced ductile fracture 

2. The β-solutionized condition exhibited homogeneous deformation via the formation of 

inter and intra-granular slip bands.  These slip band appeared to form on {110}β planes. 

Grain elongation and lattice orientation during plastic deformation was also evident.   

3. The 20H annealed tensile specimen exhibited similar deformation features as the β-

solutionized condition.  However, the surface manifestation of deformation was not as 

homogeneous as the β-solutionized condition.   

4. The 100H annealed specimens also consisted of slip-bands, but they were predominantly 

confined within grains.  In addition, intragranular cracks were also noted, which appeared 

to form on the {112}β planes. 

5. Twinning was not observed in any of the deformed microstructures. 

 

5.3.1.2 Transmission Electron Microscopy 

5.3.1.2.1 β solutionized condition 

The distinct lack of strain-hardening in the flow curves of the β-solutionized (pure β-matrix 

without isothermal ω), 20H, and 100H annealed (with well-developed isothermal ω) conditions 

suggests that such a mechanical response may be attributed to the deformation behavior of the 

parent β-matrix.  Consequently, TEM analysis was carried out on a β-solutionized tensile 

specimen, which was partially strained beyond the yield-stress (marked with arrow in Figure 5-

10(a)). It may be emphasized that precipitation-free β-solutionized condition was chosen because 

it allowed us to clearly image strain-contrast associated with dislocations in only the β-matrix [93] 

[92], and avoid complications arising from dislocation entanglements with prior precipitation.  

Results from the TEM observations are summarized in Figure 5-18 via bright-field TEM 

(BFTEM) images. The BFTEMs were recorded with a two-beam condition by systematically 
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exciting three g vectors: 10(a)-(b) g = 2̅00, 10(c)-(d) g = 11̅0 and 10(e) g = 11̅̅̅̅ 0, corresponding to 

the reflections in the [001]β zone axis.  A “+” sign indicates the point of reference in each 

BFTEMs.  The TEM observations indicated distinct slip bands dominating the deformed β-matrix 

(Figure 5-18(a), 5-18(c)), and trace analysis suggested that these bands lie on the {011}β planes 

(indicated with bold lines in Figure 5-18(a), 5-18(c)) – consistent with the EBSD observations, 

and also previously reported literature [22] [21].  Finer scale slip bands (indicated with dotted 

lines) were also noted, which crisscrossed the prominent bands and each other.  The imaging 

conditions utilized to record the BFTEMs further allowed us to visualize dislocations both within 

the deformation bands and between them.  As depicted in Figures 5-18(b), (d) and (e) - majority 

of the dislocations were concentrated within the slip bands, and comparatively fewer dislocations 

were observed in the β regions between such bands.   

An application of the g.b = 0 invisibility criteria using the three imaging g vectors (= 2̅00, 

11̅0 and 11̅̅̅̅ 0 in Figures 5-18(b), (d) and (e) respectively) indicated that Burgers vectors of the 

dislocations in the β-matrix (between the bands) were ½ [111̅] and ½ [11̅̅̅̅ 1]. The g.b analysis is 

listed in Table 5-4, and, we further emphasize that such an analysis valid only for viewing only 

screw dislocations [13] [14] [93]. The g.b = 0 invisibility criteria is further highlighted with the 

dotted ellipse in Figure 5-18(b), (d) and (e), where dislocations are visible in Figure 5-18(a) and 

(e) while invisible in Figure 5-18(d).  Interestingly, in Figure 5-18(b), the dotted ellipse indicated 

multi-planar slip on (110)β; presumably the early stages of deformation band formation. A closer 

examination of the dislocations structures outside the bands (exemplified in the inset of Figure 5-

18(e)) showed the presence of straight and bowed segments (arrows in the inset of Figure 5-18(e)). 
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Table 5-4: g.b invisibility criterion used to determine the operating slip system 

g 

b 

𝟏
𝟐⁄ [111] 𝟏

𝟐⁄ [�̅�11] 𝟏
𝟐⁄ [1�̅�1] 𝟏

𝟐⁄ [11�̅�] 𝟏
𝟐⁄ [𝟏𝟏̅̅̅̅ 1] 𝟏

𝟐⁄ [1𝟏𝟏̅̅̅̅ ] 𝟏
𝟐⁄ [�̅�1�̅�] 𝟏

𝟐⁄ [𝟏𝟏𝟏̅̅ ̅̅ ̅̅ ] 

[1�̅�0] 0 -1 1 0 0 1 -1 0 

[𝟏𝟏̅̅̅̅ 0] -1 0 0 -1 1 0 0 0 

[�̅�00] -1 1 -1 -1 1 -1 1 1 
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Figure 5-17: TEM analyses of β solutionized sample 
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5.3.1.2.2 Isothermal/Aged ω condition  

TEM based deformation analysis was also done on the sample which was aged for 100H. 

This was done in order to understand the tensile ductility noted in this condition, as it has generally 

been reported that the higher volume fraction of ω precipitates exhibit very poor strain to failure 

values [21] [22] [24]. Figure 5-19(a) shows the SEM image from which the TEM sample was 

obtained. The sample orientation was approximately 45o to stress axis (maximum CRSS is 

obtained here). A high magnification DFTEM image (inset shows the [110]β SADP from which 

the dark field image was obtained), shown in figure 5-19(b) shows the deformation band similar 

to the ones observed in the β-solutionized sample. Trace analysis performed here revealed the band 

to be along {112}β. High magnification image of the same region clearly shows the shearing of 

the ω precipitates taking place, leading to a small ω free channel. The dislocations when moving 

through the β matrix can either shear through the ω precipitates or by-pass them and as Gysler et 

al [21] reported the energy needed to by-pass is higher than the energy required to shear; which is 

consistent with the current study. The shearing of these ω precipitates and consequent formation 

of the ω free channels, indicating no dislocation pile-up, could account for the higher ductility 

values than generally reported for ω forming systems.  
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Figure 5-18: β solutionized +350 oC/100H sample :(a) SEM image showing the slip 

bands and the FIB lift-out (b) low magnification DFTEM image of the deformed sample 

taken using the four ω reflections (inset shows the SADP obtained along [110]β (c) 

higher magnification image showing the ω free channels. 
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5.3.2 Elevated Temperature Testing 

When tested at 300 °C, the specimens showed significant changes as compared to the room 

temperature test. Engineering stress vs. strain plots in Figure 5-20 shows the plastic-flow behavior 

at 300 °C of the two heat-treated conditions: (a) β-soln (b) β-soln + 350 °C/100H. The plots 

exhibited pronounced serrations consisting of repeated load-drop and rise (inset Figure 5-20) – a 

strong indicator of the PLC-like effect. These results demonstrate initial microstructures influence 

serrated plastic flow in β-21S at 300 °C and at 10− 5 s− 1 strain rate. 

  

 

Figure 5-19: Stress vs strain curves of β solutionized and β solutionized + 350 oC/100H samples 

tested at 300 oC 
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The initial optical microscope analysis, Figure 5-21, revealed only minor differences 

between the two conditions. The density of slip bands was higher in the β solutionized conditions 

as compared to the aged sample. This was also consistent with the room temperature observations; 

though both conditions showed much more extensive banding than the room temperature tests. 

Following this, electron microscopy was performed on these samples to understand the 

deformation in detail.  

  

500 mm

b

a

500 mm

b soln

b Soln + 350C/100H

Figure 5-20: Optical micrographs showing the deformation features of (a) β solutionized sample 

(b) β solutionized + 350 oC/100H samples 
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5.3.2.1 Scanning Electron Microscopy 

The SEM images for both conditions showed multiple slip bands (indicative of dislocation 

dominated plasticity). Similar to the room temperature test, in the case of β solutionized sample, 

some of the bands propagated through the grain boundary into the adjacent grains; for the aged 

sample, the bands were confided within the grains. The major difference though arises in the 

formation of “terraces” or ledges when two or more of the slip bands cross. This is much more 

prominent in the case of the aged sample (seen in the inset of Figure 5-22(b)). This is indicative of 

strain localization [92]. The SEM images shown here do not provide sufficient mechanistic 

understanding of the serrations observed in the stress-strain plots.  Consequently, the deformed 

microstructures of β-solutionized and the annealed were further examined in detail with TEM.  
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Figure 5-21: SEM images showing the deformation features of (a) β solutionized sample (b) β 

solutionized + 350 oC/100H samples 
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5.3.2.2 Transmission Electron Microscopy 

In order to obtain a mechanistic understanding of the PLC effect in the β-21S the 

microstructure of deformed (at 300 °C) specimens aged at 350 °C/100H (with high volume fraction 

of well-developed ellipsoidal ω precipitates) was examined in detail. 

TEM foils were plucked from inside a β grain, where the deformation bands are 

approximately at 45° with respect to the tensile axis (depicted in the SEM image in Figure 5-23(a)). 

The deformed microstructure, shown in the bright-field TEM (BFTEM) image in Figure 5-23(b), 

consisted of two regions – a large deformation band along {112}β with crosshatched marks (dotted 

circle in Figure 5-23(b)) and ones without those marks outside the deformation band (bottom-

right Figure 5-23(b)). 

  

Figure 5-22: (a) SEM image of a deformed β-solutionized + 350 °C/100 h specimen and the 

location of the TEM lift-out. (b) Low magnification BFTEM from the lift-out. (c) A magnified 

view of a region in “b” showing crosshatched bands and (d) micro-slip trace in deformed sample 
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A closer examination of the crosshatched marks (via BFTEM with g = -200]β near [011]β 

zone axis) revealed that such marks are micro-slip bands lying close to {011}β planes. Multiple 

variants of {011}β micro-slip bands, with very high dislocation density were seen within each 

deformation band suggesting that the extensive plastic flow was localized within the former, 

(Figure 5-23(c)). The BFTEM (g = [-1-10]β near [001]β zone axis) in Figure 5-23(d), consisted of 

micro-bands lying close to {011}β, and dislocation arrangements (arrow) depicting the early stages 

of the formation of micro-slip bands. Trace analysis indicated that the dislocations inside the 

micro-slip bands had Burgers vector ½<111>β.  

The deformed β-soln + 350 °C/100 h specimen which underwent extensive plastic flow 

(due to straining to failure) and several discontinuous yielding events was further investigated with 

the aim of identifying features which distinguish the microstructures outside and inside the 

deformation band (DB) regions. Fig 5-24 (a) and (b) compares the [011]β SADP recorded from 

the two regions using the same set of parameters, i.e. selected area aperture width, camera-length, 

condenser intensity and exposure time. This comparison shows that the intensity maxima at 1/3 

and 2/3[-21-1]β related to the ω phase, are significantly lower within the DB than outside DB, 

whereas the intensity maxima corresponding to 1/2[-21-1]β reflection appears to be significantly 

higher within the DB compared to that in the region outside. The differences in the intensities were 

also quantified in Figure 5-24(c), which suggested that the phase associated with  

1/2[-21-1]β reflection, matching{10 0}α reflection, is present in higher volume fraction inside 

DB. 
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Figure 5-23: Comparison of diffraction patterns from (a) outside and (b) inside a deformation 

band (DB), and (c) comparison of intensity profiles. DFTEM from (d) outside and (e) inside the 

DB. DFTEM examination of a region inside the deformation band by individually selecting 

reflections corresponding to (f) ω and (g) α phases in the [011]β SADP. Insets show [011]β 

SADP in the top-right of both “f” and “g” and [111]β SADP in the bottom left of “g”. 
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Precipitate distribution outside and inside the DB was further examined via DFTEM by 

selecting (dotted circles in Figure 5-24 (a) and (b)) all four ω reflections and the intensity maxima 

at ½[-21-1]β. The microstructure outside DB, Figure 5-24(d), contained large volume fraction of 

coarse (~ 50 nm long) ellipsoidal ω precipitates and in some rare instances α platelets. This 

microstructure is comparable to that of the pre-deformed condition (Figure 5-5(b)). In contrast, 

regions inside the DB (Figure 5-24(e)) contained fine scale α precipitates arranged in crosshatched 

features (indicated with dotted lines), α laths of varying size scales (ellipses), and a few ω 

precipitates. The significantly lower number density of ω precipitates inside DB compared to that 

outside DB (consistent with the [011]β SADP comparison presented earlier) points to the fact that 

the extensive plastic flow within the DBs has resulted in the “dissolution” of the ω precipitates. 

In some cases, ω precipitates with “segmented” appearance were also observed inside DB 

(Figure 5-24(e) inset), with fine scale precipitates forming the background. This feature was further 

examined in detail by individually selecting ω and 1/2[-21-1]β reflections (using the smallest 

objective aperture) from the [011]β SADP (circles in top-right insets in Figure 5-24 (f) and (g)), 

and recording the corresponding DFTEM images i.e. Figure 5-24 (f) and (g). Selection of  

1/3[-21-1]β illuminates only an elongated, irregular-shaped ω precipitate, while selecting  

1/2[-21-1]β highlights the fine-scale precipitates in crosshatched arrangement in Figure 5-24(f). 

The observation of such ω morphology (Figure 5-24(f)) is rather intriguing because it neither 

conforms to the typical ellipsoidal morphology as seen in section 5.2.2.1, nor does isothermal 

coarsening changes the ω morphology so drastically. Therefore it seems reasonable to assume that 

interaction with dislocations during plastic deformation may have contributed to the altered ω 

morphology. 
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Focusing on the fine-scale precipitates; typically the reflection at 1/2[-21-1]β of a [011]β 

SADP can be indexed as the {10-10} type reflection of hcp-α phase. The presence of α inside the 

DB was further confirmed by recording the [111]β SADP (bottom-left inset in Figure 5-24(g)) 

from the crosshatched region, exhibiting 1/2[-11-2]β reflections as expected from the Burgers OR. 

These observations indicate that the micro-slip bands (present as crosshatched regions) within the 

DB are decorated with predominantly α precipitates, and most of the fine ω precipitates have 

disappeared from these regions. 

In order to examine whether these fine-scale α precipitates are associated with any solute 

enrichment/depletion atom probe tomography was performed on specimens, which were extracted 

from the same DB as indicated in Figure 5-23(a). The atom probe reconstruction shown in Figure 

5-25(a), representing a small volume within the DB, shows ω precipitates delineated via a 3.5 at% 

Mo isoconcentration surface. A comparable region in the deformed microstructure is indicated 

inside a DFTEM in Figure 5-25(b). The region between the ω precipitate in Figure 5-25(a) was 

further subjected to cluster analysis, which revealed Al-rich clusters of about ~ 5–7 nm in diameter 

that matches the size scale of the fine α precipitates (Figures 5-24(g) and 5-25(b)). The average 

composition of these Al-rich clusters, determined from the APT analysis software was 58.7Al-

38.0Ti-2.4Mo-0.5Nb-0.2Si (at. %). While this composition is clearly not indicative of the 

composition of α precipitates, it presents experimental evidence of Al clustering within the DB. 

The microstructural evidence collected precisely from the deformation bands allowed us 

to construct a simple micromechanical description of the deformation process occurring during the 

observed serrated plastic flow. Schematics presented in Figure 5-25(d) sequentially depict 

different stages of successive stress drop and rise in the stress-strain plots. Examination of the 

deformed microstructures showed that the macroscopic deformation bands (DBs) consist of 
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several finer-scale {110}β micro- slip bands (Figure 5-23), within which fine ω particles are 

dissolved and coarse ones are segmented (Figure 5-24) at the onset of a stress drop. It is envisaged 

that a sudden stress drop occurs when, leading dislocations within a slip band create soft ω-free 

channels, making way for the movement of an avalanche of dislocations leading to localized plastic 

flow. In an appropriate temperature-strain rate regime, a dynamic precipitation process can pin 

some of the mobile dislocations and restore the hardness of the soft channels. With a drop in the 

mobile dislocation density there is a necessity for the stress to increase to maintain the imposed 

strain rate. The interplay of these two competing processes results in the appearance of serrated 

yielding (PLC like effect). In case of β-Ti alloys the rapid pinning of dislocations is possible by 

dynamic precipitation of one of the competing phases, α or ω, along the dislocation lines. 

Observation of α precipitates in the micro slip bands of deformed β-21s, exemplified in Figure 5-

24, demonstrates that the pinning of dislocations in the soft channels was not due to ω re-

precipitation, as was observed in Ti-15wt. %Mo. The presence of Al and a higher stability of 

the α phase in preference to ω appears to be responsible for the difference in the dislocation 

pinning mechanisms in β-21s and Ti-15wt. %Mo. Moreover, the α precipitation, due to higher 

transformation strains than ω, is expected to strongly interact with dislocation stress fields. 

Dislocation mediated α precipitation has been observed earlier, and theoretically examined by Dui 

et.al. via phase-field modeling. 

Results of the Atom Probe experiments have clearly shown that Al-rich clusters of sizes 

matching with that of α precipitates are present in the micro-slip bands. This suggests that 

enrichment of Al in such small regions has promoted α precipitation. A comparison of Al and Mo 

diffusion constants in β Ti phase at 300 °C shows that Al had a much higher diffusivity 

(diffusivities of Al and Mo are 5.15 * 10− 7 and 3.17 * 10− 11 μm2/s respectively) and can, 
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therefore, restore hardness of the soft channels relatively faster by α precipitation. For example, 

within the time frame of an individual serration (inset Figure 5-20), i.e. 500–1000 s, Al and Mo 

diffuses by 16–22 nm and 0.1–0.2 nm respectively at 300 °C, and the diffusion length of Al is 

either greater than or comparable to the size of observed α precipitates (Figure 5-24(e)). Since Al 

is a potent α stabilizer, it is expected that pipe diffusion of Al along such dislocation line will 

promote dynamic nucleation of α nucleation on dislocations; leading to the hardening of the prior 

soft channels and the observed load-rise.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5-24: (a) 3D reconstruction of APT tip, (b) a DFTEM of a comparable region, (c) Al-rich 

cluster present in the APT reconstruction, and (d) schematic of mechanism for load-drop and rise. 
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Summarizing, Portevin-Le Chatelier or PLC-like effect, i.e. serrated plastic flow in the 

tensile response at elevated temperatures, was observed in a commercially important β-stabilized 

β-21S Ti-alloy. The repeated load-drops during the discontinuous yielding process have been 

found to be associated with the sudden localized plastic flow within the deformation bands. TEM 

studies of the deformation bands have revealed extensive dislocation activity within the ω-free 

micro-slip-bands. The dynamic precipitation of α phase arrests the plastic flow in the ω-free 

channels. The interplay of these two competing processes results in the PLC-like effect. The 

present results demonstrate that precipitate-dislocation interactions can also manifest PLC-like 

effect. 

5.4 Conclusions 

This chapter describes the characteristics of ω phase in the commercial β-21S in terms of 

microstructure and mechanical behavior. The phase transformation has been investigated using 

scanning and transmission electron microscopy, and 3D atom probe tomography techniques. The 

structural and morphological evolution from the athermal/quenched ω followed by isothermal ω 

is studied in detail. Specifically, the following conclusions can be drawn: 

1. On quenching from above the β transus the presence of any athermal ω was not detected in 

the β matrix. The 3D APT results also did not reveal any compositional difference.  

2. The aging treatment at 350 oC for different time periods resulted in the growth of the ω 

precipitates. The structural growth was tracked using transmission electron microscopy 

wherein the ω precipitates grew from ~10-20nm to about ~40-50nm in size along the longer 

axis. 3D APT results showed compositional partitioning following the formation of the ω 

precipitates. The ω precipitates in both conditions rejected Mo, Nb, and Al.    
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3. Following this, the mechanical behavior of these microstructures, tested at room and elevated 

temperatures was discussed. Increase in the ω size resulted in an increase in the tensile 

strength, but the strain to failure was noted to go down.  

4. When tested at elevated temperature (300 °C), the commonly observed pattern in many alloys, 

i.e. increased ductility and lowering of UTS, was noted. The formation of ω–free channels and 

the possible dynamic precipitation of new second phase precipitates within these ω-free 

channels, could potentially account for the serrations observed in the stress-strain curves 

during elevated temperature testing. 
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CHAPTER 6  

EVOLUTION OF α PHASE/PRECIPITATES AND ITS INFLUENCE ON MECHANICAL 

PROPERTIES IN β-21S 

 

6.1 Introduction 

The mechanical properties of β-Ti alloys, like the strength, ductility, and fracture 

toughness, depend a lot on the microstructure of the alloys. The presence of the precipitate like the 

α phase play an important role in the same. The microstructure i.e. the size scale, morphology, 

volume fraction of the α phase is dependent on the prior thermomechanical treatments [33] [37] 

[101]. As these precipitates play such an important role in the mechanical behavior of these alloys, 

it is important to understand their formation and the factors affecting them. In the present study, 

the role of the precursor phases, namely the metastable ω, on the formation of α has been studied. 

A brief introduction of the previous literature on this area will be given first, followed by the 

experimental results and discussions.  

The metastable ω phase has been reported to play a role in the formation of fine scale α 

precipitation in these β-Ti alloys. It was reported by Pennock et al. and later by Ohmori et al that 

in the systems where there is a large misfit between the ω and β phases, α precipitates nucleate on 

ledges and misfit dislocations at ω/β interfaces [102] [103] [104]. More recently Zheng et al have 

also shown, with the help of more advanced characterization techniques, the role of cuboidal ω on 

the formation of α precipitation in Ti-20V systems [105].  As the as ω loses coherency with the β 

matrix on coarsening, these precipitates are believed to act as potent nucleation sites for α. In 

contrast, in systems exhibiting a lower mismatch between the ω and β phases, such as the Ti–Mo 

system, the ω precipitates exhibit a more spherical or ellipsoidal morphology and these precipitates 
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do not often act as nucleation sites for α on further aging of the alloy. Azimzadeh and Rack first 

proposed the theory that the α precipitates nucleate near, but at a certain distance from the ω/β 

interface in a Ti-6.8Mo-4.5Fe-1.5Al alloy [106]. The Al rejected from the ω phase aids in the 

formation of the α precipitates in the vicinity of the ω precipitates. Later on Prima et al [107] with 

the help of HRTEM showed α platelets nucleating within the core of the ω precipitates.  The next 

hypothesis was by Nag et al who showed that the ω to α transition occurs in Al-rich regions at ω/β 

interfaces via mixed-mode, and is based on observations in Ti-5553 alloy [25] [108]. Following 

this, recently, a lot of other researchers have also focused on understanding more clearly the role 

of ω on the fine scale α precipitation [28] [109] [110] [111] [112] [113] [114]. Zheng et al showed 

that the ω could play either a “direct” role or an “indirect” role on α precipitation in their recent 

publications [26] [27] [115]. As such, the present work tries to understand the role of ω, either 

direct or indirect, on the fine scale precipitation of α and to see if this could be done in a controlled 

manner.  

6.2 Microstructural Evolution 

To study the microstructural evolution, in terms of the ω influence, the following heat 

treatment schedules were used.  The heat treatments were based on the results obtained from the 

ω evolution studies, shown in Chapter 6.  

(i) the first step of aging was below the ω solvus, at 350 oC, followed by aging in the α/β 

phase field at 600 oC  

The temperature of 600 oC was chosen based of earlier literature published in the same 

alloy and also after a consultation with industry members [6] [116] [117]. The schematic is shown 

in Figure 6-1.  
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6.2.1 Heat Treatment Below the ω Solvus 

The starting condition for all the samples was β solutionizing, i.e. holding the sample above 

the β transus (at 900 oC) for 30 minutes and quenching it. The starting microstructure has already 

been shown in section 5.2.1. Following this the samples were aged at 350 oC for different time 

periods ranging from 0H to 150H. Figure 6.2 shows the microstructures after the first step of 

heating showing three major condition, i.e β solutionized, β solutionized + 350 oC/20H, and β 

solutionized + 350 oC/100H. Following this, the samples were then aged at 600 oC/1H.  
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Figure 6-1: Schematic showing the heat treatments done for studying the α formation 

Figure 6-2: Starting microstructure showing only the first stage of the duplex heating for the 

350 oC series (a) OH, (b)20H, (c) 100H 
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6.2.1.1 Scanning Electron Microscopy 

The result of heat-treating a sample in this manner with an isothermal hold of 1H is shown 

in Figure 6-3. As can be seen in this Figure 6-3(a), the scale of distribution is not very refined 

when compared to Figure 6-3(b-e) and appears to be very similar to that formed by high 

temperature-duplex-aging condition [6]. This could be due to a lack of influence of ω phase; which 

has also been previously observed in Ti-5553 [27]. Next, in comparison to the sample aged at 5H, 

the samples aged for 20H and 100H show not only a finer precipitate size, they also appear to have 

a higher number density per micron area. Also included as Figure 6-3(e) is the micrograph of the 

sample which was aged to 150H at 350 °C, followed by the 1H at 600 °C.  On first viewing there 

does not appear to be any difference between the samples aged to 20H and 100H, but on further 

inspection using MIPAR [118], an image processing technique, we’re able to calculate the 

difference in the values of number density and the equivalent diameter of all these samples. These 

will be further discussed in the relevant sections.  
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Figure 6-3: SEM micrographs showing the change in the α precipitation after the duplex aging 

after different holding times at 350 oC: (a)0h, (b)5H, (c)20H, (d)100H, (e)150H 
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6.2.1.2 Transmission Electron Microscopy 

Following the initial SEM work, the analysis on the α precipitates present in the case of  

350 oC/150H+600 oC/1H was difficult, owing to the extremely fine nature of these precipitates. 

TEM samples were then prepared via conventional methods as well as FIB lift-out.  The latter was 

done to get site specificity in the sample. While Figures 6-4(a-b) were obtained from Tecnai, 

HAADF-STEM images 6-4(c-d) were obtained from the TITAN.   

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 Figure 6-4: TEM images showing the fine scale α formed after the duplex aging (a) 

DFTEM image obtained along [110]β, (b) STEM image (c) & (d) HAADF-STEM obtained 

along [111] β showing the α/ β interface 
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The DFTEM image in Figure 6-4(a) was obtained by selecting the α reflections at ½[112] 

in the [110]β zone axis, which is shown as inset in this figure.  This DFTEM image (6-4(a)) and 

the STEM image shown in 6-4(b), give us an idea regarding the number density, and the size of 

these extremely fine α precipitates. From the STEM image it can be seen that the α laths are no 

more than ~70-100nm in length and less than ~20nm in thickness. Figure 6-4(c-d) shows HAADF-

STEM images obtained along [111]β, showing the broad face of the different α laths. From this, it 

can be seen that they seem to form a very coherent interface. This kind of coherency has also been 

previously shown in Ti-5553 alloy by Zheng et al [27].  

One interesting thing of note here is the presence of “triangular” α precipitates; highlighted 

in Figure 6-4(b). This has been of interest to researchers previously owing to the morphology, 

which could significantly better the mechanical properties [40] [117] [119]. According to Miyano 

et al [119], this is because the invariant lines of three different laths are not parallel with each other, 

and as they expand along each direction, the join together to form a triangular pyramid. To check 

for the same, and also to see the compositional change occurring in this condition, the sample was 

further investigated using 3D APT.  

6.2.1.3 3D Atom Probe Tomography 

The 3D reconstructions of the sample which was aged for 350 oC/150H +600 oC/1H are 

shown in Figure 6-5. The figure in 6-5(a) is shown using a Ti isosurface with the the Mo atoms 

represented in red and 6-5(b) shows the reconstruction made using just the raw ion maps of the 

Mo and Al. These have been chosen as they seem to partition the most between the α and the β 

phases. As can be seen, clear triangular morphology of the α precipitates is developing. It is not a 

single triangle, but three individual laths expanding and joining together. In the 2-d representation 

shown here, it is not possible to show the pyramidal nature of these precipitates and what is shown 



 

 

103 

 

is the open end side of the triangular pyramid which is closed on the other side. Figure 6-6, an 

illustration from Miyano et al [119], helps us understand this better. The importance of the 

triangular pyramidal α will be discussed more in terms of mechanical properties.  
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Figure 6-5: 3D APT reconstruction of the sample aged at 350 oC/150H+600 oC/1H (a) shown 

using Ti-isosurface (b)show using raw ion maps of Mo and Al 

Figure 6-6: Schematic diagram of three dimensional shape of triangular shaped 

α in form of an open pyramid [119] 
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Following this, a compositional analysis was done using a proximity histogram and is 

shown in Figure 6-7. The inset shows the 3-d reconstruction with a Ti iso-surface. As expected, 

while all the β stabilizing elements like Mo and Nb are rejected out of α phase, it is enriched in Al. 

This is in contrast to the β+ω microstructure where ω rejects even the Al.   

 

 

 

 

 

 

 

 

 

 

 

To summarize this section, while it is clear that ω plays a role on the formation of the α 

precipitates, it is not exactly clear if it plays a direct or an indirect role. To further confirm these, 

samples were heated above the ω solvus to check if the fine scale α was retained via a duplex aging 

method. This is discussed in the following section.  
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Figure 6-7: Proximity histogram obtained after heat treatment of 350 oC/150H +600 oC/1H: α 

phase is rich in Al and rejects other elements 
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6.3 Mechanical Properties 

The mechanical properties of the samples duplex aged (first step below the ω solvus) were 

examined by subjecting them to tensile quasi-static loading conditions (strain-rate ~10-3s-1 for 

room temperature). 

The tensile behavior of the five different heat-treated conditions of the β-21S alloy has 

been summarized in Figure 6-8. Figure 6-8(a) shows the true stress (vs) plastic strain, while 6-8(b) 

shows the change in values of UTS and strain to failure as a function of hold time at 350 oC.  It 

should be noted that for each heat treatment, 3 tensile samples were tested and Figure 6-8(a) shows 

the values closest to the average and 6-8(b) shows the average values of UTS and ductility.  As 

mentioned earlier, going from 0H-150H condition, not only was there an increase in the number 

density of the precipitates; these precipitates also seemed to get finer in size. As a result of this, 

the mechanical properties of these heat treatments also seemed to follow the particular trend. The 

heat treatment with lowest amount of α precipitates, shown in Figure 6-8(a), shows the lowest 

value of UTS,~1200MPa, but also has the highest strain to failure limit, ~10%. With an increasing 

time period, from 5H-100H, there was in increase in the UTS values, going from ~1320MPa for 

5H to as high as ~1810MPa for 150H. This sits well with the concept of precipitation hardening, 

wherein, the number density of the precipitates and their size scale play a role on the mechanical 

response of the alloys. The most important discovery for us regarding this heat treatment was the 

mechanical response which yielded a UTS value of ~1810MPa, the highest value ever recorded 

for a commercially available β titanium alloy. Figure 6-8(c) puts in comparison the UTS values of 

different β titanium alloys; Ti-185 (1690MPa) [114], Ti6246 (1580 MPa), Ti-15Mo-5Zr-3Al 

(1573MPa), Ti-13V-11Cr-3Al (1483MPa) [120] with respect to β-21S.  As can be seen the 

ultimate tensile strength value of 1810 MPa achieved by β-21S alloy after the two step aging is 
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higher than the ultimate strength of the strongest titanium alloys reported in literature [114]. The 

other important thing of note here is the grain size of these alloys. While most of the highly 

reported values of UTS had some amount of prior mechanical treatment, i.e. cold rolling, to reduce 

the grain size, no such effort was made here. This was done in order to preserve the ductility of 

the alloy as can be seen from the strain to failure values in Figure 6-8(b).  

In order to check the influence of the α precipitates on the mechanical response, the change 

in UTS with respect to the number density, Figure 6-9(c) and equivalent diameter, Figure 6-9(d) 

was plotted. Equivalent diameter here is defined as the diameter of a circle of equal volume as the 

irregularly shaped objects (α precipitates). Figure 6-9(a) and 4(b) are the MIPAR processed images 

of 0H and 100H respectively and the different colors indicate all the different precipitates present. 

In Figure 6-9(c), it can be clearly seen that there is an increase in the UTS value with an increase 

in the number density (per square micron) of the α precipitates. The 0H sample, with no prior 

aging, is an outlier with the precipitate density being about ~0.92 laths/square micron. With an 

increasing time period from 5H-100H, the number density also goes up from ~37 laths/square 

micron to ~46 laths/square micron. Conversely, the equivalent diameter decreases from ~0.56 

microns to 0.10 micron from 0H to 100H. Similar trends were observed when we calculated the 

values of area fraction and perimeter of the precipitates (not shown here).  
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Figure 6-8 Mechanical behavior of the β-21S sample after duplex aging (a) True stress vs true 

strain curve (b) Tensile strength and strain to failure as function of holding time (c) Comparison of 
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6.3.1 Scanning Electron Microscopy 

Following the mechanical testing, the extreme conditions were chosen for further 

deformation analysis to better understand the mechanical behavior. Deformation features in the β-

solutionized + 600 oC/1H condition after room temperature tensile testing are shown in the SEM 

image in Figure 6-11(a). Slip band formation was noted on the deformed surface and some of these 

bands seems to traverse along the grain boundaries.  Grain boundary fracture was also noted in 

some cases. This is not unexpected as grain boundary α present in this condition could act as a 

stress concentrated location. Due to the low amount of the α precipitates within the matrix itself, 

it shows the tendencies similar to a fully β microstructure. The fracture surface indicated a ductile 

fracture as can be seen with the dimpled nature of the surface. In contrast, the sample aged at 350 

oC/150H showed little to no amount of slip bands and only fractured at grain boundaries. This can 

again be explained by referencing to the high amount of grain boundary α present in the system. 

But unlike the 600 oC/1H condition, the duplex aging condition had a higher volume of α 

Figure 6-10: β-solutionized +600 oC/1H: (a) deformed surface (b) fracture surface 

0h (b soln + 600ºC/ 1Hr)

100 mm

a

100 mm

b
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precipitates in the matrix and as such the interior of the grains did not show much in terms of slip 

band formation.  

The fracture surface on the other hand showed almost a mixed mode. While most of the 

fracture surface showed dimples, some regions (pointed using arrows in Figure 6-12(b)) did show 

signs of cleavage fracture. These are probably the grain boundaries. Overall, the fracture surface 

does indicate a ductile mode of fracture, even though the strain to failure value was only noted to 

be ~5%.  
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a 350ºC/150H+ 600ºC/ 1Hr)

Figure 6-11 : 350 oC/150H +600 oC/1H: (a) deformed surface (b) fracture surface  
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6.3.2 Transmission Electron Microscopy 

While the SEM analysis did give us same basic insights regarding the deformation and 

fracture modes, to understand fully the deformation in a β+α microstructure, TEM analyses was 

also done. This was also done in order to justify the high values of strength observed in the case 

of 350 oC/150H +600 oC/1H condition. As such, this condition was chosen for further 

characterization. The sample was prepared using the same techniques used for the β+ω conditions 

mentioned in previous chapters.  

Figure 6-13 shows the BFTEM images at different magnifications obtained along the 

[011]β zone axis. As expected, owing the strain in the system, the sample was littered with 

dislocations. The interesting point of note here though is that the dislocation substructures could 

be clearly observed in both the α and β phases. The dislocation substructures have a noticeable 

effect on the cold workability of these β alloys; i.e. highly developed substructure leads to an 

improved cold workability [121]. It is however, at this stage, difficult to tell if the substructures 

were formed due to the mechanical testing or the prior heat treatments and further contrast 

experiments are required. 

Figure 6-12: BFTEM images of 350 oC/150H+600 oC/1H sample taken near [110]β zone axis 
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However, further analysis was done on this sample in order to check how the α precipitates 

reacted with the dislocations. The most important finding from the contrast experiments shown in 

the Figure 6-14 is that the dislocations do not shear through the α precipitates. This provides some 

justification to the high strength values which we observed in this condition. The other thing of 

note here is that the images 6-14 (b & d) were imaged along the g vector [0002] and from the initial 

assessment it could be seen that the α precipitates did not shown any <c+a> dislocations.  
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Figure 6-13: BFTEM images of the 350 oC/150H + 600 oC/1H taken near [011]β zone axis. 



 

 

113 

 

Finally, in order to determine the slip system within the α precipitates, contrast experiments 

involving different g vectors has been done. This is shown in the Figure 6-15. Contrast imaging 

was done along the six different g vectors [01-10], [10-11], [10-1-1], [-110-1], [1-210], and  

[-1101]. Following this, the g.b analysis shows the operating slip system in the α laths to 

be (1-100)[11-20].  

6.4 Conclusions 

This chapter describes the characteristics of α phase in the commercial β-21S in terms of 

microstructure and mechanical behavior. The phase transformation has been investigated using 

scanning and transmission electron microscopy, and 3D atom probe tomography techniques. The 

100 nm
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f

Figure 6-14: Contrast imaging of the 350 oC/150H +600 oC/1H along different g vectors to 

determine the operating slip system of alpha laths 
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formation of α with and without the role of ω is studied in detail. Specifically, the following 

conclusions can be drawn: 

1. The holding time below the ω solvus, in order to grow the ω precipitates (first step at 350 oC), 

seems to have a pronounced effect on the number density and the size scale of the α 

precipitates formed once they are aged in the β+α phase field. With an increase in the ω 

holding time, the size scale of the α precipitates reduces and their number density increases.  

2. Following this, the mechanical behavior of these microstructures, tested at room temperatures 

was discussed. The increase in the ω hold period lead to a significant refinement of the α 

precipitates which translated into the mechanical behavior.  An increase of almost ~600MPa 

in the UTS was obtained by changing the ω holding period from 0H to 150H.  

3. The fractography and deformation analysis was performed on these samples to justify the high 

strength values obtained via fine scale α precipitation. SEM and TEM analysis reveals a strong 

case of precipitation hardening model being followed in these samples. For the first time ever, 

3D APT findings revealed the open based pyramidal morphology of the triangular α 

precipitates. The high density and the extreme fine scale nature of the α precipitates, the 

constrained volume of the β matrix within the pyramidal α, and the difficulty in shearing of 

the α precipitates by the dislocations account for the exceptionally high strength.  
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CHAPTER 7 

CONCLUSIONS AND FUTURE WORK 

The primary goal of this dissertation was to understand the growth and evolution of the 

precipitates formed in the β-Ti alloys. The majority of the study was focused on the metastable ω 

phase and the stable α phase. Following this, the influence of the aforementioned precipitates on 

the mechanical behavior of the β-Ti alloys has also been studied. As such, this chapter provides a 

basic summary of the key findings of the present dissertation. Based on the findings, some relevant 

future work will also be discussed at the end. 

7.1 Conclusions 

7.1.1 Omega Phase Ti- 12wt. %Mo 

The presence of athermal ω was detected in the β matrix up on quenching from above the 

β transus and these precipitates were less than 10nm in size. From the 3D APT results, it was 

established that they are compositionally similar to the β matrix. The aging treatment at 475 oC for 

different time periods resulted in the growth of the ω precipitates. The structural growth of these 

precipitates was tracked using transmission electron microscopy wherein they grew from ~35-

40nm to about 80-100nm in size along the longer axis. 3D APT results showed compositional 

partitioning following the formation of the ω precipitates. The ω precipitates in both conditions 

rejected Mo.   

Following this, the mechanical behavior of these microstructures, tested at room and 

elevated temperatures, was discussed. Combined TWIN & TRIP effects were shown in the β 

solutionized sample, while the aged sample deformed via slip. Change in deformation mode from 

twin to slip was noted in the room temperature tests due to the isothermal annealing treatment. 
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This was attributed to the change in the β phase stability (composition) which occurred during the 

annealing, due to substantial rejection of Mo from the growing ω precipitates. When tested at 

elevated temperature (300 °C), while the β-solutionized plus annealed samples follow the 

commonly observed pattern in many alloys; i.e. increased ductility and lowering of UTS, only the 

β-solutionized specimens showed a reduction in ductility. This has been attributed to the 

suppression of enhanced plasticity and strain-hardening induced by TWIP and TRIP effects, 

observed in room temperature testing, during elevated temperature testing. The formation of ω–

free channels and the possible dynamic precipitation of new second phase precipitates within these 

ω-free channels, could potentially account for the serrations observed in the stress-strain curves 

during elevated temperature testing. 

7.1.2 Omega Phase in β-21S 

Compared to Ti-12wt. %Mo, β-21S is more β stabilized, owing to the increased amount of 

Mo and the presence of Nb. In terms of Mo equivalency it can be equated to Ti-13.5wt. %Mo and 

the small difference in the Mo concentration leads to a multitude of changes both in terms of the 

evolution of the ω phase and the mechanical behavior.  

On quenching from above the β transus, the presence of any athermal ω was not detected 

in the β matrix. The 3D APT results also did not reveal any compositional difference. The aging 

treatment at 350 oC for different time periods resulted in the growth of the ω precipitates. The 

structural growth was tracked using transmission electron microscopy wherein the ω precipitates 

grew from ~10-20nm to about ~40-50nm in size along the longer axis. 3D APT results showed 

compositional partitioning following the formation of the ω precipitates. The ω precipitates in both 

conditions rejected Mo, Nb, and Al.    
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Following this, the mechanical behavior of these microstructures, tested at room and 

elevated temperatures, was discussed. Increase in the ω size resulted in an increase in the tensile 

strength, but the strain to failure was noted to go down. When tested at elevated temperature 

(300 °C), the commonly observed pattern in many alloys; i.e. increased ductility and lowering of 

UTS was noted. The formation of ω–free channels and the possible dynamic precipitation of new 

second phase precipitates within these ω-free channels, could potentially account for the serrations 

observed in the stress-strain curves during elevated temperature testing. In comparison to Ti-12wt. 

%Mo, the serrated flow observed in the β-21S is due to the dynamic precipitation of the α phase. 

7.1.3 Alpha Phase in β-21S  

The final part of the dissertation is focused on the influence of the aforementioned ω phase 

on the precipitation of fine scale α. Following the initial holding time at 350 oC, for the growth of 

ω, the sample was then aged in the α+β phase field to precipitate α. The results from this section 

of the thesis are as follows: 

The holding time below the ω solvus, in order to grow the ω precipitates (first step at 350 

oC), seems to have a pronounced effect on the number density and the size scale of the α 

precipitates formed once they are aged in the β+α phase field. With an increase in the ω holding 

time, the size scale of the α precipitates reduced and their number density goes up.  

Following this, the mechanical behavior of these microstructures, tested at room 

temperatures was discussed. The increase in the ω hold period lead to a significant refinement of 

the α precipitates which translated into the mechanical behavior.  An increase of almost ~600MPa 

in the UTS was obtained by changing the ω holding period from 0H to 150H.  The fractography 

and deformation analysis was performed on these samples to justify the high strength values 

obtained via fine scale α precipitation. SEM and TEM analysis reveals a strong case of 



 

 

118 

 

precipitation hardening model being followed in these samples. For the first time ever, 3D APT 

findings revealed the open based pyramidal morphology of the triangular α precipitates. The high 

density and the extreme fine scale nature of the α precipitates, the constrained volume of the β 

matrix within the pyramidal α, and the difficulty in shearing of the α precipitates by the dislocations 

account for the exceptional high strength. 

7.2 Future Work 

Based on the results and discussions, there are still a few questions which need to be 

answered: 

1. Can a controlled growth of ω phase be achieved in the β matrix so as to achieve a good 

combination of strength and ductility? 

2. Using the alloy design methods based on Bo-Md diagrams, can α phase be precipitated and 

used to strengthen the alloy while maintaining ductility via TWIN/TRIP effects. 

3. Complete the study on Ti-12wt. %Mo to fully comprehend the TWIN/TRIP effects 

observed in the β solutionized case and also to compare the interaction of ω & twin vs. ω 

& slip. 

4. While it has been established that ω does play a role on the formation of α precipitation, it 

is not yet clear if it plays a “direct” or an “indirect” role. A thorough study with controlled 

heat treatments and advanced characterization techniques is to be done.  
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